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PREFACE 


This  proceedings  volume  is  the  permanent  record  of  the  Materials  Research 
Society  symposium  entitled  "Gan  and  Related  Alloys,"  held  Hovember  30- 
December  4,  1998,  at  the  MRS  Fall  Meeting  in  Boston,  Massachusetts.  The 
symposium  covered  the  full  spectrum  of  activity  in  the  QaN  and  related  materials 
arena.  These  semiconductors  are  finding  applications  in  full-color  displays,  high- 
density  information  storage,  white  lighting  for  indoor  or  backlit  displays,  solar- 
blind  UV  detectors,  high-power/high-temperature  electronics,  and  for  covert 
undersea  communications.  The  symposium  contained  a  plenary  session  with  talks 
on  laser  diodes,  electronic  devices,  substrates,  etching,  contacts,  and 
piezoelectric  and  pyroelectric  properties.  This  was  followed  by  sessions  on  laser 
diodes  and  spectroscopy;  conventional  growth  and  characterization;  epitaxial 
lateral  overgrowth  and  selective  growth;  theory,  defects,  transport,  and 
bandstructure;  surfaces,  theory,  and  processing;  LEDs,  UV  detectors,  and  optical 
properties;  electronic  devices  and  processing;  quantum  dots;  novel  growth, 
doping,  and  processing;  and  finally,  rare-earth  doping  and  optical  emission.  One 
highlight  was  a  panel  discussion  involving  a  report  on  high-temperature 
electronics  in  Japan  and  the  U.S.,  conducted  by  a  panel  including  university  and 
government  scientists  (V.  Dmitriev,  P.  Chow,  S.  DenBaars,  M.  Shur,  E.R.  Brown, 
J.C.  Zolper,  C.W.  Litton,  and  J.M.  Zavada). 

The  progress  in  laser  diodes  was  highlighted  shortly  after  the  Meeting  by  the 
announcement  of  commercialization  of  this  technology,  and  progress  was 
reported  in  the  growth  of  thick  layers  on  patterned  substrates  by  various 
methods,  leading  to  lower  overall  defect  concentrations  and  improved  current- 
voltage  and  reliability  characteristics.  The  rapidly  increasing  market  for  blue/green 
LEDs  was  noted  by  the  entry  of  a  number  of  new  companies  into  the  field.  While 
these  emitter  technologies  continue  to  be  dominated  by  MOCVD  material,  there 
were  exciting  reports  of  UV  detectors  and  HFET  structures  grown  by  MBE  with 
device  performance  at  least  as  good  as  by  MOCVD.  The  understanding  of  carrier 
confinement  mechanisms  in  lasers  and  LEDs  continues  to  mature,  and  there  is  a 
much  clearer  picture  of  the  effects  of  both  defects  and  residual  impurities  such  as 
H,  C,  and  O. 

This  extremely  well-attended  symposium  was  the  largest  in  this  MRS  series. 
Special  mention  should  be  made  of  the  pre-symposium  tutorial  taught  by 
Prof.  M.  Shur,  which  again  broke  all  previous  attendance  records  for  MRS.  The 
two  poster  sessions  were  also  a  source  of  information  exchange,  and  proved  very 
popular  with  attendees. 


Stephen  J.  Pearton 
Chihping  P.  Kuo 
Alan  F.  Wright 
Takeshi  Uenoyama 


December  1998 
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ABSTRACT 

InGaN  quantum-well-structure  blue  LEDs  were  grown  on  epitaxially  laterally  overgrown 
GaN  (ELOG)  and  sapphire  substrates.  The  output  power  of  both  LEDs  was  as  high  as  6  mW  at  a 
current  of  20  mA.  The  LED  on  sapphire  had  a  considerable  amount  of  leakage  current  in 
comparison  with  that  on  ELOG.  These  results  indicate  that  In  composition  fluctuation  is  not 
caused  by  threading  dislocations  (TDs),  free  carriers  are  captured  by  radiative  recombination 
centers  before  they  are  captured  by  nonradiative  recombination  centers  in  InGaN,  and  that  the 
dislocations  form  the  leakage  current  pathway  in  InGaN.  Red  LED  with  an  emission  peak 
wavelength  of  650  nm  was  fabricated  by  increasing  the  In  composition  and  thickness  of  InGaN 
well  layer.  When  the  laser  diodes  (LD)  was  formed  on  the  GaN  layer  above  the  Si02  mask 

region,  the  threshold  current  density  was  as  low  as  3  kAcm-2.  When  the  LD  was  formed  on  the 
window  region,  the  threshold  current  density  was  as  high  as  6  to  9  kAcm-2.  There  is  a  possibility 
that  a  leakage  current  due  to  a  large  number  of  TDs  caused  the  high  threshold  current  density  on 
the  window  region.  InGaN  multi-quantum-well  (MQW)  structure  LDs  grown  on  the  ELOG 
substrate  showed  an  output  power  as  high  as  420  mW  under  RT-CW  operation.  The  longest 
lifetime  of  9,800  hours  at  a  constant  output  power  of  2  mW  was  achieved.  The  InGaN  MQW 
LDs  were  fabricated  on  a  GaN  substrate.  The  fundamental  transverse  mode  was  observed  up  to 
an  output  power  of  80  mW. 

INTRODUCTION 

All  of  III-V  nitride-based  light-emitting  diodes  (LEDs)  [1-3]  and  laser  diodes  (LDs)  [4,5] 
use  an  InGaN  active  layer  instead  of  a  GaN  active  layer  because  of  the  difficulty  in  fabricating 
highly  efficient  light-emitting  devices  using  a  GaN  active  layer.  Highly  efficient 
UV/blue/green/amber  InGaN  quantum-well  structure  LEDs  have  been  fabricated  directly  on  a 
sapphire  substrate  in  spite  of  a  high  dislocation  density  of  1-10  x  10^^  cm'^  originating  from  a 
large  lattice  mismatch  between  GaN  and  the  sapphire  substrate  [1-3]. Due  to  the  high  efficiency 
of  the  LEDs  grown  on  the  sapphire  substrates,  the  dislocations  in  InGaN  do  not  appear  to  work  as 
a  nonradiative  recombination  center  [6].  Epitaxially  laterally  overgrown  GaN  (ELOG)  on 
sapphire  was  developed  recently  to  reduce  the  number  of  threading  dislocations  in  the  GaN 
epitaxial  layers  [7,8].  Using  the  ELOG,  the  number  of  threading  dislocations  was  reduced 
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significantly  in  the  GaN  grown  on  the  Si02  mask.  Thus,  there  is  a  great  interest  in  fabricating 
LEDs  and  LDs  using  the  ELOG  substrate  which  has  a  small  number  of  dislocations  in  order  to 
study  the  role  of  the  dislocations  in  the  InGaN-based  LEDs  and  LDs.  For  the  study,  blue  InGaN 
single-quantum-well  (SQW)  structure  LEDs  were  fabricated  on  the  ELOG  and  sapphire 
substrates  [9].  The  LDs  were  formed  on  the  Si02  mask  and  window  regions  of  the  ELOG 

substrate  [10].  Also,  the  LD  was  grown  on  the  free-standing  GaN  substrate  which  was  obtained 
by  removing  the  sapphire  substrate  after  growing  a  thick  ELOG  substrate  [11].  In  addition, 
present  performance  of  InGaN-based  LEDs  and  LDs  are  described. 

BLUE  LEDs  ON  ELOG  AND  SAPPHIRE  SUBSTRATES 

Selective  growth  of  GaN  was  performed  on  a  2-jjm-thick  GaN  layer  grown  on  a  (0001)  C- 
face  sapphire  substrate.  The  O.l-pm-thick  silicon  dioxide  (Si02)  mask  was  patterned  to  form  3- 

jum-wide  stripe  windows  with  a  periodicity  of  9  pm  in  the  GaN  <1-100>  direction.  Following  the 
7-pm-thick  GaN  growth  on  the  Si02  mask  pattern,  the  coalescence  of  the  selectively  grown  GaN 

enabled  the  achievement  of  a  flat  GaN  surface  over  the  entire  substrate.  This  coalesced  GaN  was 
designated  the  ELOG.  We  examined  the  defect  density  by  plan-view  transmission  electron 
microscopy  (TEM)  observations  of  the  ELOG  substrates. 

Figure  1  shows  plan-view  TEM  image  of  the  surface  of  the  ELOG  substrate  with  a  thickness 
of  7  pm.  The  number  of  threading  dislocations  (TDs)  on  the  Si02  mask  area  was  lower  than 

1x10®  cm'2,  and  that  on  the  window  area  was  approximately  3x10^  cm'^.  The  TD  density  of 
conventional  GaN  which  was  grown  directly  on  the  sapphire  substrate  without  the  ELOG  was  of 
the  order  of  IxlO'®  cm'^  [6],  the  number  of  the  TDs  was  reduced  considerably  when  the  ELOG 
substrate  was  used.  After  obtaining  a  15-pm-thick  ELOG  substrate,  an  InGaN  SQW  blue  LED 
structure  was  grown  on  the  substrate  in  order  to  study  a  role  of  the  dislocations.  The  LED 
structure  was  already  described  previously  [9].  The  characteristics  of  the  LEDs  were  measured 
under  a  direct  current  (DC)  at  room  temperature.  For  a  comparison,  blue  LED  with  the  same 
structure  was  also  fabricated  directly  on  the  sapphire  substrate  without  the  ELOG. 

Figure  2  shows  a  photograph  of  real  LED  on  ELOG  under  a  forward  current  of  3  mA.  This 
photograph  was  taken  using  a  microscope.  The  size  of  each  LED  chip  is  as  large  as  350  pm  x  350 
pm.  Each  LED  chip  includes  many  window  and  Si02  stripe  regions  periodically.  No 

inhomgeneties  of  blue  emission  intensity  over  the  entire  surface  of  the  p-type  transparent  Ohmic 
contact  layer  was  observed.  Thus,  it  is  concluded  that  a  large  number  of  TDs  of  3x10^  cm'^  on 
the  widow  region  do  not  serve  to  decrease  the  efficiency  of  the  LEDs.  The  ELOG  and  GaN  on 
sapphire  had  average  TD  densities  of  IxlO'^  cm'^  and  1x10^^  cm'^,  respectively.  Here,  average 
TD  density  of  the  ELOG  on  sapphire  was  obtained  by  dividing  the  TD  density  of  3x10^  cm'^  on 
the  window  region  by  the  ratio  of  (stripe  periodicity  of  9  pm)/  (window  width  of  3  pm)  because 
the  TD  density  on  the  Si02  stripe  region  was  lower  than  1x10®  cm'^,  as  shown  in  Fig.  1 . 


Fig.  1 .  Plan-view  TEM  image  of  the  surface  of  the  ELOG  substrate  with  a  thickness  of  7  |im. 

The  output  power  of  both  LEDs  at  a  current  of  20  mA  was  6  mW,  which  is  equal  to  the 
external  quantum  efficiency  of  11  %.  In  spite  of  a  large  number  of  dislocations,  the  LED  on 
sapphire  had  the  same  output  power  as  that  on  ELOG.  Thus,  the  dislocation  seems  not  to  work  as 
nonradiative  recombination  centers  in  the  InGaN  active  layer.  If  the  TDs  work  as  nonradiative 
recombination  centers,  the  output  power  of  the  LED  on  ELOG  have  to  be  much  higher  than  that 
on  sapphire  due  to  a  small  number  of  average  TD  density. 


Fig.  2.  Photograph  of  blue  InGaN  SQW  LED  on  ELOG  under  a  forward  current  of  3  mA. 
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Fig.  3,  Emission  spectra  of  blue  InGaN  SQW  LED  grown  on  ELOG  substrate  at  various  forward 
currents. 

Figure  3  shows  the  emission  spectra  of  the  blue  InGaN  SQW  LEDs  on  ELOG  at  forward 
currents  from  0.1  mA  to  20  mA.  At  a  current  of  20  mA,  the  peak  wavelength  and  the  full-width  at 
half  maximum  (FWHM)  of  the  emission  spectra  of  the  LED  on  ELOG  were  470  nm  and  27  nm, 
respectively,  and  those  on  sapphire  were  464  nm  and  26  nm,  respectively.  The  peak  wavelength  of 
the  LED  on  ELOG  is  somewhat  longer  than  that  on  sapphire  probably  due  to  a  growth  fluctuation. 
There  is  no  significant  difference  between  in  the  spectra  of  both  LEDs.  The  broad  spectral  width  is 
mainly  due  to  an  In  composition  fluctuation  in  the  InGaN  well  layer  [12-14].  This  means  that  the 
size  of  the  fluctuation  is  the  same  in  both  LEDs  in  spite  of  a  large  difference  in  the  dislocation 
density.  Thus,  the  In  composition  fluctuations  are  not  related  to  the  dislocations.  In  the  spectra,  the 
blueshift  is  easily  observed  due  to  a  band-filling  effect  of  the  deep  localized  energy  states.  The 
blue  LED  on  sapphire  also  showed  the  same  blueshift  with  increasing  the  forward  current.  We 
measured  the  absorption  spectra  and  electroluminescence  (EL)  of  blue/green  InGaN  SQW  LEDs 
grown  on  sapphire  substrate  in  previous  studies  [12-14].  The  entire  EL  appeared  at  the  lower 
energy  tail  of  the  absorption  spectra.  The  EL  of  blue  and  green  LEDs  originated  from  the  carrier 
recombination  at  the  deep  localized  energy  states  with  a  localization  energy  of  290  meV  and  570 
meV,  respectively.  The  blueshift  of  the  EL  of  the  green  SQW  LEDs  with  increasing  forward 
current  was  due  to  a  band-filling  effect  of  the  localized  energy  states.  Both  LEDs  showed  the  same 
peak  wavelength  dependence  on  the  current,  which  implies  the  same  blueshifts.  Thus,  the  TDs  are 
not  directly  related  to  the  formation  of  the  localized  energy  states.  These  localized  states  are 
probably  formed  by  the  In  composition  fluctuation  in  the  InGaN  well  layer  due  to  a  natural  phase 


separation  of  InGaN  during  growth.  Therefore,  assuming  that  the  localized  states  are  formed  by 
the  In  composition  fluctuation  in  the  InGaN  well  layer,  the  TD  related  composition  fluctuation  is 
eliminated  because  the  TD  density  of  the  epilayer  on  the  ELOG  is  relatively  small. 
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Fig.  4. 1-V  characteristics  of  blue  InGaN  SQW  LEDs  grown  on  ELOG  and  on  sapphire  substrates 
under  reverse  biased  conditions. 

Thus,  the  localization  induced  by  the  In  composition  fluctuations  seem  to  be  a  key  role  of 
the  high  efficiency  of  the  InGaN-based  blue  LEDs.  When  the  electrons  and  holes  are  injected  into 
the  InGaN  active  layer  of  the  LEDs,  these  carriers  are  captured  by  the  localized  energy  states 
before  they  are  captured  by  the  nonradiative  recombination  centers  caused  by  the  large  number  of 
TDs  [15].  It  was  reported  that  the  TDs  served  as  a  nonradiative  recombination  center  in  GaN  and 
InGaN  [16,17].  These  localized  energy  states  can  be  formed  only  in  InGaN  films  during  the 
growth  due  to  a  phase  separation  of  the  InGaN.  Assuming  that  the  lateral  spacing  of  the  effective 
bandgap  (potential)  minimum  due  to  the  In  composition  determines  the  carrier  diffusion  length  in 
InGaN,  the  diffusion  length  was  estimated  to  be  less  than  60  nm  from  the  spatially  resolved  CL 
spectrum  mapping  measurement  [18].  It  was  also  concluded  that  the  efficiency  of  light  emission 
was  high  as  long  as  the  minority  carrier  diffusion  length  was  shorter  than  the  dislocation  spacing 
[18].  Considering  about  these  previous  results,  the  carrier  diffusion  length  determined  by  the 
potential  fluctuation  due  to  InGaN  phase  separation  must  be  less  than  the  TD  spacing  in  the 
InGaN  layer  in  order  to  obtain  high-efficient  InGaN-based  LEDs. 

Figure  4  shows  the  reverse  biased  I-V  characteristics  of  both  LEDs.  At  a  reverse  bias 
voltage  of  -20  V,  the  reverse  current  of  the  LED  on  the  ELOG  was  0.009  pA,  and  that  on 
sapphire  was  1  pA.  Under  the  reverse  biased  condition,  the  LED  on  sapphire  had  a  considerable 


amount  of  leakage  current.  This  leakage  current  is  probably  caused  by  the  TDs  because  the  LEDs 
on  sapphire  have  a  considerable  amount  of  leakage  current  and  many  TDs  [19]. 

InGaN-BASED  RED  LEDs 

We  also  fabricated  red  InGaN  SQW  LEDs  by  increasing  the  In  composition  and  thickness 
of  InGaN  well  layers  in  the  above  LED  structure.  The  In  composition  and  thickness  of  the  InGaN 
well  layer  were  changed  to  approximately  50  %  and  40 A,  respectively.  Here,  the  In  composition 
was  determined  assuming  that  the  bowing  parameter  of  InGaN  was  1  eV  [20].  However,  recent 
studies  revealed  that  the  bowing  parameter  of  InGaN  is  much  higher  than  1  eV  [21,22].  In  that 
case,  the  In  content  in  the  InGaN  layer  should  be  much  smaller  than  the  above  values.  The  LED 
structure  was  grown  directly  on  a  sapphire  substrate  without  ELOG.  Figure  5  shows  the  emission 
spectrum  of  red  InGaN  SQW  LED  at  a  forward  current  of  5  mA.  The  peak  wavelength  is  650  nm 
(1.91  eV),  which  peak  emission  energy  is  almost  equivalent  to  a  band-gap  energy  of  InN.  When 
the  current  was  changed  from  5  mA  to  80  mA,  a  large  blueshift  of  the  peak  wavelength  was 
observed  from  650  nm  to  580  nm.  Because  of  low  symmetry,  the  wurtzite  system  such  as  InGaN- 
based  materials,  displays  pyroelectric  and  piezoelectric  behavior  [23-26].  The  macroscopic 
polarization  in  the  material  comprising  the  active  region  of  the  SQW  or  MQW  structure  gives  rise 
to  a  net  electric  field  perpendicular  to  the  plane  of  the  well.  This  field,  if  strong  enough,  will 
induce  a  spatial  separation  of  the  electron  and  hole  wave  functions  in  the  well.  As  the  charge 
density  becomes  concentrated  near  the  walls  of  the  well,  the  wave  function  overlap  decreases  and 
the  interband  recombination  rate  decrease  (the  quantum-confined  Stark  effect  (QCSE)).  The 
blueshift  of  the  electroluminecence  (EL)  of  the  InGaN  SQW  LEDs  with  increasing  operating 
current  can  be  explained  by  the  QCSE  resulting  from  piezoelectric  fields  [26],  when  the  In 
composition  and  thickness  of  the  InGaN  well  layer  are  large.  However,  a  higher  efficiency  of  the 
LEDs  with  increasing  strain  in  the  SQW  upon  increasing  the  In  content  in  the  InGaN  well  layers, 
was  observed  from  UV  to  green  LEDs  [1,2,5].  These  phenomena  cannot  be  explained  by  only  the 
QCSE.  It  may  be  that  the  localization  effects  induced  by  composition  fluctuations  must  overcome 
these  intrinsic  limitations  due  to  the  piezoelectric  field.  Considering  about  previous  works,  the 
emission  wavelength  of  the  red  LED  dependence  on  the  current  (blueshift)  is  mainly  dominated 
by  the  screening  effects  of  the  QCSE  due  to  the  large  In  composition  and  thickness  of  the  InGaN 
well  layer. 

VIOLET  LDs  GROWN  ON  ELOG  SUBSTRATES 

The  LDs  with  an  InGaN  MQW/GaN/AlGaN  separate  confinement  heterostructure  (SCH) 
was  grown  on  above-mentioned  ELOG  substrate.  To  grow  the  thick  AlGaN  cladding  layer  with  a 
high  A1  content  required  for  optical  confinement  without  any  cracks,  GaN/AlGaN  modulation 
doped  strained-layer  superlattices  (MD-SLSs)  within  the  range  of  critical  thickness  instead  of 


Fig.  5.  Emission  spectrum  of  red  InGaN  SQW  LED  grown  on  sapphire  substrate. 

thick  AlGaN  layers  were  used  as  cladding  layers  [10,11].  The  LD  structure  was  grown  on  the 
ELOG  substrate  with  a  thickness  of  15  pm.  The  InGaN  MQW  LD  device  consisted  of  a  3-pm- 
thick  layer  of  n-type  GaN:Si,  a  0.1-pm-thick  layer  of  n-type  Ino  iGao.gNiSi,  a 
AIq  i4Gao  ggN/GaN  MD-SLS  cladding  layer  consisting  of  120  25 -A- thick  undoped  GaN 
separated  by  25-A-thick  Si-doped  AIq  ]4Gao  layers,  a  0.1-pm-thick  layer  of  Si-doped  GaN, 
an  Ino  isGao  g5N/InQ02Gao9gN  MQW  structure  consisting  of  four  35-A-thick  Si-doped 
InQ  i5GaQg5N  well  layers  forming  a  gain  medium  separated  by  105-A-thick  Si-doped 
11^0.02^^.98^  barrier  layers,  a  200-A-thick  layer  of  p-type  Alo.2Gao.gN:Mg,  a  0.1-pm-thick  layer 
of  Mg-doped  GaN,  a  AIq  i4GaQ  ggN/GaN  MD-SLS  cladding  layer  consisting  of  240  25-A-thick 
undoped  GaN  separated  by  25-A-thick  Mg-doped  AIq  hGuq  g6N  layers,  and  a  0.05-pm-thick 
layer  of  p-type  GaN:Mg.  The  0.1-pm-thick  n-type  and  p-type  GaN  layers  were  light-guiding 
layers.  The  n-type  and  p-type  Alo,i4Gao.g6N/GaN  MD-SLS  layers  acted  as  cladding  layers  for 
confinement  of  the  carriers  and  the  light  emitted  from  the  active  region  of  the  InGaN  MQW 
structure.  The  structure  of  the  ridge-geometry  InGaN  MQW  LD  was  almost  the  same  as  that 
described  previously  [5,10,11].  First,  the  surface  of  the  p-type  GaN  layer  was  partially  etched 
until  the  n-type  GaN  layer  and  the  p-type  AIq  i4Gao  g6N/GaN  MD-SLS  cladding  layer  were 
exposed,  in  order  to  form  a  ridge-geometry  LD.  The  laser  cavity  was  formed  parallel  to  the 
direction  of  the  Si02  stripe.  A  mirror  facet  was  formed  by  dry  etching,  as  reported  previously  [5]. 

High-reflection  facet  coatings  (90  %)  consisting  of  2  pairs  of  quarter-wave  Ti02/Si02  dielectric 
multilayers  were  used  to  reduce  the  threshold  current.  A  Ni/Au  contact  was  evaporated  onto  the 


p-type  GaN  layer,  and  a  Ti/Al  contact  was  evaporated  onto  the  n-type  GaN  layer.  The  electrical 
characteristics  of  the  LDs  fabricated  in  this  way  were  measured  under  a  direct  current  (DC).  The 
strueture  of  the  LD  is  shown  in  Fig.  6. 
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Fig.  6.  Structure  of  the  InGaN  MQW-structure  LDs  with  MD-SLS  cladding  layers  grown  on  the 
FLOG  substrate. 

The  ridge-geometry  LDs  were  formed  on  the  GaN  layer  above  the  Si02  region  with  low 

TDs  of  lower  than  1x10^  cm'^  and  the  window  region  with  a  high  TD  density  of  3x10^  cm'^.  The 
V-I  characteristics  and  the  light  output  power  per  coated  facet  of  the  LD  with  a  cavity  length  of 
450  pm  and  a  ridge  width  of  4  pm  as  a  function  of  the  forward  DC  current  (L-I)  at  RT  were 
measured.  When  the  LD  was  formed  on  the  GaN  layer  above  the  Si02  mask  region  with  low 
TDs,  the  threshold  current  was  53  mA,  which  corresponded  to  a  threshold  current  density  of  3 
kAcm-2.  When  the  LD  was  formed  on  the  window  region  with  the  high  TD  density,  the  LD  had  a 
threshold  current  density  of  6  to  9  kAcm-2,  which  was  much  higher  than  that  of  the  LD  formed 
on  the  Si02  mask.  The  higher  threshold  current  density  is  probably  caused  by  the  large  number  of 

TD  density  of  3x10^  cm'^  at  the  window  region.  It  was  confirmed  that  the  dislocation  served  as  a 
leakage  current  pathway  in  InGaN  as  shown  in  Fig.  4.  Thus,  there  is  a  possibility  that  a  leakage 
current  due  to  a  large  number  of  TDs  caused  the  high  threshold  current  density  on  the  window 
region.  Further  studies  are  required  to  determine  the  exact  reasons  of  the  high  threshold  current 
density  caused  by  TDs. 

Figure  7  shows  the  results  of  a  lifetime  test  for  CW-operated  LDs  formed  on  the  GaN  layer 
above  the  Si02  mask  region  carried  out  at  20°C,  in  which  the  operating  current  is  shown  as  a 
function  of  time  under  a  constant  output  power  of  2  mW  per  facet  controlled  using  an  autopower 
controller  (APC).  The  LDs  is  survived  9,800  hours  of  operation.  The  LDs  formed  on  the  window 
region  showed  the  lifetimes  of  1 ,000-3,000  hours  due  to  the  high  threshold  current  density  of  6  to 
9  kAcm"^.  The  emission  spectra  of  the  LDs  were  measured  under  RT-CW  operation  at  currents 
of  50  and  60  mA,  as  shown  in  Fig.  8.  At  a  current  of  50  mA,  longitudinal  modes  with  a  mode 


separation  of  0.04  nm  due  to  the  cavity  were  observed.  At  a  current  of  60  mA,  a  single-mode 
emission  was  observed  at  an  emission  wavelength  of  396.6  nm. 


Fig.  7.  Operating  current  as  a  function  of  time  under  a  constant  output  power  of  2  mW  per 
facet  controlled  using  an  autopower  controller.  The  InGaN  MQW  LDs  with  MD-SLS  cladding 
layers  grown  on  the  ELOG  substrate  were  operated  under  DC  at  20°C. 

High-power  LDs  were  also  fabricated  on  the  ELOG  substrate.  After  obtaining  a  20-pm- 
thick  ELOG  substrate,  the  InGaN  MQW  LD  structure  was  grown  on  the  surface.  The  InGaN 
MQW  LD  structure  was  the  same  as  described  in  Fig.  6  except  for  the  active  layer.  The  InGaN 
MQW  structure  was  changed  to  an  Ino.i5Gao.85N/Ino.o2Gao,98N  MQW  structure  consisting  of 
two  40-A-thick  undoped  Ino.isGao  85N  well  layers  forming  a  gain  medium  separated  by  100- A- 
thick  Si-doped  Ino.o2G3o.98^  barrier  layers.  The  area  of  the  ridge-geometry  LD  was  3  |jm  x  450 
pm.  A  laser  cavity  was  formed  by  cleaving  the  facets  along  {1-100}  of  the  LD  grown  on  the 
ELOG  substrate  after  polishing  the  sapphire  substrate  to  70  pm.  A  facet  coating  (90  %) 
consisting  of  2  pairs  of  quarter-wave  Ti02/Si02  dielectric  multilayers  was  formed  on  one  side  of 
the  facet.  The  output  power  of  the  LD  was  measured  from  the  other  side  of  uncoated  facet. 

Figure  9  shows  the  V-I  characteristics  and  the  light  output  power  per  uncoated  cleaved 
facet  of  the  LD  grown  on  the  ELOG  substrate  with  a  number  of  well  of  2  as  a  function  of  the 
forward  DC  current  (L-I)  at  RT.  No  stimulated  emission  was  observed  up  to  a  threshold  current 
of  40  mA,  which  corresponds  to  a  threshold  current  density  of  3  kA/cm^.  The  slope  efficiency 
was  as  high  as  1.2  W/A  per  facet  because  the  output  power  was  measured  from  the  uncoated 
cleaved  mirror  facet  having  low  reflectivity.  The  differential  quantum  efficiency  per  facet  was  39 
%.  The  output  power  of  the  LDs  was  as  high  as  420  mW  at  an  operating  current  of  490  mA.  This 
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Fig.  8.  Laser  emission  spectra  measured  under  RT  CW  operation  with  currents  of  50  mA  and  60 
mA. 

output  power  is  the  highest  ever  reported  for  III-V  nitride-based  LDs  under  RT-CW  operation.  At 
an  output  power  of  100  mW,  a  kink  was  observed  in  the  L-I  curve  because  the  transverse  mode 
change  occurred  at  an  output  power  of  100  mW.  The  emission  spectra  of  the  LDs  were  measured 
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Fig.  9.  Typical  L-I  and  V-I  characteristics  of  InGaN  MQW  LDs  measured  under  CW  operation  at 
RT. 


under  RT-CW  operation  at  output  powers  of  10  mW  and  30  mW.  At  output  powers  of  10  mW 
and  30  mW,  stimulated  emission  was  observed  at  wavelengths  of  around  408.2  and  408.8  nm, 
respectively.  The  lifetime  test  of  the  high-power  LD  was  carried  out  at  an  ambient  temperature  of 
50“C  and  a  constant  output  power  of  30  mW  controlled  using  the  APC.  The  initial  operating 
current  was  as  high  as  100  mA  due  to  the  high-temperature  operation.  A  small  increase  in  the 
operating  current  was  observed  with  increasing  operation  time.  After  250  hours  of  operation,  the 
operating  current  increases  dramatically.  Thus,  the  lifetime  of  the  LD  was  250  hours. 

LDs  GROWN  ON  GaN  SUBSTRATES 

After  obtaining  a  20-|im-thick  ELOG  substrate,  the  wafer  was  removed  from  the  MOCVD 
reactor.  Next,  GaN  growth  was  carried  out  using  a  conventional  hydride  vapor  phase  epitaxy 
(HVPE)  system  using  a  horizontal  quartz  reactor  because  the  growth  rate  of  GaN  is  much  higher 
when  using  the  HVPE  method.  Undoped  GaN  growth  was  continued  up  to  200  pm.  Then,  the 
sapphire  substrate  was  removed  by  polishing,  in  order  to  obtain  a  pure  GaN  substrate  with  a 
thickness  of  approximately  150  pm.  Then,  the  InGaN  MQW  LD  structure  was  grown  on  the 
surface  of  the  150-pm-thick  GaN  substrate  by  MOCVD.  The  InGaN  MQW  LD  structure  was  the 
same  as  described  in  Fig.  6  except  for  the  active  layer.  The  InGaN  MQW  structure  was  changed 
to  an  Ino.l5^^.85N/Ino.o2G^.98N  MQW  structure  consisting  of  two  40- A- thick  undoped 
I%l5Gao.85N  well  layers  forming  a  gain  medium  separated  by  100-A-thick  Si-doped 
Ino.02Gao.98N  barrier  layers.  The  area  of  the  ridge-geometry  LD  was  3  pm  x  400  pm.  A  laser 
cavity  was  formed  by  cleaving  the  facets  along  { 1-100}  of  the  LD  grown  on  the  GaN  substrate.  A 
facet  coating  (90  %)  consisting  of  2  pairs  of  quarter-wave  Ti02/Si02  dielectric  multilayers  was 
formed  on  one  facet.  The  output  power  of  the  LD  was  measured  from  another  uncoated  facet. 

Figure  10  shows  the  V-I  characteristics  and  the  light  output  power  per  uncoated  cleaved 
facet  of  the  LD  grown  on  the  GaN  substrate  as  a  function  of  the  forward  DC  current  (L-I)  at  RT. 
No  stimulated  emission  was  observed  up  to  a  threshold  current  of  80  mA,  which  corresponds  to  a 
threshold  current  density  of  7  kA/cm^.  The  slope  efficiency  was  as  high  as  0.8  W/A  per  facet 
because  the  output  power  was  measured  from  the  uncoated  cleaved  mirror  facet  having  low 
reflectivity.  The  differential  quantum  efficiency  per  facet  was  26  %.  The  output  power  of  the  LDs 
was  as  high  as  160  mW  at  an  operating  current  of  300  mA.  At  an  output  power  of  80  mW,  a  kink 
was  observed  in  the  L-I  curve  because  the  transverse  mode  change  occurred  at  an  output  power 
of  80  mW. 

Figure  1 1  shows  near-field  patterns  (NFP)  of  the  LDs  taken  by  a  charge-coupled  device 
(CCD)  camera  through  the  optical  microscope  at  output  powers  of  70  mW  and  100  mW.  The 
fundamental  transverse  mode  was  observed  below  the  output  power  of  80  mW,  as  shown  in  Fig. 
1 1(a).  With  increasing  output  power  above  80  mW,  the  first-order  transverse  mode  appeared,  as 
shown  in  Fig.  11(b).  This  transverse  mode  change  at  an  output  power  of  80  mW  caused  the 
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Fig.  10,  Typical  L-I  and  V-I  characteristics  of  InGaN  MQW  LDs  grown  on  GaN  substrate 
measured  under  CW  operation  at  RT. 

kink  in  the  L-I  curve.  In  order  to  suppress  the  change,  we  must  control  the  transverse  mode  to  be 
a  fundamental  mode,  by  further  narrowing  the  ridge  width. 

The  emission  spectra  of  the  LDs  were  measured  under  RT-CW  operation  at  output  powers 
of  3  mW,  10  mW  and  40  mW.  At  an  output  power  of  3  mW,  longitudinal  modes  with  many  sharp 
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Fig.  1 1 .  Near-field  pattern  of  InGaN  MQW  LDs  at  output  powers  of  (a)  70  mW  and  (b)  100  mW 
under  RT-CW  operation.  X  and  Y  directions  are  parallel  and  perpendicular  to  the 
junction  of  the  LD,  respectively. 

peaks  due  to  a  cavity  with  a  length  of  400  pm,  were  observed.  At  output  powers  of  10  mW  and 
40  mW,  multimode  emission  was  observed  at  wavelengths  of  around  410.5  and  411.3  nm, 
respectively.  The  lifetime  test  was  performed  under  CW-operation  at  an  ambient  temperature  of 
50°C  and  a  constant  output  power  of  5  mW  controlled  using  the  APC.  The  initial  operating 


current  was  as  high  as  160  mA  due  to  the  high-temperature  operation.  After  180  hours  of 
operation,  the  operating  current  increased  dramatically.  The  lifetime  was  about  1 80  hours  due  to 
a  high  threshold  current  density  of  14  kAcm-2. 

CONCLUSIONS 

InGaN  quantum-well-structure  blue  LEDs  were  grown  on  ELOG  and  sapphire  substrates. 
The  LED  on  sapphire  had  a  considerable  amount  of  leakage  current  in  comparison  with  that  on 
ELOG.  These  results  indicate  that  In  composition  fluctuation  is  not  caused  by  TDs,  free  carriers 
are  captured  by  radiative  recombination  centers  before  they  are  captured  by  nonradiative 
recombination  centers  in  InGaN,  and  that  the  dislocations  form  the  leakage  current  pathway  in 
InGaN.  Red  LED  with  an  emission  peak  wavelength  of  650  nm  was  fabricated  by  increasing  the 
In  composition  and  thickness  of  InGaN  well  layer.  When  the  LD  was  formed  on  the  GaN  layer 
above  the  Si02  mask  region,  the  threshold  current  density  was  as  low  as  3  kAcm'^.  When  the  LD 

was  formed  on  the  window  region,  the  threshold  current  density  was  as  high  as  6  to  9  kAcm'2. 
There  is  a  possibility  that  a  leakage  current  due  to  a  large  number  of  TDs  caused  the  high 
threshold  current  density  .  The  longest  lifetime  of  9,800  hours  at  a  constant  output  power  of  2 
mW  was  achieved.  InGaN  MQW  LDs  were  fabricated  on  a  GaN  substrate  grown  by  HVPE.  The 
fundamental  transverse  mode  was  observed  up  to  an  output  power  of  80  mW.  These  results 
indicate  an  imminent  commercialization  of  the  LDs  in  the  near  future. 
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Abstract 

Wide  bandgap  nitride  semiconductors  have  recently  attracted  a  great  level  of  attention  owing  to 
their  direct  bandgaps  in  the  visible  to  ultraviolet  regions  of  the  spectrum  as  emitters  and 
detectors.  However,  this  material  system  with  its  favorable  heterojunctions  and  transport 
properties  began  to  produce  very  respectable  power  levels  in  microwave  amplifiers.  If  and  when 
the  breakdown  fields  achieved  experimentally  approaches  the  predicted  values,  this  material 
system  may  also  be  very  attractive  for  switching  power  devices.  In  addition  to  the  premature 
breakdown,  a  number  of  scientific  challenges  remain  including  a  clear  experimental  investigation 
of  polarization  effects.  In  this  paper,  transport  properties  as  pertained  to  electronic  devices  and 
potential  switching  devices,  and  polarization  effects  will  be  treated. 

Introduction: 

Gallium  nitride  and  its  alloys  with  InN  and  AIN  are  important  semiconductor  materials  with 
applications  to  emitters  and  detectors  (visible  to  UV  range)  and  high  power/temperature 
electronics. The  production  of  commercial  blue,  green  and  yellow  nitride  LEDs, 
demonstration  of  CW  injection  lasers  and  UV  detectors  are  truly  extraordinary.’*'®  The  large 
intrinsic  dielectric  breakdown  fields,  good  thermal  conductivity,  and  favorable  transport 
properties  make  nitride  semiconductors  desirable  for  high  power  electronic  devices.'®  For 
example,  modulation  doped  FETs  with  a  record  power  density  of  6  W/mm  have  been  reported  at 
10  GHz." 

Being  non-centro-symmetric,  nitrides  exhibit  large  piezoelectric  effects  when  under  stress  along 
the  c  direction.  What  is  not  as  appreciated  is  the  spontaneous  polarization  at  heterointerfaces 
caused  by  the  ionicity  and  uniaxial  nature  of  the  wurtzite.  Polarization  causes  a  sizable  red  shift 
(Stark  Effect)  in  transition  energies  in  InGaN/GaN  and  AlGaN/GaN''*''^  '®  '"  quantum  wells. 
Polarization  and  pyroelectric  effects  due  to  heterointerfaces  in  an  ionic  crystal,  misfit  and  thermal 
strain,  anisotropy,  and  temperature  gradients  have  important  ramifications  in  electronic  devices, 
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particulary  in  modulation  doped  FETs.  For  example,  electric  field  caused  by  polarization  effects 
can  increase  or  decrease  interfacial  free  carrier  concentrations.  As  in  the  case  of  quantum  wells, 
the  literature  interpretation  of  polarization  effects  in  devices  has  so  far  been  lumped  into 
piezoelectric  effects.'*'”. 

Despite  highly  imperfect  material,  device  performance  in  both  emitters/detectors,  and  the 
microwave  amplifiers  has  been  truly  outstanding.  If  the  defects  causing  premature  breakdown 
were  reduced/eliminated,  one  would  wonder  whether  it  would  be  wrong  at  all  to  attempt  to 
develop  power/switching  devices  with  large  hold  voltages  and  current  handling  capabilities.  In 
this  paper,  performance  advantages  of  nitrides  in  vertical  high  power  devices  will  be  visited 
along  with  the  topical  topic  of  polarization  issues. 

Transport  Properties  as  Pertained  to  Electronic  Devices 

Transport  properties  of,  namely  n-type,  GaN  and  to  some  extent  its  related  binaries  and  alloys 
have  been  calculated  and  experimentally  investigated.  There  are  a  few  noteworthy  features, 
among  which  are  the  high  peak  and  saturation  electron  velocity  in  GaN  that  does  not  degrade 
with  doping,  and  temperature  nearly  as  much  when  compared  to  conventional  compound 
semiconductors.  Likewise,  the  low  field  mobility  does  not  degrade  with  field  as  fast  due  to  the 
large  LO  phonon  energy.  Very  intriguing  are  the  measured  low  field  mobilities  in  modulation 
doped  structures  which  are  nearly  twice  as  large  as  the  predicted  polar  optical  phonon  limited 
mobility  at  room  temperature.  The  optimistic  view  could  be  that  certain  scattering  mechanisms 
are  mitigated  in  such  structures  and  that  the  bulk  low  field  mobility  in  GaN  at  room  temperature 
could  be  as  high  as  some  2000  cm^V  's  '.  If  so,  this  would  pave  the  way  for  much  coveted  very 
low  power  loss  in  GaN  based  amplifiers  and  switches.  Also  important  are  transport  properties  at 
low  temperatures.  The  low  temperature  electron  mobility  in  modulation  doped  structures  is 
above  7,000  cmVs  '  s,  and  the  electron  velocity  increases  which  provide  basis  for  a  compelling 
argument  that  cooled  GaN  based  devices  utilizing  electron  transport  should  be  capable  of 
offering  much  enhanced  performance.  Whether  to  cool  or  not  to  cool  a  given  semiconductor 
device  must  be  decided  following  an  overall  powcr/size  optimization  scheme  of  all  the 
components  that  include  the  power  supplies,  supporting  circuitry,  and  heat  dissipation  related 
hardware.  Such  optimization  schemes  often  lead  to  suggestions  that  the  system  should  be  cooled 
to  a  certain  temperature  which  bode  well  for  GaN  based  modulation  doped  FETs. 

Figures  of  merit  for  general  power  switching  applications  have  been  examined  and  it  has  been 
shown  that  power  devices  in  wide  energy  bandgap  materials  provide  several  orders  of  magnitude 
improvement  in  power-handling  capability^".  Compared  to  Si,  calculations  for  ideal  GaN  show 
that  GaN  offers  more  than  two  orders  of  magnitude  improvement  in  electrical  conductivity  per 
unit  area  (a^),  and  nearly  a  factor  of  10  improvement  in  maximum  power  switching  frequency 
(fj^ax)-  Calculations  have  also  been  performed  to  determine  thermal  runaway  limitations  and 
results  show  that  a  SiC  or  a  GaN  PN  junction  diode  can  sustain  6X  higher  junction  temperature 
rise  compared  to  a  silicon  diode  before  catastrophic  burnout  occurs  which  shows  potential  for 
device  operation  above  600°C.  Calculations  have  been  performed  to  estimate  performance 
improvements  for  SiC  and  GaN  Schottky  rectifiers.  These  results  indicate  that  nearly  a  five-fold 
reduction  in  Vp  can  be  expected  for  200-V  SiC  and  GaN  Schottky  rectifiers  operating  at  a  current 


density  of  lOOA/cm^.  Above  200V,  silicon  Schottky  rectifiers  are  impractical  because  of  high 
Vp  and  increased  surface  leakage  currents.  These  results  suggest  the  feasibility  of  fabricating 
high  performance  SiC  and  GaN  Schottky  rectifiers  with  Vgj)  >  5000V.  In  addition,  for  identical 
current-handling  capability,  SiC  and  GaN  devices  are  expected  to  be  an  order  of  magnitude 
smaller  in  die  size,  thus  offsetting  any  increase  in  wafer  processing  cost. 

Heterojunction  bipolar  transistors  based  on  nitride  semiconductors  are  beginning  to  receive  a 
good  deal  of  attention  for  high  power/switching  applications.  Arguments  used  above  for 
rectifiers  also  apply  for  HBTs  as  the  requirements  for  the  collector  region  of  an  HBT  are  similar 
to  those  for  rectifiers  and  switches.  For  example,  for  a  given  breakdown  voltage,  the  GaN  drift 
region  can  be  either  much  thinner  and/or  doped  much  higher  as  compared  to  other 
semiconductors  with  smaller  breakdown  strengths  (about  a  factor  30  compared  to  Si ).  This 
would  result  in  low  on  resistances,  and  shorter  transit  times  (nearly  by  two  orders  of  magnitude 
as  compared  to  Si),  both  of  which  are  very  much  desirable.  However,  the  caveat  here  is  that  GaN 
and  related  semiconductors  have  not  yet  demonstrates  their  intrinsic  breakdown  strengths, 
exhibiting  instead  premature  breakdown.  Here  as  well  as  above,  the  discussion  is  based  on 
intrinsic  breakdown  strengths  which  is  justifiable  for  prediction  purposes  and  expecting  natural 
advances  in  the  technology  of  these  materials  that  occur  with  time. 

Polarization  Effects 

As  alluded  to  earlier,  observations  support  the  presence  of  electric  field  in  GaN-based 
heterostructures.  The  genesis  is  two  fold:  piezoelectric  effects  and  the  difference  in  spontaneous 
polarization  between  AlGaN  and  GaN  even  in  the  absence  of  strain.  Spontaneous  polarization 
was  only  recently  fully  understood,  see  King-Smith  and  Vanderbilt^’,  Resta’’^  and  Bemardini  and 
Fiorentini^l  Nitrides  lack  inversion  symmetry  and  exhibit  piezoelectric  effects  when  strained 
along  [0001].  Piezoelectric  coefficients  are  almost  an  order  of  magnitude  larger  than  in 
traditional  III-V,  see  Ref.  24,  as  shown  in  the  table  below.  In  addition,  wurtzite  GaN  has  a 
unique  axis,  thus  allowing  spontaneous  polarization  (P^  whose  values  are  given  below)  even  in 
the  absence  of  strain.  This  manifests  itself  as  polarization  charge  at  hetero-interfaces. 


AIN 

GaN 

InN 

e33(C/m^) 

1.46 

0.73 

0.97 

e3.  (C/m^) 

-0.60 

-0.49 

-0.57 

P„(C/m^) 

-0.081 

-0.029 

-0.032 

[e3,-(C,/C33)e33]  (C/m^) 

-0.86 

-0.68 

-0.90 

Note  that  these  are  all  in  CIvci  and  that  lC/m^=  6.25*10'''  dcm 

Let  us  compare  the  relative  importance  of  spontaneous  polarization  to  piezoelectric  polarization. 
For  a  biaxially  strained  layer  the  effective  piezoelectric  polarization  is  given  by 


[e„-(C3,/C33)e33]ci 


(1) 


Where  £±  is  the  in-plane  strain  and  C31  and  C,,  are  elastic  constants.  The  numerical  values 

for  [e3,-(C3,/C„)e33]  are  listed  in  the  above  table  using  the  values  for  elastic  constants  from  Kim  et 
al.^^  and  piezoelectric  and  spontaneous  polarization  data  from  Bemardini  et  al.  For  Al^Ga, 
pseudomorphically  strained  on  a  relaxed  GaN  substrate,  the  strain  81  is  expected  to  be 
proportional  to  x  and  given  by  8i=2x(ay^^f^-a^i^,N)/a^i(3,^,  which  is  0.0495a'  (using  3.1 12  A  for  AIN 
c-plane  lattice  constant  and  3. 1 89  A  for  GaN  c-plane  lattice  constant,  here  x  is  in  the  range  of  0  - 
1  and  depicts  the  AIN  mole  fraction  in  the  alloy)  and  is  tensile.  The  piezoelectric  polarization  is 

then  -4.26a  *10'^  C  /cm^  or  2.66x  *10'^  e/cm^  and  points  in  the  [0001]  direction.  The 
corresponding  difference  in  .spontaneous  polarization  between  Al^Ga,  ^N  and  GaN  is  also 
expected  to  be  proportional  to  x  and  is  given  by  AP''^"=  -0.052a  (C/m^)  or  3.25x  *  lO'^  e  /cml 
Note  that  the  two  polarization  effects  have  the  same  sign  for  Ga  polarity  and  tensile  strain  in  the 

alloy  and  point  in  the  [0001]  direction.  For  an  In^Ga,  ,N  layer,  the  situation  is  rather  different  in 
that  the  differential  spontaneous  polarization  between  In^Ga,  ^N  and  GaN  is  much  smaller, 
AP*i^"=-0.003a  which  translates  to  1.88x  *10'^  e  /cml  Furthermore,  the  In^Ga,  ,N  layer  on  GaN 
would  be  under  compressive  stress  8i=-0.195a  using  3. 533 A  and  3.189  A  fore-plane  lattice 
constants  for  InN  and  GaN.  Here  a  is  in  the  range  of  0  -1  and  depicts  the  InN  mole  fraction,  and 
P”'"  0.176a  or  1.1  A*  10'“  e/cm\  For  an  InN  mole  fraction  of  0.15,  1.65*10”  e/cml 

Here  the  piezoelectric  polarization  dominates  and  is  opposite  in  direction  but  even  larger  in 
absolute  magnitude.  In  the  AlGaN  case,  the  sign  of  the  polarization  is  such  that  it  produces  a 
potential  energy  for  electrons  sloping  down  from  the  Ga  face  towards  the  N  face.  Here  Ga  and  N 
faces  correspond  to  polarities  where  the  bonds  (single)  along  the  c-directions  are  from  Ga  cations 
to  N  anions,  and  N  anions  to  Ga  cations,  respectively. 

For  a  discussion  of  polarity  as  opposed  to  surface  termination  and  definitions  of  Ga  face,  N  face, 
see  Heilman^®.  Thus  for  a  structure  with  Ga  polarity,  the  potential  will  slope  down  from  the 
AlGaN  surface  towards  the  AlGaN/GaN  interface  and  will  help  to  drive  free  electrons  towards 
the  interface  forming  a  2DEG  For  example,  if  there  is  an  Ohmic  metal  contact  on  the  AlGaN 
surface,  electrons  will  flow  towards  the  2DEG  below  that  layer.  The  most  favorable  situation  for 
enhancing  sheet  carrier  concentration  would  occur  for  an  InGaN  (under  compressive  .strain) 
quantum  well  on  top  of  a  relaxed  n-GaN  and  below  a  AlGaN  barrier  (under  tensile  strain)  with 
the  entire  structure  having  cation  (Ga)  polarity.  In  that  case,  the  field  will  slope  down  towards 
the  InGaN/AlGaN  interface  in  the  quantum  well  and  will  help  localize  the  carriers  in  the  2DEG. 
Note  that  the  piezoelectric  polarizations  estimated  here  are  based  on  the  theoretical  values  for 
perfectly  insulating  material.  The  field  will  be  screened  by  the  carriers  present  in  each  layer.  For 
example,  if  carriers  flow  from  a  metal  contact  towards  the  2DEG,  then  this  will  set  up  a 
counteracting  field.  The  equilibrium  self-consistent  field  is  ultimately  determined  by  the 
requirement  that  the  chemical  potential  for  electrons  (i.e.  the  Fermi  level)  must  be  constant 
throughout  the  structure  and  thus  depends  on  the  doping  and  band  bending  in  the  substrate  and 
possibly  in  each  of  the  layers.  At  the  least,  one  may  expect  these  fields  will  be  reduced  by  a 
factor  corresponding  to  the  macroscopic  dielectric  constant,  i.e.  a  factor  of  order  10  but  possibly 
larger  if  the  layers  acquire  conductivity  by  free  carriers.  So,  a  more  realistic  expectation  for  the 
effects  on  sheet  carrier  concentration  is  of  order  10"-10'^e/cm^ 


In  traditional  device  structures  lacking  polarization  effects  and  for  a  uniform  dopant 
concentration  one  obtains  parabolically  varying  potentials  with  distance,  whereas  here  there  are 
linear  terms  due  to  the  polarization  on  top  of  the  parabolic  terms.  These  linear  terms  lead  to 
variations  of  the  potential  over  a  shorter  distance  scale  determined  by  the  thickness  of  the  layers 
whereas  the  parabolic  terms  correspond  to  the  space-charge  regions.  Thus  the  linear  terms  may 
help  to  localize  carriers  if  the  polarity  of  the  structure  is  chosen  properly.  Some  further  words  of 
caution  about  the  above  estimates  are  needed.  If  the  AlGaN  layers  are  not  pseudomorphic  but 
partially  relaxed  (by  misfit  dislocations  for  example),  then  the  piezoelectric  effect  would  be 
reduced  but  the  spontaneous  polarization  would  not.  If  the  interfaces  are  not  atomically  sharp  but 
exhibit  a  certain  degree  of  interdiffusion  then  the  differences  in  spontaneous  polarization  would 
be  reduced  as  well  if  such  grading  occurs  over  a  large  thickness.  Finally,  if  domains  with 
inverted  polarity  exist  then  the  overall  polarization  effects  may  be  washed  out.  Also  note  that  in  a 
inverted  structure  with  N  polarity  towards  the  surface,  it  may  be  possible  to  create  a  2DHG  (hole- 
gas)  at  the  AlGaN/substrate  GaN  interface,  but  if  a  n-type  GaN  layer  is  placed  on  top,  a  2DEG 
may  form  on  top  of  the  AlGaN  layer. 

Anisotropy  in  wide  bandgap  semiconductors  is  expected  to  cause  thermal  stimulus  and  thermal 
gradients.  The  latter  is  quite  likely  in  devices  where  the  junction  temperatures  are  high  against  a 
relatively  cool  bulk.  In  such  a  case,  the  thermally  induced  electric  field,  pyroelectric  effect, 
would  be  present  with  effects  similar  to  those  described  above.^’  This  phenomenon  has  not  been 
studied  in  detail  in  nitride  semiconductors.  Contrary  to  this  lack  of  attention,  the  electric  field 
generated  by  thermal  gradients,  occurs  readily  in  power  devices,  is  comparable  to  the  fields 
caused  by  applied  voltages  in  nitride  based  FET  like  devices. 

Polarization  Effects  in  Device  Like-Structures 

While  physics  appears  to  be  converging,  reports  on  FETs  appear  to  suggest  that  free  carriers  can 
be  provided  by  polarization  and  that  the  experimental  results  agree  with  theory.^®'^’  Results 
obtained  in  our  laboratory,  in  conjunction  with  band  discontinuities,  with  respect  to  polarization 
effects  point  to  the  importance  of  spontaneous  polarization  ordering  of  the  barrier  layer  with 
respect  to  the  smaller  bandgap  material,  and  polarization  in  general.®”  The  polarization  charge 
can  be  screened  by  to  weakly  bound  and  free  carriers  present  in  the  system  which  may  aid  or 
hamper  device  effort.  The  complicating  factor  in  nitrides  is  the  lack  of  polarity  control,  Ga  or  N 
polarity,  and  lack  of  uniform  polarity  meaning  presence  of  inversion  domains. 

As  a  result  of  polarization,  the  static  potential  at  the  GaN/AlN  interface  is  different  from  that  at 
the  AlN/GaN  interface  giving  rise  to  interface  charge  larger  than  the  charge  densities  used  in 
devices.  A  substantial  level  of  effort  has  been  expended  toward  determining  band 
discontinuities,  but  the  field  is  in  desperate  need  of  more  in  depth  investigations  in  improved 
structures.  The  observed  asymmetry  in  AlN/GaN  and  GaN/AlN  interfaces  caused  by  spontaneous 
polarization  is  within  the  experimental  errors  of  Martin  et  al.  Inversion  domains  combined  with 
any  strain  in  nitride  based  films  lead  to  flipping  PE  fields  with  untold  adverse  effects  on  our 
ability  to  characterize  the  films  let  alone  exploit  this  phenomenon  for  devices.  Such  flipping  field 
would  also  cause  much  increased  scattering  of  carrier  as  they  traverse  in  the  c-plane.  Simply  put, 
identical  device  structures  with  different  polarity  layers  would  have  widely  differing  performance 
underscoring  the  importance  that  these  issues  will  have  to  be  investigated  and  reconciled.  The 


polarity  mixing  from  one  domain  to  the  other  causes  the  PE  induced  electric  field  to  flip,  causing 
a  variation  in  the  sheet  carrier  concentration  along  the  channel  of  an  FET  like  device.  The  same 
polarity  mixing  would  have  deleterious  effects  in  the  base  of  an  HBT  as  well  and  depending  on 
the  polarity  the  induced  field  would  either  aid  or  impede  minority  carrier  transit. 

Polarization  effects  manifest  themselves  in  quantum  wells  as  Stark  effect.  Time  resolved 
photoluminescence  measurements  performed  in  GaN/AlGaN  MQWs  indicated  that  temporal 
evolution  of  the  A  exciton  peak  undergoes  a  red  shift  as  the  recombination  depletes  the  excess 
carriers.  If  one  assumes  that  the  red  shift  is  due  to  polarization  induced  field,  one  can  determine 
the  intensity  of  the  field.  The  picture  may  be  more  complex  and  or  suffer  from  variation  in 
samples  as  blue  shift  too  has  been  observed  which  may  have  to  do  with  interwell  excitons  and 
oblique  excitons.”  Though  controversial,  in  lasers  the  injected  carrier  concentrations  even  at 
transparency  are  comparable  to  polarization  induced  charge,  lO”  cm  %  which  means  the  PE 
induced  field  is  screened.  However,  the  PE  effect  reduces  the  gain  at  lower  injection  levels  due, 
among  others,  to  reduced  oscillator  strength. 

Recent  experimental  results  support  that  the  built-in  field  originates  primarily  from  the 
spontaneous  polarization  charge  formed  at  the  GaN/AlGaN  interfaces  with  a  minor  contribution 
from  the  piezoelectric  field  induced  by  the  strain  (either  lattice  mismatch  and  thermal  strain)  as 
has  been  predicted.  The  experiments  reveal  that  the  fundamental  transition  of  the  quantum  wells 
occurs  at  an  energy  well  below  the  bulk  GaN  gap  for  well  width  larger  than  3  nm  (for  the  specific 
case  of  GaN/Aly  i^Ga,,  ^^N).  Care  was  taken  to  assure  that  the  transitions  observed  are  intrinsic 
origin  by  performing  two-photon  ab.sorption  experiments  with  approximately  half-gap  excitation 
( 2ha)  w  E|_,,  J  and  observing  that  linear  and  non-linear  PL  lead  to  same  transition  energies.  The 
total  polarization  charge  can  be  written  as  P,„=  Ppi,„.+P,p„„, ,  where  Pp,^,„  is  the  piezoelectric  charge 
caused  by  the  lattice  mismatch  (Im)  strain  and  by  the  thermal  strain  (ts)  [Ppj„„^  Pi„  +  PJ,  whereas 
PspMt  represents  from  the  spontaneous  polarizability  of  the  GaN/AlGaN  interface,  as  clearly 
demonstrated  by  the  recent  works  of  Bernardini  et  al.  For  an  alternating  sequence  of  wells  (w) 
and  barriers  (b)  the  total  electric  field  in  the  well  can  be  calculated  as 


F^=-4;rL,(PV  + 

F,=  -47rLS?\r  rj  /  (L,^,  +  (2) 


Where  ^  is  the  dielectric  constant  of  the  particular  layer.  The  piezoelectric  charge  induced  by  the 
in-plane  lattice  mismatch  can  be  found  from  Eq.  1  using  the  in-plane  strain  for  AlGaN/GaN  as 
ei=2x(aGaN-aAiGaN)/aAiGiiN  where  the  AlGaN  is  pseudomorphically  strained  on  a  relaxed  GaN 
substrate.  Thick  GaN  buffer  layers  ensures  that  the  GaN  quantum  wells  are  not  under  misfit 
strain.  Moreover,  since  the  Alo„Ga„^,N  layers  are  thin  and  grow  pseudomorphically,”  they 
undergo  a  tensile  in-plane  strain  =  0.742%.  This  re.sults  in  a  piezoelectric  polarization  charge 
P\^=0  in  the  wells  and  P'’,^=  -3.99  *10'^  ecm’^  in  the  Al^^^Ga^^^N  barriers.  The  thermal  strain 
amounts  to  some  0.03%,  resulting  in  an  additional  polarization  charge  of  the  order  of  P'^„=+ 


2.57*10"  ecm  ^  For  spontaneous  polarization,  we  take  the  recent  data  of  Bemardini  et  al. 
leading  to  P"p=  -1.81  *10'^  ecm'^  and  P\p=  -7.64  *10'^  ecm■^  the  latter  value  being  obtained  by 
linear  interpolation  of  the  GaN  and  AIN  values  (P^p=  -5.09  *10'^  ecm'^in  AIN).  The  diffrential 
spontanous  polarization  between  the  Al^  uGag^jN  barrier  and  the  GaN  well  is  then  -5.83*10’^ 
ecm  ^  By  using  these  data  and  eq.(2)  one  can  calculate  the  built-in  field  in  the  different  samples, 
which  turns  out  to  vary  in  the  range  1-3  MV/cm  depending  on  the  actual  well  width.  Neglecting 
high-field  effects  and  corrections  for  self-consistency,  the  red-shift  caused  by  the  built-in  field  in 
the  wells  is  given  by  the  quadratic  Stark  effect. 

The  measured  ground  level  transition  energies  and  those  calculated  in  the  square  well 
approximation  with  inclusion  of  the  Stark  shift  are  in  very  good  agreement.  The  agreement 
between  theoretical  and  experimental  data  is  very  reasonable,  especially  if  we  take  into  account 
that  the  nominal  growth  parameters  were  used  in  the  calculations,  without  any  fitting  parameter. 

The  agreement  between  the  calculated  and  measured  data  can  in  fact  be  substantially  improved 
by  the  use  of  a  self-consistent  tight-binding  (TB)  model.^^  The  tight-binding  model  is  used  to 
describe  the  electronic  structure  in  the  entire  Brillouin  zone,  up  to  several  eV  above  the 
fundamental  gap,  thus  overcoming  the  well-known  limitations  of  the  envelope  function 
approach.  For  the  specific  case  of  nitride  semiconductors,  the  parameters  of  our  empirical  TB 
model  were  determined  by  fitting  the  band-structure  of  ref.  38.  For  the  self-consistent 
calculations  the  electron  and  hole  quasi-Fermi  levels  are  calculated  for  a  given  photo-injected 
charge  density.  The  resulting  electron  and  hole  distribution  functions  ( n  and  p  ,  respectively)  are 
used  to  solve  the  Poisson  equation.  The  Poisson  equation  is  solved  assuming  zero-field  at  the 
boundaries.  The  obtained  potential  is  thus  inserted  into  the  TB  Schroedinger  equation  that  is 
solved  to  get  the  energies  and  wavefunctions.  The  new  quasi-Fermi  levels  are  thus  recalculated 
and  the  procedure  is  iterated  until  self-consistency  is  achieved.  The  agreement  between  the  self- 
consistent  calculations  and  the  experimental  data  is  very  good  both  in  terms  of  the  trend  and 
absolute  values. 

In  conclusions,  GaN  and  related  materials  exhibit  transport  characteristics  that  are  very  well 
suited  for  electronic  devices  based  on  electron  transport  as  evidenced  by  the  recent  high  power 
MODFETs  with  record  power  performance  supplanted  all  the  other  competing  semiconductors  at 
microwave  frequencies.  Assumes  that  some  day  the  intrinsic  dielectric  breakdown  strength  can 
be  achieved,  applicable  figures  of  merit  for  switching/power  device  indicate  that  nitrides  would 
be  equally  successful.  Finally,  recent  theoretical  and  experimental  investigations  indicate  that 
polarization  induced  charge  is  important  in  nitride  semiconductors  with  device  implications  and 
that  spontaneous  polarization  is  dominant  over  strain  induced  piezoelectric  polarization  in  typical 
GaN/AlGaN.  This  dominance  would  increase  if  the  AlGaN  grown  on  GaN  relaxes  in  full  or  in 
part.  However,  the  differential  spontaneous  polarization  between  GaN  and  InN  is  much  smaller 
than  that  of  GaN/AlN  interfaces.  Assuming  that  the  InGaN  on  GaN  is  fully  strained,  the 
piezoelectric  component  of  polarization  would  dominate.  Full  or  partial  relaxation  of  InGaN  on 
GaN  due  to  defects  would  reduce  this  polarization  as  well.  For  now,  optical  transitions  in 
GaN/AlGaN  quantum  wells  investigated  support  the  assertion  that  spontaneous  polarization  is 
dominant  and  must  not  be  lumped  with  piezoelectric  polarization. 
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The  current  status  of  GaN  crystallization  under  high  nitrogen  pressure  will  be 
presented.  Both  conductive  and  semi-insulating  GaN  crystals  will  be  characterized. 

In  particular  the  influence  of  Mg  on  the  growth  mechanisms  will  be  discussed.  The 
influence  of  Mg  doping  on  morphology  of  Mg-doped  crystals  grown  under  pressure  and  Mg- 
doped  homoepitaxial  layers  will  be  shown.  It  will  be  also  shown  that  the  addition  of  about  1 
ax.%  of  Mg  into  the  solution  improves  significantly  the  structural  quality  of  crystals  reducing 
dislocation  density  at  least  by  3  orders  of  magnitude  comparing  to  the  crystals  grown  without 
an  intentional  doping.  As  it  was  estimated  by  selective  wet  etching  and  transmission  electron 
microscopy  the  dislocation  densities  in  the  Mg-doped  GaN  is  as  low  as  10  cm'*.  The 
introduction  of  Mg  also  lowers  the  optical  absorption  coefficients  for  energies  below 
fundamental  edge  by  2  to  3  orders  of  magnitude  what  is  explained  by  disappearance  of  defect 
related  states  in  the  gap. 

The  procedures  for  preparation  of  atomically  fiat  epi-ready  (000  1  )  surfaces  without 
subsurface  damage  will  be  described.  It  will  be  shown  that  high  quality  homoepitaxial  layers 
growing  by  monoatomic  steps  are  possible  on  these  substrates. 

INTRODUCTION 

The  technology  of  GaN  and  its  ternaries,  GaAlN  and  GaInN  is  of  crucial  importance 
for  blue  optoelectronic  devices.  Progress  in  technology  and  basic  research  of  GaN  led  to 
development  of  blue  [1],  green  and  yellow  [2]  light  emitting  diodes  (LEDs),  which  are  now 
commercially  available  from  a  number  of  sources.  Also  the  low  power  laser  diodes  have  been 
announced  [3].  Still  the  stability  and  power  of  laser  diodes  are  not  satisfactory. 

These  results  have  been  achieved  using  either  sapphire  or  SiC  substrates.  Further 
progress  can  be  attained  by  either  developing  more  sophisticated  layer  growth  techniques  such 
as  epitaxial  lateral  overgrowth  (ELOG)  or  by  developing  GaN  substrates.  Essentially  both 
methods  rely  on  the  same  phenomenon,  i.e,  enforcing  fast  growth  along  (1010)  direction  in 
order  to  obtain  large  area  substrate  having  reduced  dislocation  density.  Due  to  absence  of 
destabilizing  factor  of  contact  with  the  foreign  substrate,  the  growth  of  single  crystals  is  more 
promising  technique. 

Growth  of  GaN  single  crystals  have  been  subject  of  the  research  for  several  years 
[4,5].  Using  High  Pressure  Solution  Growth  (HPSG)  method  100  mm^  size  GaN  plate-like 
single  crystals  of  good  crystallographic  quality  have  been  obtained.  Both  n-type  and 
semiinsulating  (SI)  crystals  have  been  grown  [6].  Also  GaN  surface  preparation  techniques 
have  been  developed,  which  include  mechano-chemical  poUshing  for  active  (N  face)  surface 
[7]  of  GaN  platelets  and  Reactive  Ion  Etching  (RIE)  for  inen  (Ga  face)  surface. 

GaN  single  crystal  substrates  were  successfully  used  for  MBE  and  MOCVD  epitaxial 
growth.  Homoepitaxial  layers  of  very  good  crystallographic  quality,  resulting  from  good 
quality  of  the  substrate  and  undisturbed  epitaxial  growth  by  flow  of  monoatomic  steps. 
Recently,  the  dislocation-free  multiquantum  well  (MQW)  structures  have  been  obtained. 

In  this  paper  we  will  discuss  recent  development  of  the  growth  of  GaN  single  crystals. 
First  the  thermodynamic  conditions  for  the  growth  of  GaN  crystals  from  the  constituents: 
liquid  Ga  and  N2  under  high  pressure  will  be  obtained.  Then  the  physical  properties,  including 
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crystallographic,  optical  and  electric  will  be  discussed.  Subsequently  the  results  of  surface 
preparation  techniques  to  GaN  single  crystals  will  be  illustrated  by  results  of  microscopic  and 
structural  investigations.  Finally  the  results  of  epitaxy  both  by  MOCVD  and  MBE  will  be 
discussed, 

PHYSICAL  PROPERTIES  OF  Ga(I)-N2-GaN  SYSTEM  AND  GaN  CRYSTAL  GROWTH 


Thermodynamic  and  kinetic  properties  of  Ga(l)-N2-GaN(s)  system  are  determined 
mostly  by  strong  bonding  both  in  N2  molecule  and  in  GaN  crystal.  The  transition  between  the 
initial  state  of  liquid  gallium  and  nitrogen  N2  and  GaN  crystal  requires  breaking  the  extremely 
strong  bonding  in  N2  molecule  (bond  energy  9.8  eV/molecule)  and  creation  of  GaN  bonds. 
Strong  bonding  in  GaN  crystal  (bond  energy  (9.32  eV/atom  pair)  leads  to  high  melting 
temperature  T^caN  ~  2800  K  [8],  The  estimated  N2  equilibrium  pressure  for  GaN  is  over  45 

2500  2000  1750  1500  1250  kbar  [9].  Such  pressures  and 

0.0150^  T  temperature,  K  I  temperatures  are  not  accessible  to 
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1/T,  K-^  process  is  not  the  rate  limiting 

Fig  1.  NzCg)  -  Ga(l)  -  GaN(s)  phase  diagram:  a  -  p-T  coordinates  process  in  GaN  crystallization  at 

[9];  b  -  x-T  coordinates  [10]  high  pressures  [6]. 

As  it  can  be  seen  from 
Figure  1  nitrogen  pressure  about  20 


iii/  growth  from  solution 

Recent  quantum  mechanical 
calculations  have  shown  that 
adsorption  of  N2  on  liquid  Ga 
surface  leads  to  dissociation  of  N2 
molecule  [11].  The  energy  barrier 
for  this  process  is  of  the  order  of 
4,2  eV  which  is  less  than  half  of  the 
N2  bonding  energy.  This  indicates 
that  the  bonding  between  Ga  and  N 
atoms  plays  important  role  in  the 
process.  The  estimate  of  the  rate  of 
the  adsorption  indicates  that  this 
process  is  not  the  rate  limiting 


kbar  corresponds  to  nitrogen  solubility  in  liquid  gallium  of  the  order  of  \%.  Lower 
temperatures  correspond  to  lower  nitrogen  solubility,  therefore  by  controlling  the  temperature 


process  GaN  polycrystaUinTcraftTcreate^  beginning  of  the 

grow  faster  and  inhibit  the  growth  of  neiahhorina  ?  f  crystals 

and  the  temperature  the  two  growth  habits^are  obtained  supersaturation 

large  supersaturation  (large  temperature  differ^rr  babit  which  dominates  for 

..„.,™s  ,.u  "s  Lttssg  “  ““  • 

the  doping  of?rwfh“nThfm^^^^  T" e?  °n 

is  diffLnt:  one  ^de  t  cZptely  Z 

multi-atomic  steps,  ridges  alS^even  arowth  hilt  t  p'  "  »**  <”««  "umber  of 

surface  correspond  to  Ga  face  ((0001)  face)  and  tL^fl  ^  solution  the  corrugated 

addition  of  Mg  to  liquid  Ga  c^Lfl  Vf  ”2^  The 

completely  flat  and  N  face  is  corrugated^  [etXnte  et 
different  -  Mg  doped  crystal  havTCC  cl^^centatto  of  T 
temperature  these  crystals  are  semiinsulaflng  [6).  ^ 


1 - 1 

in 

Ga 

A1 

-1.8  eV 

"  -3.8  eV 


2.0  2.4  "  2,8  '  32  '  3'fi  '  1  °-®  1.6  2,0  2.4  28  32  Vr  ■ 

Distaricebeh.eei  QoTdn^dsijfaDeiAl  '  0'st«»l»^.«enO,a^dn^sutfcD^’(A)  ' 

ox»n  »  -  O  -  O  distance  in 

either  to''^lXttn^"sn  ““oputi  G"  is  attributed 

Of  oxygen  is  related  to  its  dissolution  in  liquid  S^Thirpmc^^'r  '"''''^P^ration 

quantum  mechanical  calculations.  The  resuhs  have  “*‘"S 

available  Dmol  package  distributed  by  Molecular  Stauhflon  tn^  .v  “®'”®  ‘^“™"=‘'uially 
m  Poland  [16]  results  of  these  calculations  h?.vr.  k  countrywide  license 

excess  energy  of  the  oxygt  2.  In  Figure  2a  the 

shown.  As  it  can  be  seen  the  adsomtinn^of  ^  ^  is 

process.  This  type  of  the  adsorption  enerev  f  surface  is  barrierless 
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The  main  problem  in  growth  of 
high  quality  crystals  is  how  to  attain 
high  growth  rate  and  preserve  the 
morphological  stability  of  the  surface. 
The  growth  rate  can  be  increased  either 
by  higher  equilibrium  concentration  of 
N  in  liquid  Ga  or  by  increase  of  the 
supersaturation.  In  our  growth  method 
we  keep  the  supersaturation  at  the 
lowest  possible  level  and  increase  the 
solubility  by  increasing  the  temperature 
of  the  liquid  gallium.  This  leads  to  the 
increase  of  the  growth  rate  and 
reduction  of  the  destabilizing  factor  of 
i  T  high  supersaturation  The  destabilizing 
f  "  -  influence  of  impurities  is  also  reduced 

'  '  by  preserving  high  purity  of  the  process. 

1998  achieved  by  initial  annealing  of 

the  high  pressure  vessel  in  the 
temperature  of  200°C  and  vacuum  of 
10'^  Torr. 

The  improvement  of  the  growth 
procedure  led  to  considerable  progress 
of  GaN  high  pressure  growth  which  is 
illustrated  in  Figure  3.  The  typical  size 
of  the  undoped  GaN  crystal,  obtained  in 
1997  200h  growth  process  is  above  1 5  mm  in 
length  with  the  surface  area  above  100 

mm^.  , 

The  size  of  Mg  -  doped  GaN  crystals 
obtained  in  the  process  of  the  same 
duration  is  about  10  mm  with  the  area 
of  80  mm^  The  size  difference  is 
related  to  reduction  of  the  growth  rate  in 
the  plane  perpendicular  to  c  axis  for 
rinKI  rrvstals. 


Fig.  3  Progress  in  GaN  high  pressure  crystallization  -  increase 
of  the  size  of  GaN  crystals  in  last  3  years, 


PHYSICAL  PROPERTIES  OF  PRESSURE  GROWN  GaN  CRYSTALS 

summarized  in  Fig.  4,  GaN  crysta  .  g  conduction  band.  The  growth  from 

doping,  are  highly  conductive  w.th  FermMevel  ymg^^^^ 

solutions  in  Ga  alloyed  w.th  of  resistivity  [17]  for 

I^^O  co^nrpare  the  type  of  conductiv.ty  in  undoped  and  Mg-doped 

crystals. 


Growth  solution  Growth  solution 
100%  Ga  99.5%  Ga  ■<-0.5%Mg 


n  =  3  ^  6  *  10^^  cm'^  LT  -  hopping 

metallic  conductivity  T  >  300K  -  p  type 

Fig.  4  Electric  properties  and  morphology  of  GaN 
crystals:  I  -  undoped,  II  -  Mg  -  doped. 
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Fig.  5  Temperature  dependence  of  resistivity  of 
undoped  and  Mg-doped  GaN  crystals 


GaN  crystals  grown  from  the  solutions  in  pure  gallium  show  metallic  behavior  in 
whole  temperature  range  of  4.2  -  300K.  High  free  electron  concentration  of  3-6  x  10^^  cm"^ 
with  mobilities  of  30-90  cm^A^s  [18,  17]]  have  been  found  (Table  I).  The  main  residual 
impurity  detected  in  the  crystals  by  SIMS  [19]  is  oxygen.  Its  concentration  was  estimated  to 
be  in  the  range  of  lO'^  -  10^^  cm‘^.  It  is  well  established  that  oxygen  is  a  single  donor  in  GaN. 
However  since  the  concentration  of  free  electrons  in  the  crystals  is  higher  than  the  estimated 
concentration  of  the  impurity  the  presence  of  an  additional  donor  cannot  be  excluded.  The  N- 
vacancy  as  the  additional  source  of  free  electrons  is  therefore  often  proposed  [20,21]. 

Following  the  theory  [20,22],  highly  probable  native  defects  in  GaN  crystals  which  are 
highly  n-type,  are  Ga-vacancies  (Voa^  ).  This  is  due  to  their  low  formation  energy  even  at 
strongly  Ga-rich  conditions  of  crystallization.  The  presence  of  the  negatively  charged  Ga 
vacancies  at  concentrations  of  10^^  cm‘^ ,  in  the  n-type  pressure  grown  GaN  crystals,  has  been 
detected  by  positron  annihilation  experiments  [23]. 

The  addition  of  Mg  into  the  growth  solution  drastically  changes  the  electrical 
properties  of  GaN  crystals.  Their  RT  resistivity  increases  by  orders  of  magnitude  (Table  I). 


Table  I  Electrical  properties  of  GaN  crystals 


crystal 

conductivity  type 

P 

ncm,  300K 

carrier  concentration  ,cm''3 

GaN 

metallic 

lO'MO'^' 

3-6  X  10‘^  n-type 

GaN  :  Mg 

hopping 

10^-10^ 

The  increase  of  electrical  resistance  in  GaN:Mg  crystals  is  related  to  drastic  decrease 
of  free  electron  concentration.  The  temperature  dependence  of  resistivity  for  these  samples  at 
low  temperatures  up  to  about  250K,  suggests  hopping  type  of  conductivity.  At  higher 


temperatures  the  conductivity  starts  to  be  governed  by  the  activation  process  leading  to  the 
creation  of  free  holes  in  the  valence  band. 

Also  the  optical  absorption  data  [24]  indicate  that  the  free  carrier  concentration  in  the 
Mg-doped  GaN  is  very  low.  The  free  carrier  absorption  which  dominates  the  low  energy  part 
of  the  absorption  spectra  for  the  undoped  GaN  disappears  completely  for  crystals  grown  from 
Mg  containing  solutions.  For  these  crystals,  the  absorption  coefficients  for  energies  below  the 
fundamental  absorption  edge  are  as  low  as  1-10  cm  *  as  measured  by  Photothermal  Deflection 
Spectroscopy .  [25]. 


Fig  6  GaN  undoped  (top)  and  Mg-doped  (bottom) 
single  crystals,  (grid  spacing  -  1  mm). 


The  Mg  impurity  introduced  into  the 
growth  solution  does  not  change  significantly 
the  general  habit  of  the  crystals.  In  both  cases 
they  are  hexagonal  platelets  with  c-axis 
perpendicular  to  the  hexagonal  faces.  Typical 
crystals  of  both  types  are  shown  in  Fig.  6.  The 
crystals  with  Mg  are  perfectly  transparent  and 
colorless  whereas  the  conductive  samples  are 
usually  slightly  yellowish  in  color. 

From  the  form  of  the  crystals,  it 
follows  that  the  relative  growth  rates  in 
directions  perpendicular  and  parallel  to  the  c- 
axis  are  similar  however  the  crystals  with  Mg 
are  generally  thicker  and  require  longer  time 
to  reach  the  same  linear  dimensions  as  the 
crystals  grown  without  Mg. 

One  of  the  hexagonal  faces  of  both 
types  of  crystals  is  usually  flat.  The  opposite 
one  often  shows  some  macro-roughness  (i.e. 
macrosteps)  as  a  consequence  of  the  unstable 
growth  in  one  of  the  (0001)  directions.  As  it 
was  revealed  [26]  by  wet  etching  [7]  and 
confirmed  by  CBED  measurements  [12,  13], 
the  flat  surfaces  of  the  conductive  and  non- 
conductive  crystals  correspond  to  opposite 
polar  (0001)  orientations  of  GaN. 


For  conductive  GaN  crystals  the  flat  surface  is  always  (000  1)n  face  which  is 
chemically  active  [7].  For  the  Mg-doped  crystals  this  is  always  (000 Dca  face  which  is 
resistant  to  the  wet  etching  in  alkali  water  solutions. 

The  GaN  crystals  grown  by  HPSG  method  are  of  high  structural  quality  as  determined 
by  X-ray  diffraction  (XRD)  [27],  transmission  electron  microscopy  (TEM)  [12,  28]  and  defect 
selective  wet  etching  (etch  pit  density  -  EPD)  techniques.  The  XRD  data  are  summarized  in 
Fig.  7.  The  X-ray  rocking  curves  for  symmetrical  reflection  are  as  narrow  as  18-25  arcsec  for 
almost  all  Mg-doped  crystals  and  for  best  crystals  grown  without  doping.  For  some  of  the 
conductive  crystals  the  rocking  curves  splits  onto  few  peaks  indicating  low  angle  (about  1 
arcmin)  grain  boundaries.  This  is  probably  due  to  some  inhomogeneity  in  distribution  of 
residual  donor  impurities.  The  rocking  curves  for  in-plane  reflections  are  always  very  narrow 
what  indicates  that  there  is  no  twist  mosaicity  in  all  investigated  crystals. 

A  number  of  GaN  crystals  have  been  studied  by  TEM  [12,13,28]  especially  the 
samples  used  for  optimization  of  surface  preparation  procedures  and  epitaxial  growth  of 


layers  and  structures.  In  most  observations  the  crystals  were  completely  free  of  dislocations. 
Fig.  8  shows  a  Spm.  TEM  cross-sectional  view  [28]  of  the  GaN  conductive  crystal  with 
GaN/AlGaN  structure  grown  by  MBE  [29]  on  the  active  (0001)n  surface.  In  this  measurement 
no  dislocations  have  been  found  over  lOOpm.  area.  It  suggests  that  the  dislocation  density  in 
the  crystal  is  not  higher  than  10'*  cm‘^. 
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Fig.7  x-ray  rocking  curves  of  pressure  GaN  crystals 


Fig.  8  TEM  crossectional  view  of  MQW 
structure  grown  on  GaN  substrate. 
Courtesy  of  M.  Albrecht . 


It  was  mentioned  earlier  that  the  Ga-side  of  GaN  cannot  be  etched  in  alkali  water 
solutions.  However  if  molten  KOH,  NaOH  or  their  molten  eutectic  are  applied  the  defect 
selective  etching  of  GaN  heteroepitaxial  layers  and  single  crystals  is  possible.  The  method 
developed  for  GaN  heteroepitaxial  layers  [7]  has  been  applied  to  pressure  grown  GaN  crystals 
doped  with  Mg.  The  number  of  the  etch  pits  on  heteroepitaxial  GaN  corresponded  to  defect 
density  of  2  x  10*  cm'^  whereas  only  very  few  such  a  pits  have  been  found  on  the  whole 
surface  (few  tens  of  mm^)  of  GaN  single  crystal. 

The  estimations  for  dislocation  density  in  pressure  grown  GaN  crystals  are 
summarized  in  Table  II. 


Tabic  II  Dislocation  density  in  pressure  grown  GaN  crystals 


Type  of  crystal 

Dislocation  density,  cm'^ 

GaN,  undoped,  conductive 

10' 

GaN:Mg,  non-conductive 

10'  -  10^ 

SURFACE  PREPARATION 

The  surfaces  of  the  pressure  grown  GaN  crystals  are  often  covered  by  the  growth 
figures  or  surface  layer  resulting  from  the  cooling  of  the  system  after  crystallization  at  high 
temperature.  Therefore  to  obtain  epi-ready  surfaces  of  GaN  substrates  it  is  necessary  to 
subject  them  to  the  preparation  procedures  prior  to  epitaxial  growth. 

The  mechanical  polishing  with  diamond  micropowders  leads  to  the  formation  of 
highly  damaged  surfaces  with  scratches  of  200  A  in  depth.  The  thickness  of  the  damaged  layer 
under  such  mechanically  polished  surfaces  is  usually  2000  -  2500A  as  it  was  shown  by  the 
RBS  measurements  [30]  (Fig.  9). 

It  was  shown  that  bulk  GaN  crystals  (highly  conductive,  undoped)  can  be  etched  in 
aqueous  solutions  (ION  -  IN)  of  KOH  and  NaOH  [7].  However  only  one  of  the  polar  {0001 } 
surfaces  of  bulk  crystals  is  attacked  by  the  applied  etchants.  The  free  etching  of  this  surface 
(OOODn  as  it  was  identified  by  XPD  [13])  is  strongly  anisotropic  and  results  in  the  formation 
of  numerous  stable  pyramids  100  -  200nm  in  height.  As  it  was  mentioned  before  for  Mg- 
doped  crystals  also  the  (OOODw-face  is  chemically  active. 

The  same  aqueous  solutions  (ION  -  IN)  of  KOH  and  NaOH  have  been  used  for 
mechano-chemical  polishing  of  the  chemically  active  GaN  surface  [7].  When  the  mechano- 
chemical  polishing  procedure  is  applied,  atomically  flat  surfaces  of  bulk  GaN  (RMS=0.1nm 
as  estimated  by  AFM)  are  reproducibly  obtained.  The  RBS  measurements  [30]  (Fig .9) 
indicate  that  the  applied  procedure  allows  to  remove  the  subsurface  damage  resulting  from  the 
mechanical  polishing.  It  was  confirmed  by  TEM  studies  of  subsurface  regions  of  mechano- 
chemically  polished  GaN  crystals.  One  of  the  cross  sectional  TEM  views  of  such  a  crystal  is 
shown  in  Fig.  10. 


100  150  200  250  300  350 

channel 

Fig.  9  RBS  signals  for  polished  GaN  surfaces,  Ref.  12 


courtesy  of  Z.  Li  Mental -Weber 

Fig.  10  Cross  sectional  TEM  view  of  GaN  crystal  at  the 
mcchano-chemically  polished  surface.  The  insert  shows 
CBED  spectra  used  for  polarity  determination. 


The  procedures  of  the  wet  etching  and  mechano-chemical  polishing  with  alkaline 
water  solutions  can  be  also  applied  for  GaN  heteroepitaxial  layers  but  only  to  that  which 


shows  tendency  to  develop  hexagonal  hillocks  if  grown  by  MOCVD.  The  orientation  of  this 
chemically  active  epitaxial  GaN  layers  is  the  same  as  the  orientation  of  chemically  active 
surface  of  the  conductive  GaN  crystals. 

The  surfaces  of  GaN  crystals  corresponding  to  the  Ga-polarity  faces  cannot  be 
prepared  by  the  methods  just  described  due  to  their  chemical  resistance  to  most  chemicals,  at 
room  temperature.  Therefore  for  these  surfaces,  the  Reactive  Ion  Etching  techniques  are  used 
for  removing  the  subsurface  damage  introduced  by  the  mechanical  polishing.  The  application 
of  RIE  allows  to  remove  the  subsurface  damage  what  was  shown  by  TEM  [28].  Some 
roughness  remaining  after  the  RIE  treatment  is  usually  removed  at  the  first  stages  of  epitaxial 
growth. 

Homoepitaxy 


Epitaxial  growth  of  GaN  layers  and  GaN-based  structure  was  tried  on  both  polar 
surfaces  of  pressure  grown  GaN  crystals,  by  MOCVD  [31,  32,  33,  34,]  as  well  as  by  MBE 
with  plasma  [29]  and  ammonia  [35]  nitrogen  sources. 

The  growth  by  propagation  of  monoatomic  steps  has  been  achieved  by  both  methods 
on  both  polar  surfaces.  Fig.  1 1  shows  the  morphology  of  GaN  homoepitaxial  layer  grown  by 
MBE  with  NH3  nitrogen  source  [gn]  on  the  (OOODn  prepared  by  mechano-chemical  polishing. 


Such  a  sequence  of  atomic  steps  usually 
covers  whole  surface  of  GaN  substrate. 
The  only  exception  are  the  layers  grown 
by  MOCVD  on  (OOODn  oriented 
substrates  where  the  hexagonal  growth 
hillocks  are  often  observed.  The  origin  of 
this  morphological  features  was 
investigated  by  Weyher  et  al.  [36]. 

On  the  other  hand,  the  growth  on 
the  active,  (OOODn  surface  by  MBE  with 
both  NH3  and  plasma  N-source  results  in 
smooth  step  flow  morphology  and  almost 
perfect  interfaces  between  the  substrates 
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nH  and  deposited  layers.  Sometimes  some 

light  element  (probably  oxygen) 
contaminant  was  found  at  the  interface 
however  it  did  not  disturb  the  sequence  of 
atomic  planes  as  it  was  revealed  by 
""  HREM  [28].  It  shows  that  the  active 

surface  of  GaN  is  more  sensitive  to 
contamination’s  which  often  results  in 
enhanced  incorporation  of  impurities 
during  epitaxy  in  comparison  to  the  inert 
surface  of  the  GaN  substrates  [37]. 

Probably  also  due  to  this  reason 


Fig.  1 1  AFM  scans  of  GaN  homoepitaxial  layer  grown  on  ‘h®  photoluminescence  spectra  were 
the  active  side  of  GaN  crystal  by  MBE  with  ammonia  N  obtained  for  layers  deposited  on  the  inert, 
source  [35]  Ga-side  of  GaN  substrates  [32,  33]. 


The  donor  bound  exciton  lines  of  the  halfwidth  below  0.5  meV  have  been  measured  on 
homoepitaxial  GaN  layers  [32].  This  confirms  the  good  quality  of  homoepitaxial  layers, 
resulting  in  the  absence  of  the  strain  and  extremely  narrow  excitonic  lines. 


The  GaAlN/GaN  multiquantum  well  (MQW)  structures  have  been  obtained  using 
mechano-chemical  (0001)  surface  preparation  technique  and  plasma  enhanced  MBE  growth 
method  [29].  The  results  of  TEM  measurements  indicate  that  the  dislocation  free  area  of  the 
MQW  extends  over  the  range  of  100  pm.  [28].  This  also  indicates  on  very  good 
crystallographic  quality  of  the  substrate  surface 

CONCLUSIONS 

The  results  presented  in  this  paper  can  be  summarized  by  the  following  points: 

1.  Two  types  of  GaN  single  crystals  were  obtained  by  HPSG  method 

a/  conductive  --  undoped  Ga 

-  max  size  -  18  mm 

-  dislocation  density  ~  lO'^  cm  ' 
b/  SI  -  Mg  doped  Ga 

-  max  size  -  14  mm 

-  dislocation  density  ~  10*  -  10"^  cm'^ 

2.  Surface  preparation  methods  were  developed 

a/  (000  1)n  -  mechanochemical  polishing 
b/  (0001  )Ga  -  reactive  ion  etching 

3.  Atomic  height  step  flow  growth  mode  was  achieved  by  MOCVD  and  MBE  methods 

4.  Near  dislocation-free  epitaxial  layers  and  MQW  structures  were  grown  by  both  MBE  and 
MOCVD  techniques. 

ACKNOWLEDGMENT 

The  research  pre.sented  in  this  paper  has  been  supported  by  Poland’s  Committee  for 
Scientific  Research  grant  no  7  7834  95  C/2399.  The  quantum  mechanical  calculations  have 
been  made  using  Dmol  software  distributed  by  MSI  Inc.  in  the  framework  of  countrywide 
license  supported  by  Committee  for  Scientific  Research. 

REFERENCES 

[1]  S.  Nakamura,  M.  Senoh,  T.  Mukai,  Jpn.  J.  Appl.  Phys.  2,  Lett.  32,  L8  (1993) 

[2]  S.  Nakamura,  M.  Senoh  ,  N.  Iwasa,  S.  Nagahama,  Jpn.  J.  Appl.  Phys.  2,  Lett.  34  L797 
(1995) 

[3]  S.  Nakamura,  M.  Senoh,  S.  Nagahama,  N.  Iwasa,  T.  Yamada,  T.  Matsushita,  H. 
Kiyoku,  Y.  Sugimoto,  Jpn.  J.  Appl.  Phys. 2,  Lett.  35,  L74  (1996) 

[4]  S.  Porowski,  Mater.  Sci.  Eng.  B44,  407  (1997) 

[5]  S.  Porowski,  I.  Grzegory,  J.  Cryst.  Growth  178,  174  (1998) 

[6]  S.  Porowski,  I.  Grzegory,  S.  Krukowski,  Mater.  Res.  Soc.  Symp.  Proc. 

[7]  J.  L.  Weyher,  S.  Muller,  I.  Grzegory,  S.  Porowski,  J.  Cryst.  Growth  182,  17  (1997) 

[8]  J.  A.  Van  Vetchten,  Phys.  Rev.  B7  1479  (1973) 

[9]  J.  Karpinski,  J.  Jun  and  S.  Porowski,  J.  Cry.st.  Growth  66  1(1984) 

[10]  1.  Grzegory,  J.  Jun,  M.  Bockowski,  S.  Krukowski,  M.  Wroblewski,  B.  Lucznik  and  S. 

Porowski,  J.  Phys.  Chem.  Solids  56,  639  (1995) 

[11]  S.  Krukowski,  Z.  Romanowski,  I.  Grzegory,  S.  Porowski,  J.  Cryst.  Growth  189/190, 
159(1998) 

[12]  Z.  Liliental- Weber,  C.  Kisielowski,  Ruvimov,  I.  Chen,  J.  Washburn,  I.  Grzegory,  M. 
Bockowski,  J.  Jun,  S.  Porowski,.  J.  Electron.  Mater.  25  1545(1996) 


[13]  J-L.  Rouviere,  J.  L.  Weyher,  M.  Seelmann-Eggebert,  S.  Porowski,  Appl.  Phys.  Lett. 
73,  668(1998) 

[14]  H.P.  Maruska,  J.J,  Tjetjen,  Appl  Phys.  Lett.  15  (1969)  327 

[15]  Seifert.,  W.,  Franzheld,  R.,  Butter,  E.,  Sobotta,  H.,  Riede  V.,  Cryst.  Res.  &  Technol. 
18(1983)  383 

[16]  B.  Delley,  J.  Chem.  Phys.  92,  508  (1990) 

[17]  E.  Litwin-Staszewska,  to  be  published 

[18]  P.  Perlin,  J.  Camassel,  W.  Knap,  T.  Talercio,  J.  C.  Chevrin,  T.  Suski,  I.  Grzegory  and 
S.  Porowski,  Appl.  Phys.  Lett.  67,  2524  (1997) 

[19]  A.  Barcz,  T.  Suski,  unpublished 

[20]  P.  Boguslawski,  E.  Briggs  and  J.  Bemholz,  Phys.  Rev.  B51,  17255,  (1995) 

[21]  Wook  Kim,  A.  E.  Botchkarev,  A.  Salvador,  G.  Popovici,  H.  Tang  and  H. 

Morkoc,  J.  Appl.  Phys.  82  (1),  1997 

[22]  J.  Neugebauer  and  C.  G.  Van  de  Walle,  Phys.  Rev.  B50,  8067,  (1994) 

[23]  K.  Saarinen,  T.  Laine,  S.  Kuisma,  P.  Hautojarvi,  L.  Dobrzyhski,  J.  M.  Baranowski, 

K,  Pakula,  R.  St^pniewski,  M.  Wojdak,  A.  Wysmolek,  T.  Suski,  M.  Leszczyhski,  I. 
Grzegory  and  S.  Porowski,  Phys.  Rev  Lett.  79,  3030,  (1997) 

[24]  S.  Porowski,  M.  Bockowski,  B  .Lucznik,  I.  Grzegory,  M.  Wroblewski,  H.  Teisseyre, 
M.  Leszczynski,  E.  Litwin-Staszewska,  T  .Suski,  P.  Trautman,  K.  Pakula  and  J.M. 
Baranowski,  accepted  for  Acta  Physica  Polonica,  1997 

[25]  T.  Suski,  O.  Ambacher,  private  communication 

[26]  I.  Grzegory,  private  communication 

[27]  M.  Leszczynski,  I.  Grzegory,  H.  Teisseyre,  T.  Suski,  M.  Bockowski,  J.  Jun, 
J.M.Baranowski,  S.  Porowski,  J.  Domagala,  J.  Cryst.  Growth  169,  235  (1996) 

[28]  M.  Albrecht,  private  communication 

[29]  S.  Porowski,  I.  Grzegory,  M.  Bockowski,  M.  Leszczynski,  D  Korakakis,  A.  Bell,  I. 
Harrison,  C.  T.  Foxon,  M.  Albrecht,  H.  P.  Strunk,  J.  A.  Davidson,  P.  Dawson, 
presented  in 

[30]  M.  Conway,  J.  S.  Williams  and  C.  Jagadish,  private  communication 

[31]  K.  Pakula,  A.  Wysmolek,  K.  P.  Korona,  J.  M.  Baranowski,  R.  Stepniewski,  I. 
Grzegory,  M.  Bockowski,  J.  Jun,  S.  Krukowski  and  S.  Porowski,  Solid  State  Commun. 
97,  919  (1996) 

[32]  M.  Schauler,  F.  Eberhardt,  C.  Kirchner,  V.  Schweigler,  M.  Kamp,  K.J.  Ebeling,  to  be 
published 

[33]  P.  Beaumont,  to  be  published 

[34]  A.  Zauner,  to  be  published 

[35]  R.  Held,  G.  Nowak,  P.  Cohen,  S.  Porowski,  to  be  published 

[36]  J.  L.  Weyher,  P.  D.  Brown,  A.  Zauner,  S.  Miiller,  D.  Foord,  P.  R.  Hageman,  C.  J. 
Humphreys,  P.  Larsen,  I.  Grzegory,  S.  Porowski,  to  be  published 

[37]  M.  Leszczynski,  P.  Prystawko,  A.  Sliwinski,  T.  Suski,  E.  Litwin-Staszewska,  S. 
Porowski,  Acta  Phys.  Pol.  A  94,  427  (1998) 


DRY  AND  WET  ETCHING  FOR  GROUP  III  -  NITRIDES 

I.  Adesida,  C.  Youtsey,  A.  T.  Ping,  F.  Khan,  L.  T.  Romano,*  and  G.  Bulman** 

Department  of  Electrical  and  Computer  Engineering,  University  of  Illinois,  Urbana-Champaign,  IL 

61801 

*Xerox  PARC,  Palo  Alto,  CA  94304 
**  CREE  Research,  Inc., Durham,  NC  27713 


Cite  this  article  as:  MRS  Internet  J.  Nitride  Semiconductor  Res.  4S1,  G1.4  (1999) 
ABSTRACT 

The  group-III  nitrides  have  become  versatile  semiconductors  for  short  wavelength  emitters,  high 
temperature  microwave  transistors,  photodetectors,  and  field  emission  tips.  The  processing  of  these 
materials  is  significant  due  to  the  unusually  high  bond  energies  that  they  possess.  The  dry  and  wet 
etching  methods  developed  for  these  materials  over  the  last  few  years  are  reviewed.  High  etch  rates  and 
highly  anisotropic  profiles  obtained  by  inductively-coupled-plasma  reactive  ion  etching  are  presented. 
Photoenhanced  wet  etching  provides  an  alternative  path  to  obtaining  high  etch  rates  without  ion-induced 
damage.  This  method  is  shown  to  be  suitable  for  device  fabrication  as  well  as  for  the  estimation  of 
dislocation  densities  in  n-GaN.  This  has  the  potential  of  developing  into  a  method  for  rapid  evaluation  of 
materials. 

INTRODUCTION 

The  success  of  the  synthesis  and  growth  of  the  wide  bandgap  group-III  nitrides  over  the  last 
decade  has  made  the  realization  of  a  wide  range  of  new  devices  possible.  The  bandgap  energies  of  the 
Ill-nitrides  range  from  1.9  eV  for  InN  to  3.4  eV  for  GaN  to  6.2  eV  for  AIN.  Using  these  materials,  bright 
light  emitting  diodes  (LEDs)  and  laser  diodes  (LDs)  [1,2]  operating  at  short  wavelengths  have  been 
demonstrated.  Indeed,  LDs  with  InGaN/AlGaN  active  layers  having  lifetimes  greater  than  10,000  hours 
have  been  demonstrated  making  the  commercialization  of  these  devices  a  certainty.  The  excellent 
electron  transport  characteristics  of  GaN  coupled  with  the  wide  bandgap,  the  chemical  stability,  and  the 
availability  of  AlGaN/GaN  heterostructures  also  make  Ill-nitrides  suitable  for  high  power,  high 
temperatures  transistors.  AlGaN/GaN  heterostructure  field  effect  transistors  (HFETs)  on  sapphire 
operating  at  frequencies  greater  than  70  GHz  have  been  demonstrated  [3]  and  similar  HFETs  grown  on 
SiC  exhibiting  power  densities  as  high  as  6.8  W/mm  have  also  been  fabricated  [4].  Most  recently, 
AlGaN/GaN  heterojunction  bipolar  transistors  have  been  demonstrated  [5]. 

Improvements  in  the  performance  of  these  devices  depend  on  the  quality  of  epitaxial  materials 
and  the  development  of  device  processing  technologies.  In  particular,  effective  etching  techniques  are 
essential  for  forming  facets  for  GaN  LDs,  defining  mesas  for  photodetectors,  and  gate  recessing  for 
HFETs.  Group-III  nitrides  have  high  bond  energies  compared  to  conventional  IIl-V  semiconductors. 
The  bond  energies  are  7.7  eV/atom  for  InN,  8.9  eV/atom  for  GaN,  and  1 1.5  eV/atom  for  AIN  compared 
to  6.5  eV/atom  for  GaAs.  The  high  bond  strengths  and  wide  bandgaps  make  them  essentially  chemically 
inert  and  highly  resistant  to  bases  and  acids  at  room  temperature.  Therefore  a  wide  range  of  dry  and  wet 
etching  techniques  have  been  investigated  for  the  processing  of  Ill-nitrides.  Since  bond  strengths  are 
high  for  the  Ill-nitrides,  external  energy  is  required  to  initiate  and  sustain  the  dissociation  of  the  bonds. 
Sources  of  external  energy  include  energetic  ions,  energetic  electrons,  and  optical  radiation  for  different 
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etching  methods.  In  this  paper,  we  present  these  etching  methods  and  discuss  the  progress  made  in 
applying  some  of  them  to  Ill-nitrides. 

DRY  ETCHING 

Various  methods  of  dry  etching  involving  ion-assisted  mechanisms  have  been  applied  to  the 
processing  of  Ill-nitrides.  They  include  ion  milling  [6,7],  chemically  assisted  ion  beam  etching  (CAIBE) 
[8,9,55],  reactive  ion  beam  etching  (RIBE)  [10],  reactive  ion  etching  (RIE)  [11-15],  electron-cyclotron- 
resonance  reactive  ion  etching  (ECR-RIE)  [16-21],  and  inductivcly-coupled-plasma  reactive  ion  etching 
(ICP-RIE)  [22-27].  Optical  excitation  sources  with  photon  energies  higher  than  the  bandgap  energies  of 
the  semiconductors  have  been  applied  to  both  dry  and  wet  etching  methods.  The  photoassisted  dry¬ 
etching  method  [28]  involves  optical  radiation  of  the  sample  in  the  presence  of  reactive  gases.  Low 
energy  electron-enhanced  etching  (LE4)  [29]  is  a  dry  etching  method  where  electrons  with  energies  <  15 
eV  are  the  source  of  external  energy. 

Ion  milling  rely  on  physical  sputtering  to  achieve  etching  but  this  method  is  not  practical  for 
nitrides  because  of  low  etch  rates  and  high  ion-induced  damage  [6,7],  Therefore,  methods  of  dry  etching 
involving  chemical  mechanisms  in  addition  to  physical  sputtering  are  the  most  effective  for  device 
applications.  Of  these  techniques,  the  CAIBE,  RIE,  ECR-RIE,  and  ICP-RIE  have  been  the  most  widely 
investigated.  Tools  for  ECR-RIE  and  ICP-RIE  are  high-density-plasma  sy.stems  which  use  magnetic 
confinement  of  electrons  to  generate  very  high  ion  densities  (>5x10”  cm'^).  Although,  the  methods  for 
coupling  power  to  the  plasma  in  these  systems  are  different,  the  plasmas  have  similar  properties,  It 
should  also  be  noted  that  in  these  systems  the  rf  power  generators  for  controlling  the  ion  flux  and  for 
fixing  the  ion  energy  are  different.  This  de-coupling  allows  for  the  delivery  of  large  ion  fluxes  at  low 
energies  (or  biases)  onto  .samples.  This  enhances  etch  rates  and  prevents  excessive  lattice  damage  in 
comparison  to  conventional  RIE. 

Etch  Rates  and  Profiles 

The  chemistries  for  the  dry  etching  of  Ill-nitrides  are  mostly  halogen-based  with  the  most 
prevalent  being  chlorine-based.  A  summary  of  some  of  these  chemistries  along  with  the  etching  methods 
and  accompanying  etch  rates  are  presented  in  Table  I.  It  should  be  noted  that  a  direct  comparison  of  the 
etch  rates  in  Table  I  cannot  be  made  since  material  quality  and  etching  apparatus  can  differ  significantly. 

The  plasma  chemistries  in  Table  I  are  identical  to  those  utilized  for  conventional  compound 
semiconductors.  It  should  be  expected  that  etch  products  for  the  group-III  elements  should  therefore  be 
similar  in  both  cases.  For  nitrides  etched  in  Cl-based  gases,  the  etch-products  are  GaCL,  InCU,  and 
AlClx  for  the  Group  III  elements,  while  for  nitrogen,  it  could  be  NCl^  or  perhaps  free  Nj.  The  volatility 
of  these  products  is  aided  by  ion  bombardment.  However,  with  the  boiling  point  of  lnCl3  being  high  at  ~ 
600  °C,  other  gas  mixtures  involving  CH4  have  been  investigated.  The  potential  products  for  these 
mixtures  are  methyl-  or  ethyl-based  metal-organics  for  the  metals  along  with  NH3  for  nitrogen.  The 
boiling  point  of  (CH3)3Ga,  (CH3)3ln,  and  (CH3)3A1  are  <  150  °C,  and  are  therefore,  more  readily 
volatile.  Notwithstanding  the  similarities  in  terms  of  etch  chemistries,  we  note  that  the  high  bond 
energies  of  the  nitrides  degrade  their  etch  rates  in  comparison  to  those  of  other  compound 
semiconductors. 

The  etch  rates  reported  for  GaN  using  RIE  with  various  etch  chemistries  range  from  17  to  100 
nm/min  [11-15].  Etch  rates  were  found  to  depend  strongly  on  the  plasma  self-bias  voltage,  and 
essentially  independent  of  the  chamber  pressure  for  pressures  less  than  80  mTorr  [13],  The  higher  etch 
rates  were  obtained  at  high  plasma  dc  biases  from  -300  to  -400  V.  Anisotropic  etch  profiles  were 
obtained  in  all  cases  but  they  were  overcut  which  meant  that  physical  mechanisms  dominated  the 
etching.  In  conventional  RIE,  physical  and  chemical  components  of  etching  cannot  be  independently 


controlled.  This  impacts  the  shape  of  etch  profiles  significantly  especially  in  the  case  of  Ill-nitrides 
where  high  ion  energy  is  required  to  break  the  bonds. 


Table  L  Summary  of  etch  rates  for  various  dry  etching  methods. 
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In  CAIBE,  an  ion  beam  is  directed  onto  a  sample  in  a  reactive  gas  ambient.  The  ion  energy  and 
beam  current  can  be  controlled  while  the  flow  of  the  reactive  gas  can  also  be  controlled.  Therefore,  the 
physical  and  chemical  etching  components  can  be  controlled  independently.  Adesida  et  al.  [9]  have 
characterized  CAIBE  etching  using  Ar/Cb.  As  shown  in  Fig.  1,  the  etch  rates  of  GaN  for  500  eV  Ar  and 
a  flow  of  CI2  incident  on  GaN  increases  with  ion  beam  density  at  room  temperature  in  curve  (b).  Etch 
rates  as  high  as  160  nm/min  was  achieved;  this  is  enhanced  in  comparison  to  the  etch  rates  obtained  with 
At  ion  beam  as  shown  in  curve  (a).  The  enhancement  is  due  to  the  chemical  component  brought  about 
by  the  presence  of  the  chlorine  atoms.  Another  enhancement  is  observed  for  CAIBE  at  200  ®C  where  it 
has  been  ascertained  that  the  thermal  energy  contributed  primarily  to  the  chemical  etching  mechanisms. 
CAIBE  etch  rates  as  high  as  100  nm/min  for  GaN  at  room  temperature  have  also  been  reported  by 
Kneissl  et  al.  [30].  The  trend  for  CAIBE  etch  rates  of  GaN  has  strong  dependence  on  ion  density  and  ion 
energy  and  moderate  dependence  on  temperature  and  gas  flow  rate.  The  etch  rates  of  AlxGai.xN 
diminished  linearly  from  x  =  0  to  1  at  room  temperature  [9],  However,  the  etch  rates  for  x  <  0.1  were  not 
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Fig.  I.  Etch  rate  of  GaN  vs  Ar  ion  current.  ^ 

significantly  different,  therefore  heterostructures  such  as  those  utilized  for  lasers  can  essentially  be 
etched  at  equi-etch  rates.  Ar/Cb  CAIBE  etching  produced  ani.sotropic  but  only  near-vertical  etch  profiles 
[9,31]  at  all  substrate  temperatures.  The  profiles  were  more  vertical  at  higher  temperatures  due  to 
increased  chemical  activities  during  etching  [8,9].  In  order  to  achieve  the  verticality  necessary  for  laser 
facets,  Binet  [31]  and  Kncissl  et  al.  [30]  tilted  and  rotated  their  samples  while  etching.  InGaN/AlGaN 
laser  diodes  with  CAIBE-etched  facets  have  been  fabricated  and  demonstrated  using  this  method  by 
Kneissl  et  al.  [30].  Elighly  vertical  etch  profiles  have  also  been  obtained  by  Ping  et  al.  [8]  using  Ar/HCi 
CAIBE  at  300  °C  with  no  tilting  of  samples.  An  example  of  such  a  vertical  etch-profilc  produced  in  an 
AlGaN/GaN  hetero.structurc  is  shown  in  Fig.  2.  The  ultra-smooth  sidewall  demonstrated  in  Fig.  2  was 
obtained  using  a  regrown  oxide  masking  process  [32].  The  sidewall  roughness  was  <  5  nm  as  measured 
in  a  scanning  electron  microscope. 

High  etch  rates  and  highly  ani.sotropic  etch  profiles  have  been  obtained  using  high-density 
plasma  reactive  ion  etching  techniques.  The  high  etch-rates  produced  by  ECR-RIE  and  ICP-RIE 
methods  are  due  to  the  higher  plasma  density  available.  The  etch  yields  in  the  high-density  plasma  tools 
are  the  same  as  tho.se  in  conventional  RIE  system,  but  the  much  larger  ion  fluxes  in  the  former  lead  to 
higher  etch  rates.  The  higher  efficiency  of  plasma  generation  also  means  that  plasma  can  be  generated 
and  su.stained  in  a  higher  vacuum  environment  than  possible  for  conventional  RIE  tools.  The 
independent  biasing  of  the  sample  with  13.56  MHz  generator  provides  for  the  control  of  the  energy  at 
which  ions  bombard  the  sample  in  high-density  plasma  etching  tools.  The  directionality  of  low  energy 
ions  is  preserved  due  to  higher  vacuum  environment.  This  means  that  anisotropy  can  be  achieved  for 
etch  profiles  at  lower  ion  energies, 

A  large  body  of  work  exists  for  ECR-RIE  etching  of  Ill-nitrides  [16-21].  Various  chemistries 
involving  chlorine  and  methane-based  ga.ses  have  been  investigated  as  shown  in  Table  I.  Etch  rates  for 
GaN  ranging  from  20  to  200  nm/min  have  been  obtained  for  operating  pressures  between  1  to  10  mTorr 
and  ion  energies  <  -300  V.  Corresponding  etch  rates  for  InN  and  AIN  are  comparable  or  lower  than  for 
GaN.  For  example,  etch  rates  of  200,  150,  and  110  nm/min  were  reported  for  GaN,  InN,  and  AIN, 
respectively,  using  CE/Hi/Ar  plasma  at  a  bias  of  -180  V  [19].  The  inclusion  of  Hi  in  the  plasma  was 
found  to  increase  etch  rates  and  also  improve  surface  morphology.  This  was  achieved  by  the  removal  of 
nitrogen  through  the  formation  of  NH,  products.  In  order  to  obtain  even  higher  etch  rates,  novel  gases 
such  as  ICl/Ar,  IBr/Ar  have  been  inve.stigated  [20,21].  High  etch  rates  of  1300,  1 150,  and  200  nm/min  in 


ICl/Ar  plasma  have  been  obtained  for  GaN,  InN,  and  AIN,  respectively.  Highly  anisotropic  profiles  were 
routinely  obtained  using  ECR-RIE. 

Another  high-density  plasma  source  is  the  ICP-RIE.  ICP-RIE  sources  are  easier  to  scale  up  than 
ECR  sources  and  are  more  economical  to  operate  [25].  These  factors  have  led  to  the  investigation  of 
ICP-RIE  for  Ill-nitrides  in  various  plasmas  [22-27].  As  expected,  high  etch  rates  and  etch  profiles  with 
high  anisotropy  have  been  demonstrated.  Etch  rates  of  GaN  as  high  as  688  nm/min  at  -280  V  [25]  and 
980  nm/min  at  —450  V  [27]  have  been  reported  for  Cl2/H2/Ar  and  CVAr  plasmas,  respectively.  A  GaN 
etch  rate  of  850  nm  was  obtained  using  BCI3/CI2  plasma  at  -120  V  and  30  mTorr  [26],  Etch  rates  for 
InN,  AIN,  and  various  mole  fractions  of  AlInN  and  AlGaN  have  also  been  reported  [33],  Etch 
selectivities  between  these  various  materials  have  been  reported  for  different  gas  mixtures  including 
CI2/SF6  [23],  Selectivities  of  5  and  3  were  reported  for  GaN  on  AIN  and  GaN  on  InN,  respectively,  using 
Cb/Ar  at  -250  V  [34].  Corresponding  selectivity  results  for  Cb/SFa  at  -  250  V  were  <  1  for  GaN/AlN 
and  4  for  GaN/InN,  respectively  [23].  It  would  be  expected  that  the  formation  of  AIF  or  InF  should 

retard  the  etching  of  the  AIN,  InN  and  the  ternaries, 
however,  the  dc  biases  used  for  the  etching  were 
relatively  high.  The  high  dc  bias  cause  physical 
sputtering  of  the  etch-stopping  material  leading  to 
low  selectivity  values.  The  best  reported  selectivity 
for  GaN  on  AIN  of  38  was  obtained  using  Cb/Ar 
mixture  at  -20  V  bias  [27]. 

Highly  anisotropic  profiles  with  smooth 
sidewalls  in  GaN  have  been  reported  by  Shul  et  al. 
[25].  A  vertical  etch  profile  with  ultra-smooth 
sidewall  in  InGaN/ AlGaN  hetero structure  obtained 
with  a  regrown  oxide  mask  is  shown  in  Fig.  3  [32]. 
This  was  obtained  using  Cb/Ar  plasma  at  2  mTorr 
and  -160  V  in  a  Plasmatherm  SLR  790  ICP  tool. 
These  results  have  direct  applications  to  laser 
facets. 


Fig.  3.  InGaN/AIGaN  laser  facet  etched  by  ICP-RIE 


Damage 

Etch-induced  damage  can  be  manifested  in  different  forms,  all  of  which  may  affect  the  electronic 
and  optical  properties  of  devices  fabricated  on  the  etched  materials.  The  forms  in  which  damage  can  be 
categorized  include:  i)  deposition  of  polymer,  ii)  creation  of  non-stoichiometric  surfaces  due  to 
preferential  depletion  of  one  of  the  elements,  iii)  creation  of  near-surface  lattice  defects  which  can 
diffuse  deep  into  the  sample,  and  iv)  implantation  of  etching  species  or  hydrogen  into  the  etched 
material.  The  few  investigations  that  have  been  reported  in  this  area  measure  electrical  characteristics  of 
the  etched  samples.  Pearton  et  al.  [35]  performed  Hall  measurements  on  InN,  InGaN,  and  InAlN 
exposed  to  Ar  plasma  under  both  ECR  and  conventional  RIE  conditions.  It  was  found  that  the  sheet 
resistances  of  the  samples  increased  with  increasing  ion  flux  and  ion  energy.  Ping  et  al.  [36]  investigated 
the  Schottky  characteristics  of  Pd  on  etched  n-GaN  layers.  The  samples  were  etched  by  RIE  in  SiCL  and 
Ar  plasmas.  Etching  in  SiCb  plasmas  degraded  the  Schottky  barrier  heights  significantly  for  self-bias 
voltages  above  -200  V.  The  barrier  height  decreased  from  0.93  eV  to  0.41  eV.  A  more  severe 
degradation  to  0.38  eV  occurred  for  Ar  plasma  at  -100  V.  Annealing  at  700  °C  was  able  to  restore  the 
barrier  height  of  the  SiCb-etched  sample. 

The  etch-induced  degradation  was  utilized  by  Fang  et  al.  [37]  to  improve  the  ohmic 
characteristics  of  Ti  and  Ti/Al  on  n-GaN  layers.  The  samples  were  etched  by  RIE  in  BCI3  prior  to  metal 


deposition.  It  has  also  been  found  that  etching  with  SiCU  RIE  improved  ohmic  characteristics  under  all 
investigated  conditions  [38],  This  can  be  explained  by  the  depletion  of  nitrogen  which  leaves  excess 
metallic  Ga  on  the  etched-surface.  This  change  in  stoichiometry  renders  the  surface  highly  n-type, 
enhancing  ohmic  formation  while  degrading  Schottky  characteristics.  The  low  bias  etching  that  can  be 
obtained  using  ICP-RIE  and  LE4  needs  further  investigations  for  realizing  etched  surfaces  with  low 
damage. 

WET  ETCHING 


Wet  etching  is  an  important  complement  to  dry  etching  methods  by  providing  low  damage 
etching,  low  cost,  and  complexity.  Conventional  wet  etching  of  GaN,  AIN,  and  InN  has  been  studied  in 
base  and  acid  solutions  [39-43].  Earlier  studies  [39]  conducted  on  low  quality  GaN  produced  etch  rates 
as  high  as  1  pm/min.  However,  recent  studies  by  Mileham  et  al.  [40]  did  not  produce  any  measurable 
etching  for  high  quality  GaN.  Slow  etch  rates  have  also  been  recorded  for  InN.  Pearton  et  al.  [41]  found 
that  InN  etched  very  slowly  in  HCl/HNO.^  solutions.  Guo  et  al.  [42]  reported  etch  rates  of  ~  10  nm/min 
for  InN  using  aqueous  KOH  and  NaOH  solutions  at  60  °C.  The  etching  of  AIN  was  found  to  be  highly 
dependent  on  the  crystallinity  of  the  sample  [39].  Etch  rates  ranging  from  10  to  1000  nm/min  for  AIN  in 
KOH  and  AZ400K  developer  solution  were  reported  by  Mileham  et  al.  [39,43].  The  lower  end  of  the 
etch  rates  were  obtained  for  high  quality  crystalline  AIN.  It  can  be  concluded  that  chemical  stability 
exhibited  by  Ill-nitrides  has  resulted  in  very  low  etch  rates  with  conventional  wet  etchants. 


Photoelectrochemical  wet  etching 


r(Ah 


A  recent  development  is  the  demonstration  of  photoelectrochemical  (PEC)  wet  etching  which 
has  resulted  in  significantly  higher  etch  rates  for  GaN  [44-53].  The  PEC  process  utilizes  photogenerated 
electron-hole  pairs  to  enhance  oxidation  and  reduction  reactions  taking  place  in  an  electrochemical  cell. 
The  etching  of  n-GaN  proceeds  through  surface  oxidation  followed  by  dissolution  in  aqueous  solutions. 
This  process  is  enhanced  by  the  photogenerated  holes  by 
converting  surface  atoms  to  higher  oxidation  states. 

Increasing  absorption  of  incident  optical  radiation  with 
energy  greater  than  the  bandgap  energy  increase  the 
supply  of  holes  at  the  surface,  thereby  enhancing  the  etch 
rates. 

Min.sky  et  al.  [44]  first  demonstrated  PEC  etching 
of  n-GaN  using  KOH/HiO  and  dilute  HCl  solutions. 

They  utilized  HeCd  laser  at  325  nm  wavelength  for 
illuminating  n-GaN  samples  at  light  intensities  of  ~  570 
mW/cm^.  The  GaN  sample  was  connected  to  a  Pt 
cathode  during  etching  with  no  external  bias  applied. 

Etch  rates  of  ~  400  nm/min  and  40  nm/min  were 
obtained  for  the  KOH  and  HCl  solutions,  respectively. 

No  etching  was  observed  in  the  absence  of  optical 
illumination.  Youtsey  et  al.  [45]  have  demonstrated  the 
etching  of  n-GaN  in  KOH  solutions  using  a  broad-area 
Hg  arc  lamp.  The  electrochemical  cell  utilized  by 
Youtsey  et  al.  [45]  is  illustrated  in  Fig.  4.  A  Pt  wire  was 
used  as  the  system  cathode  and  a  thin  Ti  (<  100  nm) 
metal  was  used  as  the  mask.  For  a  0.04  M  KOH  solution 
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Fig.  4.  Photoelectrochemical  wet  etching 
apparatus. 


and  for  light  intensities  between  10  and  50 
mW/cm^,  etch  rates  were  proportional  to  the 
light  intensity  and  varied  from  50  to  300 
nm/min.  Highly  anisotropic  etch  profiles  as 
shown  in  Fig.  5  were  obtained  with  the  rough  . 
surfaces  attributed  to  defects  in  the  sample.  ,  “ 

However,  under  conditions  of  very  low  KOH  ^ 
concentrations  (<  0.01  M)  and  high  light  ' 
intensities,  anisotropic  etch  profiles  with  very 
smooth  surfaces  were  obtained  by  Youtsey  et  ‘ ; 
al.  [46].  The  reaction  kinetics  in  the  latter 
etching  is  believed  to  be  diffusion-controlled.  , 

Using  similar  etching  procedure  in  KOH 

solutions,  Cho  et  al.  [47]  reported  etch  rates  pig.  5.  mgUy  anisotropic  GaN  structures  by  PEC 
greater  than  100  nm/min  and  an  activation  etching 

energy  of  ~  0.8  kCal.mof'  under  diffusion- 
controlled  kinetics. 

Lu  et  al.  [48]  reported  on  photo-assisted  anodic  etching  of  n-GaN  in  solutions  of  tartaric 
acid/ethylene  glycol  at  room  temperature.  Etch  rates  as  high  as  160  nm/min  were  obtained  for  Hg  arc 
lamp  illumination  of  ~  60  mW/cm^.  Etch  rates  were  found  to  be  strongly  dependent  on  the  pH  of  the 
solutions.  Peng  et  al.  [49]  have  also  reported  on  the  strong  pH  dependence  of  etch  rates  of  n-GaN  in 
aqueous  H3PO4  and  KOH  solutions.  Etch  rates  as  high  as  120  nm/min  were  obtained  for  H3PO4  solution 
of  pH  =1  and  KOH  solution  of  pH  =  14,  Current- controlled  PEC  etching  of  n-GaN  in  KOH  solutions 
under  HeCd  laser  illumination  has  been  reported  by  Rotter  et  al.  [50].  Etch  rates  of  up  to  8  pm/hr  were 
obtained  with  smooth  “mirror-like”  etched  surfaces. 

Youtsey  et  al.  [51]  have  demonstrated  selective  PEC  etching  of  n-GaN  on  p-GaN  in  KOH 
solutions.  No  etching  was  detected  for  the  p-GaN.  However,  O  et  al.  [52]  have  demonstrated  the  etching 
of  p-GaN  and  InGaN  in  an  LED  structure  using  pulsed  electrochemical  methods  in  H3P04/ethylene 
glycol/H20  solutions. 

In  addition  to  the  etching  of  GaN  required  for  device  fabrication,  it  has  been  shown  that  PEC  can 
also  reveal  dislocations  in  n-GaN.  Rotter  et  al.  [50]  observed  etch  pits  with  hexagonal  symmetry  and 
with  a  density  in  the  range  of  5  x  10®  to  1  x  10'°  cm'^,  corresponding  to  the  dislocation  density  of  the 
films.  Perhaps,  the  most  striking  results  reported  so  far  in  this  area  pertains  to  the  nanometer-scale 

“whisker- like”  features  obtained  using  border¬ 
line  diffusion-controlled  etching  conditions  [53]. 
Figure  6  shows  a  scanning  electron  micrograph 
of  “whiskers”  obtained  by  etching  n-GaN  in 
0.02  M  KOH  with  a  light  intensity  of  10 
mW/cm^.  The  whiskers  have  diameters  of  ~  25 
nm  and  lengths  of  -200  nm.  Taller  whiskers 
have  been  produced,  however,  at  heights 
approaching  1  um,  they  coalesce  forming  tree¬ 
like  features.  Figure  7  (a)  shows  a  cross- 
sectional  transmission  electron  micrograph 
(TEM)  of  the  whiskers  at  low  magnification. 
Both  the  whiskers  and  dislocations  in  the 
underlying  unetched  GaN  are  illustrated.  At  high 
Fig.  6.  Nanometer  ^ale  whiskers  in  GaN  obtained  by  magnification,  propagation  of  dislocations  from 

the  unetched  GaN  into  the  etched  whiskers  is 


Fig.  6.  Nanometer  scale  whiskers  in  GaN  obtained  by 
PEC  etching. 


100  nm 
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Fig.  7.  (a)  Cross-sectional  TEM  of  etched  GaN  with  whisker  morphology,  (b)  higher  magnification  showing 
propagation  of  dislocations  through  the  whiskers. 

demonstrated  in  Fig.  7  (b).  Both  mixed  (m)  and  edge  (e)  dislocations  are  associated  with  whisker 
formation  as  shown  in  the  figure.  The  reduced  etch  rates  at  dislocations  leading  to  whisker  formation 
could  arise  due  to  a  number  of  different  effects  [53].  Based  on  the  mechanism  of  etching,  it  can  be 
proffered  that  a  spatially  varying  concentration  of  photogencrated  holes  exists  on  the  GaN  surface. 
Weimann  et  al.  [54]  have  modeled  dislocations  as  negative  charged  coulombic  centers  in  explaining  the 
low  transverse  Hall  mobilities  in  n-GaN,  These  negative  charge  centers  can  become  sinks  for 
photogenerated  holes  thereby  locally 
depressing  the  concentration  of  holes  that 
can  participate  in  the  etching.  This  would 
result  in  the  lateral  selective  etching  of  the 
crystalline  over  dislocation  areas  in  the  n- 
GaN. 

As  seen,  under  certain  PEC  etching 
conditions,  dislocations  are  isolated  on  n- 
GaN.  With  the  diameter  of  individual 
dislocation  “whiskers”  less  than  50  nm,  a 
plan  view  of  a  dislocation  in  a  scanning 
electron  microscope  will  be  a  spot  or  dot. 

Therefore  an  aerial  image  over  a  large  area 
will  result  in  the  “star  map”  as  shown  Fig.  8. 

The  counting  of  dots  in  a  fixed  area  of  the 
map  yields  the  dislocation  density  of  the  „rdi,totions  in  GaN  on  SIC. 

material.  Figure  8  shows  the  dislocation 

map  of  a  high  defect  density  MOCVD-grown  n-GaN  on  SiC.  The  sample  was  etched  in  0.004  M  KOH 
under  30  mW/cm^  light  intensity  for  15  min.  The  dislocation  density  is  estimated  from  the  figure  to  be 
3.2  x  10^  cm'^.  This  estimation  has  been  verified  using  TEM.  It  is  seen  that  PEC  method  can  be  utilized 
for  a  rapid  evaluation  of  dislocation  densities  in  n-GaN  materials.  This  method  is  less  tedious  than  the 
conventional  TEM  method  of  assessing  dislocation  densities. 


SUMMARY 


Dry  and  wet  etching  methods  for  Ill-nitrides  have  been  reviewed.  Although  the  high  bonding 
energies  have  constituted  obstacles  to  the  etching  of  the  nitrides,  high-density-plasma  etching  methods 
have  yielded  etch  rates  that  are  suitable  for  device  fabrication.  The  low  bias  voltages  enabled  by  these 
high-density-plasma  etching  methods  should  allow  low  damage  etching  of  nitride  surfaces.  More  efforts 
are  required  in  this  area  to  quantify  the  processing  latitude  provided  by  techniques  such  as  the  ICP-RIE. 
The  photoelectrochemical  etching  method  has  been  shown  to  be  an  emerging  method  for  device 
fabrication  and  material  characterization.  The  PEC  was  shown  to  have  the  potential  of  becoming  a  rapid 
evaluation  tool  for  dislocations  in  n-GaN. 
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ABSTRACT 

In  this  paper,  we  discuss  the  issue  of  fabricating  reliable  and  reproducible  ohmic  contacts 
on  AlGaN  HFET  structures.  During  the  course  of  our  investigation  of  fabricating  contacts  to 
HFETs,  we  found  that  the  contact  properties  could  vary  significantly  from  one  sample  to  another, 
even  though  they  were  nominally  the  same.  This  problem  was  prominently  manifested  in  the 
ohmic  contact  behavior.  The  origin  of  this  problem  was  traced  back  to  the  variation  of  the  HFET 
structure  during  growth.  In  this  paper,  we  report  an  attempt  to  fabricate  reproducible  ohmic 
contacts  of  these  structures. 


I.  INTRODUCTION 

Contact  behavior  is  an  important  issue  in  device  design  and  performance.  In  our 
laboratory,  we  have  made  an  attempt  to  study  the  contact  properties  on  GaN,  AlGaN  and 
AlGaN/GaN  HFET  structures  in  a  systematic  manner.  We  found  that  the  Schottky  barrier 
heights,  (|)b",  between  n-GaN  and  n-Alo.15Gao.85N  differ  by  about  0.3  eV.  For  example,  the 
barrier  height  of  Ni  on  GaN  is  -0.95  eV  and  that  on  Alo.15Gao.85N  is  -1.27  eV^^^  These  are  the 
average  values  (I-V  and  C-V)  obtained  on  bulk  samples,  i.e.,  the  layer  thickness  of  GaN  and 
AlGaN  exceeds  1  pm.  The  barrier  height  of  Ni  on  HFET  structure  i.e.,  Alo.15Gao.85N  (300 
A)/3pm  GaN  (undoped),  cannot  be  ascertained  using  the  conventional  I-V  and  C-V  methods  due 
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to  the  presence  of  the  piezoelectric  donor  charge  at  the  AlGaN/GaN  interface’^’.  Internal  photo 
emission  is  an  alternative  way  to  determine  the  Schottky  barrier  height  of  a  metal/AlGaN/GaN 
heterostructure.  In  our  laboratory,  we  have  measured  the  barrier  height  of  Ni  of  Alo.isGao  g^N 
(300  A  and  500  A)/GaN  using  the  internal  photo  emission  technique  and  obtained  a  barrier 
height  of  ~1.30  eV,  independent  of  the  AlGaN  layer  thickncss^‘^1  This  value,  well  within  the 
experimental  scattering  range,  is  considered  to  be  consistent  with  the  value  obtained  on  bulk 
Alo.15Gao.85N  samples.  As  the  mole  fraction  of  A1  in  the  AlGaN  top  layer  changes  to  30%,  the 
barrier  height  is  seen  to  increase  further  to  -1.56  eV  (see  Table  1).  These  results  suggest  that  the 
Schottky  barrier  of  HFET  structures  is  largely  determined  by  the  upper  most  AlGaN  layer  and 
that  the  barrier  height  appears  to  increase  between  0.25  to  0.3  eV  for  every  15%  increment  in  A1 
mole  fraction  in  the  AlGaN  layer  up  to  30  %  of  Al.  More  work  is  needed  to  correlate  the  barrier 
height  and  the  Al  mole  fraction  in  detail. 


Table  1.  Summary  of  Schottky  barrier  height^^* 


Metal 

Material 

Ideality 

n  factor 

q<l>b  (I-V) 
(eV)“ 

qiK  (I-V) 
(eV)"' 

q()>b  (C-V) 
(eV) 

q4>b  (photo) 
(eV) 

Ni 

Bulk  AlGaN^'’^ 

1.23 

1.03 

1.25 

1.26 

1.28 

Ni 

GaN 

1.14 

0.84 

0.95 

0.96 

0.91 

Ni 

HFET^‘^^ 

1.31 

Ni 

HFET^^^^ 

1.56 

Ti 

Bulk  AlGaN^^^ 

1.08 

0.79 

0.84 

1.10 

Ti 

GaN 

1.08 

0.60 

0.65 

0.68 

^^^The  data  (I-V  and  C-V)  are  the  average  value  from  15  diodes;  the  standard  deviation  is  about 
0.05  for  both  of  the  n  factor  and  the  barrier  heights. 

^^’^Al  mole  fraction  was  15%  in  the  AlGaN  samples. 

^‘'^Alo.isGao.s.sN  (300  A  or  500  A)/3pm  undoped  GaN. 

Alo.3Gao.7N  (500  A)/3pm  undoped  GaN. 

Calculated  from  Equation  1 ; 


(1) 


Calculated  from  Equation  1  and  corrected  by  equation  2; 
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(2) 


We  have  also  been  investigating  the  ohmic  behavior  on  the  III-V  nitrides.  Of  particular 
interest  to  us  was  understanding  how  to  fabricate  low  resistance  and  reproducible  ohmic  contacts 
on  HFET  structures.  During  the  course  of  the  study,  we  found  that  the  ohmic  behavior  varied 
significantly  from  one  wafer  to  another,  even  though  these  wafers  were  nominally  the  same,  i.e., 
n-  Alo.15Gao.85N  (300  A)/  Alo.15Gao.85N  (30  A,  undoped)/i-GaN(l  pm).  Table  2  shows  the  results 
of  the  measured  contact  resistivity  on  four  different  wafers  with  nominally  the  same  structure. 
The  nsp  product,  extracted  from  Hall  effect  measurements,  is  the  usual  parameter  that 
characterizes  the  HreT  samples  (see  Table  2).  For  samples  with  a  large  value  of  nsp  product, 
the  contact  resistance  should  be  low,  compared  to  samples  with  a  small  UsP  value,  at  least  in 
principle.  This  is  because  the  Usp  product  is  believed  to  indicate  good  electrical  conduction  in 
the  channel  region  and  should  lead  to  low  ohmic  contact  resistance.  According  to  this  idea, 
sample  #4,  in  Table  2  should  yield  the  lowest  contact  resistance,  since  it  had  the  largest  value  of 
nsp;  and  sample  2  with  the  smallest  nsp  should  yield  the  largest  contact  resistance.  Contact 
resistance  measurement  using  the  TLM  method  indicated  that  sample  #4  had  the  highest  contact 
resistivity  (2.07E-3  H-cm^),  and  sample  #2  had  a  low  contact  resistivity  of  4E-6  Q-cm^.  This 
behavior  was  not  expected  and  could  not  be  explained  by  the  nsp  product  value  alone. 


Table  2.  Contact  resistance  and  parameters  of  nominally  the  same  AlGaN/GaN  HFET  structures 
_ (AlQ.i5Gao.85N(300  A)/GaN(l  pm)/sapphire)^^^ _ 

Samples  Usp 


t  (c) 


El  6  (V-s)‘^  Q-mm  Q-cm^ 


Q/D 


A1  fraction  in  the  AlGaN  Thickness  of  the  AlGaN 
layer,  %  layer,  A 


SIMS^"^ 

EDX^^ 

SIMS 

TEM^®^ 

#1 

1.20 

0.22 

8.60E-7 

830 

9 

11-15.2 

220 

210 

#2 

0.74 

0.50 

4.00E-6 

990 

10 

--25.3 

360 

280 

#3 

1.09 

3.73 

2.05E-4 

770 

15 

22-25.4 

360 

280 

#4 

1.34 

15.25 

2.07E-3 

1190 

22 

30 

600 

340 

^'^^The  contact  metallization  was  Al(710  A)/Ti(300  A)/HFET  annealed  at  950  ®C  for  80  seconds 
in  flowing  N2.  The  thickness  of  AlGaN  and  the  A1  fraction  can  vary  significantly  from  one 
sample  to  another,  even  though  they  were  nominally  the  same.  These  parameters  can  also  vary 
but  to  a  lesser  extent  when  different  analytical  methods  were  used  for  the  same  sample. 


^^^Rci  Contact  resistance. 


Specific  contact  resistivity, 
sheet  resistance. 

^®^SIMS:  Secondary  ion  mass  spectroscopy. 

^^EDX;  Energy  dispersive  x-ray. 

^^^TEM:  Transmission  electron  microscopy. 

Structural  and  chemical  analysis  of  the  samples  showed  that  these  four  nominally  identical 
samples  were  in  fact  very  different  in  the  A1  mole  fraction  and  in  thickness  in  the  AlGaN  layer. 
Sample  #4  had  an  A1  mole  fraction  of  22%  (SIMS  value,  believed  to  be  more  accurate  than 


EDX)  in  the  AlGaN  layer  with  a  thickness  of  340  A  (TEM  value,  believed  to  be  more  accurate 
than  SIMS).  This  sample  had  the  largest  contact  resistivity  (2E-3  Q-cm^).  Sample  #1  had  an  A1 
mole  fraction  of  9%  in  the  AlGaN  layer  with  a  thickness  of  210  A,  and  yielded  the  smallest 
contact  resistivity  (8.6E-7  Q-cm^).  Table  2  suggests  that  the  contact  behavior  is  primarily 
governed  by  the  Al  mole  fraction  and  the  thickness  of  the  top  AlGaN  layer  in  these  nominally 
identical  samples.  This  observation  led  us  to  conclude  that  the  control  of  the  growth  of  the 
HFET  samples  is  far  from  satisfactory.  We,  further,  assume  that  sample  non-uniformity  is  a 
common  problem  in  almost  all  nitride  growth  systems. 


n.  APPROACHES  TO  FABRICATE  LOW  RESISTANCE-CONTACT  IN  A  MORE 
CONSISTENT  MANNER 


We  considered  two  approaches  to  improve  the  consistency  of  low  resistance  contact 
behavior  in  HFET  structures  where  sample  non-uniformity  is  expected.  The  first  approach  was 
to  use  Si  implantation  into  the  HFETs  to  increase  the  electron  concentration  to  facilitate  carrier 
tunneling  across  the  contact''*'^'.  We  picked  sample  #4  (the  worst  case)  in  Table  2  as  a  test 
vehicle  to  examine  the  implantation  approach;  we  assumed  that  if  the  contact  behavior  on  sample 
#4  could  be  improved,  then  all  other  samples  could  be  improved  using  the  same  approach.  In 
using  this  approach,  we  divided  sample  #4  into  two  groups.  For  group  1  (samples  #4C-1  and 
#4A-1),  Si^  was  directly  implanted  into  the  HFET  structure  at  40  keV  with  a  dose  of  IE  16  cm'^. 
The  projected  range,  Rp,  was  estimated,  using  TRIM96,  to  be  about  600  A  into  the  sample  with  a 
peak  concentration  of  about  1.4E21cm‘^.  After  implantation,  a  layer  of  AIN,  used  as  a  capping 
layer  for  dopant  activation,  with  a  thickness  of  about  1800  A  was  sputter-deposited  onto  the 
samples.  For  group  2  (samples  #4C-2  and  #4A-2),  a  layer  of  1800  A  thick  AIN  was  first 
deposited  onto  the  samples,  followed  by  Si  implantation  through  the  AIN  layer  at  120  keV  with  a 
dose  of  lE16cm'^.  The  estimated  location  of  the  peak  concentration  (6.2E20cm'^)  was  about  340 
A  into  the  HFET  sample.  The  advantage  of  implanting  through  the  AIN  capping  layer  was  the 
ability  to  place  the  Rp  closer  to  the  HFET  surface  region;  the  disadvantages  include  the  loss  of 
some  implanted  Si  ions  when  the  AIN  capping  layer  is  removed  and  the  possibility  of  ion-mixing 
some  Al  into  the  AlGaN  layer,  thus  changing  the  HFET  top  layer  composition.  Samples  #4C-1, 
4C-2,  4A-1  and  4A-2  were  then  annealed  at  1150  °C  for  30  seconds  to  activate  the  implanted  Si, 
followed  by  removing  the  AIN  capping  layer  using  hot  phosphoric  acid.  TLM  patterns  were  then 
fabricated  for  contact  resistance  measurements.  A  conventional  Al  (710  A)/Ti(300  A)/HFET‘^' 
metallization  was  e-beam  deposited  onto  the  two  groups  of  implanted  samples.  The  samples 
were  coated  with  AIN  (-1000  A  thick)  as  an  encapsulation  layer  to  prevent  the  oxidation  during 
ohmic  annealing. 

It  has  been  shown  that  Ti-based  metallization  schemes  reduce  contact  resistance  by 
forming  a  metallic  AlTi2N  layer  with  AlGaN,  leaving  an  N-deficient  AlGaN  region,  believed  to 
be  heavily  n-type,  beneath  the  AlTi2N  contact  layer*^’.  Fig.  1(a)  shows  a  cross-sectional  electron 
microscopy  image  of  sample  #4C.  The  contact  layer  contains  two  sublayers  of  different  contrast 
due  to  different  Al/Ti  ratio  in  the  sublayers.  EDX  analysis  indicates  that  the  composition  of  the 
top  sublayer  is  close  to  Al3Ti,  in  good  agreement  with  previous  results,  while  the  interfacial 
layer  (with  darker  shading)  is  rich  in  Ti  (with  Ti/Al  -  2).  Table  3  shows  the  contact  resistance 
for  the  conventional  metallization  (Al  (710  A)/Ti  (300  A)/HFET)  on  non-implanted  samples 
(sample  #4C),  direct  implanted  samples  (sample  #4C-1)  and  implanted  through  the  AIN  (sample 
#4C-2). 


Table  3.  Contact  Resistance  for  the  conventional  metallization  (  Al(710A)/Ti(300A))^^^ 


Rc 

Q-mm 

ps 

Q-cm^ 

Rs 

n/D 

#4C 

No  implantation 

15+3 

(2.1+0.8)E-3 

1200+300 

#4C-2 

120  keV,  1E16  cm‘^,  implantation  through  AIN 

4.9+0.2 

(1.9+0.6)E-3 

140+40 

#4C-1 

40  keV,  1E16  cm'^,  direct  implantation 

1. 1+0.1 

(1.4±0.4)E-4 

90+15 

^®^The  implantation  activation  was  done  at  1150  °C  for  30  seconds  with  an  AIN  capping  layer  in 
flowing  N2.  The  contact  formation  was  done  at  950  ”C  for  80  seconds. 


It  is  clear  that  direct  implantation  and  activation  at  1150  °C  for  30  seconds  significantly 
reduced  the  sheet  resistance  of  the  HFET  from  1200  O/D  to  90  Q/D,  in  spite  of  the  relatively 
low  activation  temperature  of  1150  °C.  As  a  result,  the  contact  resistance  Rc  reduced  from  ~15 
Q-mm  (non-implanted  sample)  to  ~1.1  O-mm  for  directly  implanted  samples.  This  is  because  Rc 
is  related  to  the  sheet  resistance  by  the  following  relationship; 


(3) 


where  Rc  (Q-mm)  is  the  contact  resistance,  Rs  (Q/D)  is  the  sheet  resistance  of  the  semiconductor 
beneath  the  contact  and  ps  (H-cm^)  is  the  specific  contact  resistivity  at  the  metal/semiconductor 
interface.  While  the  values  of  Rc  for  the  implanted  samples  seemed  to  decrease  substantially, 
depending  on  the  implantation  scheme,  compared  to  those  of  non-implanted  samples,  the  specific 
contact  resistivity,  ps,  did  not  decrease  as  impressively.  This  is  primarily  due  to  the  inability  of 
carrier  tunneling  through  the  remaining  un-reacted  AlGaN  layer,  using  a  relatively  thin  Ti(300A) 
in  the  metallization  scheme.  Increasing  the  annealing  time  at  950  °C  with  and  without  an  AIN 
capping  layer  did  not  improve  the  contact  further  beyond  80  seconds  of  annealing,  apparently  the 
reaction  has  reached  an  end  point  after  80  seconds  of  annealing. 

To  improve  the  specific  contact  resistivity,  ps,  it  is  necessary  to  reduce  the  thickness  of  the 
un-reacted  AlGaN  layer  for  easier  access  to  the  GaN  layer  underneath.  Based  on  this  concept, 
we  used  a  different  Al(200  A)/Ti(1500  A)  ratio  for  the  contact  formation.  In  this  case,  the  Ti 
layer  was  much  thicker  and  would  consume  more  AlGaN  to  form  AlTi2N,  thereby  resulting  in  a 
much  thinner  (or  none  at  all)  un-reacted  AlGaN  for  easy  carrier  tunneling.  This  scheme  is 
referred  to  as  the  “advancing  metallization”  here.  In  the  conventional  scheme,  710  A  of  A1  reacts 
with  250  A  of  Ti  to  form  AlsTi  at  250  “C  to  300  °C,  leaving  an  excess  Ti  layer  50  A  thick  to  react 
with  the  AlGaN  layer.  For  samples  with  thicker  AlGaN  layers  (>300  A)  and  with  a  high  A1 
fraction  (>20%),  the  conventional  Al(710  A)/Ti(300  A)  metallization  does  not  yield  satisfactory 
contact  resistance.  There  may  be  two  possible  reasons  for  this:  (1)  the  chemical  reactivity 
decreases  with  increasing  A1  fraction  in  the  AlGaN  layer,  since  AIN  appears  to  be  more  stable  at 
high  temperatures  than  GaN;  (2)  for  thick  AlGaN  with  a  high  A1  fraction,  50  A  of  excess  Ti  is 


not  enough  to  consume  most  of  the  AlGaN  top  layer,  leaving  a  relatively  thick  un-reactcd  AlGaN 
layer  at  the  interface  to  hinder  carrier  tunneling  due  to  its  high  Schottky  barrier  height  and 
thickness. 

Using  the  “advancing”  scheme,  A1  and  Ti  react  to  form  Ti3Al  (not  Al.^Ti  as  in  the 
conventional  scheme)  at  200-400  ”C,  leaving  850  A  of  Ti  in  excess  to  fully  react  with  the  AlGaN 
layer  to  form  the  AlTi2N  phase.  This  reaction  would  leave  little  or  no  AlGaN  layer  left  in  the 
HFET  source  and  drain  region,  thus  resulting  in  efficient  carrier  tunneling  and  much  reduced 
specific  contact  resistivity,  p^. 

Since  the  upper  most  contact  layer  is  probably  Ti3Al  (not  Al.^Ti),  a  capping  layer  of  AIN  is 
required  for  the  ohmic  annealing  at  950  °C  for  10  minutes  to  prevent  oxidation  (5  minutes  was 
found  to  be  insufficient  to  react  fully).  Pure  Ti  capped  with  an  AIN  layer  was  not  practical  due 
to  the  ease  of  oxidation  of  un-reacted  Ti  after  the  removal  of  AIN  even  at  room  temperature  in 
air.  For  the  conventional  Al(710  A)/Ti(300  A)  scheme,  the  top  Al.^Ti  layers  has  been  found  to  be 
stable  when  annealed  at  950  "C  for  80  seconds  in  Na  with  little  oxidation. 


Fig.  1 .  TEM  cross  sectional  view  of  samples  (a)  4C,  (b)  4A,  (C)  4A-1  and  (d)  4A-2. 


Fig.  1  (b)  shows  the  cross-sectional  TEM  image  of  the  sample  with  the  "advancing"  Al(200 
A)/Ti(1500  A)  contact  (#4A).  It  is  clear  that  the  AlGaN  layer  is  partially  and  sometimes 
completely  consumed  due  to  the  reaction  with  Ti.  It  also  can  be  found  that  the  reaction  is 
enhanced  at  the  dislocations  intersecting  the  AlGaN  layer.  Fig.  1(c)  shows  the  cross-sectional 


TEM  image  of  the  sample  with  the  "advancing”  contact  and  the  direct  Si  implantation  prior  to 
the  metallization  (#4A-1).  Fig.  1(d)  shows  the  image  of  the  sample  with  the  "advancing”  contact 
and  the  Si  implantation  through  a  layer  of  AIN  prior  to  the  metallization  (#4A-2).  For  these  two 
samples,  the  contact  layer  contains  two  sublayers  of  different  structure  and  composition, 
suggesting  the  reaction  of  the  metal  (presumably  Ti)  with  AlGaN.  The  AlGaN  layer  is  hardly 
visible  on  the  TEM  images  of  Figures  1(c)  and  (d)  due  to  a  high  defect  density  in  the  HFET 
structure  caused  by  the  ion  implantation.  However,  it  seems  that  the  AlGaN  layer  is  less 
consumed  in  the  samples  #4A-1  (directly  implanted)  and  #4A-2  (implanted  through  a  layer  of 
AIN)  compared  to  sample  #4 A  (not  implanted).  The  damaged  region,  containing  a  high  density 
of  dislocation  loops,  is  almost  polycrystalline  in  the  region  close  to  the  metal  contact.  This 
polycrystalline  region  differs  in  length  and  in  average  grain  size  for  the  direct  and  through-AlN 
implantation.  The  average  grain  size  is  about  50  A  and  110  A  for  samples  #4A-1  and  #4A-2, 
respectively.  TEM  results  suggest  that  both  the  sheet  resistance,  Rs,  and  the  specific  contact 
resistivity,  may  be  affected  by  the  remaining  AlGaN  layer  and  by  the  ion-implantation 
damage  of  crystalline  lattice  and  possible  diffusion  of  Ti  through  grain  boundaries. 

Table  4  summarizes  the  TLM  results  obtained  on  the  samples  with  the  “advancing”  Al(200 
A)/Ti(1500  A)  metallization  scheme.  For  the  advancing  scheme,  the  contact  resistance  and  the 
specific  contact  resistivity  were  much  smaller  compared  to  those  obtained  with  the  conventional 
metallization  scheme.  The  samples  using  a  combination  of  direct  implantation  and  the 
“advancing”  metallization  gave  the  lowest  contact  resistance,  Rc,  of  0.25  Q-mm  or  5.6x10'^ 
Q-cm^. 

The  drastic  decrease  in  Rc  is  due  to  the  reduction  in  sheet  resistance  Rs  caused  by  the  Si 
implantation  and  the  reduction  of  p*  caused  by  the  “advancing”  metallization  scheme.  Both  of 
these  factors  contribute  to  the  reduction  of  Rc. 

A  comparison  of  Table  3  and  Table  4  shows  the  advantage  of  using  the  “advancing” 
metallization  scheme  to  reduce  contact  resistance.  However,  results  shown  in  Table  2  indicate 
that  the  conventional  Al(710  A)/Ti(300  A)  system  can  form  low  resistance  contacts  quite  readily 
on  HFET  structures  with  a  thin  AlGaN  top  layer  and  a  low  A1  fraction. 


Table  4.  Contact  Resistance  for  the  “advancing”  metallization  (Al(200  A)/Ti(1500  A)) 


Rc 

Q-mm 

Ps 

Qcm^ 

Rs 

Cl/U 

#4A 

No  implantation 

1.8±0.3 

(5+l)E-5 

660+50 

#4A-2 

120  keV,  1E16  cm'^,  implantation  through  AIN 

0.37±0.01 

(1.0±0.1)E-5 

129±3 

#4A-1 

40  keV,  1E16  cm'^,  direct  implantation 

0.25+0.01 

(5.6±0.9)E-6 

110+10 

^^^The  implantation  activation  was  done  at  1150  °C  for  30  seconds  with  an  AIN  layer  in  flowing 
N2.  The  contact  formation  was  done  at  950  for  10  minutes,  with  an  AIN  capping  layer. 


In  summary.  Si  implantation  into  HFET  structures  was  found  effective  in  reducing  the 
sheet  resistance,  Rs,  of  the  structure.  With  annealing  temperatures  higher  than  1 150  °C,  the  sheet 
resistance  is  expected  to  decrease  even  more.  The  “advancing”  metallization  scheme  of  Al(200 
A)/Ti(1500  A)  reduced  the  specific  contact  resistivity,  pg.  Combining  direct  implantation  of  Si 
and  the  “advancing”  metallization,  very  low  contact  resistance  (-0.25  Q-mm)  and  low  specific 
contact  resistivity,  ps,  (-5.6x10’^  Q  cm^)  was  achieved  on  HFET  structures  with  an  AlGaN  layer 
at  least  as  thick  as  340  A  and  with  an  A1  fraction  at  least  as  large  as  22%. 
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Abstract 

We  review  pyroelectric  and  piezoelectric  properties  of  GaN-based  materials.  Pyroelectric  effects 
in  GaN  have  been  studied  in  two  different  regimes:  (i)  uniform  sample  heating  regime  and  (ii) 
under  applied  temperature  gradient  along  the  sample.  The  modeling  results  show  that  the 
pyroelectric  coefficient,  Py,  in  GaN  (for  c-axis  along  the  contacts)  can  reach  7x10^  V/m-K 
(compared  to  Py  =  5x10^  V/m-K  for  the  best-known  high  temperature  pyroelectric/piezoelectric 
material  LiTaOa).  This  points  to  a  high  potential  of  GaN-based  sensors  for  high  temperature 
pyroelectronics.  Piezoelectric  effects  strongly  affect  the  performance  of  electronic  and  light- 
emitting  devices  based  on  III-N  materials.  Piezoelectrically  induced  charge  in  heterostructures 
can  be  as  large  as  3  to  4x10^^  cm'^.  Hence,  strong  lattice  polarization  effects  provide  unique 
possibilities  for  utilizing  GaN-based  materials  in  high  temperature  piezoelectronics  and  for  their 
applications  in  pyroelectric  detectors. 

Introduction 

Recent  improvements  in  material  quality  and  contact  technology  for  GaN-based  materials 
system  have  led  to  a  rapid  progress  in  GaN  devices.  These  devices  include  blue-green  lasers', 
blue,  green,  and  amber  Light  Emitting  Diodes^  Ultraviolet  (UV)  photodetectors^’^',  and 
AlGaN/GaN  Heterostructure  Field  Effect  Transistors  Wide  band  gap,  high  peak  and 
saturation  velocities,  high  breakdown  voltage  and  chemical  inertness  make  AlN-GaN-InN  based 
semiconductors  an  excellent  material  for  solar-blind  optoelectronics,  and  high-power,  high- 
temperature  electronics. 

GaN-based  materials  are  usually  grown  in  the  [0001]  direction  (when  they  have  the 
wurtzite  crystal  structure)  and  in  the  [111]  direction  (when  they  have  the  zinc  blende  crystal 
structure).  These  are  polar  axes,  and,  therefore,  GaN-based  materials  exhibit  strong  lattice 
polarization  effects.  These  effects  are  uniquely  suited  for  applications  in  high  temperature 
piezoelectronics  and  for  applications  in  pyroelectric  sensors. 

We  report  on  preliminary  studies  of  pyroelectric  properties  of  GaN.  Much  (if  not  most) 
of  the  work  in  this  area  remains  to  be  done,  and  we  expect  dramatic  improvements  in  GaN-based 
pyroelectric  sensors  still  to  come.  We  discuss  the  piezoelectric  properties  of  Ill-Nitrides  and  the 
application  of  the  concept  of  "piezoelectric  doping"  to  GaN-based  Heterostructure  Field  Effect 
Transistors.  We  consider  the  issue  of  spontaneous  polarization  in  wurtzite  GaN,  AIN,  and  InN. 
Finally,  we  discuss  several  unresolved  issues  and  make  projections  of  future  progress  in  GaN- 
based  piezoelectronic  devices. 

Pyroelectricity  in  gallium  nitride  thin  films 

The  pyroelectric  materials  are  capable  to  generate  an  electric  charge  in  response  to  heat 
flow.  Heat  sources  affect  the  sample  temperature  by  means  of  thermal  convection,  thermal 
diffusion  or  radiation.  Both  the  primary  pyroelectric  effect  and  the  secondary  pyroelectric  effect 
(piezoelectric  effect  caused  by  temperature  induced  strain)  contribute  to  the  pyroelectric 
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response  in  GaN.  The  primary  pyroelectric  effect  is  dominant  under  the  condition  of  a  fast  heat 
transfer.  Such  conditions  can  be  implemented,  for  example,  when  the  sensor  is  immersed  in 
medium  with  a  small  viscosity  and  /or  high  flow  velocity.  In  such  moving  medium  (for  example, 
hot  gas  flow),  a  GaN-based  sensor  will  generate  a  voltage  response,  which  is  proportional  to  the 
heat  flow  (and,  hence,  to  the  gas  flow). 

Secondary  pyroelectricity  is  linked  to  strain  related  to  thermal  expansion.  For  example,  a 
difference  in  thermal  expansion  coefficients  between  a  substrate  and  a  pyroelectric  film  produces 
strain  in  response  to  temperature  changes,  which,  in  turn,  generates  an  electric  charge  as  a  result 
of  the  piezoelectric  effect. 

Our  estimates  show  that  the  sensitivity  of  GaN  pyroelectric  sensors  can  be  significantly 
improved.  The  modeling  results  indicate  that  the  pyroelectric  voltage  coefficients  in  GaN  (for  c- 
axis  along  the  contacts)  can  be  as  high  as  7x10^  V/m-K  and  exceed  the  Py  =  5x10'’  V/m-K  for 
the  best-known  high  temperature  pyroelectric  material  LiTaCb 

Therefore,  GaN-based  sensors  should  be  suitable  for  high  temperature  pyroelectronics 
and  piezoelectronics.  Moreover,  we  expect  that  the  pyroelectric  effect  will  be  more  pronounced 
in  insulating  AIN  or  in  AlGaN  with  a  large  A1  mole  fraction.. 

Low  pressure  MOCVD  was  used  to  fabricate  all  our  samples  (for  the  details  of  the 
growth  procedure,  see  '^).  The  Hall  electron  concentration  was  approximately  5x10  cm'  and 
the  Hall  mobility  was  on  the  order  of  350  cm^/V-s.  A  typical  sample  resistance  was  close  to  2 
kf2.  GaN  layers,  3-5  pm  thick,  had  ohmic  contacts  on  the  basal  plane. 
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Fig.  1.  Pyroelectric  voltage  versus  time  for 
uniform  heating  and  cooling  (after  '*’). 
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Fig.  2.  Dynamics  of  contact  temperature 
difference  (a)  and  voltage  response  of  GaN 
sample  under  non-uniform  heating  (b). 
Constant  temperature  of  “cold”  contact  (94  "C) 
is  shown  by  dotted  line  in  Fig.  2  a. 


Pyroelectric  properties  of  GaN  were  studied  in  two  different  regimes:  (i)  under  applied 
temperature  gradient  along  the  sample  and  (ii)  uniform  sample  heating. 

The  pyroelectric  voltage  was  measured  in  the  GaN  sample  subjected  to  uniform  (see  Fig. 
1)  and  non-uniform  (Fig.  2)  heating  and  cooling.’^  The  time  dependence  of  the  voltage  response 
in  the  GaN  sample  under  applied  temperature  gradient  is  shown  in  Fig.  2.  In  these 
measurements,  one  contact  was  kept  at  a  fixed  temperature,  which  varied  from  12  to  94  °C. 
The  second  contact  was  heated  up  to  temperatures  as  high  as  350  ®C.  The  ambient  temperature 
changed  abruptly  and  a  SmS-based  thermoresistor  monitored  the  sample  temperature  as  a 
function  of  time.  Cold  and  hot  thermal  shock  experiments  in  the  range  from  -100  °C  to  -1-300  °C 
used  96%  ethyl  or  oil  as  a  thermal  bath.  In  these  experiments,  the  heat  transfer  was  caused 
mainly  by  free  convection.  Since  the  temperatures  were  relatively  low,  the  radiative  heat  transfer 
was  not  important.  Also,  in  uniform  heating/cooling  experiments,  when  the  sample  was  dipped 
into  the  thermal  bath,  there  was  no  appreciable  temperature  difference  between  the  contacts,  so 
that  the  sample  did  not  act  as  a  thermocouple. 

Due  to  a  relatively  high  thermal  conductivity  of  sapphire,  the  temperature  gradients  in  the 
sample  could  be  neglected  under  the  uniform  heating/cooling  conditions,  and  the  lumped  system 
analysis  was  valid.  The  pyroelectric  effect  in  these  experiments  can  be  described  by  the  heat 
transfer  equation,  the  equation  of  motion  of  a  viscous  fluid,  and  the  equation  for  pyroelectric 
polarization.  Both  the  sample  temperature  change,  T(t)  -  T(0),  and  the  heat  flow  affect  the 
polarization.  The  temperature  change  is  proportional  to  the  thermal  energy  stored  or  dissipated. 

In  Reference  we  described  a  model,  which  describes  the  time  variation  of  the 
pyroelectric  voltage.  This  model  accounts  for  both  primary  and  secondary  pyroelectric  effects. 
In  order  to  compare  the  pyroelectric  properties  of  GaN  with  those  of  other  pyroelectric  materials, 
we  estimated  the  pyroelectric  voltage  coefficient  of  GaN: 


where  F  is  the  electric  field  in  the  sample  caused  by  the  pyroelectricity  and  T  is  temperature.  In 
order  to  find  the  electric  field,  we  solved  Poisson's  equation  taking  into  account  the  pyroelectric 
polarization.  For  the  primary  pyroelectricity,  such  a  solution  yielded: 


e^dT  ^2) 

Here  Ps  is  the  spontaneous  polarization,  is  the  static  dielectric  permittivity  of  GaN,  V(to)  is  the 
peak  voltage,  is  the  initial  sample  temperature,  is  the  temperature  of  the  ambiance,  and 


is  the  Debye  length.  From  the  experimental  data  given  in  Ref.  we  estimated  Pv  ~  10"^  V/m-K. 
This  value  is  close  to  the  values  of  Pv  for  pyroelectric  ceramics,  such  as  PZT  and  BaTiOa,  For 
the  contacts  along  the  c-axis,  Py  might  be  close  to  7x10^  V/m-K. 

Figures  3  and  4  compare  the  calculated  and  experimental  time  dependencies  of  the 
pyroelectric  voltage  and  the  sample  temperature  for  cooling  experiments.  The  temperature 
calculated  using  the  free  convection  heat  transfer  mechanism  (dominant  under  the  conditions  of 
this  experiment)  is  in  excellent  agreement  with  the  measured  data. 

Figure  4  shows  the  time  dependence  of  the  pyroelectric  voltage  for  nearly  the  same 
temperature  differences  between  the  sample  and  the  thermal  bath  but  for  the  initial  heat  flows 
being  different  by  approximately  a  factor  of  3.  These  flows  were  estimated  using  the  thermal 
boundary  layer  theory.  As  can  be  seen  from  the  figure,  the  peak  voltage  increases  proportionally 
to  the  thermal  flux,  in  agreement  with  the  theory. 

Figures  3  and  4  show  that  the  pyroelectric  effect  in  GaN  is  a  combination  of  fast  and  slow 
responses,  in  agreement  with  the  proposed  model.  The  fast  response  (jumps  in  Figs.  3,  4)  is 
caused  by  the  initial  thermal  flow,  which  is  accounted  for  by  the  initial  condition  in  the  model 
described  in  Reference  In  the  approximation  used  in  this  response  is  instant. 
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Fig.  3.  Bath  temperature  (a),  sample  temperature  (b),  and  pyroelectric  voltage  (c)  versus  time. 
Dots  are  measured  data,  solid  curves  are  calculated.  108  "C.  (after 


Fig.  4.  Pyroelectric  voltage  as  a  function  of  time  for  conditions  similar  to  that  of  Fig.  3.  Circles 
are  measured  data,  solid  lines  are  calculated.  Upper  curve  corresponds  to  initial  thermal  flux 
approximately  three  times  larger  than  for  bottom  curve.  =  -105  °C  (lower  curve),  =  - 
99  ”C  (upper  curve).  (After  '‘\) 

Figures  3  and  4  show  that  the  pyroelectric  effect  in  GaN  is  a  combination  of  fa.st  and  slow 
responses,  in  agreement  with  the  proposed  model.  The  fast  response  (jumps  in  Figs.  3,  4)  is 
caused  by  the  initial  thermal  flow,  which  is  accounted  for  by  the  initial  condition  in  the  model 
described  in  Reference  In  the  approximation  used  in  this  response  is  instant. 

In  practice,  this  time  is  determined  by  time  that  it  takes  to  dip  the  sample  into  the  thermal 
bath.  The  change  of  the  sign  of  the  effect  and  the  minimum  on  the  voltage  versus  time  curve  in 
Fig.  3  is  a  consequence  of  the  two  characteristic  relaxation  times,  T/-,  and  t.v  associated  with  the 


slow  response.  The  first  relaxation  time,  Xt,  reflects  the  rate  of  the  sample  cooling  due  to  free 
convection,  and  the  second  relaxation  time,  reflects  the  pyroelectric  charge  relaxation.  The 
time  dependence  of  the  pyroelectric  voltage  would  have  been  different  if  free  convection  were 
not  a  dominant  heat  transfer  mechanism  (see 

Figure  5  compares  the  experimental  and  calculated  dependencies  of  the  peak  voltages  on 
the  sample  temperature  change,  .  The  experimental  points  were  measured  using  cold 
thermal  shock  experiments.  As  can  be  seen  from  the  figure,  the  experimental  data  agree  well 
with  the  theory  ’  .  These  experiments  showed  that  a  GaN  sample  could  be  used  as  a  heat  flow 
counter.  In  order  to  check  this  idea  further,  we  subjected  the  sample  first  to  fast  cooling  and  then 
to  fast  heating,  within  -4  °C  to  43  °C  temperature  range.  The  absolute  value  of  the  temperature 
difference  between  the  bath  and  the  sample  was  about  the  same  in  each  experiment.  The  sign  of 
the  voltage  was  determined  by  the  direction  of  the  thermal  flow  (in  or  out  of  the  sample),  and 
was  proportional  to  the  thermal  flow  (see  Fig.  1). 
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Fig.  5.  Peak  voltage  as  a  function  of  difference  between  the  final  and  initial  sample  temperatures. 
Circles  are  measured  data,  solid  line  is  calculated  (after 


To  characterize  the  ability  of  the  GaN  film  to  convert  the  thermal  flow  into  the  electricity, 
we  introduced  parameter  Pf  =  dF/dQ  ,  where  F  is  the  electric  field,  and  Q  is  the  heat  flow.  The 
model  described  in  Reference  yields 

P  -^rP. 

'  Q(K)r,  pc. 


f/ =  0-0023  (4) 

Here  p  is  the  density  and  Cp  is  the  heat  capacity.  If  the  GaN  temperature  increases  by  1  ”C  in  1  s, 
then  the  generated  electric  field  is  pCpPf  ^  60  V/cm.  Unlike  the  pyroelectric  voltage 
coefficient,  this  parameter  does  not  depend  on  heat  flow. 

As  mentioned  above,  the  studied  GaN  samples  had  contacts  in  the  plane  close  to  the  basal 
plane.  In  this  case,  the  collected  pyroelectric  charge  (and  the  corresponding  voltage  drop)  was 
proportional  to  a  slight  (3*^-4®)  misorientation  between  the  growth  direction  and  the  c-axis. 


Nevertheless,  the  measured  pyroelectric  voltage  coefficient  of  n-type  GaN  was  on  the  order  of 
10“^  V/m-K.  As  mentioned  above,  this  value  is  comparable  to  the  values  typical  for  pyroelectric 
ceramics.  Ill-Nitride  samples  having  the  contacts  along  the  c-axis  should  allow  one  to  collect 


more  charge  and  to  increase  the  sensitivity  in  20  to  30  times.  In  addition,  GaN  exhibit  strong 
pyroelectric  effect  at  temperature  above  300  °C,  whereas  such  materials  as  LiTaOs  and  PbTiOs 


have  the  Curie  temperature  well  below  300  T  and,  thus,  can  not  be  used  for  high  temperature 
applications. 

Piezoelectric  properties  of  Ill-Nitrides 

Piezoelectric  constants  of  GaN  are  4-5  times  larger  than  GaAs  piezoelectric  constants  when  they 
are  compared  using  the  wurtzite  -  zinc  blende  transformation  procedure,  see  Table  1 

Table  1.  Piezoelectric  constants.  (After '^.) 

InN  constants  estimated  from  ab  initio  calculations  and  using  optic  phonon  frequencies  of  InN. 


e,„,(C/m") 

63^ 

^3, 

e,4 

GaN 

(electromechanic 
al  coefficients) 

1 

-0.36 

-0.3 

GaN 

(mobility) 

0.44 

-0.22 

-0.22 

GaN  (from 

optical  phonons) 

0.65 

-0.33 

-0.33 

GaN  (ab  initio) 

0.73 

-0.49 

InN  (from  optical 
phonons) 

0.43 

-0.22 

-0.22 

0.37 

InN  (ab  initio) 

0.97 

-0.57 

AIN  (surface 

acoustic  waves) 

1.55 

-0.58 

-0.48 

AIN  (ab  initio) 

1.46 

-0.60 

SiC 

0.2 

0.08 

ZnO 

1.32 

-0.57 

-0.48 

GaAs 

-0.185 

0.093 

0.093 

-0.16 

This  comparison  is  justified,  since  GaN  has  both  wurtzite  and  zinc  blende  crystal 
structures.  The  value  of  for  GaN  was  extracted  from  the  experimental  data  on  the  low  field 
electron  mobility  using  the  analysis  of  the  piezoelectric  scattering  mechanism  in  the  two- 
dimensional  electron  gas  (2DEG)  in  AlGaN/GaN  heterostructures. The  analysis  of  the  optical 
phonon  frequencies  of  GaN  also  yields  an  estimate  of  ^14  of  GaN.'*^  A  similar  estimate  of  e\4  for 
InN  implies  that  the  piezoelectric  effects  in  InN  are  stronger  than  in  GaAs.  The  wurtzite  GaN 
piezoelectric  constants  were  also  estimated  from  the  GaN  electromechanical  coupling 
coefficients.'^  Finally,  the  piezoelectric  constants  of  AIN,  GaN  and  InN  were  predicted  using  ab 
initio  calculations.^"  These  calculations  predict  that  piezoelectric  constants  in  GaN-based 
materials  are  up  to  ten  times  larger  than  in  other  III-V  semiconductors.  Currently,  it  is  difficult 
to  determine  which  set  of  GaN  piezoelectric  constants  is  the  most  reliable.  However,  it  is  clear 
that  these  constants  are  comparable  to  those  for  AIN  and  ZnO  and  are  much  larger  than  for 
typical  A3B5  materials,  such  as  GaAs  or  InP. 

Strongly  pronounced  piezoelectric  properties  play  a  key  role  in  strained  GaN-AlGaN  and 
InGaN-GaN  multilayer  structures.  The  lattice-mismatch-induced  strain  generates  polarization 
fields.  In  a  GaN-AlN-GaN  semiconductor-insulator-semiconductor  (SIS)  structure  with  the 
growth  axis  along  a  (0001)  crystallographic  direction,  the  strain-induced  electric  fields  can  shift 
the  flat  band  voltage  by  1.5  V  and  produce  an  accumulation  region  on  one  side  and  the  depletion 
region  on  the  other  side  of  the  AIN  insulator.  As  a  consequence  of  the  asymmetry  in  the  space 
charge  distribution,  the  capacitance-voltage  (C-V)  characteristics  and  the  current-voltage  (I-V) 
characteristics  of  the  symmetrically  doped  SIS  structures  become  asymmetrical.  The  degree  of 


the  asymmetry  depends  on  strain.  This  allowed  us  to  develop  C-V  and  l-V  characterization 
techniques  for  SIS  structures  and  FETs,  extract  critical  thicknesses  and  demonstrate  the  gradual 
elastic  strain  relaxation  process  with  an  increase  in  strained  layer  thickness.^^ 

Piezoelectric  properties  affect  the  concentration  and  transport  characteristics  of  2D 
electrons  confined  in  the  triangular  potential  well  at  AlGaN/GaN  heterointerface  and  might  lead 
to  accumulation  or  depletion  regions  at  the  heterointerfaces,  depending  on  the  polarity  of  the  top 
surface.  ^  An  increase  in  the  2D-electron  sheet  carrier  density  caused  by  the  piezoelectric  effects 
is  sometimes  referred  to  as  piezoelectric  doping.  These  effects  also  cause  a  strain-induced 
energy  band  shift  at  the  heterointerface.  The  surface  charge  density  induced  by  the  piezoelectric 
effect  in  AlGaN-GaN  Hetero structure  Field-Effect  Transistors  (HFETs)  can  be  on  the  order  of 
10  -  10^^  cm‘^.  These  results  are  very  important  for  developing  of  a  new  class  high 

power,  high  temperature  electron  devices,  such  as  microwave  power  amplifiers  and  power 
switches. 

Piezoelectric  properties  strongly  affect  the  performance  of  light  emitting  devices  based 
on  III-N  quantum  well  structures.  They  can  dramatically  change  the  selection  rules  for  the 
interband  transitions  in  Ill-Nitride  quantum  wells  and  multiple  quantum  wells  (MQWs).  Strain- 
induced  electric  field  causes  the  spatial  separation  of  electron  and  hole  inside  the  quantum  well.^^ 
As  a  result,  the  optical  matrix  element  for  the  lowest  conduction-band  -  first  heavy  hole 
transition  can  be  dramatically  reduced,  and  the  transitions  forbidden  in  strain-free  structures  can 
take  place.  Also,  the  strain-induced  electric  field  causes  a  significant  reduction  of  the  apparent 
energy  band  gap.^^  This  results  in  a  red  shift  in  optical  spectra.^”  The  red  shift  is  more 
pronounced  in  wider  quantum  wells  and  for  lower  electron-hole  concentrations.  These  effects 
were  predicted  and  confirmed  by  luminescence  emission  measurements.^*^ 

Photoluminescence  measurements  in  InGaN/GaN  quantum  wells  under  applied  external  electric 
field  clearly  demonstrated  the  important  role  of  the  built-in  field  in  carrier  recombination 
process.  A  strain-induced  modulation  of  optical  transitions  in  quantum  structures  can  be 
utilized  for  development  of  high-speed  UV  light  modulators  and  fast  switching  light  emitting 
devices. 

In  conventional  GaAs-based  Heterostructure  Field  Effect  Transistors,  the  2D-electron  gas 
is  induced  by  doping  the  wide  band  gap  barrier  layer  or  even  the  device  channel.  In  AlGaN/GaN 
based  heterostructures,  strong  piezoelectric  effects  allow  one  to  induce  the  2D-gas  without 
doping.  This  technique  of  "piezoelectric  doping"  avoids  the  introduction  of  defects  associated 
with  conventional  dopants.  Electron  sheet  concentrations  as  high  as  3x10*^  cm'^  or  more  can  be 
induced  by  the  piezoelectric  effect. 

The  elastic  strain  relaxation  and  the  piezoelectric  doping  in  AlxGai.xN-GaN  HFETs  were 
studied  in  References  We  calculated  the  AlxGai.xN/GaN  band  structure  by  solving 

Poisson's  equation  with  the  boundary  conditions  for  the  AfrGaj.xN  /GaN  interface,  which 
account  for  the  piezoelectric  effect: 

8iFi  +  P,  -J-Psj  =  E2F2  -f  Ps2,  (5) 


where  85  and  S2  are  the  dielectric  constants,  and  Fj,  F2  are  the  interface  values  of  the  electric 
field  in  AfGai.xN  and  GaN,  respectively,  and  Pj  is  the  piezoelectric  polarization.  The 
spontaneous  polarizations  of  AfGaj.xN  and  GaN  at  zero  strain,  Pji,  Ps2  are  accounted  for  in  Eq. 
(5).  For  the  (0001)  growth  direction,  Pj  is  given  by: 

Pi  =  ±2(e3j-e33C3i/c33)u^,  (6) 

The  sign  in  Eq.  (6)  depends  on  the  polarity  of  the  structure  (see  a  detailed  discussion  of  this  issue 
in  ).  Piezoelectric  constants,  e^j,  0^3  of  AlxGai.xN,  were  estimated  using  the  linear  interpolation 


between  corresponding  GaN  and  AIN  piezoelectric  constants.  The  strain  in  a  heterostructure 
decreases  once  the  layer  thickness  exceeds  the  critical  thickness.  The  expression  for  the 


deformation  energy  accounted  for  the  dislocation  stress  components  satisfying  the  free  surface 
boundary  condition  and  for  the  dislocation  core  energy  and  misfit  strain,  A  similar  approach 
was  developed  for  superlattices  and  semiconductor-insulator-semiconductor  structures. 

In  Ref.  24,  the  sheet  electron  density  was  calculated  assuming  that  the  spontaneous 
polarization  at  zero  strain  is  negligible.  In  Ref.  12,  the  calculation  of  /i.v  was  repeated  using  the 
spontaneous  polarization  values  estimated  in  Ref.  20.  Figures  6  a,  b  show  the  calculated  strain 
and  the  sheet  electron  density,  generated  by  the  piezoelectric  doping  in  Al,Gai.xN/GaN 
HFETs  as  a  ftinction  of  the  A1  molar  fraction.'^  The  calculation  of  n,  (solid  lines  in  Fig.  6  b) 
accounted  for  the  strain  relaxation  in  HFETs  with  the  AlGaN  barrier  thicknesses  from  5  nm  to  30 
nm  (Fig.  6  a).  Dashed  lines  in  Fig.  6  b  correspond  to  fully  strained  structures.  Also,  n,  was 
calculated  for  the  A^Gai.xN  thickness,  L,  equal  to  the  critical  thickness,  L,  ,  for  a  given  A1 
concentration  (see  thick  solid  line  in  Fig.  6  b). 

The  results  show  that  thinner  AUGai.xN  layers  with  larger  A1  content  should  yield  a 
higher  piezoelectric  doping.  For  example,  the  maximum  piezoelectric  doping  for  an  unrelaxed 
heterostructure  with  L  =  Lc  =  5  nm  is  n,  ~  3  x  lO''^  cm",  which  corresponds  to  x  ~  0.6.  This  is 
three  times  larger  than  the  sheet  electron  density  for  L  =  Lc  =  20  nm  and  x  =  0.2. 


A1  Molar  Fraction 

Fig.  6  a.  Calculated  strain  as  a  function  of  A1 
molar  fraction  for  various  AbGai.xN  layer 
thicknesses  equal  to  5  nm,  10  nm,  20  nm  and 
30  nm. 


Fig.  6  b.  The  ris  induced  by  polarization  in 
AlxGai-xN-GaN  heterostructures  for  various 
barrier  thicknesses.  Arrows  show  the  onset  of 
strain  relaxation.  Thick  solid  line  shows  n, 
corresponding  to  critical  thicknesses  of 
AlGaN.  '' 


We  also  measured  the  C-V  characteristics  of  Alo,25Ga<).7.‘iN/GaN  heterostructures  with 
thicknesses  of  Alo^GaojsN  ranging  from  10  nm  to  100  nm  using  standard  mercury  probe 
technique.  We  calculated  the  C-V  characteristics  accounting  for  strain  by  using  Eq.  (6)  with 
strain  adjusted  to  fit  the  experimental  data  (see  Fig.  7).  A  similar  approach  was  used  in  order 
to  determine  the  elastic  strain  relaxation  in  GaN-AlN-GaN  SIS  structures.  Figure  6  clearly 
shows  that  an  increase  in  A1  mole  fraction  in  the  AlGaN  barrier  leads  to  a  higher  built-in  strain 
and  piezoelectric  doping  of  strained  AlGaN/GaN  heterostructures.  A  high  value  of  n.,  that  can  be 
achieved  using  the  piezoelectric  doping  points  to  a  high  potential  of  piezoelectric  doping  as  a 
possible  substitute  (or  an  important  addition)  to  conventional  impurity  doping.  The  critical 
thickness  of  the  AhGai.xN  barrier  decreases  with  an  increase  in  the  A1  molar  fraction.  This,  in 
turn,  reduces  the  depletion  charge  in  the  fully  strained  AlGaN  barrier  layer.  Also,  for  x  >  0.4, 


AlxGai.xN  usually  becomes  insulating.  Therefore,  in  high-quality  fully  strained  AlGaN/GaN 
heterostructures  with  high  aluminum  content,  the  dominant  contributions  to  the  electron  gas 
sheet  density  should  come  from  the  piezoelectric  doping  as  well  as  from  the  GaN  channel 
doping. 


Fig.  7.  Measured  and  calculated  (solid  lines)  capacitance- voltage  characteristics  of  Alo.25Gao.75 
N/GaN  structures  for  different  Alo.25Ga.o.25  N  layer  thicknesses.  Curve  1  is  for  10  nm,  curve  2  is 
for  20  nm,  curve  3  is  for  40  nm,  curve  4  is  for  60  nm,  and  5  is  for  100  nm.  The  structures  1,  2 
are  fully  strained,  3,  4  and  5  correspond  to  elastic  strain  relaxation  of  40%,  70%  and  100%. 
Donor  concentrations  are  Nd  =  5xl0’^  cm'^  and  10^’  cm'^  in  Alo.25Gao.75N  and  GaN  layers, 
respectively.  (After 

The  results  obtained  by  other  groups  confirm  the  importance  of  the  piezoelectric  doping. 
Maeda  et  al.  calculated  the  maximum  two-dimensional  electron  gas  density  in  AlxGai.xN/GaN 
HFETs  by  self-consistently  solving  Schrodinger’s  and  Poisson’s  equations  and  accounting  for 
the  piezoelectric  effect.  The  maximum  2D-electron  gas  density  was  defined  as  a  critical  density 
at  which  electrons  start  to  spill  over  into  the  AfrGai.xN  barrier.  The  calculated  2D-electron 
density  was  in  the  2xl0'^  cm'^-1.2xl0’^  cm'^  range,  depending  on  the  Al  molar  fraction  in  the 
barrier  layer,  which  varied  in  the  range  0.15<x<0.3,  and  on  the  degree  of  strain  relaxation.  These 
calculations  assumed  that  strain  relaxation  could  occur  even  in  HP^T  with  the  Al  content  as  low 
as  x;  =  0,15  and  AlxGai.xN  thickness  15  nm. 

Spontaneous  Polarization 

First-principle  calculations  predict  that  spontaneous  polarization  in  wurtzite  Ill- 
Nitrides  should  be  quite  large.  A  large  spontaneous  polarization  can  cause  a  large  internal 
electric  field  and  strongly  affect  the  band  structure.  However,  the  role  of  the  spontaneous 
polarization  depends  on  the  mechanism  of  the  screening  of  the  internal  electric  field  in  the  bulk 
of  the  pyroelectric  material  and/or  at  the  heterointerfaces.  In  equilibrium,  i.e.  without  strain  or  a 
heat  flow,  pyroelectric  charges  are  usually  compensated  by  either  ambient  charges  or  internal 
charges  forming  an  equal  and  opposite  dipole  moment.  An  average  (macroscopic)  internal 
electric  field  in  heterostructures  and  superlattices  is  usually  compensated.^^ 

In  principle,  an  internal  electric  field  caused  by  the  pyroelectric  charge  might  generate 
free  electrons  and  holes  even  in  an  insulator  due  to  band  bending.  However,  inversion  domains 
with  polarization  pointing  in  opposite  directions  might  cancel  the  macroscopic  electric  field  and 
reduce  an  overall  energy  of  the  structure  (for  the  experimental  evidence  of  inversion  domains  in 
GaN,  see  ^’).  The  analysis  of  the  piezoresistive  measurements  in  GaN-AlN-GaN  SIS  structures 
also  provided  evidence  for  the  existence  of  the  inversion  domains  in  Ill-Nitrides.^^ 


Another  important  screening  mechanism  is  linked  to  the  existence  of  a  large  number  of 
surface  and  interface  states  in  pyroelectrics.  If  the  surface  state  density  equals  to  P/q,  the 
charges  trapped  in  surface  and/or  interface  states  can  cancel  the  spontaneous  polarization, 
making  an  internal  electric  field  vanish  inside  the  film.  Indeed,  internal  electric  fields  in 
pyroelectric  materials  are  usually  much  smaller  than  predicted  by  the  theory,  which  does  not 
account  for  surface  and  interface  states.  Attempts  to  find  even  a  trace  of  an  internal  ^electric 
field  at  the  surfaces  of  a  number  of  ferroelectrics  did  not  yield  any  definite  results.^^  The 
maximum  value  of  a  spontaneous  polarization  charge,  -lO"^  cm'^  observed  for  all  known 
ferroelectrics  is  equal  to  a  maximum  value  of  a  density  of  slow  and  fast  surface  states  in  these 
materials.^^  The  effect  of  the  current-voltage  characteristic  collapse  in  some  AlGaN-GaN 
heterostructures  indicates  the  existence  of  a  large  number  of  interface  states  at  least  in  some 
samples 

The  measurements  of  the  current-voltage  characteristics  of  GaN-AlN-GaN  SIS  structures 
seem  to  show  that  the  effect  of  the  spontaneous  polarization  is  smaller  than  that  of  the 
polarization  induced  by  the  piezoelectric  effect.  Hence,  further  theoretical  and  experimental 
studies  are  needed  in  order  to  elucidate  a  possible  role  played  by  spontaneous  polarization  in 
GaN-based  structures. 

Conclusions 

GaN-based  materials  exhibit  strong  piezoelectric  and  pyroelectric  effects.  Both  primary 
and  secondary  pyroelectric  effects  have  been  observed  in  GaN  based  structures.  These  effects 
are  a  combination  of  a  fast  response  to  an  initial  thermal  flow  and  a  slower  response  to  heat 
dissipation  or  accumulation.  The  extracted  pyroelectric  voltage  coefficients  of  GaN  are 
comparable  to  those  of  the  pyroelectric  ceramics  such  as  PZT  or  BaTiO?.  Also,  GaN-based 
pyroelectric  sensors  should  be  capable  of  operating  at  very  high  temperatures,  and,  hence,  have 
an  advantage  compared  to  more  traditional  pyroelectric  sensors. 

Piezoelectric  effects  in  GaN  and  related  materials  can  be  used  both  for  piezoelectric 
sensors  and  for  "energy  gap  engineering"  and  “barrier  engineering”  in  GaN-based  transistors  and 
other  electronic  and  optoelectronic  devices. 

The  demonstrated  piezoresistive  effect  in  GaN/AlN  multilayer  structures  is  2  to  4  times 
larger  than  in  SiC.  Hence,  GaN-based  structures  can  be  used  in  pressure  transducers  and  other 
electromechanical  sensing  elements. 

However,  all  these  applications  are  still  emerging,  and  further  theoretical  and 
experimental  studies  are  needed.  A  definite  set  of  piezoelectric  constants  for  GaN-based 
materials  has  to  be  established.  The  transient  response  of  piezoelectric  charge  should  be 
investigated  in  more  detail.  The  role  of  spontaneous  polarization,  the  role  of  surface  and 
interface  states,  and  of  the  inversion  domains  must  be  ascertained.  The  piezoelectric  doping 
should  be  optimized.  Further  detailed  theoretical  and  experimental  studies  of  strain  and 
dislocations  in  GaN-based  structures  are  needed  in  order  to  better  understand  the  observed  stress- 
related  effects  and  use  these  effects  for  the  design  of  novel  piezoelectronic  and  pyroelectronic 
devices. 

New  piezoelectronic  and  pyroelectronic  device  concepts  will  certainly  emerge  to  take  a 
full  advantage  of  the  unique  properties  of  GaN-based  materials.  All  in  all,  the  recent  research  of 
wide  band  gap  semiconductors  with  wurtzite  crystal  structure  has  opened  a  new  dimension  in 
semiconductor  physics  and  device  research.  And  the  work  has  just  begun. 
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ABSTRACT 


We  present  a  device  fabrication  technology  and  measurement  results  of  both  optically 
pumped  and  electrically  injected  InGaN/GaN-based  distributed  feedback  (DFB)  lasers  operated  at 
room  temperature.  For  the  optically  pumped  DFB  laser,  we  demonstrate  a  complex  coupling 
scheme  for  the  first  time,  whereas  the  electrically  injected  device  is  based  on  normal  index 
coupling.  Threshold  currents  as  low  as  1.1  A  were  observed  in  500  |im  long  and  10|im  wide 
devices.  The  3'^^'  order  grating  providing  feedback  was  defined  holographically  and  dry-etched  into 
the  upper  waveguiding  layer  by  chemically-assisted  ion  beam  etching.  Even  when  operating  these 
lasers  considerably  above  threshold,  a  spectrally  narrow  emission  (3.5  A)  at  wavelengths  around 
400  nm  was  seen. 

INTRODUCTION 


Because  of  their  reduced  spot  size,  violet/blue  semiconductor  lasers  are  highly 
advantageous  light  sources  in  data  scanning  and  optical  storage  applications.  With  the  deployment 
of  light  emitters  fabricated  in  the  InGaN/GaN  materials  system,  the  development  of  an  electrically 
pumped  laser  emitting  light  around  400  nm  has  experienced  tremendous  progress  during  the  past 
couple  of  years.  Under  the  lead  of  Nakamura  et  al.,  both  pulsed  and  continuous  wave  operation  of 
InGaN/GaN  based  devices  have  been  demonstrated  at  room  temperature  [1],  [2].  One  of  the  main 
concerns  in  nitride  lasers  is  the  fabrication  of  high  quality  mirrors.  Dry-etched  mirrors  with  high 
reflective  coatings  seem  to  work  pretty  well  in  this  material  system  [3];  however,  these  etched 
mirrors  are  typically  not  at  the  edge  of  the  substrate,  which  complicates  the  access  of  the  laser 
beam  for  most  applications.  In  addition,  usually  a  certain  fraction  of  the  optical  mode  gets 
diffracted  into  or  reflected  from  the  sapphire  surface,  leading  to  an  asymmetric  far-field  with 
multiple  emission  lobes  in  the  vertical  direction  [1],  [4].  The  use  of  distributed  feedback  for 
providing  optical  cavity  formation  could  partly  eliminate  some  of  the  mirror  issues  because  no 
optical  quality  mirrors  are  required  to  achieve  lasing  action.  Moreover,  the  longitudinal  mode 
structure,  which,  due  to  the  very  close  mode  spacing  in  these  devices,  is  very  competitive  and 
noisy,  can  be  markedly  improved  by  using  the  DFB  mechanism  for  mode  selection.  A  straight¬ 
forward  way  to  explore  this  idea  is  the  fabrication  of  optically  pumped  DFB  lasers  [5],  [6]. 

In  this  article,  we  present  the  fabrication  of  an  electrically  injected  InGaN/GaN-based  DFB 
laser  with  a  holographically  defined,  index-coupled  3'^'*  order  grating.  Furthermore,  we  show  some 
preliminary  results  on  the  fabrication  of  an  optically  pumped  complex-coupled  DFB  laser.  When 
compared  to  normal  Fabry-Perot  devices  fabricated  from  the  same  material,  we  observe  a 
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comparable  threshold  gain,  single  mode  behavior  with  a  higher  side  mode  suppression  ratio,  and  a 
modehop-free  tuning  over  a  temperature  range  of  more  than  30  K. 


FABRICATION 


The  fabrication  of  these  devices  relied  on  growing  a  4  pm  thick  n-type  GaN:Si  layer  on  C- 
face  sapphire.  On  top  of  this  layer,  we  grew  a  500  nm  thick,  n-doped  Aloo8Gao92N:Si  lower 
cladding  layer,  a  100  nm  thick  n-doped  GaN:Si  lower  waveguiding  layer,  a  30  nm  thick  un-doped 
active  region  with  five  3  nm  thick  Ino.i5Ga().85N  quantum  wells  and  7  nm  thick  GaN  barriers,  and  a 
180nm  thick  p-doped  GaN:Mg  upper  waveguiding  layer.  For  the  electrically  injected,  index- 
coupled  device,  the  3*^^  order  grating  with  a  period  of  240  nm  was  defined  by  a  holographic 
exposure  and  dry-etched  into  the  upper  waveguiding  layer  by  chemically-assisted  ion  beam 
etching.  A  numerical  calculation  of  the  coupling  coefficient  showed  that  the  tooth  shape  of  this 
100  nm  deep  grating  was  a  critical  parameter.  For  our  rectangular  tooth  geometry  with  rounded 
tops,  the  coupling  coefficient  was  relatively  weak,  on  the  order  of  5  -  10  cm  ’.  Together  with  a 
cavity  length  of  1000  pm,  this  coupling  strength  corresponds  to  an  effective  reflectance  of  15  - 
30  %.  After  grating  fabrication,  we  performed  optical  pumping  experiments  in  order  to  confirm 
the  matching  between  the  grating  resonance  wavelength  and  the  gain  peak.  Then,  we  proceeded 
with  an  epitaxial  re-growth  to  complete  the  device  .structure.  This  re-growth  consisted  of  a 
300  nm  thick  p-doped  Alo,()KGao.92N;Mg  upper  cladding  layer  and  a  100  nm  thick  p-type  GaN: Mg 
contact  layer. 

Device  processing  for  the  electrically  pumped  devices  involved  the  definition  mesas  to 
enable  lateral  n-type  contacting  of  the  devices,  and  evaporation  of  standard  n-  and  p-metal  Ti/Au 
layers.  The  p-metal  contact  stripes  were  4,  10  or  20  pm  wide,  and  thus  defined  the  width  of  the 
gain  region.  A  SiON  layer  was  used  to  electrically  isolate  the  non-contacted  areas  and  the 

sidewalls  of  the  mesas,  thereby  restricting 
gain  to  within  a  narrow  stripe  in  the  lateral 
direction.  Following  the  SiON  window  etch, 
we  evaporated  another  Ti/Au  layer  in  order 
to  provide  the  p-metal  contact  pads  for  the 
probe.  Finally,  the  mirrors  were  etched, 
again  by  chemically-assisted  ion  beam 
etching.  In  order  to  ensure  that  these  lasers 
would  not  accidentally  oscillate  as  Fabry- 
Perot  lasers,  we  dry-etched  only  one  of  the 
facets  exactly  vertical  while  leaving  the 
other  one  at  an  angle  of  approximately  20 
to  the  vertical. 

The  fabrication  of  optically  pumped 
complex-coupled  DFB  lasers  relied  on 
interrupting  growth  after  the  QW  active 
region,  and  etching  the  grating  with  a  depth 
of  45  nm  through  the  QWs.  Re-growth  of 
100  nm  GaN  and  a  50  nm  thick 
Alo.o8Ga<)92N:Mg  layer  took  place  to 
complete  the  optical  waveguide  and  a  small  fraction  of  the  upper  cladding  layer.  Because  of  the 


Fig.  ]  -  L-I-characteristics  of  an  InGaN  /  GaN 
DFB  laser  with  an  active  area  of  10  x 
1000  jjin  at  four  different  heatsink 
temperatures. 


resulting  gain  and  refractive  index  variation,  this  coupling  scheme  should  be  much  stronger  than 
index  coupling  alone.  Optically  pumped  lasers  could  then  be  fabricated  by  simply  cleaving  6  mm 
wide  and  10  mm  long  pieces. 

ELECTRICALLY  INJECTED  DFB  LASER 

Measurements  of  the  I-V-  and  L-I-characteristics  were  carried  out  under  pulsed  current 
conditions  (500  ns  pulse  length,  0.05  %  duty  cycle)  at  room  temperature.  The  lasers  were  probe 
contacted  and  tested  on  chip.  At  1  mA  forward  current,  the  I-V-curve  typically  exhibited  a  “turn¬ 
on  voltage”  of  3.3  V,  and  for  a  10  x  1000  pm^  contact  region,  we  observed  a  series  resistance  of 
10  Q.  As  shown  in  the  L-I-curves  of  figure  1,  we  obtained,  for  the  longest  devices  with  10 
microns  stripe  width,  pulsed  threshold  currents  of  1550  mA  at  3  °C  and  2050  mA  at  33  °C.  From 
these  measurements,  we  determined  the  To  value  to  be  approximately  100  K. 

The  best  threshold  currents  were  obtained  on  lasers  with  20  microns  stripe  width  and 
1000  pm  cavity  length.  Values  of  3200  mA  for  20  microns  wide  devices  were  observed, 
eorresponding  to  threshold  eurrent  densities  of  16  kA/cm^.  For  shorter  devices  with  20  microns 
stripe  width,  we  measured  higher  threshold  currents  of  4600  mA  (threshold  current  density  of 
23  kA/cm^).  For  the  best  devices,  typical  threshold  voltages  of  V(Ith)  =  16  V  were  seen. 

High-resolution  spectra  of  these  lasers  were  measured  using  a  grating  speetrometer  with  a 
resolution  of  0.5  A  (SPEX,  dfocai  =  1-26  m,  Wsm  =  50  pm).  The  laser  output  was  focussed  onto  a 
quartz  fiber  using  a  microscope  objective,  and  fed  into  the  input  slit  of  the  spectrometer.  By 
placing  a  1024  element  array  photodetector  into  the  output  image  plane,  we  were  able  to  measure 
the  spectrum  in  a  spectral  window  of  10  nm  width  within  1  second. 

In  figure  2,  we  show  high-resolution  emission  spectra  at  various  current  levels  ranging  from 
1.01  X  Ith  and  to  1.28  x  kh.  While  there  is 
only  one  clean  peak  with  a  resolution  limited 
width  of  0.5  A  for  lower  injection  currents, 
there  appear  to  be  multiple  peaks  with  an 
overall  width  of  5  A  at  higher  injection 
levels.  The  fact  that  all  additional  features 
occurred  at  the  long  wavelength  side  of  the 
main  peak  suggests  that  chirping  due  to 
device  heating  during  the  current  pulse  is 
responsible  for  this  kind  of  broadening. 

From  the  spectral  broadening  at  higher 
injection  currents  and  the  temperature  tuning 
coefficient  derived  in  the  following 
paragraph,  we  were  able  to  estimate  the 
temperature  increase  during  the  pulse  to  be 
on  the  order  of  20  -  30  K.  Another  possible 
reason  for  the  spectral  broadening  at  higher 
current  levels  is  the  onset  of  lasing  in  higher 
order  lateral  modes  in  these  gain-guided 
structures.  This  explanation  is  supported  by 
the  fact  that  the  L-I-curves  show  several 
kinks. 


Wavelength  [nm] 


Fig.  2  -  Emission  spectra  of  an  InGaN/GaN  DFB 
laser  at  four  different  injection  current  levels 
ranging  from  1.01  x  l,h  to  1.28  x  I,h.  All  curves  are 
drawn  using  the  same  vertical  scale. 


Emission  spectra  of  a  1000  pm  long  DFB  laser  at  four  different  heat-sink  temperatures  are 
shown  in  figure  3;  they  reveal  laser  oscillation  in  a  single  longitudinal  mode  with  a  sidemode 
suppression  ratio  of  15  dB  and  at  a  center  wavelength  of  around  402  nm.  Given  the  grating  period 
of  240  nm  and  the  above  emission  wavelength,  we  were  able  to  calculate  the  effective  refractive 
index  of  the  propagating  mode  to  be  ncff  =  2.52.  In  order  to  maintain  narrow  emission  spectra  for 
this  measurement,  we  adjusted  the  injection  current  to  always  be  at  1.1  x  I,h.  The  device  remained 
in  a  single  mode  for  temperatures  ranging  from  2  °C  to  35  °C,  which  is  a  temperature  range  of 
more  than  30  K;  the  temperature  tuning  coefficient  was  on  the  order  of  0.014  nm/K.  For  Fabry- 
Perot  type  lasers  fabricated  on  the  same  wafer,  we  measured  a  much  larger  average  temperature 
tuning  coefficient  of  0.065  nm/K. 

OPTICALLY  PUMPED  COMPLEX  COUPLED  DFB  LASER 

Cross-sectional  transmission  electron  microscope  (TEM)  studies  of  both  types  of 
overgrowth  reported  in  this  article  showed  that  no  additional  dislocations  were  created  at  the 
grating  interface.  This  observation  is  in  sharp  contrast  to  InGaAsP/InP-ba.sed  infrared  DFB  lasers, 
where  the  grooved  interface  serves  as  starting  point  for  numerous  dislocations  [7].  However,  we 
found  also  that  only  3  out  of  5  QWs  were  etched  during  the  grating  etch  process;  this  conclusion 
confirmed  that  our  device  was  a  complex-coupled  rather  than  a  purely  gain-coupled  DFB  laser. 
The  reason  for  the  insufficient  etch-depth  was  mainly  the  lack  of  process  control  when  trying  to 
punch  through  all  QWs  without  over-etching.  From  a  calculation  of  the  coupling  strength  for  this 
complex-coupled  sample,  we  estimated  similar  amounts  of  index-  and  gain-coupling  (k  =  5  - 
10  cm"’  each). 

Optical  pumping  was  carried  out  as  described  earlier  using  a  pulsed  337  nm  N2  laser  (rpuise  = 

10  Hz,  Ppcak  =  250  kW)  whose  stripe¬ 
shaped  beam  was  attenuated  by  an 
appropriate  number  of  glass  slides.  The 
output  of  the  InGaN/GaN  laser  was  fed 
into  either  a  high  resolution  spectrometer 
(for  linewidth  measurements)  or  a  low 
resolution  grating  spectrometer  (for 
output  intensity  vs.  current-curves).  The 
pieces  on  which  we  performed  these 
experiments  were  approximately  6  x 
10  mm^  in  size,  and  all  four  facets  were 
fabricated  by  scribing  from  the  back  and 
subsequent  cleaving.  Although  this 
method  resulted  in  a  poor  Fabry-Perot 
(FP)  cavity  and,  in  addition,  the  N2  laser 
beam  was  pumping  30  -  40  %  of  the 
cavity  length  only,  FP  type  laser  emission 
could  be  observed  as  well  as  DFB  laser 
emission.  The  orientation  of  the  grating 
lines  relative  to  the  pump  beam 
determined  which  emission  would 
become  the  dominant  one. 


Fig.  3  -  Emission  spectra  of  the  same  device  as  in 
figure  2  at  1.1  X  hi,  and  at  different  heat-sink 
temperature.^.  The  temperature  tuning  coefficient 
obtained  was  0.14  A/K. 


Typical  emission  spectra  of 
DFB  type  lasing  are  shown  in 
figure  4.  The  emission  peak  stays  at 
397.5  nm  from  threshold  all  the 
way  up  to  0.9  a.u.  pump  intensity. 
It  shifts  somewhat  towards  shorter 
wavelengths  at  higher  pump 
intensities.  The  reason  for  this 
wavelength  shift  is  a  slight 
reduction  of  the  effective  refractive 
index  at  high  carrier  density,  which, 
at  some  point,  overwhelms  the 
index  increase  due  to  the  relatively 
weak  heating  effects.  The  linewidth 
change  from  1 .5  A  right  above 
threshold  to  3.5  A  at  0.91  a.u.  is 
likely  due  to  lateral  multimode 
operation  and  some  chirping  at  high 
pump  intensities.  A  similar  series  of 
low  resolution  emission  spectra  for  the  FP  emission  showed  a  peak  wavelength  of  395  nm  with  a 
typical  linewidth  of  around  25  A.  In  contrast  to  the  DFB  laser  spectra,  we  see  for  the  FP  laser  a 
pronounced  red  shift  of  the  lasing  peak  when  pumping  at  a  higher  intensity.  While  the  DFB  lasing 
wavelength  is  locked  to  the  Bragg  resonance  wavelength,  the  emission  of  the  FP  follows  the  gain 
maximum,  which,  again  due  to  device  heating,  shifts  more  rapidly  towards  longer  wavelengths. 

The  far  field  of  the  DFB  lasers  reported  in  this  article  exhibited  the  usual  interference  effects 
due  to  the  reflection  from  and  the  diffraction  into  the  sapphire  substrate.  However,  in  the  lateral 
direction,  we  observed  a  far  field  angle  of  approximately  10  °  above  threshold,  and  a  broad 
Lambertian  characteristics  below  threshold.  On  Fabry-Perot  lasers  from  similar  material,  we 
polished  one  mirror  facet  in  order  to  get  a  far  field  measurement  without  the  diffraction  and 
refraction  artifacts.  Due  to  the  insufficiently  thick  AlGaN  lower  cladding  layer,  the  result  of  this 
measurement  was  very  similar  to  what  we  reported  earlier  on  optically  pumped  lasers  [4].  It 
revealed  two  main  emission  lobes  in  the  vertical  direction  and  a  number  of  weaker  oscillations  in 
between. 


Fig.  4  -  Emission  spectra  of  an  optically  pumped 
complex-coupled  DFB  laser  at  different  pump  levels 


CONCLUSIONS 


In  conclusion,  we  have  demonstrated  electrically  injected  index-coupled  and  optically 
pumped  complex-coupled  InGaN/GaN-based  DFB  lasers.  The  best  threshold  current  density 
observed  was  comparable  to  that  of  conventional  Fabry-Perot  type  devices,  and  was  on  the  order 
of  16kA/cm^.  The  To  value  describing  the  T-dependence  of  the  threshold  current  was 
approximately  100  K.  The  reason  for  the  much  better  To  value  measured  on  Fabry-Perot  devices 
fabricated  from  the  same  material  (To  =  150  K)  is  the  increasing  mismatch  between  the  grating 
resonance  wavelength  and  the  gain  maximum  when  heating  or  cooling  the  DFB  lasers.  The 
emission  of  the  DFB  laser  was  at  a  wavelength  of  402  nm  and  occurred  in  a  single  longitudinal 
mode  with  a  sidemode  suppression  ratio  of  15  dB.  The  primary  emission  peak  could  be 
temperature  tuned  continuously  between  2  and  35  at  a  rate  of  0.14  A/K.  The  optically  pumped 


device  showed  a  narrow  linewidth  of  3.5  A,  even  for  pump  intensities  considerably  above 
threshold,  and  almost  no  wavelength  shift  at  higher  pump  intensities. 
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ABSTRACT 

The  epitaxial  growth  of  zinc-blende  (cubic)  GaN  and  InGaN  on  GaAs  with  a  common 
cleavage  plane  and  readily  high-quality,  low-cost  wafers  may  be  considered  as  an  alternative 
approach  for  the  future  realization  of  cleaved  laser  cavities.  To  obtain  detailed  information  about 
the  potential  of  cubic  GaN  and  InGaN  for  device  applications  we  performed  optical  gain 
spectroscopy  accompanied  by  time-integrated  and  time-dependent  photoluminescence 
measurements  at  2  K  and  300  K.  From  intensity-dependent  gain  measurements,  the  identification 
of  the  gain  processes  was  possible.  For  moderate  excitation  levels,  the  biexciton  decay  is  likely  to 
be  responsible  for  a  gain  structure  at  3.265  eV  in  cubic  GaN  [10],  For  the  highest  pump 
intensities,  the  electron-  hole-plasma  is  the  dominant  gain  process,  providing  gain  values  up  to 
200  cm  Furthermore  cubic  GaN  samples  with  different  cavity  lengths  from  250  to  600  pm  were 
cleaved  to  investigate  the  influence  of  the  sample  geometry  on  the  gain  mechanisms.  In  these 
samples  increased  gain  values  up  to  150  cm  as  well  as  lower  threshold  excitation  densities  were 
observed,  indicating  the  potential  of  cubic  GaN  for  device  applications.  The  results  of  GaN  will  be 
compared  with  intensity-dependent  gain  measurements  on  InGaN  samples,  grown  on  GaAs  with 
varying  In-content.  The  observed  gain  mechanisms  in  cubic  InGaN  will  be  discussed  in  detail. 

INTRODUCTION 

The  epitaxy  of  metastable,  cubic  GaN  on  GaAs  (001)  substrates  has  attracted  some 
interest  recently  since  c-GaN  layers  and  the  GaAs  substrate  have  a  common  cleavage  plane,  they 
are  considered  to  be  well  suited  for  the  fabrication  of  laser  cavities  with  cleaved  facets  [1-8]. 
Because  of  this  application,  high  optical  excitation  experiments  have  been  used  to  measure  the 
gain  in  c-GaN/GaAs  (001)  grown  by  MBE  [2]  revealing  some  insight  into  involved  recombination 
mechanisms  [3].  The  stimulated  emission  from  c-GaN  has  been  reported  for  MOCVD  [4]  and 
MOVPE  [5]  grown  epilayers.  In  our  previous  work  [10]  we  studied  the  gain  spectra  of  c-GaN  at 
2  K  and  found  that  excitonic  processes  add  to  the  gain  at  moderate  excitation  densities  and  many 
particle  processes  are  effective  for  increased  excitation  intensities.  The  purpose  of  the  present 
paper  is  to  analyze  the  mechanisms  of  optical  amplification  and  the  efficiency  of  the  stimulated 
emission  in  cubic  GaN  and  InGaN  layers. 
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EXPERIMENTAL 


Cubic  GaN  films  with  a  phase  purity  better  than  99.9%  were  grown  on  semi-insulating 
GaAs  (001)  substrates  by  RF-plasma  assisted  molecular  beam  epitaxy  (MBE)  at  a  substrate 
temperature  of  720°C.  Undoped  epitaxial  layers  were  grown  under  carefully  controlled 
stoichiometric  growth  conditionsfb].  Details  of  the  growth  procedure  were  reported  in  Ref.  13. 
The  optical  properties  of  the  c-GaN  layers  investigated  under  low  and  high  excitation  intensities 
are  reported  in  Ref.  10.  By  cleaving  we  obtained  c-GaN  .samples  with  cavity  lengths  of  550,  450 
and  250  pm  along  the  common  (001)  direction  and  performed  high-excitation  and  gain 
measurements.  The  InGaN/GaN/GaAs  (001)  hetcrostructures  were  grown  by  plasma  assisted 
MBE.  The  GaN  buffer  layers  with  a  typical  thickness  in  the  range  from  100-200nm  were  grown  at 
T=720°  C  under  carefully  controlled  stoichiometric  conditions,  exploiting  Reflection  High  Energy 
Diffraction  (RHEED)  measurements  of  the  surface  reconstruction  as  an  in-situ  control  of  the 
composition  of  the  layer  surface  during  growth  [7].  The  InGaN  layers  had  a  thickness  between 
200-300  nm  and  were  deposited  at  lower  temperatures  (T=61 0-680°  C).  During  the  InGaN 
epitaxy  we  used  a  Ga  flux  which  was  reduced  by  about  20%  compared  to  that  of  the  GaN  layer 
deposition.  The  In  flux  was  adjusted  to  establish  a  metal  rich  surface  taking  into  account  the 
extremely  small  and  strongly  temperature  dependent  sticking  coefficient  of  In. 

To  obtain  the  high  excitation  density  necessary  for  our  investigations  we  used  a  dye  laser 
pumped  by  an  excimer  laser,  providing  pulses  with  a  duration  of  15  ns  at  a  rate  of  30  Hz  and  a 
total  energy  of  up  to  20  pJ  at  340  nm.  The  sample  was  mounted  in  a  bath  cryostat  at  1.8  K.  Gain 
measurements  were  performed  using  the  variablc-stripe-length  method  [8]  .  The  excitation  spot 
was  focused  onto  a  1  x  50  pm^  stripe,  where  1  denotes  the  excitation  length.  The 
photoluminescence  spectra  were  recorded  from  the  top  of  the  sample  with  a  continuous-wave 
(cw)  helium-cadmium  laser. 


RESULTS 


Optical  Amplification  in  cleaved  c-GaN  samples 

Figure  1  shows  the  spectra  of  the  edge  emission  from  a  cleaved  sample  with  a  cavity 
length  of  450  pm  at  different  excitation  densities  on  a  linear  scale  at  2  K.  Above  the  threshold 
excitation  of  1  MW/cm^  a  peak  at  3.26  eV  appears  exhibiting  a  strong  increase  of  the  edge 
emission  with  excitation  intensity  and  a  strong  polarization  dependence.  The  emitted  light  is 
strongly  TE  polarized,  as  expected  for  an  edge  emitting  cleaved  facet.  For  higher  densities  up  to  5 
MW/cm^  a  slight  shift  to  lower  energies  of  the  peak  position  is  observed,  indicating  the  increased 
carrier  density  in  the  sample.  In  Fig.  la  (inset  of  Fig.  1)  the  results  of  intensity  dependent  edge 
emission  mea.suremcnts  for  the  250,  450  and  550  pm  c-GaN  samples  are  summarized.  For  all  the 
samples  the  same  optical  features  were  observed-  a  strongly  polarization  dependent  stimulated 
emission  peak  occurs  above  a  certain  threshold,  exhibiting  a  superlinear  increase  with  increased 
excitation  density. 


Fig.  l:Edge  emission  of  a  cleaved  c-GaN  sample 
(Inset:  slope  of  excitation  density  versus 
integrated  emission  intensity  for  c-GaN  samples 
with  different  cavity  lengths) 


Fig.  2:  Room  temperature  edge  emission  of  a 
cleaved  c-GaN  sample  with  450  pm  cavity  length 


The  threshold  for  the  onset  of  stimulated 
emission  increases  with  reduced  cavity 
length  L  which  is  in  accordance  with  the 

well  known  formula 

The  room  temperature  spectrum  of  the  edge 
emission  of  the  cleaved  sample  is  displayed 
in  Fig.  2  and  exhibits  similar  optical  features 
as  strong  TE  polarization  and  superlinear 
increase  of  edge  emission.  From  these 
features  the  peak  can  attributed  to  the 
stimulated  emission  of  c-GaN. 

However,  no  Fabry-Perot  modes  are 
observed  which  are  expected  to  be 
separated  by  about  0.4  meV.  Imperfections 
of  the  cavity  facets,  excitation  pulse 
variations  and  mode  hopping  are  reasons  to 
explain  the  unstructured  stimulated  emission 
spectra.  We  believe  that  the  lateral 
confinement  is  caused  by  the  interface 
sample-air  on  one  side  and  the  illuminated 
and  nonilluminated  parts  of  the  sample  on 
the  other.  The  magnitude  of  the  pump 
power  locally  changes  the  refractive  index 
and  therefore,  a  lateral  confinement 
necessary  for  the  feedback  is  provided  [10]. 
This  is  confirmed  by  nndcro- 
photoluminescence  measurements  where  it 
was  found  that  the  most  part  of  the  light  is 
emitted  from  the  cleaved  facets  of  the 
samples. 

To  reveal  more  insight  into  the 
involved  processes  providing  optical 
amplification  gain  measurements  on  the 
cleaved  samples  were  performed  and  are 
shown  in  Fig.  3.  At  excitation  densities  of  1 
MW/cm^  the  gain  structure  broadens  and 
its  peak  position  shifts  to  lower  energies. 
This  can  be  explained  by  the  increased 
number  of  excited  carriers  in  the  sample, 
where  the  Coulomb  interaction  is  screened 
and  many  particle  effects  are  effective  as 
gain  process.  The  quasi  Fermi-levels  of  the 
electrons  and  holes  are  shifted  in  the 
conduction  and  valence  band,  respectively. 
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Figure  3:  Gain  spectra  of  a  cleaved  c-GaN  sample  with  a  cavity  length  of  450  pm  at  2K 

This  results  in  the  observed  blue  shift  of  the  crossover  gain-absorption  on  the  high  energy  side 
with  increasing  excitation  density.  On  the  other  hand  the  low  energy  side  of  the  crossover  gain- 
absorption  is  shifted  to  the  red  which  is  due  to  bandgap  renormalization  under  high  excitation 
densities.  These  are  typical  features  of  an  electron-hole-plasma. 


Optical  Gain  in  c-InGaN 


In  Figure  4  low-temperature  gain  measurements  of  InGaN  samples  with  varying  In-content  are 
shown.  With  increasing  In-incorporation  the  gain  structure  shifts  to  lower  energies  and  the  gain 
values  are  increased.  This  is  depicted  in  Fig.  4a  where  the  obtained  gain  values  for  the  samples 
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Fig.  4  :  (left  hand  side)  Gain  spectra  for  In^  Gai,  N  with  an  varying  Imcontent  at  a  fixed 
excitation  density  (right  hand  side)  Gain  values  for  In-contents  up  to  50  % 


T=  2  K 
In  7%  XRD 


with  different  In-content  are  shown.  Samples  with  In-contents  higher  than  30  %  exhibit  lower 
gain  values  due  to  the  reduced  sample  quality  and  the  effects  of  In-clustering  inhomogeneously 
distributed  over  the  sample.  The  In-clustering  is  detrimental  to  the  optical  properties  of  InGaN  as 
known  from  the  hexagonal  phase  [11].  The  optical  gain  of  these  "highly  In-doped"  InGaN 
samples  occurs  in  the  same  energy  range  as  for  the  InGaN  samples  with  much  lower  In-contents 
as  7%  in  our  case.  This  indicates  the  strong  influence  of  the  inhomogeneous  distribution  of  In  in 
these  samples.  The  transition  energy  is  very  sensitive  to  the  degree  of  compositional  In- 
fluctuations  in  the  samples. 
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Fig.  5:  Gain  spectra  of  an  InGaN  sample  with  7  %  In  for  different  strong  shift  of  the 

.....  ./././  emission  mto  the  green 

excitation  densities  , 

spectral  range  at 

significantly  lower  In-contents  than  in  the  hexagonal  phase.  This  is  due  to  the  fact  that  a  quantum- 
confined  Stark  effect  due  to  piezoelectric  fields  is  not  expected  the  cubic  phase.  The  absorption 
on  the  low  energy  side  of  the  gain  structures  can  be  explained  by  the  inhomogeneous  distribution 
in  the  InGaN  layers,  which  causes  an  increased  number  of  defects.  Additionally,  another  gain  peak 
occurs  at  3.23  eV  which  can  be  attributed  from  its  energy  position  to  be  generated  in  the  c-GaN 
layer. 
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Fig.  5:  Gain  spectra  of  an  InGaN  sample  with  7  %  In  for  different 
excitation  densities 


CONCLUSION 


In  conclusion  we  reported  on  stimulated  emission  data  and  gain  measurements  of  cleaved  c-GaN 
samples.  Excitonic  processes  as  well  as  band  filling  processes  dominate  the  optical  gain  at  2K. 
Above  a  threshold  power  density  of  0.9  MW/cm^  a  stimulated  emission  peak  was  observed, 
exhibiting  the  typical  optical  features  as  polarization  dependence  and  superlinear  increase  with 
pump  intensity.  For  decreased  cavity  lengths  the  optical  amplification  and  the  threshold  values 
increase.  This  indicates  the  influence  of  the  cavity  on  the  optical  properties  of  highly  excited  c- 
GaN  on  GaAs.  With  a  cleaved  sample  of  450  pm  cavity  room  temperature  stimulated  emission  is 
observed  at  1.6  MW/cm^.  To  our  knowledge  these  are  the  lowest  values  reported  for  cleaved 
cubic  GaN  [12].  For  the  cubic  InGaN  samples  a  strong  impact  of  the  In-fluctuations  on  the  optical 
gain  is  found.  The  energy  position  of  the  emission  is  very  sensitive  to  the  degree  of  In- 


distribution.  Due  to  the  stronger  bowing  parameter  and  the  lack  of  strong  piezoelectric  fields  in 
cubic  InGaN  the  emission  is  strongly  shifted  into  the  green  spectral  range  at  lower  In-contents 
compared  with  the  hexagonal  phase.  These  results  are  promising  and  indicate  the  high  potential 
for  light-emitting  device  applications  of  this  material  system. 
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ABSTRACT 

Temperature-dependent  photoluminescence  (PL)  studies  have  been  performed  on  InGaN 
epilayers  and  InGaN/GaN  multiple  quantum  wells  (MQWs)  grown  by  metalorganic  chemical 
vapor  deposition.  We  observed  anomalous  temperature  dependent  emission  behavior 
(specifically  an  S-shaped  decrease-increase-decrease)  of  the  peak  energy  (Epz.)  of  the  InGaN- 
related  PL  emission  with  increasing  temperature.  In  the  case  of  the  InGaN  epilayer,  En 
decreases  in  the  temperature  range  of  10  -  50  K,  increases  for  50  -  110  K,  and  decreases  again 
for  1 10  -  300  K  with  increasing  temperature.  For  the  InGaN/GaN  MQWs,  Epi  decreases  from  10 
-70K,  increases  from  70-  150K,  then  decreases  again  for  150- 300  K.  The  actual 
temperature  dependence  of  the  PL  emission  was  estimated  with  respect  to  the  bandgap  energy 
determined  by  photoreflectance  spectra.  We  observed  that  the  PL  peak  emission  shift  has  an 
excellent  correlation  with  a  change  in  carrier  lifetime  with  temperature.  We  demonstrate  that  the 
temperature-induced  S-shaped  PL  shift  is  caused  by  the  change  in  carrier  recombination 
dynamics  with  increasing  temperature  due  to  inhomogeneities  in  the  InGaN  structures. 

INTRODUCTION 

In  spite  of  the  recent  rapid  achievements  in  the  area  of  InGaN-based  light  emitting  devices, 
the  fundamental  mechanisms  of  spontaneous  and  stimulated  emission  are  still  in  debate  in  these 
materials.  Recently,  it  has  been  pointed  out  that  strain-induced  piezoelectric  fields  in  InGaN/GaN 
quantum  wells  (QWs)  may  play  an  important  role  in  the  spontaneous  recombination  process 
[1,2].  On  the  other  hand,  recombination  from  localized  band-tail  states  at  potential  fluctuations  or 
even  from  quantum-dot-like  deep  traps  originating  from  In-rich  regions  in  the  wells  has  also 
been  proposed  as  a  principal  spontaneous  emission  mechanism  in  InGaN/GaN  QWs  [3-11].  The 
main  difficulty  in  distinguishing  between  these  two  effects  partly  originates  from  the  fact  that 
both  effects  can  explain  -  at  least  qualitatively  -  some  experimental  observations  such  as  a  large 
Stokes  shift  of  the  luminescence  and  an  emission  redshifting  behavior  with  time  [1-9].  More 
recently,  a  temperature-induced  luminescence  blueshift  was  observed  in  InGaN  single  QWs 
[10,11]  and  multiple  QWs  (MQWs)  [6],  which  has  been  well  explained  by  an  involvement  of 
band-tail  states  but  can  hardly  be  explained  by  the  piezoelectric  field  effect  alone.  Therefore,  a 
detailed  understanding  of  the  carrier  dynamics  and  its  relationship  to  the  emission  mechanism  as 
a  function  of  temperature  are  very  important  for  both  InGaN  epilayers  and  InGaN/GaN  MQWs. 
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In  this  study,  we  report  a  systematic  photoluminescence  (PL)  study  of  InGaN  epilayers  and 
InGaN/GaN  MQWs  as  a  function  of  temperature  by  means  of  PL,  PL  excitation  (PLE),  and  time- 
resolved  PL  (TRPL)  spectroscopy.  As  the  temperature  is  increased,  the  peak  energy  position  of 
the  InGaN-related  PL  emission  (E'wJ  exhibits  an  S-shaped  behavior  (redshift-blueshift-redshift). 
In  the  case  of  the  InGaN  epilayer,  E/v.  decreases  in  the  temperature  range  of  10  -  50  K,  increases 
for  50  -  110  K,  and  decreases  again  for  110  -  300  K  with  increasing  temperature.  For  the 
InGaN/GaN  MQWs,  Epl  decreases  from  10  -  70  K,  increases  from  70  -  150  K,  then  decreases 
again  from  150  -  300  K.  This  temperature-induced  S-shaped  PL  shift  is  strongly  affected  by  the 
change  in  carrier  dynamics  with  increasing  temperature  for  both  the  InGaN  epilayer  and  the 
InGaN/GaN  MQWs. 

EXPERIMENT 

The  InGaN  epilayers  and  the  InGaN/GaN  MQWs  used  in  this  .study  were  grown  on  c-plane 
sapphire  films  by  metalorganic  chemical  vapor  deposition  (MOCVD),  following  the  deposition 
of  a  L8-|im-thick  GaN  buffer  layer.  For  the  InGaN  epilayers,  a  100-nm-thick  InGaN  layer  was 
capped  with  a  50-nm-thick  GaN  layer.  The  MQW  structures  consisted  of  12  MQWs  with  3-nm- 
thick  InGaN  wells  and  4.5-nm-thick  GaN  barriers,  with  a  100-nm-thick  Alo.oTGao.g^N  capping 
layer.  The  growth  temperatures  of  the  GaN  base  layer,  the  MQW  regions,  and  the  AlGaN 
capping  layer  were  1050,  790,  and  1040  '’C,  respectively.  The  In  content  of  the  InGaN  layers  was 
estimated  to  be  about  1 8  %  for  both  the  epilayer  and  the  MQWs  by  means  of  high-resolution  x- 
ray  diffraction  measurements.  We  observed  optically  pumped  stimulated  emission  from  the 
MQW  sample  with  a  low  thre.shold  density  (<  60  kW/cm^)  at  room  temperature.  Details  of  the 
growth  procedure  and  results  of  other  structural  and  optical  properties  were  reported  elsewhere 
[12-15].  Additionally,  the  influence  of  Si  doping  in  the  GaN  barriers  of  the  MQWs  on  the  optical 
properties  is  also  given  elsewhere  [7].  PL  spectra  were  measured  as  a  function  of  temperature 
ranging  from  10  to  300  K  using  the  325  nm  line  of  a  20  mW  cw  He-Cd  la.ser.  PLE  spectra  were 
measured  using  the  quasi-monochromatic  light  from  a  xenon  lamp  dispersed  by  a  1/2  m 
monochromator.  TRPL  measurements  were  carried  out  using  a  picosecond  pulsed  laser  sy.stem 
consisting  of  a  cavity-dumped  dye  laser  synchronously  pumped  by  a  frequency-doubled 
modelocked  NdrYAG  laser  for  sample  excitation  and  a  streak  camera  for  detection.  The  overall 
time  resolution  of  the  system  is  better  than  15  ps. 

RESULTS  AND  DISCUSSIONS 

Figure  1  shows  10  K  PL  and  PLE  spectra  of  the  InGaN-related  emission  with  a  peak 
energy  of  ~  2.99  and  ~  2.76  eV  for  (a)  the  InGaN  epilayer  and  (b)  the  InGaN/GaN  MQWs, 
respectively.  A  large  Stokes  shift  of  the  InGaN  emission  between  the  PL  peak  energy  and  the 
band-edge  obtained  from  the  PLE  spectra  is  clearly  observed,  which  is  mainly  due  to  crystal 
imperfections  such  as  In  alloy  fluctuations  and/or  interface  roughness.  We  note  that  the  observed 
Stokes  shift  for  the  MQWs  is  much  larger  than  that  of  the  epilayer,  probably  due  to  the  influence 
of  the  MQW  interfaces  on  the  overall  potential  fluctuations.  In  general,  the  fundamental 
temperature-induced  energy  gap  shrinkage  of  GaN,  InGaN,  and  AlGaN  can  be  described  by  the 
Varshni  empirical  equation  [16]:  E^{T)  =  E^{Qi)  -  aT  ^/(J3+  7),  where  E^iT)  is  the  bandgap 
transition  energy  at  a  temperature  T,  and  a  and  /7are  known  as  the  Varshni  thermal  coefficients. 
Previously,  from  photoreflectance  studies,  the  parameters  a=  8.32  (10)  x  10'"^  eV/K  and  P  = 
835.6  (1196)  K  for  the  GaN  (Ino.i4Gao,86N)  transition  were  obtained  [17].  For 

simplicity,  Varshni  thermal  coefficients  obtained  from  the  GaN  and  Ino.i4Ga().86N  transitions  [17] 
were  used  for  the  E^  estimation  of  the  Alo.o7Gao.9.^N  and  In(),i8Ga(),82N  layers,  respectively.  The 


temperature-dependent  PL  peak  shift  for  the  GaN  and  AlGaN  layers  was  consistent  with  the 
estimated  energy  decrease  of  about  65  meV  between  10  and  300  K,  whereas  the  InGaN-related 
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Figure  1.  10  K  PL  (solid  lines)  and  PLE 
(dashed  lines)  spectra  of  (a)  the  InGaN 
epilayer  and  (b)  the  InGaN/GaN  MQWs. 
A  large  Stokes  shift  of  the  PL  emission 
from  the  InGaN  layers  with  respect  to  the 
band-edge  measured  by  PLE  spectra  is 
observed.  Near-band-edge  emission  from 
the  GaN  and  AlGaN  layers  was  observed 
at  3.48  and  3.6  eV,  respectively.  The  PLE 
contributions  from  the  GaN  layers  [in  (a) 
and  (b)]  and  the  AlGaN  layer  [in  (b)]  are 
clearly  seen. 


PL  emission  did  not  follow  the  typical  temperature  dependence  of  the  energy  gap  shrinkage  as 
will  be  shown  later. 

Figure  2  shows  the  evolution  of  the  InGaN-related  PL  spectra  for  (a)  the  InGaN  epilayer 
and  (b)  the  InGaN/GaN  MQWs  over  a  temperature  range  from  10  to  300  K.  As  the  temperature 
increases  from  10  K  to  T/,  where  Ti  is  50  (70)  K  for  the  epilayer  (MQWs),  Epi  redshifts  10  (19) 
meV.  This  value  is  about  five  times  larger  than  the  expected  bandgap  shrinkage  of  ~  2  (4)  meV 
for  the  epilayer  (MQWs)  over  this  temperature  range  [17].  For  a  further  increase  in  temperature, 
the  PL  peak  blueshifts  22.5  (14)  meV  from  Ti  to  7//,  where  Tu  is  110  (150)  K  for  the  epilayer 
(MQWs).  By  considering  the  estimated  temperature-induced  bandgap  shrinkage  of  ~  7  (13)  meV 
for  the  epilayer  (MQWs),  the  actual  blueshift  of  the  PL  peak  with  respect  to  the  band-edge  is 
about  29.5  (27)  meV  over  this  temperature  range.  When  the  temperature  is  further  increased 
above  Tn,  the  peak  positions  redshift  again.  From  the  observed  redshift  of  45  (16)  meV  and  the 
expected  bandgap  shrinkage  of  ~  51  (43)  meV  from  Tu  to  300  K  for  the  epilayer  (MQWs),  we 
estimate  an  actual  blueshift  of  the  PL  peak  relative  to  the  band-edge  to  be  about  6  (27)  meV  in 
this  temperature  range. 

To  elucidate  the  kinetics  of  carrier  recombination,  we  performed  TRPL  measurements  over 
the  same  temperature  range.  Figure  3  shows  Epu,  the  relative  energy  difference  {AE)  between  Epi 
and  Eg  at  each  temperature,  and  the  decay  times  {Zd)  monitored  at  the  peak  energy,  lower  energy 
side,  and  higher  energy  side  of  the  peak  as  a  function  of  temperature.  A  comparison  of  these 
values  clearly  shows  that  the  temperature  dependence  of  AE  and  Epi  is  strongly  correlated  with 
the  change  in  Zd.  In  both  cases,  we  found  an  overall  increase  of  Zd  with  increasing  temperature 
for  T  <  Ti,  in  qualitative  agreement  with  the  temperature  dependence  of  radiative  recombination 
[18,19].  Moreover,  in  this  temperature  range,  Zd  becomes  longer  with  decreasing  emission 
energy,  and  hence,  the  peak  energy  of  the  emission  shifts  to  the  low  energy  side  as  time 
proceeds.  This  behavior  is  a  characteristic  of  localized  carriers,  which  in  this  case  is  most  likely 
related  to  alloy  fluctuations  (and/or  interface  roughness  in  the  MQWs)  [7,9].  We  note  that  the 
observed  longer  lifetime  for  the  MQWs  compared  to  those  reported  by  other  groups  is  probably 
due  to  relatively  larger  degree  of  carrier  localization  caused  by  a  larger  number  of  QWs  and/or 


Wavelength  (nm)  Wavelength  (nm) 

440  420  400  480  460  440 


10K 

30K 

50K 

70K 

90K 

110K 

130K 

150K 

175K 

200K 

225K 

250K 

300K 


Figure  2.  Typical  InGaN-rclatcd  PL  spectra  for  (a)  the  InGaN  epilayer  and  (b)  the  InGaN/GaN  MQWs  in  the 
temperature  range  from  lO  to  300  K.  The  main  emission  peak  of  both  samples  (closed  circles)  shows  an  S- 
shaped  shift  with  increasing  temperature.  All  spectra  are  normalized  and  shifted  in  the  vertical  direction  for 
clarity.  Note  that  the  turnover  temperature  from  redshift  to  blueshift  occurs  at  about  50  and  70  K  for  the  InGaN 
epilayer  and  the  InGaN/GaN  MQWs,  respectively. 

different  growth  conditions  used  in  this  work  [3,7,20-22].  As  the  temperature  is  further  increased 
beyond  7/,  the  lifetime  of  the  epilayer  (MQWs)  quickly  decreases  to  less  than  O.l  (lO)  ns  and 
remains  almost  constant  between  7)/  and  300  K,  indicating  that  non-radiative  processes 
predominantly  affect  the  emission  in  this  range.  This  is  further  evidenced  by  the  fact  that  there  is 
no  difference  between  the  lifetimes  monitored  above,  below,  and  at  the  peak  energy  for  T  >  Ti,  in 
contrast  to  the  observations  for  T  <  7/.  This  characteristic  temperature  7/  is  also  where  the 
turnover  occurs  from  redshift  to  blueshift  for  AE  and  Epi  with  increasing  temperature. 
Furthermore,  in  the  temperature  range  between  7/  and  7//,  where  a  blueshift  of  Epi  is  detected,  Zd 
dramatically  decreases  from  0.4  to  0.05  (35  to  8)  ns  for  the  epilayer  (MQWs).  Above  7//,  where  a 
redshift  of  Epl  is  observed,  no  sudden  change  in  Zd  occurs  for  either  the  epilayer  or  the  MQWs. 

From  these  results,  the  InGaN-related  recombination  mechanism  for  different  temperature 
ranges  can  be  explained  as  follows:  (i)  For  7  <  7/,  since  the  radiative  recombination  process  is 
dominant,  the  carrier  lifetime  increases,  giving  the  carriers  more  opportunity  to  relax  down  into 
lower  energy  tail  states  caused  by  the  inhomogeneous  potential  fluctuations  before  recombining. 
This  behavior  reduces  the  higher  energy  side  emission  intensity,  and  thus,  produces  a  redshift  in 
the  peak  energy  position  with  increasing  temperature,  (ii)  For  7/  <  7  <  7//,  since  the  dissociation 
rate  is  increased  and  other  non-radiative  processes  become  dominant,  the  carrier  lifetime 
decreases  greatly  with  increasing  temperature  and  also  becomes  independent  of  the  emission 
energies.  Thus,  due  to  the  decreasing  lifetime,  these  carriers  recombine  before  reaching  the  lower 
energy  tail  states.  This  behavior  gives  rise  to  an  apparent  broadening  of  the  higher  energy  side 
emission  and  leads  to  a  blueshift  in  the  peak  energy,  (iii)  For  7  >  7//,  since  non-radiative 
recombination  processes  are  dominant  and  the  lifetimes  are  almost  constant  [in  contrast  to  the 
case  (ii)],  the  photogenerated  carriers  are  less  affected  by  the  change  in  carrier  lifetime  so  that 
the  blueshift  behavior  becomes  smaller.  Note  that  the  slope  of  AE  is  very  sensitive  to  the  change 
in  Zd  with  temperature  for  both  the  InGaN  epilayer  and  the  InGaN/GaN  MQWs.  Since  this 
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Figure  3.  InGaN-related  PL  spectral  peak  position  EpL  (open  squares)  and  decay  time  Td  as  a  function  of 
temperature  in  (a)  the  InGaN  epilayer  and  (b)  the  InGaN/GaN  MQWs.  AE  (closed  squares)  represents  the 
relative  energy  difference  between  Epi  and  Eg  at  each  temperature.  The  minimum  value  of  AE  is  designated  as 
zero  for  simplicity.  Note  that  the  lower  energy  side  of  the  PL  peak  has  a  longer  lifetime  than  the  higher  energy 
side  below  a  certain  temperature  Tj,  while  there  is  no  difference  between  lifetimes  monitored  above,  below,  and 
at  the  peak  energy  above  T),,  where  T,  is  about  50  (70)  K  for  the  epilayer  (MQWs).  This  characteristic 
temperature  7/  is  also  where  the  turnover  occurs  from  redshift  to  blueshift  of  the  InGaN  PL  peak  energy  with 
increasing  temperature. 


blueshift  behavior  is  smaller  than  the  temperature-induced  bandgap  shrinkage  in  this  temperature 
range,  the  peak  position  exhibits  an  overall  redshift  behavior.  Consequently,  the  change  in  carrier 
recombination  mechanism  with  increasing  temperature  causes  the  S-shaped  redshift-blueshift- 
redshift  behavior  of  the  peak  energy  for  the  main  InGaN-related  emission.  Therefore,  the  InGaN- 
related  spontaneous  emission  features  are  significantly  affected  by  different  carrier 
recombination  dynamics  which  vary  with  temperature,  because  of  band-tail  states  arising  from 
inhomogeneities  such  as  large  In  alloy  fluctuations,  layer  thickness  variations  in  the  MQWs, 
and/or  defects.  It  should  be  noted  that  we  observed  similar  temperature-induced  S-shaped 
emission  behavior  for  both  the  InGaN  epilayers  and  the  InGaN/GaN  MQWs,  even  though  Zd  of 
the  latter  is  about  two  orders  of  magnitudes  longer  than  that  of  the  former.  This  strongly  reflects 
the  fact  that  the  anomalous  temperature-induced  emission  shift  mainly  depends  on  the  change  in 
carrier  recombination  dynamics  rather  than  the  absolute  value  of  Zd. 

CONCLUSIONS 

We  have  investigated  the  time-integrated  and  time-resolved  PL  properties  of  MOCVD- 
grown  InGaN  epilayers  and  InGaN/GaN  MQWs  over  the  temperature  range  of  10  to  300  K.  The 
peak  energy  of  the  InGaN-related  emission,  Epi,  exhibited  an  S-shaped  (redshift-blueshift- 
redshift)  behavior  with  increasing  temperature.  The  PL  emission  peak  position  and  carrier 
lifetime  as  a  function  of  temperature  reveal  that  the  InGaN-related  emission  is  strongly  affected 
by  the  change  in  carrier  recombination  dynamics  with  increasing  temperature  for  both  the  InGaN 
epilayers  and  the  InGaN/GaN  MQWs.  This  anomalous  temperature-induced  emission  behavior  is 
attributed  to  band-tail  states  due  to  inhomogeneities  in  the  InGaN-based  material. 
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Abstract 

We  present  a  study  of  the  radiative  recombination  in  Ino.15Gao.g5N/GaN  multiple  quantum  well 
samples,  where  the  conditions  of  growth  of  the  InGaN  quantum  layers  were  varied.  The 
piezoelectric  field  as  well  as  short  range  potential  fluctuations  are  screened  via  different 
mechanisms  by  donor  electrons  and  excited  electron-hole  pairs.  These  effects  account  for  a  large 
part  of  the  spectral  shift  with  donor  doping  (an  upward  shift  of  the  photoluminescence  (PL)  peak 
up  to  0.2  eV  is  observed  for  a  Si  donor  density  of  2  x  10^^  cm'^  in  the  well),  with  excitation 
intensity  and  with  delay  time  after  pulsed  excitation  (also  shifts  up  to  0.2  eV).  It  appears  like  2- 
dimensional  screening  of  short  range  potential  fluctuations  is  needed  to  fully  explain  the  data. 
We  suggest  that  excitons  as  well  as  shallow  donors  are  at  least  partly  impact  ionized  by  electrons 
in  the  rather  strong  lateral  potential  fluctuations. 

Introduction 


InGaN/GaN  multiple  quantum  well  (MQW)  structures  provide  the  active  medium  for  the 
violet  Ill-nitride  lasers  [1].  The  recombination  processes  in  these  structures  therefore  are  of 
interest  to  determine.  It  has  recently  been  claimed  that  the  broad  photoluminescence  (PL) 
emission  spectra  in  these  structures  are  due  to  an  inhomogeneously  broadened  envelope  of 
excitonic  emissions  from  “quantum  dots  (QDs)”  [2].  These  QDs  are  supposed  to  consist  of 
regions  of  a  size  3-5  nm  having  a  bandgap  much  lower  than  the  alloy  matrix,  due  to  segregation 
of  In  during  growth  [2].  Other  recent  work  points  towards  the  importance  of  the  piezoelectric 
(PZ)  field  as  the  dominant  mechanism  governing  the  QW  electronic  structure  and  the 
recombination  processes  in  these  structures  [3,4].  In  the  previous  studies  the  In  composition  x  in 
the  QWs  was  typically  smaller  than  0.15,  and  the  recombination  processes  were  described  in 
terms  of  QW  excitons  [2-4].  In  this  work  we  report  on  a  study  of  the  recombination  dynamics  in 
InxGai.xN  MQWs  over  the  temperature  range  2  -  300  K.  We  conclude  that  both  the  PZ  field  and 
potential  fluctuations  are  important  at  this  In  composition. 

Samples  and  experimental  procedure 

The  InxGai.xN  MQW  samples  with  5  QWs  were  grown  with  MOCVD  with  an  In  fraction 
X  about  0.15  for  all  samples  studied  in  this  work.  The  QW  thickness  was  3.0  nm,  with  a  GaN 
barrier  thickness  of  6.0  nm.  The  detailed  growth  procedures  have  been  described  elsewhere  [5]. 
The  structural  quality  was  investigated  for  selected  samples.  It  was  found  that  the  interfaces  of 
the  QW  were  rather  smooth,  the  lower  GaN/InGaN  interface  was  virtually  atomically  flat  in  high 
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resolution  TEM  pictures,  while  the  upper  InGaN/  GaN  interface  had  a  short  range  fluctuation  of 
about  1-2  monolayers. 

The  spectral  PL  experiments  discussed  here  involve  continuous  wave  (cw)  laser  excitation, 
as  well  as  more  advanced  transient  studies.  For  the  transient  PL  measurements  we  had  several 
UV  laser  systems  available,  tunable  both  above  and  below  the  GaN  bandgap.  For  detection  we 
employ  photon  counting  techniques  for  the  time  domain  100  ps  to  4  ps,  and  a  streak  camera  for 
the  faster  time  domain  15  ps  to  2  ns.  PLE  spectra  were  obtained  with  a  Xenon  lamp  and  a 
monochromator  as  light  source. 

Transient  ohotoluminescence  spectra 

We  have  investigated  the  transient  behavior  of  the  PL  over  a  large  time  scale  and  a  large 
dynamic  range.  The  results  for  the  shorter  time  scale  will  be  reported  separately  [6].  The  PL 
decay  over  a  longer  time  scale  (ns  -  ps)  has  been  measured  with  photon  counting  technique  over 
the  entire  spectral  range  covered  by  the  PL  emission.  Typical  results  are  shown  in  Figs  1(a)  and 
1(b)  for  selected  samples  at  low  temperature.  In  Fig  1  we  compare  the  time  resolved  spectra  of 
an  undoped  (a)  and  a  doped  sample  (b)  (  n  =  2  x  lO”^  cm  "’),  respectively.  It  is  noted  that  the 
spectra  for  the  doped  samples  are  considerably  narrower,  with  the  impression  that  the  lower 
energy  part  of  the  spectrum  in  Fig  1  (a)  is  simply  missing  in  the  spectrum  1  (b).  This  will  be 
discussed  further  below.  There  is  also  a  rather  strong  shift  downwards  for  the  peak  energy  with 
delay  time,  which  is  expected  due  to  screening  by  the  excited  e-h  pairs,  and  also  due  to  spectral 
diffusion  from  carrier  hopping  before  recombination. 


Fig.  1.  Timeresolved  PL  spectra,  with  0.8  ns  between  each  spectrum,  for  two 
MQW  samples  obtained  at  2  K  with  excitation  at  3.6  eV.  In  a)  are  shown  the 
spectra  for  a  undoped  sample  while  b)  shows  the  corresponding  data  for  a  doped 
sample.  Note  the  strong  spectral  shift  between  the  two  samples. 
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Fig.  2.  Timeresolved  PL  spectra  for  an  MQW  sample  with  the  InGaN  layer  grown  at  750  C, 
obtained  at  2  K  (a)  and  at  300  K  (b),  respectively.  The  spectra  at  300  K  are  broadened 
towards  higher  energy,  and  also  have  shorter  decay  time. 

In  Fig  2  we  show  a  comparison  of  the  timeresolved  spectra  at  2  K  and  300  K  for  an  MQW 
sample  with  the  InGaN  layers  grown  at  750  °C.  The  spectra  are  quite  similar  concerning 
downward  shift  with  delay  time,  but  the  300  K  spectrum  is  broadened  considerably  and 
selectively  on  the  high  energy  side,  even  at  long  delay  times. 

This  may  be  understood  by  the  presence  of  strong  localization  potentials  in  the  system.  Also, 
the  decay  is  faster  at  300  K,  presumably  due  to  the  presence  of  a  nonradiative  recombination 
component  at  this  temperature.  The  low  temperature  decay  times  are  identified  as  the  radiative 
decay  times  in  the  MQWs,  since  they  are 
independent  of  the  excitation  power. 

The  values  of  the  decay  times  are  not 
welldefined  at  any  temperature,  since  the 
decay  curves  are  not  exponential.  Defining 
an  effective  decay  time  (measured  as  the 
time  for  a  decrease  of  intensity  by  a  factor 
1/e  of  the  initial  value)  we  obtain  a  value 
about  150  ns  at  2  K  for  the  sample  with  the 
InGaN  layer  grown  at  780  C  [6].  The 
effective  decay  times  are  illustrated  at 
three  different  temperatures  in  Fig  3.  The 
temperature  dependence  of  the  decay  times 
is  not  strong;  in  fact  it  seems  like  the 
radiative  decay  times  are  rather 
independent  of  temperature,  so  that  the 
faster  decay  at  300  K  is  due  to  the 
presence  of  a  nonradiative  component  at 
this  temperature. 


Fig.  3.  Effective  decay  times  as  a  function  of 
detection  photon  energy  for  an  undoped  sample 
with  the  InGaN  growth  temperature  780  °C. 


Discussion. 


The  shape  of  the  broad  PL  spectrum  from  these  InGaN  MQWs  does  not  give  any  direct 
information  on  the  recombination  mechanism.  The  considerably  narrower  PL  peaks  observed  in 
similar  systems  with  lower  In  composition  can  more  consistently  be  ascribed  to  QW  excitons 
[2,4,7].  We  suggested  earlier  that  due  to  the  rather  low  fields  necessary  for  impact  ionization  of 
excitons  in  these  QWs,  excitons  may  be  largely  transformed  into  separated  electron-hole  pairs 
when  they  encounter  the  strong  local  lateral  fields  due  to  the  potential  fluctuations  in  the  QW 
[8].  Further,  the  importance  of  the  piezoelectric  field  effects  vs  localization  in  potential 
fluctuations  for  the  PL  lineshape  has  to  be  determined. 

The  energy  of  the  QW  bandgap  in  our  samples  is  estimated  as  3.05  eV  at  2  K  [6].  The  energy 
position  of  the  broad  PL  peak  is  consistent  with  a  downshift  expected  from  a  strong  piezoelectric 
field  across  the  QW  [3].  The  peak  position  observed  for  undoped  MQW  samples  in  low  intensity 
stationary  PL  spectra  (about  2.65  eV  [6,8]),  as  well  as  in  the  timeresolved  spectra  at  long  time 
delay  after  the  excitation  pulse,  are  in  good  agreement  with  Ref.  3  for  MQW  samples  with  a 
similar  In  composition.  The  downshift  from  the  estimated  QW  bandgap  energy  is  about  0.4  eV. 
We  therefore  conclude  that  the  PL  peak  position  is  consistent  with  a  major  effect  of  the 
piezoelectric  field  across  the  QW.  The  value  of  the  PZ  field  necessary  to  explain  the  large 
downshift  is  about  1  MV/cm  [3,4].  The  width  of  the  peak  strongly  indicates  the  presence  of 
substantial  potential  fluctuations  in  the  QWs,  however. 

The  rather  large  upward  shifts  of  the  PL  peak  position  with  Si  donor  doping  in  the  QWs 
[8],  as  well  as  with  excitation  intensity,  points  towards  strong  effects  of  carrier  screening  of  the 
PZ  field.  We  have  simulated  to  what  extent  the  donors  or  the  excited  carriers  can  screen  out  most 
of  the  PZ  field.  The  most  extreme  screening  effect  would  occur  if  one  puts  all  the  donor  ions  on 
one  side  and  the  electrons  on  the  other  side  of  the  QW  (this  would  be  a  gross  overestimation  of 
the  ability  of  the  carriers  to  screen  the  field).  This  screening  would  only  reduce  the  potential 
drop  across  the  well  with  12%,  for  the  highest  Si  doping  concentration  we  have  studied,  2x10^^ 
cm'3.  A  similar  modeling  with  ordered  electron-hole  pairs  at  this  density,  as  required  to 
simulate  the  spectral  shifts  with  intensity  and  delay  time,  gives  a  similar  result.  A  doping  (or 
excited  electron-hole  pair)  concentration  of  the  order  10^^  cm"^  would  be  needed  to  reproduce 
the  observed  shifts  (up  to  200  meV  upshift  with  Si  doping  at  2x10^^  cm‘3),  if  these  shifts  were 
due  to  screening  of  the  PZ  field  alone.  To  explain  the  screening  effects  in  this  case  we  need  to 
assume  rather  strong  potential  fluctuations  in  the  QWs,  in  addition  to  the  PZ  field. 

We  have  made  some  simple  modeling  to  find  out  if  the  doping  induced  blue  shift  of  the 
PL  spectrum  [8]  could  be  reproduced  from  lateral  screening  of  potential  fluctuations  in  the  QW. 
In  a  3D  system  we  know  that  the  screening  increases  with  carrier  concentration;  the  Thomas- 
Fermi  screening  length  decreases.  In  a  2D  system  the  Thomas-Fermi  screening  length  is 
unaffected  by  a  change  in  carrier  concentration.  However,  the  Thomas-Fermi  screening  length 
only  describes  the  screening  of  a  slowly  varying  potential  or  the  resulting  potential  far  away 
from  the  center  of  the  potential.  The  higher  the  carrier  concentration  the  better  the  system  screens 
a  rapidly  varying  potential  or  the  core  of  the  potential.  This  means  that  the  effective  depth  of  a 
potential  well  caused  by  fluctuations  can  vary  with  doping  or  carrier  concentration.  (In  the 
present  discussion  we  assume  that  the  shallow  donor  electrons  are  ionized,  e  g  by  the  strong 
fluctuating  electric  field  in  the  QW). 
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Fig.  4  (a).  The  general  behavior  of  the  static  2D  dielectric  function.  Each  curve  is  for  a 
different  carrier  concentration.  The  dotted,  dash-dotted,  dashed  and  solid  curves  are  for 
progressively  higher  carrier  concentrations.  All  curves  coincide  for  small  momentum.  Fig.  4 
(b).  The  screening  effect  on  a  Gaussian  potential  of  width  100  A  in  one  of  the  quantum  wells. 
The  dotted  curve  is  the  bare  potential.  The  dash-dotted,  dashed,  full  and  dash-triple-dotted 
curves  are  for  the  carrier  concentrations  2xl0‘^  cm'^  4xl0‘^  cm■^  2xl0’^  cm'^  and  IxlO’^  cm^ 
respectively.  All  curves  have  been  scaled  to  the  value  at  the  center  of  the  unscreened  potential. 


The  behavior  of  the  2D,  low  temperature,  RPA  dielectric  function  is  shown  in  figure  4 
(a),  which  represents  the  dielectric  function  for  different  electron  concentrations.  We  see  that  all 
curves  are  equal  for  small  momentum  but  deviates  for  large  momentum.  They  start  to  deviate 
when  the  momentum  exceeds  the  diameter  of  the  Fermi-disk.  The  analytical  expression  for  the 
dielectric  ftmction  is: 
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as  derived  in  Ref.  [9].  We  have  modeled  a  potential  of  the  form  v(r)=  ^  j  e  ^  ^  Gaussian 

potential.  We  chose  the  parameter  y5  to  be  0.01  A  -1.  which  means  that  the  potential  has  a  spatial 
extent  of  100  A  .  If  we  choose  the  unscreened  depth  of  the  potential  as  Vo(0)  -  386  meV  we  get 

the  well  depths  equal  to  272  meV,  232  meV  and  134  raeV,  respectively  for  the  densities  2x10^^ 
cm-3,  4x1017  cm-3  and  2x10^^  cwr^.  (Fig.  4  (b).  This  corresponds  to  the  blue  shifts  38  meV 
and  100  meV  as  compared  to  the  experimental  values  40  meV  and  up  to  200  meV,  respectively, 
in  going  from  2xl0l7  cm'^  to  4xl0l7  cm-3  and  from  4xl0l7  cm'^  to  2xl0l8  cm'^  [6,8]. 

In  order  to  explain  the  large  spectral  shifts  observed  with  doping  we  therefore  need  to 
assume  that  the  unscreened  potential  fluctuations  Vo(r)  in  the  QW  are  of  a  typical  size  0.4  eV 
over  a  short  distance  of  100  A.  The  partly  screened  potential  seen  in  experiment  may  be 
considerably  weaker,  however.  A  typical  fluctuation  strength  of  about  0.2  eV  seems  to  be  needed 
to  explain  the  observed  strong  shifts  with  doping  in  the  QWs. 


A  major  effect  not  taken  into  account  in  the  simple  screening  model  above  is  carrier 
transfer,  which  needs  to  be  considered  in  a  realistic  model  to  explain  the  experimental  data. 
Above  the  average  electron  concentration  from  the  donors  was  considered.  In  practice,  assuming 
the  presence  of  rather  short  range  potential  fluctuations,  carrier  transfer  processes  (hopping) 
between  different  potentials  may  easily  occur  before  recombination.  The  carriers  will  then  have  a 
tendency  to  be  transferred  to  the  lowest  energy  parts  of  the  fluctuating  potentials,  selectively 
screening  these.  These  potentials  will  experience  a  higher  electron  density,  and  thus  be  screened 
more  effectively  than  by  an  average  electron  concentration.  This  transfer  effect  would  explain 
part  of  the  upshift  of  the  PL  peak  with  doping  [8],  and  likewise  the  apparent  absence  of  the  low 
energy  part  of  the  PL  spectrum  in  the  timeresolved  spectra  in  Fig  1  (b). 

An  argument  for  the  dominance  of  free  carriers  in  the  recombination  process  is  derived  from 
the  observed  radiative  decay  times.  For  an  excitonic  process  in  a  30  A  QW  the  PZ  field  has  been 
estimated  to  reduce  the  oscillator  strength  by  about  a  factor  3  compared  to  the  case  of  no  PZ  field 
[10].  Assuming  an  excitonic  radiative  lifetime  (localized  QW  excitons)  of  <  1  ns  at  2  K,  the 
exciton  decay  time  would  not  be  more  than  3  ns.  Our  observed  values  are  of  the  order  100  ns,  i  e 
more  than  one  order  of  magnitude  larger,  as  expected  if  recombination  between  free  (or 
separately  localized)  carriers  dominate.  It  should  be  pointed  out  that  in  QWs  with  considerably 
smaller  In  composition,  and  consequently  smaller  potential  fluctuations,  the  recombination  is 
clearly  dominated  by  excitons  [3,4].  Also,  the  PL  linewidth  is  then  much  smaller  than  reported  in 
this  work  [3,4]. 

Summary 


In  Ino.isGao.ssN/GaN  MQWs  with  a  well  thickness  of  3  nm  the  peak  PL  photon  energy  is 
mainly  determined  by  the  piezoelectric  field,  while  the  width  of  the  peak  reflects  the  size  of  the 
screened  potential  fluctuations.  We  suggest  that  excitons  and  shallow  donors  in  the  QWs  are 
largely  impact  ionized  in  the  fluctuating  lateral  potential,  so  that  the  observed  recombination  is  to 
a  large  extent  due  to  separately  localized  electrons  and  holes  up  to  room  temperature.  2D 
screening  needs  to  be  considered  to  explain  the  PL  peak  shifts  in  donor  doped  MQWs. 
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Abstract 


Fundamental  electronic  modulations  in  strained  wurtzite  Ill-nitride,  in  particular  LixGai-xN,  quantum 
wells  (QWs)  were  treated  to  explore  the  reason  why  practical  InGaN  devices  emit  bright  luminescences  in 
spite  of  the  large  threading  dislocation  (TD)  density.  The  emission  mechanisms  were  shown  to  vary 
depending  on  the  well  thickness  L  and  InN  molar  fraction  x.  The  electric  field  across  the  QW  plane,  F,  which 
is  a  sum  of  the  fields  due  to  spontaneous  and  piezoelectric  polarization  and  the  pn  junction  field,  causes  the 
redshift  of  the  ground  state  resonance  energy  through  the  quantum  confined  Stark  efiect  (QCSE),  The 
absorption  spectmm  is  modulated  by  QCSE,  quantum-confined  Franz-Keldysh  efiect  (QCFK),  and  Franz- 
Keldysh  (FK)  efiect  from  the  barrires  when,  for  the  first  approximation,  potential  drop  across  the  well  (FXL) 
exceeds  the  valence  band  discontinuity,  AEy.  Under  large  FXL,  holes  are  confined  in  the  triangular  potential 
well  formed  at  one  side  of  the  well.  This  produces  apparent  Stokes-like  shift  in  addition  to  the  in-plane  net 
Stokes  shift  on  the  absorption  spectrum  The  QCFK  and  FK  further  modulate  the  electronic  stmcture  of  the 
wells  with  L  greater  than  the  three  dimensional  (3D)  free  exciton  (FE)  Bohr  radius,  ae.  When  FXL  exceeds 
AEc,  both  electron  (e)  and  hole  (h)  confined  levels  drop  into  the  triangular  potential  wells  at  opposite  sides  of 
the  wells,  which  reduces  the  wavefiinction  overlap.  Doping  of  Si  in  the  barriers  partially  screens  the  F 
resulting  in  a  smaller  Stokes-like  shift,  shorter  recombination  decay  time,  and  higher  emission  efficiency. 
Finally,  the  use  of  InGaN  was  found  to  overcome  the  field-induced  oscillator  strength  lowering  due  to  the 
spontaneous  and  piezoelectric  polarization.  Effective  in-plane  localization  of  the  QW  excitons  (confined 
excitons,  or  quantized  excitons)  in  quantum  disk  (Q-disk)  size  potential  minima,  which  are  produced  by 
nonrandom  alloy  potential  fluctuation  enhanced  by  the  large  bowing  parameter  and  F,  produces  confined  e-h 
pairs  whose  wavefunctions  are  still  overlapped  when  L<aB.  Their  Coulomb  interaction  is  more  pronounced 
forFXL<AEv. 

Introduction 

Major  developments  of  Hl-nitride  semiconductors’’^  have  led  to  the  commercial  production’  of  blue 
and  green  single  quantum  well  (SQW)  light-emitting-diodes  (LEDs)  and  to  the  demonstration  of  multiple 
quantum  well  (MQW)  purplish-blue  laser  diodes  (LDs).’’’”  The  growth  of  nearly  TD-free  GaN  has  been 
realized  by  the  lateral  epitaxial  overgrowth  (LEO)  technique,”'’^  and  the  device  lifetime  of  the  cw  MQWLDs 
has  been  extended  up  to  10,000  hours  using  low  TD  density  GaN  on  sapphire’'^  and  pure  GaN  substrates’^ 
prepared  by  LEO  technique.  InGaN  alloys  are  attracting  special  interest  because  they  are  adopted  as  active 
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regions  of  ultra-violet  (UV),'^  blue,'  green,'  and  amber'"  SQW  LEDs  and  all  MQW  LDs' and  they  emit 
bright  luminescences  despite  of  the  large  TD  density  up  to  lO'"  cm'^*'^  The  emission  mechanisms  in  InGaN 
alloys  are  not  yet  fully  understood  due  to  complex  material  physics  and  engineering,  such  as  large  and 
anisotropic  effective  masses,^"  polarization  due  to  the  wurtzite  crystal  lattice,‘'“  and  phase  separating 
nature^^’^''  due  to  large  lattice,  thermal,  and  chemical  mismatches. 

Several  groups  have  assigned  the  spontaneous  emission  from  InGaN  QWs  to  the  recombination  of 
excitons  localized  at  certain  potential  minima. On  the  other  hand,  several  groups  have  discussed  the 
importance  of  the  quantum  confined  Stark  effect  (QCSE)^  due  to  the  piezoelectric  field  (Fiv.)  in  strained 
wurtzite  InGaN  In  particular,  the  blueshift  of  the  electroluminescence  (EL)  peak  in  InGaN  SQW 

LEDs'  with  increasing  drive  current  has  been  explained'"^^  by  the  combined  effects  of  a  reduction  of  QCSE 
due  to  Coulomb  screening  and  band-filling  of  the  energy  tail  states.'’^*'  Moreover,  characteristic 

optical  gain  mechanisms  were  reported  for  InGaN  LD  wafers^'''^'"^  although  gain  spectra  which  can  be 
explained  by  the  well-known  e-h  plasma  (EHP)^''  lasing  model  were  reported.^^^"  In  order  to  obtain  an  insight 
into  what  dominates  the  emission  properties  of  InGaN  QWs  for  further  optimization  of  blue  LDs,  it  Is 
necessary  to  investigate  the  effects  of  effective  bandgap  inhomogeneity  and  electric  field  in  the  QW  separately 
and  consistently. 

In  this  article,  several  important  physics  which  affect  the  emission  properties  of  InGaN  QWs  are 
discussed.  First,  the  influence  of  F  was  reexamined  on  AlGaN/GaN  and  GaN/lnGaN  strained  QWs  to 
conclude  that  there  exists  polarization-induced  and  junction  high  electric  fields  across  the  strained  QWs. 
Presence  of  QW  excitons  is  shown  for  the  wells  with  L<au  even  under  high  F.  Next  the  presence  of  effective 
bandgap  inhomogeneity,  which  produces  certain  quantum  disk-sb^  localized  potential  minima  in  InGaN,  in 
practical  LEDs  is  shown.  Finally  the  origin  of  the  QW  exciton  localiziition  was  investigated  by  comparing 
optical  properties  of  InGaN  QWs  grown  on  dislocated  GaN-base  on  sapphire  and  nearly  TD-free  GaN 
overgrown  laterally  on  the  SiOi  mask. 

Framework 


Optical  properties  peculiar  to  wurtzite  InGaN  and  Ill-nitride  materials  in  comparison  to  familiar  III-V 
semiconductors  such  as  GaAs  or  InP  known  to  date  are  summarized  as  follows: 

(i)  Nitrides  have  an  excitonic  character  in  their  optical  properties.  Indeed,  dominant  resonance  structures 

due  to  A  and  B  FEs  were  found  in  both  absorption  and  photorefliectance  spectra  of  3D  GaN  layers,  and  FE 
emission  has  been  found  even  at  since  the  exciton  binding  energy.  Eh,  is  as  large  as  26  meV  and  aji  is 
as  small  as  3.4  It  is  also  known  that  Et,  is  increased  in  QWs**^  due  to  confinement  of  wavefunctions. 

(ii)  The  wurtzite  structure  has  the  highest  symmetry  compatible  with  the  existence  of 
spontaneous  polarization.  Moreover,  strain-induced  piezoelectric  tensor  of  wurtzite  has  three 
nonvanishing  independent  components.  In  the  absence  of  the  external  fields,  the  total  macroscopic 
polarization,  P,  is  the  sum  of  the  spontaneous  polarization  in  the  equilibrium  structure,  Po,  and  of 
the  strain  induced  piezoelectric  polarization,  Ppz. 

(iii)  InGaN  alloys  have  an  immisible  gap^''"''  and  they  u.sually  show  broad  luminescence  band.' 

In  following  arguments  follow  these  information. 

Polarization  in  wurtzite  lattice 


Since  Ill-nitride  epilayers  grown  on  sapphire  (0001)  or  SiC  (0001),,  substrates  are  along 
the  c-axis,  we  shall  consider  only  the  polarization  along  the  c-axis,  P  =P(j,-J-P,.^,.  Bernardini  ei 
aC'  calculated  P„,  in  AIN,  GaN,  and  InN  as  -0.081,  -0.029,  and  -0.032  C/m',  respectively.  P„, 
induces  the  electric  field  according  to  F„  =-P„ye',,ff ,  and  is  estimated  to  be  3.4  MV/cm  for  GaN, 
which  is  nearly  50  times  the  ionization  field,  F.,  of  FEs  in  3D  GaN  (7.6X10^  V/cm).”  From  the 


fact  that  FE  emissions  can  be  observed  from  3D  GaN  even  at  RT/"  should  be  smaller  than  F,, 
This  may  be  due  to  internal  screening  of  the  polarization  since  the  layer  is  usually  too  thick  and 
any  kinds  of  internal  charges  contribute  to  screening.  An  expression  for  under  the  biaxial 
strain  {a-a^la=e^=e^=-{CJ2C^^)e^  is  given  by  Pp23=2(e3,-e33C3/C33)ff where  a  is  the  lattice 
constant,  a„  is  that  of  strain-free  material,  C..  are  the  elastic  stiffness  constants,  and  e.  are  the 
piezoelectric  constants.  Bernardini  et  aC'  reported  the  following  values  in  units  of  C/m^  633=1.46 
and  63 ,=-0.60  for  AIN;  633=0.73  and  63, =-0.49  for  GaN;  633=0.9?  and  63, =-0.57  for  InN.  For  in- 
plan6  compressiv6  strains  usually  found  in  InGaN,  the  direction  of  Fp^  is  from  Ga  face  to  N  face 
(surface  to  substrate)  according  to  Hellman“  if  we  consider  the  Ga  surface  growth  (-i-C).  The 
direction  of  is  opposite  to  F03  and  the  pn  junction  field  F^^.  This  means  that  total  electric  field 
F  exists  in  the  QW  regions  of  practical  devices  is  a  sum  of  polarization-induced  fields  and  the  pn 
junction  field,  F3=Fo3+Fp^-Fp2  3.  Details  of  this  will  be  discussed  elsewhere,  and  we  simply 
consider  the  effect  of  F  on  the  band  structures  of  strained  QWs  in  this  article. 


Schematic  band  diagrams  of  InGaN  OWs  under  an  electric  field 


From  the  framework  (i)  and  (ii),  physical  scenarios  of  the  optical  transitions  in  InGaN  QWs  are 
drawn  as  follows.  Since  the  critical  thickness  of  In^Gai-xN  (0<x<0.15)  is  reported  to  be  greater  than  40  nm,^^ 
coherent  growth  of  InGaN  is  assumed.  This  strain  causes  Fpz  but  excitons  should  also  be  significant. 
Therefore  the  problem  treated  here  is  the  behavior  of  confined  energy  levels  in  QWs  under  F,  as  discussed  for 
GaAs/AlGaAs  QWs  in  the  1980’s.^^’'‘^’‘*^  In  QWs,  FE  absorption  is  observed  even  at  RT  under  high  F  across 
the  QW^'"”  due  to  quantum  confinement  of  the  wavefiinctions  which  enhances  the  Coulomb  interaction 
between  the  e-h  pair  to  increase  Eb."*^  Miller  et  al^  have  observed  an  excitonic  absorption  in  GaAs  QWs, 
which  was  redshifted  by  2.5  times  the  zero-field  Eb  for  F=10^  V/cm  (50  times  the  E  of  3D  excitons).  They 
have  explained  the  redshift  in  temis  of  field  modulation  of  quantized  energy  levels  (QCSE).^  We  estimate'^ 
Eb  in  GaN  /  Alo.1Gao.9N  QWs  under  F=0  as  a  function  of  L  according  to  Bastard  et  al!^  introducing  finite 
barrier  height.  The  obtained  Eb  value  for  L^3  nm  is  47  meV  and  E  is  estimated  to  be  6.0Xl(f  V/cm  taking 


into  account  the  shrinkage  of  e-h  distance  in  z- 
direction  down  to  0.78  nm  Eb  is  37  meV  for 
L=6nm 

Taking  the  small  fraction  (1/4)  of  AEv 
against  the  conduction  band  discontinuity  AEc 
into  account,'^^  schematic  band  diagrams  of 
InGaN  /  GaN  QWs  are  drawn  in  Fig.  1  for 
several  cases;  i.e.  restrictions  among  FxL,  AEy, 
and  ae.  Since  the  restriction  FxL>AEv  breaks 
before  breaking  FxL>AEc  with  increasing  F  or 
L,  restrictions  between  FxL  and  Z^v  and 
between  L  and  ae  (quantum  size  effect)  only  are 
drawn  in  Fig.l.  Note  that  in-plane  (lateral) 
bandgap  inhomogeneity  is  omitted. 

In  CASE  I,  both  electron  and  hole 
wavefiinctions  are  confined  in  the  well  and  have 
unique  quantized  energy  levels  where  zero 


Fig.  I  Schematic  band  diagrams  of  GaN/InGaN  QWs  under  the 
electric  field  F.  Each  case  represents  the  restrictions  determined 
among  F,  L,  AEy,  and  ag. 


Stokes-like  shift  is  expected  though  the 
resonance  energy  slightly  shifts  to  lower  energy 
due  to  QCSE.  In  CASE  n,  at  least  the  hole 
wavefiinction  drops  into  the  triangular  shape 
potential  well  at  one  side  of  the  well,  and 


continuum  states  are  formed  at  the  rest  of  the 
potential  slope  inside  the  QW  region.  In  addition 
the  penetration  of  the  barrier  continuum 
wavefiinction  cannot  be  neglected.  Therefore 
vertical  component  Stokes-like  shift  is  produced. 
For  the  extreme  situation  of  CASE  11 
(pronounced  CASE  II),  both  the  e-h 
waveftinctioas  drop  into  the  triangukr  potential 
wells  formed  at  opposite  sides  of  the  well  resulting 
in  z-directional  separation.  In  CASE  HI  and  IV, 
the  absorption  tail  would  be  modulated  due 
primarily  to  QCSE^*^  and  OCEK."*^ 


ties  as  a  tunctio 


^  thickness 


Low  excitation  PLE  and  PL  spectra  at  RT 
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Fig.2  Low  excitation  PL  and  PLE  spectra  at  RT  of  In<)  iGao  oN  / 
GaN:Si  MQWs  for  different  well  thickness,  L.  The  apparent 
bondgap  is  defined  as  the  energy  where  the  PLE  signal 
intensity  drops  to  half  the  maximum. 


of  Ino.iGaooN/GaN  MQWs  with  various  L  are 

shown  in  Fig.  2.  The  PL  spectra  exhibited  a  broad  luminescence  peak  due  to  InGaN  QWs,  whose  full  width 
at  half  maximum  (FWHM)  was  nearly  1 20  meV.  The  PL  peak  showed  a  redshift  by  360  meV  with  increasing 
L  from  1.2  to  6,2  nm,  and  the  intensity  decreased  for  L>3.6  nm  (L>aB).  The  PLE  spectra  exhibited 
broadened  absorption  tail  except  for  the  1^1.2  nm  case.  The  broadening  was  pronounced  for  wells  with 
L>aB.  These  results  agree  with  the  scenario  that  the  QW  configuration  changes  from  CASE  I,  II,  to  IV  due  to 
increasing  L  assuming  eoastant  x  and  F^/.  The  apparent  bandgap  energy  determined  as  the  energy  where  the 
PLE  signal  intensity  drops  to  half  the  maximum,  PL  peak  energies,  and  Stokes-like  shifts  are  plotted  as  a 
function  of  Lin  Fig.  3.  As  expected,  the  apparent  Stokes-like  shift  increased  from  nearly  50  meV  to  220  meV. 
Since  in  CASE  I,  zero  Stokes-shift  is  expected  if  the  well  had  a  homogeneous  bandgap  energy,  the  observed 
Stokes  shift  for  CASE  I  (L<aB)  directly  shows  the  presence  of  in-plane  net  Stokes  shift  due  to  localized 
energy  states  in  the  QW.  Similar  results  were  obtained  at  4  K  where  the  Stokes-shift  was  nearly  100  meV 
(L<2.5  nm).  The  observed  b!ue.shift  of  the  high 
excitation  PL  peak  indicates  presence  of  high  F  across 
the  wells. 

In  order  to  estimate  F,  confined  energy  levels 
and  wavefunctions  in  Irio.iGaogN  QWs  are  calculated 
as  functions  of  F,  L,  and  n  in  the  barrier  by  variational 
method  neglecting  Eb  within  the  Hartree 
approximation  by  solving  the  Schrddinger  equation  > 
and  Poisson  equation  simultaneously  and  self- 
consistently.  We  did  not  fit  the  data  but  simply  g' 

calculated  and  compared  the  relation  between  the  low  iS 

exeitation  PL  peak  energy  and  L  (L<3.6  nm)  in  Fig.  3. 

As  a  result,  the  zero-field  bandgap  of  the  3D  InGaN 
well  is  obtained  to  be  2.92  eV  and  AEc  and  AEv  are 
estimated  to  be  about  400  and  100  meV,  respectively. 

F  is  estimated  to  be  nearly  3.5X10'^  V/cm  which  gives 
Stark  shift  of  nearly  45  meV  in  the  3-nm-thick  QW  p.^  ^  excitation  PL  peak  energies,  apparent 

Examples  of  the  calculated  quantb?ed  energy  levels  and  bandgap  energy  estimated  from  PLE  spectra,  and  apparent 

e-h  wavefunctioas  for  InGaN  under  F=400  kV/cm  are  stokes-like  shift  of  Ino  iGao.ijN  wells  at  RT  as  a  function  of 


Well  Thickness  L  (nm) 


shown  in  Fig.  4,  Under  F=3.5X  1  (f  V/cm,  FXL  exceeds  L. 


AEv  for  L>3.4  nm  The  hole  confined  level 
would  already  be  formed  in  the  triangular 
potential  (CASE  II)  between  2.5  and  3.6 
nm.  Beyond  this,  the  system  belongs  to 
CASE  IV  where  the  e-h  are  confined  in 
opposite  sides  of  the  well,  as  shown  in  Fig. 
4.  This  may  explain  the  extremely  long 
decay  time  r  in  terms  of  reduction  of  the 
oscillator  strength  for  large  L  at  low 
temperature  where  nonradiative 
recombination  is  suppressed.  At  4  K,  rwas 
nearly  35  ns  for  L=5nm  (>aB).  This  may 
cause  serious  degradation  of  the  emission 
intensity.  Relatively  shorter  r  (0.97-4  ns) 
for  L<2.5  nm  at  4  K  indicates  that  the 
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Fig.4  Quantized  energy  levels  and  wavefunctions  of  e-h  pair  in 
Ino.1Gao.9N  SQW  under  the  condition  of  F=400kV/cm. 


overlap  of  the  e-h  wavefunction  is  still  large 

because  L  is  smaller  than  ae.  Note  that  the  estimated  Ft  (6.0X10^  V/cm)  is  larger  than  F  (3.5XlO^  V/cm), 
which  implies  that  Coulomb  interaction  between  the  e-h  pair  still  remains.  This  kind  of  particles  can  be 
regarded  as  QW  excitons. 


ptical  properties  as  a  function  of  InN  molar  fi~action  x 


Next  sample  series  have  a  3-nm-thick  InGaN  SQW  with  various  x,  which  correspond  to  CASE  I,  H, 
and  pronounced  CASE  H.  Note  that  change  in  x  changes  in  AEc,  AEv,  and  Fpz  simultaneously.  The  PLE 
spectra  broadened  and  the  PL  peak  energy  showed  pronounced  redshift  with  mcreasing  x,  as  shown  in  Rg.  5. 
The  QW  (x=0.03)  exhibited  a  sharp  onset  of  the  PLE  spectra  at  3.3  eV,  as  is  the  case  with  1^1 .2  nm  in  Fig. 
2.  If  we  assume  a  linear  relation  between  Fpz  and  x,  Fpz  is  estimated  to  be  nearly  l.lXlO^  V/cm.  The  PLE 
spectra  were  taken  at  10  K,  and  the  sample  is  considered  to  belong  to  CASE  I,  as  shown  in  Rg.  6.  The 
appearance  of  the  Stokes  shift  in  the  CASE  I  sanple  again  indicates  the  presence  of  localized  energy  states. 
With  increasing  x,  first  the  hole  confined  level  drops  into  the  triangular  potential,  as  shown  in  Fig.  6  (400 
kV/cm),  and  that  of  electron  will  also  drop  into  the  triangular  potential  at  opposite  side  for  higher  x 
(pronounced  CASE  11).  This  scenario  explain  the  broadness  of  the  PLE  spectra  with  increasing  x.  In  addition, 
the  spatial  separation  of  the  e-h  pair  normal  to  the  QW  plane  may  reduce  the  wavefunction  overlap  and 


2.5  3.0  3.5  4,0 


Photon  Energy  (eV) 

Fig.5  Low  excitation  PL  and  PLE  spectra  at  10  K 
of  3-nm-thick  In^Gai.^N  /  GaN:Si  SQW  structures 
with  different  InN  molar  fraction,  x.  The  x  values 
are  estimated  assuming  coherent  growth. 
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Fig.6  Quantized  energy  levels  and  wavefunctions  of  e-h 
pair  in  3-nm-thick  InGaN  SQW  under  the  condition  of 
F=100kV/cm  (x=0.03)  and  400kV/cm  (x=0.1). 


increase  the  emission  decay  time  with  increasing  x.  However, 
as  shown  in  Fig.6,  the  overlap  of  e-h  wavefunction  is  still  large. 

Both  the  Stokes-like  shift  and  the  decay  time  had  a 
critical  of  nearly  0. 1  as  shown  in  Fig.  7.  This  composition  is 
considered  to  correspond  to  the  point  that  the  band  diagram 
changes  from  CASE  I  to  CASE  n  or  pronounced  CASE  II 
where  the  absorption  due  to  continuum  states  from  barriers 
becomes  remarkable.  On  the  other  hand,  the  degree  of  effective 
bandgap  inhomogeneity  suddenly  increases  by  alloying  In  then 
increase  monotonically  with  increasing  x,  judging  from  the 
values  of  PL  FWHM,  as  shown  in  Fig.  7. 

Coulomb  screening  effects  bv  Si-doping  of  GaN  barriers 

One  of  the  effective  methods  to  screen  polarization- 
induced  F  Ls  by  doping  the  wells  or  barriers.  If  the  injected  or 
doped  charge  den.sity  is  enough  to  screen  Fpz,  the  pronounced 
CASE  n  QWs  may  recover  wavefunction  overlap.^^  Quantized 
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Fig.7  PL  FWHM.  apparent  Stokes-like  shift, 
and  TR-PL  decay  lime  of  3-nm-thick  lnxGa|,..N 
QWs  as  a  ftinction  of  x. 
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Fig.8  Quantized  energy  levels  and  wavefunctions  of  e-h  pair  in 
3-nm-thick  InGaN  SQW  under  the  condition  of  F=0kV/cm. 
F=500kV/cm,  and  F=500kV/cm  and  N,..,,  n„ir  =4X!0'^cm  l 

The  PL  peak  shifted  to  higher  energy  and  the  absorption 
tail  in  the  PLE  spectmm  decreased  by  doping  Si  up  to 
lO'^  cm\  as  shown  in  Fig.  9.  The  apparent  resonance 
energy  shifted  to  higher  energy  by  50  meV,  which  nearly 
agrees  with  Fig.8,  and  the  apparent  Stokes-like  shift 
decreased  from  220  meV  to  120  meV  At  the  same 
time,  the  emission  decay  time  r  decreased  from  14  as  to 
850  ps  with  increasing  Si-doping.  These  results  indicate 
that  Fpz  was  effectively  screened,  and  the  overlap  of  the 
e-h  wavefunction  was  recovered.  Note  that  screening  of 


energy  levels  and  wavefunctions  of  a  3-nm- 
thick  Ia)i3GaoR7N  SQWs  for  F=0,  F=500 
kV/cm,  and  F=500  kV/cm  with  injected  e-h 
pair  deasity  of  4X  lO'^  cm'^  are  shown  in  Fig. 
8.  As  shown,  the  wavefunction  overlap  and 
the  traasition  energy  between  the  energy 
levels  were  recovered  by  the  Si-doping.  To 
confirm  this  experimentally,  3-nm-thick 
Ino  i3Ga».s7N  /  GaN  MQWs  with  different 
Si-doping  concentrations  in  the  GaN 
barriers  were  examined.  Fj^  in  the  undoped 
MQW  Ls  estimated  to  be  5-6X10''^  V/cm. 
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Fpz  reduces  the  slope  of  the  conduction  and  valence  Fig.9  Low-cxcitation  PL  and  PLE  spectra  at  300  K  of 

bands  within  the  QW  to  result  in  sharp  onset  of  the  lno  i3Ga<)s7N/GaN  MQWs  for  different  Si-doping 

absorption  tail.  This  reduc&s  the  "vertical”  component  of  concentrations  (n).  PLE  edge  was  dtatpened  and  the  PL 
,  ^  o  1  1-1  I J  peak  blueshifted  with  mcrea.singn. 

the  apparent  Stokes-like  shift.  Of  cour.se,  increased  ^ 

electron  density  due  to  the  modulation  doping  may 


improve  the  radiative  recombination  rate,  and  the  electrons  will  fill  the  energy  tail  states  at  the  same  time.  The 
sample  with  the  highest  doping  level  showed  the  shortest  ^^=850  ps  and  the  brightest  emission.  This  value 
seems  to  be  close  to  the  intrinsic  radiative  recombination  lifetime.  The  longer  r  usually  observed  in  the 
practical  LEDs  will  be  discussed  later. 

Why  InGaN  emits  efficient  luminescences  /  In-plane  localization  of  OW  excitons 

Blue  and  green  InGaN  SQW  LEDs  show  blueshift  of  the  EL  peak  energy  with  increasing  driving 
current.’’^  '^  This  has  been  explained  by  combined  effects  of  Coulomb  screening  of  Fpz  and  band  filling  of  the 
localized  energy  states  by  QW  excitons.^  Really  recently,  Mukai  et  alf^  reported  that  current  and 
temperature  dependences  of  the  EL  peak  energy  of  5.5-nm-thick  Ir^,Gai.xN  SQW  LEDs  change  drastically  at 
a  critical  emission  peak  wavelength  of  375  rm  When  x  is  very  small,  LEDs  do  not  show  any  blueshifts  but 
show  temperature  dependence.  Conversely,  when  x  is  larger  than  corresponding  emission  peak  of  375  nm, 
the  LEDs  show  nearly  temperature-independent  but  current  density-dependent  EL  peak  energy.  Moreover, 
the  output  power  of  UV  LEDs  increase  with  increasing  wavelength  in  UV  region  longer  than  370nm  where 
the  self-absorption  due  to  GaN  base  layer  is  already  negligible.  These  results  indicate  that  the  emission 
mechanisms  change  with  x,  and  those  of  GaN  QW  and  InGaN  QW  are  totally  different. 

Another  supporting  evidence  of  the  importance  of  exciton  localization  in  InGaN  is  shown  in  Fig.  10. 
Figure  10  shows  the  optical  transmittance  at  10  K  and  RT  and  high  excitation  PL  spectra  at  RT  of  a 
5-nm-thick  GaN  /  Alo.15Gao.85N  double-hetero  (DH)  structure  grown  on  thick  Alo.3Gao.7N  base 
layer  and  those  of  5.5-nm-thick  Alo.15Gao.85N  /  InGaN  /  Alo.1Gao.9N  DH  structure  (SQW  UV- 
LED)'*^  grown  on  thiek  GaN  base.  Since  the  former  sample  was  grown  on  thick  Alo.sGaovN  to 
observe  QW  absorption  spectrum,  both  GaN/AlGaN/AlGaN  and  InGaN/AlGaN/GaN  QWs  suffer 
from  compressive  biaxial  strain.  Then  the  Fpz  is  opposite  to  the  pn  junction  field.  Against  Fpz,  the 
GaN/AlGaN  SQW  exhibits  an  excitonic  absorption  peak  up  to  RT,  as  predicted  form  the  increase 
of  Eb  in  Therefore  InGaN  SQW  would  also  show  the  excitonic  character.  Since  the  PL  peak 

energy  of  InGaN/AlGaN  SQW  is  higher  than  that  of  GaN/AlGaN  SQW,  the  QW  resonance  energy  of 
GaN/AlGaN  should  be  smaller  than  that  of  InGaN/AlGaN  structure,  which  means  that  QCSE  due  to  Fpz 
dominates  the  optical  transitions  in  the  binary  GaN  wells.  Accordingly,  the  PL  intensity  of  GaN/AlGaN  SQW 
was  far  lower  than  that  of 
InGaN/AlGaN,  although  the  self¬ 
absorption  due  to  the  GaN  base  is 
remarkable  for  the  particular  UV-LED 
structure.  Note  that  the  PL  peak  energy 
agrees  with  the  excitonic  absorption 
peak  at  RT  and  excitons  are 
delocalized  for  the  GaN/AlGaN  SQW, 
which  is  different  fi:om  the  results 
obtained  fi-om  InGaN  QWs. 

Typical  wide-area  and  spot- 
excitation  CL  spectra  at  10  K  of  a  3- 
nm-thich  Ino.1Gao.9N  SQW  are  shown 
in  Fig.  11.  Although  the  effect  of  the 
multiple  interference  fiinges  on  the  CL 
spectra  is  not  negligible,  wide  area  (10 
//mXlO  yL/m)  broad  CL  band  (FWHM 
nearly  100  meV)  consists  of  many 
sharp  peaks  (FWHM  less  than  20 
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Fig.  10  Optical  transmittance  and  high  excitation  PL  spectra  at  10  K 
and  RT  of  a  5-nm-thick  GaN  /  Alo.15Gao.85N  DH  structure  grown  on 
thick  Alo.3Gao.7N  base  layer  and  those  of  5.5-nm-thick  InGaN  / 
Alo  |Gao.9N  DH  structure  (SQW  UV-LED)'*^  grown  on  thick  GaN 
base. 


meV)*^'  at  10  K.  This  clearly 
shows  that  the  broad  CL  band 
consists  of  sharper  emission 
fxjaks  having  various  peak 
energies.  Therefore,  there  exist 
several  stnictures  composed  of 
an  InN-rich  part  surrounded  by  a 
GaN-rich  part  in  each  spot  area. 
This  suvctwv  may  be  due  to 
mesoscopic  compositional 
undulation  and  it  can  act  as 
quantum-disks  (Q-disk.s),'’’  dots, 
or  segmented  QWs  having 
compositional  and/or  size 
inhomogeneity.  Monochromatic 
scanning  CL  images  of  the  same 
GaN-capped  Ino.iGao.gN  SQW 
taken  at  wavelengths  of  400  nm 
and  420  nm  are  also  shown  in 
Fig.  11.  A  careflil  comparison 
between  the  two  images  using  a 
triangular-shaped  dark  marker  on  the  bottom-left  comer  indicated  following  results;  (a)  each  bright  (white  in 
the  figure)  area  consists  of  emissions  Ifom  real  spaces  of  about  60-400  nm  in  lateral  size,  (b)  some  dark  areas 
in  one  figure  correspond  complementary  to  bright  ones  in  the  other  figure,  and  (c)  some  areas  exhibit  both 
400  and  420  nm  CL  emissions.  These  results  can  also  be  explained  by  the  existence  of  compositional 
undulation  whose  lateral  interval  is  smaller  than  60  nm,  which  value  is  the  spatial  resolution  of  the  system 
(diflusion  length).  Supporting  evidences  of  the  short  diffusion  length  in  InGaN  QWs  were  reported  by  Rosner 
et  alP'^  They  showed  less  pronounced  CL  contrast  in  InGaN  SQW  compared  to  GaN.*^  Sato  et 
estimated  the  PL  intensity  as  a  tunction  of  TD  density  and  also  supported  the  short  diffusion  length  model  in 
InGaN  QWs.'^'  The  result  (c)  indicates  that  the  real  area  that  emits  CL  is  far  smaller  than  the  diffusion  length 
(60  nm).  Kisielowski  et  and  Ponce  et  al!’^  estimated  the  structural  size  of  InN-rich  clusters  to  be  less  than 
10  nm  and  20  nm,  respectively.  Such  CL  nanostmeture  was  also  found  for  compositions  as  low  as  x=0.03. 
This  means  that  laige  FWHM  of  the  PL  peak  and  broadness  of  the  PLE  signal  edge  for  the  CASE  I  QWs 
represent  the  in-plane  effective  emission  bandgap  inhomogeneity.  Note  that  e-h  wavefunctions  in  the  Q-disks 
are  confined  with  respect  to  the  z-dircction,  and  Q-disks  or  Q-dots  Ccin  improve  the  emission  efficiency  of 
QW  excitons  due  to  the  lateral  confinement  in  limited  spaces,  that  can  reduce  nonradiative  pathways.  This  is 
the  reason  why  InGaN  exhibits  bright  .sjxintaneous  emissions.  Naturally,  it  overcomes  disadvantages  of  using 
wurtzite  materials  due  to  the  polaiization-induced  electric  fields.  The  e-h  wavefunctions  are  still  overlapped 
even  in  the  pronounced  CASE  II.  The  emission  lifetime  is  affected  by  both  the  e-h  pair  separation  due  to  Vw. 
and  in-planc  localization  for  CASE  II  and  pronounced  CASE  II.  In  Q-disks,  the  spontaneous  emission 
lifetime  becomes  long  since  the  emission  is  prohibited  when  the  wave  vector  of  exciton  center-of-mass 
motion  is  above  the  critical  energy.'^^ 

Origin  of  exciton  localization 

One  of  the  possible  origins  of  the  in-plane  bandgap  inhomogeneity  is  an  inhomogeneous  distribution 
of  Fr/  due  to  strain  fluctuation.  If  we  attribute  the  in-plane  net  Stokes  shift  to  this,  the  potential  fluctuation  can 
be  leveled  by  filling  carriers  to  screen  Ff/.  However,  the  FWHM  of  PL  or  EL  in  InGaN  QWs  does  not 
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Fig.]  1  Wide-area  (10  //in//10  Xm)  sciinning  and  spot  excitation  CL  spectra  of  .3- 
nm-thick  InoiGuiwN  SQW  capped  by  a  6-nm-thick  GaN.  The  braid  CL  peak 
(FWHM=100  meV)  consists  of  several  sharp  emission  peaks  (FWHM=20  meV) 
having  dilferent  peak  energies.  Monochromatic  CL  images  taken  at  4(X)  and  420 
nm  .showed  primarily  tlie  complimentary  relation.  The  resolution  of  the  CL 
mapping  is  limited  by  the  diffusion  length,  which  was  nearly  60  nm  in  lateral 
direction. 


Photon  Energy 

Fig.  13  Time-integrated  PL  spectra  and  the  decay  time  t  as 
a  function  of  emission  energy  at  RT  of  InGaN  MQW  grown 
on  the  LEO  wing. 


Fig.  12  PL  and  PLE  spectra  at  10  K  change  or  even  increase  with  increasing  excitation  level, 
obtained  from  InGaN  SQW  and  MQW  Therefore,  an  intrinsic  compositional  inhomogeneity  is  the  most 
structures  growu  on  LEO  window  and  Keller  et  al.‘‘  found  a  spiral  growth  of  InGaN 

initiated  by  the  mixed  character  TDs.  If  such  a  growth  mode 
accumulates  In  to  the  growth  step  edge,  compositional  inhomogeneity  would  be  produced.  To  investigate 
this,  optical  properties  of  InGaN  QWs  were  investigated  as  a  fiinction  of  TD  densit/®  using  LEO  technique. 
A  series  of  InGaN  QWs  were  grown  on  dislocated  GaN  grown  from  the  SiOi  mask  opening  (window)  and 
nearly  TD-free  GaN  laterally  overgrown  on  Si02  from  the  opening  (wing)  at  the  same  time  in  order  to 
minimize  run-to-mn  or  place-to-place  fluctualtion.  Figure  12  shows  PL  and  PLE  spectra  at  10  K  of  InGaN 
SQW  and  MQW  stmctures  grown  on  the  window  and  wing.  As  shown,  they  showed  exactly  the  same 
properties.  The  luminescence  decay  time  r  measured  by  the  time-resolved  PL  measurements  was  6  ns  at  RT 
for  the  MQW  structure,  and  was  independent  of  TD  den.sity.^^  The  low  temperature  PL  lifetime  was  also 
independent  of  the  TD  density.  In  addition,  the  energy  resolved  r  of  nearly  TD-free  InGaN  MQW  increased 
with  decreasing  the  photon  energy,  as  shown  in  Fig.  13.  This  is  characteristics  of  the  localized  electronic 
system.  The  relation  between  rand  E  was  fitted  using  r  (E)=rr/{l-hexp[(E-En^)/Eo],  where  Etf=60  meV 
repre.sents  the  depth  in  the  tail  states,  £[^=2.88  eV  is  the  energy  similar  to  the  mobility  edge,  and  ri=12  ns  is 
the  radiative  lifetime.  These  values  are  reasonable  for  the  device-quality  InGaN  QW'  systems  with  highly 
lattice  mismatched  nonrandom  alloy  broadening. 

It  should  be  noted  that  all  the  optical  properties  do  not  depend  on  TD  density.  Conversely,  the  in¬ 
plane  net  Stokes  shift  is  affected  by  changing  the  barrier  growth  rate®’  and  InN  molar  fraction  of  the  QWs.^ 
Therefore  the  in-plane  effective  bandgap  inhomogeneity  is  caused  by  growth  parameters,  point  defects,  or 
thermodynamics  rather  than  phase  separation  initiated  by  TDs.  Anomalous  temperature  independence  of  the 
luminescence  peak  energy’’^  cannot  be  explained  only  by  an  inhomogeneous  Fpz.  Since  the  change  in  x 
changes  Fpz,  the  Q-disk  size  /  segmented  QW  potential  may,  at  least  partly  come  from  the  nonrandom  alloy 
px)tential  fluctuation  emphasized  by  the  large  bowing  parameter  b  InGaN.^’^^’^' 

For  LDs,  the  effective  bandgap  inhomogeneity  more  than  50  meV  is  too  large  to  obtain  an  uniform 
EHP  in  the  well.  Indeed,  some  InGaN  MQW  LDs  showed  EHP  lasing  in  tail  states.^’^®^^'^’®  This  may  cause 
the  increase  of  threshold  current  density  of  InGaN  LDs  in  terms  of  reduiction  in  differential  gain.® 


Summary 


Importance  of  QW  exciton  localization  into  the  energy  tail  states  was  explained  in  addition  to  high- 
field  effects  in  InGaN  QWs.  This  Q-disk  size  potential  minima  make  the  diffusion  length  short  and  effectively 


keep  carriers  away  from  nonradiative  pathways,  which  is  a  distinct  difference  between  GaN  and  InGaN  QWs. 
Strong  Fpz  separate  e-h  pair  into  triangular  potential  wells  formed  at  opposite  sides  of  the  well  and  apparent 
Stokes-like  shift  is  dominated  by  Fpz  for  CASE  D,  HI,  and  IV.  The  oscillator  strength  of  the  separate  e-h  pair 
is  very  small  for  CASE  111  and  IV.  State-of-the-art  InGaN  LEDs  and  LDs  generally  have  QWs  with  L  =  2.5- 
3.5  nm  and  most  of  blue,  green,  and  amber  LEDs  may  belong  to  pronounced  CASE  II.  However,  the  overlap 
of  e-h  wavefunctions  is  recovered  by  screening  F^z  by  injecting  earners  or  doping  Si,  resulting  in  huge 
blueshift  of  the  emission  peak  and  a  decrease  of  the  apparent  Stokes-like  shift.  Note  that  vertical  e-h  pair 
distance  is  still  smaller  than  an,  resulting  in  large  overlap  of  their  wavefunctions.  Therefore  the  localized  QW 
excitons  have  strong  Coulomb  interaction  provided  that  L<aB.  In  order  to  understand  precise  mechanisms  of 
the  bandgap  inhomogeneity  and  carrier  localization,  and  to  obtain  long  wavelength  LDs  expanding  from  pure 
green  to  red  wavelengths,  fabrication  and  investigation  of  cubic  zincblende  InGaN  QWs  are  mandatory  to 
eliminate  the  modulation  due  to  strain-induced  piezoelectricity. 
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ABSTRACT 

We  report  on  the  composition  dependence  of  the  band  gap  energy  of  strained  hexagonal 
InxGaj.xN  layers  on  GaN  with  x<0.15,  grown  by  metal-organic  chemical  vapor  deposition  on 
sapphire  substrates.  The  composition  of  the  (InGa)N  was  determined  by  secondary  ion  mass 
spectroscopy.  High-resolution  X-ray  diffraction  measurements  confirmed  that  the  (InGa)N  layers 
with  typical  thicknesses  of  30  nm  are  pseudomorphically  strained  to  the  in-plane  lattice  parame¬ 
ter  of  the  underlying  GaN.  Room-temperature  photoreflection  spectroscopy  and  spectroscopic 
ellipsometry  were  used  to  determine  the  (InGa)N  band  gap  energy.  The  composition  dependence 
of  the  band  gap  energy  of  the  strained  (InGa)N  layers  was  found  to  be  given  by  Eg(x)=3.43- 
3.28  x  (eV)  for  x<0.15.  When  correcting  for  the  strain  induced  shift  of  the  fundamental  energy 
gap,  a  bowing  parameter  of  3.2  eV  was  obtained  for  the  composition  dependence  of  the  gap  en¬ 
ergy  of  unstrained  (InGa)N. 

INTRODUCTION 

There  is  considerable  current  interest  in  the  (InGa)N  alloy  system  because  (InGa)N  layers 
form  the  active  region  of  most  of  the  present  green-to-violet  light  emitting  devices  based  on 
group  Ill-nitrides  [1].  However,  in  spite  of  the  technological  importance  of  (InGa)N,  so  far  pub¬ 
lished  data  on  the  composition  dependence  of  the  band  gap  energy  of  the  (InGa)N  alloy  show 
significant  scatter,  with  values  for  the  bowing  parameter  ranging  from  1.02  eV  [2]  to  3.5  eV  [3]. 
For  an  accurate  determination  of  the  composition  dependence  of  the  (InGa)N  band  gap,  the  gap 
energy  has  to  be  derived  fi'om  photoreflection  (PR)  [2]  or  spectroscopic  ellipsometry  (SE)  [4] 
measurements  rather  than  from  photoluminescence  (PL)  data.  This  is  because  the  (InGa)N  near 
band-edge  PL  spectrum  is  Stokes-shifted  relative  to  the  band  edge,  leading  to  an  underestimate 
of  the  gap  energy  [5].  The  (InGa)N  alloy  composition  should  be  assessed  not  only  by  X-ray  dif¬ 
fraction  but  also  by  chemical  analysis,  as  strain  effects  complicate  the  composition  analysis  by 
X-ray  diffraction,  requiring  precise  knowledge  of  the  elastic  parameters  of  the  (InGa)N.  (InGa)N 
layers  grown  on  top  of  GaN  have  been  found  to  be  strained  to  the  in-plane  lattice  parameter  of 
the  underlying  GaN  for  layer  thicknesses  and  compositions  up  to,  at  least,  100  nm  and  x=0.15, 
respectively  [6,7]. 

In  the  present  study  pseudomorphically  strained  (InGa)N  layers  on  GaN,  grown  by  metal- 
organic  chemical  vapor  deposition  (MOCVD),  were  analyzed  by  PR  spectroscopy  and  SE  to 
determine  the  composition  dependence  of  the  (InGa)N  band  gap  energy.  Secondary  ion  mass 
spectroscopy  (SIMS)  and  high-resolution  X-ray  diffraction  (HRXRD)  were  used  to  assess  the 
(InGa)N  layers'  composition  and  strain,  respectively. 
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EXPERIMENT 


The  hexagonal  (InGa)N-on-GaN  samples  used  in  this  study  were  grown  by  low-pressure 
MOCVD  on  c-plane  2"  sapphire  substrates.  Details  on  growth  can  be  found  in  Ref.  8.  Data  will 
be  presented  on  a  series  of  samples  with  varying  In  content  (x<0.15)  and  (InGa)N  layer  thick¬ 
nesses  ranging  from  15  to  60  nm,  grown  on  top  of  a  2  to  3  pm  thick  GaN  layer.  The  {InGa)N 
composition  was  determined  by  SIMS  using  appropriate  standards  calibrated  by  energy  disper¬ 
sive  X-ray  analysis  (EDX). 

Selected  samples  were  further  analyzed  by  HRXRD  using  both  the  symmetric  00.6  and 
the  asymmetric  10.5  reflections,  in  order  to  determine  the  c  and  a  lattice  parameters  parallel  and 
perpendicular  to  the  growth  axis.  Fig.  1  shows  a  plot  of  c  versus  a  for  (InGa)N  layers  with  a 
thickness  of  30  nm  as  well  as  for  the  underlying  GaN.  All  the  a  lattice  parameters  obtained  for 
the  (InGa)N  are  close  to  that  of  the  GaN  layer,  indicating  that  the  (InGa)N  layers  are  under  bi¬ 
axial  in-plane  compression  due  to  pseudomorphic  growth.  The  GaN  layer  itself  is  also  under 
slight  compression  due  to  the  thermal  mismatch  with  respect  to  the  sapphire  substrate.  Using 
linear  interpolations  between  the  c  and  a  lattice  parameters  of  unstrained  GaN  [91  and  InN  [10], 
the  composition  dependent  lattice  parameters  of  unstrained  (InGa)N  are  obtained,  shown  in  Fig. 
1  by  the  short-dashed  line.  Based  on  the  elastic  parameters  given  by  Wright  [11],  the  effect  of  in¬ 
plane  biaxial  compre.ssive  or  tensile  strain  on  c  and  a  can  be  calculated,  as 


LATTICE  PARAMETER  a(pm) 

Fig.  1:  c  versus  a  lattice  parameters  as  deter¬ 
mined  by  HRXRD  for  30  nm  thick  1nxGai-xN  layers 
on  GaN  (filled  squares)  with  different  In  content  x. 
Error  bars  are  indicated.  For  comparison  c  and  a 
lattice  parameters  of  the  underlying  GaN  are  also 
shown  (open  circles).  The  full  vertical  line  marks 
the  a  lattice  parameter  of  unstrained  GaN.  The 
short-dashed  line  indicates  the  calculated  c- 
versu.s-a  relation  for  un.strained  (InGa)N.  For 
further  details  see  text. 
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Fig.  2:  Room-temperature  PR  .spec¬ 
tra  of  30  nm  thick  IihGai-xN  layers  on 
GaN  with  various  In  contents  x  given 
in  the  figure.  Dashed  curves  indicate 
fits  to  the  (InGa)N  fundamental  gap 
resonance. 
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Fig.  3:  Composition  dependence  of  the  room-temperature  band  gap  energy  of  strained 
InxGaj-xN  layers  on  GaN  as  obtained  by  PR  spectroscopy  (filled  circles),  and  after  correction  for 
the  strain  induced  band  gap  shift  (open  circles,  see  text).  (InGa)N  alloy  composition  was  deter¬ 
mined  by  SIMS.  The  full  and  dashed  curves  indicate  linear  and  quadratic  fits  to  Eg  for  strained 
InxGaj.xN  and  for  numerically  relaxed  InxGaj.xN,  respectively.  For  comparison,  room- 
temperature  PL  peak  positions  are  also  shown  (filled  squares). 

indicated  by  the  dash-dotted  lines  for  In  contents  of  x=0,  0.05,  0.10,  and  0.15.  To  extract  infor¬ 
mation  on  the  In  content  of  the  present  strained  (InGa)N  layers,  the  measured  data  have  to  be 
projected  parallel  to  the  dash-dotted  lines  onto  the  c-versus-«  curve  for  unstrained  (InGa)N 
(short-dashed  line),  as  indicated  by  arrows.  The  (InGa)N  alloy  composition  deduced  in  this  way 
agrees  for  x<0.1  within  10%  with  the  SIMS  data.  For  the  highest  In  contents  the  HRXRD  analy¬ 
sis  yields  a  somewhat  lower  In  content  than  SIMS,  e.g.  x=0.124  (HRXRD)  versus  x=0.147 
(SIMS).  Considering  the  large  uncertainties  in  the  (InGa)N  elastic  parameters  required  for  the 
HRXRD  based  analysis  of  the  alloy  composition  for  strained  (InGa)N,  the  SIMS  data  are  used 
throughout  the  remaining  paper. 

RESULTS  AND  DISCUSSION 

Room-temperature  PR  spectra  are  plotted  in  Fig.  2  for  three  different  lUxGai.xN-on-GaN 
samples  with  an  (InGa)N  layer  thickness  of  30  nm  and  In  contents  of  x=0.02,  0.08,  and  0.15. 
Besides  the  very  intense  and  spectrally  sharp  fundamental  gap  resonance  of  GaN  at  3.43  eV,  the 
corresponding  resonance  of  the  (InGa)N  is  well  resolved  at  lower  energies  as  a  derivative-like 
structure.  The  (InGa)N  resonance  shows  a  low-energy  shift  and  a  significant  broadening  with 
increasing  In  content.  Its  line  shape  is  somewhat  distorted  by  Fabry-Perot  interference 
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Fig.  4:  Real  <€;>  and  imaginary  part 
<£2>  of  the  pseudo-dielectric  function 
spectrum  of  a  60  nm  thick  InaiGa()_<)N  layer 
on  GaN  and,  for  comparison,  of  a  GaN  ref¬ 
erence  sample.  Data  were  derived  from 
room-temperature  SE  measurements  per¬ 
formed  at  an  incident  angle  of  75°  and  a 
polarizer-azimuth  of  30°. 
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Fig.  5:  Energy  position  of  the  (InGa)N 
related  peak  in  the  <£■/>  spectrum  versus 
(InGa)N  hand  gap  energy  derived  from  PR 
measurements.  Data  are  shown  for  different 
(InGa)N  layer  thicknesses  d  given  in  the 
figure.  The  dashed  line  indicates  a  one-to- 
one  correspondence. 


oscillations.  The  band  gap  energy  of  the  (InGa)N  was  deduced  from  a  fit  to  the  PR  resonance 
[12],  as  shown  by  the  dashed  curves.  The  resulting  band  gap  energies  Eg  are  plotted  in  Fig.  3 
versus  the  In  content  determined  by  SIMS  (full  circles).  The  experimental  data  can  be  fitted  by 
the  linear  relationship  Eg(x)=3.43-3.28-x  (cV)  (x<0.15),  as  indicated  by  the  full  line  in  Fig.  3. 
There  is  fair  agreement  with  the  composition  dependence  of  the  (InGa)N  band  gap  energy  re¬ 
ported  by  McClusky  et  al.  [3]  (Eg(x)=3.42-3.93  x  (eV)),  which  was  obtained  from  optical  trans¬ 
mission  experiments  on  0.25  pm  thick  In^Gai-xN  layers  (x<0.12)  strained  to  the  in-plane  lattice 
parameter  of  the  underlying  GaN.  For  comparison  the  PL  peak  energy  at  room-temperature  is 
also  plotted  in  Fig.  3  (filled  squares).  There  is  an  increasing  Stokes-shift  between  the  band  gap 
energy  derived  from  the  PR  measurements  and  the  PL  peak  energy  upon  increasing  the  In  con¬ 
tent.  Alloy  fluctuations  [5]  and  the  confined  Stark  effect  due  to  piezoelectric  fields  [141  have 
been  discussed  as  possible  mechanisms  responsible  for  this  Stokes-shift. 

As  pointed  out  by  McClu.sky  et  al.  [3],  the  strain  induced  shift  AE  of  the  (InGa)N  band 
gap  has  to  be  subtracted  from  the  present  Eg(x)  data  obtained  on  pscudomorphic  (InGa)N  films 
on  GaN,  to  obtain  the  composition  dependence  of  the  band  gap  energy  of  unstrained  (InGa)N. 
Using  the  relationship  for  the  strain  induced  band  gap  shift  AE=1.02  x  (eV)  given  in  Ref  3,  the 
expected  band  gap  energies  of  unstrained  (InGa)N  have  been  calculated,  which  arc  shown  in  Fig. 
3  by  open  circles.  Taking  a  value  of  1 .89  cV  for  the  room-temperature  band  gap  energy  of  InN 
[15],  the  present  data  on  the  composition  dependence  of  the  band  gap  energy  of  unstrained 
(InGa)N  can  be  fitted  by  Eg(x)=3.43-4.74  x-i-3.2-x^  (eV).  The  bowing  parameter  of  3.2  eV  com- 


pares  favorably  well  with  that  of  3.5  eV  calculated  in  Ref.  3  for  x=0.125.  There  is  also  consis¬ 
tency  with  a  very  recent  study  by  Wetzel  et  al.  [16],  which  reports  on  the  basis  of  a  combined 
HRXRD  and  PR  spectroscopic  analysis  a  bowing  parameter  of  3.8  eV  for  unstrained  In^Ga^xN 
(x<0.2). 

It  has  been  shown  recently  that  SE  measurements  allow  a  determination  of  the  (InGa)N 
band  gap  energy  too  [4].  Fig.  4  shows  the  real  <Si>  and  imaginary  part  <S2>  of  the  pseudo¬ 
dielectric  function  of  a  60  nm  thick  Ino.iGao,9N-on-GaN  layer.  For  comparison  the  pseudo¬ 
dielectric  function  spectrum  of  a  high-quality  bulk-like  GaN  reference  layer  is  also  shown,  which 
is  very  similar  to  that  reported  in  Ref  17  for  hexagonal  GaN.  A  pronounced  peak  in  <si>  and 
minimum  in  <S2>  at  3.40  eV  marks  the  superposition  of  the  A  and  B  excitonic  transitions  at  the 
fundamental  band  gap  of  GaN  [18,19].  At  the  high-energy  side  of  this  peak  a  shoulder  appears  in 
<Si>  which  is  tentatively  assigned  to  the  C  excitonic  transition.  The  oscillations  observed  in  the 
pseudo-dielectric  function  spectrum  for  photon  energies  below  the  fundamental  energy  gap  are 
caused  by  Fabry-Perot  interferences  due  to  multiple  internal  reflections  in  the  epitaxial  layer.  In 
the  <si>  spectrum  of  the  (InGa)N-on-GaN  sample,  the  fundamental  gap  interband  transition  of 
the  GaN  is  attenuated.  A  new  peak  appears  in  both  <si>  and  <82>  at  about  3.07  eV,  which  is  in 
the  transparency  region  of  the  GaN.  The  new  peak  is  assigned  to  the  fundamental  gap  interband 
transition  of  the  Ino.1Gao.9N. 

This  assignment  is  confirmed  by  a  direct  comparison  of  the  energy  position  of  the 
(InGa)N  related  peak  in  the  <si>  spectrum  with  the  band  gap  energy  derived  from  the  PR  meas¬ 
urements.  In  Fig.  5  the  (InGa)N  peak  position  in  <8i>  is  plotted  versus  the  (InGa)N  band  gap 
energy  for  (InGa)N-on-GaN  samples  with  In  concentrations  up  to  x=0.15  and  (InGa)N  layer 
thicknesses  of  15,  30,  and  60  nm.  There  is  an  almost  one-to-one  correspondence  between  these 
two  quantities  with  the  peak  in  <8i>  being  on  the  average  only  slightly  higher  in  energy  than  the 
band  gap. 

CONCLUSION 

The  composition  dependence  of  the  band  gap  energy  of  strained  InxGai.^N  on  GaN 
(x<0.15)  has  been  studied  by  PR  spectroscopy  and  SE,  using  SIMS  in  combination  with  HRXRD 
for  an  accurate  determination  of  the  (InGa)N  layers'  composition  and  strain.  The  composition 
dependence  of  the  band  gap  energy  of  (InGa)N  strained  to  the  in-plane  lattice  parameter  of  the 
underlying  GaN  was  found  to  be  given  by  Eg(x)=3.43-3.28-x  (eV).  After  correction  for  the  strain 
induced  band  gap  shift,  a  bowing  parameter  of  3.2  eV  was  obtained  for  the  composition  depend¬ 
ence  of  the  band  gap  of  unstrained  (InGa)N. 

ACKNOWLEDGMENTS 

Ch.  Hoffmann  and  U.  Kaufmann  are  thanked  for  performing  the  EDX  analysis  and  for 
stimulating  discussions,  respectively.  Continuous  interest  and  encouragement  by  G.  Weimann  is 
gratefully  acknowledged.  Work  was  supported  by  the  German  Ministry  for  Education  and  Re¬ 
search. 

REFERENCES 

1.  S.  Nakamura  and  G.  Fasol,  The  Blue  Laser  Diode  (Springer,  Berlin,  1997). 

2.  W.  Shan,  B.  D.  Little,  J.  J.  Song,  Z.  C.  Feng,  M.  Schurmann,  and  R.  A.  Stall,  Appl.  Phys. 
Lett.  69,  3315  (1996). 

3.  M.  D.  McClusky,  C.  G.  Van  de  Walle,  C.  P.  Master,  L.  T.  Romano,  and  N.  M.  Johnson, 
Appl.  Phys.  Lett.  72,  2725  (1998). 


4.  J.  Wagner,  A.  Ramakrishnan,  D.  Behr,  H.  Obloh,  M.  Kunzer,  and  K.-H.  Bachem,  Appl. 
Phys.  Lett.  73,  1715(1998). 

5.  S.  Chichibu,  T.  Azuhata,  T.  Sota,  and  S.  Nakamura,  Appl.  Phys.  Lett.  70,  2822  (1997). 

6.  H.  Amano,  T.  Takeiichi,  S.  Sota,  H.  Sakai,  and  I.  Akasaki,  Mat.  Res.  Soc.  Symp.  Proc. 
Vol.  449,  1143(1997). 

7.  F.  Scholz,  J.  Off,  A.  Kniest,  L.  Gorgens,  and  O.  Ambacher,  in  Proceedings  of  E-MRS 
Spring  Meeting  1998,  Symposium  L  Nitrides  and  Related  Wide  Band  Gap  Materials  (to 
appear  in  Mat.  Sci.  Eng.  B). 

8.  H.  Obloh,  D.  Behr,  N.  Herres,  C.  Hoffmann,  M.  Kunzer,  M.  Maier,  S.  Miiller,  W. 
Pletschen,  B.  Santic,  P.  Schlotter,  M.  Seclmann-E.,  K.-H.  Bachem.  U.  Kaufmann,  Proc.  2"*^ 
Int.  Conf.  Nitride  Semicond.  (Tokushima,  Japan,  1997),  p.  258. 

9.  C.  M.  Balkas,  C.  Baskeri,  and  R.  F.  Davis,  Powder  Diffraction  10,  266  (1995). 

10.  K.  Kubota,  Y.  Kobayashi,  and  K.  Fujimoto,  J.  Appl.  Phys.  66,  2984  (1989). 

11.  A.  F.  Wright,  J.  Appl.  Phys.  82,  2833  ( 1 997). 

1 2.  D.  E.  Aspnes,  Surf.  Sci.  37,  4 1 8  ( 1 973). 

13.  C.  M.  Herzinger,  P.  G.  Snyder,  B.  Jobs,  and  J.  A.  Woollam,  J.  Appl.  Phys.  77,  1715 
(1995). 

14.  T.  Takeuchi,  S.  Sota,  M.  Katsurgawa,  M.  Komori,  H.  Takeuchi,  H.  Amano,  and  I.  Akasaki, 
Jpn.  J.  Appl.  Phys.  36,  L382  (1997);  J.  S.  Im,  H.  Kollmer,  J.  Off,  A.  Sohmer,  F.  Scholz, 
and  A.  Hangleiter,  Mat.  Res.  Soc.  Symp.  Proc.  Vol.  482,  513  (1998). 

15.  T.  L.  Tansley  and  C.  P.  Foley,  J.  Appl.  Phys.  59,  3241  (1986). 

16.  C.  Wetzel,  T.  Takeuchi,  S.  Yamaguchi,  H.  Katoh,  H.  Amano,  and  1.  Akasaki,  Appl.  Phys. 
Lett.  73,  1994(1998). 

17.  T.  Kawashima,  H.  Yoshikawa,  S.  Adachi,  S.  Fuke,  and  K.  Ohtsuka,  J.  Appl.  Phys.  82, 
3528  (1997). 

18.  A.J.  Fischer,  W.  Shan,  J.J.  Song,  Y.C.  Chang,  R.  Horning,  and  B.  Goldenberg,  Appl.  Phys. 
Lett.  71,  1981  (1997). 

19.  A. A.  Yamaguchi,  Y.  Mochizuki,  H.  Sunakawa,  and  A.  Usui,  J.  Appl.  Phys.  83,  4542 
(1998). 


Optical  Gain  Spectra  in  InGaN/GaN  Quantum  Wells 
with  the  Compositional  Fluctuations 

Takeshi  Uenoyama 

Central  Research  Laboratories,  Matsushita  Electric  Industrial  Co.,  Ltd., 

3-4  Hikaridai,  Seikacho,  Sourakugun,  Kyoto  619-0237,  Japan, 

Fax:  +8 1-774-98-2586/Tel:  +8 1-774-98-25 11/E-mail:  takeshi@crl.mei.co.iD 

Cite  this  article  as:  MRS  Internet  J.  Nitride  Semicond.  Res.  4S1,  G2.9  (1999) 


The  compositional  fluctuations  of  the  In  content  were  found  in  InGaN/GaN  quantum 
wells  and  it  caused  the  localized  states  by  the  potential  fluctuation.  We  have  evaluated  the 
optical  gain  of  GaN  based  quantum  well  structures  with  localized  states.  The  localized  states 
are  treated  as  the  subband  states  of  the  quantum  disk-like  dots  in  the  well.  It  was  found  that  the 
inhomogeneous  broadening  played  an  important  role  in  the  optical  gain  and  that  it  should  be 
reduced  to  use  the  benefit  of  the  localized  states  for  laser  oscillations. 

Introduction 

A  short  wave  length  is  one  of  the  essential  requirements  of  laser  diodes  (LDs)  for  high- 
density  storage  devices.  Recently,  continuous-wave  operation  of  the  InGaN  multi-quantum-well 
LDs  with  a  life  time  of  more  than  thousand  hours  has  been  achieved  [1].  However,  there  is  a  key 
issue,  such  as  high  threshold  carrier  density,  to  lead  them  to  commercial  production.  So  far,  we 
evaluated  the  optical  gain  of  the  wurzite  GaN/AlGaN  quantum  well  lasers  and  derived  that  the 
threshold  current  density  of  the  GaN/AlGaN  LDs  would  be  estimated  very  high  compared  to 
conventional  GaAs/AlGaAs  quantum  well  LDs.  It  is  caused  by  the  large  density  of  states  due  to 
the  strong  electronegativity  and  the  weak  spin-orbit  coupling  of  the  N  atom  in  group-III  nitrides. 
To  overcome  the  problem,  we  proposed  the  strain  effects  [2]  and  the  incorporation  of  the  GaAs 
or  GaP  in  the  well  layer  to  reduced  the  density  of  states. 

On  the  other  hand,  the  well  layer  of  InGaN/GaN  quantum  wells  has  the  compositional 
fluctuations  of  the  In  contents.  These  fluctuations  would  induce  the  localized  states  due  to  the 
random  potentials.  Since  the  radiative  recombination  attributed  to  the  localized  excitons  by  the 
alloy  fluctuation  in  InGaN/GaN  quantum  wells  were  measured  recently  [3,4],  it  becomes 
important  to  study  the  relation  between  the  localized  states  and  the  optical  gain.  We  evaluated 
the  optical  gain  coefficient,  including  the  broadening  in  the  spectra  by  the  transitions  between  the 
localized  states. 
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Formalism 

Let  us  describe  the  localized  states  caused  by  the  compositional  fluctuations.  We 
assume  that  the  potential  fluctuations  in  the  well  arc  written  by  the  quantum-disk  like  potentials 
and  that  they  are  randomly  distributed  without  any  correlation  among  them,  as  shown  in  Fig.  1. 
The  Hamiltonians  H’  for  the  electronic  states  for  the  electron  (i=e),  the  heavy  hole  (i=hh)  and  the 

light  hole  (i=lh)  is  given  by 
Pi  ^  3^ 

Im  .  dt 


where 


+  V(z),(i  =e,hh,lh), 

2w,  di 

\  0  ifizl>-L 

U(r,  z)  =  ^  y(j.  -  rj,Rj,Uj)  otherwise 


I  ; 

v(r  -  r,  Ry  Uj)  are  the  potentials  by  the  compositional  fluctuations  at  r  in  the  two  dimensional 
system,  where  R.  and  u^  are  the  radius  and  the  potential  depth  of  the  quantum-disk,  respectively, 
as  shown  in  Fig.2.  Then,  the  eingenfunctions  of  the  localized  state  can  be  approximated  as 


where 

{j)'.„(r)  and  are  the  eigenfunctions  in  the  lateral  directions  and  z  direction,  respectively. 
Using  the  above  eingenfunctions,  the  optical  gain  spectrum  is  given  by 


«(®)=  E('-/(£:..)-/(£l.))- 


+  r; 


1 


;r«y-£;;,,-£‘„,)'+r,= 


where  F,  and  F,  arc  the  energy  widths  of  the  broaden  spectra  for  the  continuum  state  transition 
and  the  localized  state  one,  respectively.  F^  is  mainly  caused  by  the  carrier-carrier  scattering  and 
F,  is  caused  by  the  inhomogeneities  of  R.  and  u^  of  the  potential. 


Results  and  Discussions 

Figure  3  (a)  and  (b)  show  the  potential  profiles  and  the  bound  state  energies  by  the 
compositional  fluctuations.  The  energy  depths  are  80  meV  for  the  electron  and  50  meV  for  the 
holes.  The  radii  of  the  disks  are  assumed  to  be  20*  and  50*,  respectively.  The  effective  masses 
are  0.2  m^  for  electron,  Llm,,  for  heavy  hole  and  0.17  m^  for  light  hole,  respectively.  The 
quantum  well  length  is  40*.  In  the  case  of  R=20«,  the  number  of  the  bound  states  are  a  few  and 
it  is  almost  like  quantum-dots.  However,  the  bound  states  become  condensed,  especially  for  the 
holes  when  the  radius  is  more  than  R=50*.  Then,  these  states  become  like  band  tailing  by 
introducing  the  homogeneous  or  inhomogeneous  broadening. 

Figure  4  (a)  and  (b)  show  the  carrier  density  dependence  of  the  optical  gain  spectra  of 
quantum  wells  with  the  random  potentials  in  the  case  of  Fig.  3  (a)  and  (b),  respectively.  The 
densities  of  the  quantum  disks  are  IxlO"  cm^  in  Fig.  4  (a)  and  Fig.  4  (b),  respectively.  We 
assumed  here  that  the  broadening  energies,  F,  and  F,,  are  same  as  6  meV.  It  corresponds  to  the 
scattering  rate  of  about  0.1  psec. 

In  the  case  of  R=20*,  there  is  only  one  peak  from  the  localized  state  transition  although  there  are 
two  bound  states  in  the  valence  band.  This  is  due  to  the  orthogonality  between  the 
wavefunctions  of  n=l  and  n=2.  The  gain  appears  from  the  localized  state  transition,  increasing 
the  carrier  density.  It  becomes  more  than  1000  cm  '  at  4xl0‘\m  l  Note  that  the  maximum  gain 
is  obtained  at  the  localized  state  transition,  which  can  be  used  for  the  laser  oscillations. 

On  the  other  hand,  in  the  case  of  R=50*,  the  gain  appears  from  the  localized  state 
transitions.  However,  the  maximum  gain  tends  to  move  to  the  continuum  state  transitions, 
increasing  the  carrier  density.  Consequently,  the  advantage  of  using  the  localized  states  for  laser 
oscillation  becomes  weak  as  long  as  the  density  of  the  localized  states  are  around  IxlO"  cm  l 

Figure  5  shows  the  optical  gain  spectra  for  the  case  of  Fig.  4  (b)  at  6x10'^  cm‘^  with  the 
various  broadening  F,  s.  When  the  broadening  becomes  small  as  2  meV,  the  gain  spectrum  gets 
sharp  and  large.  However,  when  it  becomes  broaden  as  20  meV,  the  gain  peak  gets  so  broaden 
that  there  are  no  more  benefit  for  laser  oscillations.  Therefore,  in  order  to  use  the  localized  states 
in  terms  of  the  quantum  disks  or  dots,  the  inhomogeneity  of  the  structures  should  be  reduced. 

Then,  we  have  estimated  the  energy  broadening  by  the  carrier-carrier  scattering  in  terms 
of  the  intraband  transitions.  Since  the  population  inversion  needs  many  carriers  in  the  cavity,  the 
carrier-carrier  scattering  would  be  dominant  mechanism  of  the  relaxation  in  the  subband.  The 
relaxation  time  or  rate  is  given  by  the  imaginary  part  of  the  self-energy  of  the  electron  and  the 
hole.  The  localized  electrons  or  holes  are  also  scattered  by  the  carriers  around  them  in  the 
continuum  states.  Then,  the  spectra  of  the  transitions  attributed  to  the  localized  states  become 
broaden,  as  well,  but  this  is  not  one  by  the  inhomogeneity  of  the  structures  of  the  localized  states. 
The  relaxation  times  of  the  localized  electron  and  the  continuum  one  at  n=2xl0’^cm  \  u=80  meV 
and  R=50*  were  0.089  psec  and  0.080  psec,  respectively.  They  correspond  to  the  energy 
broadening  of  7.6  meV  and  8.2  meV,  respectively.  The  detail  explanation  of  the  calculation  will 


be  discussed  elsewhere  [5].  Then,  the  energy  broadening  of  the  localized  state  is  comparable  of 
the  continuum  one.  Therefore,  in  order  to  use  the  quantum-dot  like  structures  for  the  reduction 
of  the  threshold  current  density,  the  homogeneity  of  their  structures  are  definitely  necessary. 

Summary 

In  this  paper,  we  investigated  the  relation  between  the  optical  gain  spectra  and  the 
localized  states  by  the  compositional  fluctuation  in  the  InGaN/GaN  quantum  well  structures. 
The  relation  between  the  energy  widths  in  the  broaden  spectra  by  the  localized  states  and  the 
continuum  ones  is  important.  Since  the  broadening  by  intraband  transitions  is  manly  due  to  the 
carrier-carrier  scattering,  we  estimated  them  quantitatively  by  using  the  many-body  approach  and 
found  that  the  broadening  of  the  localized  state  and  the  continuum  one  are  comparable.  In  order 
to  use  the  localized  states  positively  for  laser  oscillations,  the  reduction  of  the  inhomogeneity  of 
the  energies  is  necessary. 
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Ambient  gas  effect  on  the  epitaxial  lateral  overgrowth  (ELO)  of  GaN  via  metalorganic  vapor-phase 
epitaxy  (MOVPE)  on  a  MOVPE-grown  GaN  (0001)  /  sapphire  (0001)  substrate  with  a  Si02  stripe 
mask  has  been  studied  by  means  of  field-emission  scanning  electron  microscopy  (SEM)  and  high- 
resolution  X-ray  diffraction  (XRD)  analysis.  Different  ambient  gases  of  nitrogen,  hydrogen  and  their 
mixture  (mixture  ratio,  hydrogen  :  nitrogen  =1:1)  affect  the  lateral  overgrowth  rate,  the  surface 
morphology  and  the  crystalline  tilting  of  ELO-GaN  layers.  XRD  revealed  that  the  ELO-GaN  layer  on 
the  Si02  mask  aligned  along  the  <n00>  direction  exhibited  anisotropic  crystalline  tilting  toward  <112 
0>.  For  ELO-GaN  growth  in  nitrogen  ambient,  the  growth  rate  of  the  (0001)  facet  decreases,  the  lateral 
overgrowth  rate  increases  and  the  tilting  of  the  ELO-GaN  layer  increases,  while  no  smooth  surface  is 
obtained,  in  comparison  with  ELO-GaN  growth  in  hydrogen  ambient.  For  the  mixture  ambient,  a 
smooth  surface  with  a  fast  lateral  overgrowth  rate  is  achieved  and  the  dislocation  density  is  not  more 
than  10^  cm'^,  which  is  comparable  to  that  in  hydrogen  ambient. 

1.  Introduction 

Recently,  high-performance  optical  devices  such  as  light-emitting  diodes  (LEDs)  and  laser  diodes 
(LDs)  in  green  and  ultraviolet  regions  have  been  developed  using  GaN,  AlGaN  and  InGaN  compound 
semiconductors  [1,  2],  These  GaN-related  devices  are  usually  fabricated  on  a  sapphire  substrate, 
because  there  is  no  large-scale  substrate  for  GaN  heteroepitaxial  growth.  Due  to  the  large  differences  in 
lattice  constant,  thermal  expansion  coefficient  and  chemical  nature  between  GaN  and  sapphire,  many 
threading  dislocations  are  formed  from  the  GaN  or  AIN  buffer  layer  on  the  sapphire  substrate,  and  the 
dislocation  density  has  been  reported  to  be  of  the  order  of  10^  -10*°  cm'^  [3].  Although  high-brightness 
LEDs  have  been  realized  in  spite  of  the  high  dislocation  density,  the  reduction  of  the  dislocation 
density  is  desired  to  improve  the  performance  and  reliability  of  these  devices.  The  epitaxial  lateral 
overgrowth  (ELO)  technique  based  on  the  selective  area  growth  (SAG)  has  recently  attracted 
considerable  attention,  since  the  fabrication  of  blue-violet  laser  diodes  on  the  ELO-GaN  layer  using 
this  technique  resulted  in  the  achievement  of  a  long  lifetime  of  more  than  10,000  hours  [4]. 

The  SAG  in  MOVPE  on  GaN/sapphire  and  AlGaN/sapphire  with  Si02  stripe  patterns  was  published 
for  the  first  time  in  1994  by  Kato  et  al.  [5],  followed  by  that  on  GaN/sapphire  [6].  Intensive  studies  on 
SAG  have  revealed  that  the  ELO  effectively  reduces  the  dislocation  density  [4,  7-11].  The  crystalline 
properties  and  the  growth  mechanism  of  ELO-GaN  can  be  affected  by  mask  patterns  such  as  stripe 
direction  [10-13]  and  growth  conditions  such  as  growth  temperature  [10],  source  gases  [10],  growth 
pressure  and  ambient  gas.  However,  the  effects  of  ambient  gas  remain  unclear.  We  investigate  the 
effects  of  hydrogen  gas,  nitrogen  gas  and  their  mixture  in  an  atmospheric  MOVPE  on  ELO-GaN. 
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Figure  3  SEM  images  of  GaN  layer  grown  by  ELO  on  SiO.  line  pattern  along  the  <1  i0()>  direction  in  the  mixture 
ambient  at  growth  times  of  (a)  30  min  and  (b)  1 20  min. 


2.  Experimental 

A  conventional  atmospheric  MOVPE  apparatus  with  a  horizontal  reactor  was  used.  A  S-pm-thick 
undoped  MOVPE-grown  GaN  on  sapphire  using  a  low-temperature  GaN  buffer  layer  was  used  as  the 
substrate.  A  Si02  stripe  pattern  with  a  4  pm  window  width  and  a  4  pm  mask  width  was  aligned  along 
the  <1120>  or  <li00>  direction  of  the  underlying  GaN  layer.  After  a  lOO-nm-thick  Si02  film  was 
deposited  by  a  radio-frequency  (RF)  sputtering,  the  Si02  stripe  pattern  was  fabricated  by  standard 
photolithographic  processes  and  reactive  ion  etching  (RIE),  The  growth  temperature  of  GaN  as 
measured  by  a  thermocouple  in  the  heating  system  was  1000°C.  The  growth  rate  of  GaN  at  our 
standard  conditions  was  3.5pm/hr.  The  ambient  gas  in  the  ELO  process  was  hydrogen,  nitrogen  or  their 
mixture  (mixture  ratio,  hydrogen  :  nitrogen  =1:1),  and  was  controlled  by  a  carrier  gas  for 
metalorganic  materials.  However,  because  of  using  hydrogen  for  bubbling  of  metalorganic  materials, 
small  amount  of  hydrogen  (4.2  %)  was  mixed  with  the  ambient  gases  in  all  ELO  processes. 

The  growth  rates  of  the  lateral  face  and  the  c-facet  of  ELO-GaN  were  estimated  from  the  field- 
emission  scanning  electron  microscopy  (SEM)  images  and  the  growth  times. 

In  order  to  measure  the  dislocation  density  in  the  ELO-GaN  layers,  we  observed  the  pits  on  an 
Ino.2Gao.8N  layer  (100  nm-thick)  grown  on  an  ELO-GaN  layer.  The  growth  pit  density  (GPD)  on  the 
InGaN  layer  is  considered  to  correspond  to  the  dislocation  density  of  the  underlying  ELO-GaN  layer 
[14]. 

In  order  to  investigate  the  crystallographic  structure  of  the  ELO-GaN  layers,  co-scan  X-ray  diffraction 
(XRD)  measurements  were  performed  on  the  ELO-GaN  (0004)  plane  as  a  function  of  ([>  ((j):  the  rotation 
angle  of  the  sample  about  its  surface  normal),  and  reciprocal  space  mapping  measurements  were  also 
carried  out  using  a  high-resolution  X-ray  diffractometer  (Philips  X’  Pert  MRD). 

3.  Results  and  Discussions 

Figures  1(a)  and  (b)  show  SEM  images  of  GaN  on  the  <1  i00>  stripe  pattern  in  hydrogen  ambient  and 
nitrogen  ambient  at  a  growth  time  of  30  min,  respectively.  In  hydrogen  ambient,  a  (0001)  facet  is 
observed  on  top,  and  off-facets  are  observed  on  the  side  walls.  On  the  other  hand,  the  ELO-GaN  grown 
on  the  <1120>  stripe  pattern  in  hydrogen  ambient  had  triangular  cross  sections  with  only  the  {1101} 
facet  on  the  side  walls  at  the  same  growth  time.  The  lateral  overgrowth  rate  on  the  <1100>  stripe 
pattern  was  faster  than  that  on  the  <1120>  stripe  pattern  [14],  The  lateral  overgrowth  rate  in  nitrogen 
ambient  is  enhanced  remarkably  in  contrast  with  that  in  hydrogen  ambient,  as  shown  in  Figure  1(b). 
The  ELO-GaN  grown  on  the  <1120>  stripe  pattern  in  nitrogen  ambient  at  the  same  growth  time  had 
trapezoidal  cross  sections  with  a  (0001)  facet  on  top  and  the  {1101}  facet  on  the  side  walls.  In  nitrogen 
ambient,  the  rate  of  lateral  overgrowth  on  the  <ll00>  stripe  pattern  was  also  faster  than  that  on  the 
<1120>  stripe  pattern.  Nitrogen  ambient  improves  the  lateral  overgrowth  rate  and  suppresses  the 
(0001)  facet  growth  rate. 

The  fast  growth  rate  of  the  (0001)  facet  results  in  the  line  structure  of  GaN  with  only  the  { 1 101 }  facet 
on  the  side  walls.  The  improvement  of  the  (0001)  facet  in  the  case  of  nitrogen  ambient  indicates  that 
the  growth  rate  of  the  side  walls  in  nitrogen  ambient  is  slightly  faster  than  that  in  hydrogen  ambient.  A 
larger  amount  of  source  materials  might  be  consumed  on  the  side  walls  in  the  case  of  nitrogen  ambient. 
Consequently,  the  amount  of  source  materials  supplied  to  the  (0001)  facet  is  reduced,  resulting  in  the 
improvement  of  the  (0001)  facet. 

Figures  2(a)  and  (b)  show  SEM  images  of  the  ELO-GaN  layer  on  the  <li00>  stripe  pattern  in 
hydrogen  ambient  at  a  growth  time  of  120  min,  and  in  nitrogen  ambient  at  a  growth  time  of  180  min, 
respectively.  The  ELO-GaN  layer  grown  in  hydrogen  ambient  is  smooth,  while  that  grown  in  nitrogen 


ambient  is  undulated,  corresponding  to  the  mask  pattern.  The  ELO-GaN  layer  with  a  smooth  surface 
was  not  obtained  on  the  <1 120>  stripe  pattern  for  both  nitrogen  and  hydrogen  ambients. 

In  order  to  increase  the  lateral  overgrowth  rate  similar  to  that  like  in  nitrogen  ambient  and  to  improve 
surface  morphology  of  the  ELO-GaN  layer  similar  to  that  in  hydrogen  ambient,  their  mixture  ambient 
was  employed  for  the  growth.  Figure  3  shows  SEM  images  of  GaN  grown  on  the  <1  i00>  stripe  pattern 
at  growth  times  of  30  min  and  120  min,  respectively.  A  smooth  surface  was  likewise  obtained,  similar 
to  that  in  hydrogen  ambient.  Table  I  shows  the  rate  of  lateral  overgrowth  and  (0001)  facet  in  each 
ambient.  The  lateral  overgrowth  rate  in  nitrogen  ambient  (4.3  pm/hr)  is  faster  than  that  in  hydrogen 
ambient  (2.6  pm/hr),  while  the  (0001)  facet  growth  rate  in  nitrogen  ambient  (2.1  pm/hr)  is  slower  than 
that  in  hydrogen  ambient  (5.5  pm/hr).  From  this  result,  it  is  found  that  the  lateral  overgrowth  rate  is 
enhanced  by  using  the  mixture  ambient. 


Tablel  Lateral  growth  rate  and  (0001)  facet  growth  rate  of  ELO-GaN  on  the  <1 100>  stripe 
pattern  in  hydrogen  ambient,  nitrogen  ambient  and  their  mixture  ambient. _ 


Lateral  growth  rate 
(pm/hr) 

(0001 )  facet  growth  rate 
(pm/hr) 

H2  ambient 

2.6 

5.5 

H2-I-N2  ambient 

3.0 

4.0 

N2  ambient 

4.3 

2.1 

Table  2  Dislocation  density  of  ELO-GaN  grown  in  the  mixture. 


On  mask 

On  window 

ELO  region 

Coalescence  region 

<  lO^cm'2 

6xl0’cm'^ 

4xl0*'cm'^ 

Figure  4  shows  the  distribution  of  pits  on  InGaN  surface  grown  on  the  ELO-GaN  in  the  mixture 
ambient,  where  the  dots  were  obtained  from  the  SEM  image,  and  the  bars  indicate  the  positions  of  Si02 
masks  under  the  ELO-GaN.  The  pit  density  can  be  seen  in  the  coalescence  regions  on  the  masks  and  in 
the  window  regions.  The  density  of  dislocations  above  the  masks  decreased  significantly,  but 
dislocations  were  observed  in  the  coalescence  regions  on  the  center  of  the  masks.  The  dislocation 
densities  obtained  from  the  SEM  image  are  less  than  10^  cm'^  above  the  masks  and  4x10*^  cm'^  above 
the  window  regions,  respectively,  as  shown  in  Table  2.  These  are  of  the  same  order  as  the  dislocation 
density  in  hydrogen  ambient  [!4]. 

Figure  5  shows  the  full-widths  at  half  maximum  (FWHMs)  of  the  XRD  rocking  curves  for  the  (0004) 
plane  as  a  function  of  <5).  It  is  found  that  the  FWHMs  of  the  ELO-GaN  layer  are  dependent  on  (}).  The 
maximum  FWHMs  are  observed  at  (t)=90°  and  270°  (<1 120>),  corresponding  to  the  lateral  overgrowth 
direction,  and  the  minimum  FWHMs  are  observed  at  (})=0°  and  180°  (<n00>),  corresponding  to  the 
Si02  stripe  pattern.  It  is  considered  that  the  FWHM  reflects  the  cry.stallographic  tilting  of  the  ELO- 
GaN  layer.  The  FWHMs  of  a  4-pm-thick  undoped  GaN  grown  by  MOVPE  without  ELO  in  hydrogen 
ambient  is  not  dependent  on  ^  as  shown  in  Figure  5  (Ref.  H2).  Although  the  ELO  process  using 
hydrogen  ambient  reduces  the  dislocation  density  of  the  GaN  layer,  it  introduces  the  anisotropic 
crystallographic  tilting.  The  anisotropic  tilting  is  drastically  enhanced  in  nitrogen  ambient,  but  the  tilt 
angle  is  smaller  than  that  reported  by  Sakai  et  al.  [15].  The  mechanism  of  this  phenomenon  is  under 
study. 


Figure  4  Distribution  of  pits  on  InGaN  grown  on  GaN  layer  by  ELO  in  the  mixture  ambient. 
Bars  indicate  the  positions  of  Si02  masks  under  the  ELO-GaN. 


-♦-H2 

-■-H2+N2 

-A-N2 

-5l«-Ref.H2 


<1100>  <1120>  <1100>  <1120> 

0  Angle  (deg) 


Figure  5  The  FWHMs  of  XRD  rocking  curves  for  the  (0004)  GaN  plane  as  a  function  of  ()) . 
Ref.  H2  indicates  GaN  on  sapphire  without  ELO  in  hydrogen  ambient. 


4.  Conclusion 

We  investigated  the  effects  of  hydrogen  ambient,  nitrogen  ambient  and  their  mixture  ambient  on 
ELO-GaN  via  atmospheric  MOVPE.  In  hydrogen  ambient,  the  ELO-GaN  with  a  smooth  surface  was 
obtained  using  the  <li00>  stripe  pattern,  but  the  layer  became  rough  on  the  <1 120>  stripe  pattern.  In 
nitrogen  ambient,  lateral  overgrowth  rate  was  very  fast  especially  on  the  <1 100>  stripe  pattern,  but  it 
was  difficult  to  realize  a  smooth  ELO  layer  surface.  The  mixture  ambient  allowed  us  to  realize  the  fast 
lateral  overgrowth  rate  and  the  smooth  surface  simultaneously.  The  reduction  of  the  dislocation  density 
in  the  ELO  region  was  confirmed  in  the  case  of  the  mixture  ambient.  XRD  analysis  revealed  the 
anisotropic  crystallographic  tilting  of  ELO-GaN  toward  the  <1120>,  which  corresponds  to  the  lateral 
growth  direction.  Nitrogen  ambient  enhanced  the  tilting  of  ELO-GaN. 
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ABSTRACT 

Pendeo-epitaxy  of  individual  GaN  and  Al^GUj  films  and  single-  and  multi-layer 
heterostructures  of  these  materials  have  been  achieved  on  a  columnar  GaN  seed  layer 
using  metallorganic  vapor  phase  epitaxy.  These  structures  have  been  characterized  using 
scanning  electron  microscopy  and  atomic  force  microscopy.  The  RMS  roughness  value 
of  the  grown  side  wall  plane  (l  12  O)  of  these  structures  was  0.099  nm. 

INTRODUCTION 

Recent  topics  of  focused  research  in  the  Ill-Nitride  community  have  been  the 
selective  area  growth  coupled  with  lateral  epitaxial  overgrowth  (LEO)  and  the  application 
of  this  tandem  process  route  to  reduce  the  dislocation  density  of  GaN  films  by  several 
orders  of  magnitude  in  the  overgrown  areas.  A  new  form  of  selective  and  lateral  growth, 
namely  ‘pendeo  (from  the  Latin:  to  hang  or  be  suspended  )  -epitaxy’  has  been  recently 
pioneered  in  our  group  to  achieve  large  area  growth  of  III-N  films  having  a  continuous 
low  dislocation  density  over  the  entire  surface.  This  process  route  is  based  on  the  growth 
of  GaN  off  a  side  wall  and  the  ability  to  laterally  overgrow  a  mask  that  has  been 
employed  to  stop  vertical  propagation  of  line  and  planar  defects.  Additional  details  of 
this  procedure  and  the  initial  results  of  this  research  have  been  reported  previously 

In  this  paper  we  report  the  growth  via  pendeo-epitaxy  of  layered  thin  film 
structures  consisting  of  GaN  and  Al^Ga,  ^N.  The  following  sections  describe  the 
experimental  procedure  necessary  to  achieve  layered  structures  by  this  technique  in  detail 
and  discuss  the  results  and  conclusion  of  this  study. 

EXPERIMENTAL  PROCEDURE 

Layered  structures  containing  GaN  and  Al^GUi^N  have  been  grown  on  a  0.5  pm  to 
1.0  pm  thick  GaN  seed  layer  grown  on  a  high  temperature,  100  nm  thick  AIN  buffer 
layer  previously  deposited  on  a  6H-SiC(0001)  substrate.  All  layers  were  grown  using  a 
cold-wall,  vertical  pancake  style,  RF-inductively  heated  metalorganic  vapor  phase 
epitaxy  (MOVPE)  system.  The  AIN  buffer  layers  and  the  hexagonal  GaN  seed  layers 
were  each  grown  within  the  susceptor  temperature  ranges  of  1080°C-1 120°C  and  980°C- 
1020°C,  respectively,  at  a  total  pressure  of  45  Torr.  Triethylaluminum  (20-25 pmol/min), 
triethylgallium  (23-29pmol/min),  and  NH^  (1.5  slm)  precursors  were  used  in  combination 
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with  a  (3  slm)  diluent.  A  100  nm  thick  silicon  nitride  layer,  employed  as  a  growth 
mask  for  blocking  the  continued  threading  dislocations  during  the  pcndco-epitaxial 
growth  stage,  was  deposited  using  a  plasma  enhanced  chemical  vapor  deposition 
(PECVD)  system.  A  150  nm  layer  of  nickel  was  subsequently  deposited  as  an  etch  mask 
and  patterned  in  <1100)  oriented  stripes  using  standard  photolithography  techniques. 
Two  different  masks  were  used  to  produce  (a)  2pm  wide  stripes  with  a  spacing  of  3pm, 
and  (b)  3pm  wide  stripes  with  a  spacing  of  7pm.  An  inductively  coupled  pla.sma  (ICP) 
etching  system  was  employed  to  achieve  the  desired  microstructures  via  (a)  RF- 
sputtering  of  the  exposed  nickel  stripes  in  an  Ar-plasma  and  (b)  ICP-etching  of  columnar 
forms  in  the  GaN  seed  layers  using  a  combination  of  Cl,  and  BCl,.  Etching  was 
continued  into  the  SiC  substrate,  which  completely  exposed  each  GaN  column.  Residual 
Ni  was  removed  after  etching  by  dipping  in  HNO,.  The  samples  were  cleaned 
sequentially  in  tricloroethylene,  acetone,  methanol,  and  hydrochloric  acid.  The  pendeo- 
epitaxial  growth  of  the  GaN  and  the  Al^Ga,  ^N  layers  were  achieved  within  the  susceptor 
temperature  range  of  1050-1 100°C  and  1080-1 120'’C,  respectively,  and  at  a  total  pressure 
of  45  Torr.  Triethylgallium  (23-27  pmol/min)  and  NH,  (1.5  slm)  precursors  were  again 
u.sed  in  combination  with  a  H,  diluent  (3  slm).  The  introducing  of  triethylaluminum  at 
flow  rates  of  2.5  pmol/min  and  5.8  pmol/min,  respectively,  into  the  growth  chamber 
produced  Al^Ga,^N  layers  contained  an  A1  concentration  of  approximately  5%  and  10%. 

A  JEOL  6400  FE  scanning  electron  microscope  (SEM)  and  an  Digital 
Instruments,  Inc.  Dimension  3000  atomic  force  microscope  (AFM)  operating  in  the 
tappingMode™  with  an  Olympus  tapping  mode  etched  silicon  probe  were  employed  for 
microstructural  characterization. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  a  schematic  flow  diagram  of  the  process  route  for  achieving 
pendeo-epitaxial  growth  of  continuous  layers  of  (c)  GaN  or  (e)  Al^Ga,  ^N.  The 
intermediate  steps  in  this  approach  can  also  be  used  to  achieve  the  growth  of  (d)  a  double 
layer  heterostructure  of  GaN  and  Al^Ga,  ^N,  and  a  subsequent  growth  of  (e)  a  continuous 
coalesced  layer  of  Al^Ga,  ^N  or  (f)  a  layered  double  hetero.structure  of  GaN/  AI^Ga,  ^N 
/GaN. 

Each  of  the  microstructures  depicted  in  Figure  1  has  been  realized  in  this  research, 
as  shown  in  Figure  2.  The  scanning  electron  micrographs  in  the  latter  figure  illustrate  (a) 
the  <1100)  oriented  columnar  forms  in  a  GaN  seed  layer,  (b)  simultaneous  lateral  growth 
of  GaN  from  the  side  walls  lateral  overgrowth  of  the  silicon  nitride  mask  during  pendeo- 
epitaxy,  (c)  a  continuous,  coalesced  layer  of  GaN,  (d)  a  bi-layer  structure  of  GaN  and 
Al,„Ga,j^,N,  (e)  a  continuous  coalesced  layer  of  Al,„Gay,,N,  and  (0  a  layered  structure  of 
GaN/Al,„Ga.,,N/GaN. 

The  GaN  layer  shown  in  Figure  2(d)  was  grown  for  35  min  at  a  .susceptor 
temperature  of  1075°C  and  for  2  min  at  a  susceptor  temperature  of  1090°C.  The 
additional  layer  of  Alj^Ga^^jN  was  grown  for  20  min  at  1090°C.  This  alloy  layer  appears 
in  the  scanning  electron  micrographs  as  a  slightly  darker  cap  atop  the  GaN  layer.  To 
produce  the  heterostructure  shown  in  Figure  2(e)  a  thin  GaN  layer  was  grown  for  2  min  at 
a  susceptor  temperature  of  1070°C  and  for  2  min  at  1090®C.  The  Al|„Ga^,N  was 
deposited  using  three  growth  steps  at  the  .susceptor  temperatures  and  times  of  1090°C  and 
2  min,  1110°C  and  50  min,  and  1090°C  and  30  min.  The  second  step  was 


Figure  1.  Schematic  flow  diagram  showing  the  steps  from  (a)  the  etched  columnar  forms 
in  the  GaN  seed  layers  to  (b)  lateral  growth  off  the  side  walls  of  the  seed  layer  and  lateral 
overgrowth  over  the  silicon  nitride  mask,  to  the  growth  of  either  (c)  a  continuous 
coalesced  GaN  film,  or  (d)  a  discrete  bi-layer  of  GaN  and  Al^Ga,  ^N  from  which  further 
growth  results  in  either  (e)  a  continuous  coalesced  layer  of  Al^Ga,  ^N  or  (f)  a  multi¬ 
layered  structure  of  GaN  and  Al^Gaj^N  layers. 


employed  to  force  the  Al,pGag^,N  to  grow  laterally  and  coalesce;  the  third  step  was  used  to 
grow  the  film  vertically.  The  growth  rate  of  Alj^Ga^gN  films  was  markedly  lower  at  both 
1090°C  and  1110°C  than  that  of  the  GaN  at  any  temperature  employed  in  this  study.  A 
multi-layered  structure  shown  in  Figure  2(f)  was  also  realized  using  several  different 
growth  parameter. 

The  first  layer  of  GaN  was  grown  at  susceptor  temperatures  of  1075°C  for  3  min 
and  1090°C  for  2  min.  The  subsequent  layer  of  Alj^Ga^^N  was  grown  using  susceptor 
temperatures  of  1090°C  for  10  min  and  1075°C  for  5  min.  The  temperature  during  the 
Alj^Ga^N  growth  was  not  increased  to  1 1 10°C  to  limit  the  lateral  growth.  The  additional 
layer  of  GaN  was  grown  at  a  susceptor  temperature  of  1075°C  for  10  min.  The  scanning 
electron  micrograph  in  Figure  2(f)  shows  60°  interface  planes  between  each  layer. 
During  the  GaN  growth  the  angled  planes  were  growing  out  to  the  (l  12 O)  plane  to  form 
the  side  walls  of  the  structure. 


Figure  2.  Scanning  electron  micrographs  of  (a)  etched  columnar  forms  in  a  GaN  seed 
layer,  (b)  lateral  and  vertical  growth  phenomena  during  pendeo-epitaxy,  (c)  a  continuous 
coalesced  layer  of  GaN,  (d)  a  discrete  bi-layer  structure  of  GaN  and  Al,„Ga.^„N,  (e)  a 
continuous  coalesced  layer  of  Al|„Gay„N,  and  (f)  a  multi-layered  structure  of 
GaN/Al,„Ga.,„N/GaN. 


The  bi-layer  structure  in  Figure  3  consists  of  a  GaN  layer  grown  at  susceptor 
temperatures  of  1075°C  for  35  min  and  1090°C  for  2min  and  a  capping  layer  of  Al,Ga,,N 
grown  for  20  min  at  a  susceptor  temperature  of  1090°C.  This  structure  possessed 
extremely  smooth  (0001)  top  and  (l  120)  side  wall  surfaces,  as  shown  in  the  AFM  images 
in  Figure  4.  The  RMS  roughness  values  of  the  (0001)  plane  and  the  (l  120)  side  walls 
were  0.548  nm  and  0.099  nm,  respectively. 


Figure  3.  Scanning 
electron  micrograph 
of  a  bi-layer  structure 
of  GaN  and  Al^Ga^^^N 
used  for  AFM 
measurements. 


Figure  4. 

Atomic  force  micrographs  of:  _ 

a)  the  surface  of  the  side  walls  represented  by  the  (1 120)  plane, 

b)  the  top  surface  of  the  structure  represented  by  the  (0001)  plane. 


CONCLUSIONS 


Pendeo-epitaxial  growth  of  layered  structures  of  GaN  and  A1  Ga,  N  has  been 
achieved.  The  process  steps  for  growing  continuous  coalesced  GaN  and  Al^Ga,  N  layers 
have  been  discussed  in  detail.  According  to  this  steps  the  process  routes  for  growing 
layered  structures  of  GaN  and  Al^Ga,  N  have  been  introduced  and  discussed.  The  top 
surface  and  side  walls  of  this  kructures  have  been  characterized  by  atomic  force 
microscopy  and  a  RMS  roughness  of  0.548  nm  and  0.099  nm,  respectively,  has  been 
reported. 
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ABSTRACT 

Piezoelectric  effects  in  GaN/AlGaN  multiple  quantum  wells  (MQWs)  have  been  directly 
probed  by  picosecond  time-resolved  photoluminescence  (PL)  spectroscopy.  The  time-resolved 
PL  spectra  of  the  40  A  well  MQWs  reveal  that  the  PL  transition  peak  position  is  in  fact 
blueshifted  at  early  delay  times  due  to  the  collective  effects  of  quantum  confinement  of  carriers, 
piezoelectric  field,  and  Coulomb  screening.  However,  the  spectral  peak  position  shifts  toward 
lower  energies  as  the  delay  time  increases  and  becomes  redshifted  at  longer  delay  times.  By 
comparing  experimental  and  calculation  results,  we  have  obtained  a  low  limit  of  the 
piezoelectric  field  strength  to  be  about  560  kV/cm  in  the  40  A  well  GaN/Alo.isGao.ssN  MQWs. 

INTRODUCTION 

The  group  Ill-nitride  semiconductors  have  attracted  much  attention  recently  due  to  many 
important  applications,  such  as  blue/UV  light  emitting  diodes  (LEDs),  laser  diodes  (LDs),  and 
high-temperature/high-power  electronic  devices  [1].  As  demonstrated  by  GaN  LDs,  LEDs,  and 
GaN  based  electronic  devices,  many  GaN  based  devices  must  take  advantage  of  multiple 
quantum  well  (MQW)  structures  such  as  GaN/AlGaN  and  InGaN/GaN  MQWs.  In  order  to 
optimize  the  device  design,  it  is  necessary  to  study  and  understand  the  physical  properties  of 
nitride  MQWs  as  well  as  the  MQW  structural  effects  on  the  device  performance.  Recent  work 
on  the  Ill-nitride  alloy  systems  and  MQWs  has  shown  that  localized  excitons  dominate  the 
optical  transitions  in  these  systems  at  low  temperatures [2-4].  And,  it  has  been  proposed  and 
shown  that  piezoelectric  fields  due  to  lattice  mismatch-induced  strain  in  InGaN/GaN  MQWs 
[5,6]  and  GaN/AlGaN  QWs  [6-9]  are  the  primary  reason  for  the  large  redshift  of  the 
photoluminescence  (PL)  emission  peak.  Indeed  the  piezoelectric  field  in  strained  layers  has 
been  used  to  modify  the  operating  characteristics  of  devices  fabricated  from  these  materials  [9- 
11]. 

EXPERIMENT 

Time-resolved  PL  (TRPL)  studies  have  been  carried  out  for  a  set  of  GaN/AlGaN  MQW 
samples  grown  under  identical  conditions  with  well  thickness  varying  from  20  to  50  A  .  These 
MQW  samples  were  grown  by  reactive  molecular  beam  epitaxy  (MBE)  on  sapphire  (AI2O3) 
substrates  with  a  1.5  pm  AkGai.xN  (x=0.15)  buffer  layer.  The  MQWs  are  composed  of  ten 
periods  of  alternating  GaN  wells  and  200  A  AfrGai.xN  (x=0.15)  barriers.  All  samples  were 
nominally  undoped  and  the  GaN  epilayers  grown  under  similar  conditions  were  semi- 
insulating. 
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For  PL  measurements,  samples  were  attached  to  copper  sample  holders  and  placed  inside  a 
closed-cycle  He  refi'igcrator  with  a  temperature  variation  from  10  to  300  K.  Excitation  pulses 
with  pulse  width  of  about  7  ps  at  a  repetition  rate  of  19  MHz  were  provided  by  a  cavity- 
dumped  dye  laser  (Coherent  702-2CD)  with  Rhodamine  6G  dye  solution,  which  was  pumped 
by  a  yttrium-aluminum-garnet  (YAG)  laser  (Coherent  Antares  76)  with  a  frequency  doubler. 
The  output  from  the  dye  laser  was 
frequency  doubled  again  to  provide  a 


tunable  wavelength  in  the  ultraviolet  (UV) 
region.  The  laser  output  after  the  .second 
doubler  has  an  average  power  of  about  30 
mW  and  the  laser  beam  size  on  the  sample 
was  about  50  pm  in  diameter.  The  overall 
spectral  resolution  was  about  0.2  meV  and 
the  time  resolution  of  the  detection  system 
was  about  25  ps. 

RESULTS  AND  DISCUSSIONS 


CW  spectra 


Low-temperature  (10  K)  cw  PL  spectra 
for  four  representative  GaN/AbGai.xN 
MQW  samples  with  well  thickness  L^  =  20 
A  ,  30  A  ,  40  A  ,  and  50  A  are  presented  in 
Fig.  1(b),  1(c),  1(d),  and  1(e)  ,  respectively. 
For  comparison,  the  PL  spectrum  of  a  GaN 
epilayer  grown  under  the  similar  conditions 
is  also  shown  in  Fig.  1(a).  For  the  GaN 
epilayer,  the  dominant  transition  at  3.485 
eV  at  10  K  is  due  to  the  recombination  of 
the  ground  state  of  A  exciton  [12-15].  In 
the  20  A  well  MQW  sample,  the  excitonic 
transition  peak  position  at  10  K  (3.548  eV) 
is  blueshifted  with  respect  to  the  epilayer 


E(eV) 


by  an  amount  of  63  meV,  which  is  due  to  fi 
the  well-known  effects  of  quantum 
confinement  of  electrons  and  holes  as  well 
as  the  strain.  Its  transition  energy  (3.548 
eV)  is  comparable  to  the  bandgap  of  GaN 
under  0.4%  compressive  strain,  which  is 


1.  Lovv-lempcraturc  (10  K)  cw  PL  spectra  of 
nominally  utulopcd  GaN/AhGa|.,N  MQW 
samples  with  well  thickness  (b)  L,,  =  20  A  .  (c) 
30  A  .  (d)  40  A  ,  (c)  50  A.  and  fa)  GaN 
epilayer  grown  under  identical  conditions  as  the 
MQW  samples  taken  under  the  same 
experimental  conditions. 


expected  for  GaN  embedded  between 

Al(),i5Ga().8sN  layers  f7].  In  the  30  A  and  40  A  well  MQW  .samples,  the  cw  transition  peak 
positions  at  10  K  arc  red.shiftcd  with  respect  to  the  GaN  epilayer  by  an  amount  of  13  and  45 
meV,  respectively.  The  origin  of  this  redshift  will  be  discussed  later  in  relation  with  the  results 
of  the  timc-rc.solved  PL  (TRPL)  spectra.  On  the  other  hand,  the  PL  spectrum  of  the  50  A  well 
MQW  sample  exhibits  a  fairly  complex  behavior.  The  transition  peak  at  higher  emission 
energies  (3.656  eV)  in  this  .sample  is  due  to  an  optical  transition  in  the  AIGaN  barrier  regions 
[3].  The  temperature  dependence  of  the  cw  PL  spectra  of  these  samples  has  been  measured. 
Figure  2  shows  cw  emission  spectra  of  the  40  A  well  MQW  .samples  measured  at  four 


representative  temperatures  T  =  10,  100,  200,  and  300  K,  respectively.  We  observed  two 
emission  lines  (3.440  and  3.480  eV  at  T  =  10  K)  with  the  lower-energy  emission  line  being  the 
dominant  one  at  low  temperatures.  The  higher-energy  emission  line  may  be  related  with  higher 
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FIG.  2.  CW  PL  spectra  of  nominally  undoped  40 
A  well  GaN/AlxGa|.xN  MQWs  measured 
at  four  representative  temperatures  T  = 
10,  100,  200,  and  300  K. 


FIG.  3.  The  temperature  dependence  of  the  PL 
spectra  peak  positions  of  the  dominant 
emission  lines  of  GaN/AhGai_xN  MQW 
samples  with  well  thickness  Lw=  20  A  ,  30 
A  ,  and  40  A.  The  solid  lines  are  the  least- 
squares  fit  of  data  with  Eq.  (1). 


subband  transitions  and  becomes  dominant  at  higher  temperatures  (T=300  K).  The  temperature 
dependence  of  the  PL  peak  position  of  the  dominant  emission  line  in  the  =  20  A  ,  30  A  , 
and  40  A  MQWs  has  been  plotted  in  Fig.  3.  For  comparison,  the  temperature  dependence  of 
the  PL  spectral  peak  of  a  GaN  epilayer  grown  under  the  similar  conditions  is  also  shown  in  Fig. 
3.  The  temperature  dependence  of  the  dominant  emission  peak  positions  can  be  fitted  by  the 
temperature  dependence  of  the  bandgap  energy  using  the  empirical  equation  [16], 

E,(T)^E,(0)-oa'^l(P+T),  (1) 

where  i?o(0)  is  the  transition  energy  at  r=0  K  and  a  and  p  are  constants  referred  to  as  Varshni 
thermal  coefficients.  The  solid  curves  in  Fig.  3  are  the  least-squares  fit  of  data  by  using  Eq.  (1). 
The  fitted  values  for  the  GaN  epilayer  and  MQWs  with  L^  =  20  A  ,  30  A  ,  and  40  A  are  £o(0)  = 
3.486  eV,  3.551  eV,  3.475  eV,  and  3.443  eV;  a  =  0.0016  eV/K,  0.0010  eV/K,  0.0011  eV/K, 
and  0.001 1  eV/K;  p  =  1.89x10^  K,  2.01x10^  K,  2.01x10^  K,  and  5.41x10^  K,  respectively.  The 
parameters  obtained  from  the  GaN  epilayer  and  the  20  A  and  30  A  well  MQWs  are 
comparable  to  the  parameters  (EoCO)  =  3.486  eV,  a  =  8.32x10“^  eV/K,  and 
P  =  835.6  K)  obtained  by  Shan  et.  al.  [14]  for  a  MOCVD  GaN  epilayer  using  the 
photoreflectance  measurement.  The  value  of  p  for  the  40  A  well  MQWs  is  anomalously  larger 


than  those  for  the  GaN  epilayer.  It  is  clear  that  for  the  20  A  well  MQW  sample,  the  exciton 
peak  position  is  blue  shifted  with  respect  to  the  epilayer  at  all  temperatures.  On  the  other  hand, 
with  respect  to  the  GaN  epilayer,  the  PL  emission  peaks  in  the  30  A  and  40  A  well  MQW 
samples  are  redshifed  with  the  amount  of  shift  decreasing  with  temperature  and  become  blue 
shifted  at  300  K.  Such  a  behavior  is  related  to  the  effect  of  piezoelectric  fields  in  these  MQWs 
to  be  discussed  in  more  detail  next. 

Time- resolved  PL  spectra 

Time-resolved  emission  spectroscopy  was  employed  to  study  the  dynamics  of  optical 
transitions  in  GaN/AlxGai_xN  MQWs.  Figure  4  shows  the  TRPL  spectra  of  the  main  emission 
lines  of  the  40  A  well  MQW  samples  measured  at  T  =  10  K  for  several  representative  delay 
times.  The  arrows  in  Fig.  4  indicate  the  spectral  peak  positions  at  different  delay  times.  The 
dotted  line  indicates  the  position  of  the  excitonic  transition  peak  in  the  GaN  epilayer  grown 
under  similar  conditions.  Several  features  can  be  observed  for  the  40  A  well  MQW  samples  as 
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FIG.  4.  Timc-re.solvcd  PL  spectra  of  the  main  emission 
lines  measured  at  T  =  10  K  for  40  A  well 
MQWs  for  several  representative  delay  times. 
Here,  the  delay  time  tj  =  0  has  been  chosen 
at  the  position  of  maximum  intensity  in  the 
luminescence  temporal  responses.  The  arrows 
indicate  the  spectral  peak  positions  at  different 
delay  times.  The  dotted  lines  indicate  the 
position  of  the  excitonic  transition  peak  in 
GaN  epilayers  grown  under  similar 
conditions. 


shown  in  Fig.  4.  First,  in  contrast  to  the  cw  PL  spectra  shown  in  Fig.  1(d),  the  spectral  peak 
position  at  delay  time  td=0  (3.493  eV)  is  blueshifted  with  respect  to  the  emission  line  in  the 
GaN  epilayer  (3.485  eV).  Second,  the  linewith  of  the  emission  line  decreases  with  delay  time. 
Third,  the  peak  position  of  the  emission  line  markedly  shifts  toward  lower  energies  with  an 
increase  of  delay  time.  For  comparison  with  different  well  thicknesses,  we  have  plotted  in  Fig. 
5  the  delay  time  dependence  of  the  peak  position  Ep  of  different  MQWs.  In  the  case  of  40  A 
and  50  A  well  MQW  samples,  Ep  shift  toward  lower  energies  for  more  than  60  meV  from  td=0 
to  ttj=7  ns.  The  large  amounts  of  redshift  occurred  in  the  early  delay  times,  i.e.,  in  the  first  1  ns 
for  40  A  MQWs  and  in  the  first  200  ps  for  50  A  MQWs. 

The  TRPL  results  can  be  explained  well  by  the  collective  effects  of  piezoelectric  field  and 
photo-excited  carrier  screening.  It  is  well  established  that  piezoelectric  fields  are  present  in  the 
well  regions  of  the  GaN/AlGaN  MQWs  and  heterojunctions  due  to  the  lattice  mismatch 
between  GaN  and  AlGaN  as  well  as  the  large  value  of  the  piezoelectric  constant  in  GaN.  Under 


the  influence  of  the  piezoelectric  field,  optically 
excited  carriers  drift  apart.  The  electrons 
(holes)  move  toward  the  direction  opposed  to 
(along)  the  piezoelectric  field  and  the  field 
induced  by  these  spatially  separated  charge 
carriers  will  screen  the  piezoelectric  field.  On 
the  other  hand,  the  screening  field  due  to  the 
spatially  separated  charge  carriers  decreases 
with  delay  time  because  of  the  radiative 
recombination  of  electrons  and  holes.  At  td=0, 
the  screening  field  induced  by  the  photoexcited 
electrons  and  holes  is  strongest,  which  reduces 
or  partially  balances  out  the  piezoelectric  field. 
As  the  delay  time  increases,  carriers  recombine 
radiatively  and  the  screening  field  gradually 
diminishes  and  the  original  piezoelectric  field 
restores.  Thus  the  total  amount  of  shift  from 
td=0  to  td^o<=  effectively  corresponds  to  the 
variation  of  the  electron  and  hole  energy  levels 
in  the  presence  of  the  piezoelectric  field  with 
and  without  carrier  screening,  respectively. 
From  this  the  piezoelectric  field  strength  can 
also  be  estimated.  By  comparing  experimental 
and  calculation  results,  a  lower  limit  value  of 
the  piezoelectric  field  strength  of  about  560  kV/cm  in  GaN/Alo.isGao.gsN  MQWs  as  well  as  the 
electron  and  hole  wave  functions  have  been  obtained  for  a  40  A  well  MQW  [8]. 


FIG.  5.  The  peak  position  Ep  of  the  main  emission 
line  as  functions  of  delay  time  td  measured  at 
T=10  K  for  the  20  A,  30  A,  40  A,  and  50  A 
well  GaN/AkGa|.,N  MQW  samples. 


CONCLUSIONS 


From  cw  PL  spectra  at  low  temperature  (10  K),  we  observe  that  the  exciton  transitions  for 
20  A  MQWs  are  blue  shifted  with  respect  to  the  GaN  epilayer  and  the  PL  emission  peak 
positions  for  30  A,  40  A,  and  50  A  well  MQWs  are  redshifted  with  respect  to  the  GaN 
epilayer.  On  the  other  hand,  the  time-resolved  PL  spectra  of  the  30  A,  40  A,  and  50  A  well 
MQWs  reveal  that  the  excitonic  transition  is  in  fact  blueshifted  at  early  delay  times  due  to 
quantum  confinement  of  carriers  and  the  spectral  peak  position  shifts  toward  lower  energies  as 
the  delay  time  increases  and  becomes  redshifted  at  longer  delay  times.  It  has  been  demonstrated 
that  the  results  described  above  are  due  to  the  presence  of  the  piezoelectric  field  in  the  GaN 
wells  of  GaN/AlGaN  MQWs  subject  to  elastic  strain  together  with  screening  of  the 
photoexcited  carriers  and  Coulomb  interaction.  Our  results  show  that  TRPL  spectroscopy  is  a 
powerful  tool  for  studying  and  understanding  the  piezoelectric  effects  on  optical  properties  of 
GaN  MQWs  and  heterostructures. 
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ABSTRACT 

Auger  electron  spectroscopy  (AES)  was  used  to  investigate  the  processes  taking  place  during  the  initial  stages 
of  nitridation  of  GaAs  (001)  surface.  The  analysis  of  the  AES  results  combined  with  that  of  RHEED  show  that 
the  processes  taking  place  during  nitridation  greatly  differ  depending  on  the  nitridation  temperature.  At  low 
temperatures  (<  200°C)  nitridation  is  hindered  by  kinetic  restrictions  on  atomic  migration,  whereas  at  high 
temperatures  (>  500°C)  the  process  of  nitridation  takes  place  simultaneously  with  the  etching  of  the  surface. 
However,  for  intermediate  temperatures  (300‘’C  ~  400”C)  the  results  indicate  that  a  complete  monolayer  of  N 
atoms  may  be  formed  on  the  substrate  during  the  initial  stage  of  nitridation.  The  post-nitridation  annealing  of  the 
samples  nitrided  at  the  intermediate  temperatures  results  in  the  formation  of  a  crystalline  GaN  layer,  the  line 
shape  of  the  AES  signals  from  which  is  identical  to  that  for  a  GaN  reference  sample. 

INTRODUCTION 

GaN  compound  is  difficult  to  grow  on  the  technologically  well-established  substrates,  i.e.  Si  and  GaAs,  which 
is  due  to  the  significant  lattice  mismatch  of  GaN  with  those  materials.  One  of  the  methods  of  overcoming  that 
difficulty  is  to  grow  a  thin  “low-temperature”  buffer  layer  on  the  top  of  GaAs,  which  is  amorphous  and  which 
crystallizes  upon  thermal  annealing,  leading  to  relaxation  of  the  lattice  mismatch.  The  subsequent  MBE  growth 
of  the  GaN  compound  on  the  top  of  that  buffer  layer  results  in  a  good  quality  cubic  phase  GaN  [I].  However,  a 
deeper  understanding  of  the  mechanisms  governing  initial  stages  of  nitridation  and  subsequent  nitride  growth  is 
vital  for  improvement  of  device  performance.  The  formation  of  Ga-N  and  As-N  bonds  on  the  GaAs  (001)  surface 
during  nitridation  has  been  verified  by  X-ray  photoelectron  spectroscopy  (XPS)  [2,3],  the  results  showing 
chemical  shifts  of  the  core  levels  of  Ga,  As  and  N  caused  by  the  nitridation  process,  with  the  formation  of  a 
disordered  Ga-As-N  phase  in  the  subsurface  region  of  the  substrate.  However,  all  XPS  experiments  have  been 
carried  out  after  nitridation  by  either  transferring  the  nitrided  sample  from  the  “nitridation”  chamber  to  the 
“XPS”  chamber  or  by  switching  between  nitridation  and  measurement  cycles  in  the  same  chamber.  It  is  important 
to  note  the  inborn  limitations  of  this  experimental  protocol  since  there  is  no  guarantee  that  the  surface  conditions 
during  measurements  will  be  the  same  as  those  directly  after  the  nitridation. 

In  the  present  study  we  used  AES  to  investigate  the  processes  taking  place  during  the  initial  stages  of 
interaction  of  active  nitrogen  species  with  the  GaAs  (001)-2x4  surface  at  various  surface  temperatures  in  the 
range  from  room  temperature  (RT)  to  600°C.  The  measurements  have  been  carried  out  simultaneously  with  the 
nitridation  process,  providing,  thereby,  an  insight  into  the  process  of  nitridation  not  hindered  by  the  “post- 
nitridation”  relaxation  effects. 
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EXPERIMENT 

An  experimental  machine  combining  a  differentially  pumped  electron  beam  column,  a  hemispherical  electron 
energy  analyzer  for  AES,  as  well  as  an  RF  plasma  source  for  generation  of  active  nitrogen  species,  has  been 
constructed.  Differential  pumping  of  the  column  allows  us  to  make  AES  measurements  in  the  process  of 
supplying  active  nitrogen  to  the  surface,  when  the  pressure  in  the  chamber  goes  up  to  10'  Torr  (base  pressure  is 
2x10''’  Torr).  The  surface  studied  was  an  MBE-regrown  GaAs  (001)  surface  exhibiting  (2x4)  surface 
reconstruction,  and  the  nitridation  rate  was  controlled  by  using  a  mass  flow  controller,  through  which  a  flow  of  1 
cem/s  of  the  N2  gas  was  introduced  into  the  N-source.  The  substrate  temperature  during  nitridation  (Ts)  was  kept 
constant  at  various  levels,  i.e.  at  Ts  =  RT,  200"C,  300"C,  400"C,  500"C  and  600"C.  To  characterize  the  bonding 
and  composition  of  the  buffer  layer  growing  during  the  nitridation  process,  the  Auger  signals  of  Ga-LMM,  As- 
LMM  and  N-KLL  transitions  at  about  1070,  1230  and  380  eV,  respectively,  have  been  used.  No  traces  of 
impurities,  such  as  oxygen  and  carbon,  have  been  detected  on  the  original  surface  and  at  the  beginning  of  the 
nitridation  processes,  although  .some  oxygen  (<  2%)  tends  to  appear  after  prolonged  (~2  h)  exposures  to 
nitrogen  flux. 

RESULTS 

Spectral  Shape  of  the  Auger  Signals  and  the  Core  Level  Shifts 

The  detailed  non-differentiated  spectra  of  N,  Ga  and  As  Auger  transitions  for  various  N-  exposures  are  shown 
in  Eig.  1  for  Ts  =  300"C.  It  can  be  seen  that  the  signals  exhibit,  in  addition  to  the  dominant  peak,  a  shoulder  on 
the  high  kinetic  energy  (KE)  side  of  the  spectra.  The  experimental  spectra  can  be  deconvoluted  into  Voigt 
doublets  (not  shown),  with  the  energy  separation  between  the  Voigt  peaks  constituting  each  doublet 
corresponding  to  tbe  splitting  of  the  LMM-  and  KLL-multiplets  taking  place  due  to  the  difference  in  the  total 
relaxation  energy  of  two  core  holes  created  during  the  Auger  process.  In  addition,  the  As-signa!  during 
nitridation  also  exhibits  a  shoulder  at  the  low-KE  side  of  the  spectra,  this  shoulder  becoming  more  pronounced 
with  decrease  in  the  nitridation  temperature.  On  the  basis  of  the  previous  XPS  results  the  above  shoulder  has 
been  attributed  to  the  surface  AsN  species,  and  the  disappearance  of  this  peak  at  higher  temperatures  is  caused 
by  de.sorption  of  the  AsN  species  from  the  surface  [2,3].  The  N-originated  spectra  during  nitridation  also  exhibit 
a  shoulder  at  the  low-energy  side  of  the  spectra  separated  by  ~  2.0  eV  from  the  main  N-KLL  peak  (Fig.  I), 


Fig.  1.  Detailed  Auger  spectra  from  N-KLL,  Ga-LMM  and  As-LMM  transitions  for  various  nitrogen 
exposures  for  the  nitridation  temperature  Ts  =  300"C,  together  with  that  of  N  and  Ga  taken  after 
subsequent  annealing  at  630"C  for  5  min  (dotted  curves)  and  those  for  a  thick  (~L5  nm)  MBE-grown 
GaN  reference  sample  (dashed  curves). 


which  disappears  at  higher  temperatures  just  like  the  low-KE  side  shoulder  on  the  As-originated  spectra.  This 
shoulder  has  been  assigned  to  the  N-originated  signal  from  As-N  bonds  in  the  AsN  species,  in  accordance  with 
XPS  results  [3]. 

It  can  be  seen  from  Fig.  1  that  the  spectral  positions  of  the  peaks  exhibit  shifts  to  lower  KE  as  the  nitridation 
proceeds.  It  has  been  found  that  the  magnitude  of  these  shifts  depends  on  the  nitridation  temperature. 
Dependencies  of  the  apparent  energy  shift  of  the  peak  of  Ga-signal  on  nitrogen  exposure  for  various  nitridation 
temperatures  are  shown  in  Fig.  2.  It  can  be  seen  that  the  magnitude  of  the  shift  increases  with  increase  in  the 
nitridation  temperature  in  the  range  RT  <  Ts<  SOOT,  levels  off  for  300T  <  Ts<  400T,  and  starts  to  decrease 

for  Ts>  SOO^C.  Therefore,  the  dependence  of  the  magnitude 
of  the  shift  on  Ts  is  not  monotone,  but  exhibits  a  maximum 
for  the  nitridation  temperature  in  the  range  SOOT  -  400T. 
The  situation  is  similar  for  As-  and  N-signals,  where  the 
most  pronounced  low-KE  shifts  (-1.5  eV)  have  also  being 
observed  for  Ts  in  the  range  SOOT  -  400T,  whereas 
nitridation  at  the  lower  or  higher  Tj  results  in  the  smaller 
shifts  [4].  Annealing  of  the  samples  at  600-650T  results  in 
the  additional  low-KE  shifts  for  all  signals,  as  well  as  in  a 
drastic  decrease  on  the  intensity  of  As-signal  due  to  the 
desorption  of  As  from  the  surface,  It  is  important  to  note 
that  after  annealing  both  the  spectral  position  and  the 
spectral  shape  of  the  Ga-  and  N-originated  signals  for  the 
samples  nitrided  at  the  surface  temperature  SOOT  <  Ts  < 
400T  (and  only  for  Ts  in  that  range)  becomes  identical  to 
that  of  the  GaN  reference  sample  (Fig.  1).  It  is  also 
important  that  annealing  results  in  a  complete  disappearance 
5  10  15  20  25  30  100  of  the  As-signal  from  the  surface  only  for  the  samples 

Nitrogen  Exposure  (min)  nitrided  at  SOOT  <  Ts  <  400T,  whereas  the  samples 

Fig.  2.  Dependencies  of  the  energy  shifts  of  the  annealed  after  nitridation  at  higher  or  lower  Ts  still  exhibit 
peak  of  Ga-transition  on  N-exposure  for  various  some  As  in  the  subsurface  region  (-2-5%)  even  after 
substrate  temperatures  together  with  that  after  prolonged  annealing. 

subsequent  annealing  at  bSO^C  for  5  min.  The  In  general  there  may  be  two  factors  determining  the  shift 
data  for  400T  is  similar  to  that  for  300°C  and  is  of  the  Auger  spectra  taken  from  the  surface  of  a 
not  shown.  semiconductor.  The  first  one  is  a  chemical  shift  reflecting 

change  in  a  chemical  environment  and  the  second  is  a  shift 
of  the  Fermi  level  due  to  band  bending.  As  it  has  been  verified  by  XPS  studies  [2,3],  nitridation  of  the  GaAs 
(001)  surface  results  in  the  formation  of  the  disordered  Ga-As-N  compound  as  incoming  N  atoms  substitute  for 
the  As  atoms.  The  formation  of  the  Ga-As-N  phase  leads  to  the  broadening  of  the  Auger  signals  and  is  partly 
responsible  for  the  observed  shifts  in  the  spectra.  Since  the  ionicity  of  the  Ga-N  bonds  is  higher  than  that  of  the 
Ga-As  bonds  due  to  an  increased  charge  transfer  from  Ga  to  anion  as  arsenic  is  substituted  by  nitrogen,  we  can 
expect  a  shift  of  the  core  levels  of  Ga  to  higher  binding  energies  (BE)  and,  therefore,  a  low-KE  shift  of  the  Ga- 
LMM  Auger  transition,  which  is  in  accordance  with  the  experimental  results.  Since  the  low-KE  shift  of  the 
spectra  is  mostly  pronounced  during  the  first  2-5  min  of  nitridation,  we  believe  that  the  nitridation  of  the  surface 
takes  place  mostly  during  this  short  time  interval,  after  which  it  is  much  slowed  down  as  N  atoms  begin  to 
substitute  As  atoms  in  the  back-bonds. 


Comparing  N-As  bonds  with  the  Ga-As  ones  we  can  see  that  the  direction  of  charge  transfer  is  reversed,  the 
charge  being  transferred  from  As  atom  in  the  N-As  bonds.  Therefore,  the  formation  of  the  N-As  bonds  should 
result  in  a  low-KE  shift  of  the  As-originated  signal,  which  is  observed  experimentally,  but  only  for  the  nitridation 
temperatures  T^<  400T.  At  higher  temperatures  the  As-originated  signal,  while  shifting  a  little  towards  low-KE 
during  the  first  2  min  of  nitridation,  exhibits  a  small  shift  towards  high-KE  as  the  nitridation  proceeds.  Therefore, 
we  believe  that  the  shift  of  the  As-signal  is  determined  by  an  interplay  of  two  (or  several)  effects. 


Careful  analysis  of  the  above  results,  together  with  those  for  the  N-originated  signal,  indicate  that,  whereas 
nitridation  at  low  temperatures  (Ts  <  SOO^C)  results  only  in  the  chemical  shift  of  the  Auger  signals  under 
consideration,  that  for  the  temperatures  >  300"C  leads  to  both  the  chemical  shift  and  a  shift  caused  by  the  band 
bending  effect.  It  remains  unclear  why  the  band  bending  effect  is  the  most  pronounced  at  the  temperatures  in  the 
range  300‘’C  -  400'’C.  One  possible  explanation  may  be  that  a  uniform  layer  of  GaN  (possibly  creating  a 
heterojunction  with  GaAs)  is  formed  on  the  surface  at  these  nitridation  temperatures,  which,  however,  is  not 
formed  upon  nitridation  at  lower  or  higher  temperatures  due  to  kinetic  restrictions  on  atomic  migration  (with  the 
resulting  island-like  structures  on  the  surface)  or  roughening  of  the  surface  due  to  etching  effects  for  lower  and 
higher  temperatures,  respectively. 


Fig.  3.  Dependencies  of  As-signal  intensities  on 
the  N-exposure  for  various  temperatures. 


Fig.  4.  Dependencies  of  N-signal  intensities 
on  the  N-exposure  for  various  temperatures. 


Dependencies  of  the  Auger  Intensities  on  Nitrogen 
Exposure 

Figs,  3,  4  show  the  dependencies  of  the  integrated 
intensities  /(f)  for  the  As-  and  N-originated  Auger  signals  on 
the  nitrogen  exposure  time  /  during  nitridation.  Since  the 
spectra  of  all  three  elements  exhibit  a  change  in  their  spectral 
shape  as  the  nitridation  proceeds,  we  could  not  use  the  peak- 
to-pcak  values  of  the  differentiated  Auger  signals  to  determine 
intensities  of  the  signals.  Instead,  the  areas  of  non- 
differentiated  signals  have  been  used  for  quantitative  evaluation 
of  the  nitridation  process,  the  areas  having  been  determined  by 
a  trapezoidal  integration  with  the  cosine  background 
correction.  The  data  for  the  intensities  the  As-  and  N- 
originated  signals  has  been  normalized  to  that  of  the  Ga- 
originated  signal  prior  to  the  nitrogen  exposure,  the  intensity 
of  which  at  any  nitridation  temperature  was  taken  as  1 .0. 

It  can  be  seen  from  Figs.  3,  4  that,  as  the  nitridation 
proceeds,  the  intensity  of  the  As-signal  decreases,  whereas  that 
of  the  N-signal  increases.  At  the  same  time,  the  intensity  of 
Ga-signal  does  not  exhibit  any  drastic  changes  (not  shown).  It 
can  also  be  seen  that  the  intensities  of  the  As-  and  N-originated 
signals  exhibit  the  most  drastic  changes  during  the  first  several 
min  (or  even  seconds,  depending  on  the  temperature)  of 
nitridation,  after  which  the  signals  level  off  at  the  levels 
strongly  dependent  upon  the  nitridation  temperature.  The 
magnitude  of  the  changes  in  the  intensities  of  the  N-  and  As- 
originated  signals  greatly  exceeds  that  for  the  Ga-originated 
signal,  which  is  consistent  with  the  substitutional  (anion 
exchange)  nature  of  the  nitridation  process,  when  N  atoms 
substitute  for  tho.se  of  As,  whereas  Ga  atoms  mostly  retain 
their  positions  in  the  subsurface  region. 

An  increase  in  the  nitridation  temperature  results  in  a  drastic 
decrease  in  the  intensity  of  the  As-signal  due  to  the  increase  in 
the  desorption  rale  of  As  and  in  a  drastic  increase  in  the 


intensity  of  the  N-signal.  However,  it  should  be  noted 
that,  although  the  rate  of  an  increase  in  the  intensity  of 
the  N-signal  (related  to  the  sticking  coefficient)  for  the 
highest  nitridation  temperature  studied  (600“C)  during 
the  initial  40  sec  of  nitridation  exceeds  that  for  500°C, 
further  nitridation  results  in  the  leveling  off  the  signal  for 
Ts  =  bOO^C  at  the  level  lower  than  that  for  Ts  =  500°C. 
The  last  phenomenon  can  be  explained  by  taking  into 
account  an  increased  desorption  rate  of  the  nitrogen 
species  from  the  nitrided  surface  at  Ts  =  600°C,  which  is 
accordance  with  the  results  of  Makimoto  et  al .  [6]. 

The  dependencies  of  intensities  of  both  As-  and  N- 
signals  (not  shown)  are  exponential-like  smooth  curves 
exhibiting  no  apparent  breaks.  However,  plots  of 
intensities  of  the  N-originated  signal  (adsorbate)  against 
that  of  the  As-originated  one  (substrate),  shown  in  Fig. 
5,  exhibit  pronounced  breaks,  but  only  for  the  data  taken 
for  nitridation  temperatures  Ts  =  300°C  and  400°C  (see 
ellipse  in  Fig.  5).  A  break  in  an  adsorbate  signal 
As-LMM  Signal  (a.  U.)  substrate  signal  dependence  usually  occurs  at  the 

Fig.  5.  Intensities  of  the  N-signal  as  a  fiinction  of  that  completion  of  a  monolayer  (ML)  [5],  Therefore,  the 
for  the  As-signal  for  various  temperatures.  Ellipse  breaks  on  the  curves  shown  in  Fig  5  ^e  beUeved  to 
shows  the  position  of  breaks  on  the  curves  which  correspond  to  the  completion  of  the  first  ML  of  N 
probably  arise  due  to  the  completion  of  the  first 

monolayer.  Notice  the  offsets  of  the  curves.  The  position  of  the  break-points  in  Fig.  5  corresponds 

to  the  nitridation  time  of  about  1.5  min  and  is  shown  as  a 
vertical  line  on  the  I^it)  dependencies  in  Fig.  4.  It  can  be  seen  from  the  examination  of  this  figure  that  no 
apparent  breaks  are  discernible  in  the  Ij^t)  dependencies  after  1.5  min  of  nitridation,  which  seems  to  contradict 
the  results  shown  in  Fig.  5.  The  above  discrepancy,  however,  can  be  explained  by  taking  into  account  possible 
changes  of  sticking  probability  of  the  active  nitrogen  species  [7],  Indeed,  whereas  gradual  changes  in  the  value  of 
the  sticking  probability  result  in  the  smoothing  of  the  lAs(t)  and  dependencies,  it  will  not  affect  the  plot  of 
/yy  vs  I  As  since  the  time- variable  is  eliminated  in  this  plot. 

RHEED  Results 

Nitridation  results  in  drastic  changes  of  the  initial  (2x4)  RHEED  pattern,  these  changes  depending  on  the 
nitridation  temperature.  At  low  temperatures  Ts  <  200°C,  once  the  nitrogen  plasma  is  struck  the  GaAs 
reconstruction  features  fade  out,  the  intensity  of  the  diffracted  beam  being  transferred  to  the  background  (not 
shown).  The  (2x4)  reconstruction  of  the  initial  surface  is  destroyed  after  1.5  min  of  nitridation  with  an 
appearance  of  (1x1)  pattern  from  the  unreconstructed  surface,  which,  in  its  turn,  disappears  after  3  min  of 
nitridation,  giving  rise  to  no  pattern  except  for  a  smooth  background,  indicating  that  a  disordered  GaAsN  layer  is 
formed  in  the  subsurface  region.  Thermal  annealing  of  the  samples  at  630°C  results  in  an  appearance  of  an  arc 
pattern,  indicating  an  appearance  of  preferred  orientations  in  the  disordered  layer.  The  crystallization,  however,  is 
not  complete  since  the  diffraction  features  retain  their  arc-like  character  even  after  prolonged  annealing. 

The  situation  is  different  for  Ts  in  the  range  300°C-400°C.  Similar  to  the  above  case,  nitridation  during  the  first 
several  min  results  in  the  formation  of  the  disordered  layer.  However,  after  approximately  10  min  of  nitridation 
that  disordered  layer  begins  to  re-crystallize,  which  is  evidenced  by  an  appearance  of  diffuse  spots  in  the  RHEED 
pattern  corresponding  to  the  lattice  spacing  of  GaN  (4.5  A).  The  thermal  annealing  then  results  in  an  appearance 
of  the  sharp  spotty  RHEED  pattern  characteristic  of  a  mixture  of  cubic  and  hexagonal  GaN  phases,  the  cubic 
phase  being  dominant  [1]. 


An  increase  in  the  nitridation  temperature  up  to  Ts  >  SOOT  results  in  a  different  progression.  Upon  striking 
the  nitrogen  plasma  the  (2x4)  reconstruction  quickly  (after  ~20  sec)  changes  to  a  sharp  streaked  (3x3)  pattern. 
However,  the  surface  retains  the  (3x3)  reconstruction  for  only  10  sec,  after  which  the  (3x3)  features  fade  giving 
rise  to  the  (1x1)  pattern  from  the  unreconstructed  surface.  The  (1x1)  pattern,  in  its  turn,  also  fades  as  the 
nitridation  proceeds,  but  after  further  2  min  of  nitridation  the  GaN-originated  spots,  superposed  on  the  blurred 
(1x1)  streaked  pattern  from  GaAs,  become  discernible  in  the  pattern.  As  we  proceed  with  nitridation,  the 
intensity  of  the  GaN-originated  spots  increases,  whereas  that  of  the  GaAs-originated  streaks  decreases,  the 
streaks  becoming  indiscernible  after  about  5  min  from  the  beginning  of  nitridation.  At  the  same  time,  however,  a 
blurred  spots  corresponding  to  the  (004)-  and  (1 15)-diffraction  features  from  the  GaAs  phase  appear  in  the 
pattern,  the  intensity  of  this  spots  increasing  as  we  proceed  with  nitridation.  Diagonal  lines  between  the 
diffraction  spots  also  appear  in  the  pattern,  which  is  due  to  the  formation  of  the  (1 1 1)  facets  caused,  in  its  turn, 
by  the  etching  of  the  substrate  by  impinging  nitrogen  species  [1].  Annealing  of  the  samples  at  650  -  TOO^C  results 
in  a  disappearance  of  the  GaAs-originated  spots  in  the  pattern.  Therefore,  we  believe  that  at  high  nitridation 
temperatures  the  GaAs  islands  are  formed  on  the  top  of  the  nitrided  GaN  layer  due  to  out-diffusion  of  arsenic, 
substituted  by  nitrogen,  from  the  GaAs  substrate.  These  islands  desorb  from  the  surface  at  the  temperatures 
higher  than  bSO^C  due  to  the  desorption  of  arsenic. 

CONCLUSIONS 

In  conclusion,  the  results  presented  above  show  that  the  processes  taking  place  during  nitridation  of  the  GaAs 
(001)  surface  greatly  differ  depending  on  the  nitridation  (surface)  temperature.  On  the  one  hand,  at  low 
temperatures  (Ts<  200"C)  nitridation  is  hindered  by  kinetic  restrictions  on  the  atomic  migration,  and  we  believe 
that  nitridation  occurs  through  the  formation  of  islands  or  “simultaneous  multilayers”  which  do  not  cover  the 
underlying  surface  completely.  Disordered  GaAsN  phase  is  formed  in  the  subsurface  region,  and  that  phase  can 
not  be  completely  re-crystallized  even  after  prolonged  annealing. 

On  the  other  hand,  at  high  temperatures  (Ts  >  500"C)  the  process  of  nitridation  takes  place  simultaneously 
with  the  etching  of  the  surface  (at  different  portions  of  the  surface)  due  to  decomposition  of  the  substrate  under 
an  impinging  N-flux,  leading  to  the  growth  of  the  (111)  facets  and  resulting  in  the  rough  interface  between  the 
GaN  and  GaAs  phases.  It  seems  that  the  N  atoms  agglomerate  to  the  nitrided  portions  of  the  surface  to  form 
GaN  islands,  whereas  the  surface  portions  which  are  not  nitrided  initially  are  etched  by  exposing  the  (1 1 1)  facets. 

However,  for  intermediate  nitridation  temperatures  (300'’C  <  Ts  <  400‘'C)  it  was  found  that  the  disordered 
GaAsN  phase,  formed  at  the  initial  stage  of  nitridation,  partly  crystallizes  even  without  annealing.  Moreover, 
AES  results  indicate  that  one  monolayer  of  N  atoms  (partly  mixed  with  arsenic)  may  be  formed  on  the  substrate 
during  the  initial  stage  of  nitridation.  The  formation  of  the  complete  ML  of  GaN  results  in  the  band  bending, 
which  leads  to  the  most  pronounced  low  kinetic  energy  shifts  of  the  Auger  signals  for  the  nitridation 
temperatures  in  this  range.  The  post-nitridation  annealing  of  the  samples  nitrided  at  the  intermediate  temperatures 
results  in  the  formation  of  a  crystalline  GaN  layer,  the  line  shape  of  the  AES  signals  from  which  is  identical  to 
that  for  a  thick  GaN  reference  sample. 
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Abstract 

AIN  thin  films  were  deposited  at  various  substrate  temperatures  via  Plasma  Source 
Molecular  Beam  Epitaxy.  The  films  were  grown  on  6H-SiC  (0001)  substrates.  Reflection  High 
Energy  Electron  Diffraction  and  Atomic  Force  Microscopy  showed  a  dramatic  change  in  the 
surface  morphology  of  the  film  grown  at  640''C.  This  is  attributed  to  a  change  in  the  growth 
mechanism  from  pseudomorphic  at  lower  temperatures  to  three-dimensional  at  higher  than 
640“C  temperatures.  Photoreflectance  measurements  showed  an  absorption  shift  toward  200  nm 
as  the  deposition  temperature  increases  which  is  attributed  to  the  change  in  the  growth 
mechanism  at  higher  temperatures.  X-Ray  Diffraction  was  unable  to  conclusively  determine  the 
AIN  (0002)  peak  due  to  a  significant  diffuse  intensity  from  the  SiC  (0002)  peak.  A  MIS 
structure  was  created  by  depositing  Pt  contacts  on  the  film  grown  at  SOO^C.  I-V  measurements 
showed  that  the  Pt/AIN  contact  is  Schottky. 

Introduction 


AIN  is  a  group  III-V  nitride  wide  bandgap  semiconductor.  Its  bandgap,  the  largest 
among  the  III-V  nitrides,  gives  AIN  an  array  of  interesting  properties  including:  high  degree  of 
hardness,  high  thermal  and  chemical  stability,  and  high  thermal  conductivity  [1-3].  One  major 
area  where  these  properties  can  find  application  is  in  the  construction  of  high-power,  high- 
temperature  devices  which  can  operate  in  harsh  conditions.  Of  particular  interest  is  the 
possibility  for  using  AIN  as  an  insulator  in  SiC-based  MIS  structures  [4].  Such  devices  can 
operate  at  temperatures  as  high  as  550“C  while  ordinary  Si-based  devices  fail  at  around  120"C. 
At  the  same  time  AlN/SiC-based  devices  will  be  less  susceptible  to  radiation  damage. 

However,  prior  to  designing  AlN-based  devices,  a  number  of  materials  issues  need  to  be 
resolved.  Two  important  problems  are:  i)  finding  a  technique  and  optimal  growth  conditions  for 
depositing  stoichiometric  AIN  films  of  high  purity  and  low  defect  density;  ii)  finding  a  substrate 
material  which  closely  matches  the  lattice  parameter  and  thermal  expansion  coefficient  of  AIN. 

Here  we  report  a  systematic  study  of  the  effect  of  substrate  temperature  on  the  crystal 
quality  of  AIN  thin  films  grown  on  6H-SiC  (0001)  substrates  via  Plasma  Source  Molecular 
Beam  Epitaxy  (PSMBE).  Our  understanding  of  the  growth  mechanisms  of  AIN  in  the  PSMBE 
system  at  various  temperatures  is  presented. 
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Experiment 


All  AIN  films  were  deposited  on  pieces  from  a  single  6H-SiC  (0001)  wafer  which  was 
obtained  from  Advanced  Technology  Materials  in  1994.  The  substrate  was  n-type  with  carrier 
concentration  of  4.8x1  O'”  cm  \  The  films  were  deposited  on  the  Si-face  of  the  substrate.  6H-SiC 
was  chosen  as  a  substrate  for  AIN  growth  because  of:  (i)  their  close  lattice  parameter  and 
thermal  expansion  coefficient  match,  and  (ii)  to  study  the  properties  of  AlN/SiC  MIS  structures. 
Each  substrate  was  ultrasonically  degreased  for  20  minutes  in  acetone  and  methanol  in 
succession,  followed  by  a  one-minute  etch  in  10%  (by  volume)  HF  for  removing  any  SiO^  from 
the  surface.  Prior  to  deposition,  each  substrate  was  preheated  in  the  PSMBE  system  above 
850''C  for  one  hour  for  degassing.  Deposition  of  AIN  films  was  accomplished  using  a  unique 
technique  developed  in  our  laboratory  called  Plasma  Source  Molecular  Beam  Epitaxy  (PSMBE). 
The  PSMBE  system  has  a  new  and  innovative  deposition  source  which  includes  a  magnetically 
enhanced,  r.  f.  powered  hollow  cathode,  lined  with  high  purity  aluminum.  A  mixture  of  high 
purity  argon  and  nitrogen  is  supplied  to  the  hollow  cathode,  where  a  plasma  consisting  of  high 
energy  aluminum,  argon,  and  nitrogen  is  formed.  A  flux  containing  predominantly  AV  and  N* 
ions  of  energies  around  1  eV  leaves  the  hollow  cathode  source.  This  flux  is  further  accelerated 
by  negative  bias  applied  to  the  substrate.  The  PSMBE  system  is  described  in  detail 
elsewhere[5]. 

AIN  films  were  grown  at  440"C,  500"C,  560''C,  640"C,  and  800''C  using  a  substrate  bias 
voltage  of  -15  eV  which  is  optimum  for  our  PSMBE  system.  All  films  had  a  thickness  of 
approximately  20001  lA  as  measured  by  a  piezoelectric  thickness  monitor.  The  films  were 
characterized  in-situ  by  Reflection  High  Energy  Electron  Diffraction  (RHEED)  and  ex-situ  by 
Atomic  Force  Microscopy  (AFM),  X-Ray  Diffraction  (XRD),  and  optical  reflectance.  The  AFM 
characterization  was  performed  using  a  Digital  Instruments  Nanoscope  III  operating  in  contact 
mode  with  standard  Si^N^  tips.  The  films  were  characterized  by  XRD  in  a  Scintag  XI  6-0 
diffractometer  using  Cu  radiation.  The  samples  were  supported  on  a  zero-background  quartz 
plate  and  data  were  collected  either  in  symmetric  (Bragg-Brentano)  scans  or  in  rocking  scans. 
For  optical  reflection  measurements  a  Lambda  900  UV/Vis/NIR  Spectrometer  with  range  180- 
3,000  nm  was  used.  For  electrical  measurements,  Pt  electrodes  were  deposited  in  a  dc- 
magnetron  sputtering  system  on  the  sample  grown  at  500'’C.  Blanket  electrodes  were  deposited 
on  the  bottom  surface  of  the  SiC  substrates  and  top  circular  contacts  with  a  diameter  of  1  mm 
were  deposited  on  the  films  surface  through  a  hard  mask.  C-V  characterization  was  performed 
using  a  HP4192A  LF  impedance  analyzer  at  frequencies  of  1  MHz.  I-V  measurements  were 
performed  on  a  HP4140B  pico-ammeter  with  a  dc- voltage  source.  A  heated  chuck  was  used  to 
reach  temperatures  up  to  300oC. 

Results  and  Discussion 


AFM  revealed  a  number  of  scratches  on  the  substrates  surface.  The  depth  of  the  more 
profound  scratches  was  around  2  nm  as  determined  by  AFM.  Following  a  degassing  procedure 
lasting  one  hour  at  850"C,  RHEED  studies  of  the  6H-SiC  substrates  gave  patterns  with  streaks 
which  is  an  indication  of  relatively  smooth  surfaces  with  terraces  and  steps. 

As-grown  AIN  films  did  not  display  similar  streaking,  but  rather  oblong  spots,  indicative 
of  facetted  islands  on  the  surface.  The  RHEED  pattern  from  the  film  deposited  at  640'’C  consists 
of  round  spots  which  shows  that  the  surface  is  rough  and  the  pattern  is  due  to  transmission 
through  surface  asperities  rather  than  reflection  from  the  surface.  Figure  1  shows  AFM  images 
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Figure  1.  AFM  images  and  RHEED  patterns  of  the  films  grown  at  500°C,  640'’C,  and  800”C. 
The  film  deposited  at  640'’C  has  the  greatest  roughness  and  the  largest  surface  features. 

and  RHEED  patterns  of  the  films  grown  at  SOO^C,  640“C,  and  800”C.  The  film  grown  at  640°C 
has  the  greatest  roughness  and  the  largest  substrate  features  among  all  the  films.  The  films 
grown  at  temperatures  lower  than  640‘’C  have  small  surface  features  very  similar  to  the  SOO^C 
film.  The  film  deposited  at  SOO^C  shows  unusually  shaped  features.  From  the  surface  analysis 
one  can  conclude  that  at  around  640"C  a  change  in  the  growth  mechanism  occurs.  At  lower 
temperatures  the  depositing  species  do  not  have  enough  energy  for  lateral  movement  on  the 
surface.  The  growth  is  pseudomorphic  which  results  in  smooth  but  strained  films.  At  around 
640°C  the  growth  changes  to  three-dimensional  and  the  film  grows  in  columns.  As  the 
deposition  temperature  increases  the  films  get  smoother.  This  model  is  in  agreement  with  our 
previous  studies  [5,  6]  on  the  temperature  effect  on  the  quality  of  AIN  films  deposited  on  silicon, 
sapphire,  and  Lely  grown  substrates. 

Symmetric  XRD  scans  on  all  the  samples  displayed  significant  intensity  from  the  SiC 
(0002)  peak  near  26=35.7°  that  severely  overlaps  the  AIN  (0002)  peak,  despite  the  intentional 
3.5°  off-cut  of  the  substrates.  Figure  2a  represents  a  symmetric  scan  on  the  AIN  film  grown  at 
800°C.  An  increased  intensity  around  AIN  (0002)  peak  at  around  20=36°  can  be  observed. 
However,  rocking  scans  about  the  SiC  (0002)  peak  (Fig.2b)  showed  that  the  substrates  are  not 
single  crystals,  and  typically  contain  a  spread  in  orientation  of  about  4  degrees.  Figure  2b  shows 
a  rocking  curve  about  the  6H-SiC  (0002)  peak  of  another  piece  from  the  same  wafer  illustrating 
a  miscut,  larger  than  the  specified  one,  as  well  as  the  wide  orientation  spread.  In  addition  to  the 
strong  crystalline  peaks  seen  in  the  rocking  scans  a  significant  fraction  of  the  SiC  (0002) 
intensity  is  diffuse.  Due  to  this  diffuse  “halo”  we  are  unable  to  conclusively  determine  whether 
we  have  observed  the  AIN  (0002)  peak.  However,  RHEED  data  indicates  textured  AIN  growth. 


Figure  2.  a)  A  symmetric  XRD  scan  on  the  film  grown  at  800"C  and  the  standard  AIN  (-1 100), 
(0002),  and  (-1 101)  peaks,  b)  Rocking  scan  about  the  6H-SiC  (0002)  peak. 


Figure  3  shows  photoreflectance  measurements  for  all  five  films  in  the  wavelength 
interval  between  180  and  800  nm.  All  reflectance  curves  are  characterized  with  one  large  peak 
in  the  interval  209-230  nm  depending  on  the  growth  temperature.  The  films  grown  at 
temperatures  lower  than  640^  indicate  a  peak  reflectivity  of  37-40%  in  the  range  209-216  nm 
with  a  decrease  in  reflectance  at  lower  wavelengths  probably  due  to  absorption  at  the  AIN 
bandgap.  In  high  quality  AIN,  absorption  should  occur  at  around  200  nm  which  corresponds  to 
an  energy  of  6.2  eV.  The  absorption  of  the  films  grown  at  lower  temperatures  is  shifted  to  lower 
wavelengths  due  to  a  strained  growth.  At  growth  temperatures  of  640''C  and  higher,  the  shift  in 
absorption  is  observed  towards  200  nm  which,  to  our  understanding,  is  due  to  a  change  in  the 
growth  mode  which  causes  strain  relaxation  in  the  film.  This  conclusion  is  in  agreement  with 
the  surface  analysis  data  discussed  above. 
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Figure  3.  Photoreflectance  measurements  for  all  AIN  films. 

Capacitance-voltage  (C-V)  and  current-voltage  (I-V)  measurements  were  performed  at 
room  temperature  and  300°C  on  the  film  grown  at  SOO^C.  Due  to  the  shorting  of  the  contacts  on 
all  of  the  other  samples,  C-V  and  I-V  measurements  could  only  be  performed  on  the  film  grown 
at  SOO^C.  We  believe  that  the  contact  shorting  in  the  other  samples  is  caused  by  small 
crystallites  on  the  substrate  surface  which  were  visible  under  optical  microscope.  This  is  an 
example  of  the  critical  impact  of  the  substrate  surface  quality  on  the  performance  of  device 
structures.  C-V  measurements  are  shown  in  Figure  4a.  A  small  hysteresis  loop  was  observed 
both  at  room  temperature  and  BOO^C,  which  is  an  indication  of  the  presence  of  trapping  centers. 
Another  feature  of  the  C-V  curve  is  the  presence  of  a  shoulder  at  room  temperature  and  SOO^C. 
However,  at  SOO^C  this  shoulder  is  shifted  toward  lower  voltages.  Figure  4a  also  shows  that  the 
C-V  curve  measured  at  SOO^C  is  shifted  in  the  negative  bias  direction  compared  to  the  curve 
obtained  at  room  temperature.  This  observation  is  similar  to  that  reported  by  Tin  et  al.  [4]. 
They  attribute  this  shift  to  the  activation  of  fixed  positively  charged  states  in  the  AIN  layer  at  the 
film/substrate  interface  at  elevated  temperatures.  The  I-V  characteristics  at  room  temperature 
and  SOO^C  are  shown  in  Figure  4b.  The  sample  has  high  leakage  currents  at  both  temperatures. 
Although  the  leakage  current  at  SOO^C  is  slightly  higher  it  did  not  damage  the  sample.  The  I-V 
curves  were  repeatable  even  after  multiple  cycles  of  heating  to  SOO^C  and  cooling  back  to  room 
temperature.  The  high  leakage  current  as  well  as  the  hysteresis  loop  in  the  C-V  curves  may  be 
due  to  high  defect  density  in  the  film  grown  at  SOO^C.  RHEED,  AFM  and  optical  reflection 
measurements  confirm  that  the  defect  density  of  this  film  is  high.  In  addition,  the  SiC 
crystallites  protrude  through  the  film  to  within  a  very  close  distance  to  the  contacts.  Thus,  the 
distance  between  a  contact  and  the  SiC  substrate  at  the  points  of  protrusion  could  be  only  a  few 
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Figure  4.  a)  Capacitance- Voltage  and  b)  Current- Voltage  curves 
for  the  AIN  film  deposited  at  500"C. 

hundred  A  which  may  partly  account  for  the  high  leakage  current.  The  defect  density  in  the 
samples  grown  at  higher  temperatures  is  expected  to  be  smaller  and  we  would  expect  better  C-V 
and  I-V  characteristics. 

Conclusions 

A  systematic  study  of  the  effect  of  deposition  temperature  on  the  AIN  crystalline  quality 
was  performed.  Surface  analysis  including  RHEED  and  AFM  showed  that  around  640"C  the 
growth  mode  changes  from  pseudomorphic  to  three  dimensional.  Temperatures  higher  than 
640"C  tend  to  give  smoother  films.  Due  to  a  high  diffuse  intensity  of  the  SiC  (0002)  peak,  XRD 


scans  could  not  conclusively  determine  that  the  higher  intensity  at  20=36°  is  due  to  the  AIN 
(0002)  peak.  Photoreflectance  measurements  showed  an  absorption  shift  toward  200  nm  as  the 
deposition  temperature  of  the  films  increased.  Electrical  measurements  on  the  film  deposited  at 
500°C  showed  that  the  Pt/AIN  contacts  are  Schottky.  C-V  measurements  showed  a  small 
hysteresis  loop  both  at  room  temperature  and  300°C.  The  C-V  curve  at  300°C  was  shifted 
toward  lower  negative  voltages. 
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Abstract 


A  new  nitride  semiconductor,  single  crystalline  ZnGeN2  has  been  successfully  grown  by 
MOCVD  for  the  first  time.  The  epitaxial  ZnGeN2  is  found  to  be  of  hexagonal  wurtzite  lattice 
without  ordering  of  the  zinc  and  germanium  atoms  in  the  pseudomorphic  Group  IB  sublattice. 
Lattice  constants  of  the  ZnGeN2  are  a  =  3.186  ±  0.007  A,  c  =  5.174  ±  0.012  A,  which  gives  c/a  = 
1.624. 

Introduction 


After  three  decades  of  fundamental  research.  Group  Ill-nitrides  research  and 
development  activity  is  in  a  renaissance.  Bright  and  efficient  blue  and  green  LEDs  are  in  the 
marketplace,  InGaN/GaN/AlGaN  heterostructure  laser  diode  research  is  progressing  at  a  rapid 
pace.  Many  other  optoelectronic  and  high  temperature  electronic  devices  are  being 
contemplated!  1].  These  achievements  are  attributed  mainly  to  the  breakthroughs  in  the  course  of 
GaN  research,  such  as  first  synthesis  of  GaN[2],  HVPE  growth  of  single  crystalline  GaN[3],  first 
demonstration  of  GaN  LED,  invention  of  buffer  layer  technology,  success  in  p-type  conversion, 
as  well  as  epitaxial  lateral  over  growth. 

Compared  to  the  conventional  III-V  semiconductors.  Group  Ill-nitrides  system  has  some 
inherent  limitations.  In  Group  Ill-arsenides  and  phosphides,  there  are  choices  to  construct  lattice 
matched  dissimilar  band  gap  heterostructures  to  design  various  optoelectronic  and  electronic 
devices  with  excellent  crystal  quality.  However,  lattice  mismatch  between  GaN  and  AIN,  GaN 
and  InN  is  as  large  as  2.4%  and  11.3%,  respectively.  The  large  mismatch  forces  the  use  of  low 
A1  composition  AlGaN,  which  causes  carrier  overflow  in  GaN/AlGaN  heterojunctions. 
Increasing  A1  composition  results  in  cracking  of  the  AlGaN  layer  beside  the  increased  resistivity. 
The  situation  in  InGaN  seems  even  more  serious.  The  huge  atomic  size  differences  are  the  cause 
of  instability  in  the  alloy  and  results  in  phase  separation.  This  fact  limits  utility  of  InGaN  for  use 
in  photonic  devices  with  longer  wavelengths  beyond  green  as  well  as  other  devices  requiring 
high  In  composition  or  thick  InGaN  layers.  Another  limiting  factor  in  GaN/ AlGaN  system  is  the 
low  p-type  conductivity.  Resistivity  of  p-GaN  is  around  0.2  ^2-cm,  and  it  is  higher  for  p- AlGaN. 
This  is  a  heating  source  as  well  as  origin  of  parasitic  RC  time  constant  in  high  power  laser  diodes 
and  HBTs. 

To  explore  the  potential  of  wide  band  gap  semiconductors  with  a  broad  horizon,  we 
noticed  a  set  of  nitride  semiconductors  which  can  be  expressed  as  II-IV-N2  compound  system. 
Early  in 1957  Goodman  pointed  out  that  by  ordered  substitution  of  Group  II  and  Group  IV  atoms 
for  the  Group  III  atoms  in  the  III-V  compounds  a  new  ordered  semiconducting  II-IV-V2 
compounds  could  be  prepared[4].  Crystallographically,  this  set  of  compounds  evolves  from  the 
tetrahedral  diamond  structure  with  the  Group  V  atom  surrounded  by  two  Group  11  and  two 
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Group  IV  atoms  and  the  Group  II  or  IV  atom  surrounded  by  four  Group  V  atoms  tetrahcdrally. 
This  coordination  obeys  the  four  electrons  per  site  rule,  and  the  atomic  bonding  in  the  crystal  is 
of  covalent  nature.  The  transfer  from  III-V  to  II-IV-V2  compounds  brings  about  new  properties 
of  the  materials  such  as  band  gap,  electronic  band  structure,  and  non-linear  optical  properties 
caused  by  the  drop  in  symmetry  due  to  superlattice  formation.  Chalcopyrite  II-IV-As^  and  II-IV- 
P2  compounds  are  relatively  extensively  inve.stigatcd  in  search  of  superior  thermoelectric  and 
non-linear  optic  materials[5].  An  outstanding  achievement  in  chalcopyrite  research  is  the 
nonlinear  optical  applications  of  ZnGcP2  and  CdGcAs2[5|.  There  is  little  work  on  II-IV-Ni,  even 
including  powder  synthesis,  perhaps  due  to  the  need  for  high  temperature  and  prcssureI6,7].  The 
goal  of  our  research  is  an  exploration  of  single  cry.stallinc  II-IV-N2  materials  in  conjunction  with 
Group  Ill-nitrides  and  SiC  research. 

Experiment 

The  initial  growth  experimentation  was  carried  out  by  microwave  plasma  enhanced 
activated  nitrogen  MOCVD.  However,  most  of  the  materials  reported  here  have  been  grown  by 
ammonia  .source  MOCVD.  The  growth  reactor  is  a  water  cooled  stainless  steel  vertical  chamber, 
in  which  the  wafer  can  be  rotated  to  ensure  film  thickness  uniformity.  The  precursors  used  as 
zinc  and  germanium  sources  are  diethylzinc  and  germane.  Activated  nitrogen  was  supplied  from 
ammonia.  Ammonia  flow  rate  was  kept  at  180  mmole/minute,  and  total  flow  rate  of  diethylzinc 
and  germane  was  varied  around  30  mmole/minute.  Corresponding  [NH3j/(fDEZ]  -1-  [GeH4])  ratio 
is  5000.  Crystalline  deposition  could  be  obtained  with  the  growth  temperature  from  550"C  to 
700"C.  During  the  growth  the  chamber  was  kept  at  a  pressure  in  a  range  of  40-500  Torr.  The 
substrate  used  to  grow  ZnGeN2  was  c-  and  r-plane  sapphire,  and  ZnGeN2  was  grown  via  an 
intermediate  GaN  .seed  layer. 

Surface  morphology  of  the  epitaxial  films  were  examined  by  photomicroscopy,  scanning 
electron  microscopy  and  atomic  force  microscopy.  Cry.stallinity  of  the  ZnGeN2  layers  was 
inve.stigatcd  by  x-ray  diffraction  0-20  scans,  double  crystal  x-ray  rocking  curve  analysis  and 
reflection  high  energy  electron  diffraction  images. 

Results 


The  epitaxial  ZnGeN2  layer  is  smooth,  shiny,  and  the  color  looks  yellowish  by  visual 
examination.  A  .scanning  electron  micro.scope  picture  of  the  surface  shows,  sometimes,  shiny 
particulates,  the  size  and  amount  of  which  is  dependent  on  the  DEZ  to  GeH4  molar  ratio, 
sugge.sting  that  it  is  accumulation  of  extra  zinc.  Atomic  force  microscopy  was  utilized  to 
examine  the  surface  microscopic  structure  and  roughness.  Inclined  height  images  of  ZnGeN2 
layers  grown  on  c-  and  r-plane  sapphire  substrates  are  .shown  in  Figs,  la  and  lb,  respectively.  A 
common  feature  in  the  two  microscopic  pictures  is  a  spike  shaped  morphology,  which 
demonstrates  that  the  growth  is  columnar  from  discontinuous  seed  islands,  similar  to  the  grain  or 
domain  structure  of  GaN  on  Sapphire.  However,  there  is  a  distinct  difference  in  the  two  surfaces. 
The  crystal  domains  of  ZnGeN2  layer  on  r-plane  sapphire  is  more  fine  and  uniform  in  size  and 
height  with  RMS  value  of  10.4  nm,  while  ZnGeN2  film  on  c-plane  sapphire  is  composed  of 
larger  and  flatter  domains  with  RMS  value  of  17.1  nm,  even  though  there  are  some  tall  and 
rounded  columns.  The.se  features  can  also  be  confirmed  from  phase  images  of  the  two  surfaces 
shown  in  Figs.2a  and  2b.  An  interesting  feature  in  Fig.  2b  compared  to  Fig.2a  is  domain 
orientation  in  plane.  This  feature  is  consistent  with  the  conclusion  about  epitaxial 
crystallographic  relationship  derived  from  x-ray  diffraction  analysis  given  below. 
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Fig.l,  AFM  height 
images  of  ZnGeN2 
surfaces  grown  on  c- 
sapphire(la)  and  r- 
sapphire(lb). 


Fig.  2.  AFM  phase 
images  of  ZnGeN2 
surfaces  grown  on  c- 
sapphire(2a)  and  r- 
sapphire(2b). 


Chemical  composition  ratios  were  determined  by  energy  dispersive  spectroscopy  (EDS) 
measurement.  Nitrogen  K-line,  zinc  L-line  and  germanium  L-line  were  used  for  the 
measurement.  GaN  and  bulk  ZnGeP2  were  used  for  calibration  of  the  equipment.  Zinc  to 
germanium  ratio  in  the  solid  can  be  controlled  in  0.97-1.00  range  by  monitoring  [DEZ]  to 
[GeH4]  ratio  in  the  gas  phase  at  a  given  growth  temperature.  It  is  found  that  there  is  a  self 
stoichiometric  mechanism  in  a  limited  range  of  growth  parameters.  Detailed  results  in  this  aspect 
will  be  published  elsewhere. 
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Fig.  3.  X-ray  diffraction  0-29  spectrum  of  Fig.  4.  X-ray  diffraction  0-20  spectrum  of 
ZnGeN2  grown  on  c-sapphire  substrate.  ZnGeN2  grown  on  r-sapphire  substrate. 


Crystallinity  of  the  ZnGeNz  epitaxial  layers  were  characterized  using  x-ray  9-20  scan 
measurement.  A  typical  x-ray  diffraction  spectrum  of  a  ZnGeNi  layer  grown  on  c-plane  sapphire 
substrate  is  shown  in  Fig.  3.  The  strong  peak  at  20=34.65”  and  second  peak  at  20=73.10"  are 
from  the  epitaxial  layer.  Another  typical  0-20  scan  on  a  ZnGeN2  layer  grown  on  r-plane 
sapphire  is  shown  in  Fig.  4.  The  only  prominent  diffraction  peak  coming  from  the  epitaxial  layer 
is  at  29=57.80".  Because  these  diffraction  spectra  are  almost  indistinguishable  from  that  of 
corresponding  GaN  on  c-  or  r-plane  sapphire,  a  further  scrutinizing  is  needed  to  identify  the 
crystallinity  of  the  ZnGeN2  layers.  In  this  regard,  two  kinds  of  experiment  have  been  carried  out: 
one  is  growth  of  the  same  GaN  intermediate  layers  as  the  actual  ones  and  comparing  the  x-ray 
diffraction  intensities;  the  other  is  reflection  high  energy  electron  diffraction  study  with  very  low 
incident  angle  to  characterize  the  surface  epitaxial  layer.  With  a  fixed  diffractometer  settings,  the 
x-ray  diffraction  intensity  counts  of  the  intermediate  GaN  layers  on  c-  and  r-plane  sapphires  are 
10000  for  the  (0002)  diffraction  and  300  for  the  (11-20)  diffraction,  respectively,  while  the 
corresponding  counts  from  the  ZnGeN2  layers,  chemical  compositions  of  which  have  been 
confirmed  by  EDS  in  the  range  of  measurement  error,  are  1 80,000  for  the  20=34.65"  diffraction 
(Fig.4)  and  16,000  for  the  20=57.80"  diffraction  (Fig. 5),  respectively.  These  experiments  prove 
that  the  ZnGeN2  layers  are  single  crystals  and  the  crystal  structure  is  the  same  as  GaN,  wurtzite 
structure,  and  lattice  constants  of  the  two  materials  are  almost  indistinguishable.  The  other 
experiment  to  verify  single  crystalline  nature  of  the  ZnGeN2  layers  is  reflection  high  energy 
electron  diffraction  (RHEED)  study  using  JEOL  100-CX.  The  electron  beam  impingement  angle 
was  1",  and  the  beam  energies  used  were  20  and  100  keV.  A  RHEED  pattern,  taken  with  100 
keV,  of  a  ZnGeN2  sample  grown  on  c-plane  sapphire  is  shown  in  Fig.  5.  The  bight  spot  pattern  is 
due  to  ZnGeN2,  while  the  dim  fine  points  come  from  the  sapphire  sub.strate.  The  beam  angle  was 
essentially  orthogonal  to  the  c-axis  of  the  film,  leading  to  a  (10-10)  RHEED  pattern,  which  is 
rectangular.  This  pattern  assures  that  the  ZnGeN2  layer  is  an  excellent  single  crystal  with 
wurtzite  lattice. 


Fig.  5.  RHEED  pattern  of  ZnGeN2 
grown  on  c-sapphire  substrate. 


Improper  seed  layer  preparation  results  in  a  polycrystalline  ZnGeN2  layer,  which  results 
in  extra  diffraction  peaks.  Our  x-ray  diffraction  data  obtained  from  single  and  polycrystalline 
epitaxial  layers  are  compared  in  table  I  with  that  of  Maunaye  and  Lang  [6],  who  synthesized 
polycrystalline  ZnGeN2  powder  inl970.  From  x-ray  diffraction  studies  of  the  powder  material 
they  claimed  that  zinc  and  germanium  atoms  are  ordered  in  the  otherwise  hexagonal  sublattice, 
resulting  in  a  monoclinic  lattice  structure  with  the  deformed  angle  1 18.88".  The  data  in  table  I 
clearly  indicate  that  the  split  diffraction  peaks  due  to  the  ordering  in  the  powder  crystal  are 
degenerated  in  our  epitaxial  crystals.  The  diffraction  line  angles  of  the  epitaxial  ZnGeN2  are 


between  the  corresponding  split  lines  of  the  powder.  These  data  lead  to  a  conclusion  that  in  the 
epitaxial  ZnGeN2  single  crystal,  zinc  and  germanium  atoms  are  disordered,  resulting  in  a 
hexagonal  wurtzite  lattice. 


Table  I  Comparison  of  x-ray  diffraction  data  of  synthesized  powder  and  epitaxial  ZnGeNi 
crystals 


j  Synthesized  powder  ZnGeN2 

Epitaxial  film  ZnGeNi  ! 

monoclinic  index 

20 

20 

hexagonal  index 

0  0  1 

32.28 

32.40 

1  0-1  0 

-1  0  1 

32.84 

0  2  0 

34.54 

34.65 

0  0  0  2 

0  1  1 

36.74 

36.77 

1  0-1  1 

-1  1  1 

37.23 

1  0  1 

57.22 

59.91 

11-20 

-10  2 

58.24 

This  phenomenon  can  be  understood  from  the  crystallographic  relationship  in  the  epitaxy. 
In  the  growth  of  ZnGeN2  on  c-plane  sapphire  substrate,  the  relationship  is  ZnGeN2{0001 }// 
sapphire { 0001 },  ZnGeN2{ll-20)//sapphire{  10-10).  This  is  a  configuration  putting  Zn-N  or  Ge- 
N  molecular  unit  on  lattice  points  and  centers  of  the  triangles  in  the  close  packed  sapphire  c- 
plane.  There  is  a  rotation  symmetry  around  the  perpendicular  c-axis  in  this  configuration  and  the 
freedom  for  zinc  and  germanium  atomic  ordering  has  been  lost.  For  ZnGeN2  layer  grown  on  r- 
plane  sapphire,  the  epitaxial  relationship  is  ZnGeN2{ll-20}//sapphire{  1-102).  The  c-axis  of  the 
ZnGeN2  is  located  in  the  plane  of  the  rectangular  sapphire  surface  lattice  which  brings  about  a 
mirror  symmetry  for  the  Zn  and  Ge  atomic  arrangement.  This  results  in  a  loss  of  freedom  for  the 
ordering,  which  exists  in  the  freely  nucleating  high  temperature  powder  synthesis. 

Lattice  constants  of  the  epitaxial  ZnGeN2  crystal,  determined  from  the  x-ray  diffraction 
data,  are  a  =  3.186  ±  0.007  A,  c  =  5.174  ±  0,012  A,  which  gives  c/a  =  1.624,  The  error  mainly 
comes  from  the  strain  and  defects  existing  in  the  ZnGeN2  layers  with  different  thickness  and 
composition  deviation. 

This  crystal  structurally  matches  to  GaN  nearly  perfectly.  Lattice  mismatch  for  c-plane 
growth  is  0.09%  on  GaN,  15,98%  on  sapphire.  For  r-plane  sapphire,  three  rectangular  ZnGeN2 
two  dimensional  lattices  can  be  accommodated  on  the  rectangular  surface  lattice  of  the  sapphire. 
If  the  c-axes  are  in  the  same  direction  as  with  epitaxial  relationship  ZnGeN2{l-100)//sapp.{ll- 
20),  lattice  mismatches  are  0,89%  in  ZnGeN2  c-direction  and  15.98%  in  other  direction.  If 
ZnGeN2  c-axis  is  rotated  90”  as  with  the  relationship  ZnGeN2{ll-20)//sapp.{  11-20), 
corresponding  mismatches  are  7.6%  and  8.7%,  respectively.  Both  arrangements  are  favorable 
compared  to  the  growth  on  c-sapphire,  and  the  90”  rotation  arrangement  has  about  half  strain 
energy  compared  to  the  other  one. 

Crystal  quality  of  the  ZnGeN2  was  manifested  by  x-ray  rocking  curve  FWHM  of  24  arc 
minutes  for  1  mm  thick  ZnGeN2,  as  shown  in  Fig.  6, 
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Fig.  6.  X-ray  double  crystal  diffraction 
rocking  curve  of  a  ZnGeN2  epi-layer. 


Conclusions 


Single  crystalline  ZnGeN2  has  been  successfully  grown  on  sapphire  and  GaN/sapphire 
substrates  by  low  pressure  MOCVD  for  the  first  time.  Precursors  are  DEZ,  GeH4  and  ammonia. 
Appropriate  growth  temperature  was  in  the  range  of  550-700”C.  Chemical  composition  of  the 
compound  was  monitored  by  EDS  and  adjusted  to  stoichiometric  by  varying  [DEZ]/[GeH4], 
[NH3]/{[DEZ]+[GeH4])  ratios  in  the  gas  phase.  It  is  found  that  there  is  a  self  stoichiometric 
growth  mechanism  in  a  limited  range  of  conditions.  Single  crystalline  nature  of  the  epitaxial 
ZnGeN2  was  verified  by  x-ray  diffraction  and  RHEED.  X-ray  double  crystal  rocking  curve 
FWHM  was  24  arc  minutes  for  a  1  mm  thick  ZnGeN2  layer.  Zn  and  Ge  atoms  are  disordered  in 
the  epitaxial  crystal,  resulting  in  hexagonal  wurtzite  structure.  Lattice  constants  of  the  ZnGeN2 
are  a  =  3. 1 86  ±  0.007  A,  c  =  5. 1 74  ±  0.01 2  A,  with  c/a  =  1 .624. 
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We  have  investigated  the  growth  conditions  of  cubic  GaN  (p-GaN)  layers  on  very  thin  SiC-covered  Si(OOl) 
by  using  gas-source  molecular  beam  epitaxy  as  functions  of  SiC  layer  thickness,  Ga-cell  temperature  and  substrate 
temperature.  Under  the  present  SiC  formation  conditions  on  Si  substrates  by  carbonization  using  C2H2  gas,  the  SiC 
layers  with  the  thickness  between  2.5  and  4  nm  result  in  the  epitaxial  growth  of  P-GaN  on  thus  SiC-formed  Si 
substrates.  At  the  highest  GaN  growth  rate  of  1 10  nm/h  (  a  Ga-cell  temperature  of  950  °C),  P-GaN  layers  grown  at  a 
substrate  temperature  of  700  “C  show  a  nearly  flat  surface  morphology  and  the  fraction  of  included  hexagonal  GaN 
becomes  negligible  when  compared  to  the  results  of  p-GaN  layers  grown  under  other  conditions  of  Ga-cell  and 
substrate  temperatures.  Thus  obtained  P-GaN  films  have  good  performance  in  photoluminescence  intensity 
although  the  FWHM  of  band-edge  recombination  peak  is  still  wider  (137  meV)  than  the  reported  values  for  the  p- 
GaN  on  3C-SiC  and  GaAs. 

INTRODUCTION 

The  combination  of  optoelectronic  Ill-nitrides  and  highly  advanced  Si  technology  has  the  potential  to  be  a 
key  technology  for  fabricating  optoelectronic  integrated  circuits.  The  luminescence  in  the  blue  and  ultraviolet 
regions  of  GaN  has  attracted  a  lot  of  interest  from  many  scientists  and  engineers.  It  has  been  reported  that  cubic 
GaN  (P-GaN)  epitaxial  films  can  be  grown  on  GaAs(OOl)  and  3C-SiC(001)  substrates  by  chemical  vapor  deposition 
(CVD)  [1]  or  gas-source  molecular  beam  epitaxy  (MBE)  [2,  3].  The  successful  growth  of  P-GaN  on  Si,  however, 
has  been  reported  only  by  a  group  from  Boston  University  [4].  In  a  previous  paper  we  reported  that  thin  cubic 
SiC(P-SiC)  formation  on  Si(OOl)  substrates  is  effective  for  the  epitaxial  growth  of  p-GaN  on  Si(OOl)  [5].  We 
confirmed  that  thin  SiC  layers  not  only  play  the  role  as  a  buffer  layer  to  reduce  the  large  lattice  mismatch  between 
Si  and  P-GaN  but  also  as  a  mask  to  protect  the  Si  substrates  against  the  irradiation  of  the  active  nitrogen,  e.g.,  the 
nitrogen  radicals  and  atomic  nitrogen  those  were  supplied  during  GaN  growth. 

The  SiC  formation  by  using  a  carbonization  technique  on  Si  substrates  has  been  studied  as  an  initial  process 
of  heteroepitaxy  of  SiC  on  Si  [6].  Carbonization  using  hydrocarbons  is  a  very  easy  way  to  obtain  SiC  layers  on  Si 
substrates;  in  the  conventional  CVD  the  carbonization  was  performed  by  using  CaH^  [7]  as  a  source  gas  and  at  very 
high  processing  temperatures  between  1000  and  1300  °C.  On  the  other  hand,  it  was  reported  that  SiC  was  obtained 
at  lower  temperatures  (750  -  1000  °C)  using  acetylene  (C2H2)  [8],  although  pit  formation  in  Si  substrates  was  also 
observed.  However  low  temperature  carbonization  is  desired  not  only  for  avoiding  the  high-density  pit  formation  as 
much  as  possible  but  also  for  device  fabrication.  In  this  paper  we  report  the  optimum  SiC  formation  and  p-GaN 
growth  conditions,  such  as  V/III  ratios  and  substrate  temperatures  by  RF-activated  MBE.  We  also  discuss  the  quality 
of  p-GaN  layers. 

EXPERIMENT 

Hydrogen-terminated  Si(OOl)  substrates  were  placed  into  a  preparation  chamber  (  having  a  base  pressure  of 
about  5  X  10'*  Torr)  which  was  connected  to  an  MBE  growth  chamber  (base  pressure  of  about  5  x  10  "  Torr).  The 
Si  substrates  were  heated  up  to  850  to  950  °C  for  1  to  10  min  under  a  CjHj  pressure  of  5  x  10  ’  to  5  x  10'^  Torr  in 
order  to  form  SiC  layers.  The  SiC-formed  Si(OOl)  substrates  were  then  cooled  down  to  room  temperature  and 
immediately  transferred  to  the  MBE  growth  chamber  .  They  were  then  annealed  at  1000  °C  for  1  min  and  cooled 
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down  to  a  growth  temperature  of  600  to  900  °C.  GaN  films  were  grown  using  RF-MBE  under  the  following  growth 
conditions:  the  nitrogen  gas  flow  rate  was  set  at  2  seem  and  the  RF-pow’cr  was  set  at  300  W.  Gallium  molecular 
beam  was  supplied  to  the  substrate  by  using  a  Knudsen-ccll  operating  at  850  to  1000  "C. 

The  surface  morphology  and  the  quality  of  GaN  films  were  characterized  by  using  in-situ  reflection  high 
energy  electron  diffraction  (RHEED)  and  cross-sectional  transmission  electron  microscopy  (XTEM)  as  well  as  x-ray 
diffraction  (XRD)  measurements.  Photoluminesccnce  (PL)  measurements  were  also  carried  out  using  a  325  nm 
beam  from  a  He-Cd  laser. 

THIN  SiC  LAYER  FORMATION 

Figure  1  shows  high-resolution  XTEM  (HRXTEM)  micrographs  of  the  substrates  carbonized  at  950  °C  for 
10  min  under  various  C2H2  pressures.  For  a  C.H,  pressure  of  5  x  10^  Torr  small  SiC  islands  were  formed  on  the  Si. 
A  RHEED  pattern  of  the  as-grown  SiC  layer  showed  three-dimensional  diffused  spots,  as  seen  in  the  inset  of  Fig. 
1(a).  For  a  C2H2  pressure  of  5  x  10'^’  Torr  the  surface  morphology  of  the  SiC  became  flat  (Fig.  1(b)).  and  a  streaky 
RHEED  pattern  was  observed.  The  film  thickness  of  the  SiC  was  approximately  4  nm.  With  a  higher  C2H2  pressure 
of  5  X  10'^  Torr  an  approximately  5-nm-thick  SiC  layer  was  formed.  The  clear  spotty  pattern  shown  in  the  inset  of 
the  Fig.  1(c)  indicates  that  the  surface  flatness  of  the  SiC  was  more  degraded  than  that  of  the  SiC  grown  at  a  pressure 
of  5  X  lO  *^  Torr.  As  shown  in  Fig.  1(b),  the  spacing  between  two  {ill}  planes  of  the  SiC  layer  was  approximately 
0.25  nm  by  referring  to  the  spacing  of  0.31  nm  between  { 1 1 1  }Si  and  was  almost  the  same  as  that  of  bulk  |3-SiC. 
This  indicates  that  the  misfit  between  SiC  and  Si  was  almost  completely  relaxed  by  the  generation  of  misfit 
dislocations  in  the  SiC  layer. 

Figure  2  shows  HRXTEM  micrographs  of  Si  substrates  carbonized  at  950  °C  under  a  C2H2  pressure  of  5  x 
10'^  Torr  for  (a)  1  min  and  (b)  3  min.  As  seen  in  Fig. 

2(a),  a  1-nm-tbick  SiC  layer  was  formed.  The  RHEED 
pattern  of  the  SiC  was  more  diffused  than  that  of  the 
thicker  SiC  layers.  After  carbonization  for  3  min  the 
thickness  of  the  SiC  layer  was  approximately  3  nm  and 
the  surface  morphology  was  two-dimensional  (Fig. 

2(b)).  Further  growth  of  the  SiC  layer  was  saturated  at 
4  nm  with  the  carbonization  time  up  to  10  min  as 
shown  in  Fig.  1(b).  This  thickness  saturation  of  the 
SiC  layer  is  known  to  be  due  to  the  .suppression  of  the 
out-diffusion  of  Si  atoms  from  the  substrates  during 
the  SiC  formation  [9].  The  GaN  films  grown  on  the 
substrates  of  Figs.  1(b),  1(c)  and  2(b)  became  single- 
crystal  cubic  GaN  films,  while  the  films  grown  on  the 
substrates  shown  in  Figs.  1(a)  and  2(a)  became 
polycrystal  structures  having  mixed  phases  of  cubic 
and  hexagonal  GaN.  Therefore,  in  order  to  avoid  the 
degradation  of  the  Si  substrate  as  much  as  possible 
during  the  SiC  formation,  we  employed  the  SiC 
formation  conditions  by  short  time  heating  for  3  min 
under  a  medium  C2H2  pressure  of  5  x  10  *'  Torr. 


Figure  1.  HRXTEM  micrographs  of  the  substrates 
carbonized  at  950  °C  for  10  min  under  various  C2H2 
pressures  of  (a)  5  x  \0  \  (b)  5  x  10^  and  (c)  5  x  10  ' 
Torr. 


Figure  2.  HRXTEM 
micrographs  of  Si  substrates 
carbonized  at  950  °C  under  a 
fixed  C2H2  pressure  of  5  x  10  ^ 
Torr  after  annealing  for  (a)  1 
and  (b)  3  min. 


GENERAL  FEATURE  OF  GaN  GROWTH 


Figure  3  shows  the  GaN  film  growth  rate  as  a  function  of  Ga-cell  temperatures  (Tcg)  and  substrate 
temperatures  (Tjub).  In  the  case  of  a  constant  T^ub  the  growth  rate  increased  exponentially  with  the  increase  of  Tca 
until  it  reached  a  saturation  value  of  1 10  nm/h  at  a  Tca  of  950 

°C.  This  tendency  was  observed  for  all  the  Ts^,,,  cases  from  - 

600  to  800  °C.  The  growth  rate  at  a  Tq^  of  1000  °C  was  □ 

almost  the  same  as  that  at  950  °C.  This  shows  that  the  film  _  A 

growth  at  a  Tq;,  below  950  °C  was  dominated  by  the  amount  ■  p/i 

of  Ga-flux  (Ga-limited  growth)  and  that  the  film  growth  at  a  /J 

Tca  higher  than  950  °C  was  dominated  by  the  amount  of  N-  ^  /  P 

flux  (N-limited  growth).  Furthermore,  in  the  case  of  a  ^  /  L 

constant  Tg^  below  930  °C  the  growth  rate  decreased  with  the  ®  ^  /  -p 

increase  of  Ts^b- This  indicates  that  there  was  some  loss  of  Ga  &  ■  /  / 

by  desorption  during  the  growth  with  increased  With  Tg„  £  c/  /  -0-6OOX 

of  950  and  Tj^b  of  800  °C  we  concluded  that  the  growth  g  ^  — □ — 700*  C 

conditions  of  GaN  were  close  to  the  stoichiometric  CU 


Figure  4  shows  RHEED  patterns  of  GaN  grown  with 

different  T^^b  and  T^^  for  [110]  incidence  of  electron  beams.  f|OVy(  rate:  2  SCCfTl 

All  the  patterns  show  that  the  GaN  films  basically  have  a  P-  pp  30OW 

GaN  structure,  except  for  that  grown  at  a  T^ub  of  900  °C.  For  _ , _ iJ _ 

a  Tca  of  870  °C  the  diffused  ring-like  pattern  indicates  that  85Q  9qq  95Q  pQQf 

the  grown  layer  consisted  of  grains  that  rotated  on  the  (001)  fia-cell  temneratur^  TD 

plane.  For  a  Tca  of  900  °C  the  ring-like  pattern  was  obtained  '  ' 

al  a  T..,  of  500  X.  With  the  increase  of  T,.,  the  pattern  3.  GaN  film  growth  rate  as  a  function  of  T„, 

became  sharper  but  showed  extra  weak  spots  due  to  the  twin 

formation  at  a  Tj^b  of  700  °C.  For  a  higher  Tq^  of  930  °C  spotty  patterns  from  P-GaN  were  observed  for  all  the  T^ub- 
However,  in  the  case  of  a  T^yb  of  600  and  800  °C,  extra  spots  were  included.  At  the  highest  T^a  of  950  °C,  spotty 
patterns  were  slightly  elongated  longitudinally  for  T^^b  of  700  and  800  °C,  which  showed  that  the  growing  surface 
was  rather  flat.  However,  the  spotty  patterns  at  900  °C  mainly  originated  from  a  hexagonal  structure  together  with 
clear  rings  due  to  the  polycrystal  formation. 


Ga-cell  tempeiature  (*C) 

Figure  3.  GaN  film  growth  rate  as  a  function  of  Tcg. 


Figure  6.  (right)  XTEM  micrographs  of  GaN  films 
grown  with  of  (a)  700,  (b)  800  and  (c)  900  '’C. 
Ga-cell  temperature  was  kept  at  950  °C. 


boundaries  were  formed.  At  a  of  900  °C,  the  quality  of 
the  GaN  film  became  considerably  worse,  which  coheres 
with  the  result  of  Fig.  4.  This  may  be  due  to  the 
enhancement  of  Ga  desorption  from  the  growing  surface. 

Long-time  growth  of  GaN  films  was  then  carried 
out  at  of  700  and  800  °C.  The  Tq^  was  fixed  at  950  °C. 

The  RHEED  pattern  of  the  1.1-pm-thick  film  grown  at  700 
°C  for  10  hours  showed  almost  the  same  pattern  as  that  after 
growth  for  1  hour.  On  the  other  hand,  the  RHEED  pattern 
of  the  sample  grown  at  800  °C  for  10  hours  showed  the 
appearance  of  many  extra  spots,  which  indicated  mixing  of 
a  hexagonal  phase.  From  these  results  we  concluded  that 
the  optimum  T^^  and  T^^  are  respectively  700  and  950  °C. 

An  XRD  spectrum  of  the  thick  GaN  had  only  one 
peak  at  26  =  40.06°  translating  to  the  lattice  spacing  of 
(002)GaN  as  2.25A,  which  indicates  that  the  grown  GaN 
film  was  a  single  phase  of  p-GaN.  The  full  width  at  half 
maximum  (FWHM)  of  the  (002)GaN  peak  was  27  min.  As 
listed  in  the  ref.  [lOJ,  the  reported  FWHMs  of  p-GaN  on 
GaAs  and  3C-SiC  was  distributed  in  the  range  between  16 
and  76  min. 

Figure  7  shows  an  8  K  PL  spectrum  of  a  1.1  pm- 
thick  P-GaN  film  grown  under  the  optimum  conditions;  T^a 
and  Tsub  were  at  950  and  700  °C,  respectively.  The  PL 
spectrum  was  dominated  by  a  near  band-edge  peak  at  381  nm  (3.25  eV).  The  FWHM  of  the  381  nm  peak  was 
approximately  5.9  nm  (130  meV).  The  FWHM  of  our  p-GaN  is  wider  than  those  obtained  by  Okumura  et  al.  for  P- 
GaN  on  a  3C-SiC  substrate  using  ECR-MBE  (  19  meV  at  4.2  K)  [10]  and  by  As  et  al.  for  p-GaN  on  a  GaAs 
substrate  using  RF-MBE  (  24  meV  at  2  K)  [1 1],  The  intensity  of  the  yellow  band  between  500  and  700  nm,  which  is 
typically  observed  for  hexagonal  GaN,  was  1000  times  lower  than  that  of  the  near  band-edge  peak  at  381  nm.  The 
donor-acceptor  (D-A)  recombination  peak,  reported  to  be  around  400  nm  for  MOCVD  [12]  and  gas-source  MBE 
using  hydrazine  [10]  and  ammonia  [13],  was  not  observed  in  our  P-GaN. 

CONCLUSIONS 

We  investigated  the  optimum  growth  conditions  for  obtaining  cubic  GaN  on  SiC-covered  Si(OOl)  by  using 
RF-MBE.  We  found  that  SiC  layers  between  2.5  and  4  nm  thick  became  flat  and  that  single-crystal  cubic  GaN  films 
could  be  grown  on  thus  formed  SiC  layers.  Under  optimized  growth  conditions  it  was  found,  by  XTEM  observations 
and  XRD  measurements,  that  GaN  has  a  flat  surface  and  the  amount  of  hexagonal  GaN  is  negligibly  small.  The  PL 
spectrum  was  dominated  by  a  near  band-edge  peak  at  381  nm  whose  FWHM  was  5.9  nm. 
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Figure  7.  8K  PL  spectrum  of  1.1  pm-thick 
GaN. 
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ABSTRACT 

The  operating  regimes  of  two  rf-plasma  sources,  an  Oxford  CARS-25  and  an  EPI 
Unibulb,  have  been  extensively  characterized.  By  changing  the  exit  aperture  configuration  and 
using  an  electrostatic  deflector,  the  Oxford  source  could  produce  either  primarily  atomic 
nitrogen,  atomic  nitrogen  mixed  with  low  energy  ions,  or  a  large  flux  of  higher  energy  ions  (>65 
eV)  as  the  active  species  in  a  background  of  neutral  molecular  nitrogen.  The  EPI  source 
produced  a  significant  flux  of  metastable  molecular  nitrogen  as  the  active  species  with  a  smaller 
atomic  nitrogen  component.  Nitridation  of  sapphire  using  each  source  under  the  various 
operating  conditions  indicate  that  the  reactivity  was  different  for  each  type  of  active  nitrogen. 
Boron  contamination  originating  from  the  pyrolytic  boron  nitride  plasma  cell  liner  was  observed. 

INTRODUCTION 

GaN  has  been  grown  by  many  techniques,  each  with  its  own  form  of  active  nitrogen 
species.  Molecular  beam  epitaxy  (MBE),  using  either  electron  cyclotron  radiation  (ECR)  or 
radio  frequency  (rf)  plasma  sources,  represents  a  particularly  complex  case  since  these  sources 
produce  ions  of  various  energies,  atoms,  and  potentially,  nitrogen  molecules  in  a  metastable 
state.  The  reactivity  of  the  individual  species  may  play  a  crucial  role  in  growth  kinetics, 
particularly  in  the  formation  of  point  defects.  One  measure  of  the  reactivity  of  a  given  species  is 
indicated  by  its  efficiency  at  the  nitridation  of  sapphire,  a  common  step  in  the  nucleation  process 
of  GaN.  The  different  reactivity  of  the  various  species  is  evident  from  the  wide  range  of 
nitridation  times  observed  [1,2, 3, 4].  We  report  the  results  of  a  study  determining  the  active 
species  from  two  rf-plasma  sources  under  different  operating  conditions,  and  assess  the  relative 
reactivity  of  the  various  nitrogen  species  based  on  nitridation  rates  for  sapphire. 

RF-PLASMA  SOURCE  CHARACTERIZATION 

Two  rf-plasma  sources  were  used  to  produce  various  species  of  nitrogen  for  the 
nitridation  of  sapphire.  These  sources  were  an  Oxford  Applied  Research  (Oxfordshire,  England) 
CARS-25  source  and  an  EPI  Vacuum  Products  (St.  Paul,  MN)  Unibulb  source.  The  Oxford 
source  featured  a  removable  pyrolytic  boron  nitride  (PBN)  aperture  plate  allowing  use  of 
different  hole  configurations.  We  investigated  plates  with  1,  9,  37,  and  255  holes.  As  the  number 
of  holes  increased,  the  size  of  the  holes  was  decreased  proportionately  in  order  to  maintain  the 
overall  conductance  of  the  plate.  The  EPI  source  contained  the  standard  Unibulb  configuration 
with  a  400-hole  aperture  resulting  in  an  approximately  50%  inerease  in  conductance. 

The  sources  were  mounted  in  a  UHV  chamber  in  direct  line  of  sight  to  an  Extrel 
quadrupole  mass  spectrometer  for  characterization.  The  mass  spectrometer’s  repeller  grid  was 
biased  separately  to  allow  a  determination  of  ion  energies  in  the  flux.  Additionally,  a  stainless 
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steel  electrostatic  deflector  plate  was  positioned  below  the  nitrogen  source  that  could  be  biased  to 
deflect  ions  out  of  the  flux.  The  sources  were  operated  under  conditions  producing  a  maximum 
growth  rate  for  GaN  in  previous  MBE  growth  experiments.  Characterization  results  are 
summarized  in  Table  I. 

The  Oxford  source  with  the  single-hole  aperture  produced  a  significant  flux  of  high- 
energy  ions,  both  molecular  and  atomic,  similar  to  an  ECR  source  [5].  The  large,  high-energy 
ion  flux  precluded  accurate  measurement  of  a  neutral  atomic  nitrogen  concentration.  Reducing 
the  aperture  hole  size  also  reduced  the  ion  content  in  the  flux  as  well  as  the  total  ion  energy, 
probably  due  to  wall  interactions,  as  indicated  in  Table  1.  In  essentially  all  the  cases,  the 
concentration  of  atomic  nitrogen  ions  was  two  to  three  times  that  of  molecular  ions.  The  atomic 
nitrogen  ions  were  also  typically  5  to  10  eV  more  energetic,  with  both  distributions  peaked  near 
the  maximum  energies.  The  maximum  ion  energy  range  listed  in  Table  I  is  representative  of  the 
difference  between  molecular  and  atomic  ionic  species.  U.se  of  the  9,  37,  or  255-hole  aperture 
led  to  a  varying  mixture  of  atomic  nitrogen  and  ions.  Similar  results  have  been  reported  for 
apertures  u.sed  on  an  ECR  source. [6]  Atomic  nitrogen  accounted  for  2-6%  of  the  total  nitrogen 
flux,  with  the  ion  content  reduced  to  less  than  0.1  %.  Another  source  parameter,  the 
incorporation  efficiency,  was  determined  by  measuring  the  nitrogen  actually  incorporated  in 
GaN  based  on  the  growth  rates  from  separate  MBE  growth  experiments  compared  to  the  total 
nitrogen  impinging  on  the  growing  layer.  Measured  growth  rates  were  the  right  magnitude  to  be 
due  to  the  atomic  nitrogen,  and  too  large  to  be  due  to  the  ions.  While  the  incorporation 
efficiency  scaled  well  with  atomic  nitrogen  concentrations,  it  is  clear  that  a  significant  fraction  of 
the  atomic  nitrogen  is  not  incorporated  into  the  growing  layer. 

Several  significant  differences  were  observed  for  the  EPI  source.  First,  the  total  ion 
content  was  significantly  reduced,  to  less  than  3  x  10  ■*'  percent  of  the  total  flux,  with  the 
remaining  ions  having  energies  less  that  3  eV.  Second,  the  incorporation  efficiency  was 
significantly  larger,  particularly  when  considering  the  measured  atomic  nitrogen  concentration. 
During  the  characterization  of  the  plasma  sources,  the  mass  spectrometer  ionizer  energy  was  set 
high  enough  to  ionize  both  molecular  and  atomic  nitrogen  (typically  >15  eV),  but  too  low  to 
crack  a  significant  portion  of  molecular  nitrogen  into  atomic  nitrogen  (>28  eV).  During  the  EPI 
source  characterization,  considerable  molecular  nitrogen  ions  were  produced  with  an  ionizer 


Table  I,  Results  of  rf-plasma  source  characterization. 


SOURCE 

APERTURE 

GaN 

Incorporation 

Efficiency 

(%)" 

Hole 

Diameter 

(mm) 

Number 
of  Holes 

Ion 

Content 

(%) 

Max.  Ion 
Energy 
(eV) 

Atom 

Efficiency 

i%r 

OXFORD 

CARS-25^ 

3.0 

1 

5 

1.0 

9 

0.1 

MliKM 

5-6 

0.48 

0.5 

37 

3-4 

0.32 

0.2 

0.03 

2-3 

0.23 

EPI  Unibulb" 

0.2 

400 

IRllhiil 

<3 

2-3 

7.2 

“  atomic  N  out/total  N  into  source  xl00%  incorporated  in  GaN/total  N  into  source 
times  100%  "  not  measurable  600W,  6  SCCM  600W,  2  SCCM 


energy  approximately  6  eV  lower  than 
normally  necessary  to  ionize  molecular 
nitrogen.  This  energy  difference 
corresponds  to  the  metastable 
state  of  the  nitrogen  molecule,  and 
indicates  this  source  produces  a 
significant  amount  of  nitrogen 
metastables.  The  presence  of  the 
metastables  complicated  the  source 
characterization  somewhat,  but  we  were 
able  to  determine  an  atomic  nitrogen 
efficiency  of  about  2-3%.  This  source 
has  proven  quite  effective  at 
incorporation  of  nitrogen  in  GaN,  with 
growth  rates  at  least  an  order  of 
magnitude  too  large  to  be  due  to  the 
atomic  nitrogen  based  on  comparison 
with  the  Oxford  source.  Since  the  ion 
content  is  negligible,  the  most  likely 
active  nitrogen  species  remaining  is  the 
molecular  nitrogen  metastable. 

NITRIDATION  OF  SAPPHIRE 

Nitridation  experiments  were  performed  in  the  same  chamber  as  the  rf-plasma  source 
characterization  using  a  heated  sample  stage.  Nitridation  at  low  temperature  was  chosen  to 
accentuate  differences  in  the  reactivity  of  the  various  species.  Nitridation  did  not  occur  at  room 
temperature  for  any  source  configuration,  but  proceeded  at  a  reasonable  rate  at  400°C,  which 
was  used  for  all  the  nitridation  experiments.  The  nitridation  chamber  was  connected  to  a 
separate  chamber  where  Auger  measurements  could  be  performed  using  a  Phi  545  Scanning 
AES  Microprobe  with  Model  1  lOA  Cylindrical  Electron  Optics.  Scans  were  performed  with  a  3 
keV  incident  electron  beam,  a  beam  current  of  2  |j,A  and  a  nominal  spot  size  of  3  jam. 

Figure  1  details  Auger  analysis  made  during  a  nitridation  run  using  the  Oxford  source 
with  the  single-hole  aperture.  The  analysis  uses  elemental  sensitivity  factors  [7],  and  is 
representative  of  the  number  of  atoms  of  each  species  present  within  the  Auger  sampling  depth. 
All  of  the  nitridations  performed  with  the  Oxford  source  gave  similar  results,  but  with  different 
time  scales  for  differing  conditions.  Yeadon  et  al  have  shown  [8]  that  AIN  and  AI2O3  are 
immiscible  and  nitridation  proceeds  by  the  formation  of  an  AIN  overlayer  on  the  AI2O3.  Atomic 
force  microscopy  of  a  sapphire  surface  nitrided  under  similar  conditions  to  that  of  the  sample  of 
Fig.  1  indicated  a  flat,  featureless  surface.  Thus  in  order  to  quantitatively  compare  the  nitridation 
rates,  we  used  a  standard  model  [9]  for  oxygen  signal  attenuation  by  an  AIN  overlayer 
normalized  by  the  total  Al  signal  to  estimate  AIN  thickness.  The  model  used  a  measured  oxygen 
sensitivity  factor  relative  to  aluminum  from  AI2O3  and  electron  inelastic  mean  free  paths  based 
on  the  model  by  Tanuma  et  al.  [10]  The  relative  shift  in  Al  signal  strength  between  AI2O3  and 
AIN  has  been  taken  into  account  in  the  model.  The  model  did  not  include  backscatter  correction 
factors,  and  so  the  calculated  thickness  values  should  be  treated  as  approximate. 
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Figure  1.  Auger  analysis  of  Al,  O,  N,  and  B 
during  nitridation  of  AI2O3  using  the  Oxford 
source  with  a  single  hole  aperture.  The  solid  lines 
are  guides  to  the  eyes. 
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Figure  2.  AIN  overlayer  thickness  as  a  function  of 
time  for  (a)  Aand  v,  single- hole  aperture;  (b)  □ 
and  0,  9-hole  aperture  with  ions  deflected;  and  (c) 
o,  9-hole  aperture  without  ion  deflection.  The 
solid  lines  are  guides  to  the  eye. 
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Figure  3.  Auger  analysis  of  Al,  O,  N,  and  B 
during  nitridation  using  the  EPI  source. 


Figure  2  summarizes  AIN 
overlaycr  thickness  as  a  function  of  time 
for  three  configurations  of  the  CARS-25 
source.  Fig.  2(a)  corresponds  to  the 
nitridation  of  two  samples  using  the 
single-hole  aperture,  with  a  large  flux 
(5%)  of  high-energy  molecular  and 
atomic  nitrogen  ions.  This  condition  is 
similar  to  an  ECR  source,  and  results  in  a 
relatively  rapid  nitridation  with  a  rate  of 
about  0.3A/min  for  the  first  lOA.  Fig. 
2(c)  is  reprc.sentative  of  the  9-hole 
aperture  results.  There  appears  to  be  an 
initiation  stage  lasting  approximately 
1 80  minutes,  followed  by  AIN  formation 
at  a  rate  of  about  0.03-0.04A/min.  The 
active  flux  from  this  source 
configuration  is  a  mixture  of  both  atomic 
nitrogen  (5-6%)  and  nitrogen  ions 
(0.1%).  Fig.  2(b)  represents  the  same 
configuration,  but  now  the  electrostatic 
deflector  plate  was  used  to  remove  the 
ions  from  the  flux.  Note  the  nitridation 
began  immediately,  and  maintained  a 
rate  approximately  three  times 
(0.  lA/min)  that  shown  in  Fig.  2(c). 

The  trends  shown  in  Fig. 2 
indicate  that  both  energetic  nitrogen  ions 
and  atomic  nitrogen  arc  quite  reactive, 
with  some  indication  that  the  energetic 
ions  are  the  more  reactive  species.  This 
is  particularly  evident  for  larger  AIN 
thickness.  Of  equal  interest  is  that  a  flux 
of  lower  energy  ions  apparently 
suppresses  the  nitridation  process.  A 
likely  mechanism  is  that  atomic  nitrogen 
is  adsorbed  on  the  growing  surface  in  a 
weakly  bound  state.  The  incoming  ions 
(and  possibly  atoms)  interact  with  this 
adsorbed  nitrogen  forming  molecular 
nitrogen  that  quickly  desorbs,  removing 
these  atoms  from  participating  in  the 
nitridation  process.  The  initiation  stage 
represents  a  period  where  the  adsorbed 
nitrogen  is  very  weakly  bound  to  the 
sapphire  surface  and  easily  removed. 
Based  on  the  rapid  onset  of  AIN  growth 
once  initiated,  it  is  likely  that  once  AIN 


is  formed,  the  nitrogen  is  more  strongly 
bound  to  the  surface  and  the  nitridation 
process  then  proceeds. 

Figure  3  summarizes  Auger  analysis 
of  nitridation  using  the  EPI  source.  The 
results  were  substantially  different  from  that 
observed  with  the  Oxford  source.  While 
boron  was  observed  for  all  nitridation 
conditions,  the  Auger  analysis  indicates 
significantly  more  boron  on  the  AI2O3 
surface  exposed  to  the  EPI  source.  The 
results  imply  that  an  overlayer  of  BN  was 
formed  within  the  first  20  minutes  of 
nitridation,  followed  by  an  apparent 
cessation  of  BN  formation.  During  this 
initial  stage,  both  the  A1  and  O  Auger  signals 
reduced  in  proportion,  consistent  with  BN 
overlayer  coverage  without  AIN  formation. 
Surprisingly,  both  the  B  and  the  A1  signal 
then  became  constant,  while  the  O  signal 
decreased  and  the  N  signal  continued  to 
increase.  The  latter  is  suggestive  that  AIN  is 
now  forming.  Since  the  B  signal  also 
remains  constant,  it  is  feasible  that  Ali-xBxN  may  actually  be  forming.  The  short  predicted  mean 
free  paths  for  B  (7 A)  and  A1  (6 A)  Auger  electrons  compared  to  that  of  O  (1  lA)  or  N  (UA) 
would  result  in  a  constant  B  and  A1  signal  with  the  others  still  changing.  Assuming  that  only 
AIN  formation  is  occurring,  modeling  interprets  an  AIN  growth  rate  during  this  second  stage  of 
0.07A/min,  consistent  with  the  atomic  nitrogen  concentration  in  the  flux  coupled  with  the  lack  of 
ions.  This  latter  result  may  indicate  that  the  nitrogen  metastables  believed  to  be  present  are 
relatively  non-reactive,  at  least  as  far  as  nitridation  is  concerned.  Interpretation  of  this  set  of 
Auger  measurements,  however,  is  certainly  complicated. 

The  results  depicted  in  Fig.  3  are  suggestive  that  the  flux  from  the  EPI  source  has  a 
significantly  larger  B  content  than  the  Oxford  source,  likely  due  to  the  degradation  of  the 
pyrolytic  boron  nitride  (PBN)  liner.  In  actuality,  this  result  is  more  indicative  of  the  efficacy  of 
metastable  nitrogen  for  group  Ill-nitride  layer  growth.  Fig.  4  summarizes  the  B  content  for  two 
GaN  layers  measured  using  secondary  ion  mass  spectrometry  (SIMS)  (Charles  Evans  and 
Associates).  Fig.  4(a)  represents  the  B  concentration  in  a  layer  grown  using  the  Oxford  source 
with  the  9-hole  aperture,  yielding  an  average  B  concentration  of  about  8xl0'^  cm  ^  Similar 
results  were  obtained  for  the  other  aperture  sets,  and  also  after  replacing  the  PBN  liner  in  the 
Oxford  source.  The  EPI  source  actually  emitted  significantly  less  B,  with  incorporation  levels  in 
the  mid- 10^^  to  1x10^^  cm'^  range,  as  shown  by  Fig  4(b).  The  variation  in  B  concentration  for 
each  trace  corresponds  to  different  source  rf-powers,  with  the  lowest  corresponding  to  200W  and 
the  highest  to  600W.  A  similar  difference  in  B  incorporation  has  also  been  reported  to  occur 
with  these  sources  for  nitrogen  doping  of  ZnSe  and  CdTe  [11]. 

Thus,  a  likely  interpretation  of  the  rapid  BN  layer  formation  indicated  by  the  results  in 
Fig.  3  is  that  nitrogen  molecules  are  particularly  efficacious  for  III-N  growth.  This  is 
indicated  both  by  the  rapid  BN  overlayer  formation,  and  by  the  significant  increase  in  nitrogen 
incorporation  efficiency  observed  for  MBE  growth.  Enhanced  growth  using  nitrogen 


Figure  4.  SIMS  of  B  GaN  grown  using  (a) 
the  OXFORD  source  and  (b)  the  EPI  source. 


metastables  is  clearly  demonstrated  by  the  large  (~2.3  tim/hr)  growth  rates  we  have  obtained 
with  the  EPI  rf-plasma  source. 

CONCLUSIONS 

Nitridation  of  sapphire  was  investigated  using  two  rf-plasma  sources  to  determine  the 
reactivity  of  various  types  of  active  nitrogen.  The  Oxford  CARS-25  source,  in  conjunction  with 
an  electrostatic  deflector  plate,  could  provide  an  active  nitrogen  flux  consisting  of  high  energy 
ionic  molecular  and  atomic  nitrogen,  a  mixture  of  atomic  nitrogen  and  lower  energy  ions,  or 
predominantly  atomic  nitrogen.  The  EPI  Unibulb  source  produced  a  significant  amount  of 
metastable  molecular  nitrogen.  The  nitridation  rate  for  high-energy  ions  was  ~0.3Aymin  for  the 
first  lOA,  about  three  times  faster  than  nitridation  by  atomic  nitrogen  at  a  similar  concentration. 
The  mixed  atomic  nitrogen/low  energy  ion  condition  showed  an  initiation  stage  that  lasted  for 
~180  minutes,  followed  by  nitridation  at  a  rate  of  0.03-0. 04A/min.  This  initiation  stage  may  be 
due  to  formation  and  desorption  of  molecular  nitrogen  from  the  sapphire  surface.  Metastable 
nitrogen  does  not  appear  to  be  very  reactive  for  nitridation,  but  does  appear  efficacious  for  the 
growth  of  group  Ill-nitrides.  Boron  contamination  was  observed  from  both  sources  at  levels 
significant  enough  to  warrant  further  investigation. 
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ABSTRACT 

Transmission  electron  microscope  (TEM)  and  transmission  electron  diffraction  (TED) 
examination  has  been  performed  to  investigate  microstructural  properties  of  gas  source 
molecular  beam  epitaxial  GaN(As,P)  layers  grown  on  (0001)  GaN/sapphire  at  temperatures  in 
the  range  500  -  760  °C.  As  for  the  GaNAs,  we  report  the  observation  of  ordering  with  a  space 
group  P3ml  in  the  layer  grown  at  730  °C.  The  layers  grown  at  temperatures  below  600  °C  are 
polycrystalline,  whist  the  730°C  GaNAs  layer  has  epitaxial  relation  to  the  GaN  substrate.  It  is 
also  shown  that  the  GaNAs  layers  experience  a  structural  change  from  a  zinc-blende  phase  to  a 
wurtzite  phase,  as  the  growth  temperature  increases.  As  for  the  GaNP,  it  is  shown  that  the  layers 
grown  at  temperatures  <  600  ®C  experience  phase  separation  resulting  in  a  mixture  of  GaN-rich 
and  GaP-rich  GaNP  with  zinc-blende  structure.  However,  the  layers  grown  at  temperatures  >  730 
°C  are  found  to  be  binary  zinc-blende  GaN(P)  single  crystalline  materials.  The  layers  grown  at 
temperatures  >  730  °C  consist  of  two  types  of  micro-domains,  i.e.,  GaN(P)i  and  GaN(P)ii;  the 
former  having  twin  relation  to  the  latter. 

1.  INTRODUCTION 

Gallium  nitride-based  materials  are  of  technological  importance  because  of  their 
applications  in  short  wavelength  optical  devices,  e.g.  blue-green  light  emitting  diodes  (LEDs) 
and  violet  laser  diodes  (LDs).  Due  to  a  large  bowing  parameter,  addition  of  As  or  P  to  gallium 
nitride  could  lead  to  the  practical  engineering  of  specific  semiconductors  having  a  wide  range  of 
wavelengths  from  ultra  violet  to  larger  than  2  pm. 

Calculations  based  upon  bulk  thermodynamics  indicated  that  a  large  miscibility  gap  exists 
for  a  GaN-GaP  system  where  phase  separation  may  occur  by  spinodal  decomposition  during 
layer  growth.[l]  The  presence  of  such  a  miscibility  gap  would  be  a  major  obstacle  for  the 
successful  growth  of  ternary  GaNP  alloy  layers.  Iwata  et  al.[2],  investigating  gas  source 
molecular  beam  epitaxial  (GSMBE)  growth  of  GaNi-xPx  (x  <  0.015),  showed  that  phase 
separation  occurred  for  a  high  PH3  flow  rate  condition.  Bi  and  Tu  investigated  GaNxPi-x  layers 
grown  on  GaP  substrates  at  temperatures  in  the  range  500  -  610  by  GSMBE  using  a  N  radical 
beam  source. [3]  They  showed  that  GaNxPi-x  with  a  maximum  N  concentration  of  16%  was 
obtained,  but  no  phase  separation  was  observed. 

In  this  article,  we  describe  structural  results  obtained  from  transmission  electron 
microscope  (TEM)  and  transmission  electron  diffraction  (TED)  studies  of  GaN(As,P)  layers 
grown  on  (0001)  GaN  at  temperatures  ranging  from  500  to  760  °C. 
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II.  EXPERIMENT 


The  GaN(As,P)  layers  were  grown  on  MOVPE  (0001)  GaN/sapphire  substrates  in  a 
modified  GEN  II  MBE  system.  Pure  elemental  Ga  was  used  as  the  group  III  source  and 
thermally  cracked  phosphine  was  used  as  the  group  V  source.  PH3  flow  rate  was  3  seem.  A  N 
radical  beam  source  (Oxford  Applied  Research  Model  MPD21)  was  used  to  produce  active  N 
species  and  the  RE  power  was  fixed  at  300  W.  AsH.^,  cracked  at  1000  °C,  provided  the  Ast  flux 
and  its  flow  rate  was  between  0  and  3  seem.  The  growth  temperature  ranged  from  500  to  760  °C 
and  the  growth  rate  was  0.9  monolayer/s. 

For  electron  microscope  examination,  [11-20]  and  [01-10]  cro.ss-section  and  [0001]  plan- 
view  thin  foil  specimens  were  prepared  using  standard  procedures  and  finished  by  Ar"^  ion 
thinning  with  the  specimens  cooled  to  ~77K.  TEM,  TED,  and  high  resolution  electron 
microscope  (HREM)  examination  was  performed  in  a  JEM  2010  instrument  operated  at  200k V. 

III.  RESULTS  AND  DISCUSSION 

A.  The  Growth  of  GaNAs  Lavers 


TED  examination  was  made  of  orthogonal  [2-1-10]  and  [01-10]  cross-section  samples  to 
investigate  the  structural  properties  of  the  GaNAs  layers,  which  were  grown  at  temperatures  in 
the  range  500  -  730  °C.  Fig.  1  shows  a  [01-10]  TED  pattern  taken  from  a  region  of  the  thin  foil 
specimen  including  the  500  °C  GaNAs  layer  and  the  GaN  substrate.  The  pattern  exhibits  wurtzite 
GaN  spots  and  diffuse  rings.  The  ring  pattern  is  characteristic  of  polycrystalline  materials.  The 
polycrystalline  material  was  identified  from  the  measured  spacings  of  the  diffuse  rings,  assuming 
that  the  wurtzite  GaN  substrate  spots  correspond  to  undistorted  materials  with  the  bulk  GaN 
lattice  parameters,  i.e.,  a  -  0.3189  nm  and  c  =  0.5185  nm.[4]  Measurements  show  that  the  rings 
are  attributed  to  the  zinc-blende  GaNi.^Asx  (x  =  0.012),  where  the  lattice  parameter  of  the  zinc- 


blende  GaN  material  was  assumed  to  be  0.452±0 


Fig.l.  A  [01-10]  TED  pattern  obtained  from 
a  region  of  the  thin  foil  specimen  including 
the  500  °C  GaNAs  layer  and  the  GaN 
substrate. 


,001  nm.[5-7] 

A  TEM  [-11-1}  dark  field  (DF)  image 
was  obtained  from  the  [2-1-10]  cross-section 
sample  of  the  500  °C  layer  to  investigate 
microstructurc.  The  image  showed  the 
columnar  grains  which  are  inclined  ~27®  from 
the  [0001  ]GaN  direction.  The  grains  varied  in 
width  from  3.5  to  6.5  nm  and  in  length  from 
7.5  to  38  nm. 

Fig.  2  shows  a  cross-section  [01-10] 
TED  pattern  (~5°  away  from  the  exact  pole) 
taken  from  the  GaNAs  layer  grown  at  730  °C. 
The  pattern  exhibits  sharp  wurtzite  GaNAs 
spots  (using  the  GaN  substrate  spots  as  a 
reference),  indicating  the  epitaxial  growth  of  a 
wurtzite  material.  A  [0002]  DF  image 
obtained  from  the  730  °C  layer  illustrated  the 
growth  of  a  single-crystalline  layer  with 
defects  providing  the  main  contrast. 

Another  intere.sting  feature  is  the 
presence  of  forbidden  extra  spots  in  the  [01- 


10]  TED  pattern  (Fig.  2)  obtained  from 
the  GaNAs  layer  grown  at  730  °C.  The 
pattern  was  obtained  by  tilting  the 
specimen  ~5°  toward  the  [2- 1-1 -4] 
direction.  Such  tilting  was  employed  to 
get  the  superlattice  spots  excited,  since 
they  were  extremely  weak  at  the  exact 
[01-10]  pole.  There  are  superlattice 
spots  half  way  between  the  rows  of  the 
fundamental  spots  parallel  to  the  [0001] 
direction,  as  indicated  by  the  arrows. 
This  is  consistent  with  the  existence  of 

Fig,2.  A  [01-10]  TED  pattern  obtained  from  the  ™ 

GaNAs  layer  grown  at  730  °C.  [0001]  direction  with  a  periodicity 

twice  that  of  the  wurtzite  structure.  The 
mixed  group  V  atom  sublattice  of  the 
ordered  GaNAs  layer  consists  of  alternating  N-rich  and  As-rich  (0001)  planes.  Similar  ordering 
was  observed  in  the  mixed  group  Ill-nitride  layers. [8,9]  Ruterana  et  al.[9],  investigating  MOVPE 
InGaN  layers  grown  on  (0001)  sapphire  reported  evidence  for  the  formation  of  such  ordering 
with  a  space  group  P3ml .  However,  no  superlattice-related  structures  were  demonstrated. 

Fig.  3  shows  a  DF  image  obtained 
from  the  730  °C  layer,  which  was 
recorded  using  the  forbidden  (-211-1) 
spot.  The  DF  image  revealed  ordered 
domains  as  the  small  blobs.  However, 
the  contrast  of  the  images  was 
extremely  weak.  The  interface  between 
the  overlayer  and  the  substrate  is 
indicated  by  the  arrows.  The  domains 
varied  in  width  from  -1.8  to  -4.5  nm 
and  in  length  from  -4  to  -10  nm,  and 
Fig.  3  A  TEM  DF  image  of  the  730  °C  layer  taken  randomly  distributed  throughout 

using  the  forbidden  (-211-1)  spot.  the  layer.  The  details  will  be  published 

elsewhere.  [10] 


Fig.  3  A  TEM  DF  image  of  the  730  °C  layer  taken 
using  the  forbidden  (-211-1)  spot. 


B»  The  Growth  of  GaNP  Lavers 

TED  examination  was  made  of  orthogonal  [01-10]  and  [2-1-10]  cross-section  specimens  to 
investigate  the  structural  properties  of  the  GaNi.xPx  layers  that  were  grown  at  temperatures  in  the 
range  500  -  760  °C.  Fig.  4  shows  a  [01-10]  TED  pattern  from  a  500  °C  layer  and  the  GaN 
substrate.  The  pattern  exhibits  the  wurtzite  GaN  spots  and  weak  diffraction  spots  that  are 
associated  with  the  rings  of  diffuse  diffracted  intensity.  The  TED  pattern  shows  that  two  different 
phases  are  present  in  the  overlayer.  The  phases  were  identified  from  the  measured  spacings  of  the 
diffuse  rings,  assuming  that  the  wurtzite  GaN  substrate  spots  correspond  to  undistorted  materials 
with  the  bulk  GaN  lattice  parameters,  i.e.,  a  =  0.3189  nm  and  c  =  0.5185  nm.[4]  Measurements 
show  that  the  rings  are  attributed  to  zinc-blende  GaN|.xPx  (x  =  0.91  and  0.01),  where  the  lattice 
parameter  of  the  metastable  zinc-blende  GaN  material  was  assumed  to  be  0.452±0.001  nm.[5-7] 

A  similar  TED  pattern  was  obtained  from  the  layer  grown  at  600  °C.  The  characteristics  of 
the  pattern  are  similar  to  those  of  the  500  °C  layer.  However,  some  of  the  spots  are  associated 


with  diffuse  streaks  approximately  parallel 
to  the  [-2112lGaN  direction.  Such  streaks 
arc  attributed  to  inclined  grains.  In  a 
similar  manner,  measurements  show  that 
the  overlayer  consists  of  two  phases  of 
zinc-blende  GaNi  ^Px  (x  =  0.88  and  0.03). 

Fig.  5(a)  shows  a  TED  pattern  from 
solely  the  750  °C  layer,  being  indexed  in 
Fig.  5(b).  The  TED  results  show  that  I- 
111]  and  [110]  of  the  zinc-blende 
overlayer  are  parallel  to  the  c-axis  and  12- 
1-10]  of  the  wurtzite  GaN  substrate, 
respectively.  The  pattern  from  the 
overlayer  exhibits  two  characteristic 
features:  i)  elongation  of  the  diffracted 
.spots;  ii)  presence  of  the  two  sets  of  <1 10> 

Fig.  4.  A  [01-10]  TED  pattern  obtained  from  the  P“«e™s.  The  elongation  of  the  spots  can 
layer  grown  at  500  °C.  be  attributed  to  some  degrees  of 

irregularity  in  the  size  of  the  GaN(P) 
domains.  (The  ‘GaN(P)’  means  that  P  is 
dissolved  into  binary  zinc-blende  GaN.)  It  is  worth  noting  that  there  arc  two  different  types  of 
zinc-blende  crystal  domains  in  the  overlayer,  i.e.,  GaN(P)[  (indicated  by  ‘open  circle’)  and 
GaN(P)ii  (indicated  by  ‘solid  square’)  (Fig.  5(b)).  The  unit  cell  of  the  GaN(P)ii  domains  is 
rotated  counterclockwise  by  -71°  about  the  [2-1-1  0]g;iN  direction  with  reference  to  that  of  the 
GaN(P)i  domains.  This  rotation  causes  the  (-lll)i  and  (l-ll)ii  planes  of  the  two  domains  to  be 
parallel  to  each  other,  i.e.,  one  having  twin  relation  to  the  other.  Measurements  show  that  the 
lattice  parameter  of  the  GaN(P)i  (or  GaN(P)ii)  is  fairly  close  to  the  zinc-blende  GaN,  indicating 
that  the  phase  is  a  binary  alloy. 


Fig.  5.  (a)  A  TED  pattern  obtained  from  solely  the  750  °C  layer,  which  is  indexed  in  (b). 


TEM  bright  field  and  DF  images  were  obtained  to  observe  the  microstructures  and  phases 
of  the  GaNi-xPx  layers  grown  at  temperatures  between  500  and  760  °C.  For  the  500  °C  layer,  the 
grains  of  the  GaP-rich  phase  varied  in  width  from  -26  to  -123  nm  and  in  height  from  -33  to  -73 
nm,  while  those  of  the  GaN-rich  phase  varied  in  width  from  -17  to  -156  nm  and  in  height  from 


~20  to  ~40  nm.  For  the  600  °C  layer,  the  GaP-rich  grains  varied  in  width  from  ~23  to  ~50  nm 
and  in  height  from  -23  to  -150  nm,  while  the  GaN-rich  grains  varied  in  width  from  -17  to  -50 
nm  and  in  height  from  -16  to  -116  nm. 

Fig.  6  shows  a  DF  image  obtained  from  the  cross-section  sample  of  the  750  °C  layer, 
which  was  recorded  using  the  (-11-1)  spot  of  the  GaN(P)i.  The  image  reveals  fine  needle-like 
contrast  (termed  here  ‘micro-domains’)  lying  parallel  to  the  layer  surface.  The  micro-domains 
vary  in  thickness  from  -0.8  to  -2.5  nm  and  in  length  from  -2  to  -10  nm.  A  HREM  image  is 
shown  enlarged  in  the  inset  right  top,  clearly  illustrating  the  twin  relation  between  the  two 
domains  of  GaN(P)i  and  GaN(P)ii. 


Fig.  6.  A  TEM  dark  field  image  obtained  from  the  cross-section  sample  of  the  750  °C  layer, 
which  was  recorded  using  the  (-11-1)  spot  of  the  GaN(P)i. 


GaN  is  a  polytype  material  having  two  crystal  structures  of  wurtzite  and  zinc-blende.  The 
formation  energies  of  the  two  phases  are  similar,  although  the  wurtzite  structure  was  calculated 
to  be  more  stable  than  the  zinc-blende.[ll]  This  indicates  that  the  crystal  structure  can  be  readily 
influenced  by  growth  conditions.  [7,12,13]  It  is  worth  noting  that  the  only  difference  between  the 
zinc-blende  and  wurtzite  structures  is  the  stacking  sequence  of  the  close-packed  atomic  layers. 
We  found  that  GSMBE  growth  of  pure  GaN  on  (0001)  GaN/sapphire  at  730  °C  led  to  a  wurtzite 
phase.  These  results  show  that  P  plays  an  important  role  in  the  formation  of  the  zinc-blende 
phase.  Thus,  the  occurrence  of  the  twin  domains  may  be  explained  in  terms  of  the  uneven 
distribution  of  P  at  the  growing  surface.  Local  fluctuations  in  the  P  concentrations  may  cause  a 
fault  in  the  stacking  order  of  the  atomic  layers,  resulting  in  a  number  of  twins  and  stacking  faults, 
and  hence  the  twin  domains. 

VI.  CONCLUSION 

GaN(As,P)  layers  grown  on  (0001)  GaN/sapphire  at  temperatures  ranging  from  500  to  760 
°C  were  examined  by  TEM  and  TED  to  investigate  structural  behaviour.  For  the  GaNAs  layers, 
ordering  with  a  space  group  P3ml  was  found  to  occur  in  the  730  °C  layer.  The  layers  grown  at 
temperatures  <  600  °C  were  polycrystalline,  whist  the  growth  at  730  °C  led  to  an  epitaxial 
GaNAs  layer.  For  the  500  °C  layer,  the  grains  were  of  width  3.5  -  6.5  nm  and  of  length  7.5  -  38 


nm.  It  was  also  shown  that  the  layers  grown  at  temperatures  <  600  °C  had  a  zinc-blende 
structure,  while  the  730  °C  layer  grew  in  a  wurtzite  form.  As  for  the  GaNP  layers,  it  is  shown 
that  for  growth  at  temperatures  <  600  °C,  phase  separation  occurred  resulting  in  the  formation  of 
GaN-rich  and  GaP-rich  GaNP  phases.  However,  growth  at  temperatures  >730  led  to  a  binary 
single  crystal  material,  containing  two  types  of  micro-domains,  i.e.,  GaN(P)i  and  GaN(P)ii.  The 
domains  have  twin  relation  to  each  other  and  vary  in  thickness  from  -0.8  to  -2.5  nm  and  in 
length  from  -2  to  -10  nm. 
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ABSTRACT 

Cubic  and  hexagonal  GaN  layers  have  been  grown  on  GaAs  (001)  and  a-Al203  (0001) 
substrates,  respectively,  by  remote  plasma  metalorganic  chemical  vapor  deposition  (RP- 
MOCVD).  In  situ  spectroscopic  ellipsometry  is  used  to  monitor  in  real  time  the  chemistry  and 
kinetics  of  the  GaN  growth.  The  subtrate/GaN  interface  formation  is  highlighted  and  the  effect  of  the 
substrate  plasma  nitridation  on  the  initial  growth  stage  is  discussed. 

INTRODUCTION 

There  have  been  numerous  recent  publications  on  the  effects  of  the  two  growth  steps,  i.e., 
substrate  nitridation  followed  by  the  growth  of  a  low  temperature  nucleation  layer,  upon  the 
material  properties  of  GaN  epilayers  grown  by  both  molecular  beam  epitaxy  (MBE)  and 
metalorganic  chemical  vapor  deposition  (MOCVD)  [1,2].  And,  it  has  been  shown  that  slight 
differences  in  the  substrate  nitridation  and/or  the  growth  of  the  GaN  buffer  layer  prior  to  GaN 
epigrowth  results  in  different  GaN  growth  mechanisms  [3,4].  Although  the  number  of 
experimental  studies  conducted  to  date  is  already  significant,  it  is  not  yet  possible  to  establish  an 
all-embracing  theory  of  the  influence  of  the  surface  properties  upon  the  GaN  growth  chemistry 
and  kinetics.  And,  it  is  widely  recognized  that  a  deeper  understanding  of  the  fundamental  surface 
kinetics  governing  nitride  growth  is  necessary  to  move  from  the  “GaN  art”  to  the  “GaN  science”. 
While  the  investigation  of  the  GaN  growth  mechanism  is  ongoing  for  MBE  systems,  where  a 
variety  of  in  situ  diagnostic  techniques  can  be  used,  such  as  reflection  high  energy  electron 
diffraction  (RHEED),  low  energy  electron  diffraction  (LEED),  X-ray  photoelectron  spectroscopy 
(XPS),  some  difficulties  are  encountered  for  the  MOCVD  process,  where  high  pressure  and 
reactive  environment  prevent  from  the  use  of  the  above  techniques. 

In  this  paper,  the  remote  plasma  MOCVD  (RP-MOCVD)  of  GaN  buffer  layers  grown  on 
both  a-AbOs  and  GaAs  substrates,  also  pre-nitrided  by  Ni  plasmas,  is  discussed.  Particular 
emphasis  is  placed  on  the  in  situ  real  time  control  of  the  growing  surface  and  of  the 
substrate/GaN  interface  by  spectroscopic  ellipsometry  (SE),  which  is  a  non-invasive  and  non- 
intrusive  optical  technique  compatible  with  the  MOCVD  environment.  Ellipsometry  data  are  used 
to  depict  the  chemistry  and  kinetics  of  the  initial  stage  of  the  GaN  growth. 

EXPERIMENT 

The  deposition  system  used  in  this  study  is  the  remote  plasma  MOCVD  apparatus 
specifically  designed  for  the  growth  and  treatment  of  III-V  materials  [5]  at  reduced  pressure  (0.1  - 
10  Torr)  and  reduced  temperature.  A  unique  feature  of  this  apparatus  is  the  presence  of  an  in  situ 
phase  modulated  ellipsometer  (UVISEL-ISA  Jobin-Yvon)  compatible  with  the  reactive 
environment  of  MOCVD  reactors  and,  hence,  able  to  monitor  in  real  time  the  chemistry  and 
kinetics  of  surface  modifications  with  a  sub-monolayer  resolution.  The  substrates  used  for  the 
growth  were  GaAs  (001)  and  a-A^Os  (0001).  The  remote  r.f.  (13.56  MHz)  plasma  source  was 
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used  to  produce  H-atoms  for  the  substrates  cleaning,  and  N-atoms  for  the  nitridation  process  and 
GaN  growth.  The  H2  remote  plasma  cleaning  was  operated  at  P  =  1  Torr,  r.f.  power  =  60  Watt 
and  at  a  surface  temperature  of  250°C  and  350°C  for  GaAs  (001)  and  a-Al203  (0001), 
respectively.  The  subsequent  nitridation  by  N2-H2  (3%  in  H2)  plasmas  was  operated  at  a  pressure 
of  0.2  Torr,  a  r.f.  power  of  200  Watt  and  at  a  temperature  of  250°C  and  SOO^C  for  GaAs  and 
a-Al203,  respectively.  GaN  layers  were  grown  at  600°C  by  trymethylgallium  and  N2/H2 
(=1000/3  seem)  plasma  at  a  pressure  of  1  Torr  and  a  r.f.  power  of  200  W.  Single  wavelength 
ellipsometry  (SWE)  was  used,  in  terms  of  the  ellipsometric  angles  'P  and  A  [6],  to  monitor  in  real 
time  the  surface  kinetics,  and,  at  the  growth  end,  ellipsometric  spectra  (SE)  of  the 
p.seudodielectric  function,  <£>  =  <£]>  +  i  <e2>.  were  acquired  in  the  energy  range  1.5  -  5.5  eV. 
In  order  to  determine  the  chemical  and  optical  properties  of  surfaces,  ellipsometric  data  were 
modeled  by  optical  models  based  on  the  Bruggeman  effective-medium  approximation  (BEMA) 
[6]  and  references  for  the  used  dielectric  functions  arc  given  in  ref.  [7].  Optical  emission 
spectroscopy  (OES)  was  used  to  control  the  N-atom  density  interacting  with  the  growth  surface. 
Ex  situ  atomic  force  microscopy  (AFM)  and  X-ray  diffraction  (XRD)  measurements  were  also 
performed  to  validate  the  ellipsometric  approach. 

RESULTS  AND  DISCUSSION 


Figure  1  shows  typical  SWE  real  time  (T'.A)  trajectories  recorded  at  3  eV  during  GaN 
growth  on  both  a-Al203  (0001)  and  GaAs  (001)  substrates  previously  nitrided.  An  easily 
provided  information  is  the  GaN  layer  thickness  which  is  controlled  in  real  time. 
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FIGURE  1 .  Time  evolution  of  the  optical  response  in  the  (‘P,A)  space  at  3  eV  during  GaN  growth 
on  (a)  a-Al203  and  (h)  GaAs.  Points  are  for  experimental  data;  full  line  is  for  the  best-fit  model 
which  is,  for  GaN  on  a-Al203,  nucleation  followed  by  2D-homogeneous  growth  and,  for  GaN  on 
GaAs,  chemical  interface  appearance  followed  by  2D-homogeneous  growth.  Simulated 
trajectories  by  different  models  (see  text)  are  also  reported  for  comparison. 


For  a  better  understanding  of  the  ('F,A)  data,  it  has  to  be  considered  that  at  3  eV  (below  energy 
gap  value,  where  the  GaN  absorption  is  almost  zero)  a  closed  and  cyclical  trajectory  should  be 
recorded  for  a  well  ordered  and  pure  GaN  layer.  Thus,  deviations  from  this  ideal  cyclical  curve 
are  indicative  of  non-homogeneous  growth  dynamics  and/or  defected  absorbing  layers.  For  the 
('F,A)  trajectories  simulation,  different  models  have  been  considered  such  as  the  ID- 
homogeneous  growth,  the  nucleation  followed  by  homogeneous  growth  and  the  stoichiometry 
deviation  in  terms  of  Ga  enrichment.  Among  these  models,  only  the  “nucleation  followed  by 
homogeneous  growth  with  roughness”  model  fits  the  whole  experimental  trajectory  in  fig.  1(a). 
Specifically,  the  growth  process  of  the  GaN  epilayer  on  (X-AI2O3  can  be  distinguished  into  two 
regimes,  i.e.,  an  initial  hemispherical  nucleation  regime  followed  by  the  GaN  bulk  growth  (see 
scheme  in  fig.  la).  The  nucleation  density  on  the  starting  surface  produces  a  mean  separation  of -“250  A 
between  nuclei,  whose  radius  increases  according  to  the  the  law  R(t)  =  1.8(A/sec)-t  until  they 
come  into  contact.  As  soon  as  the  complete  nuclei  coalescence  is  obtained,  the  homogeneous 
GaN  growth  starts  with  a  steady-state  growth  rate  of  about  1  A/sec  and  a  gradual  roughening  of 
the  growing  surface  also  confirmed  by  SE  modeling  (see  below)  and  AFM  measurements. 

For  the  GaN  growth  on  GaAs  (fig.  lb),  the  regression  analysis  fit  evidences  the 
appearance  of  a  chemical  interface  between  the  substrate  and  the  GaN  film.  For  the  interface 
formation  regime,  free  fit  parameters  include  the  volume  fractions  of  the  interface  components 
and  the  thickness  of  the  interface  layer.  The  simulation  shows  that  the  interface  layer  is  modeled 
as  a  three-component  GaAs/GaN/voids  composite  whose  composition  varies  with  time,  i.e.,  the 
GaN  volume  fraction  increases  at  the  expense  of  GaAs  until  100%  GaN  is  reached.  Then,  the 
GaN  bulk  2D-growth  starts,  and  the  GaN  layer  thickness  increases  linearly  with  time  at  about  1 
A/sec.  The  voids  content  at  the  interface  simulates  either  the  presence  of  structural  defects  and 
the  grain  boundaries. 

Figure  2  shows  the  experimental  SE  spectra,  at  room  temperature,  of  the  real,  <£i>,  and 
imaginary,  <£2>  part  of  the  pseudodielectric  function  of  the  GaN  buffer  layers  recorded  at  the  end 
of  the  growth.  In  the  figure,  the  solid  lines  are  for  the  fitting  results  according  to  the  models 
shown  in  the  inset.  A  two-layer  model  (substrate/bulk  GaN/surface  roughness)  provides  the  best 
fit  for  the  SE  spectrum  of  GaN  grown  on  a-Al203.  The  surface  roughness  developed  during  the 
growth  is  simulated  by  an  outer  layer  which  is  a  mixture  of  GaN-n voids  as  depicted  in  fig.  2. 
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FIGURE  2.  Real,  <£]>,  and  imaginary,  <£2>  part  of  the  pseudodielectric  function  of  the  GaN 
layers  grown  on  (a)  a-Al203  and  (b)  GaAs.  The  best-fit  curves  (full  line)  by  the  BEMA  models 
shown  in  the  inset  are  also  reported.  The  standard  deviations  are  of  ±  1%  on  constituents  volume 
fraction  and  of  ±  10%  on  layer  thickness. 
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The  best-fit  model  for  the  SE  spectrum  of  GaN  on  GaAs  employs  a  three-layer  model 
(substrate/interface/bulk  GaN/surface  roughness)  that  accounts  for  the  growth  dynamics  of  fig. 
lb:  at  first  the  interface  formation  between  GaAs  substrate  and  GaN  film,  and  then  the  bulk  GaN 
film  growth.  The  evolution  of  the  interface  composition  is  approximated  in  the  SE  model  by  an 
average  value  (BEMA  mixture  of  GaN+21%  GaAs+18%  voids).  The  comparison  of  the  fit  and 
experimental  data  in  both  GaN/a-Al203  and  GaN/GaAs  evidence  the  absence  of  a  sharp  excitonic 
transition,  so  indicating  a  very  defective  GaN  buffer  layer.  Interestingly,  cathodluminescence 
(CL)  measurements  have  shown  a  very  low  intensity  of  the  near-band  edge  emission  and  a  well 
evident  deep  level  emission  at  around  550  nm.  Also,  AFM  images  have  shown  a  grain-like 
morphology  with  an  average  diameter  of  -500  A.  These  features  have  already  been  de.scribed  by 
Tarsaet  al.[8]  and,  they  are,  accordingly,  related  to  the  growth  dynamics  under  N-stable  conditions. 

Thus,  the  amount  of  N-atoms  impinging  on  the  growing  films  is  a  crucial  parameter  for 
the  GaN  growth.  In  the  present  RP-MOCVD  apparatus,  the  performance  of  the  nitrogen  remote 
plasma  source  has  been  evaluated  by  OES  measurements,  performed  in  the  afterglow  at  the 
substrate  position.  There,  the  OES  spectra  are  dominated  by  the  N2  1st  positive  system  [7],  which 
indicates  a  considerable  amount  of  N-atoms  and  of  electronically  and  vibrationally  excited  N2 
molecules  impinging  on  the  growth  surface.  Any  contribute  of  ions  is  absent  and  the  importance 
of  this  can  be  understood  by  considering  that  the  ionized  portion  of  the  N2  plasma  beam  has  been 
suggested  to  have  detrimental  effect  on  the  GaN  film  morphology  and  crystallinity  19]. 

Figure  3  shows  the  XRD  measurements  for  GaN  on  both  a-ALO^  (0001)  and  GaAs  (001) 
substrates  from  which  the  crystallographic  structure  has  been  derived.  The  XRD  pattern  of  GaN 
grown  on  GaAs  shows  only  the  (002)  and  (004)  reflections,  so  demonstrating  this  film  to  be 
purely  cubic  and  (001 )  oriented  monocrystalline.  The  FWHM  of  the  (002)  reflection  is  22  min  for 
a  film  -100  nm  thick,  and  this  FWHM  value  is,  to  our  knowledge,  among  the  narrowest  reported 
so  far  [10,1  Ij.  The  GaN  (002)  reflection  at  39.95°  corresponds  to  the  GaN  with  a  lattice  constant 
of  4.509  A,  which  is  in  good  agreement  with  the  calculated  value  of  4.503  A  [12].  Also,  from 
XRD,  there  is  no  evidence  of  a  ternary  alloy  GaAsxNj.x  at  the  interface,  and  a  detailed  analysis  of 
the  (002)  peak  shape,  which  is  sensitive  to  compositional  disorder,  suggests  that,  indeed,  phase 
separation  of  GaAs  and  GaN  [II]  does  seem  to  occur  at  the  interface,  in  agreement  with  the 
ellipsometric  data.  Here,  it  is  important  to  underline  that,  in  the  present  case,  the  pure  cubic  phase 
is  grown  without  arsenic  background  pressure  in  the  initial  stage  as  reported  by  others  [10,1 1,13]. 


FIGURE  3.  Typical  XRD  patterns  of  (a)  GaN/a-Al203  (0001)  and  (b)  GaN/GaAs(00 1 )  samples. 


In  the  present  case,  we  have  grown  pure  cubic  GaN  on  a  plasma  nitrided  GaAs  surface  differently 
from  other  workers  [14,15]  who  obtained  hexagonal  GaN  on  nitrided  GaAs.  This  capability  of 
our  method  is  probably  related  to  the  fact  that  the  remote  plasma  nitridation  of  the  GaAs  substrate 
occurs  in  absence  of  ion  bombardment  and  under  controlled  conditions,  so  giving  a  very  smooth 
(RMS  =  3.1  A)  and  homogeneous  nitrided  layer  of  130  A  in  thickness  [7,16],  which  acts  as  a 
template  for  the  subsequent  growth  of  the  cubic  phase.  However,  from  the  SE  analysis  of  the 
GaN  layer  grown  at  600°C  (see  model  in  fig.  2b),  there  is  no  memory  of  the  layer  coming  from 
the  pre-nitridation  of  the  GaAs  surface  at  250°C,  i.e.,  the  nitrided  layer  can  not  be  discriminate 
after  growth.  This  is,  probably,  because  of  its  recrystallization  and  partial  decomposition  of  the 
underlying  GaAs  surface  during  rise  to  growth  temperature  of  600°C,  thus  resulting  in  the  “new” 
316  A  interface  layer  of  (GaN+21%GaAs+18%voids). 

The  XRD  pattern  of  GaN  grown  on  the  (0001)  plane  of  a-Al203  (fig.  3a)  shows  the  main 
peak  at  34.55°  corresponding  to  the  (0002)  reflection  from  wurtzite  GaN  with  a  lattice  constant  in 
the  c-direction  of  5.18  A  [12].  This  confirms  that  the  film  is  grown  with  its  c-plane  parallel  to  the 
substrate.  The  (0002)  peak  has  a  FWHM  value  of  8.6  min,  which  is  well  comparable  with  the  best 
value  of  ~  5  min  reported  in  literature  [17].  The  feasibility  of  our  system  for  the  deposition  of 
GaN  buffer  layer  is  the  consequence  of  the  a-Al203  nitridation  which  has  been  performed  under 
real  time  control  by  ellipsometry.  In  fact,  (X-AI2O3  nitridation  leads  to  different  surface  chemistry 
and  morphology  depending  on  exposure  time  [18,19].  Figure  4  shows  the  time  evolution  of  the 
<e2>  value  during  a-Al203  nitridation.  The  decrease  of  <E2>  is  indicative  of  nitrogen 
incorporation,  and  the  SE  spectrum  (spectrum  B)  recorded  at  the  <£2>  minimum  can  be  modeled 
by  a  thin  (~7  A)  layer  of  a  BEMA  mixture  of  AlN+10%  AI2O3  which,  however,  can  optically 
simulate  an  AlNOx  layer  also.  AFM  measurements  of  this  AI2O3  nitrided  surface  show  an 
atomically  flat  surface  with  a  RMS  value  of  1.6  A.  For  longer  exposure  time  (>10  min  in  the  figure), 
the  <e2>  trend  reverses  as  a  consequence  of  roughening  and  of  free  aluminum  formation,  this  last  also 
confirmed  by  XPS  measurements.  The  formation  of  free  Al,  besides  roughening  [19],  could  be  the 
reason  why  long  nitridation  time  results  in  a  degradation  of  GaN  layer  quality  [18,19]. 


FIGURE  4.  Time  evolution  of  the  <82>  value  at  4.5  eV  during  a-Al203  nitridation  (on  the  left) 
and  SE  spectra  (on  the  right)  at  significant  points  of  (A)  H2  plasma  cleaned  a-Al203  surface,  (B) 
8  min  nitrided  a-Al203  surface,  and  (C)  25min  nitrided  and  damaged  a-Al203.  The  inset  shows 
the  best-fit  BEMA  models  of  spectra  B  and  C. 


Thus,  the  real  time  eontrol  by  SE  of  the  a-Al203  nitridation  has  allowed  the  GaN  growth 
to  start  soon  after  the  minimum  in  <e2>  (end-point  of  nitridation)  has  been  reached. 

CONCLUSIONS 

In  conclusion,  spectroscopic  ellipsomctry  has  been  applied  as  a  real-time  probe  for  the 
remote  plasma  MOCVD  of  GaN  film  in  order  to  understand  and  optimize  GaN  growth  and 
substrates  nitridation  processes.  Ellipsomctry  has  been  shown  to  provide  information  on  the  end¬ 
point  of  the  substrate  (GaAs  and  a-Al203)  nitridation,  on  the  substrate/GaN  film  interface  and  on 
the  growth  kinetics.  The  RP-MOCVD  growth  of  GaN  under  N2  remote  plasma  preactivation 
conditions  results  in  cubic  GaN  on  GaAs  and  in  hexagonal  GaN  on  a-Al203 
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ABSTRACT 

Selective  lateral  growth  of  GaN  is  a  promising  technique  for  producing  high  quality  material 
for  microelectronic  and  optoelectronic  devices.  Single-crystal  GaN/AlN  layers  have  been  grown  on 
Si(ll  1)  substrates  and  subsequently  used  as  the  seeding  layer  for  selective  lateral  overgrowth.  GaN 
pyramids  are  formed  above  holes  patterned  in  a  Si3N4  mask.  Transmission  electron  microscopy 
(TEM,  which  also  denotes  the  microscope)  of  these  structures  shows  that  the  GaN  pyramid,  GaN 
seed  layer,  and  AIN  buffer  layer  in  the  samples  have  the  following  epitactic  relationship  with  respect 
to  the  Si  substrate:  [lllOlcaN  N  [H^OJain  H  [HOlsi  and  (OOOUcaN  H  (OOOI)ain  H  (lll)si-  In  the 
core  of  the  pyramid  (at  or  above  the  seed  windows),  dislocations  thread  through  the  pyramid 
perpendicular  to  the  interface  plane  with  very  high  density.  Some  of  these  threading  dislocations, 
which  originate  from  the  GaN/AlN  seed  layer,  form  90®  bends  and  half  loops  at  the  edge  of  the 
pyramid  core.  In  the  lateral  growth  part  of  the  GaN  pyramid,  the  dislocation  density  is  relatively 
low.  The  majority  of  dislocations  thread  through  the  pyramid  parallel  to  the  interface  plane.  Planar 
defects,  usually  parallel  to  the  interface  plane,  were  observed  near  the  interface.  The  defect  density 
decreases  with  the  distance  away  from  the  interface,  so  that  the  top  several  microns  of  materid 
maybe  completely  defect  free.  The  mechanism  of  the  growth  of  GaN  pyramids  is  discussed  and 
related  to  this  defect  structure. 

INTRODUCTION 

III-V  nitrides  have  been  extensively  investigated  for  applications  in  microelectronic  and 
optoelectronic  devices  because  of  their  wide  direct  bandgap  and  good  thermal,  chemical,  and 
mechanical  stability.  Selective  growth  is  an  important  techniques  in  the  fabrication  of  field  effect 
transistors  (FETs)  [1]  and  semiconductor  micro-device  structures  such  as  quantum  wires  and  dots 
[21.  Selective  growth  can  also  be  used  to  examine  the  growth  mechanisms  and  the  selective  epitaxy 
of  GaN. 

Selective  lateral  growth  of  GaN  on  sapphire  and  SiC  substrates  has  been  reported 
recently  [3].  The  growth  of  single  crystal  GaN  films  on  these  substrates  is  well  documented.  Si  is 
the  substrate  of  choice  due  to  its  low  cost,  large  size,  and  the  potential  for  the  integration  of  GaN- 
based  optoelectronic  devices  with  Si-based  electronics. 

In  the  present  report,  the  microstructure  and  the  lateral  epitaxy  mechanism  of  selectively 
grown  GaN  pyramids  within  windows  in  Si3N4  masks  on  Si(l  11)  substrates  have  been  studied  by 
TEM. 

EXPERIMENTAL  DETAILS 

The  GaN  growth  was  conducted  in  a  low-pressure  metal-organic  chemical-vapor  deposition 
(MOCVD)  system  with  a  vertical  reactor.  A  Si(l  1 1)  wafer  was  etched  in  HF:H20,  rinsed  and  dried 
immediately  before  loading.  The  system  was  evacuated  before  the  pressure  was  regulated  at 
10  Ton*  with  a  constant  H2  flow.  The  susceptor  was  inductively  heated  to  1 150  °C  and  the  Si  wafer 
was  baked  at  this  temperature  for  10  minutes  under  the  H2  flow.  The  AIN  buffer  layer  deposition 
was  initiated  by  flowing  triethylaluminum  (TEA)  and  ammonia  (NH3)  into  the  reactor.  The  AIN 
buffer  layer  was  grown  for  20  minutes,  resulting  in  a  thickness  of  100  nm.  A  thin  GaN  layer  was 
then  grown  with  triethylgallium  (TEG)  for  30  minutes,  resulting  in  a  thickness  of  about 
200  nm.  The  wafer  was  then  deposited  with  a  100  nm  Si3N4  masking  layer  by  plasma-enhanced 
chemical-vapor  deposition  (PECVD).  Arrays  of  openings  of  5  |im  diameter  and  20  jim  center- 
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center  pitch  were  formed  using  photolithography  and  reactive  ion  etching  (RIE).  The  wafer  was 
reloaded  into  the  MOCVD  system  for  the  lateral  overgrowth.  The  system  pressure  was  76  Torr. 
The  growth  started  as  soon  as  the  susceptor  temperature  reached  1050  °C,  by  flowing  ammonia  and 
TEG  into  the  reactor.  The  total  time  for  the  lateral  overgrowth  was  3  hours. 

The  cross-sectional  specimen  was  prepared  using  the  usual  ‘sandwich’  techniques:  ^o 
pieces  of  the  sample  with  the  same  orientation  were  glued  face-to-face  with  epoxy.  After  mechanical 
grinding  and  dimpling  of  the  cross-sectional  specimen  to  a  thickness  of  ~10  pm,  the  specimen  was 
further  thinned  by  ion-beam  milling  to  electron  transparency.  The  specimens  were  then  examined  in 
a  Philips  CM30TEM  operating  at  300  kV.  The  analysis  of  the  composition  was  carried  out  using 
an  Edax  PV9900  XEDS  (X-ray  energy  dispersive  spectrum)  system  attached  to  the  CM30  TEM. 

EXPERIMENTAL  RESULTS  AND  DISCUSSION 


Observation  by  scanning  electron  microscopy  (SEM)  indicates  that  each  pyramid  has 
predominantly  six  { lOTl }  facets  [4].  These  facets  are  identical  to  those  of  the  pyramids  grown  on 
sapphire  and  SiC  substrates  [3].  Visible-light  microscopy  (VLM)  of  these  specimens[4]  can  reveal 
the  interface  between  the  pyramids  and  the  substrate,  and  show  some  fine  structures  in  the  center  of 
the  pyramids.  There  is  a  difference  in  the  contrast  between  the  center  part  and  the  lateral  part  of  the 
pyramids.  This  difference  could  be  associated  with  local  differences  in  the  defect  density  and 
growth  mechanism.  The  height  and  width  of  the  pyramids  are  '-15  pm. 


Figure  1  A  low-magnification  bright-field  (BE)  image  of  the  cross-sectional  specimen 
showing  a  pyramid,  g  =  0002. 


Figure  1  is  a  low-magnification  bright-field  (BE)  image  of  the  cross-sectional  specimen.  A 
selectively  grown  GaN  pyramid  on  Si  substrate  was  clearly  revealed  in  this  image.  In  the  center  of 
the  GaN  pyramid  (at  and  above  the  window  area),  dislocations  thread  through  the  pyramid  nearly 


perpendicular  to  the  interface  plane  and  the  dislocation  density  is  quite  high.  In  the  lateral  growth 
part  of  the  pyramid,  the  dislocations  thread  through  the  pyramid  par^lel  to  the  interface  plane.  It  is 
apparent  that  the  density  of  the  defects  in  the  lateral  part  is  lower  than  the  core  part  (at  and  above  the 
window  area)  of  the  pyramid  and  decreases  with  the  distance  away  from  the  interface.  Planar 
defects,  usually  parallel  to  the  interface  plane,  were  also  observed  near  the  interface.  The  mask 
(having  a  low  average  atomic  number,  Z)  is  revealed  by  the  bright  line  between  the  pyramid  and  the 
substrate  in  the  mass-thickness  contrast  TEM  image  of  the  cross-sectional  specimen  in  figure  2. 
The  size  of  the  window  in  the  mask  is  ~5  pm.  The  base  of  the  pyramid  is  15  pm  wide  from  this 
image,  consistent  with  the  observations  of  VLM.  The  GaN  pyramids  clearly  extend  laterally  well 
beyond  the  window.  The  contrast  in  the  image  also  confirms  that  there  is  a  layer  between  the  Si3N4 
mask  and  the  substrate.  At  high  magnifications,  this  layer  is  revealed  to  contain  the  expected  two 
layers  with  thicknesses  of  150  nm  and  125  nm,  respectively.  The  thickness  of  the  mask  is  about 
80  nm  [4]. 


Pyramid(GaN) 


Substrate  (Si) 


Figure  2  A  low-magnification  mass-thickness  contrast  TEM  image  of  the  cross-sectional 
specimen  showing  the  mask. 


(a)  (b) 

Figure  3  The  X-ray  composition  map  across  the  interface  region,  (a)  Ga,  (b)  Si. 

The  composition  map  across  the  interface  is  given  in  Figure  3,  The  images  show  the 
corresponding  X-ray  composition  maps  for  the  elements  Ga  and  Si.  They  confirm  that  the  pyramid 
and  seed  layer  are  GaN,  and  the  substrate  is  Si.  Selected-area  diffraction  (SAD)  patterns  from  the 
interface  area,  the  GaN  pyramid,  and  the  substrate  confirm  that  the  GaN  pyramid,  the  GaN  layer, 
and  the  AIN  buffer  layer  are  all  monqcrystalline,  with  an  epitactic  relationship  with  respect  to  the  Si 
substrate:  [ll20]GaN  H  [1120]ain  H  [HOJsi  and  (OOOl)GaN  H  (OOOI)ain  li  (lll)si  [4]. 


Figure  4  A  weak-bcam  dark-ficld  (WBDF)  image  taken  near  the  [1  l50j  GaN  zone  axis 
with  g/4g,  g  =  0002.  In  the  figure,  “M”  represents  mask,  “GA” 

represents  the  GaN  seed  layer  and  the  AIN  buffer  layer. 

A  representative  distribution  of  the  dislocations  within  the  core  part  in  the  pyramid  is  shown 
in  Figure  4.  This  weak-beam  dark-field  (WBDF)  image  is  taken  near  the  [1 12()J  GaN  zone  axis 
with  the  g/4g  condition,  g  =  0002.  In  the  figure,  “M”  represents  the  Si3N4  mask,  “GA” 
represents  the  GaN  seed  layer  and  the  AIN  buffer  layer.  Planar  defects  parallel  to  the  interface  plane 
were  clearly  revealed  near  the  interface  in  the  lateral  growth  part  of  the  pyramid.  Convergent-beam 
electron  diffraction  (CBED)  was  attempted  in  order  to  determine  if  there  was  polarity  change 
(inversion)  across  the  boundaries  of  the  planar  defects.  However,  no  unambiguous  determination 
could  be  obtained  due  to  the  very  high  density  of  the  defects  in  this  area. 

Further  WBDF  images  were  taken  from  the  lateral  growth  part  of  the  pyramid  in  order  to 
analyse  the  dislocation  characteristics.  Representative  images  are  shown  in  Figure  5.  There  are  four 
defects  in  the  WBDF  images.  These  defects  (dislocations  or  dislocation  loops)  are  indicated  as  A, 
B,  C,  and  D  in  the  figures  at  different  conditions.  Figure  5(a)  with  g/5g,  g  =  1 101 ,  and  (b)  g/5g  g  = 
OOOl.  In  Figures  5(a),  the  electron  beam  is  nearly  parallel  to  the  GaN  [1 150]  zone  axis  and  in  (b) 
the  GaN  [01  TO]  zone  axis.  The  thickness  fringes  terminated  at  the  ends  of  the  dislocations  can  be 
used  to  determine  the  Burgers  vector  of  the  dislocations  with  Ishida's  method  [5,6].  All  the 
thickness  fringes  terminated  at  the  left-hand  ends  of  the  dislocations  are  indicated  by  arrows. 
Defects  A,  C,  and  D  are  dislocations,  while  defect  B  could  have  an  associated  dislocation  half  loop. 
By  using  these  thickness  fringes,  together  with  g*b  contrast  analysis  [6],  the_Burgers  vectors  of 
divSlocationsA,  B,  C,  and  D  were  determined  to  be  ’/3[5l  10],  ’/3[l5l0],  •/3[1 120],  and  */3[l5l0], 
respectively.  The  line  directions  of  dislocations  A,  C,  and  D  were  determined  to  be  V3[2TT0],  [1 
010],  and  03[2TTO],  respectively  [4],  by  trace  analysis  [6].  It  is  clear  that  the  dislocations  observed 
could  be  either  pure  screw  or  mixed  dislocations  with  a  30®  or  60°  angle  between  the  Burgers  vector 
and  the  dislocation  line. 


Figure  5  Weak-beam  dark-field  images  with  (a)  g/5g,  g  =  ITOI  and  (b)  g/5g, 
g  =  0002.  In  (a),  the  ele(^on  beam  is  nearly  parallel  to  the  GaN  [1 120]  zone 
axis,  in  (b)  the  GaN  [0110]  zone  axis. 

CONCLUSIONS 

Based  on  the  TEM  observation,  the  following  conclusions  can  be  drawn: 

•  The  GaN  pyramid,  GaN  seed  layer,  and  AIN  buffer  layer  in  the  samples  have  the  following 
epitactic  relationship  with  respect  to  the  Si  substrate:  [1120]GaN  If  [1120]ain  N  [Tl0]si  and 
(0001)GaNll(0001)AlN  IKllDsi. 


•  In  the  core  of  the  pyramid  (at  or  above  the  seed  windows),  dislocations  thread  through  the 
pyramid  perpendicular  to  the  interface  plane  with  very  high  density.  Some  of  these  threading 


dislocations,  which  originated  from  the  GaN/AlN  seed  layer,  were  found  to  form  90°  bends  and 
half  loops  at  the  edge  of  the  pyramid  core.  The  Burgers  vector  of  these  half  loops  is  of  [0001] 
type. 

•  At  the  lateral  growth  part  of  the  GaN  pyramid,  the  dislocation  density  was  relatively  low.  The 
majority  of  dislocations  thread  through  the  pyramid  parallel  to  the  interface  plane.  The  Burgers 
vectors  of  most  dislocations  are  V3<1120>,  they  could  be  either  pure  screw  or  mixed 
dislocations  with  a  30°  or  60°  angle  between  the  Burgers  vector  and  the  dislocation  line. 
Dislocation  half  loops  with  Burgers  vector  V3<1 120>  was  also  observed.  All  these  defects  lie 
on  the  (0001)  plane. 

•  Planar  defects  mostly  parallel  to  the  interface  plane  were  observed  near  the  interface. 

•  The  defect  density  decreases  with  the  distance  away  from  the  interface,  the  top  several  microns 
of  material  being  completely  defect  free. 
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Abstract 


Nominally  undoped  cubic  GaN  epilayers  deposited  by  rf-plasma  assisted  molecular  beam 
epitaxy  on  semi-insulating  GaAs  substrates  were  investigated  by  electric  and  photoelectric 
spectroscopical  methods.  As  a  consequence  of  the  existence  of  deep  levels  in  the  GaAs-substrate 
itself,  special  care  has  to  be  taken  to  separate  the  contributions  of  the  substrate  from  that  of  the 
cubic  GaN  epilayer  in  the  various  spectra.  Two  different  contact  configurations  (coplanar  and 
sandwich  structures)  were  successfully  used  to  perform  this  separation.  In  the  cubic  GaN  epilayer 
a  trap  with  a  thermal  activation  energy  of  (85±20)meV  was  found  by  thermal  admittance 
spectroscopy  and  thermal  stimulated  currents.  Optical  admittance  spectroscopy  and  photocurrent 
measurements  furthermore  revealed  defects  at  Eg-(0.04-0.13)  eV,  Eg-(0.21-0.82)  eV  and  two 
additional  deeper  defects  at  1.91  Ev  and  2.1  eV,  respectively.  These  defect  related  transitions  are 
very  similar  to  those  observed  in  hexagonal  GaN. 


Introduction 


Cubic  GaN  layers  grown  on  GaAs  are  of  high  interest  for  production  of  devices  such  as 
cleaved  fabry  perot  type  blue  cavities  using  the  substrate  facets  /!/.  Furthermore,  reaching  very 
high  p-type  doping  levels  is  feasible  for  cubic  GaN  121.  However,  for  all  applications  based  on 
cubic  GaN  the  exact  knowledge  of  defects  in  the  layers  is  essential  for  optimization  of  devices. 
Therefore,  intensive  investigations  on  defects  in  GaN  grown  with  MBE  on  semiinsulating  (SI)- 
GaAs  substrates  were  made  with  photoluminescence  (PL),  cathodoluminescence  (CL)  and 
temperature  dependent  Halleffect  measurements  (TDH).  Some  donor-acceptor-pair  transitions 
were  found  in  PL  at  3.15eV  73/  involving  a  donor  at  25meV  and  an  acceptor  at  130meV,  as  well 
as  at  3.178eV  and  3.056eV  747.  An  acceptor  bound  exciton  transition  at  3.088  747  involves  an 
acceptor  at  an  activation  energy  of  212meV.  In  p-type  undoped  c-GaN  grown  under  N-rich 
conditions  an  acceptor  at  an  activation  energy  of  0.445eV  was  observed  with  TDH  757,  whereas  in 
n-type  undoped  c-GaN-layers  grown  under  Ga-rich  conditions  a  shallow  donor  at  an  activation 
energy  of  26meV  and  an  deep  donor  at  an  activation  energy  of  0.6eV  were  found  757.  A  further 
deep  CL  peak  was  observed  at  2.4eV  in  undoped  c-GaN  717. 
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However,  the  electrical  and  photoelectric  characterization  of  cubic  GaN  /SI-GaAs 
involves  some  principle  problems.  SI-GaAs  itself  contains  many  deep  levels  which  must  be 
isolated  in  the  GaN/GaAs  heterostructure  spectra,  complicating  the  analysis  of  the  GaN  layers. 

The  aim  of  our  works  is  the  detection  and  isolation  of  deep  levels  in  n-  and  p-type  GaN 
layers  and  to  separate  them  from  the  defects  in  the  SI-GaAs  substrate  using  thermal  and 
photoelectric  techniques  by  using  different  contact  arrangements  and  different  excitation 
energies. 

Experimental 

Cubic  GaN  (c-GaN)  films  with  a  phase  purity  better  than  99.9%  (estimated  by  both  X-ray 
diffraction  and  Raman  measurements)  were  grown  on  SI-GaAs  substrates  orientated  in  (001) 
direction  by  rf-plasma-assisted  molecular  beam  epitaxy  (MBE)  at  a  substrate  temperature  of 
720‘’C.  Details  of  the  nucleation  process  and  growth  parameters  were  described  in  161.  All 
samples  were  nominally  undoped.  However,  in  c-GaN  the  type  of  conductivity  can  be  influenced 
by  the  growth  conditions  and  both  p-  and  n-type  GaN  layers  with  low  carrier  concentrations  were 
obtained  151.  Three  different  kinds  of  GaN-  layers  were  investigated.  1.)  The  first  group  were 
nominally  undoped  p-type  GaN-layers  with  carrier  concentrations  of  (l-5)xl0'^cm'^  and  Hall 
mobilities  between  220  and  300  cmVVs  (samples  signed  as  PI  and  P2),  2.)  an  nominally 
undoped,  p-type  GaN-  layer  on  top  at  a  p-type  GaAs  buffer  layer  (signed  Bl),  and  3.)  n-type 
GaN  layers,  nominally  undoped  or  slightly  Si-doped  with  carrier  concentrations  below  lO'^^cm  '^ 
and  mobilities  of  a  few  lOOcmVVs  (signed  as  N1  and  N2).  The  SI-GaAs  substrate  is  identical  for 
all  heterostructures  investigated. 

Ohmic  contacts  were  prepared  on  SI-GaAs  after  cleaning  and  chemically  etching  by 
evaporating  the  layer  system  Ni(5nm)/Ge(20nm)/Au(50nm)  and  subsequent  annealing  (see  also 
111).  On  the  GaN-surface  the  contacts  was  realized  by  evaporating  of  A1  and  followed  by 
annealing  for  ohmic  and  a  sputtered  Pt  layer  for  Schottky  contact.  In  coplanar  contact 
arrangement  the  ohmic  as  well  as  the  Schottky-contact  are  on  the  GaN  surface  whereas  the 
sandwich  measurements  were  performed  between  the  ohmic  contact  on  the  GaAs  substrate  and 
the  Schottky  contact  on  the  GaN  side.  All  Schottky  contacts  show  rectifying  behavior  up  to  a 
frequency  of  lOOkHz.  The  contacts  on  the  GaN  layer  have  a  diameter  of  1  mm. 

The  samples  were  characterized  by  thermal  admittance  spectroscopy  (TAS),  thermal 
stimulated  currents  (TSC),  by  DC-photocurrent  spectroscopy  (PC)  and  by  optical  admittance 
spectroscopy  (OAS).  The  measurements  were  made  in  the  temperature  range  from  80K  to  450K. 
The  admittance  investigations  were  realized  in  the  range  of  modulation  frequency  between  20Hz 
and  IMHz.  The  optical  excitation  in  TSC  measurements  was  performed  with  a  laser  at  a 
wavelength  of  675nm  and  a  mercury-tungsten- lamp  with  an  optical  band  pass  filter 
((330±30)nm). 

OAS  and  PC  investigations  were  performed  in  the  wavelength  region  from  300nm  to 
3000nm  using  monochromator  systems  with  Xe-lamp  and  W-lamps.  The  OAS  and  TAS 
experimental  technique  and  the  evaluation  methods  are  described  in  detail  elsewhere  /8/. 
Furthermore,  the  use  of  OAS  and  PC  to  evaluate  defect  transitions  in  hexagonal  GaN  layers  is 
described  in  191.  Details  for  the  investigation  of  defects  in  hexagonal  GaN  using  TAS  are  given  in 
710/  and  in  111  for  TAS  and  TSC  investigations  of  GaAs. 


Results  and  Discussion 


Fig.  1  shows  TAS  spectra  of  the  sample  P2  measured  in  sandwich  and  coplanar  contact 
arrangements.  The  main  defect  LI  with  EA=(530±30)meV  in  the  spectrum  of  the  sandwich 
arrangement  is  probably  the  well  known  deep  level  EL3  in  the  GaAs  substrate  111. 


T  (K) 


Fig.  1  :  TAS  spectra  of  the  sample  P2  in  coplanar  and  sandwich  contact  arrangement.  The 
corresponding  Arrhenius  plots  are  shown  in  the  insert. 

However,  a  further  peak  L2  at  lOOK  with  a  thermal  activation  energy  of  (105+15)  meV 
exclusively  shows  up  in  coplanar  contact  arrangement.  Thus,  we  conclude  that  this  defect  L2  is 
located  within  the  GaN  layer.  In  another  sample  a  level  with  an  activation  energy  of  (89±20)meV 
was  observed  by  TAS  in  coplanar  contact  arrangement  in  the  same  temperature  range. 

For  the  separation  of  the  deep  levels  we  also  performed  TSC  measurements  with  different 
excitation  energies  while  the  GaN  layer  is  excited  by  UV-light  with  a  wave  length  of  (330+30) 
nm,  a  laser  at  675nm  mainly  stimulates  the  GaAs  substrate  (low  absorption  coefficient  in  the 
GaN-layer).  A  comparison  of  both  TSC  spectra  in  Fig.  2  shows,  that  the  defect  level  at  about 
120K  with  Ea=  (85+15)  meV  only  appears  after  UV-exeitation.  Therefore,  we  conclude  that  this 
level  is  located  within  the  GaN  layer  and  is  the  same  trap  L2  found  with  TAS  as  mentioned 
above. 

In  our  photoelectrical  measurements  (OAS,  PC)  the  deep  levels  in  the  GaAs  substrate 
were  detected  also.  However,  the  spectral  ranges  of  the  transitions  in  GaAs  and  GaN  were  well 
distinguishable  as  shown  in  Fig.  3.  The  relative  signals  from  the  GaAs  substrate  and  from  the 
GaN  layer  could  be  changed  by  using  sandwich  or  coplanar  contact  arrangement  similar  as  in  the 
case  of  TAS  measurements.  The  OAS  spectrum  of  a  sandwich  arrangement  were  dominated  by 
the  near  band  gap  peak  (NBG)  of  the  GaAs  substrate.  But  using  coplanar  contacts  the  GaN 
spectrum  exhibited  more  features  and  some  additionally  transitions  stemming  from  the  GaN 
layer,  which  were  hardly  observed  in  the  sandwich  structure. 


Fig.  2  :  TSC  spectrum  of  sample  PI  with  different  light  excitations  (UV-lamp  and  675nm  laser). 
The  inset  shows  the  Arrhenius  plot  of  the  UV-induced  trap. 


Fig.  3  ;  OAS  spectra  of  the  samples  PI  and  B1  in  sandwich  and  coplanar  contact  arrangements. 

Fig.  4  gives  an  example  of  the  OAS  spectrum  of  the  sample  P2.  For  the  GaN  samples  PI, 
P2  and  B1  all  defect-band-transitions  found  were  summarized  in  Table  I. 

In  the  near  band  gap  region  transitions  involving  shallow  levels  up  to  EG-!30meV  appear 
which  are  comparable  with  the  defects  measured  by  TAS  and  TSC.  Furthermore,  the  band 
between  3.0  and  2.2eV  consist  of  deep  level-opposite  band-  transitions  and  is  adequate  to  the 
“blue  band“  in  hexagonal  GaN  191 .  Some  of  these  deep  levels  were  also  detected  by  PL  - 


measurements  (see  /4/  and  151).  The  yellow  band  at  2.1eV  and  the  1.9eV  band  show  the  existence 
of  very  deep  levels. 

Table  I :  Summary  of  defect  -band-transitions  of  cubic  GaN/  SI-GaAs  heterostructures  found  with 
OAS  and  PC  at  room  temperature.  A  value  of  3.23eV  was  assumed  as  the  gap  energy  at  295K 
/ll/. 


Eoh  (eV) 

designation 

interpretation 

references 

3.1  -3.2 

near  band  gap  (NBG) 

Eg-(0.04-0.13) 

130meV  acceptor /3/ 

3.3  -  2.5 

blue  band  (BB) 

Eg-(0.21±0.03) 

Eg-(0.33±0.03) 

Eg-(0.57±0.05) 

212meV  acceptor /4/ 

0.6eV  donor /5/ 

2.41  -  2.44  and 
2.15-2.18 

yellow  band  (YB) 

2.4eV  CL-peak/1/, 

/1 2/ 

1.9-1.94 

deep  defect-band 
transition  (DB) 

deep  defect 

Fig.  4  :  OAS  spectrum  of  sample  P2  in  coplanar  contact  arrangement  (the  transition  energies  are 
listed  in  Table  I).  The  meaning  of  the  abbreviations  is:  NBG  near  band  gap  region:  BB  blue  band 
region:  YB  yellow  band  region;  DB  deep  defect-band  transition. 

It  is  important  to  note,  that  the  OAS  spectra  of  cubic  GaN  were  very  similar  to  those  of 
hexagonal  GaN  as  described  in  191.  The  spectral  features  in  both  crystallographic  phases  of  GaN 
were  nearly  the  same,  only  the  optical  transition  energies  were  lightly  shifted.  We  therefore 
conclude,  that  the  origin  and  the  formation  mechanism  of  the  deep  defects  in  cubic  GaN  are 
similar  to  those  in  hexagonal  GaN  layers.  This  is  further  supported  by  DLTS  measurements  on 
hexagonal  GaN  by  FANG  et  al.  /1 3/  how  reported  DLTS  traps  similar  to  those  seen  here, 
especially  in  the  0.2eV  range.  However,  due  to  the  phase  purity  of  our  sample,  which  is  better 


than  99.9%  and  the  optical  shift  to  lower  energies,  we  can  exclude  that  the  traps  arc  generated  by 
the  h-GaN  component. 

In  conclusion,  we  have  investigated  nominally  undoped  cubic  GaN  layers  grown  by  rf- 
plasma  assisted  MBE  on  SI-GaAs  using  thermal  and  optical  admittance  spectroscopy  (TAS  and 
OAS)  and  thermal  stimulated  currents  (TSC)  measurements.  By  comparing  coplanar  and 
sandwich  contact  arrangements  we  could  separate  the  GaAs-substrate  related  defects  from  the 
defects  in  the  cubic  GaN  epilayer.  Although  in  TAS  and  TSC  the  deep  levels  of  the  GaAs 
substrate  (EL2,  EL3  and  EL5)  arc  observed  in  all  spectra,  a  defect  with  a  thermal  activation 
energy  between  85meV  and  105  meV  can  clearly  be  located  in  the  cubic  GaN  films.  OAS 
measurements  showed  defect-to  band  transitions  in  a  wide  range  of  transition  energies.  Besides 
two  deep  defects  at  2.1  eV  and  1.9  eV,  defects  in  the  range  of  EG-(0.21-0.82)eV  and  shallower 
defects  at  Eg-(0.04-0.13)  eV  were  also  observed.  The  OAS-spcctra  of  cubic  GaN  layers  were 
very  similar  to  those  of  hexagonal  GaN,  indicating  the  same  nature  of  defect  formation 
mechanism. 
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Abstract:  The  effect  of  hydrostatic  pressure  on  optical  transitions  in  InGaN/GaN  multiple 
quantum  wells  (MQWs)  has  been  studied.  Photoluminescence  (PL)  and  photomodulated 
transmission  (PT)  measurements  were  performed  under  applied  pressure  to  examine  the  pressure 
dependence  of  optical  transitions  associated  with  confined  states  in  MQWs.  The  PL  emission 
from  the  MQWs  was  found  to  shift  linearly  to  higher  energy  with  applied  pressure  but  exhibit  a 
significantly  weaker  pressure  dependence  compared  to  epilayer  samples  with  similar  bandgap 
energies.  Similar  pressure  coefficients  obtained  by  PT  measurements  rule  out  the  possibility  of 
PL  resulting  from  deep  localized  states.  We  show  that  the  difference  in  the  compressibility  of 
InGaN  and  of  GaN  induces  a  tensile  strain  in  the  compressively  strained  InGaN  well  layers  that 
partially  compensates  the  applied  hydrostatic  pressure.  This  mechanical  effect  is  the  primary 
factor  for  the  smaller  pressure  dependence  of  the  optical  transitions  in  the  InGaN/GaN  MQWs. 
At  pressure  above  100  kbar,  the  PL  signal  in  MQWs  samples  is  quenched,  indicating  that  the 
carriers  involved  in  the  radiative  recombination  processes  in  the  well  layers  originate  primarily 
from  the  adjacent  GaN  layers. 

INTRODUCTION 

The  InxGaj.xN  alloy  system  and  related  heterostructures  such  as  quantum  wells  (QWs) 
are  attracting  much  attention  because  of  their  scientific  and  technological  importance.  This  has 
been  manifested  by  recent  breakthroughs  in  the  development  of  high-efficiency  blue  light 
emitting  diodes  and  laser  diodes  using  InxGai-xN/GaN  QW  structures  as  active  media  materials. 
A  large  number  of  studies  on  the  optical  properties  of  InGaN  epilayers  and  InGaN/GaN  QW 
structures  have  been  reported.  In  particular,  recent  pressure-dependent  photoluminescence  (PL) 
studies  on  bulk- like  lUxGai.xN  epitaxial  layers  have  found  that  the  pressure  coefficients  of  the  PL 
emission  from  InGaN  epilayers  do  not  substantially  differ  from  that  of  GaN.'’^  In  addition,  the 
pressure  coefficient  of  GaN  grown  epitaxially  on  sapphire  does  not  differ  from  that  of  bulk 
GaN,^  suggesting  that  the  highly  defective  region  near  the  GaN/sapphtre  interface  plastically 
deforms  under  applied  pressure.  The  pressure  dependent  measurements  are  consistent  with 
theoretical  predictions  of  the  pressure  dependence  of  the  band  gap.'*  Recent  pressure-dependent 
studies  of  the  optical  properties  of  InxGai.xN/GaN  QWs  have  found  that  the  pressure  coefficients 
of  luminescence  emission  depend  on  QW  sample  structure  and  the  In  concentration.^’®  One 
explanation  of  these  results  is  that  highly  localized  states,  with  small  pressure  coefficients,  could 
be  involved  in  the  emission  processes  in  the  QWs. 

Here  we  present  a  high-pressure  study  of  optical  transitions  in  an  Ino.15Gao.85N/GaN 
multiple  quantum  well  (MQWs)  sample.  Both  photomodulated  transmission  (PT)  and 
photoluminescence  (PL)  measurements  were  performed.  A  comparison  between  the  pressure 
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dependence  of  the  absorption  process  probed  by  PT  and  that  of  the  emission  process  measured 
by  PL  provides  direct  insights  into  the  nature  of  the  electronic  states  involved. 

EXPERIMENT 

The  Ino,i5Ga{),85N/GaN  MQW  sample  used  in  this  work  is  a  laser  diode  structure  prepared 
by  metalorganic  chemical  vapor  deposition.  It  consists  of  a  10-period  Ino.i^Gao.s^N/GaN 
superlattice  grown  on  a  4-pm  thick  GaN  layer  deposited  on  a  sapphire  substrate,  and  it  is  capped 
by  a  0.2-|lm  GaN:Mg  p-type  layer.  The  thicknesses  of  the  well  and  the  barrier  are  18  and  62  A, 
respectively.  These  values  were  derived  from  X-ray  diffraction  (XRD)  measurements  of  the 
superlattice  period  (80  A)  and  the  ratio  of  the  well/barrier  growth  times  (35/120).  The  averaged 
In  concentration  was  determined  by  Rutherford  backscattering  spectrometry.  The  MQW 
structure  is  pseudo  morph  ic  ally  strained  to  the  underlaying  GaN  layers.’ 

Photomodulation  measurements  were  performed  in  a  transmission  geometry  using  a 
150W  xenon  lamp  as  probing  light  source  and  a  chopped  HeCd  laser  beam  (3250  A)  as 
modulating  light.  PL  signals  resulted  from  excitation  by  the  laser  and  were  dispersed  by  a  1-M 
double-grating  monochromator.  Application  of  hydrostatic  pressure  was  accomplished  by 
mounting  small  sample  chips  with  sizes  of  --200x200  pm^  into  gasketed  diamond  anvil  cells.  A 
small  ruby  chip  was  also  placed  in  the  DAC  for  pressure  calibration.  All  the  .spectra  reported  in 
this  work  were  recorded  at  room  temperature  (295  K). 


RESULTS  AND  DISCUSSION 


Fig.l  shows  PT  spectra  taken 
from  the  Ino.isGao.sgN/GaN  MQW 
sample  and  two  thick  epi layer  .samples 
(Ino.isGao.ssN  and  Ino.uGao.sgN)  at 
ambient  pressure.  The  derivative-like 
spectral  signatures  denoted  as  Eo  in  the 
spectra  are  associated  with  the  optical 
transitions  across  the  band  gap  of  the 
respective  samples.  Note  that  the 
quantum  confinement  effects  on  the 
electron  and  hole  states  in  the  MQW 
have  shifted  the  band  gap  of  Ino^sGa^  s.-iN 
to  an  energy  approximately  equal  to  that 
of  bulk  Ino.iiGao.soN.  The  second 
derivative-like  spectral  feature  (denoted 
as  El)  in  the  PT  spectrum  of  the  MQW  is 
due  to  transitions  from  ionized  Mg 
acceptor  states  to  the  conduction  band 
edge  in  the  /7-type  GaN  cladding  layer. 
As  commonly  observed  in  InGaN  alloys 
and  related  heterostructure  samples,  the 
MQW  sample  exhibits  fairly  broad  PT 
and  PL  spectral  lineshapes.  A  Stokes 
shift  of  the  PL  peak  energy  (2.99  eV) 
relative  to  the  transition  energy  (Eo)  was 
observed. 


Photon  Energy  (eV) 


Fig.  1.  PT  .spectra  of  an  Ino  isGao  s.sN/GaN  MQW  .sample 
and  two  (Ino  i<iGao  85N  and  Ino  i^Gao  s^N)  epilayer  samples 
at  ambient  pressure 


The  pressure  induced 
energy  shifts  for  the  Eo  transition 
and  PL  peak  if  the  MQW  sample, 
along  with  the  PL  emission  from 
the  thick  Ino.11Gao.89N  epilayer,  are 
plotted  in  Fig. 2.  The  inset  of  the 
figure  shows  a  comparison  of  the 
PL  spectra  taken  from  these  two 
samples.  The  solid  lines  in  the 
figure  are  least-squares  fits  to  the 
experimental  data  using  the  linear- 
fit  function 

E(P)=E(0)+aP,  (1) 


where  the  energy  E  is  in  eV  and  the 
pressure  P  is  in  kbar.  The  pressure 
coefficients  for  the  Eo  transition 
and  the  PL  emission  in  MQWs 
were  determined  to  be  3.0x10'^ 
Fig.2.  Shift  of  the  PT  transition  and  PL  emission  energies  for  eV/kbar  and  2.8x10’^  eV/kbar, 

the  MQW  sample  and  the  Ino,,Gao.89N  epilayer  sample  as  a  respectively  A  best  fit  to  the  PL 

function  of  applied  pressure.  The  solid  lines  are  the  linear  fits  sample 

to  the  data.  The  inset  shows  the  PL  spectra  of  the  samples  at  .  ^ 

,  .  t'  yields  a  pressure  coefficient  of 

ambient  pressure.  4.0x10'^  eV/kbar.  The  pressure 

dependence  of  the  interband  Eo 

transition  and  the  PL  emission  in  the  MQW  sample  is  much  weaker  than  that  of  thick,  bulk-like 

Ino.11Gao.89N  epitaxial  layer.  Although  weaker  pressure  dependences  of  PL  emissions  in 

InGaN/GaN  quantum  wells  were  previously  reported,’’^  this  is  the  first  time  that  a  significantly 

smaller  pressure  dependence  of  an  interband  absorption  in  InGaN/GaN  MQWs  has  been 

observed.  The  fact  that  the  pressure  coefficient  obtained  by  PT  measurements  is  very  similar  to 

that  derived  from  PL  measurements  infers  that  the  possibility  of  the  PL  transition  involving  deep 

localized  states  can  be  ruled  out  safely  and  it  further  demonstrates  that  the  PL  process  originates 

from  the  effective-mass  band-edge  states  in  the  MQW  sample. 

Application  of  hydrostatic  pressure  to  strained  QWs  consisting  of  barrier  and  well 
materials  with  very  different  bulk  moduli  will  lead  to  uniaxial  strains  that  make  the  barriers  and 
the  wells  experience  different  effective  hydrostatic  and  axial  pressure  components.^’^  Since  the 
MQW  structure  used  in  this  work  was  grown  on  a  thick  GaN  layer,  and  the  GaN  barriers  are 
much  thicker  than  the  Ino.15Gao.85N  wells,  the  deformation  of  the  well  layers  is  dominated  by  the 
compression  of  the  stiffer  GaN  under  hydrostatic  pressure.  The  bulk  modulus  of  InN  (-125 
GPa)^*^  is  approximately  half  of  that  of  GaN  (-210-237  GPa).’®'^^  A  hnear  interpolation  gives  a 
bulk  modulus  of  Ino.15Gao.85N  about  7%  smaller  than  that  of  GaN.  Under  hydrostatic  pressure 
conditions,  a  tensile  strain  will  be  induced  in  the  compressively  strained  Ino.15Gao.85N  well  layers 
in  the  MQW  structure  to  compensate  the  applied  hydrostatic  pressure  because  Ino.15Gao.85N  has  a 
larger  compressibility.  As  a  result,  the  Ino.15Gao.85N  layers  effectively  experience  a  smaller 
hydrostatic  pressure  and  an  additional  (0001)  uniaxial  stress.  The  relative  volume  change  with 
applied  pressure  can  be  estimated  using  the  Murnaghan  equation  of  state: 


0,015 


P=(B,/B,')\(V,/vf’-\].  (2) 


Pressure  (kbar) 


Here  Bo  is  the  bulk  modulus  and  Bo 
is  its  pressure  derivative  {-clB/dP). 
For  a  crystal  with  wurtzite  structure, 
the  relative  volume  change  can  be 
related  to  the  variation  of  lattice 
parameters  a  and  c  as: 

AV/F=:2Afl/fl+Ac/c.  (3) 

The  relative  changes  of  the  lattice 
parameters  can  further  be  related 
through  the  elastic  stiffness 
coefficients  as: 

Ar/c=-2(Ci3/C33)Af//r/.  (4) 


Fig.3.  Relative  change  of  the  c-lattice  constant  of  an  Under  the  conditions  that  the 
Ino.isGao.R^N  layer  pseudomorphically  strained  to  GaN  (solid  loo.i.sGao  s.sN  well  layers  remain 
line)  and  a  strain-free  Ino.i5Gao8,<iN  layer  (dashed  line)  as  a  pseudomorphically  strained  to  GaN 
function  of  pressure.  at  high  pressures,  the  variation  of  the 

^-lattice  parameter  of  the  well  layers 
has  to  match  the  change  of  the  rr-lattice  constant  of  GaN  under  pressure.  Using  the  first-order 
(linear)  approximation,  the  relative  changes  of  the  c-lattice  constant  as  a  function  of  applied 
hydrostatic  pressure  for  a  pseudomorphically  strained  to  GaN  and  .strain-free  (free  standing) 
Ino.isGao.ssN  layer  can  be  expressed  as: 


Ac/c=  PIBo'"^"’^  -  Ci3/C33)^'’"''j, 

(5) 

and 

Ac/c=  P/f/?/'^''^(l-  C33/C,3)'''''"'"'j, 

(6) 

respectively.  The  calculated  results  arc  given  in  Fig.3.  The  numerical  values  of  C|.^=108  GPu  and 
C33=399  GPa  for  GaN  and  Ci3=94  GPa  and  C33=200  GPa  for  InN  were  used,  and  no  fitting 
parameters  were  invoked  in  the  calculations.  As  is  shown  in  the  figure,  the  overall  effect  of 
mechanical  .strain  is  to  make  a  strained  Ino.i^GaossN  layer  sandwiched  by  stiffer  GaN  layers  be 
compressed  less  than  a  free-standing  layer  at  a  given  externally  applied  hydrostatic  pressure.  The 
effective  pressure  experienced  by  the  well  layers  is  only  about  74%  of  tbe  applied  pressure.  A 
pressure  coefficient  of  3.7-4.0x10'^  eV/kbar  can  be  derived  from  this  purely  mechanical 
correction.  Fig.4  shows  this  mechanical  correction  to  the  experimental  data.  Therefore,  we 
attribute  the  difference  in  the  compressibility  of  Ino  i.-sGa^.s-sN  from  that  of  GaN  to  be  the  major 
factor  re.sponsible  for  the  significantly  weaker  pressure  dependence  of  the  confined  transition  in 
our  MQW  sample. 

We  also  found  the  PL  intensities  from  the  MQWs  and  the  In()iiGa<)K9N  sample 
experienced  a  sudden  drop  as  the  applied  pressure  rises  above  100  kbar,  whereas  their 
luminescence  intensities  did  not  change  much  at  pressures  below  100  kbar,  as  shown  in  Fig. 5. 
While  the  PL  intensity  of  the  epilaycr  sample  was  found  to  decrease  by  a  factor  of  four,  the  PL 
signal  from  the  MQW  in  fact  was  quenched  completely  at  pressures  beyond  100  kbar.  This 
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Fig.4.  Comparison  of  the  PT  and  PL  transition 
energy  shifts  in  the  MQW  sample  as  a  function  of 
pressure  after  the  mechanical  correction  to  the 
experimental  data. 


Fig.5.  Change  of  PL  intensities  with  pressure  for 
the  MQW  sample  (solid  circles)  and  the 
Ino.iiGao.ggN  sample  (open  triangles). 


observation  provides  direct  evidence  that  the  PL  emission  from  the  MQW  sample  is  dominated 
by  contributions  from  the  carriers  photo-generated  in  the  GaN  cladding,  barrier  and  underlying 
layers.  After  being  generated  in  the  GaN  layers,  electrons  and  holes  diffuse  into  the  well  regions, 
and  thermalize  down  to  the  lowest  confined  states,  respectively,  where  they  radiatively 
recombine  to  produce  PL  emissions.  At  pressures  beyond  100  kbar,  the  band-gap  energy  of  GaN 
becomes  larger  than  the  photon  energy  of  the  excitation  laser  line  (3.81  eV),  so  that  very  few 
carriers  could  be  generated  in  the  GaN  layers.  At  that  point,  the  PL  emission  from  the  MQW 
collapsed,  indicating  that  the  carriers  created  directly  in  the  very-thin  well  layers  do  not 
contribute  noticeably  to  the  PL  signal  at  room  temperature.  The  residual  PL  emission  in  the 
epilayer  sample  above  100  kbar  is  primarily  due  to  its  large  thickness. 

CONCLUSIONS 


We  found  that  both  PT  and  PL  spectral  features  corresponding  to  the  transition  associated 
with  the  confined  states  in  an  Ino.15Gao.85N/GaN  MQWs  exhibit  a  significantly  smaller  pressure 
dependence  as  compared  to  bulk-like  thick  InGaN  epitaxial-layer  samples.  The  very  similar 
pressure  coefficients  obtained  by  monitoring  two  different  transition  processes,  i.e.,  absorption 
(PT)  and  recombination  (PL),  rule  out  the  possibility  of  PL  resulting  from  localized  states  deep 
in  the  band  gap.  The  difference  in  the  compressibilities  of  Ino.i5Gao,85N  and  GaN,  which  induces 
a  tensile  strain  in  the  Ino,i5Gao.85N  well  layers,  partially  compensating  the  externally  applied 
hydrostatic  pressure,  was  found  to  be  primarily  responsible  for  the  smaller  pressure  dependence 
obsserved  for  the  confined  transition  in  the  MQW  sample.  An  abrupt  decrease  of  PL  intensity  in 
the  MQW  and  Ino.nGao.sgN  samples  was  also  observed  at  pressures  above  100  kbar.  The  loss  of 
the  supply  of  photo-carriers  from  GaN  layers  above  100  kbar  is  found  to  be  responsible  for  the 
sudden  drop  of  the  PL  intensity  in  the  epilayer  sample  and  the  quenching  of  the  PL  signal  in  the 
MQW  sample  at  room  temperature  because  the  band  gap  of  GaN  exceeds  the  photon  energy  of 
the  excitation  light  source. 
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ABSTRACT 

The  crystal  structure  and  surface  morphology  of  hydride  vapour  phase  epitaxy  grown  thick 
(12-105  |j,m)  GaN  layers  have  been  investigated  as  a  function  of  growth  rate  using  several 
structure  sensitive  techniques  like  atomic  force  microscopy  (AFM),  x-ray  dilfraction  (XRD)  in 
o>20  and  a>rocking  curve  measurements  as  well  as  low  temperature  photoluminescence  (PL). 
PL  and  XRD  measurements  reveal  rather  narrow  lines:  full  width  at  half  maximum  (FWHM) 
values  of  the  strongest  donor-bound  exciton  line  are  in  the  range  from  6.0  to  1.8  meV  and  a>20 
FWHM  values  are  between  80  and  23  arcsec  indicating  good  structural  quality  of  the  films. 
The  (o-rocking  curves  show  a  single  peak  for  the  thinnest  films  with  a  FWHM  of  250  arcsec 
and  multiple  peaks  with  FWHM  of  about  250-350  arcsec  in  thicker  films  indicating  the 
formation  of  several  high-quality  domains  when  increasing  either  thickness  or  growth  rate. 
Optical  microscopy  and  AFM  images  reveal  a  domain  type  of  morphology  and  also  show  an 
appearance  of  spiral  hillocks  in  layers  grown  at  growth  rates  exceeding  a  critical  value.  We 
interpret  these  results  as  dominating  2D  multilayer  growth  at  low  growth  rates,  and  competing 
2D  multilayer  and  spiral  growth  mechanisms  at  high  growth  rates. 

INTRODUCTION 

The  growth  of  GaN  is  challenging,  in  part  due  to  the  independent  optimisation  of  many 
growth  parameters,  and  also  due  to  the  constraint  of  heteroepitaxy.  Typically,  sapphire  or  SiC 
substrates  are  used  for  substrates,  although  they  are  not  lattice  matched  to  the  GaN  layers. 
Thick  hydride  vapour  phase  epitaxial  (HVPE)  GaN  layers  on  sapphire  offer  great  potential  as 
an  alternative  substrate  for  subsequent  nitride  growth.  Studies  by  other  researchers  suggest 
that  the  application  of  thick  GaN  films  for  homoepitaxial  growth  of  MOVPE  GaN  films  may 
lead  to  improved  optical  and  crystalline  characteristics  of  the  material  [1,2].  From  this  point  of 
view,  it  is  very  important  to  reach  higher  growth  rates  in  HVPE  growth  while  maintaining 
acceptable  quality  of  the  material.  It  has  been  found  by  other  authors  that  the  properties  of  thin 
GaN  layers  (several  p,m)  are  very  different  from  those  of  thicker  layers  (over  20  pm),  but  while 
the  thin  MOVPE  grown  GaN  layers  have  been  intensively  studied  recently,  there  are  a  limited 
number  of  reports  focused  on  thick  films  [2-5].  The  growth  mechanism  of  HVPE  grown  GaN 
is  not  fully  understood  at  present,  also  its  influence  on  the  material  properties  is  still  far  from 
complete. 

In  this  study,  we  have  examined  the  optical  and  structural  properties  as  well  as  the 
morphology  of  the  HVPE  GaN  layers  as  a  function  of  growth  rate  in  order  to  gain  insight  into 
the  growth  mechanism  and  its  relationship  to  the  structural  characteristics. 
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EXPERIMENTAL 


All  samples  used  in  this  study  were  grown  under  atmospheric  pressure  in  a  horizontal 
HVPE  system.  The  sources  for  the  V  and  III  elements  were  NH3  and  metal  Ga,  respectively. 
HCl  was  used  for  reacting  with  Ga  at  -850  to  form  GaCl.  The  NH3  and  HCl  were  injected 
separately  and  mixed  at  1060  °C.  The  substrate  was  held  at  1080  °C  and  at  a  distance  of  75-85 
mm  from  the  gas  mixing  point.  All  samples  were  grown  on  a-plane  sapphire  without  a  buffer 
layer.  In  order  to  ensure  a  uniform  nucleation,  the  substrates  were  nitridated  in  20%  NH3 
atmosphere  for  10  minutes.  Two  series  of  GaN  samples  were  investigated.  In  the  first  series  the 
growth  time  was  varied  at  constant  growth  rate,  and  in  the  second  scries,  the  growth  rate  was 
the  variable  parameter  while  the  growth  time  remained  constant.  The  growth  conditions  are 
presented  in  Table  I. 


Table  /.  Growth  conditions  for  two  groups  of  GaN  samples. 


Growth 

temperature 

(°C) 

N2  flow 
rate 

(ml/min) 

NH3  flow 
rate 

(ml/min) 

HCl  flow 

rate 

(ml/min) 

Growth 

rate 

(pm/h) 

Growth 

time 

(min) 

Series  1 

1080 

1000 

400 

24 

-48 

15-  120 

Series  2 

1080 

1000 

400 

10-30 

20-  105 

60 

The  layer  thicknesses  and  interfaces  were  revealed  by  cleaving  or  by  making  a  cross- 
sectional  cut  of  the  sample.  An  optical  microscope  with  Nomarski  interference  contrast  was 
utilised  for  studying  the  surface  morphology.  AFM  measurements  were  performed  with  a 
Nanoscope  Ilia  instrument  operated  in  tapping  mode  using  Si  tips.  Photoluminescence 
experiments  were  performed  in  a  helium  bath  cryostat  at  2  K,  using  the  244  nm  wavelength  of 
a  frequency-doubled  Ar'"  ion  laser.  The  excitation  power  was  about  7  mW  over  a  spot 
approximately  100  pm  in  diameter.  The  luminescence  was  dispersed  by  a  single 
monochromator  (JY  HR460)  with  a  resolution  of  0.4  A  and  detected  by  a  UV  sensitive  CCD 
camera.  The  XRD  measurements  were  performed  with  a  Philips  MRD  system  with  a  Cu 
radiation  source  operated  at  40  kV  and  40  mA.  The  triple  axis  configuration  was  utilised  in 
the  HRXRD  measurements  by  using  a  Ge  (220)  monochromator  and  an  analyzer  crystal  in 
front  of  the  detector.  The  triple  axis  mode  provides  high  resolution,  typically  better  than  12”. 
The  both  PL  and  XRD  methods  at  the  excitation  wavelengths  used  probe  the  uppermost 
several  micrometers  region  of  the  layers. 

RESULTS  AND  DISCUSSION 

Figure  1  presents  a  typical  PL  spectrum  of  GaN  film  over  the  spectral  range  of  3.35  to 
3.55  eV.  All  PL  spectra  indicate  strong  exciton  emissions  at  3.470  -  3.496  eV.  The  major  peak 
is  due  to  transitions  associated  with  neutral  donor  bound  exciton  (DBF)  at  3.478  eV.  Well- 
defined  free-exciton  lines  (A  and  B)  can  be  seen  in  the  spectrum  at  3.486  eV  and  3.494  eV, 
respectively.  The  peaks  due  to  the  transitions  associated  with  neutral  acceptor  bound  cxcitons 
(ABFi)  at  3.474  eV  and  (ABF2)  at  3.461  eV  can  also  be  seen.  The  defined  FWHM  of  the  DBF 
line  ranges  from  6.0  to  1 .8  meV  for  all  samples  studied.  These  results  show  that  the  nominally 
undoped  HVPF-grown  GaN  samples  have  a  good  optical  quality. 

In  order  to  investigate  the  effect  of  growth  rate  on  the  crystalline  quality  of  the  layers, 
we  determined  the  FWHM  of  the  DBF  line  in  the  PL  spectra  as  well  as  FWHM  of  (0002) 
reflection  in  XRD  pattern  using  both  co-26  and  co  measurements.  Their  dependencies  on  the 
film  thickness  of  GaN  layers  grown  for  different  times  at  the  same  growth  conditions  are 
shown  in  Fig. 2(a).  Figure  2(b)  presents  these  characteristics  as  a  function  of  the  growth  rate. 
Information  about  the  variation  in  the  lattice  parameter  (i.e.,  degree  of  strain)  [6]  and  the 


dislocation  distribution  in  the  layers  can  be  provided  via  the  co-20  rocking  curves.  The  FWHM 
obtained  through  a  conventional  co-scan  is  due  primarily  to  the  variation  in  the  mosaic  spread. 


Fig.l  Low  temperature  (2K) 
PL  spectrum  of  80  pm  thick 
GaN  layer.  The  FWHM  of  the 
DBF  peak  is  2.3  meV. 
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Figure  2(a)  shows,  that  increasing  film  thickness  leads  to  an  exponential  decrease  of  the 
PL  and  co-20  linewidths.  In  changing  the  thickness  from  15  to  96  pm,  the  FWHM  of  the 
exciton  PL  peak  varies  from  6.0  to  2.1  meV  and  co-20  FWHM  values  vary  from  84  to  30 
arcsec.  These  values  indicate  that  the  crystalline  quality  of  the  surface  region  of  thick  GaN 
HVPE  films  rivals  the  best  GaN  MOVPE  layers.  The  narrowest  co-linewidth  is  250  arcsec 
obtained  for  GaN  layers  with  a  thickness  of  12  pm,  one  of  the  best  values  reported  for  GaN 
epitaxial  layer  grown  without  a  buffer  layer.  Up  to  a  critical  thickness  (dent)  of  about  42-48  pm, 
the  (0002)  reflection  appears  as  a  single  peak  (Fig. 3a)  in  a  co-scan.  The  co-FWHM  value 
increases  from  250  to  1000  arcsec  with  increasing  thickness  up  to  the  dent  •  It  is  apparent  that 
there  is  an  increase  in  mosaic  spread  in  thinner  layers  despite  that  the  amount  of  stress  in  the 
layers  decreases.  In  the  thicker  layers  (over  than  dent),  multiple  peaks  appear  in  the  co-scans 
(Fig.3b).  A  fitting  procedure  determined  that  each  peak  is  comprised  of  several  subpeaks  with 
a  FWHM  values  in  the  order  of  250-350  arcsec,  indicating  the  formation  of  several  high  quality 
domains. 


Thickness  (pm) 


Growth  rate  (pra/h) 


Fig. 2  PL  (meV)  ana  X-ray  (arcsec)  linewidths  of  GaN  layers  as  a  function  of  thickness  (a) 
and  growth  rate  (b).  The  dotted  lines  in  Fig.2(b)  are  presented  only  as  a  guide  to  the  eye  and 
do  not  necessarily  represent  the  specific  functional  relationship. 


The  dependence  of  the  co-FWHM  on  both  the  thickness  and  the  growth  rate  are  similar. 
At  the  same  time,  the  dependencies  of  FWHM  of  both  PL  line  and  co-20  line  versus  growth 
rate  show  a  more  complicated  behaviour  (Fig.2b).  In  the  beginning,  increasing  the  growth  rate 
results  in  a  broadening  of  both  linewidths.  At  further  increasing  the  growth  rate,  both  a 


multipeak  appearance  in  the  o>scans  and  a  dip  in  the  PL  and  o>20  dependencies  are 
simultaneously  observed.  The  narrowing  of  these  lines  is  indicative  of  improvement  of 
crystalline  quality  of  the  material.  It  seems  that  there  is  a  critical  growth  rate  value  Rent  at 
which  the  behaviour  of  all  dependencies  is  changed. 
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Fig.3  X-ray  (Thscans  of  12  pirn  (a)  and  70  fini  (h)  thick  GaN  layers. 

The  surface  topography  images  of  the  layers  obtained  by  the  optical  micro.scopy  show 
hillock  type  surfaces  as  illustrated  by  Fig.4  (a)  and  (b).  The  hillocks  have  a  six-fold  symmetry 
which  is  a  typical  feature  for  hexagonal  crystals.  The  domains  appear  as  single  islands  on  the 
surface  of  the  12  pm  thick  GaN  layer.  Some  of  them  are  in  the  initial  .stage  of  development 
and  some  of  them  are  further  developed.  The  islands  widen  with  increasing  layer  thickness 
and  coalesce.  Enlargement  of  a  single  island  is  limited  by  other  i.slands  and  correspondingly 
when  they  meet  boundaries  are  created.  It  is  known  that  the  boundaries  have  a  high  density  of 
structural  defects  and  they  are  an  efficient  source  for  more  significant  imperfections.  In 
thinner  films  the  increasing  of  both  domain  size  and  number  results  in  broadening  of  the  o> 
curve.  Further  development  of  the  hillock  structure  leads  most  probably  to  a  domain 
appearance  at  the  critical  thickness  of  about  45  pm  and  to  a  tilting  of  the  domains  which  can 
be  seen  as  multipeaks  in  a>scan.  The  domains  might  be  formed  over  columnar  structure 
crystallities  which  are  expectable  for  heteroepitaxial  growth  without  a  buffer  [71  and  we 
directly  observed  in  our  layers  by  cathodolumincscence  imaging  [8]. 
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Fig.4  Optical  micrographs  of 
the  growth  surface  of  GaN 
layers  with  thickness  of  12  pm 
(a)  and  70  pm  (h)  grown  at  the 
same  growth  rate  (25  pm/h). 
The  marker  represents  200  pm. 


In  the  optical  microscope,  the  surfaces  of  the  domain-facets  appear  smooth.  However, 
when  the  faeets  are  imaged  by  AFM  the  presence  of  steps  are  revealed  which  are  30-80  nm 
wide  and  5-6  A  high  (Fig. 5).  As  mentioned  by  Molnar  et  al.  [2]  this  is  indicative  of  a  step- 
flow  mode  of  growth.  The  step  height  corresponds  to  what  one  would  expect  for  monoatomic 
steps  (c  =  5.19  A).  All  samples  grown  at  growth  rate  lower  that  (about  60  pm/h)  show 
such  kind  of  morphology  independent  of  thickness.  The  morphology  of  our  thinner  HVPE- 


GaN  layer  is  similar  to  that  observed  by  Rihrer  et  al  [9]  for  2.8  fxm  thick  MOVPE  grown 
GaN  layers.  However  more  pronounced  domain  structure  is  typical  for  our  layers  and  taking 
into  account  that  locally  the  growth  remains  two-dimensional  on  the  top  of  each  terrace  or 
island,  the  HVPE  growth  can  be  considered  in  terms  of  a  2D  multilayer  model  [10]  with  high 
lateral/vertical  growth  ratio. 


Fig.  5  AFM  micrographs 
of  the  surface  of  70  pm 
thick  GaN  layer  grown  at 
30  fim/h  growth  rate. 


The  morphology  of  GaN  epilayers  grown  at  higher  growth  rates  exceeding  the  critical 
value  was  found  to  be  completely  different  than  for  layers  grown  at  lower  growth  rate.  It  is 
evident,  even  in  optical  microscope  (Fig. 6),  that  the  domain  facets  are  comprised  of  a  huge 
number  of  small  features. 


(a) 


Fig.  6  Optical  microphotographs  of 
two  GaN  layers  grown  at  growth 
rate  of  70  pm/h  (a)  and  80  pm/h 
(b).  The  marker  represents  50  pm. 


AFM  images  of  thick  layers  (Fig.7)  grown  at  80  pm/h  reveal  the  microstructure  and 
show  a  presence  of  well-formed  terraced  hillocks.  Two  dimensional  images  of  the  layer  surface 
(Fig. 7b)  reveal  perfect  flatness  of  every  terraced  step  and  very  sharp  boundaries  between  them 
with  a  height  of  ~13nm.  Terrace-bunching  resulting  in  hillocks  mediated  by  a  screw  dislocation 
in  the  centre  was  evident.  Using  higher  magnification  (Fig.7c)  we  can  see  that  the 
microstucture  of  every  terrace  was  formed  by  step-flow  mode  growth  with  a  height  of  -10-13 


Fig.7  AFM  micrographs  of  GaN  layer  grown  at  high  growth  rate  (80  pm/h). 


The  growth  mechanism  of  HVPE  GaN  layers  grown  at  high  growth  rate  is  not  exactly 
known;  however  the  spiral  growth  model  based  on  the  existence  of  screw  dislocations  seems  to 
be  involved  too.  The  2D  multilayer  growth  which  is  believed  to  be  responsible  for  the 
background  domain  formation  continues  to  be  the  favourite  layer  creator.  However,  at  such 
high  growth  rates  there  is  a  comparative  contribution  of  the  spiral  growth  mode.  The 
pronounced  effect  of  the  spiral  growth  might  be  related  to  a  critical  supersaturation  of  growth 
environment  with  GaCl.  At  low  NH3/HCI  ratio  of  15:1  used  (compared  to  commonly  used 
40:1  [3]),  Ga  droplets  might  be  formed  which  can  lead  to  the  observed  morphological  features. 
In  general,  at  growth  rates  exceeding  the  Rent  value  both  growth  mechanisms  operate  in  a 
competitive  way  and  the  lateral/vertical  growth  ratio  seems  to  be  much  lower  than  at  low 
growth  rate. 

The  2D  multilayer  growth  is  the  common  growth  mechanism  for  heteroepitaxy. 
Moreover  for  a  system  with  high  lattice  mismatch  between  the  substrate  and  the  layer, 
islanding  driven  by  an  increasing  strain  component  in  the  total  sy.stem  free  energy  usually  leads 
to  relaxation  of  the  system  [10].  So,  the  simultaneous  operation  of  both  mechanisms:  2D 
multilayer  as  a  base  and  spiral  growth  which  provides  steps  and  enhances  nuclcation  sites  in  the 
vicinity  might  explain  the  high  growth  rate  approached  as  well  as  the  improvement  of 
structural  characteristics  with  increasing  the  growth  rate. 

CONCLUSION 

Thick  HVPE-GaN  epitaxial  layers  grown  at  growth  rates  between  20  and  105  pm/h 
were  investigated.  The  layers  exhibit  in  general  a  domain  type  structure  with  a  slight 
misorientation.  It  was  found  that  the  domains  are  of  high  crystalline  quality  based  on  the 
values  of  structural  characteristics.  The  HVPE  growth  of  thick  GaN  layers  proceeds  via  two 
growth  mechanisms:  2D  multilayer  growth  and  spiral  growth  mechanism.  The  fir.st  one  is 
completely  dominant  at  low  growth  rate.  At  higher  growth  rate,  both  growth  mechanisms 
operate  in  a  competitive  way. 
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ABSTRACT 

Single  crystalline  (0001)  gallium  nitride  layers  were  implanted  with  beryllium  and 
subsequently  annealed  within  the  range  of  300-1100  "C  for  10-60  minutes  under  a  flux  of  atomic 
nitrogen  obtained  using  a  rf  plasma  source.  The  nitrogen  flux  protected  the  GaN  surface  from 
decomposition  in  vacuum  at  high  temperatures.  SIMS  measurements  revealed  that  no  long  range 
diffusion  of  the  implanted  Be  occurred  at  900  or  1100  ”C.  XRD  spectra  showed  defect-related 
peaks  in  the  as-implanted  samples;  these  peaks  disappeared  upon  annealing  at  900  “C  and  higher 
for  10  minutes.  Photoluminescence  (PL)  measurements  showed  one  new  line  at  3.35  eV  which 
provided  strong  evidence  for  the  presence  of  optically  active  Be  acceptors. 

INTRODUCTION 

Doping  of  semiconductors  by  ion  implantation  offers  advantages  in  comparison  to 
doping  during  film  growth,  (i)  The  concentration  as  well  as  the  lateral  and  depth  distributions  of 
the  dopants  are  precisely  controllable,  and  (ii)  almost  all  elements  can  be  implanted  with 
sufficiently  high  purity.  However,  this  process  is  compromised  by  the  radiation  damage  which 
has  to  be  removed  via  annealing  treatments.  In  the  case  of  gallium  nitride  (GaN),  this  essential 
annealing  procedure  for  dopant  activation  is  very  difficult  due  to  the  decomposition  of  the  GaN 
surface  for  temperatures  above  900  °C  [1-3].  Annealing  temperatures  (TJ  of  around  1300  °C  for 
>5  minutes  are  necessary  for  GaN  to  fulfil  the  rule  of  thumb  claiming  that  implanted 
semiconductors  should  be  annealed  up  to  2/3  of  the  melting  point  for  satisfying  electrical 
activation  [3-5]. 

At  this  writing,  three  special  annealing  procedures  for  temperatures  above  900  °C  have 
been  investigated  with  limited  success;  (i)  Rapid  thermal  annealing  (RTA).  During  this  process 
GaN  is  heated  up  to  high  temperatures  and  cooled  down  within  a  few  seconds.  Decomposition  is 
a  time  dependent  diffusion  process,  and  in  this  small  time  frame  significant  decomposition  of  the 
implanted  layer  starts  only  for  temperatures  over  1150  °C  [6,7].  (ii)  N^-overpressure.  Annealing 
under  N2-overpressure  in  the  kbar  range  opposes  the  surface  decomposition,  but  only  a  slightly 
higher  temperature  limit  of  1250  °C  can  be  realized  due  to  the  exponential  rise  of  the  N  vapor 
pressure  as  a  function  of  temperature  [8].  (iii)  Polycrystalline  AIN  cap.  An  AIN  layer,  sputter 
deposited  after  the  implantation,  on  top  of  the  GaN  layer  was  used  to  protect  decomposition 
during  annealing.  Depending  on  the  crystalline  quality  of  the  AIN  annealing  temperatures  of 
1300  °C  for  30  sec.  and  good  results  were  reached  but  only  for  some  selected  samples  [5,9]. 

In  this  article  we  introduce  a  new  annealing  technique  which  allows  the  annealing  of 
GaN  at  a  temperature  of  1100  °C  for  at  least  1  hour.  We  have  applied  this  technique  to 
Beryllium  implanted  GaN,  because  achievement  and  control  of  substantial  activation  of  p-type 
dopants  in  GaN  remains  a  critical  issue  vis  a'  vis  improved  performance  of  devices  fabricated  in 
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this  material.  The  most  commonly  used  p-type  dopant  is  magnesium  (Mg)  which  substitutes  on 
Ga  sites  and  has  an  ionization  energy  of  ~  0.25  eV.  One-to-two  orders  of  magnitude  higher 
atomic  concentration  of  Mg  must  be  incorporated  into  GaN  to  achieve  the  desired  hole 
concentration  at  room  temperature  [  10].  This  incorporation  reduces  the  hole  mobility  due  to  the 
enhanced  carrier-impurity  scattering  processes  [11].  Beryllium  (Be)  is  a  more  promising 
candidate  for  p-type  doping  given  its  measured  lower  ionization  energy  of  ~  0.15  eV  [12,13]. 

EXPERIMENTAL 

One-to-two  pm  thick  epitaxial,  monocrystalline  and  undoped  GaN  films  were  grown  on 
on-axis  n-type.  Si-face  a(6H)-SiC(0001)  substrates  at  1000  "C  and  45  Torr  using  a  vertical,  cold- 
wall,  RF  inductively  heated  MOVPE  deposition  system  [111.  A  0.1  pm  high-temperature  mono¬ 
crystalline  (1100  "C)  AlN-buffer  layer  was  deposited  prior  to  the  GaN  growth.  Deposition  was 
performed  using  triethylaluminum  (TEA)  and  tricthylgallium  (TEG)  in  combination  with  1.5 
SLM  of  ammonia  (NH,)  and  3  SLM  of  diluent. 

Beryllium  was  twice  implanted  at  100  keV  and  200  keV  to  create  a  broad  depth  distribu¬ 
tion  of  this  element.  The  dose  ratio  between  the  two  implantation  energies  was  2/3  to  adjust  the 
maximum  impurity  concentration  of  both  implantations.  TRIM  simulations  gave  a  mean  ion 
range  of  276  nm  (FWHM  =  175  nm)  and  472  nm  (FWHM  =  1060  nm),  respectively,  for  the  two 
energies  [14].  The  total  implantation  dose  ranged  between  10'^  cm^  and  2.5x10'"  cm  \ 

All  implanted  samples  were  first  sequentially  annealed  in  a  tube  furnace  under  vacuum  at 
300,  600  and  900  "C  for  10  minutes.  The  samples  were  transferred  into  a  MBE  chamber  for 
annealing  at  higher  temperatures.  Heating  of  the  samples  was  performed  under  a  flux  of  atomic 
nitrogen  obtained  using  a  rf  plasma  source  (300  W,  Model  RF  4.5,  SVT  Associates).  The  atomic 
nitrogen  flux  protected  the  GaN  surface  at  1100  °C  for  at  lea.st  1  hour  using  a  distance  between 
sample  and  rf  source  of  around  40  cm. 

Secondary  ion  mass  spectroscopy  (SIMS)  was  performed  by  the  Analytical  Instrumen¬ 
tation  Facility  at  NC  State  University  using  a  Cameca  IMS-6f.  Samples  were  analyzed  with  a 
200  nA,  10  keV  O' primary  beam.  Two  dimensional  (o-26  X-ray  diffraction  (XRD)  pattern  were 
measured  using  a  Philips  X’Pert-MRD  system  with  a  resolution  of  0.001°.  Photoluminescence 
measurements  (PL)  were  performed  after  each 
annealing  step  at  14  K  by  exciting  the  GaN 
samples  with  a  He-Cd  la.ser  (3.81  eV).  Hall 
measurements  were  done  after  the  deposition  of 
Ni(50  nm)-Au(lOOnm)  contacts.  „ 

"e 

RESULTS  AND  DISCUSSION  - 

to" 

Figure  1  shows  SIMS-profiles  of  S 

implanted  Be  with  a  dose  of  10"  cm'^  before 
and  after  annealing  at  900  °C  and  1 100  °C  for  -2  lo'’ 

15  minutes.  Both  implantation  profiles  of  the 
100  keV  and  200  keV  implantation  are  clearly 
visible  and  in  good  agreement  with  TRIM 
calculations  [14].  Within  the  experimental 

resolution,  no  long  range  diffusion  was 
observed  after  annealing.  This  observation  is  in  Figure  1:  SIMS  profiles  of  Be  implanted  in 
agreement  with  Ref.  [15],  where  also  no  GaN,  unannealed  and  annealed  to  900  °C  and 
redistribution  was  observed  up  to  800  °C.  This  l  lOO  °C  for  15  minutes. 
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Figure  2:  XRD  2-axis  (o-20  map  of  the  (0002)  GaN  peak  (A)  dirctly  after  Be  implantation 
with  a  dose  of  2.5x1 0''^  cm'^  and  after  subsequent  annealing  to  a  temperature  of 
900  °C  (B)  and  1 100  °C  (C)  for  10  minutes,  (Note:  contour  plots  have  log-scale). 

excellent  thermal  stability  of  Be  in  GaN  indicates  a  strong  bonding  of  Be  in  the  lattice. 
Therefore,  diffusion  of  Be  into  GaN  from  an  external  source  is  not  practical  and  ion  implantation 
or  epitaxial  growth  are  the  only  possibilities  to  introduce  Be  into  GaN. 

Figure  2A  displays  a  two  dimensional  q-20  X-ray  diffraction  (XRD)  pattern  of  the  GaN 
(0002)  peak  of  a  Be-implanted  sample  with  a  dose  of  2.5x10'“*  cm'^.  Note:  A  vertical  section  of 
figure  2  is  a  rocking  curve.  No  significant  broadening  of  the  rocking  curve  was  observed 
compared  to  the  non-implanted  situation,  but  one  remarkable  characteristic  is  that  a  few  new 
peaks  appeared  at  the  left  side  of  the  (0002)  peak  after  the  implantation  process.  The  intensity  of 
these  peaks  increased  at  the  expense  of  the  main  (0002)  peak  with  growing  implantation  dose. 
This  effect  has  already  been  observed  [16]  and  can  easily  be  attributed  to  an  expansion  of  the 
GaN  crystal  lattice  by  interstitials  created  during  the  implantation  process.  This  strong  defect 
related  peaks  disappeared  already  upon  annealing  at  900  “C  for  10  minutes  (Figure  2B)  resulting 
into  a  spectrum  which  is  comparable  to  the  non-implanted  spectrum.  Consequently,  no 
improvement  was  observed  for  a  higher  annealing  temperature  of  1 100  °C  (Figure  2C).  We  can 
conclude  that  in  the  view  of  XRD  the  GaN  lattice  is  already  fully  recovered  after  annealing  at  a 
temperature  of  900  ®C. 

The  low  temperature  PL  spectra  of  a  Be-implanted  GaN  sample  with  a  dose  of 
5x10'^  cm'^  are  summarized  in  Fig.  3.  No  PL  lines  were  observed  directly  after  ion  implantation 
for  this  dose,  but  they  were  observed  in  the  case  of  lower  implantation  doses.  After  annealing  to 
a  temperature  of  900  °C  for  1 5  minutes  PL  lines  have  been  detected.  However,  the  intensity  of 
the  band  edge  luminescence  is  several  orders  of  magnitude  lower  in  comparison  to  as-grown, 
unimplanted  GaN  samples.  The  weak  luminescence  line  at  3.467  eV  (commonly  labeled  as  I^)  in 
Fig.  3  originates  from  recombinations  of  free  excitons  and/or  excitons  bound  to  shallow  donors. 
The  LO-phonon  replicas  for  this  line  could  not  be  observed  in  the  implanted  samples  due  to  its 
low  intensity;  however,  their  positions  at  3.384  eV  and  3,292  eV  were  determined  from  the  as- 
grown,  unimplanted  GaN  grown  on  the  same  SiC-wafer.  This  results  in  a  phonon  energy  of 
about  85  ±  5  meV  for  our  samples,  which  is  in  agreement  with  values  in  the  literature  [17],  The 


second  luminescence  peak  at  3.444  eV  is  most 
likely  related  to  defects  created  during  the 
implantation  procedure,  as  this  line  also  was 
observed  with  varying  intensities  after 
implantation  of  Li,  Si,  Ge,  In  and  Er  [18].  We 
believe  that  this  line  is  produced  by  nitrogen 
vacancies  due  to  donor-band  (eD)  transitions, 
because  it  appears  also  in  unimplanted  GaN 
samples  depending  on  the  growth  conditions. 

One  Be  related  transition  with  low 
intensity  was  observed  at  3.35  eV.  The  intensity  of 
this  line  varied  as  a  function  of  the  lateral  quality 
of  the  GaN  sample.  We  attribute  this  line  to  band- 
acceptor  (eA)  recombinations.  For  this  case,  the 
ionization  energy  of  Be  acceptors  was  calculated 
to  be  150  ±  10  meV  [12].  Dewsnip  and  co-workers 
[13]  also  observed  a  new  line  in  GaN  samples 
doped  with  Be  during  growth  at  3.376  eV. 
However,  they  calculated  the  ionization  energy  to 
be  90-100  meV  due  to  the  assumption  that  this  line 
is  a  donor-to-acceptor  transition.  Temperature 
dependent  PL  measurements  showed  different 
intensity  behaviors  of  the  lines  at  3.444  eV  and 
3.35  eV;  therefore,  we  can  exclude  that  the  line  at 
3.35  eV  is  a  phonon  replica  of  the  3.444  eV  line. 
Furthermore,  we  never  ob.served  the  line  at  3.35 
eV  after  implantation  of  Li,  Si,  Ge,  In  and  Er  into 
GaN  even  when  the  line  at  3.444  eV  was  present 
[18].  These  observations  prove  that  the  line  at  3.35 
eV  is  only  related  to  the  implanted  Be  acceptors. 

Figure  3  also  shows  the  recorded  PL 
spectra  for  the  same  Be  implanted  GaN  sample  as 
a  function  of  annealing  temperature.  Conflicting 
with  the  XRD-results,  the  implanted  material  was 
only  partly  recovered  in  view  of  PL  at  an 
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annealing  temperature  of  900  C,  which  is  in  Figure  3:  Photoluminescence  spectra 
agreement  with  Ref.  [19].  After  annealing  to  1 100  measured  at  14  K  of  GaN.  Spectra  were 
C  for  15  minutes  a  strong  recovery  of  the  PL  recorded  in  the  situations:  as-grown,  as- 
lines  occurred  and  was  further  improved  after  the  implanted  with  Be,  and  after  annealing  to 
1  hour  anneal.  The  intensity  of  the  Ij-line  grew  several  temperatures  for  different  times, 
more  than  two  orders  of  magnitude  and  reached  jijg  implantation  energies  were  100  keV 
about  80  %  of  the  intensity  of  the  pre-implanted  2OO  keV  and  the  total  implantation 

samples.  However,  the  defect-related  line  at  3.444  5x10'^  cm  ' 

eV  is  still  visible  and  the  Be-related  line  did  not 
grow  after  the  1100°C,  1  hour  anneal.  We  can 

conclude  that  in  view  of  the  PL  the  implanted  GaN  is  almost  recovered  after  the  1 100  °C,  1  hour 
annealing  step,  but  point  defects  (invisible  to  XRD)  are  still  present  and  may  create  Be-defect 
complexes,  which  are  responsible  for  the  low  optical  activation  of  Be  acceptors. 


Figure  4:  Fundamental  recovery 
processes  in  ion  implanted  GaN 
and  their  detection  methods  as  a 
function  of  annealing  temperature 
(15  minutes). 

3QQ0Q  900°C  1300“C  "  Hall  effect  measurements 

Annealing  temperature  of  GaN  '^an'ied  out  after  annealing 

to  1100  °C  (1  hour)  and 
deposition  of  Ni-Au  contacts.  All 
samples  were  too  resistive  for  the  determination  of  carrier  concentrations  or  mobilities  due  to  the 
remaining  defects,  which  are  creating  compensating  deep  levels  in  the  band  gap. 

CONCLUSIONS 

We  have  summarized  in  Figure  4  the  fundamental  recovery  processes  in  ion  implanted 
GaN  as  a  function  of  annealing  temperature.  The  crystal  structure  of  GaN  is  very  resistant  to  ion 
bombardment  due  to  the  high  ionicity  of  the  Ga-N  bond.  This  results  in  very  high  doses  for 
amorphization  [16].  However,  structural  defects  can  be  readily  created  with  medium 
implantation  doses  (lO'^-lO'^  cm^),  which  can  be  detected  by  XRD  or  RBS-channeling  [20]. 
These  defects  (mainly  interstitials)  lead  to  a  lattice  expansion  which  can  be  removed/recombined 
upon  annealing  to  900  °C.  The  recovery  of  point  defects,  visible  by  PL,  starts  around  800  °C  and 
is  not  completed  at  a  temperature  of  1100  °C.  Around  80  %  of  the  free  exciton  line  is  recovered 
at  this  point.  Based  on  primary  observations  on  Mg-implanted  GaN  [21],  we  predict  that  after 
annealing  to  1300  °C  the  GaN  crystal  is  completely  recovered  and  macroscopic  electrical 
activation  of  the  implanted  impurities  takes  place. 

We  introduced  in  this  article  a  new  annealing  procedure  under  a  flux  of  atomic  nitrogen 
obtained  using  a  rf  plasma  source.  In  contrast  to  the  N2-overpressure  technique  [8]  where  the  loss 
of  nitrogen  is  prevented  by  the  hydrostatic  pressure,  the  atomic  nitrogen  flux  protects  the  GaN 
surface  by  an  exchange  of  nitrogen  between  solid  and  gas  phase.  An  increase  of  the  flux  density 
by  reducing  the  distance  or  increasing  the  power  should  result  in  the  possibility  to  anneal  GaN 
even  to  higher  temperature  as  1100  °C. 
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ABSTRACT 

Thermal  residual  stresses  can  detrimentally  affect  the  electronic  and  optical  properties  of 
epitaxial  films  thereby  shortening  device  lifetime.  Based  on  our  earlier  work  on  thermal 
expansion  of  nitrides,  we  provide  a  finite  element  modeling  analysis  of  the  residual  stress 
distribution  of  multilayered  GaN  and  AIN  on  6H-SiC.  The  effects  of  thickness  and  growth 
temperatures  are  considered  in  the  analysis. 

INTRODUCTION 

Group  Ill-nitride  based  semiconductors  have  direct  band  gaps  that  can  provide  blue  or  ultraviolet 
light-emitting  devices  and  high  temperature  optoelectronics.  Recent  work  [1-3]  has  highlighted 
some  of  the  difficulties  and  successes  with  their  thin  film  device  fabrication.  Processing  such 
devices  often  relies  on  the  high  temperature  growth  of  epitaxial  layers  on  different  substrates 
with  different  coefficients  of  thermal  expansion.  Residual  stresses  introduced  by  cooling  or 
heating  may  detrimentally  affect  device  long  term  performance  and  lifetime. 

The  stress-strain  distribution  in  these  electronic  composite  structures  can  be  calculated  from  the 
temperature  dependence  of  their  thermoelastic  properties.  The  results  provide  a  guide  for 
optimizing  interfacial  processing. 

For  an  axially  symmetric  problem  without  a  body  force,  the  equilibrium  equations  of  the  system 
are: 

ia(ro-,,)  ^^^-0  (1) 

r  dr  r  dz 


dr  dz  r 


=  0 


(2) 


Where  the  ay  are  the  components  of  the  stress  tensor  for  a  coordinate  system  (r,  0,  z).  After 
assuming  displacements  U  and  V  along  the  r  and  z  directions  respectively,  the  strain  tensor  is 
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Hooke's  law  is  then 
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Where  and  are  the  mean  coefficients  of  thermal  expansion  along  the  a-  and  the  c-axes 

and  the  Qj  are  the  elastic  constants.  For  a  hexagonal  crystal,  there  are  five  independent  elastic 
constants. 

A  2-D  code,  PDEase2,  developed  by  SPDE,  Inc.  and  distributed  by  Mac.syma,  is  applied  to 
calculate  the  stress-strain  distributions  of  multilayer  GaN/AlN  or  GaN/SiC  structures.  This  code 
permits  calculation  of  the  stress/strain  distribution  for  a  cylindrically  symmetrical  system  as 
shown  in  Fig.  I, 


___y 

10mm 


A 


Figure  1.  Geometry  of  the  disk-shaped  sample. 

where  the  two  layers  are  separated  by  a  sharp  interface.  The  GaN  layer  is  either  on  top  of  AIN 
or  SiC.  For  simplicity,  a  linear  elastic  continuum  model  for  anisotropic  samples  was  utilized. 
The  c-axis  is  assumed  to  be  perpendicular  to  the  interface. 

Thermoelastic  property  measurements  for  AIN  and  GaN  have  been  reviewed  [4]  and  high 
temperature  thermal  expansion  was  calculated  semiempirically.  These  results,  plus  work  on  - 
SiC  thermal  expansion  [5],  permit  us  to  calculate  the  stress-strain  distributions  for  disk-shaped 
samples.  The  mean  thermal  expansion  between  298"K  and  high  temperatures  are  provided  in 
Fig.  2.  The  lattice  mismatches  for  the  a-axis  between  GaN  and  SiC  and  for  AIN  and  SiC  are  also 
plotted.  Their  elastic  constants  were  chosen  from  Polian  et  al.  [6],  McNeil  et  al  [1].  and 
Kamitani  et  al  [8]  and  tensile  strengths  from  Kosolapova's  handbook  [9]. 
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Figure  2.  Mean  thermal  expansion  and  lattice  mismatch. 


The  samples  are  assumed  cooled  to  298°K  from  a  growth  temperature  of  1300°K.  Selected 
materials  properties  are  listed  in  Table  1.  Residual  stress  distributions  are  calculated  from  the 
thermoelastic  properties.  The  effects  of  thickness  and  growth  temperatures  are  considered  in  the 
analysis. 


Table  1.  Selected  thermoelastic  properties  of  GaN,  AIN  and  SiC 


GaN 

AIN 

SiC 

Thermal  Expansion  (lO'^K'^) 

a-axis 

5.11 

5.72 

4.34 

(298~1300‘’K) 

c-axis 

4.47 

4.75 

3.74 

Cii 

390.0 

410.5 

501 

C12 

145.0 

148.5 

111 

Elastic  Constants 

Ci3 

106.0 

98.9 

52 

(GPa) 

C33 

398.0 

388.5 

553 

C44 

105.0 

124.6 

163 

Young's  Modulus  (GPa) 

302.7 

329.7 

444 

Poisson's  Ratio 

0.26 

0.239 

0.164 

RESULTS 

Fig.  3(a)  through  3(c)  provide  r-z  plane  stress  distributions  for  a  disk-shaped  GaN  on  AIN 
sample.  In  fig.  3(a),  the  distribution  of  axial  stress  azz,  is  peripherally  concentrated  along  the 
sample  and  is  tensile  in  GaN  and  compressive  in  AIN.  Fig.  3(b)  provides  the  shear  stress  Orz 
distribution.  The  shear  stresses  concentrate  along  the  interface  and  also  close  to  the  edge.  Fig. 
3(c),  the  radial  stress  On-  distribution,  is  primarily  a  GaN/AlN  interfacial  stress.  The  Grr  is 
compressive  in  GaN  and  tensile  for  AIN.  The  maximum  calculated  tensile  stresses  are 
139.7MPa  for  GaN  and  146.3MPa  for  AIN. 


The  stress  distributions  for  a  disk-shaped  GaN  on  6H-SiC  sample  were  also  calculated.  The 
distributions  are  similar  to  that  of  GaN  on  AIN  sample  except  that  the  signs  of  the  stresses  are 
reversed.  This  is  because  the  thermal  expansion  for  SiC  is  smaller  than  GaN.  The  axial  o^z,  is 
peripherally  concentrated  along  the  sample  and  is  compressive  in  GaN  and  tensile  in  SiC.  The 
maximum  Gzz  is  149MPa  in  GaN  and  298MPa  in  SiC.  The  radial  stress  Orr  distribution  is  also 
primarily  a  GaN/SiC  interfacial  stress.  The  Orr  is  tensile  in  GaN  and  compressive  in  AIN.  The 
maximum  arr  is  200  for  GaN  and  21  IMPa  for  SiC. 

The  thickness  dependence  of  the  maximum  residual  stresses  was  also  calculated.  The  residual 
stresses  do  not  change  much  except  for  the  tensile  radial  stress  in  GaN.  This  varies  from  about 
200MPa  to  350MPa  in  GaN  and  indicates,  within  a  thin  layer  of  GaN  grown  on  SiC,  that  the 
maximum  tensile  stress  decreases  with  the  GaN  thickness.  The  maximum  axial  tensile  stress 
fluctuates  between  290MPa  to  400MPa  in  SiC. 

Figure  4  illustrates  the  temperature  dependence  of  the  maximum  residual  stress  in  a  GaN  on  SiC 
substrate.  The  residual  stresses  increase  with  increasing  growth  temperature. 
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Figure  4.  Growth  temperature  dependence  of  residual  stresses  in 
GaN  over  SiC  sample. 

Finally,  we  have  calculated  the  maximum  residual  stress  distribution  for  an  AIN  over  SiC 
substrate  grown  at  1300°K.  The  distributions  of  the  residual  stresses  are  similar  to  that  of  the 
GaN  on  SiC  except  the  maximum  stresses  are  larger  than  in  the  GaN  on  SiC  sample.  This  is 
easily  understood  as  the  differences  of  thermal  expansion  between  AIN  and  SiC  are  larger  than 
equivalent  differences  between  GaN  and  SiC.  The  maximum  tensile  stress  is  370MPa  in  AIN 
and  519MPa  in  SiC.  The  maximum  compressive  stress  is  279PMa  in  AIN  and  382MPa  in  SiC. 

DISCUSSION  AND  CONCLUSIONS 

Our  calculations  indicate  that  the  residual  stresses  primarily  concentrate  along  the  interface  and 
at  the  edge  of  the  multilayered  samples.  The  tensile  strength  indicated  for  a  SiC  single  crystal  is 
within  the  range  of  180  to  200MPa  [9].  GaN  and  AIN  tensile  strengths  are  expected  to  be 
smaller  than  SiC.  Comparing  the  maximum  residual  stresses  and  the  strength  data  of  the 


materials  studied,  we  see  that  the  residual  tensile  stresses  in  SiC  and  AIN  are  larger  than  their 
strength.  Similar  results  are  expected  for  GaN.  This  should  cause  cracking  and  other  defects 
during  processing  as  has  been  observed  [2].  The  effect  of  these  residual  stresses  on  the  band  gap 
can  be  illustrated  by  a  simple  calculation.  Assume  that  the  maximum  stress  is  in  the  order  of 
400MPa  in  GaN.  Since  the  band  gap  pressure  coefficient  is  about  4.2x10  '^  eV/MPa  in  GaN[  10], 
the  small  shift  of  the  band  gap  due  to  this  stress  is  about  O.OlTeV.  Increasing  the  thickness  of 
GaN  on  SiC  will  slightly  reduce  the  radial  residual  stress  at  the  interface.  Raising  the  growth 
temperature  for  GaN  on  SiC  introduces  higher  residual  stresses  at  room  temperature.  The 
residual  stress  reduction  for  AIN  on  SiC  with  decrease  in  growth  temperature  has  been  observed 
[11]  experimentally  as  a  decrease  in  cry.stal  roughne.ss  from  1473"K  to  1323"K. 

In  summary,  we  have  performed  a  finite  element  modeling  analysis  of  the  residual  stress 
distribution  of  multilayered  GaN  and  AIN  unbuffered  on  6H-SiC.  The  effects  of  layer  thickness 
and  growth  temperatures  are  analyzed.  Residual  stre.sses  if  unrelaxed  during  cooling  probably 
introduce  cracks  and  other  defects.  The  effect  of  the  stresses  on  the  band  gap  is  estimated  and  is 
minimal.  More  calculations  should  be  performed  on  growing  GaN  and  AIN  on  other  substrates 
with  different  growth  conditions  and  with  varying  thickness  buffer  layer.  Such  calculations  can 
provide  insights  for  optimizing  the  processing  conditions  of  these  important  nitrides. 
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Abstract 


Optical  properties  of  GaN/AlGaN  single  quantum  well  (SQW)  and  multi 
quantum  well  (MQW)  structures  grown  by  nitrogen  plasma  assisted  MBE  on 
MOCVD-grown  GaN/sapphire  have  been  characterised  by  low  temperature 
photoluminescence.  Photoluminescence  (PL)  peaks  corresponding  to  emission  from 
very  narrow  (10  A  wide)  SQWs  are  blue  shifted  with  respect  to  the  bulk  GaN 
emissions  but  reveal  strong  red  shift  for  wider  SQWs  (40  and  60  A  wide).  Structural 
properties  of  SQW  and  MQW  structures  have  been  characterised  by  X-ray  reciprocal 
lattice  mapping  in  order  to  determine  the  strain  conditions  and  composition  of  ternary 
AlGaN  alloys.  The  results  clearly  demonstrate  that  in  aU  structures  under  investigation 
the  ternary  (barrier)  alloys  are  fully  strained  to  underlying  MOCVD-grown 
GaN/sapphire  substrates.  Despite  of  the  fact  that  GaN  quantum  wells  (QW)  are 
unstrained,  photoluminescence  experiments  clearly  reveal  the  presence  of  extremely 
strong  electric  fields  in  the  QW  regions,  which  can  be  attributed  to  the  interplay  of  the 
piezoelectric-type  polarisation  in  the  well  and  barrier  layers  due  to  Fermi  level 
alignment. 


G3.19 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  537  ©  1999  Materials  Research  Society 


Introduction 


GaN/AlGaN  QWs  are  subject  of  intense  investigations  due  to  their  potential  for  electronic 
and  opto-electronic  applications.  Many  recent  publications  report  on  the  properties  of  GaN/AlN 
and  GaN/AlGaN  heterostructures,  superlattices  and/or  multi  QW  structures  [1,2, 3, 4].  Recently,  a 
strong  piezoelectric  field  has  been  found  in  GaN/AlGaN  heterostructures  with  strained  QW 
regions  which  was  attributed  to  strain  induced  phenomena  [1],  We  report  here  the  results  on 
GaN/AlGaN  SQW  and  MQW  structures  grown  by  Radio  Frequency  Molecular  Beam  Epitaxy 
(RFMBE)  on  MOCVD-grown  GaN/sapphire.  In  order  to  demonstrate  that  the  strong  electric 
field  is  present  in  unstrained  quantum  wells,  the  total  thickness  of  AlGaN  barriers  in  all  our 
samples  was  kept  below  the  critical  thickness  and  hence  the  AlGaN  layers  are  strained.  Our 
structures  are  pseudomorphic  with  the  GaN/sapphire  substrate  and  the  GaN  QW's  are  strain  free. 


Experimental 

The  GaN/AlGaN  SQW  structures  studied  have  a  single  GaN  QW  of  10  and  40  A  thickness 
embedded  between  1000  A  thick  AlGaN  barriers.  The  A1  fraction  in  the  barriers  was  about  17- 
20  %,  as  determined  independently  from  PL  and  X-rays  experiments.  MQW  structures  of  20,  40 
and  60  A  thick  GaN  wells  have  been  grown  for  two  different  Aluminium  concentrations  in  GaAlN 
barriers  respectively  of  10  and  20  %.  The  sample  growth  was  performed  in  a  RIBER  MBE  2300 
chamber.  Standard  Knudsen  cells  were  used  for  Gallium  and  Aluminium  evaporation  and  the 
active  nitrogen  was  generated  by  a  commercial  (ADDON)  radio  frequency  (RF)  cell.  Growth  was 
performed  at  a  relatively  low  substrate  temperature  of  650°C.  The  composition  of  the  GaAIN 
films  was  adjusted  by  varying  the  beam  equivalent  pressure  of  the  Gallium  and  Aluminium  fluxes. 
The  thickness  of  the  layers  was  controlled  by  RHEED  o.scillations.  MBE  growth  was  performed 
on  1.5  pm  thick  GaN  layers  grown  by  MOCVD  on  sapphire.  The  oxide  on  this  MOCVD  grown 
GaN  surface  can  easily  be  removed  by  acid  etching  (regal  water)  and  short  heating  (~  650°C) 
prior  to  growth.  A  well-defined  RHEED  pattern  and  intense  RHEED  oscillations  show  that  the 
treated  MOCVD  surface  is  smooth  on  an  atomic  scale.  To  completely  get  rid  of  the  eventual 
influence  from  a  surface  oxide  or  from  a  contamination  layer,  we  interpose  a  few  1000  A  thick 
GaN  layer. 

PL  time  resolved  measurements  were  performed  at  2K  with  pulsed  excitation  (of  ns  length) 
above  QW  band  gap  energy  and  photon  counting  system  with  multi-channel  analyser  for  PL 
detection. 


Figl:  Lx)w  temperature  photoluminescence  of  10  A  and  40  A  thick  GaN  quantum  wells  in  AlGaN  barriers  with  an 
aluminium  concentration  of  17.2%  and  20.6%  respectively. 

Results  and  discussion 

Low  temperature  (2  K)  PL  spectra,  shown  in  Figure  1,  are  dominated  by  3.47  eV  band  gap 
emission  of  the  underlying  1.5  pm  thick  MOCVD-grown  epilayer  and  of  MBE-grown  (few  times 
1000  A  thick)  buffer  layer.  PL  emission  of  ternary  AlGaN  barrier  layers  is  also  seen  on  the  high- 
energy  side  of  the  emission  spectra.  In  addition  to  barrier  and  substrate  emissions,  a  SQW 
emission  is  also  resolved  with  its  LO-phonon  replica.  Assuming  QW  confinement  effects  only, 
SQW  PL  should  show  a  blue-shift  with  respect  to  the  GaN  substrate  emission,  which  should 
increase  with  a  decreasing  QW  width.  However,  as  shown  in  Figure  1,  only  the  PL  of  10  A  wide 
SQW  is  blue-shifted  by  about  150  meV.  For  40  A  thick  SQW's  a  pronounced  red-shift  of  the  PL 
lines  is  observed  from  the  expected  PL  position.  This  red-shift  of  the  PL  can  be  explained  by  a 
strong  internal  electric  field  present  in  the  structure  [5],  as  will  be  discussed  later.  In  order  to 
determine  the  influence  of  Aluminium  concentration  in  barriers  on  the  PL  line  positions,  two 
samples  with  different  Aluminium  concentrations  have  been  grown.  The  first  sample  consisted  of 
20,  40  and  60  A  thick  quantum  wells  separated  by  100  A  GaAlN  barriers  with  the  Aluminium 
concentration  of  10  %.  The  second  sample  has  the  same  structure  but  the  Aluminium 
concentration  was  increased  to  20  %.  Low  temperature  PL  spectra  of  our  MQW  structures  are 
shown  in  Figure  2.  Only  the  emission  from  20  A  thick  well  in  the  low  Aluminium  content  sample 
is  blue-shifted  with  respect  to  the  GaN  substrate  emission.  All  emissions  from  40  and  60  A  thick 


wells  are  detected  below  the  GaN  emission.  This  phenomenon  is  clear  evidence  for  a  strong 
electric  field  present  in  our  structures,  which  increases  with  the  Aluminium  concentration  in 
barriers. 


Fig2;  Low  temperature  photolumincscence  of  two  samples  with  20  A,  40  A  and  60  A  thick  GaN  quantum  wells 
and  100  A  thick  AlGaN  barriers  with  an  aluminium  concentration  of  17.27r  and  20.67r  respectively. 


In  order  to  determine  the  origin  of  this  field  the  strain  present  in  our  samples  has  to  be 
investigated.  Strain  could  be  precisely  determined  by  X-rays  reciprocal  lattice  mapping.  Results  of 
such  experiments  are  shown  in  Figure  3  for  the  40  A  thick  SQW.  X-rays  mapping  around  the 
(-2  0  2)  Bragg  peak  of  the  GaN  substrate  is  shown.  These  measurements  clearly  demonstrate  that 
the  AlGaN  alloy  has  the  same  in-plane  lattice  parameter  (represented  by  the  (h,  k)  axis  in 
reciprocal  units  of  AI2O3)  as  the  GaN  substrate.  Both  1000  A  thick  GaAlN  barriers  are  thus  fully 
strained  to  GaN.  Similar  conclusions  can  be  drawn  from  reciprocal  space  mappings  for  all  other 
QW’s  structures  under  investigation. 

For  totally  pseudomorphic  samples,  one  can  precisely  determine  the  Aluminium  fraction  in 
GaAlN  barriers.  From  the  in-plane  lattice  parameter  and  from  the  lattice  parameter  along  the 
growth  axis,  using  Vegard’s  law  for  the  lattice  parameter  and  a  linear  interpolation  between 


Poisson  ratios  for  GaN  [6]  and  AIN  [7],  we  determine  the  A1  fraction  in  all  our  samples,  which 
agrees  with  our  estimations  from  PL  studies. 
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Fig3  (a):  X-ray  cartography  of  GaN  single  quantum  well  40  A  thick  embedded  in  1000  A  thick  AlGaN  barriers 
around  (-2  0  2)  Bragg  peak  of  GaN  substrate.  The  AlGaN  barriers  have  the  same  in-plane  lattice  parameter  than 
the  GaN  substrate.  This  is  shown  very  precisely  on  the  in  plane  scans  (b)  where  the  in-plane  lattice  parameter  is 
represented  by  the  H-axis  in  reciprocal  lattice  units  of  GaN 


Despite  of  the  fact  that  GaN  QW's  are  not  strained  in  our  samples,  we  observed  a  dramatic 
dependence  of  QW  PL  on  a  QW  width  and  on  Aluminium  concentration  in  barriers.  This  can  be 
related  to  strong  piezoelectric  effects  introducing  strong  internal  electric  fields  to  the  structure. 
This  hypothesis  is  further  confirmed  by  PL  kinetics  measurements.  For  40  and  60  A  wide  SQW 
the  PL  intensity  decay  is  highly  non  exponential  and  in  ps  range.  In  fact  such  slow  PL  kinetics 
resembles  that  of  the  yellow  emission  band  and  dramatically  varies  from  the  PL  kinetics  of 
excitons  from  GaN  substrate.  Those  excitons  show  PL  decay  times  in  the  range  of  100  ps.  Slow 
PL  kinetics  in  GaN/AlGaN  QW  system  can  be  explained  by  a  strong  reduction  of  radiative 
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recombination  probability  caused  by  electric  field  induced  spatial  separation  of  electrons  and  holes 
in  a  wide  QW.  Strong  piezoelectric  effects  also  explain  why  SQW  emission  is  relatively  weak 
when  compared  to  the  substrate  emission.  As  was  mentioned  above,  the  internal  electric  field 
strongly  reduces  radiative  recombination  rates  of  QW’s. 

In  conclusion,  the  present  studies  demonstrate  strong  piezoelectric  effects  in  GaN/AlGaN 
QW  structures  with  strained  AIGaN  barrier  layers  but  with  strain  free  GaN  QW’s.  We  believe  that 
this  is  related  to  the  large  piezoelectric  constants  predicted  for  GaN  and  GaAlN  [8]. 
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ABSTRACT 

InxGai-xN  films  with  x=0.06  to  x=0.49  were  characterized  by  optical  transmittance, 
Raman,  and  photoluminescence  excitation  spectroscopies.  Previous  microstructural 
characterizations  detected  phase  separation  only  in  films  with  x>0.2.  The  transmittance  data 
suggest  that  compositional  inhomogeneity  is  also  present  in  the  lower-x  films  (x<0.2).  Both 
Raman  and  photoluminescence  excitation  spectra  show  features  that  correlate  with  compositional 
inhomogeneity  and  phase  separation  in  the  films  with  x>0.2.  The  composition  dependence  of  the 
Raman  spectra,  from  x=0.28  to  x=0.49,  is  consistent  with  an  increase  in  the  size  of  the 
phase-separated  regions  with  increasing  x. 

INTRODUCTION 

A  new  generation  of  short-wavelength  optoelectronic  devices  is  being  developed  from 
thin  films  of  the  group  in  nitrides  (Al,Ga,In)N.  The  active  layers  of  visible-emitting  devices'  are 
usually  composed  of  lUxGai.xN.  The  growth  of  lUxGai-xN  layers  is  complicated  by  the  tendency 
of  GaN-InN  alloys  to  phase  separate,  which  was  first  observed^  by  Osamura  et.  al.  in  1975  with 
x-ray  diffraction  (XRD)  of  annealed  polycrystalline  samples,  and  more  recently  by  Singh^  et.  al. 
with  XRD  and  optical  absorption,  and  Piner'^  et.  al.  with  XRD,  transmission  electron  microscopy 
(TEM)  and  selected  area  diffraction  (SAD).  Doppalapudi^  et.  al,  using  TEM  and  SAD,  found 
evidence  for  long-range  atomic  ordering  as  well  as  phase  separation  in  MBE-grown  InxGai-xN 
films.  The  driving  force  for  the  phase  separation  and  atomic  ordering  is  the  10%  difference 
between  the  relaxed  Ga-N  and  In-N  bond  lengths.  Ho  and  Stringfellow^  predicted  the  solid 
phase  miscibility  gap  of  InxGaj.xN  with  a  modified  valence-force-field  model. 

The  theoretical  prediction,  and  confirming  experimental  observations,  of  phase  separation 
in  the  InxGai.xN  system  suggests  the  following  inter-related  questions.  First,  how  does  the  phase 
separation  affect  the  optical  properties  of  the  material?  Second,  is  there  a  non-destructive  optical 
characterization  method  that  can  be  used  to  detect  the  occurrence  of  phase  separation?  We 
address  these  questions  by  performing  optical  transmittance,  Raman,  and  double  spectrally 
resolved  photoluminescence  excitation  (DSR-PLX)  spectroscopy  of  MOCVD-grown  InxCa^xN 
films  with  x=0.06  to  x=0.49,  that  were  previously  analyzed"'  for  phase  separation.  Each  of  these 
techniques  is  found  to  provide  different  information  about  the  structure  of  the  samples. 
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EXPERIMENT 


In^Gai-xN  films  were  grown  on  (0001)  sapphire  substrates  using  a  specially  designed 
metal-organic  chemical  vapor  deposition  (MOCVD)  reactor  and  growth  conditions  that  have 
been  described  elsewhere  (E.L.  Piner"^  et.  ai  and  references  therein).  An  AIN  buffer  layer  and 
then  a  AlGaN  graded  to  GaN  prelayer  were  grown  on  each  substrate  before  the  In^Gai.xN  layer; 
the  In^Gai-xN  layer  thickness  is  estimated  to  be  0.3  pm  to  0.5  pm,  and  the  AlGaN/GaN  prelayer 
thickness  is  estimated  to  be  0.1  pm.  The  growth  temperature  for  the  InxGai.xN  layer  was 
between  690°C  and  780°C.  The  In  fraction,  x,  was  controlled  by  varying  the  growth  temperature 
and  the  hydrogen  gas  flow  rate.  Eleven  films  were  examined,  with  x=0.06  to  x=0.49  as 
determined  from  the  shift  of  the  0002  XRD  peak  relative  to  pure  GaN  and  InN,  assuming  a  linear 
x-dependence  of  the  lattice  constant. 

All  optical  measurements  were  performed  at  room  temperature.  Transmittance  spectra  of 
the  samples  were  measured  with  a  Cary  model  14  spectrophotometer.^  Metal-grid  neutral 
density  filters  were  inserted  into  the  spectrophotometer  reference  channel  to  extend  the  lower 
end  of  the  measured  transmittance  range  to  -3x10  '’. 

Raman  spectra  were  excited  by  the  514.53  nm  (2.409  eV)  and  457.94  nm  (2.707  eV) 
lines  of  an  Argon  ion  laser  and  recorded  by  a  Princeton  Instruments  intensified  photodiode  array 
detector  attached  to  a  Spex  Triplemate  monochromator.’  The  wavelength  resolution  of  the 
monochromator  was  0. 10  nm,  corresponding  to  a  wavenumber  resolution  of  3.7  cm  '  for  the 
Raman  spectra  excited  at  5 14.53  nm,  and  4.7  cm"'  for  the  Raman  spectra  excited  at  457.94  nm. 
The  wavenumber  accuracy  was  -0.2  cm  ',  calibrated  with  Ar,  Kr  and  Xe  line  sources. 

In  the  DSR-PLX  experiment,  PL  was  excited  by  a  wavelength-tunable  source,  and  the  PL 
intensity  within  a  selected  wavelength  band  was  monitored  as  the  excitation  energy  was  scanned. 
The  measurement  was  then  repeated  for  several  different  emission  wavelength  bands,  so  that 
several  excitation  spectra  were  obtained  for  each  sample,  corresponding  to  different  emission 
wavelengths  (or  photon  energies).  The  excitation  source  was  a  300  watt  xenon  arc  lamp  coupled 
to  a  Spex  model  1680  double  monochromator.’  The  wavelength  resolution  of  the  spectrometer 
was  2  nm;  the  corresponding  energy  resolution  varied  from  0.006  eV  at  1.9  eV,  to  0.02  eV  at 
3.5  eV.  Each  emission  band  was  selected  by  a  bandpass  interference  filter,  taken  from  a  set  of 
seven  filters  with  center  wavelengths  every  50  nm  from  450  nm  to  750  nm  and  full  bandwidths 
of  40  nm.  To  more  completely  remove  the  scattered  excitation,  each  bandpass  filter  was  paired 
with  a  longpass  filter  that  had  a  cut-on  wavelength  slightly  shorter  than  the  bandpass  center 
wavelength.  The  emitted  PL  was  detected  by  a  S20  type  photomultiplier  tube.  The  excitation 
source  was  mechanically  chopped  at  200  Hz,  enabling  lock-in  detection  of  the  PL  signal. 

The  wavelength  (or  photon  energy)  dependence  of  the  DSR-PLX  source  intensity  was 
measured  with  a  NIST-calibrated*^  silicon  photodiode.  By  correcting  for  the  wavelength 
dependence  of  the  source  intensity,  the  DSR-PLX  spectra  were  normalized  to  a  scale 
proportional  to  the  number  of  emitted  photons  per  exciting  photon;  the  absolute  quantum 
efficiency  was  not  measured. 

RESULTS  AND  DISCUSSION 

Fig.  1  shows  optical  transmittance  spectra  of  five  samples,  plotted  on  a  semilog  scale. 

For  most  of  the  samples,  log(transmittance)  decreases  approximately  linearly  with  energy  above 
an  absorption  edge.  The  absorption  edge  energy  decrea.ses  with  increasing  x.  All  the  samples 
show  a  second  absorption  edge  at  3.4  eV,  the  band  gap  of  pure  GaN.  The  3.4  eV  feature  is 
attributed  to  the  GaN  prelayers.  The  x-dependence  of  the  primary  absorption  edge  energy  is 
plotted  in  Fig.  2,  together  with  a  linear  fit  to  the  data.  The  x=0,06  and  x=0.18  samples  are  not 
shown  in  Fig.  2  because  their  absorption  edge  energies  could  not  be  determined  accurately  due  to 


the  large  widths  of  the  edges.  The  x=0.49  sample  is  shown  in  Fig.  2,  but  is  excluded  from  the 
linear  fit  because  the  absorption  edge  energy  does  not  decrease  from  x=0.43  to  x=0.49. 

The  band  gap  reported^  for  pure  InN  is  1 .9  eV.  It  is  thus  surprising  that  the  observed 
absorption  edge  of  these  samples  reaches  1.9  eV  at  x=0.36,  and  decreases  below  1.9  eV  for  the 
samples  with  x>0.4.  The  unexpectedly  large  shift  of  the  absorption  edge  with  x  for  all  samples 
(including  those  with  x<0.2)  can  be  compared  with  the  previous  SAD  and  TEM  measurements, 
which  showed  spinodal  decomposition  only  for  x>0.2.  We  tentatively  attribute  the  large 
absorption  edge  shift  to  compositional  inhomogeneity  on  the  cation  sublattice,  i.e.  clustering  of 
Ga  and  In  atoms,  although  other  defect  structures  such  as  nitrogen  vacancies  cannot  be  ruled  out. 
The  possible  observation  of  inhomogeneity  in  the  x<0.2  films  by  absorption  spectroscopy,  but 
not  by  SAD  or  TEM,  suggests  that  absorption  is  sensitive  to  inhomogeneity  on  a  shorter  length 
scale  than  the  other  techniques. 

Raman  spectra  of  the  x>0.28  samples,  obtained  with  2.409  eV  or  2.707  eV  excitation,  are 
shown  in  Fig.  3.  (Raman  spectra  could  not  be  observed  for  the  x<0.28  samples  because  of  strong 
interfering  luminescence  in  the  Raman  region.  The  interfering  luminescence  was  weaker  in  the 
x>0.28  samples,  and  was  subtracted  from  the  spectra  shown  in  Fig.  3  by  a  curve-fitting  method.) 
The  dominant  component  of  these  spectra  is  the  Ai(LO)  mode.  For  comparison,  the  Ai(LO) 
frequencies  of  pure  GaN  and  InN  are  shown  in  Fig.  3  as  dashed  lines.  The  separation  between 
the  Raman  peaks  measured  at  the  two  excitation  energies,  as  well  as  the  width  of  each  peak,  is 
seen  to  increase  with  increasing  x.  To  better  display  the  trends  in  the  data,  the  full  widths  at  half 
maximum  of  the  A](LO)  peaks  are  plotted  as  functions  of  x  in  Fig.  4(a),  and  the  separation 
between  the  centers  of  the  peaks  measured  at  the  two  excitation  energies  is  plotted  as  a  function 
of  X  in  Fig.  4(b).  The  broadening  with  increasing  x  [Fig.  4(a)]  is  tentatively  attributed  to  an 
increase  in  compositional  inhomogeneity.  The  separation  between  the  peaks  [Fig.  4(b)]  is 
tentatively  attributed  to  selective  excitation  of  portions  of  the  inhomogeneous  sample  with 
different  compositions,  and  different  Ai(LO)  frequencies,  at  each  excitation  energy.  In  the 
resonant  Raman  effect,  the  scattering  intensity  is  enhanced  when  the  incident  photon  energy  is 
near  the  band  gap.  In  our  experiment,  each  excitation  energy  (2.409  eV  and  2.707  eV)  is  equal 
to  the  lUxGai.xN  band  gap  for  a  specific  composition  x(Eexc);  we  thus  suggest  that  the  Raman 
intensity  is  enhanced  from  portions  of  the  sample  with  x«x(Eexc)- 

DSR-PLX  spectra  were  obtained  from  samples  with  x=0.06,  x=0.19,  x=0.28,  x=0.36  and 
x=0.43.  Each  PLX  spectrum  has  a  sigmoidal  shape:  the  excitation  efficiency  (number  of  emitted 
photons  per  excitation  photon),  denoted  t],  increases  from  a  lower  value  rjiow  to  a  higher  value 
rjhigh  within  a  specific  energy  range.  To  characterize  the  PLX  spectra  in  a  simple  way,  we  define 
the  threshold  energy  Eq  as  the  energy  corresponding  to  the  midpoint  of  the  increase  in  excitation 
efficiency,  i.e.  ri(Eo)=0.5('n  low  +  ft  high)-  A  model  function  was  fitted  to  the  data  to  obtain  values 
for  Eq.  DSR-PLX  spectra  from  the  x=0.06  and  x=0.28  samples  are  shown  in  Figs.  5(a)  and  5(b), 
where  each  DSR-PLX  spectrum  is  labeled  with  the  center  photon  energy  of  the  detected 
emission  band;  the  data  are  plotted  as  solid  lines;  the  model  functions  are  plotted  as  dashed  lines; 
and  the  calculated  Eq  are  marked  by  open  circles.  The  value  of  Eo  is  almost  independent  of 
emission  energy  in  the  x=0.06  [Fig.  5(a)]  and  x=0.19  samples.  In  contrast,  Eq  shifts  by  a  large 
amount  with  emission  energy  in  the  x=0.28  [Fig.  5(b)],  x=0.36,  and  x=0.43  samples. 

The  DSR-PLX  results  are  summarized  in  Fig.  6,  where  Eq  is  plotted  as  a  function  of 
emission  energy  for  each  of  the  five  samples.  The  data  show  in  Fig.  6  confirm  that  the  samples 
fall  into  two  groups;  for  x=0.06  and  x=0.19,  Eo  is  almost  independent  of  emission  energy,  but  for 
x>0.28,  Eo  has  a  strong  dependence  on  emission  energy,  decreasing  by  about  1  eV  as  the 
emission  energy  decreases  from  2.73  eV  to  1.90  eV.  Note  that  the  first  group  corresponds  to  the 
samples  that  appears  to  be  single-phase  (x<0.2),  while  the  second  group  corresponds  to  the 
samples  that  appear  to  be  phase-separated  (x>0.2)  by  SAD  and  TEM. 


Several  features  complicated  the  analysis  of  the  DSR-PLX  spectra.  Firstly,  many  of  the 
spectra  could  not  be  measured  to  low  enough  excitation  energy  to  accurately  determine  piow,  and 
uncertainty  in  t^iow  leads  to  uncertainty  in  Eq.  This  uncertainty  was  taken  into  account  in  the 
error  analysis  (error  bars  on  Eo  in  Fig.  6).  Secondly,  several  spectra  contain  a  distinct  peak 
between  2  eV  and  2.5  eV.  A  peak  in  this  region  was  also  observed  in  PLX  spectra  of  an 
uncoated  sapphire  substrate,  shown  in  Fig.  5(c),  and  is  thus  attributed  to  impurity  centers  in  the 
substrate.  The  substrate  peak  was  subtracted  as  part  of  the  data  analysis  used  to  determine  Eo. 
Finally,  a  derivative-like  feature  near  2.9  eV  occurs  in  several  spectra;  other  measurements 
suggest  that  this  feature  is  a  instrumental  artifact. 

Although  both  Raman  and  DSR-PLX  spectra  appear  to  be  sensitive  to  compositional 
inhomogeneity,  there  is  an  important  difference  between  them.  The  Raman  spectra  vary 
noticeably  with  x  in  the  higher-x  samples  (Fig.  4),  while  the  DSR-PLX  spectra  .show  little 
change  from  x=0.28  to  x=0.43  (Fig.  6).  To  explain  these  results,  consider  the  physical  properties 
examined  by  the  two  techniques.  Raman  scattering  probes  optical  phonon  frequencies,  which 
are  sensitive  to  intermediate-range  (~10  nm)  structural  order.  DSR-PLX,  on  the  other  hand, 
probes  interband  electronic  transitions,  which  are  determined  mostly  by  short-range  order.  We 
suggest  that  the  size  of  the  phase-separated  regions  increases  from  x=0.28  to  x=0.49,  and  this 
increase  has  a  greater  effect  on  the  phonon  frequencies  (Raman)  than  on  the  interband  electronic 
transitions  (PLX).  The  previous  TEM  observation.s'^  support  our  hypothesis;  TEM  images 
showed  a  distinct  “tweed”  appearance,  indicating  spinodal  decomposition  on  a  relatively  large 
length  scale,  for  the  x=0.49  sample,  but  not  for  the  x=0.28  sample. 

CONCLUSIONS 

Transmittance,  excitation-wavelength  dependent  Raman,  and  double  spectrally  resolved 
photoluminescence  excitation  (DSR-PLX)  spectroscopies  were  used  to  characterize  In^Gai-xN 
films  with  x=0.06  to  x=0.49.  The  transmittance  data  suggest  that  compositional  inhomogeneity 
is  present  even  in  the  lower-x  samples  (x<0.2),  in  which  inhomogeneity  was  not  detected  by 
microstructural  methods  (TEM,  SAD,  and  XRD).  Both  Raman  and  DSR-PLX  show  “spectral 
signatures”  that  correlate  with  compositional  inhomogeneity  and  phase  separation  in  the  higher-x 
samples  (x>0.2).  The  composition  dependence  of  the  Raman  spectra,  from  x=0.28  to  x=0.49,  is 
consistent  with  an  increase  in  the  size  of  the  phase-separated  regions  with  increasing  x.  In 
contrast,  the  DSR-PLX  spectra  show  little  change  from  x=0.28  to  x=0.43. 
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Fig.  1.  Transmittance  spectra  of  InxGai-xN 
samples  with  varying  In  fraction  (x).  Vertical 
line:  GaN  absorption  edge  at  3.4  eV. 


Fig.  2.  Shift  of  absorption  edge  with  In 
fraction.  Solid  line:  best  fit,  excluding 
x=0.49.  Dashed  horizontal  line:  predicted 
absorption  edge  of  pure  InN  (x=l). 
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Fig.  3.  Raman  spectra  of  InxGai-xN  samples. 
Solid  lines:  2.409  eV  excitation;  dashed  lines: 
2.707  eV  excitation;  vertical  dashed  lines: 
Ai(LO)  frequencies  of  pure  InN  and  GaN. 


Fig.  4.  X  dependence  of  (a)  FWHMs  of 
Raman  peaks  excited  at  2.409  eV  (squares) 
and  2.707  eV  (triangles);  (b)  separation 
between  centers  of  Raman  peaks  excited  at 
2.409  eV  and  2.707  eV. 
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Fig.  5  (left).  Double  spectrally  resolved 
photoluminescence  excitation  (DSR-PLX) 
spectra  of  (a)  x=0.06  sample,  (b)  x=0.28 
sample,  and  (c)  sapphire  substrate.  For  each 
spectrum,  a  label  indicates  the  center  of  the 
detected  emission  energy  band  (eV),  and  the 
excitation  threshold  Eo  (midpoint  of  the 
transition  from  low  to  high  excitation 
efficiency)  is  marked  by  an  open  circle. 
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Fig.  6.  Variation  of  excitation  threshold 
energy  of  DSR-PLX  spectra  with  emission 
energy,  for  five  samples  with  differing  In 
fractions  (x).  Interpolating  curves  that 
connect  the  data  points  have  no  theoretical 
significance. 
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ABSTRACT 

While  significant  strides  have  been  made  in  the  optimization  of  GaN-based  devices  on 
foreign  substrates,  a  more  attractive  alternative  would  be  homoepitaxy  on  GaN  substrates.  The 
primary  motivation  of  this  work  is  to  explore  the  growth  of  thick  films  of  GaN  from  the  melt  for 
the  ultimate  use  as  substrate  material.  We  have  previously  demonstrated  the  synthesis  of 
polycrystalline,  wurtzitic  gallium  nitride  and  indium  nitride  by  saturating  gallium  metal  and 
indium  metal  with  atomic  nitrogen  from  a  microwave  plasma  source.  Plasma  synthesis  avoids 
the  high  equilibrium  pressures  required  when  molecular  nitrogen  is  used  as  the  nitrogen  source. 
Here  we  report  the  growth  of  thick  oriented  GaN  layers  using  the  same  technique  by  the 
introduction  of  (0001)  sapphire  into  the  melt  to  serve  as  a  substrate.  The  mechanism  of  this 
growth  is  not  established,  but  may  involve  transport  of  the  metal  as  a  liquid  film  onto  the 
sapphire  and  subsequent  reaction  with  atomic  nitrogen.  The  films  were  characterized  by  x-ray 
diffraction,  scanning  electron  microscopy,  transmission  electron  microscopy,  and  Raman 
spectroscopy.  X-ray  diffraction  showed  that  the  GaN  films  were  oriented  with  their  c-axes 
parallel  to  the  sapphire  c-axis.  The  TEM  analysis  confirmed  the  orientation  and  revealed  a 
dislocation  density  of  approximately  10^*^  cm'^.  The  E2  Raman  active  phonon  modes  were 
observed  in  the  GaN  films. 

INTRODUCTION 

In  spite  of  remarkable  achievement  in  the  growth  and  processing  of  gallium  nitride  and 
related  Ill-nitride  semiconductor  devices,  improvement  of  the  crystalline  quality  of 
heteroepitaxially  grown  GaN  films  is  still  an  important  issue.  Extended  structural  defects,  such 
as  dislocations,  are  a  problem  in  films  grown  on  sapphire  and  SiC  substrates,  even  with  the  aid  of 
buffer  layers.  Vertical  conduction  through  the  substrate  and  buffer  layers  is  also  an  issue  for 
devices.  Significant  reduction  in  the  concentration  of  threading  dislocations  has  recently  been 
achieved  through  the  use  of  epitaxial  lateral  overgrowth  (ELOG)  on  (0001)  sapphire  and  SiC 
substrates  [1,2].  However,  the  ideal  solution  to  these  problems  would  be  homoepitaxy  on  high 
quality,  bulk  GaN  substrates. 

The  search  for  a  viable  method  for  production  of  GaN  substrates  remains  open.  Bulk 
growth  techniques  have  succeeded  in  growing  low-dislocation  (<10^  cm'^)  material  at  very  high 
pressure  (>  15  kbar),  but  the  area  of  the  crystallites  remains  about  1  cm^  [3,4].  This  size 
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limitation  has  inspired  several  groups  [5,6]  to  pursue  hydride  vapor  phase  epitaxy  (HVPE)  as  a 
quasi-bulk  approach  to  GaN  growth  yielding  growth  rates  as  high  as  100  pm/hr.  However, 
cracking  is  a  common  problem  for  HVPE  growth  of  thick  GaN  overlayers  over  large  areas,  e.g., 

2  inch  (0001)  sapphire  wafers. 

In  our  initial  experiments,  we  showed  that  GaN  and  InN  can  be  grown  at  sub-atmospheric 
pressures  without  the  aid  of  a  substrate  from  the  reaction  of  liquid  metal  and  activated  nitrogen 
derived  from  a  microwave  plasma  source  [7-10].  While  the  optical  quality  of  these  crystals  is 
quite  good  as  determined  by  photoluminescence  and  Raman  spectroscopy,  the  crystallite  size  is 
typically  on  the  order  of  100  pm,  with  some  crystals  as  large  as  1  mm. 

The  nitrogen  saturated  melts  exhibit  a  strong  tendency  to  wet  the  crucible.  In  some  cases, 
the  wetting  was  so  extreme  that  the  entire  melt  left  the  well  of  the  crucible  and  formed  solid 
nitride  on  the  upper  surfaces  of  the  crucible  [11].  This  “spreading-wetting”  phenomenon  is  a 
striking  feature  of  group  III  metal/nitrogen  melts  and  has  been  observed  in  Ga/N  and  Al/N 
systems  by  several  prior  investigators  [12-15].  In  order  to  promote  controlled,  oriented 
nucleation  of  the  solid  nitride  from  the  melt,  we  introduce  a  substrate.  The  substrate  provides  a 
template  for  controlled  nucleation  provided  the  crystallization  takes  place  at  the  interface 
between  the  substrate  and  the  metal-nitrogen  melt.  Oriented  growth  will  depend  critically  on  the 
details  of  the  temperature  and  concentration  gradients  as  well. 

In  this  paper,  we  present  preliminary  results  on  the  growth  of  thick  films  of  oriented  GaN 
from  the  melt  through  the  introduction  of  a  substrate  into  the  melt.  The  primary  motivation  of 
this  work  is  to  explore  low  pressure  growth  from  the  melt  as  a  means  to  obtain  thick  single 
crystal  fdms  for  use  as  substrates. 

GROWTH  METHOD 


Previously,  polycrystalline,  wurtzitic  gallium  nitride  and  indium  nitride  were  synthesized 
without  a  substrate  by  saturating  gallium  or  indium  metal  with  atomic  nitrogen  from  a 
microwave  plasma  source.  Details  of  this  growth  method  have  been  published  elsewhere  [7],  but 
we  provide  a  brief  overview  here  for  completeness.  In  the  case  of  GaN  growth,  high  purity  Ga 
metal  was  heated  in  vacuum  to  a  temperature  900'’C  and  exposed  to  a  nitrogen  plasma  operating 
at  5  torr  and  400W  of  microwave  power  at  2.45  GHz.  The  metal  source  was  pre-treated  with  a 
hydrogen  plasma  immediately  prior  to  the  nitridation  to  remove  contaminants  from  the  .surface. 

A  polycry.stalline  crust  of  GaN  formed  on  the  surface  of  the  Ga  during  cooling  of  the  melt. 

In  the  present  work,  the  growth  technique  is  a  variation  on  this  basic  nitridation 
procedure,  with  the  differences  primarily  being  the  geometry  and  inclusion  of  a  substrate.  A  c- 
plane  sapphire  substrate  was  situated  to  provide  the  metal-nitrogen  melt  a  template  against  which 


to  wet.  For  this  paper,  we 
present  the  growth  of  two 
different  samples,  A  and 
B.  The  heater  for  these 
experiments  was  a  RF 
inductively  coupled 
graphite  susceptor  held  at 
900°C.  The  crucible  for 


Figure  1.  Schematic  drawings  of  growth  configuration,  (a)  The 
metal  and  substrate  are  first  exposed  to  a  hydrogen  plasma  to  clean 
the  surfaces,  (b)  After  exposure  to  nitrogen  plasma,  a  thin  liquid 
metal  film  moves  across  the  substrate  and  is  converted  to  GaN. 


sample  A  was  situated  on 
top  of  a  protective 
molybdenum  plate  on  the 
susceptor  and  the  crucible 
temperature  was  700- 


Figure  2.  SEM  image  of  a  portion  of  a  GaN  layer 
that  has  peeled  away  from  the  (0001)  sapphire 
substrate. 


800"C,  For  sample  B,  the  crucible  was 
embedded  in  the  heater  so  its  temperature 
was  OGO^C.  Prior  to  deposition,  the 
sapphire  was  degreased  in  boiling  organic 
solvents,  rinsed  in  deionized  water,  and 
blown  dry  with  nitrogen.  The  substrate  and 
99.99999%  pure  Ga  source  metal  were 
heated  under  vacuum  to  a  temperature  of 
700-900“C  and  exposed  to  the  hydrogen 
plasma  pre-treatment  before  replacing  the 
hydrogen  flow  with  nitrogen  (see  Figure  1). 
For  sample  A,  after  several  minutes  of 
plasma  nitridation  at  the  growth 
temperature,  a  dull  film  was  visually 
observed  to  move  up  the  substrate.  Total 
nitridation  time  for  sample  A  was  2  hours. 
For  sample  B,  after  several  minutes  of 


plasma  nitridation  at  the  growth 

temperature,  a  thin,  reflective  metal  film  was  visually  observed  to  move  up  the  substrate  and  to 
subsequently  darken  and  form  a  solid.  Total  nitridation  time  for  sample  B  was  45  minutes. 


RESULTS  AND  DISCUSSION 


Sample  A  was  smooth,  mirror-like,  and  transparent.  X-ray  Diffraction  (XRD)  showed 
that  the  primary  reflections  were  from  the  (0002)  and  (0004)  planes  of  wurtzitic  GaN,  indicating 
a  preferred  orientation  with  the  c-axis  perpendicular  to  the  surface.  A  Scanning  Electron 
Microscope  (SEM)  image  of  a  portion  of  the  film  that  peeled  away  from  the  substrate  is  shown 
in  Figure  2.  In  order  to  characterize  the  structural  quality  of  the  film,  Transmission  Electron 
Microscope  (TEM)  analysis  was  performed.  The  TEM  image  of  sample  A  in  Figure  3  shows 
that  the  film  has  a  columnar  structure  with  a  high  density  of  stacking  faults  and  a  0.5  -  0.7  deg. 
texturing.  The  overall  film  thickness  is  about  1  |im.  The  selected  area  diffraction  pattern 
(SADP)  taken  along  the  [  1 120]GaN  zone  axis  shown  in  Figure  4  indicates  that  the  basic 


Figure  3.  TEM  image  of  GaN  film  sample  A.  The  Figure  4.  Selected  area  diffraction  pattern 
arrow  marks  the  direction  of  the  c-axis  of  the  of  GaN  film  sample  A  taken  along  the 

sapphire  substrate.  [1120]  zone  axis. 


Figure  5.  Cross-sectional  TEM  images  of  a  50  jim  thick  area  of  GaN  film  on  (0001 )  sapphire 
substrate  sample  B  near  the  (a)  interface,  (b)  about  5  pm  from  the  interface,  and  (c) _about  20  pm  from 
the  interface.  The  inserts  are  selective  area  diffraction  patterns  taken  along  the  f  1 120]  zone  axis. 


orientational  relationship  is  (0001)GaN//(0001)sapp.  and  [  1 120]GaN//f  1  1  00]j;,,pp.  No  Raman 
spectra  could  be  obtained  from  this  film. 

Parts  of  sample  B  had  a  rough,  gray  surface  and  some  areas  were  shiny,  yellow,  and 
transparent.  Figure  5(a)  shows  a  TEM  image  of  the  region  near  the  substrate.  The  region 
extending  from  the  interface  to  about  0.6  pm  from  the  interface  shows  a  typical  tooth-like  grain 
structure  with  a  mean  width  of  0.2  pm.  The  c-axes  of  all  grains  are  within  10'’  of  the  normal  to 
the  interface  indicating  a  textured  structure.  Above  this  region,  the  quality  of  the  GaN  grains 
suddenly  improved.  The  orientational  relationship  indicated  in  the  inserted  SADP  is 
(0001)GaN//(0001)sapp.  and  [  1120]GaN//[  iTOOjsapp.  A  TEM  image  of  a  region  about  5  pm  away 
from  the  sapphire  interface  is  shown  in  fig.  5(b).  This  area  is  composed  of  single  crystal  GaN 
with  the  c-axis  perpendicular  to  the  interface  (see  below).  A  contrast  micrograph  (not  shown 
here)  shows  that  most  of  the  defects  are  threading  edge-dislocations  and  basal  screw-dislocations 
with  the  Burgers  vector  b=l/3[  1 120]GaN.  Dislocation  densities  are  of  the  order  of  lO'^/cml  The 
inset  is  a  SADP  taken  along  the  [1120]  zone  axis.  This  image  is  typical  of  the  film  up  to  about 
15-20  pm  from  the  interface.  Figure  5(c)  shows  a  micrograph  20  pm  away  from  the  interface 
between  the  GaN  film  and  the  sapphire  substrate.  Here,  the  material  is  polycrystalline  and  the 
orientational  relationship  with  the  sapphire  is  lost.  In  addition,  there  is  a  high  density  of  stacking 
faults  and  several  holes  are  observed.  Due  to  the  high  density  of  stacking  faults,  the  SADP 


clearly  shows  streaks  along  the  c-axis 
direction.  The  average  thickness  of  the 
film  is  approximately  100  jim. 

Raman  spectra  were  taken  in  the 
z(x-)z  configuration  from  a  shiny 
yellow  area  of  the  film.  From  this 
scattering  geometry,  the  allowable 
symmetry  modes  are  E2  and  Ai(LO). 
The  E2  high  and  low  modes  are  easily 
observable  in  Figure  6. 

For  sample  A,  grown  at  the 
lower  temperature,  the  growth  rate  was 
0.5  {xm/hr.  Sample  B,  grown  at  900  "C, 
had  a  growth  rate  of  over  100  |im/hr, 
which  is  similar  to  that  achievable  by 
HVPE.  While  the  defect  density  of 
these  films  is  high,  these  preliminary 
results  are  promising  considering  the 
growth  was  carried  out  on  sapphire 
without  an  intentional  buffer  layer. 

While  the  growth  mechanism  is 
still  unclear,  several  points  can  be  made.  The  GaN  can  be  formed  either  from  the  vapor  or  by 
crystallization  from  the  melt,  and,  likely,  both  mechanisms  play  a  role.  The  vapor  pressure  of  the 
liquid  Ga  and  the  nitrogen  activity  are  high  enough  to  support  the  growth  rates  observed.  We 
propose  that  the  initial  textured  growth  at  the  interface  may  be  vapor  growth  of  GaN,  and  the 
rapid  change  to  single  crystal  material  marks  the  point  at  which  wetting  and  growth  from  the 
melt  begins.  The  upper  portion  of  the  film  is  polycrystalline.  This  loss  of  single  crystallinity  can 
occur  for  a  number  of  reasons;  for  example,  onset  of  interface  instability. 

CONCLUSIONS 

Thick  films  of  GaN  are  grown  on  (0001)  sapphire  by  conversion  of  a  layer  of  gallium 
metal  by  a  nitrogen  plasma.  The  films  are  highly  oriented  with  (0001)GaN//(0001)sapp.  and 
[  1 120]GaN//[  1 1  OOJsapp.  For  a  sample  grown  at  an  overall  rate  of  100  pm/hr,  dislocation  densities 
are  lO’®  cm'^  for  the  single  crystal  region  of  the  film  and  strong  Raman  active  optical  phonon 
modes  are  observed.  These  preliminary  results  indicate  that  direct  conversion  of  nitrogen 
saturated  gallium  melts  to  the  solid  nitride  may  be  an  alternative  for  growth  of  thick  GaN  films 
for  use  as  substrates. 
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Figure  6.  Raman  spectrum  of  GaN  film  on  c- 
plane  sapphire  substrate  sample  B  and  the 
spectrum  from  the  substrate  before  deposition. 
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ABSTRACT 

P-type  doping  with  Mg  and  n-type  doping  with  Si  of  cubic  GaN  (c-GaN)  epilayers  is 
reported.  Cubic  GaN  films  are  grown  by  rf-plasma  assisted  MBE  on  semi-insulating  GaAs 
(001)  substrates  at  a  substrate  temperature  of  720°C.  Elemental  Mg  and  Si  are  evaporated 
from  thermal  effusions  cells.  Secondary  ion  mass  spectroscopy  (SIMS),  low  temperature 
photoluminescence  (PL)  and  temperature  dependent  Hall-effect  measurements  are  used  to 
study  the  incorporation,  optical  and  electrical  properties.  A  Mg  related  shallow  donor- 
acceptor  transiton  at  3.04  eV  with  an  acceptor  activation  energy  of  Ea=  0.230  eV  is 
observed  by  low  temperature  PL.  At  Mg  concentrations  above  lO'^cm"^  the  dominance  of 
a  broad  blue  band  indicates  that  also  in  c-GaN  Mg  is  incorporated  at  different  lattice  sites 
or  forms  complexes.  Si-doped  c-GaN  epilayers  are  n-type  with  electron  concentrations  up 
to  5*10‘^cm'^.  The  incorporation  of  Si  follows  exactly  the  vapor  pressure  curve  of  Si, 
indicating  a  sticking  coefficient  of  1  for  Si  in  c-GaN.  With  increasing  Si-concentration  the 
intensity  of  the  near-band  luminescence  continuously  increases  and  broadens. 


INTRODUCTION 

Cubic  GaN  (c-GaN)  epilayers  grown  by  molecular  beam  epitaxy  (MBE)  show 
outstanding  electrical  and  optical  features  [1,2],  demonstrating  the  high  potential  of  c-GaN 
for  the  realization  of  blue  emitting  laser  diodes.  Gain  measurements  in  undoped  cubic 
material  reveal  gain  values  which  are  comparable  to  that  of  the  best  hexagonal  GaN  (h- 
GaN)  [3].  Particularly,  epitaxially  grown  layers  of  c-GaN  lend  themselves  to  the  production 
of  cleaved  laser  cavities  and  optically  excited  stimulated  emission  from  such  cleaved  facetts 
has  already  been  observed  [4].  In  order  to  fabricate  almost  any  device  it  is  necessary  to 
carry  out  controlled  doping  of  GaN  in  order  to  realize  both  n-type  and  p-type  GaN  material. 
In  hexagonal  GaN  the  principal  p-type  dopant  is  Mg  and  n-type  dopant  is  Si. 

In  this  paper  we  summarize  recent  doping  experiments  of  cubic  GaN  epilayers  by  Mg 
and  Si.  Secondary  ion  mass  spectroscopy  (SIMS),  low  temperature  photoluminescence  (PL) 
and  temperature  dependent  Hall-effect  measurements  are  used  to  study  the  incorporation, 
the  optical  and  electrical  properties  of  Mg-  and  Si-doped  samples. 
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EXPERIMENTAL 


Cubic  GaN  films  are  grown  by  rf-plasma  assisted  MBE  on  semi-insulating  GaAs  (001) 
substrates  at  a  substrate  temperature  of  720°C.  The  growth  rate  is  about  0.07  pm/h  and  the 
thickness  of  the  layers  is  about  1  pm,  respectively.  Elemental  Mg  and  Si  are  evaporated 
from  commercial  effusion  cells  at  source  temperatures  between  260°C  and  450°C,  and 
750°C  and  1150°C,  respectively.  The  concentration  and  depth  distribution  of  Mg  is 
measured  by  secondary  ion  mass  spectroscopy  (SIMS)  using  Mg  implanted  calibrated 
standards  for  quantification,  and  an  primary  beam  of  6  keV.  Photoluminescence  (PL) 
measurements  are  performed  in  a  He  bath  cryostat  at  2  K.  Luminescence  is  excited  by  the 
325  nm  line  of  a  cw  HeCd  UV  laser  with  a  power  of  3  mW  and  measured  in  a  standard  PL- 
system.  Hall-effect  measurements  are  performed  using  square  shaped  samples  (Van  der 
Pauw  geometry)  in  a  cryostat  between  240  K  to  380  K,  at  a  magnetic  field  of  0.3  T  and 
with  the  sample  in  the  dark. 


RESULTS  AND  DISCUSSION 
Mg  doping  of  cubic  GaN 

The  2  K  photoluminescence  spectra  of  cubic  GaN  epilayers  grown  at  different  Mg 
source  temperatures  Tj^g  is  shown  in  Fig.l.  The  lowest  spectrum  is  that  of  an  undoped 
reference  sample  grown  before  introducing  Mg  into  the  chamber.  The  near  band  edge 
luminescence  of  the  reference  sample  is  dominated  by  an  excitonic  transition  X  at  3.26  eV 
and  an  omnipresent  donor-acceptor  pair  transition  (D“,A®)  at  3.15  eV  [5].  The  nature  of  the 
involved  shallow  donor  and  acceptor  is  not  identified  up  to  now.  The  corresponding 
binding  energies  are  25  meV  and  130  meV,  respectively.  Mg-doping  at  source  temperatures 
T]^g  below  300°C  results  in  the  appearence  of  a  donor  acceptor  transition  (D  ,A\,g)  at 
3.04  eV.  At  about  60  K  this  transition  thermalizes  to  the  corresponding  band  acceptor 
transition  (e,  A%g)  at  about  3.07  eV.  The  donor  participating  in  this  line  has  the  same 
ionization  energy  as  the  one  observed  in  the  undoped  sample.  From  the  energetic  position 
an  acceptor  activation  energy  of  E^g  =  0.230  eV  is  estimated.  This  energy  level  is  in 
excellent  agreement  with  recent  theoretical  calculations  of  Mg^^  for  c-GaN  [6]  and  is 
somewhat  lower  than  that  for  the  corresponding  value  of  0.265  eV  for  h-GaN  [7].  Detailed 
characteristics  of  the  temperature  and  intensity  dependence  of  the  PL  spectra  will  be 
presented  elsewhere.  At  Mg  concentrations  higher  than  10'^  cm'^  (T^,g  higher  than  350°C) 
the  low  energy  side  of  the  spectrum  will  be  dominated  by  a  broad  blue  emission  band 
centered  at  about  2.8  eV,  which  is  modulated  due  to  interference  fringes  of  the  PL  light 
(upper  curves  in  Fig.l).  The  nature  of  this  deep  transition  is  unknown  up  to  now,  however 
it  seems  that  also  in  c-GaN  Mg  is  incorporated  at  different  lattice  sites  or  forms  complexes  at 
high  Mg  flux.  A  recent  publication  on  h-GaN  attributes  this  blue  band  to  Mg-V^  complexes 
[8].  Rapid  thermal  annealing  experiments  in  N2  atmosphere  (30  s)  show  that  the  responsible 
defect  for  the  blue  band  is  thermally  stable  up  to  an  annealing  temperature  of  1 100°C. 

The  full  squares  in  Fig.2  show  the  amount  of  incorporated  Mg  measured  by  SIMS 
versus  the  beam  equivalent  pressure  of  Mg  (BEPf^^).  The  Mg  concentration  remains  below 
about  5*10'*^  cm and  is  nearly  independent  on  the  arrival  rate  of  supplied  Mg,  which 
varied  by  four  orders  of  magnitude.  This  behaviour  is  similar  to  that  observed 
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Fig.  1:  Low  temperature  2  K  photo¬ 
luminescence  spectra  of  Mg  doped 
cubic  GaN  epilayers  grown  by 
different  Mg  source  temperature 
(X  excitonic  transition,  (D°,A°) 
omnipresent  donor-acceptor  pair 
transition).  The  dashed  lines 
indicate  the  shallow  Mg-related 
transitions  and  (e,A°]^g). 

The  dashed  arrow  below  2.95  eV 
indicates  the  deep  Mg-related  blue 
band,  which  is  modulated  due  to 
interference  fringes  of  the  PL  light. 


Fig.  2:  Integral  PL  intensity  of  various 
observed  transitions  ( open 

symbols).  Mg  concentration 

measured  by  SIMS  (full  squares), 
and  free  hole  concentration  p^^n  at 
room  temperature  versus  beam 
equivalent  pressure  (BEPj^J  of  the 
offert  Mg  flux. 


for  MBE  growth  of  hexagonal  GaN  [9]  and  GaAs  [10]  and  is  expected  to  be  due  to  the 
high  vapor  pressure  of  Mg.  Depth  profile  measurements  show  a  homogenious 
distribution  of  Mg  within  the  top  epilayer  and  an  accumulation  of  Mg  by  one  order  of 
magnitude  at  the  GaN/GaAs  interface  [11].  This  may  be  due  to  the  increased  number  of 
structural  defects  near  the  interface  incorporated  as  a  result  of  the  large  lattice  mismatch 
between  substrate  and  epilayer. 

Hall-effect  measurements  of  the  Mg-doped  cubic  GaN  epilayers  show  p-type 
conductivity  without  postgrowth  treatments.  For  the  sample  grown  at  a  Mg  source 
temperature  of  =  300°C  the  measured  free  hole  concentration  ppa,,  and  hole  mobility 
at  room  temperature  is  about  3*10’^  cm'^  and  215  cmWs,  respectively.  This  low  hole 
concentration  is  expected  due  to  the  high  ionization  energy  of  Mg  (  [Mg]siMs  = 
1.7*10’®cm‘^ ).  Under  the  assumption  of  compensation  the  temperature  dependence  of 
the  concentration  of  free  holes  yields  for  the  shallow  Mg  acceptor  an  activiation  energy 
of  E]^  =  0.1 10  ±  0.020  eV  [12].  The  corresponding  value  for  hexagonal  GaN  is  160  ±  5 
meV  [13].  In  both  cases  the  thermal  activation  energies  are  much  lower  than  the  optical 


activation  energies.  The  reason  for  this  may  be  either  due  to  a  strong  electron  lattice 
coupling  [14]  since  the  Bohr  radius  of  the  ’’shallow”  effective  mass  like  acceptor  state  is 
only  6.3  A  or  due  to  potential  fluctuations  [15].  The  room  temperature  free  hole 
concentration  Ph^,,  versus  the  beam  equivalent  pressure  of  Mg  (BEP^fg)  is  depicted  in 
Fig. 2  by  full  circles.  In  contradiction  to  the  Mg  concentration  measured  by  SIMS  no 
increase  of  pj.,,,||  vs.  BEPp^^  is  seen,  indicating  that  an  additional  compensating  donor  may 
be  incorporated  during  Mg-doping. 

This  assumption  is  constrained  by  our  PL-measurements.  Using  Gaussian  functions 
for  the  different  transitions  to  fit  the  measured  spectra,  the  integral  intensities  of  the 
different  PL-lines  are  estimated  and  also  depicted  in  Fig.  2  versus  BEPp^Pg  (open  symbols). 
Both  the  shallow  transitions,  (D^  (e,  A”p^g),  as  well  as  the  deep  blue  band  show 

a  clear  increase  with  increasing  Mg-flux.  Therefore  all  three  transitions  are  related  to  the 
incorporation  of  Mg  into  c-GaN.  However,  whereas  the  shallow  transitions  seems  to 
saturate  at  higher  Mg-flux,  this  is  not  the  case  for  the  blue  band.  Since  the  measured  hole 
concentration  is  nearly  independent  of  the  supplied  Mg  amount  we  conclude  that  the 
blue  band  may  act  as  a  compensating  deep  donor  center.  This  conclusion  is  in  agreement 
with  similar  observations  made  in  h-GaN  [16].  For  p-type  GaN  theoretical  calculations 
also  show  that  Mgj,  Mgp,,  or  Mg-Vp^,  may  act  as  compensating  deep  donors.  Since  the 
formation  energies  of  all  these  Mg-related  defects  are  low  enough  they  may  be  possible 
candidats  for  the  blue  band  in  GaN. 


Si-doping  of  cubic  GaN 

The  optical  properties  of  Si  doped  cubic  GaN  are  shown  in  Fig.  3.  At  2  K  the 
spectrum  of  the  sample  grown  with  the  lowest  Si-flux  (source  temperature  T^—  750°C)  is 
dominated  by  the  excitonic  transition  X  at  3.26  eV  and  the  omnipresent  donor-acceptor 
pair  transition  (D°,A°)  at  3.15  eV  [5].  With  increasing  Si  flux  a  clear  shift  to  higher 
energies  of  the  (D°,A°)  and  an  increase  of  the  full  width  at  half  maximum  (FWHM)  is 
observed.  For  samples  grown  at  Tsj>  1025°C  both  lines  merge  to  one  broad  band.  This 
behavior  is  similar  to  the  one  observed  in  the  well  known  case  of  GaAs  heavily  doped 
with  Si  or  Te  and  can  well  be  described  by  electron-impurity  interactions  (band  tailing), 
shrinkage  of  the  band  gap  due  to  exchange  interaction  among  free  carriers  and 
conduction  band  filling  effects  [17,  18].  A  detailed  analysis  of  the  PL-spectra  will  be 
published  elsewhere. 

For  Si  doped  cubic  GaN  epilayers  the  free  electron  concentration  at  room 
temperature  (measured  by  Hall-effect)  is  depicted  in  Fig.  4  as  a  function  of  the  Si-effusion 
cell  temperature  (full  triangles).  One  clearly  sees  that  the  free  electron  concentration 
nearly  exactly  follows  the  Si-vapor  pressure  curve  (full  line  in  Fig.4)  [19].  This  indicates  a 
constant  sticking  coefficient  of  Si  at  the  growth  temperature  chosen.  Nearly  all  Si  atoms 
are  incorporated  at  Ga  sites  and  act  as  shallow  donors.  Temperature  dependent  Hall- 
effect  measurements  further  show  that  c-GaN  grown  at  720°C  and  a  Si  source 
temperature  T^j  >  1025°C  are  totally  degenerated  with  a  maximum  free  electron 
concentration  of  5*10’’  cm'^  and  an  electron  mobility  of  75  cmW.s,  respectively.  This 
clearly  demonstrates  the  ability  of  controlled  n-type  doping  of  cubic  GaN  by  Si  up  to 
concentrations  which  are  necessary  for  the  fabrications  of  laser  diodes. 
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Fig.  3:  Low  temperature  PL  spectra  of 
Si  doped  cubic  GaN  epilayers 
grown  with  different  Si  source 
temperatures  .With  increasing  Si 
source  temperature  the  (D°,A°) 
transition  broadens  and  shifts  to 
higher  photon  energies. 


Fig.  4:  Room  temperature  free  electron 
concentration  measured  by  Hall- 
^ffect  (full  triangles)  versus  Si 
source  temperature.  The  full  line 
represents  the  vapor  presure  curve 
of  Si  after  [19]. 


CONCLUSIONS 

Cubic  GaN  films  grown  by  rf-plasma  assisted  MBE  on  semi-insulating  GaAs  (001) 
substrates  are  doped  by  Mg  and  Si,  yielding  p-  and  n-type  conductivity,  respectively.  A 
Mg  related  shallow  donor-acceptor  transition  at  3.04  eV  with  an  optical  acceptor 
activation  energy  of  E^=  0.230  eV  is  observed  by  low  temperature  PL.  At  Mg 
concentrations  above  10^^  cm'^  a  broad  blue  band  dominates  the  PL  spectra  and 
indicates  that  also  in  cubic  GaN  Mg  is  incorporated  at  different  lattice  sites  or  forms 
complexes.  Hall-effect  measurements  show  that  this  complex  may  act  as  a  compensating 
donor.  Si-doping  follows  exactly  its  vapor  pressure  curve,  indicating  a  constant  sticking 
coefficient  in  the  investigated  temperature  range.  With  increasing  Si-concentration  a 
continuous  increase  and  broadening  of  the  near-band  luminescence  is  measured.  Si- 
doped  c-GaN  epilayers  are  n-type  with  electron  concentrations  up  to  5*10'^  cm  ^ 


ACKNOWLEDGEMENTS 

The  authors  acknowledge  the  support  of  their  work  by  ’’Deutsche 
Forschungsgemeinschaft”,  project  number  As  (107/1-1). 


REFERENCES 


1.  DJ.  As,  D.  Schikora,  A.  Greiner,  M.  Lubbers,  J.  Mimkes,  and  K.  Lischka,  Phys.  Rev 
B54(16),Rnil8(1996) 

2.  D.  Schikora,  M.  Hankeln,  D.J.  As,  K.  Lischka,  T.  Litz,  A.  Waag,  T.  Buhrow  and  F. 
Henneberger:  Phys.  Rev.  B  54  (12),  R8381  (1996) 

3.  J.  Holst,  L.  Eckey,  A.  Hoffmann,  I.  Broser,  B.  Schottker,  D.J.  As,  D.  Schikora  and  K. 
Lischka:  Appl.  Phys.  Lett.  72  (12),  1439  0998) 

4.  J.  Holst,  A.  Hoffmann,  I.  Broser,  B.  Schottker,  D.J.  As,  D.  Schikora  and  K.  Lischka: 
submitted  to  Appl.  Phys.  Lett. 

5.  D.J.  As,  F.  Schmilgus,  C.  Wang,  B.  Schottker,  D.  Schikora,  and  K.  Lischka:  Appl. 
Phys.  Lett.  70  (10),  1311  (1997) 

6.  J.  Neugebauer,  C.G.  Van  de  Walle,  MRS  Symp.  Proc.  Vol.  395,  645  (1996) 

7.  M.  Leroux,  B.  Beaumont,  N.  Grandjean,  J.  Massies,  P.  Gibart:  MRS  Symp.  Proc.Vol. 
449,695  (1997) 

8.  U.  Kaufmann,  M.  Kunzer,  M.  Maier,  H.  Obloh,  A.  Ramakrishnan,  B.  Santic,  P. 
Schlotter,  Appl.  Phys.  Lett.  72  (1 1)  1326  (1998) 

9.  S.  Guha,  N.A.  Bojarczuk,  and  F.  Cardone,  Appl.Phys.Lett.  71  (12),  1685  (1997) 

10.  C.E.C.Wood,  D.  Destimone,  K.Singer,  and  G.W.Wicks,  J. Appl. Phys.  53, 4230  (1982) 

11.  D.J.  As,  T.  Simonsmeier,  B.  Schottker,  T.  Frey,  D.  Schikora,  W.  Kriegseis,  W. 
Burkhardt,  and  B.K.  Meyer,  Appl.Phys.  Lett.  73  (13),  1835  (1998) 

12.  D.J.  As,  Phys.  Stat.  Sol.  (b)  210,  2.  Dec.  (1998) 

13.  W.  Kim,  A.  Salvador,  A.E.  Botchkarev,  O.  Aktas,  S.N.  Mohammad,  and  H.  Morcoc, 
Appl.  Phys.  Lett.  69  (4),  559  (1996) 

14.  B.K.  Ridley,  in  "Quantum  Processses  in  Semiconductors",  Ed.,  Clarendon 
Press,  Oxford,  1988,  p.235 

15.  D.J.  Dewsnip,  J.W.  Orton,  D.E.  Lacklison,  L.  Flannery,  A.V.  Andrianov,  I.  Harrison, 
S.E.  Hooper,  T.S.  Cheng,  C.T.  Foxon,  S.N.  Novikov,  B.  Ya  Ber,  and  Yu  A. 
Kudriavtsev,  Semicond.  Sci.  Technol.  13,  927  (1998) 

16.  L.Eckey,  U.von  Gfug,  J. Holst,  A.Hoffmann,  B.Schineller,  K.Heime,  M.Heuken, 
O.Schon,  R.Beccard,  J.  of  Crystal  Growth  189/190,  523  (1998) 

17.  A.P.  Abramov,  I.N.  Abramova,  S.  Yu.  Verbin,  I.  Ya.  Gerlovin,  S.R.  Grigorev,  I.V. 
Ignatev,  O.Z.  Karimov,  A.B.  Novikov,  and  B.N.  Novikov,  Semiconductors  27  (7), 

647  (1993) 

18.  J.  De-Sheng,  Y.  Makita,  K.  Ploog,  H.J.  Queisser,  J.  Appl.  Phys.  53  (2),  999  (1982) 

19.  J.L.  Souchiere,  Vu  Thien  Binh,  Surface  Science  168,  52  (1986) 


CUBIC  InGaN  GROWN  BY  MOCVD 


J.B.  Li,  Hui  Yang,  L.X.  Zheng,  D.P.  Xu,  Y.T.  Wang 

National  Research  Center  for  Opto-electronic  Technology,  Institute  of  Semiconductors, 

CAS,  Beijing  100083,  China 

Cite  this  article  as:  MRS  Internet  J.  Nitride  Semicond.  Res.  4S1,  G3.25  (1999) 
Abstract 


We  report  on  the  growth  of  high-quality  cubic  phase  InGaN  on  GaAs  by  MOCVD.  The 
cubic  InGaN  layers  are  grown  on  cubic  GaN  buffer  layers  on  GaAs  (001)  substrates.  The  surface 
morphology  of  the  films  are  mirror-like.  The  cubic  nature  of  the  InGaN  films  is  obtained  by  X-ray 
diffraction  (XRD)  measurements.  The  InGaN  layers  show  strong  photoluminescence  (PL)  at 
room  temperature.  Neither  emission  peak  from  wurtzite  GaN  nor  yellow  luminescence  is 
observed  in  our  films.  The  highest  In  content  as  determined  by  XRD  is  about  17%  with  an  PL 
emission  wavelength  of  450  nm.  The  FWHM  of  the  cubic  InGaN  PL  peak  are  153  meV  and  216 
meV  for  427  nm  and  450  nm  emissions,  respectively.  It  is  found  that  the  In  compositions 
determined  from  XRD  are  not  in  agreement  with  those  estimated  from  PL  measurements.  The 
reasons  for  this  disagreement  are  discussed. 

Introduction 


The  III-V  nitrides  have  long  been  viewed  as  a  promising  system  for  semiconductors  device 
applications  in  the  blue  and  ultraviolet  (UV)  wavelengths  in  much  the  same  manner  that  their 
highly  successfiil  As-based  and  P-based  cousins  have  been  exploited  in  the  infrared  (IR),  red,  and 
green  wavelengths.  Although  most  devices  have  been  based  on  hexagonal  films,  cubic  GaN  is  of 
significant  interest  [1-5].  Cubic  GaN  has  been  grown  on  substrates  that  have  a  cubic  lattice,  such 
as  GaAs[2,6-8],  Si[9],  3C-Sic[6-10],  and  MgO[ll].  In  our  work,  Cubic  GaN  is  grown  on  GaAs 
substrates.  Because  GaAs  substrates  are  conductive  and  easily  cleaved,  they  will  simplify  the 
device  fabrication  process,  thus  decrease  the  device  cost.  So  cubic  GaN  grown  on  GaAs  has  an 
exciting  prospect  for  fabricating  blue  and  geen  LED  as  well  as  LDs.  Now  the  quality  of  cubic 
phase  GaN  grown  on  GaAs  have  reached  to  a  new  level.  The  full  width  at  half-maximum 
(FWHM)  of  room-temperature  photoluminescence  (PL)  for  GaN  crystal  is  reported  as  about  46 
meV[12],  which  approaches  that  of  high  quality  hexagonal  GaN  film. 

InGaN  is  a  direct  band  material  which  has  the  band  gap  energy  varying  from  1.92  ev  for 
InN  to  3.2ev  for  cubic  GaN.  It  is  a  very  important  material  for  use  as  an  active  layer  for  blue- 
green  LED  and  LDs.  However,  InGaN  is  thermally  unstable  which  causes  difficulties  in  growing 
high  quality  and  high  indium  concentration  InGaN.  In  our  letter,  we  have  grown  high  quality 
cubic  phase  lUxGai.xN  on  GaAs  substrate  by  MOCVD.  The  indium  composition  x  has  been 
achieved  as  high  as  0.17  with  an  emission  wavelength  of  450  nm. 

Experimental  procedure 

Our  cubic  phase  GaN  is  grown  by  MOCVD  on  GaAs  substrate,  using  Ha  as  carrier  gas, 
high  purity  NH3  as  N  source,  triethylgallium  (TEGa)  as  Ga  source,  and  trimethylindium  (TMIn)  as 
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indium  source,  respectively.  The  reaction  chamber  maintains  low  pressure  (76  torr)  during 
growth.  A  GaN  buffer  layer  was  first  deposited  at  550  "C  for  2  min,  then  the  GaN  epilayer  with  a 
thickness  of  0.7  pm  was  deposited  at  a  temperature  of  850  "C.  Finally,  the  InGaN  layer  with  a 
thickness  of  0.3  pm  was  deposited  on  the  GaN  layer.  X-ray  diffraction  (XRD)  were  u.sed  to 
determine  the  lattice  constant  and  In  content  of  InGaN  films.  The  XRD  measurements  are 
performed  using  a  synchrotron  radiation  with  a  wavelength  of  1.535  A.  Room-temperature 
photoluminescence  (PL)  measurements  were  performed  on  all  samples  using  a  computer- 
controlled  PL  system.  The  excitation  source  is  a  He-Cd  laser  which  operates  at  a  wavelength  of 
325  nm  and  produces  25  mw  of  output  power.  A  setup  of  a  monochromator  and  a 
photomultiplier  is  used  for  PL  measurements. 

Result  and  Discussion 


Figure  1  shows  XRD  profiles  for  several  samples  (oy20  mode).  The  positions  of  GaN 
(002)  and  (004)  peaks  are  at  19.98  "  and  42.92  ",  respectively.  The  InGaN  diffraction  peaks  of 
(002)  and  (004)  are  separated  clearly  from  GaN  diffraction  peaks  of  (002)  and  (004).  It  indicates 
the  cubic  phase  InGaN  films  have  been  achieved.  No  diffraction  peaks  correspond  to  hexagonal 
phase  GaN  and  InGaN  are  observed.  Different  diffraction-peak  positions  of  InGaN  indicate 
different  indium  composition  x  for  InGaN  films.  Using  Vegard’s  law  and  assuming  a  lattice 
constant  of  InN  to  be  0.498  nm,  we  calculated  the  indium  alloy  composition  x  from  the  lattice 
constant  of  InGaN  crystals  determined  by  XRD.  The  x  values  for  different  samples  are  indicated 
in  Fig.  1.  The  highest  In  composition  we  have  achieved  here  is  17%.  The  InGaN  films  show 
mirror-like  surfaces. 


Figure  1.  X-ray  diffraction  profiles  (oy20  mode)  for  cubic  InGaN  films. 


Figure  2  shows  the  room  temperature  PL  spectra  for  the  samples  shown  in  Fig.  1.  Except 
the  cubic  GaN  band  edge  emission  at  387  nm,  in  all  the  spectrum,  there  is  a  strong  peak  at  427  nm 
to  450  nm  which  we  assign  to  cubic  InGaN  band  edge  emission.  The  FWHM  for  PL  peaks  of  our 
InGaN  films  range  from  153  mev  to  220  mev,  with  emission  wavelength  range  firom  427 nm  to 
450nm.  The  InGaN  peaks  in  the  spectra  are  quite  narrow  even  compared  with  hexagonal  InGaN. 
The  GaN  peak  is  relatively  weak  reflecting  a  strong  absorption  from  the  0.3  p.m  thick  InGaN  film. 
The  yellow  band  in  our  samples  are  also  very  weak.  The  quality  of  the  films  becomes  better  while 
the  indium  composition  x  decreased  as  indicated  by  the  changes  of  FWHM. 
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Figure  2.  PL  spectra  of  InGaN  samples. 


We  have  plotted  the  PL  peak  energies  of  our  InGaN  samples  as  a  function  of  the  In 
composition,  as  shown  in  Fig.  3.  The  dashed  lines  in  the  figure  are  linear  connections  between  the 
two  points  corresponding  to  GaN  (3.2eV)  and  InGaN  (1.9eV  to  2.2eV).  We  can  see  that  the 
bandgap  energy  of  our  InGaN  films  are  well  bellow  these  lines.  There  are  two  possibilities  for  this 
discrepancy.  One  is  that  the  In  composition  is  not  uniform  in  the  InGaN  films.  The  In  composition 
drawn  in  the  figure  is  an  average  value  of  our  sample  determined  by  XRD.  It  might  be  not 
uniform  in  the  samples  and  much  larger  than  average  in  some  part  of  the  samples.  These  high  In 
content  parts  contribute  to  the  PL  leading  to  a  longer  wavelength  than  average.  In  this  case,  the  In 
composition  of  the  In-rich  part  might  have  a  value  as  large  as  0.45.  The  other  possibility  is  that 
the  In  composition  is  uniform  in  the  films  while  the  bandgap  energies  of  the  InGaN  are  not  linearly 
depend  on  x.  There  is  bowing  behavior  in  the  relationship  between  the  bandgap  energy  and  In 
composition,  as  indicated  by  the  solid  curve  in  Fig.  2.  Further  investigation  on  this  issue  are 
required. 
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Figure  3.  Bandgap  energy  v.s,  indium  composition  of  cubic  InGaN.  The  dashed  lines  are  linear 
connections  between  the  points  corresponding  to  GaN  (3.2eV)  and  InGaN  (1.9eV  to  2.2eV).  The 
solid  curve  is  drawn  according  to  the  equation  shown  in  the  figure. 

Summary 

High  In  content  cubic  InGaN  films  have  been  grown  on  GaAs  substrates  by  MOCVD.  The 
cubic  InGaN  and  cubic  GaN  (002)  and  (004)  peaks  in  XRD  profiles  can  be  clearly  separated.  The 
lattice  constant  and  In  composition  of  InGaN  can  then  be  determined.  All  the  cubic  InGaN  films 
show  very  strong  room-temperature  PL.  The  cubic  InGaN  sample  emitting  at  450  nm  wavelength 
has  a  FWHM  of  only  220  meV,  which  shows  the  cubic  InGaN  film  is  of  high  quality. 
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ABSTRACT 

We  have  investigated  AlxGai-xN  /GaN  heterostructures  (0<x<0.22)  grown  by  metal  organic  vapor 
phase  epitaxy  on  sapphire  with  photoluminescence  (PL),  reflexion  and  cathodo-luminescence 
experiments.  The  energetic  positions  of  the  free  A-exciton  in  GaN  and  AIGaN  as  a  function  of  the 
alloy  compositions  are  deduced  from  temperature  dependent  PL  and  from  reflexion 
measurements.  We  obtain  a  small  bowing  parameter  and  no  evidence  for  a  Stokes  shift  between 
absorption  and  emission.  The  ALGar-xN  films  induce  additional  compressive  strain  on  the 
underlying  GaN  film.  Compositional  inhomogeneities  are  present,  but  the  fluctuations  are  too 
small  to  be  important  for  carrier  localisation.  The  broadening  of  the  luminescence  line  width  in  the 
alloy  can  be  described  by  statistical  disorder  of  a  random  alloy. 

INTRODUCTION 

A  wide  field  of  applications  can  be  expected  from  opto-electronic  devices  based  on  the  group-III 
nitrides,  AIN,  GaN  and  InN.  Together  with  their  ternary  alloys  they  can  cover  the  visible  to 
ultraviolet  spectral  range.  In  order  to  optimize  the  device  performance  especially  the  properties  of 
the  ternary  alloys  have  to  be  understood  and  controlled.  Since  the  lattice  mismatch  between  AIN 
and  GaN  is  2.4  %  and  for  InN  on  GaN  it  is  11  %,  strain  effects  (i.e.  pseudomorphic  versus  strain 
relaxed  growth)  play  an  important  role.  They  can  lead  to  compositional  fluctuations  and 
eventually  to  phase  separations.  Also  the  influence  of  piezo  electric  field  effects  on  the 
luminescent  properties  eannot  be  neglected. 

We  have  recently  reported  on  the  excitonic  luminescence  of  ALGai.xN  on  GaN  heterostructures 
and  derived  the  excitonic  band  gap  dependence  on  the  A1  molar  fraction  (x<0.22)  at  room 
temperature'.  The  deviation  from  a  linear  dependence  was  small  and  we  obtained  the  non-linear 
contribution  (bowing  parameter)  to  be  0.6  eV.  At  low  temperatures  bound  exciton  emission 
dominates^.  The  free  A-exeiton  emission  was  only  observable  at  elevated  temperatures  (T>100K). 
We  have  extended  these  investigation  towards  reflexion,  transmission  and  absorption 
spectroscopy  using  calorimetric  detection  (CRS,  CTS,  CAS)  to  conclude  on  the  absence  or 
presence  of  a  Stokes  shift  between  absorption  and  emission.  Cathodoluminescence  experiments 
were  used  to  resolve  eventual  compositional  inhomogeneties. 
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EXPERIMENTAL  DETAILS 


The  films  were  grown  by  MOVPE  on  sapphire  (0001)  substrates.  In  a  first  step  a  2  |im  thick 
GaN  film  was  grown  on  a  30  nm  low  temperature  deposited  AIN  buffer.  On  this  GaN  layer 
AfGai-xN  films  with  thicknesses  between  350  and  650  nm  were  grown.  The  AIN  molar  fraction 
varied  between  0  and  0.22.  More  details  especially  about  the  determination  of  the  composition 
can  be  found  in  ref  ^  Details  of  the  set  up  for  calorimetric  detection  of  reflexion,  transmission  and 
absorption  spectroscopy  can  be  found  in  ref''4  K  cathodoluminescence  (CL)  measurements  were 
performed  in  a  fully  computerized  scanning  electron  microscope.  The  spatial  resolution  is  better 
then  50  nm.  In  the  CL  wavelength  image  (CLWI)  mode  the  local  emission  wavelength  is  mapped 
at  any  point  of  a  rectangular  area  which  is  scanned  by  the  electron  beam.  For  further  details  see 
ref  ^  The  luminescence  was  excited  with  an  Excimer  laser  at  248  nm. 

RESULTS  AND  DISKUSSION 

In  fig. I  the  photoluminescence  spectra  of  AfGai.xN  epilayers  with  A1  contents  from  6  to  22  %  are 
shown.  Apart  from  the  shift  of  the  peak  position  with  increasing  A1  content  one  also  observes  a 
considerable  increase  in  the  linewidth,  which  is  caused  by  alloy  broadening  (.see  below).  In  all 
cases  the  free  A-exciton  and  neutral  donor  bound  exciton  of  the  underlying  GaN  layer  could  be 
detected  (see  inset  in  fig.l).  One  notes  that  the  line  positions  shift  blue  as  a  function  of  the  A1 
composition  which  means  that  additional  biaxial  compressive  strain  is  induced  in  the  GaN  layers. 

In  the  AfGai.xN  layers  at  temperatures  around  100  K  the  free  A-exciton  emission  appeared  which 
then  was  observed  up  to  500  K,  the  highest  temperature  wich  could  be  achieved  in  our 
cryosystem.  The  temperature  dependence  of  the  excitonic  gap  was  fitted  by  the  following 
formula^’’: 

E(T)=E(0)  -  K/{exp(0,./r)-l }  (1) 

with  k=0.38  and  0f=618  K  ±  30  K.  The  parameters  were  the  same  for  all  five  samples  (as  one 
example  see  fig. 2).  In  PL  at  low  temperatures  bound  exciton  emission  and  not  free  exciton 


Fig.l:  Photoluminescence  of  AfGaj.xN  epilayers  and  of  the  underneath  GaN  films  (inset). 


emission  dominates.  One  notes  that  the  data  points 
deviate  at  temperatures  below  50  K  from  the  fitted 
line.  The  excitons  are  now  localized  at  neutral  donors 
and  there  is  an  energetic  difference  between  free  and 
bound  exciton  emission,  the  localization  energy.  In 
order  to  obtain  the  free  exciton  line  position  at  low 
temperatures  we  extrapolated  from  the  high 
temperature  behaviour  to  the  low  temperature 
behaviour  using  equ.l. 

In  fig. 3  we  present  a  CAS  spectrum  of  a  sample  with 
6%  A1  content.  The  measurement  temperature  was  47 
mK.  One  can  identify  the  signals  from  the  A-  and  B- 
excitons  of  the  underlying  GaN  at  the  band  gap 
energy  of  around  3.5  eV.  At  higher  energies  the 
signal  from  the  A-exciton  of  the  AlGaN  film  can  be 
seen.  In  fig.3  (inset)  we  compare  the  line  positions  of 
the  free  A-exciton  from  calorimetric  measurements 
and  PL.  One  notes  an  almost  perfect  agreement. 
Small  differences  might  be  caused  by  compositional  inhomogeneities  which  we  tried  to  resolve  by 
CL  measurements. 

In  fig.4  we  present  CLWI  of  the  film  with  an  A1  content  of  x=0.06.  On  a  scale  of  10  x  20  p-m^  the 
spectral  position  of  the  luminescence  is  mapped.  In  the  wavelength  image  spectra  are  measured 
spot  by  spot  and  the  peak  positions  found  are  translated  into  a  colour  scale.  Blue  means  emission 
at  341.5  nm  and  yellow  at  342.5  nm.  One  can  certainly  see  inhomogeneities  on  the  scale  of 
micrometers  (fig.4.b).  One  should,  however,  have  in  mind  that  the  energetic  positions  differ  only 
by  some  5  to  10  meV.  In  the  integrated  intensity  picture  (fig.4.c)  areas  of  bright  emission  (yellow) 
and  low  emission  efficiency  (blue)  can  be  distinguished.  The  blue  areas  are  caused  by  structural 
imperfections  on  the  surface  such  as  scratches.  They  can  also  be  identified  in  the  scanning  electron 
microscope  (SE)  image  (fig.4.a).  If  all  spectra  are  added  up,  the  averaged  spectrum  results 
(fig.4.d).  The  CL  results  were  very  similar  for  all  five  ALGai.xN  films,  and  it  is  worth  to  note  that 
the  film  with  x=0.22  had  very  much  the  same  scatter  in  line  positions  (10  to  15  meV)  as  the  film 
with  x=0.06. 


Fig.2:  Measured  band  gap  of  Alo.1Gao.9N  vs 
temperature.  The  drawn  line  is  a  fit 
to  the  experimental  data  (see  text). 


Fig.3:  Calorimetric  absorption  spectrum  of  a  Alo.06Gao.94N  epilayer.  In  the  inset  the  free  A- 
exciton  line  position  as  a  function  of  AI  composition  is  shown. 


This  demonstrates  that  in 
AI^Gai  xN/GaN  single  hetero- 
structures  compositional  in¬ 
homogeneities  are  less  pro¬ 
nounced  compared  to 
InGaN/GaN. 

Well  resolved  spectra  of  the 
A-  and  B-excitons  in  the 
underneath  GaN  films  could 
be  observed  independent  of 
the  A1  content  by  calorimetric 
spectroscopy.  Their  energetic 
positions  as  a  function  of  the 
A1  contents  are  shown  in 
fig.5.  There  is  a  clear  blue 
shift  for  both  excitons,  the 
energetic  distance  from  A  to 
B  increases  from  9  meV  for 
x=0.06  to  1 1  meV  for 
x=0.22.  In  the  photo¬ 
luminescence  experiments 
only  the  A-exciton  transition  could  be  determined,  the  data  are  in  agreement  with  the  calorimetric 
measurements.  From  refexion  and  luminescence  one  can  conclude  that  the  top  AfiGai.^N  layer 
adds  additional  compressive  strain  to  the  underneath  GaN  film. 

Strain  modifies  via  the  deformation  potentials  the  eigen  frequency  of  the  phonons  which  can  be 
measured  by  Raman  spectroscopy.  From  the  shift  of  the  Raman  lines  in  biaxially  compressively 
strained  films  compared  to  the  unstrained  value  the  amount  of  built-in  elastic  strain  can  be 
quantified.  Since  the  polar  modes  of  El  and  A1  symmetry  have  a  directional  dispersion,  the  LO 
phonons  interact  with  the  vibrations  of  free  carriers,  and  since  the  E2(low)  has  only  a  very  small 
pressure  coefficient,  the  E2(high)  is  the  only  usable  mode  for  determination  of  the  strain.  Its  shift 
is  given  by: 

Aco  E2(hieh)  =  4.2  cm  '  /GPa  •  Oxx  with  Oxx  the  respective  component  of  the  strain  tensor.  We  used 
the  room  temperature  intrinsic  value  of  C0E2(high)  =  567  cm  ',  which  was  determined  for  free¬ 
standing  GaN  films.  There  is  a  shift  of  the  Raman  line  from  the  intrinsic  value  as  as  function  of  A1 
molar  fraction.  It  is  around  0.8  wavenumbers  for  x=0.06  and  around  1.4  wavenumbers  for 
x=0.218.  These  experimental  findings  could  be  quantified  by  using  a  two  layer  model  (neglecting 
thermal  mismatch)  and  taking  into  account  the  ela.stic  constants  of  AEGai.xN  (interpolating 
between  GaN  and  AIN).  Details  will  be  published  elsewhere". 

Besides  the  energetic  shift  of  the  excitonic  emission  with  increasing  Al-content  the  linewidth  of 
the  bound  exciton  luminescence  line  increases  from  14  meV  for  x=0.06  to  35  meV  for  x=0.22. 
This  can  be  explained  by  alloy  brodening.  We  compare  the  experimental  values  with  a  calculation 
based  on  a  model  introduced  by  Schubert  et  al.^  The  broadening  is  caused  by  a  statistical 
occupation  of  the  cation  places  Ga  by  A1  and  the  alloy  disorder  is  seen  by  the  exciton.  Therefore 
we  need  to  consider  the  exciton  volume  and  its  Bohr  radius.  The  alloy  broadening  is  given  by: 
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Fig.4: 


Catodoluminescence  results  on  a  Aloof, Gao.94N  epilaycr  (a) 
secondary  electron  image;  (b)  wavelength  image;  (c)  integrated 
intensity;  (d)  averaged  spectrum. 


Fig.5:  Line  positions  of  the  free  A-  and  B- 
excitons  in  GaN  as  a  function  of  A1 
content  in  Al^Gai.^N  on  GaN  epitaxial 
films. 
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Fig.6:  Alloy  broadening  of  the  photo¬ 
luminescence  line  width  (PL;  full  circles; 
CL:  hollow  diamonds).  The  drawn  line 
shows  a  calculation  using  equ.(2). 


AEexc=  2.36  Ge  =  2.36  dEg/dx  {x(x-l)/KVexc}  (2) 

dEg/dx  is  the  variation  of  the  energy  gap  with  composition,  for  which  we  used  the  analytical 
expression  Eg(x)  =  Eg,GaN  +  (c-b)x  +  bx^  with  c=Eg,AiN  -  Eg.oaN  and  b=0.6  eV.  For  the  band  gaps  we 
used  3.48  eV  (GaN)  and  6.2  eV  (AIN).  K  is  the  cation  density.  The  factor  2.36  accounts  for 
Gaussian  broadening.  The  exciton  volume  is  calculated  from  the  Bohr  radius  for  which  we  took 
28  Ain  GaN  and  19  Ain  AIN. 

In  fig.  6  we  compare  experiment  and  calculation.  The  maximum  of  broadening  is  reached  for 
70  %  Al  content  (not  shown  in  fig.6)  which  is  related  to  the  considerable  increase  of  the  electron 
effective  mass  towards  AIN  and  the  decrease  of  the  dielectric  constant.  Due  to  the  decreasing 
Bohr  radius  in  AhGai.xN  the  excitons  will  see  much  more  alloy  disorder. 

In  CL  measurements  (open  diamonds)  slightly  different  line  widths  are  observed  due  to  fact  that 
the  exciting  spot  size  is  smaller.  In  any  case  the  experimental  data  are  below  the  calculated.  We 
have  to  have  in  mind,  however,  that  we  are  dealing  in  the  experiments  with  donor  bound  excitons 
and  not  with  free  excitons  for  which  the  Bohr  radius  concept  is  valid.  For  neutral  acceptor  bound 
excitons  which  were  treated  in  the  framework  of  the  pseudo-donor  model  the  influence  of  alloy 
broadening  could  be  calculated.  However,  this  model  cannot  been  transfered  to  neutral  donor 
bound  excitons,  since  it  requires  the  knowledge  which  particle  of  the  exciton,  electron  or  hole  is 
bound  first.  Theoretical  arguments  suggest  that  the  difference  in  linewidth  of  a  bound  exciton  and 
a  free  exciton  at  low  temperatures  may  not  be  significant. 

Our  experimental  results  confirm  that  alloy  broadening  in  this  statistical  model  accounts  for  the 
line  width  and  clustering  is  negligible  at  least  for  the  composition  range  investigated.  It  is  also  in 
line  with  the  wavelength  imaging  by  CL  presented  in  fig.4. 

From  X-ray  data  it  was  already  concluded  that  AlxGai.xN  grew  coherently  on  GaN  resulting  in  a 
tensile  stress  in  the  AlxGaj.xN  layers.  It  should,  however,  be  less  than  0.5%  since  strained  and 


unstrained  AlxGai.xN  layers  have  practically  the  same  composition  dependence  of  the  band  gap'”. 
Our  data  support  these  conclusions.  There  is  no  evidence  for  a  Stokes  shift  between  absorption 
and  emission  and  the  bowing  parameter  is  small.  In  AkGai-xN  for  the  alloy  composition  range 
0<x<0.22  which  is  also  the  technological  relevant  one  for  the  realisation  of  blue  laserdiodes 
variations  in  recombination  energies  are  less  than  15  meV,  For  x=0.22  this  translates  into 
composition  variations  of  less  than  2%.  The  films  showed  free  exciton  emission  at  room 
temperature  and  with  very  good  precision  its  position  on  alloy  composition  can  be  approximated 
with  a  linear  dependence  for  0<x<0.22  to  be  Eg(GaN)  +  2.15  x  (eV). 

SUMMARY 

In  conclusion  we  reported  on  photoluminescence,  calorimetric  spectroscopy  and  cathodo- 
luminescence  of  AfGai.xN  on  GaN  layers  for  alloy  compositions  0<x<0.22.  Small  compositional 
inhomogeneities  could  be  resolved,  but  will  play  a  minor  if  not  negligible  role  in  carrier 
localisation.  The  luminescence  linewidth  increases  in  the  alloy  as  expected  for  a  random  alloy.  In 
contrast  to  InGaN/GaN  pseudomorphic  AlxGai.xN/GaN  single  heterostructures  with  x<0.22  show 
a  small  bowing  parameter".  There  is  an  overall  agreement  in  line  positions  of  free  exciton 
absorption  and  emission.  Additional  compressive  strain  is  added  to  GaN  layers  by  growing  AlGaN 
films  on  top. 
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Abstract 

We  present  density-functional  theory  studies  for  a  variety  of  surfaces  and  extended 
defects  in  GaN.  According  to  previous  theoretical  studiesTlOlO}  type  surfaces  are 
electrically  inactive.  They  play  an  important  role  in  GaN  since  similar  configura¬ 
tions  occur  at  open-core  screw  dislocations  and  nanopipes  as  well  as  at  the  core  of 
threading  edge  dislocations.  Domain  boundaries  are  found  to  consist  of  four-fold 
coordinated  atoms  and  are  also  found  to  be  electrically  inactive.  Thus,  except  for 
full-core  screw  dislocations  which  possess  heavily  strained  bonds  all  investigated  ex¬ 
tended  defects  do  not  induce  deep  states  into  the  band-gap.  However,  electrically 
active  impurities  in  particular  gallium  vacancies  and  oxygen  related  defect  complexes 
are  found  to  be  trapped  at  the  stress  field  of  the  extended  defects. 


1.  Introduction 

GaN  has  recently  been  the  subject  of  considerable  interest  due  to  its  optoelectronic  proper¬ 
ties.  In  particular  the  wide  band  gap  (3.4  eV  for  wurtzite  GaN)  makes  blue  light  applications 
feasible.  Defect-induced  electronic  states  in  the  band  gap  can  significantly  alter  the  opti¬ 
cal  performance.  This  fact  becomes  extremely  important  in  laser  devices,  where  parasitic 
components  in  the  emission  spectrum  are  highly  undesirable.  Moreover,  point  defects  could 
be  trapped  in  the  stress  field  of  extended  defects  giving  rise  to  charge  accumulated  in  the 
vicinity.  The  resulting  electrostatic  field  leads  to  electron  scattering  which  will  severely  af¬ 
fect  the  electron  mobility  (see  Look  and  Sizelove^  for  a  recent  model).  Therefore,  there  is 
considerable  interest  in  understanding  the  microstructure  of  extended  defects  in  GaN  and 
their  interaction  with  point  defects. 

In  this  paper  we  present  the  geometries,  energetics  and  electrical  properties  of  extended 
defects  in  GaN  using  an  ah  initio  local  density-functional  (LDF)  cluster  method,  AIMPRO, 
and  a  self-consistent  charge  density-functional  tight-binding  method  SCC-DFTB.  The  lat¬ 
ter  can  be  used  in  large  supercells  and  enables  the  formation  energy  of  the  defects  to  be 
found.  Details  of  the  methods  and  their  application  to  GaN  and  oxygen  related  defect 
complexes  in  GaN  have  been  given  previously^“^  and  will  not  be  repeated  here. 
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2.  Threading  Dislocations  in  GaN 


A.  Threading  Screw  Dislocations 

We  consider  first  a  screw  dislocation  with  a  full  corc’^.  Full  core  screw  dislocations  have 
recently  been  observed  by  Xin  et  al.  using  the  high  resolution  Z-contrast  imaging  techniciue®. 
The  presence  of  atoms  so  close  to  the  dislocation  axis  leads  to  severely  strained  bond  lengths 
distorted  by  as  much  as  0.4  A.  Consecjuently  it  is  not  surprising  that  such  dislocations  possess 
deep  gap  states  ranging  from  E^,  +  0.9  to  +  1-6  cV  and  shallow  states  around  E,-  —  0.2  eV. 
An  analysis  of  these  gap  states  revealed  that  the  states  above  are  localised  on  N  core 
atoms,  whereas  those  below'  Ec  are  localised  on  both  Ga  and  N  core  atoms.  The  strong 
distortion  of  the  bonds  of  the  core  atoms  leads  to  a  high  line  energy  within  our  calculations. 

A  similar  calculation  was  then  carried  out  with  the  hexagonal  core  of  the  screw  dislocation 
removed  giving  a  core  with  a  narrow  opening  of  r:;  7.2  A.  The  atoms  on  the  walls  adopt  three 
fold  coordinations  similar  to  those  found  on  the  (1010)  surface.  Thus  Ga  (N)  atoms  develop 
sp^  (p^)  hybridisations  which  lower  the  surface  energy  and  clean  the  gap  from  deep  statesF 
Removing  further  material  from  the  core  resulted  in  a  significantly  higher  line  energy.  Thus 
our  calculations  allow  only  diameters  very  much  smaller  than  the  diameter  of  nanopipes  and 
we  suppose  that  their  formation  is  not  due  to  Frank’s  mechanism. 


B.  Threading  Edge  Dislocations 

The  relaxed  core  of  a  threading  edge  dislocation  w'ith  Burgers  vector  a[1210]/3  is  shown  in 
Fig.  1.  It  consists  of  a  line  of  Ga  and  N  atoms  which  have  3-fold  coordination.  With  respect 
to  the  perfect  lattice  the  distance  between  columns  (1/2)  and  (3/4)  [and  the  equivalent  on 
the  right]  are  9  %  contracted  w'hile  the  distance  between  columns  (9/10)  and  (7/8)  [and  the 
equivalent  on  the  right]  arc  13  %  stretched.  This  atomic  geometry  for  the  threading  edge 
dislocation  has  recently  been  confirmed  by  Xin  ei  al.^  using  atomic  resolution  Z-contrast 
imaging.  Consistent  with  our  calculation  they  determined  a  contraction  (stretching)  of 
15  ±  10  %  of  the  distances  between  the  columns  at  the  dislocation  core.  See  table  1  for  the 
details  of  the  geometry.  The  three-fold  coordinated  Ga  (N)  atoms  (labelled  1  and  2  in  Fig.  1 
move  in  such  a  way  to  enhance  sp^  and  p^  hybridisation,  respectively.  This  leads  to  empty 
Ga  lone  pairs  pushed  towards  and  filled  lone  pairs  on  N  atoms  lying  near  Ey,  in  a  manner 
identical  to  the  (1010)  surface.  Thus  threading  edge  dislocations  are  then  also  electrically 
inactive  except  possibly  for  shallow  levels.  It  seems  that  the  small  bond  distortions  within 
the  core  makes  it  energetically  uneconomic  for  the  core  of  the  threading  edge  dislocation  to 
be  open.  We  obtain  a  line  energy  for  the  edge  dislocation  which  is  by  more  than  a  factor  of 
two  lower  than  that  found  for  the  screw  dislocation.  This  is  mainly  due  to  the  lower  elastic 
energy  arising  from  the  shorter  Burgers  vector. 


Top  view  (in  [0001])  of  the  relaxed  core  of  the  threading  edge  dislocation  (b  =  i[1210]). 
This  geometry  has  recently  been  confirmed  using  the  atomic  resolution  Z-contrast  imaging 
technique®.  The  three  fold  coordinated  atoms  1  (Ga)  and  2  (N)  adopt  a  hybridasation 
similar  to  the  (1010)  surface  atoms. 


Table  1:  Bond  lengths,  min-max  (average)  in  A  and  bond  angles,  min-max  (average)  in  ° 
for  the  most  distorted  atoms  at  the  core  of  the  threading  edge  dislocation  (b  =  |[l5l0]). 
Atom  numbers  refer  to  Fig.  1. 


Atom 

bond  lengths 

bond  angles 

1  (Gasxcoorif.) 

1.85-1.86  (1.85)  112-118  (116) 

2  (N3X coord.) 

1.88-1.89  (1.86)  106-107  (106) 

3/4  (Ga/N4xcoord.) 

1.86-1.95  (1.91) 

97-119 

5/6  (Ga/N«„„.j,) 

1.92-2.04  (1.97) 

100-129 

7/8  (Ga/N4xcoord.) 

1.94-2.21  (2.06) 

94-125 

9/10  (Ga/N4x„„rd. 

)  1.95-2.21  (2.11) 

100-122 

In  AIN,  Wright  et  al7  have  found,  using  a  supercell  geometry,  that  edge  dislocations  have 
an  empty  band  of  levels  ~  Ec  —  2  eV,  while  in  n-type  material,  the  core  contains  Vai  defects. 
The  very  much  larger  band  gap  of  this  material  might  be  responsible  for  the  differences  of 
the  properties  of  the  edge  dislocations  from  those  in  GaN. 

To  summarise,  the  density  functional  calculations  reveal  that  the  threading  screw  dislo¬ 
cations  in  their  pure,  i.e.  impurity  free  form  can  exist  with  full  cores  and  narrow  open  cores 
with  diameters  up  to  ^  7.2  k.  While  full  core  screws  are  electrically  active,  open  core  screws 
induce  no  deep  gap  states.  Threading  edge  dislocations  in  wurtzite  GaN  are  stable  with  full 
cores  and  electrically  inactive.  However,  the  strained  and  ‘dangling’  bonds  present  in  their 
cores  could  permit  impurities  and  intrinsic  defects  to  be  trapped  there. 


3.  Interaction  of  Oxygen  with  dislocations 


A.  Oxygen  and  Open  Core  Screw  Dislocations 

There  is  experimental  evidence  that  oxygen  acts  as  a  donor  in  hulk  CaN*^  and  total  energy 
calculations  show  that  O  sits  on  a  N  site®.  Since  the  internal  surfaces  of  screw  dislocations 
arc  very  similar  to  those  of  the  low  energy  (1010)  surface,  we  investigated'®  the  likely  surface 
sites  for  oxygen  replacing  N  atoms.  We  found  that  the  energy  of  a  neutral  On  defect  is  0.8  eV 
lower  at  the  relaxed  (1010)  surface.  This  shows  that  there  is  a  tendency  for  O  to  segregate 
to  the  surface.  The  added  oxygen  has  an  additional  electron  occupying  a  state  near  The 
defect  has  therefore  a  high  energy  and  would  attract  acceptors  resulting  in  a  neutral  complex. 
One  possible  acceptor,  other  than  added  dopants,  would  he  a  gallium  vacancy  (Vca)  which 
acts  as  a  triple  acceptor  and  has  been  calculated  to  have  a  low  formation  energy  in  n- 
type  GaN^'’'^.  Consequently,  we  suppose  that  the  surface  oxygen  concentration  could  be 
sufficiently  large,  and  the  oxygen  atoms  sufficiently  mobile,  that  the  three  N  neighbours  of 
Vca  at  the  (lOTO)  surface  are  replaced  by  0  forming  the  VGa-(ON),i  defect. 

Our  calculations^®  showed  that  VGa'*(ON)3  is  more  stable  at  the  surface  than  in  the  bulk 
by  2.15  eV.  Two  O  neighbours  of  the  surface  vacancy  lie  below  the  surface  and  each  is 
bonded  to  three  Ga  neighbours,  but  the  surface  0  is  bonded  to  only  two  subsurface  Ga 
atoms  in  a  normal  oxygen  bridge  site.  The  defect  is  electrically  inactive  with  the  0  atoms 
passivating  the  vacancy  in  the  same  way  as  VH^  in  Si. 

The  question  then  arises  as  to  the  influence  of  the  defect  on  the  growth  of  the  material. 
Growth  over  the  defect  must  proceed  by  adding  a  Ga  atom  to  the  vacant  site  but  this  leaves 
three  electrons  in  shallow  levels  near  the  conduction  band  resulting  in  a  very  high  energy. 
This  suggests  that  the  defect  can  stabilise  the  surface  and  thus  inhibit  growth.  From  this  we 
can  conclude  that  such  defects  lead  to  the  formation  of  nanopipes  if  we  assume  that  during 
growth  of  the  epilayers,  either  nanopipes  with  very  large  radii  are  formed  which  gradually 
shrink  when  their  surfaces  grow  out,  or  there  is  a  rapid  drift  of  oxygen  to  a  preexisting 
nanopipe.  In  either  case  the  concentration  of  oxygen  and  VGa“(ON)3  defects  increases  at 
the  walls  of  the  nanopipe.  The  maximum  concentration  of  this  defect  would  be  reached  if 
50%  (100%)  of  the  first  (second)  layer  N  atoms  were  replaced  by  0  and  further  growth  then 
would  be  prevented.  It  is,  however,  likely  that  far  less  than  the  maximum  concentration  is 
necessary  to  stabilise  the  surface  and  make  further  shrinkage  of  the  nanopipe  impossible. 
Provided  oxygen  could  diffuse  to  the  surface  fast  enough,  the  diameter  and  density  of  the 
holes  would  be  related  to  the  initial  density  of  oxygen  atoms  in  the  bulk.  This  model  requires 
that  the  walls  of  the  nanopipe  are  coated  with  oxygen  although  the  initial  stages  of  formation 
of  the  pipe  are  obscure. 

In  conclusion,  we  have  shown  that  oxygen  has  a  tendency  to  segregate  to  the  (1010) 
surface  and  forms  stable  and  chemically  inert  VGa”(0N)3  defects.  These  defects  increase 
in  concentration  when  the  internal  surfaces  grow  out.  When  a  critical  concentration  of  the 
order  of  a  monolayer  is  reached,  further  growth  is  prevented.  This  model  leads  to  nanopipes 
with  (1010)  walls  coated  with  GaO  and  supports  the  suggestions  of  Liliental- Weber  et  al. 
that  nanopipes  are  linked  to  the  presence  of  impurities^®. 


B.  Oxygen  and  Edge  Dislocations 


The  VGa-(0N)3  defect  considered  above  is  electrically  inactive  at  a  (1010)  surface  site  but 
defects  like  VGa-(ON)2  and  Vca-ON  act  as  single  and  double  acceptors,  respectively.  If 
these  were  trapped  in  the  strain  field  of  a  dislocation,  then  we  would  expect  the  dislocation 
to  appear  electrically  active^.  Indeed  we  find  the  energy  of  VGa"(ON)n  to  be  much  lower 
at  the  dislocation  core  than  in  the  bulk.  This  is  because  a  neighbouring  pair  of  three-fold 
coordinated  Ga  and  N  atoms  are  removed  from  the  core  and  an  O  atom  is  inserted  into 
the  N  site.  The  oxygen  atom  then  lies  in  bridge  site  between  two  Ga  atoms  in  a  normal 
bonding  configuration.  Assuming  Ga-rich  growth  conditions,  0  in  equilibrium  with  Ga203 
and  n-type  material  the  resulting  formation  energies  of  these  defects  lie  between  -2  and  -3 
eV.  Thus  the  core  of  the  dislocation  will  spontaneously  oxidise  if  oxygen  is  mobile.  In  any 
event,  we  anticipate  that  the  core  will  contain  electrically  active  donor  and  acceptor  pairs 
possibly  giving  rise  to  a  negatively  charged  dislocation  line.  This  is  in  agreement  with  recent 
temperature-dependent  Hall-effect  measurements^. 

In  conclusion,  the  density  functional  calculations  show  that  in  wurtzite  GaN  the  stress 
field  of  threading  edge  dislocations  is  likely  to  trap  gallium  vacancies  and  oxygen  as  well  as 
their  complexes  resulting  in  a  negatively  charged  dislocation  line  in  n-type  material. 


4.  Domain  boundaries  on  {1120}  planes 

In  addition  to  dislocations,  two  kinds  of  domain  boundaries  have  also  been  observed^'* 
They  lie  on  {1120}  and  {1010}  planes  and  following  Xin  et  al}^  are  denoted  by  DB-I  and 
DB-II  respectively.  Domain  boundaries  are  either  described  in  terms  of  a  double  posi¬ 
tion  boundary  (DPB)  [otherwise  termed  a  stacking  mismatch  boundary  (SMB)]  consisting 
of  a  different  stacking  sequence  across  the  boundary,  or  an  inversion  domain  boundary 
(IDB)  which  is  characterised  by  a  polarity  inversion  across  the  boundary.  Domain  bound¬ 
aries  of  type  DB-II  have  been  explored  extensively  using  transmission  electron  microscopy 
and  theoretically  by  Northrup  et  using  the  scf-LDA  method  with  a 
plane  wave  basis. 

In  contrast  to  DB-II  type  boundaries  which  originate  at  the  epilayer  substrate  interface 
the  DB-I  type  boundaries  found  in  a  GaN  sample  grown  by  molecular  beam  epitaxy  (MBE) 
on  GaP  extend  only  a  short  distance  along  the  c-axis^^.  A  high  resolution  Z-contrast  image 
down  [0001]  reported  by  Xin  et  al}'^  shows  clearly  that  DB-I  has  a  displacement  of 

Rk  =  l/2(10l0).  This  configuration  which  is  also  called  prismatic  stacking  fault  is  composed 
of  four-  and  eight-  fold  rings  along  the  fault.  For  an  illustration  see  Fig.  2. 

We  investigated  several  models^^  corresponding  to  this  horizontal  displacement  and  found 
a  double  position  boundary  to  possess  the  lowest  domain  wall  energy.  This  double  position 
boundary  has  an  additional  vertical  displacement  of  1/2(0001)  giving  a  total  displacement 
of  l/2(10Tl)  as  derived  from  TEM  by  Xin  et  al}^  and  is  therefore  denoted  by  DPB*-I. 
All  atoms  along  the  boundary  are  four-fold  coordinated  and  form  Ga-N  bonds  across  the 
boundary  (see  Fig.  2).  Since  Ga-N  bonds  are  very  strong  DPB*-I  has  a  clearly  defined 
spacing  of  ~  1.90  A  between  the  {1120}  planes  at  the  boundary.  Some  of  the  bonds  are 
quite  distorted  which  makes  that  DPB*-I  induces  shallow  electronic  states  ~  0.35  eV  above 
VBM  in  the  band  gap.  However,  these  states  are  not  deep  enough  to  be  responsible  for 


tlic'  yellow  liiniinesceiK-e  wliirh  is  a'lifred  %  2.2  eV  and  obsei-\'ed  in  n  [ypv  CaX.  On  the 
other  hand  point  defects  may  segregate  to  tli('  DPB*  I  boundary  and  change  tlu'  electrical 
properties.  We  evaluated  the  formation  eneig\-  of  Vjr  at  the  domain  boundary  ami  found  it 
to  be  lower  by  1.1  eV  at  pos.  3  with  respect  to  a  position  in  a  bulk  like  environment.  This 
suggests  that  if  Ga  vacancies  diffuse  easily  in  GaN  a  lot  of  them  will  be  trapped  at  DPB‘- 1 
where  they  would  introduce  deep  acceptor  states  and  can  act  as  electron  traps,  in  agreement 
with  recent  electron  energy  loss  spectroscopy  (PELS)  measurements  by  Natusch  et  alP. 


Top  view  along  [0001]  {left)  and  side  view  along  [1010]  {right)  of  the  DPB*-I  structure  which 
has  a  total  displacement  of  1/2(1011).  DPB*-I  is  found  to  possess  the  lowest  wall  energy 
of  domain  boundaries  on  {1120}  planes.  Atom  numbers  1  (2)  refer  to  Ga  (N)  atoms  in 
eight-fold  rings  close  to  the  boundary,  whereas  atom  numbers  3  (4)  refer  to  Ga  (N)  atoms 
in  four-fold  rings  with  bonds  across  the  boundary. 


5-  Summary 

We  have  presented  clensity-funcitonal  calculations  for  a  variety  of  extended  defects  observed 
in  wurtzite  Ga.N.  All  stable  structures  consist  of  four-fold  coordinated  atoms  or  possess 
pairs  of  three-fold  coordinated  Ga  and  N  atoms  which  adopt  energetically  favorable  sp^  and 
positions  as  at  the  {1010}  surface.  Apart  from  full-core  screw  dislocations  which  have 
very  strained  bonds  and  therefore  induce  deep  states  into  the  band  gap,  all  other  extended 
defects  seem  to  possess  only  shallow  gap  states.  However,  point  defects  and  impurities  arc 
likely  to  be  trapped  in  the  stress  fields  and  could  alter  the  electrical  properties. 
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Abstract 

Electron  beam  induced  electromigration  of  On^  and  impurities  in  unintentionally 
n-doped  GaN  was  investigated  using  cathodoluminescence  (CL)  kinetics  profiling,  CL  imaging 
of  regions  pre- irradiated  with  a  stationary  electron  beam,  and  wavelength  dispersive  x-ray 
spectrometry  (WDS).  The  presented  results  (i)  illustrate  induced  impurity  diffusion  in  wide 
bandgap  semiconductors,  (ii)  provide  experimental  evidence  for  the  (VGa-ON)^'  model  of  yellow 
luminescence  in  GaN  with  low  Si  content (iii)  confirm  the  roles  of  O  in  frequently  reported 
bound  exciton  and  donor-acceptor  pair  emissions  and  (iv)  suggest  the  involvement  of  and 
hydrogenated  gallium  vacancies  in  a  blue  emission  in  autodoped  GaN. 

Introduction 


CL  is  light  emitted  due  to  recombination  of  e-h  pairs  generated  by  energetic  electrons. 
CL  kinetics  profiles  can  be  obtained  by  recording  the  CL  signal  as  a  sample  is  irradiated  with  the 
electron  beam  in  a  scanning  electron  microscope  (SEM).  Electron  beam  irradiation  of  an 
uncoated  semiconductor  or  insulator  produces  a  positive  region  at  the  beam  impact  point  due  to  a 
loss  of  charge  through  the  emission  of  secondary  electrons.  The  positive  region  (of  <50nm)  is 
followed  by  a  negative  region  produced  by  the  electrons  injected  into  the  sample^.  During 
electron  beam  irradiation  CL  intensity  can  change  due  to  (i)  diffusion  of  radiative  or  nonradiative 
centers  in  or  out  of  the  electron  interaction  volume,  (ii)  competitive  recombination  due  to 
differences  in  recombination  efficiencies  between  different  luminescent  centers,  (iii)  trapping  of 
injected  charge  and  consequent  distortion  of  the  interaction  volume^  and  (iv)  buildup  of  electron 
beam  induced  contamination  on  the  sample  surface  and  consequent  CL  absorption. 

Experimental  Procedure 

The  sample  used  in  this  study  was  an  unintentionally  n-doped  4pm  epilayer  of  wurtzite 
GaN  grown  at  1040°C  on  a  25nm  GaN  buffer  layer  by  metal-organic  chemical  vapor  deposition. 
The  buffer  was  grown  at  550°C  on  a  c-plane  sapphire  substrate.  Trimethylgallium  and  ammonia 
were  used  as  precursors.  CL  and  W^S  measurements  were  performed  using  an  Oxford 
Instruments  MonoCL2  scanning  CL  spectroscopy  and  imaging  system  and  a  Microspec  WDS 
system  both  installed  on  a  JEOL35C  SEM  with  a  liquid  helium  cold  stage.  The  CL  signal  was 
dispersed  by  a  1200  lines/mm  grating  blazed  at  500nm  and  detected  using  a  Hamamatsu  R943- 
02  peltier  cooled  PMT.  Optical  absorption  measurements  were  performed  using  a  Hitachi  U3400 
UV-VIS-NIR  spectrometer.  CL  kinetics  profiles  were  obtained  by  blanking  the  electron  beam, 
driving  the  sample  to  a  previously  unirradiated  region  and  by  recording  the  CL  signal  as  a 
function  of  time  as  the  sample  was  irradiated  with  a  stationary  electron  beam  (“spot  mode”).  To 
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minimize  beam-induced  effects  during  data  acquisition,  CL  spectra  and  images  were  obtained 
using  the  minimum  beam  currents  and  dwell  time  (200|as  per  pixel)  needed  for  satisfactory  S/N 
ratios.  CL  spectra  have  been  corrected  for  system  re.sponse.  Noise  in  CL  kinetics  profdes  and 
asymmetries  in  beam  induced  features  in  CL  images  are  contributed  to  by  a  strong  dependence 
of  ion  diffusion  on  the  local  charge  trap  density  (impurity  and  defect  concentration).  The  features 
discussed  below  represent  typical,  reproducible  behavior. 

CL  spectroscopy  of  GaN 


CL  spectra  obtained  using  a  beam  energy  (Eb)  of  15keV  and  beam  currents  (D  of  0.5nA 
at  300K  and  0.1 4nA  at  4K  are  shown  in  figure  1(a).  The  room  temperature  spectrum  consist  of  a 
near-edge  emission  at  3.4eV  and  the  yellow  luminescence  (YL)  centered  on  2.07eV  (FWHM  = 
540meV).  The  liquid  He  spectrum  contains  a  donor-bound  exciton  (DX)  peak^  at  3.46eV 
(FWHM  =  20meV)  with  a  phonon  replica  at  3.39eV.  The  DX  peak  is  contributed  to  by  a  free 
exciton  (FX)  emission  not  resolved  as  an  individual  peak  in  the  spectrum"^.  A  donor-acceptor  pair 
(DAP)  emission  with  2  LO  phonon  replicas'^  are  observed  at  3.25,  3.16  and  3.07eV  respectively. 


A  blue  luminescence  (BL)  is  positioned  at  approximately  2.8eV  while  the  YL  is  centered  at 
2.24eV  (FWHM  =  450meV).  The  features  below  L75cV  are  second  order  peaks.  The  DAP 
emission  has  been  reported  to  be  associated  with  O  donors'^.  Ripples  in  the  BL  and  YL  bands  are 
caused  by  the  microcavity  effect'’. 


Wavelength  (nm) 
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Figure  1.  (a)  CL  spectra  (Eb=15keV,  corrected  for  system  response)  of  autodoped  GaN  obtained 
at  4K  (Ib=0.14nA,  band  pass=lnm)  and  300K  (inset,  Ib=0.5nA,  band  pass=2.5nm).  The  high 
intensity  of  the  second  order  peaks  is  a  system  response  correction  artifact,  (b)  Optical 
absorption  spectra  of  20,  30  and  40nm  C  films  deposited  under  identical  conditions. 

YL  has  been  attributed  to  a  shallow  donor-deep  acceptor  transition^.  The  most 
energetically  favorable  native  deep  acceptor  in  n-type  GaN  is  the  gallium  vacancy  (Vca^  ). 
can  form  a  complex  with  the  nearest  neighbor  On'’’  and  a  less  stable  complex  with  the  second 
nearest  neighbor  Sioi/  (Vca-ON)^'  and  (VGa-Sioa)^'  complexes  have  low  formation  energies  and 
are  expected  to  play  significant  roles  in  YL  generation'’’. 

Electron  beam  irradiation  in  an  SEM  can  induce  a  C  contamination  layer  on  the  specimen 
surface".  The  contamination  preferentially  absorbs  the  blue  end  CL  and  bence  modulates  CL 
spectra  and  kinetics  profiles.  Optical  absorption  spectra  of  20,  30  and  40nm  C  films  are  shown  in 
figure  1(b).  The  observed  decrease  in  tbe  absorbance  with  increasing  wavelength  is  used  to 
explain  some  features  of  CL  kinetics  profiles  presented  in  the  following  sections. 


WPS  kinetics  of  GaN 


High  concentrations  of  On^  (approximately  -  10^*^  cm'^)'^  can  occur  in  n-type  GaN, 
particularly  in  samples  with  low  Sioa^  content\  To  determine  the  dominant  impurity  in  the 
sample,  OKa  and  SiKa  lines  were  measured  using  WDS.  Si  was  not  detected  under  any 
conditions.  WDS  spectra  showing  the  Oko  and  NKa  lines  acquired  in  spot  mode  before  and  after 
a  30min  irradiation  are  shown  in  figure  2(a).  The  spectra  were  acquired  using  a  beam  energy  of 
25keV  and  a  beam  current  of  300nA  to  obtain  a  sufficiently  strong  Oku  signal.  The  Oko  peak 
increased  and  the  Nko  decreased  during  the  irradiation.  The  NKa  decay  is  caused  by  x-ray 
absorption  in  a  C  contamination  layer  induced  on  the  sample  surface  by  the  electron  beam' ' .  The 
Oko  increase  is  attributed  to  electro-diffusion  from  the  surface  and  bulk  towards  the  negative 
region  of  the  electron  interaction  volume. 

To  verify  that  the  OKa  increase  is  not  related  to  the  contamination  layer,  the  spot  mode 
OKa  and  CKa  kinetics  profiles  shown  in  figure  2(b)  were  acquired  fi'om  the  sample.  The  Cko 
intensity  increased  at  a  faster  rate  and,  unlike  the  OKa,  saturated  after  approximately  1400s. 
Oxygen  contamination  from  residual  gaseous  O2  is  unlikely,  as  the  SEM  chamber  pressure  was 
approximately  2  x  10'^  Torr  during  irradiation  experiments  and  (ii)  the  chamber  was  vented  with 
dry  nitrogen. 


Wavelength  (nm)  Time  (s) 

Figure  2.  Qualitative  WDS  analysis  of  autodoped  GaN  (spot  mode,  Eb=25keV,  Ib=300nA).  (a) 
raw  WDS  spectra  showing  the  Oko  and  NKa  lines  before  and  after  a  30min  irradiation,  (b)  Oko 
and  CKa  kinetics  profiles.  Si  was  not  detected  in  the  sample. 

CL  kinetics  at  room  temperature 

Room  temperature  CL  kinetics  profiles  of  the  3.4eV,  BL  and  YL  emissions  are  shown  in 
figure  3(a).  CL  images  of  a  region  pre-irradiated  using  a  stationary  electron  beam  acquired  using 
the  above  emissions  are  shown  in  figure  4.  The  room  temperature  kinetics  profiles  in  figure  3(a) 
are  dominated  by  the  effects  of  and  On"^  diffusion  into  and  within  the  electron  interaction 
volume.  H'*'  and  On^  impurities  diffuse  from  the  positive,  near-surface  region  into  the  negative 
region  of  the  interaction  volume.  The  ions  are  most  likely  to  originate  at  hydrogenated 
gallium  vacancies  and  dangling  bonds  at  the  surface  since  interstitial  hydrogen  acts  as  an 
acceptor  and  has  a  high  formation  energy  in  n-type  GaN^.  The  concentration  of  hydrogenated 
gallium  vacancies  hence  decreases  near  the  surface  and  increases  in  the  bulk  due  to  re¬ 
capture.  Up  to  four  ions  can  be  incorporated  at  a  gallium  vacancy'^.  causes  the  vacancy 
energy  levels  to  split  and  shift  towards  the  valence  band'^.  Outside  the  interaction  volume. 


0-related  bonds  are  broken  by  short  wavelength  (UV)  CL  and  On^  impurities  diffuse  towards  the 
negative  region  of  the  interaction  volume. 

At  25keV  most  of  the  detected  BL  and  YL  emissions  originate  approximately  300nm 
below  the  surface  where  the  e-h  pair  generation  rate  maximizes'^.  Self-absorption  of  the  near¬ 
edge  emission  causes  most  of  the  detected  3.4eV  signal  to  be  generated  approximately  80nm 
below  the  surface*”,  in  the  vicinity  of  the  H  depleted  region.  Radiative  recombination  in  the  H 
depleted  region  is  reduced  by  (competitive)  nonradiative  surface  recombination.  In  figure  3(a), 
On^  diffusion  causes  the  increa.se  in  the  3.4cV  and  BL  emissions  over  the  first  30s  of  irradiation 
and  the  long  term  increase  in  YL  intensity.  The  3.4eV  intensity  increases  because  of  competitive 
recombination  with  YL;  On"^  diffusion  reduces  the  (Vca-ON)^  complex  contribution  to  YL 
generation  in  the  vicinity  of  the  positive  near-surface  region  where  most  of  the  detected  3.4eV 
signal  originates.  The  YL  intensity  increases  because  On^  diffuses  from  the  positive  near-surface 
layer  and  from  outside  the  interaction  volume  into  the  region  where  YL  generation  maximizes. 
The  O  rich  region  is  seen  as  the  large  bright  features  in  the  CL  images  in  figure  4.  The  dark 
contrast  in  the  center  each  oxygen  rich  region  appears  when  the  3.4eV  emission  starts  to  decrease 
(after  30s  in  figure  3(a)).  This  contrast  and  the  decay  in  the  3.4eV  kinetics  profile  are  caused  by 
accumulation  of  a  C  contamination  layer  and  consequent  CL  absorption  at  the  sample  surface 
around  the  beam  impact  point.  The  C  absorption  effect  is  most  pronounced  at  3.4eV  and 
decreases  with  increasing  CL  wavelength  (BL  and  YL),  in  consistence  with  the  C  absorption 
spectra  in  figure  1(b). 


Figure  3.  CL  kinetics  (Eb=15keV)  of  (a)  3.4eV,  BL  and  YL  emissions  at  300K  (lb=3nA)  and  (b) 
DX,  DAP,  BL  and  YL  emissions  at  4K  (Ib=6nA).  The  in.set  in  (a)  shows  detail  of  the  first  10s  of 
the  3.4eV  emission  obtained  using  a  lower  electron  dose  (Ib=1.2nA). 


Figure  4.  CL  images  (T=300K,  Eh=15kcV,  Ib=0.8nA,  horizontal  field  width  =  95)im)  of  a  region 
pre-irradiated  in  4  places  using  a  stationary  electron  beam.  The  images  were  acquired  using  the: 
(a)  3.4eV,  (b)  BL  and  (c)  YL  emissions.  Each  spot  irradiation  was  performed  for  approximately 

lOmin  (Ib=5nA). 


diffusion  causes  the  initial  rapid,  short  lived  decay  of  the  3.4eV  (inset  of  figure  3(a)) 
and  YL  emission  intensities.  The  3.4eV  decay  reflects  competitive  recombination  with  YL 
centers  activated  by  removal  from  gallium  vacancies  near  the  surface.  The  extent  of  the 
diffusion  effect  in  spot  mode  kinetics  profiles  was  found  to  vary  across  the  sample  due  to  a 
heterogeneous  distribution  in  the  sample.  The  variations  in  H  concentration  are  probably 
caused  by  impurity  congregation  at  extended  defects  and  by  deviations  from  thermodynamic 
equilibrium  conditions  during  growth. 

Electro-diffusion  of  both  H"*"  and  into  the  negative  region  of  the  interaction  volume, 
where  most  of  the  BL  and  YL  signals  are  generated,  causes  the  BL  intensity  to  increase  (figure 
3(a)).  We  suggest  a  transition  from  a  hydrogenated  gallium  vacancy  to  On"^  as  a  potential 
recombination  path  for  BL  generation.  Under  this  assumption,  the  initial  rapid  increase  in  BL 
due  to  diffusion  is  caused  by  (i)  effective  creation  of  BL  centers  due  to  H  passivation  of 
gallium  vacancies  and  (ii)  a  reduction  in  the  concentration  of  competitive  YL  centers  in  the 
region  where  a  majority  of  the  BL  signal  is  generated.  The  BL  intensity  maximizes  after 
approximately  30s  of  irradiation  and  slowly  decays  due  to  BL  absorption  in  the  C  contamination 
layer. 

CL  kinetics  at  base  temperature 


CL  kinetics  profiles  of  the  DX,  DAP,  BL  and  YL  emissions  obtained  at  4K  are  shown  in 
figure  3(b).  CL  images  obtained  at  4K  using  the  DX,  DAP,  BL  and  YL  emissions  after  a  700s 
spot  mode  irradiation  are  shown  in  figure  5. 


Figure  5.  CL  images  (T=4K,  Eb=15keV,  Ib=0.2nA,  horizontal  field  width  =  42.5pm)  of  a  region 
irradiated  in  spot  mode  (Ib=6nA)  for  700s  acquired  using  the:  (a)  DX,  (b)  DAP,  (c)  BL  and  (d) 

YL  emissions. 


At  4K  the  kinetics  profiles  change  at  lower  rates  and  the  impurity  diffusion  effected 
regions  in  CL  images  are  smaller  than  at  300K  due  to  a  reduction  in  the  thermal  energy  of  the 
sample.  The  base  temperature  kinetics  profiles  differ  from  their  room  temperature  counterparts 
due  to  the  presence  of  the  DX  and  DAP  emissions.  The  DX  and  DAP  emissions  are  not  present 
at  300K  due  to  thermal  ionization  of  On.  The  DX  and  DAP  kinetics  profiles  increase  during 
irradiation  because  of  On"^  diffusion  into  the  negative  region  of  the  interaction  volume.  The 
generation  profiles  of  the  detected  DX  and  FX  signals  maximize  approximately  80nm  below  the 
surface  due  to  self-absorption.  The  exponential  nature  of  self-absorption  of  near-edge 
luminescence  limits  the  On"^  diffusion  contribution  to  the  increase  in  DX  intensity  due  to  the 
nonlinear  relationship  between  concentration  in  the  negative  region  of  the  interaction 
volume  and  the  measured  increase  in  DX  intensity.  The  apparent  increase  in  DX  intensity  is 
contributed  to  by  the  FX  emission  which  increases  in  the  vicinity  of  the  and  On"^  depleted 
near-surface  region  due  to  a  reduction  in  the  concentration  of  competitive  DX,  DAP,  YL  and  BL 
centers.  The  increase  in  DAP  intensity  due  to  On^  diffusion  is  consistent  with  the  suggestion  that 
On^  is  the  donor  is  involved  in  the  DAP  transition"^.  The  rapid  decrease  in  BL  and  YL  intensities 


during  irradiation  at  4K  is  probably  caused  by  competitive  recombination  with  DAP,  DX  and  FX 
centers. 

At  4K,  the  diffusion  effected  regions  are  small  enough  and  the  S/N  ratio  in  the  CL 
images  is  sufficiently  high  to  resolve  an  depleted  region  around  the  enriched  region  in 
the  BL  and  YL  images.  The  dark  contrast  (figure  5(c)  and  (d))  indicates  where  the  surplus  On'^ 
has  diffused  from.  The  absence  of  a  dark  ring  in  the  DX  image  is  caused  by  an  increase  in  the  FX 
emission  in  the  On^  depleted  region.  Its  absence  in  the  DAP  image  can  be  explained  by  the 
acceptor  distribution,  assuming  that  the  acceptor  concentration  is  much  lower  than  that  of  On"^. 
This  assumption  is  plausible  in  light  of  the  low  On^  and  (Vca-ON)^'  formation  energies  in  n-type 
GaN’’^.  The  DAP  center  concentration  is  hence  governed  by  the  concentration  of  the  (negative) 
acceptors  which  diffuse  away  from  the  negative  region  of  the  interaction  volume  at  an  apparently 
low  rate.  The  acceptor  involved  in  the  DAP  transition  has  been  suggested  to  be  consistent 
with  first  principles  calculations  which  show  the  Cn  shallow  acceptor  to  be  the  most 
energetically  stable  C  state  in  n-type  GaN'. 

Conclusion 


Time  resolved  CL  and  WDS  analysis  of  autodoped  GaN  was  used  to  provide 
experimental  evidence  for  the  (Vca-ON)^'  model  of  yellow  luminescence  in  GaN  with  low  Si 
content',  confirm  the  roles  of  in  frequently  reported  bound  exciton  and  donor-acceptor  pair 
emissions  and  to  suggest  the  involvement  of  On^  and  hydrogenated  gallium  vacancies  in  a  blue 
emission  in  autodoped  GaN. 

We  gratefully  acknowledge  Dr  G.  Li  and  Dr  J.  Zou  for  providing  the  sample  used  in  this  .study. 
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Abstract 


InGaN  layers  grown  by  molecular  beam  epitaxy  are  investigated  in  terms  of  their  compositional 
homogeneity  using  transmission  electron  microscopy  and  cathodoluminescence  spectroscopy 
performed  with  high  spatial  resolution.  Strong  fluctuations  of  the  indium  content  were  found  in  bulk¬ 
like  layers,  which  could  be  partially  reduced  by  modulating  the  indium  flux  during  growth,  i.  e.  by 
nominally  growing  a  short  period  GaN/InGaN  superlattice.  For  indium  compositions  above  j:  =  0.1  this 
approach  fails.  Strained  InGaN  in  quantum  wells  exhibits  lateral  fluctuations  on  an  atomic  scale  and  on 
a  scale  of  several  hundred  nanometers.  The  results  are  discussed  in  view  of  the  origin  of 
inhomogeneous  indium  incorporation. 

Introduction 


Although  the  ternary  alloy  InGaN  is  established  as  the  active  material  in  optoelectronic  devices 
operating  in  the  short  wavelength  region,  its  epitaxial  growth  raises  significant  problems  making  it  a 
subject  of  numerous  investigations.  The  large  lattice  mismatch  between  InN  and  GaN  is  the  reason  for 
a  miscibility  gap  in  the  phase  diagram  of  InGaN,  which  could  result  in  a  demixing  into  phases  of 
different  composition  during  growth  [1,2].  Moreover,  the  binding  energy  is  significantly  lower  for  InN 
compared  to  GaN,  such  that  the  thermal  decomposition  of  InGaN  causing  the  formation  of  indium 
droplets  on  the  growth  surface  is  a  possible  source  of  lateral  variations  of  the  composition  [3], 
Furthermore,  compositional  fluctuations  arise  from  lattice  relaxation  of  strained  InGaN  films  on  GaN 
due  to  V-shaped  defects  [4]  and  the  composition  pulling  effect  [5]. 

Direct  evidence  of  compositional  fluctuations  in  InGaN  bulk-like  layers  and  quantum  well 
structures  was  given  by  spatially  resolved  measurements  of  optical  and  structural  properties  utilizing 
cathodoluminescence  (CL)  spectroscopy  [6]  and  transmission  electron  microscopy  (TEM)  [7,8].  In  this 
paper  the  attempt  is  started  to  distinguish  between  possible  reasons  for  these  fluctuations  is  with  the 
object  to  draw  conclusions  for  the  optimization  of  expitaxial  growth.  Therefore,  InGaN/GaN 
heterostructures  were  grown  under  different  conditions  and  investigated  by  CL  and  TEM. 

Experimental 

Epitaxial  growth  was  performed  in  a  standard  molecular  beam  epitaxy  (MBE)  system  equipped 
with  Knudsen  cells  for  gallium  and  indium  and  a  radio  frequency  plasma  source  (EPI  Unibulb) 
operated  with  pure  nitrogen  gas.  C-plane  sapphire  substrates  were  first  nitridated  using  the  nitrogen 
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plasma  followed  by  the  growth  of  a  GaN  layer  of  variable  thickness.  Its  growth  temperature  was  650°C 
for  small  layer  thicknesses  of  30  nm,  750°C  for  thicker  layers  and  830°C  for  cladding  layers  of 
quantum  wells.  InGaN  was  always  grown  at  650°C. 

Cross-sectional  specimens  for  TEM  were  prepared  by  mechanical  grinding  to  about  5  pm 
thickness  followed  by  xenon  ion  milling  at  5  kV.  TEM  experiments  were  carried  out  on  a  Philips 
EM420  operating  at  120  kV  and  equipped  with  a  scanning  TEM  system  and  an  energy-dispersive  X- 
ray  (EDX)  spectrometer.  Using  a  10  nm  electron  probe  the  local  chemical  composition  was  deduced 
from  the  intensity  ratio  of  the  indium  L-  and  gallium  K-lines  applying  the  standardless  thin  film 
method.  Frequency  distributions  of  the  indium  content  were  typically  determined  from  EDX  mappings 
of  256x200  points  over  a  lateral  length  of  3  pm.  Since  the  EDX  mappings  contain  significant  noise  due 
to  a  limited  integration  time  for  each  measured  point,  the  real  magnitude  of  compositional  fluctuations 
is  overestimated  using  the  width  of  these  distributions.  Digital  analysis  of  high  resolution  TEM  lattice 
images  (DALI)  was  applied  to  obtain  mappings  of  the  local  lattice  parameter  c  in  InGaN/GaN  quantum 
wells  [9].  Assuming  a  Poisson  ratio  of  0.51  and  neglecting  relaxation  of  the  fully  strained  wells  the 
lattice  parameters  were  converted  into  a  local  indium  content.  Since  only  relative  variations  of  the 
indium  content  will  be  discussed,  possible  deviations  from  these  assumptions  are  not  relevant. 

CL  was  measured  in  plan-view  configuration  usually  at  5  K  using  a  modified,  high-resolution 
scanning  electron  microscope.  Scanning  the  focused  electron  beam  over  an  area  of  (2  pm  x  3  pm)  to 
(13  pm  X  20  pm),  a  local  spectrum  was  recorded  at  each  of  the  256x200  points.  Typical  changes  of 
local  spectra  were  found  on  a  lateral  length  scale  of  a  few  hundred  nanometer  for  all  samples  under 
investigation.  The  set  of  more  than  50.000  local  spectra  was  used  to  derive  an  integral  (averaged) 
spectrum  and  a  frequency  distribution  of  the  peak  energies  in  the  local  spectra. 

Results 


Figure  1  illustrates  the  variation  of  the  local  composition  in  a  typical  bulk-like  InGaN  layer  of  1 
pm  thickness  on  a  thin  GaN  layer  which  in  the  following  is  referred  to  as  conventionally  grown.  Based 
on  X-ray  diffraction  (XRD)  measurements  the  mean  indium  mole  fraction  of  this  samples  amounts  to  jr 
=  0.08.  In  ref.  10  the  laterally  averaged  indium  content  was  shown  to  decrease  up  to  a  layer  thickness 
of  300  nm  and  to  remain  con.stant  up  close  to  the  surface.  This  fact  is  confirmed  by  the  two  frequency 
distributions  of  the  local  indium  content  shown  in  Figure  la,  whose  maxima  are  clearly  shifted  against 
each  other.  The  large  width  of  both  distributions  reflects  the  strong  lateral  fluctuation  of  the 
composition  discussed  in  ref.  6.  However,  a  quantization  of  the  fluctuations  should  not  be  deduced 
from  Figure  la  due  to  significant  noise  in  the  used  EDX  mapping.  Since  the  band  gap  of  InGaN 
naturally  depends  on  the  indium  content,  the  energy  of  the  near-band  gap  luminescence  changes 
laterally  across  the  sample  which  was  shown  in  ref.  6  as  well.  Thus  the  frequency  distribution  of  peak 
energies  of  the  local  CL  spectra  presented  in  Figure  lb  is  closely  related  to  the  local  indium 
distribution.  Obviously  the  distribution  is  broad  and  asymmetric  as  could  be  expected  from  Figure  la. 
The  superposition  of  all  local  spectra  results  in  a  large  full  width  at  half  maximum  (FWHM)  of  0.35  eV 
for  the  peak  in  the  integral  spectrum  shown  in  Figure  1  b. 

In  the  following  possible  origins  of  fluctuations  will  be  discussed.  The  first  parameter  under 
consideration  is  the  crystal  perfection  of  InGaN.  Extended  defects  are  known  to  act  as  points  of  local 
lattice  relaxation  and  by  this  can  increase  the  local  indium  content  without  increasing  strain  energy. 
The  defect  density  in  InGaN  is  limited  by  the  crystal  perfection  of  the  GaN  grown  below  which 
improves  with  its  layer  thickness.  Therefore,  InGaN  was  grown  under  comparable  conditions  on  GaN 
buffer  layers  of  up  to  1  pm  thickness.  Without  showing  results  in  this  paper  similar  lateral  fluctuations 
were  found  even  for  the  thickest  GaN  buffer  layers.  In  conclusion,  if  defects  are  the  relevant  source  for 
compositional  fluctuations,  MBE  growth  of  thick  GaN  layers  does  not  sufficiently  reduce  their  density 
to  effectively  improve  the  compositional  homogeneity  of  InGaN. 
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Figure  1:  Conventionally  grown  Ino.08Gao.92N  (1000  nm)  on  GaN  (30  nm):  a)  Frequency  distribution 
of  the  local  indium  content  as  determined  by  EDX  analysis  averaged  over  InGaN  layer  thicknesses  of 
100-300  and  400-900  nm.  b)  Integral  CL  spectrum  and  frequency  distribution  of  the  local  CL  peak 
energy. 

A  second  approach  discussing  fluctuations  is  to  take  the  formation  of  microscopic  indium 
droplets  on  the  growth  surface  into  consideration.  Those  droplets  would  lead  to  a  lateral  variation  of 
the  indium  content  but  could  also  act  as  a  drain  for  impinging  indium  atoms  resulting  in  a  variation  of 
the  mean  indium  content  with  layer  thickness  as  described  above.  Johnson  et  al.  first  suggested  to 
oppose  droplet  formation  by  modulating  the  indium  flux  during  growth  [3].  During  GaN  growth  of  a 
nominal  InGaN/GaN  superlattice  with  a  period  of  about  one  or  two  monolayers,  excess  indium  on  the 
surface  is  supposed  to  be  incorporated  into  the  epitaxial  film.  In  this  paper  this  growth  regime  will  be 
referred  to  as  modulated  growth.  Results  of  two  modulated  grown  InGaN  layers  differing  in  thickness 
(1.0  and  0.3  pm)  and  mean  indium  content  (0.13  and  0.05  according  to  XRD  measurements)  are 
presented  in  Figure  2.  Since  no  hints  for  the  excistence  of  a  superlattice  were  found  by  XRD  or  TEM 
measurements,  a  complete  intermixing  of  InGaN  and  GaN  probably  occurs  during  growth.  The  mean 
composition  of  sample  A  is  constant  along  growth  direction  as  confirmed  by  EDX  mappings,  whereas 
this  remains  unclear  for  sample  B  as  the  low  indium  content  makes  appropriate  measurements 
impossible.  Although  the  indium  distribution  in  Figure  2a  still  indicates  the  presence  of  lateral 
fluctuations,  it  appears  to  be  less  asymmetric  than  in  the  conventionally  grown  sample.  The  asymmetry 
for  the  last  sample  is  a  consequence  of  few  extremely  indium  rich  columns  observed  in  the  EDX 
mapping  published  in  ref  8.  Similar  structures  are  not  found  in  modulated  grown  samples.  Moreover, 
EDX  spot  measurements  carried  out  with  long  integration  times  at  various  points  of  the  sample  show 
the  lateral  variation  of  the  indium  content  to  be  successfully  reduced. 

Figure  2b  shows  CL  results  of  the  modulated  grown  layers.  In  agreement  with  the  distribution 
from  Figure  2a,  the  asymmetry  of  the  integral  spectra  as  well  as  of  the  frequency  distributions  of  the 
local  peak  energies  is  less  pronounced  compared  to  the  conventionally  grown  sample.  Moreover,  the 
distinct  multimodal  character  of  the  local  peak  energy  distribution  shown  in  Figure  lb  can  not  be 
observed.  However,  considering  sample  A  the  local  CL  peak  energy  varies  to  the  same  extent  as  for  the 
conventionally  grown  sample,  resulting  in  an  integral  peak  with  a  similar  FWHM  of  0.34  eV.  In 
contrast,  the  value  of  the  same  FWHM  for  sample  B  amounts  to  only  0.19  eV  and  the  lateral 
homogeneity  is  obviously  improved  as  indicated  by  the  very  narrow  frequency  distribution  of  the  local 
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Figure  2;  Modulated  grown  In.vGai-rN.  Sample  A  (x  =  0.13):  940  x  (0.7  nm  InGaN  /  0.3  nm  GaN)  on 
200  nm  GaN.  Sample  B  (x  =  0.05);  300  x  (0.5  nm  InGaN  /  0.5  nm  GaN)  on  30  nm  GaN.  a)  Frequency 
distribution  of  the  local  indium  content  as  determined  by  EDX  analysis  for  sample  A  and  the  reference 
sample  of  Figure  1  averaged  over  InGaN  layer  thicknesses  of  400-900  nm.  b)  Integral  CL  spectra  and 
frequency  distributions  of  the  local  CL  peak  energy  for  samples  A  and  B. 


CL  peak  energies.  This  has  to  be  a  consequence  of  the  lower  mean  indium  content  and/or  the  smaller 
InGaN  layer  thickness  of  sample  B. 

Based  on  further  CL  experiments  the  extent  of  fluctuations  in  unstrained  conventionally  grown 
samples  does  not  significantly  change  when  the  layer  thickness  is  increased  from  0.3  to  1  pm. 
Moreover,  conventionally  grown  samples  with  mean  indium  contents  comparably  low  as  that  of 
sample  B  show  an  integral  luminescence  peak  which  is  broader  by  a  factor  of  two  and  red-shifted  by 
about  0.2  eV.  This  suggests  that  the  improved  homogeneity  of  sample  B  is  a  result  of  combining  both 
the  modulated  growth  technique  and  the  low  mean  indium  content.  For  higher  indium  contents  as  for 
sample  A  the  concept  of  modulated  growth  fails.  Due  to  the  high  indium  fluxes  required  in  this  case 
the  amount  of  indium  on  the  surface  is  probably  too  high  to  be  incorporated  into  the  layer  during  the 
short  period  of  nominal  GaN  growth.  However,  thermodynamically  driven  demixing  as  expected  by 
the  phase  diagram  of  InGaN  for  higher  indium  contents  could  be  an  explanation  as  well. 

A  parameter  worth  to  di.scuss  in  terms  of  fluctuations  in  InGaN  is  the  strain  state  of  the 
material.  Karpov  calculated  phase  diagrams  for  relaxed  and  strained  InGaN,  indicating  the  miscibility 
gap  to  extend  into  regions  of  relevant  MBE  growth  temperatures  and  interesting  indium  contents  up  to 
0.2  only  in  the  case  of  relaxed  material  [2].  Thus  one  may  expect  significantly  lower  lateral  fluctuations 
for  fully  strained  InGaN  layers  as  in  InGaN/GaN  quantum  wells.  Figure  3  summarizes  the  results  for  a 
multiquantum  well  (MQW)  structure  with  conventionally  grown  InGaN  wells  containing  roughly  10  % 
indium.  High  resolution  TEM  images  confirm  that  the  wells  are  fully  strained.  The  mapping  in  Figure 
3a  generated  by  DALI  clearly  shows  a  lateral  variation  of  the  local  lattice  parameter  within  the  wells. 
The  fluctuations  are  irregular  but  marked  by  pronounced  dot-like  structures  with  diameters  of  5  nm  or 
less  which  are  not  correlated  to  extended  defects.  Similar  structures  were  already  reported  by  others 
[7].  Figure  3b  shows  the  broad  frequency  distribution  of  the  local  indium  content  in  the  uppermost 
quantum  well  marked  by  several  maxima.  Despite  the  relatively  small  number  of  lattice  points 
analysed  for  Figure  3b,  the  presented  distribution  is  representative  because  analogous  distributions  for 
other  wells  look  similar. 


Local  indium  content 


Energy  [eV] 


Figure  3:  GaN/InGaN  MQW;  GaN  (200  nm)  /  5  x  (5  nm  InGaN  /  10  nm  GaN)  /  GaN  (300  nm)  / 
sapphire,  a)  Mapping  of  the  local  lattice  parameter  as  determined  by  DALI,  b)  Frequency  distribution 
of  the  local  indium  content  in  a  single  well,  c)  Integral  CL  spectrum  and  frequency  distribution  of  the 
local  CL  peak  energy. 


Due  to  a  different  lateral  extension  of  the  EDX  and  DALI  mappings  the  distribution  in  Figure 
3b  can  not  be  simply  compared  to  those  in  Figure  la  and  2a.  However,  Figure  3a  prooves  that 
variations  of  the  indium  content  were  not  completly  be  avoided  even  in  strained  InGaN.  Consequently 
these  short-range  fluctuations  are  rather  related  to  the  growth  kinetics  than  to  thermodynamical 
reasons.  Also,  it  can  not  be  excluded  that  fluctuations  are  caused  by  diffusion  during  growth  of  the 
final  GaN  capping  layer  carried  out  at  higher  temperatures  compared  to  the  well  region. 

Luminescence  characteristics  of  the  MQW  are  shown  in  Figure  3c.  Due  to  the  large  well  width 
they  can  be  discussed  without  considering  quantization  effects.  The  FWHM  of  0.18  eV  for  the  integral 
CL  peak  is  smaller  than  that  extracted  from  Figure  1  corresponding  to  a  thick  layer  grown  under  a 
similar  indium  flux.  The  frequency  distribution  of  the  local  peak  energy  is  narrower  and  less 
asymmetric  as  well.  Thus  the  uniformity  on  a  lateral  scale  accessible  by  CL  is  improved  by  the  growth 
of  strained  quantum  wells.  However,  mappings  of  the  peak  energy  for  this  sample  look  similar  to  those 
of  bulk-like  samples  published  in  ref.  6.  They  clearly  show  fluctuations  on  a  scale  of  a  few  hundred 
nanometer  roughly  corresponding  to  the  grain  size  of  GaN.  The  point  is  how  to  reconcile  this  to  the 
discussed  dot-like  structures  on  a  nanometer  scale.  Excited  carriers  will  relax  into  local  potential 
minima  due  to  diffusion  resulting  in  a  nearly  constant  recombination  energy  within  their  diffusion 
length  as  observed  in  CL  mappings.  It  is  not  clear  whether  the  dot-like  structures  observed  by  DALI 
form  the  dominant  potential  minima  acting  as  preferred  recombination  centers.  Assuming  this  case,  the 
frequency  distribution  of  mean  dot  composition  obviously  has  to  vary  from  grain  to  grain  to  be  not 
inconsistent  with  the  CL  mappings.  Furthermore,  similar  dot-like  structures  should  occur  in  bulk-like 
samples  as  well.  The  difference  between  CL  spectra  in  Figure  lb  and  3c  could  arise  from  the 
undoubtedly  different  defect  structures  in  these  layers  leading  to  a  different  impact  of  the  dots  on  the 
recombination  process. 

Comparing  the  integral  spectra  of  the  MQW  and  the  modulated  grown  sample  B,  similar  values 
for  the  FWHM  are  surprisingly  found  although  sample  B  is  more  homgeneous  in  the  sense  that  its 
local  peaks  are  broad  but  located  at  the  same  spectral  position.  Considering  the  higher  density  of 
extended  defects  in  sample  B  compared  to  the  MQW  structure  the  broadening  of  the  local  spectra  for 


sample  B  is  believed  to  result  from  short-range  fluctuations  of  the  composition  and/or  of  the  defect 
distribution  which  are  not  resolved  by  CL  due  to  its  limited  resolution. 

Conclusions 


Strong  compositional  fluctuations  in  MBE  grown  InGaN  bulk-like  layers  can  be  reduced  by  a 
modulated  growth  technique  in  case  the  indium  content  is  sufficiently  low.  This  fact  is  in  agreement 
with  the  model  of  droplet  formation  on  the  growth  surface  assumed  to  be  one  possible  source  of 
inhomogeneities  in  the  material.  For  higher  indium  concentrations  the  strain  relaxation  seems  not  to  be 
the  dominant  factor  for  fluctuations  because  even  strained  quantum  wells  show  fluctuations  on  the 
scale  of  the  well  width  as  well  as  of  the  GaN  grain  size.  To  understand  these  fluctuations  quantum 
wells  containing  different  amounts  of  indium  and  grown  with  different  growth  techniques  have  to  be 
compared.  Moreover,  defects  or  dot-like  structures  should  be  identified  as  dominant  recombination 
centers  for  which  the  growth  on  GaN  with  a  significantly  reduced  dislocation  density  is  a  worthwhile 
approach. 
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ABSTRACT 

Pendeo-epitaxy  is  a  type  of  selective  growth  of  thin  films  from  the  sidewalls  of  etched 
forms.  The  resulting  films  are  suspended  from  the  sidewalls  and  do  not  interface  with  the 
substrate.  This  process  route  has  advantages  over  conventional  lateral  epitaxial  overgrowth 
(LEO)  techniques.  In  this  research,  pendeo-epitaxial  growth  of  GaN  films  has  been  achieved  on 
elongated  GaN  seed  columns.  The  seed  columns  were  etched  from  GaN  grown  on  6H-SiC 
(0001)  substrates  via  metalorganic  vapor  phase  epitaxy  (MOVPE).  Silicon  nitride  mask  layers 
atop  the  GaN  seed  columns  forced  growth  from  the  sidewalls.  Pendeo-epitaxial  growth  of  GaN 
was  investigated  using  several  growth  temperatures.  Higher  growth  temperatures  resulted  in 
improved  coalescence  due  to  greater  lateral  to  vertical  growth  ratios. 

INTRODUCTION 

The  Ill-Nitride  community  has  shown  considerable  interest  in  the  technique  of  lateral 
epitaxial  overgrowth  (LEO)  of  GaN  and  related  materials.  This  interest  was  boosted  by  the 
report  of  Nakamura  et  al  [11  of  a  projected  laser  diode  lifetime  of  10,000  hours  in  GaN-based 
devices  fabricated  using  LEO.  In  conventional  lateral  epitaxy,  GaN  initially  grows  vertically 
within  the  openings  of  a  patterned  mask  layer.  Lateral  growth  of  this  material  from  these 
openings  and  over  the  masked  areas  results  when  the  proper  process  parameters  are  employed. 
Transmission  electron  microscopy  has  shown  that  the  masked  areas  stop  the  propagation  of 
threading  dislocations  which  arise  from  lattice  mismatch  at  the  GaN/AlN  and  AIN/6H-SiC 
interfaces.  As  such,  the  overgrown  GaN  regions  contain  four-to-six  orders  of  magnitude  lower 
density  of  dislocations  relative  to  the  unmasked  regions  [2]. 

Conventional  single  layer  LEO  films  consist  of  alternating  lateral  regions  of  high  and  low 
defect  density  GaN.  Device  placement  requires  careful  alignment  with  respect  to  the  underlying 
mask  stripes  to  take  advantage  of  the  superior  quality  material.  Device  size  is  limited  to  the  width 
of  the  mask  stripes.  It  is  therefore  desirable  to  have  a  continuous  layer  of  low  defect  material 
over  the  entire  GaN  surface  such  that  devices  can  be  fabricated  anywhere  on  the  wafer  without 
confinement  to  particular  small  areas. 

Nam  et  al  [3]  have  obtained  the  desired  layer  via  repetition  of  the  process  route  used  to 
produce  the  first  LEO  GaN  layer.  In  this  case  the  second  set  of  mask  stripes  were  placed  directly 
over  the  openings  of  the  first  LEO  mask.  This  double  LEO  process  requires  two  lithography 
steps  and  two  depositions  of  GaN  films  beyond  the  growth  of  the  initial  seed  layer.  The  process 
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of  pendeo-epitaxy  (PE)  is  anticipated  to  yield  the  same  result-a  continuous  layer  of  low  defect 
density  GaN-with  only  one  lithography  step  and  a  single  growth  of  GaN  beyond  the  seed  layer. 
As  its  name  implies,  pendeo-epitaxy  is  the  epitaxial  growth  of  crystalline  material  that  hangs  from 
freestanding  forms  and  is  suspended  above  the  substrate.  In  the  particular  PE  approach  used  in 
this  research,  etched  columnar  GaN  forms  are  capped  with  a  silicon  nitride  mask  layer.  As  such, 
pendeo-epitaxial  growth  of  the  GaN  films  originates  only  from  the  sidewalls  of  these  columns. 
The  material  grows  laterally  and  vertically  until  it  coalesces  between  and  over  the  silicon  nitride 
masks  located  atop  the  columns  in  the  manner  employed  in  the  conventional  LEO  approach.  A 
continuous  layer  of  low  defect  density  GaN  is  thus  created.  This  process  route  is  capable  of 
producing  continuous  layers  over  large  areas;  it  is  limited  only  by  the  size  of  the  substrate. 

EXPERIMENTAL  PROCEDURE 

Pendeo-epitaxial  growth  of  GaN  films  was  performed  in  the  manner  shown  schematically 
in  Figure  1 . 


Figure  1.  Schematic  diagram  showing  the  process  steps  for  growth  of  pendeo-epitaxial  GaN;  (a) 
GaN  seed  layer,  (b)  etched  GaN  columns  prior  to  PE  growth,  (c)  partial  growth  of  PE  GaN 
showing  growth  only  from  the  sidewalls,  (d)  coalesced  growth  of  PE  GaN. 

Each  substrate  was  prepared  via  growth  of  a  1  pm  thick  GaN  seed  layer  at  1000°C  on  an 
AIN  buffer  layer  previously  grown  at  1 100°C  on  a  6H-SiC(0001 )  substrate  in  a  cold-wall, 
vertical,  pancake-style,  RF  inductively  heated  metalorganic  vapor  phase  epitaxy  (MOVPE) 
system.  Additional  details  of  the  growth  experiments  have  been  previously  reported  [4].  The 
consecutive  deposition  of  a  growth  mask  layer  of  silicon  nitride  (SiN^)  and  an  etch  mask  layer  of 
nickel  were  achieved  on  the  GaN  seed  layer  using  plasma  enhanced  chemical  vapor  deposition 


(PECVD)  and  e-beam  evaporation,  respectively.  The  latter  mask  layer  was  patterned  using 
standard  photolithography  techniques  in  parallel  2  pm  wide  stripes  spaced  3  pm  edge-to-edge  and 
oriented  along  the  [iToo]  direction  of  the  GaN  film.  Long  columns  containing  the  GaN  seed 
material  were  produced  via  inductively  coupled  plasma  (ICP)  etching  through  the  SiN^,  GaN  and 
AIN  layers  and  into  the  6H-SiC  substrate.  Detailed  procedures  for  the  ICP  etching  have  been 
previously  reported  [5].  The  nickel  etch  mask  was  removed  by  dipping  in  HNO3  for 
approximately  five  minutes.  The  samples  were  subsequently  cleaned  by  consecutive  dips  in 
trichloroethylene,  acetone,  methanol,  and  HCl  for  five  minutes  each  and  blown  dry  with  nitrogen. 

Pendeo-epitaxial  growth  of  GaN  from  the  (1120)  sidewalls  of  the  columns  was  performed 
at  45  torr  and  temperatures  ranging  from  1000°C  to  1 100°C  via  MOVPE.  Reactants  consisting 
of  26  pmol/min  triethylgallium  (TEG)  and  1500  seem  ammonia  were  delivered  into  the  growth 
chamber  and  entrained  in  3000  seem  of  hydrogen  diluent.  The  morphological  micro  structure  of 
the  PE  GaN  layers  was  characterized  using  scanning  electron  microscopy  (SEM-JEOL  6400  FE) 
in  cross-section  and  plan  view.  Surface  roughness  was  characterized  by  atomic  force  microscopy 
(AFM-Digital  Instruments,  Inc.  Dimension  3000).  Additional  modes  of  PE  growth  of  GaN  and 
AlxGai.xN  films  and  details  regarding  the  procedures  employed  have  been  reported  externally 
[6,7]  and  within  this  volume  [8,9]. 

RESULTS  AND  DISCUSSION 


Partially  grown  GaN  pendeo-epitaxy  after  30  minutes  of  growth  at  1000°C  is  shown  in 
Figure  2(a). 


(a)  (b) 


Figure  2  Cross-sectional  SEM  micrographs  of  PE  GaN  grown  at  1000°C  for  (a)  30  minutes,  and 
(b)  80  minutes. 

No  nucleation  of  the  GaN  was  observed  on  the  surfaces  of  the  etched  SiC  trenches.  The 
SiNx  mask  forced  the  GaN  to  grow  only  from  the  sidewalls  of  the  etched  GaN  columns.  Growth 
of  the  GaN  could  therefore  begin  only  in  the  lateral  directions.  As  the  lateral  growth  progressed, 
the  GaN  began  to  grow  vertically  once  (0001)  top  surfaces  were  created.  As  the  vertical  growth 
reached  the  top  of  the  mask,  lateral  growth  over  the  mask  commenced.  The  high  lateral  to 
vertical  growth  ratio  (approximately  three  to  one)  caused  the  GaN  to  wrap  around  the  mask 
layers. 


The  results  of  allowing  growth  to  continue  for  a  total  of  80  minutes  at  1000°C  are  shown 
in  Figure  2(b).  Note  the  presence  of  the  -60°  inclined  { i  Toi }  planes,  which  are  the  most  stable 
and  slowest  growing  planes  in  the  GaN  wurtzitc  crystal  structure  [3],  Gaps  between  the 
approaching  growth  fronts  were  also  observed.  These  gaps  suggest  that  the  growth  rates  of  the 
laterally  growing  faces  decrease  as  they  come  into  close  proximity.  The  high  vertical  growth  rates 
coupled  with  the  continually  decreasing  space  between  converging  growth  fronts  results  in  less 
GaN  source  material  reaching  these  areas  either  by  surface  diffusion  or  by  way  of  gaseous 
reactants. 

The  micrographs  shown  in  Figure  3  demonstrate  the  effect  of  growth  temperature  on 
pendeo-epitaxial  growth.  Figure  3(a)  is  a  plan  view  of  the  same  film  shown  in  Figure  2(b),  which 
was  grown  for  80  minutes  at  1000°C. 


Coalescence  of  the  GaN  is  observed  in  only  a  few  regions.  Figure  3(b)  is  a  plan  view  of 
PE  GaN  grown  for  80  minutes  at  1050°C.  The  increase  in  temperature  promoted  the  lateral 
growth  such  that  the  GaN  coalesced  over  much  of  the  surface.  Growth  for  80  minutes  at  a 
temperature  of  1080°C  resulted  in  a  completely  coalesced  GaN  surface  shown  in  Figure  3(c).  A 
faint  periodicity  consistent  with  the  SiNx  stripe  spacing  is  observed.  Characterization  of  this 
surface  using  AFM  revealed  a  RMS  roughness  of  1 .32  nm.  As  the  emphasis  of  the  present  study 
focused  primarily  on  determination  of  parameters  necessary  for  achieving  coalescence, 
optimization  of  growth  parameters  subsequent  to  coalescence  is  expected  to  result  in  smoother 
PE  GaN  surfaces  suitable  for  growing  device  structures. 

A  cross  sectional  view  of  coalesced  PE  GaN  films  grown  for  80  minutes  at  1080°C 
between  and  over  several  columns  and  masks,  respectively,  is  shown  in  Figure  4(a).  The  origins 
of  the  darker  areas  have  not  yet  been  determined.  Figure  4(b)  is  a  higher  magnification  of 
coalesced  PE  GaN, 
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Figure  4  Cross-sectional  SEM  micrographs  of  PE  GaN  grown  at  1080°C  for  80  minutes 
showing  features  at  (a)  low  magnification  and  (b)  high  magnification. 


The  higher  growth  temperature  promotes  swift  lateral  growth  until  coalescence  is 
achieved  between  the  columns.  As  in  the  LEO  approach,  the  GaN  is  observed  to  grow  vertically 
over  the  edges  of  the  SiN^^  mask  stripes  and  laterally  across  the  top  until  it  coalesces  with  the 
material  growing  laterally  from  the  other  side  of  the  stripe. 

CONCLUSIONS 

Uniform  layers  of  GaN  anticipated  to  have  very  low  dislocation  densities  over  the  entire 
GaN  surface  have  been  grown  via  the  technique  of  pendeo-epitaxy.  This  process  route  is  an 
improvement  over  conventional  LEO  and  is  a  more  efficient  method  of  producing  the  same  results 
as  multiple  layers  of  LEO.  Growth  temperature  was  observed  to  have  a  significant  effect  on  the 
morphology  of  the  PE  GaN  films.  Coalescence  improved  with  increasing  growth  temperatures 
due  to  greater  lateral  to  vertical  growth  ratios.  It  is  expected  that  pendeo-epitaxy  will  prove  itself 
useful  for  improving  device  quality  in  optoelectronic  and  microelectronic  applications. 
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ABSTRACT 

A  new  process  route  for  lateral  growth  of  nearly  defect  free  GaN  structures  via  Pendeo- 

epitaxy  is  discussed.  Lateral  growth  of  GaN  films  suspended  from  {11  20}  side  walls  of  [0001] 
oriented  GaN  columns  into  and  over  adjacent  etched  wells  has  been  achieved  via  MOVPE 
technique  without  the  use  of,  or  contact  with,  a  supporting  mask  or  substrate.  Pendeo-epitaxy  is 
proposed  as  the  descriptive  term  for  this  growth  technique.  Selective  growth  was  achieved  using 

process  parameters  that  promote  lateral  growth  of  the  {1120}  planes  of  GaN  and  disallow 
nucleation  of  this  phase  on  the  exposed  SiC  substrate.  Thus,  the  selectivity  is  provided  by 
tailoring  the  shape  of  the  underlying  GaN  layer  itself  consisting  of  a  sequence  of  alternating 
trenches  and  columns,  instead  of  selective  growth  through  openings  in  Si02  or  SiNx  mask,  as  in 
the  conventional  lateral  epitaxial  overgrowth  (LEO). 

Two  modes  of  initiation  of  the  pendeo-epitaxial  GaN  growth  via  MOVPE  were  observed: 

Mode  A  -  promoting  the  lateral  growth  of  the  {1120}  side  facets  into  the  wells  faster  than  the 
vertical  growth  of  the  (0001)  top  facets;  and  Mode  B  -  enabling  the  top  (0001)  faces  to  grow 
initially  faster  followed  by  the  pendeo-epitaxial  growth  over  the  wells  from  the  newly  formed 

{1120}  side  facets.  Four-to-five  order  decrease  in  the  dislocation  density  was  observed  via 
transmission  electron  microscopy  (TEM)  in  the  pendeo-epitaxial  GaN  relative  to  that  in  the  GaN 
columns.  TEM  observations  revealed  that  in  pendeo-epitaxial  GaN  films  the  dislocations  do  not 
propagate  laterally  from  the  GaN  columns  when  the  structure  grows  laterally  from  the  sidewalls 
into  and  over  the  trenches.  Scanning  electron  microscopy  (SEM)  studies  revealed  that  the 
coalesced  regions  are  either  defect-free  or  sometimes  exhibit  voids.  Above  these  voids  the  PE- 
GaN  layer  is  usually  defect  free. 

INTRODUCTION 

Recent  studies  on  selected  area  growth  (SAG)  and  lateral  epitaxial  overgrowth  (LEO)  of 
GaN  structures  on  6H-SiC  [1-6]  and  Sapphire  [7-10]  have  shown  that  the  laterally  overgrown 
regions  have  four-to-five  orders  of  magnitude  lower  densities  of  dislocations  compared  to  the 
regions  of  vertical  growth.  During  the  selective  growth  the  GaN  structure  grows  vertically  and 
laterally  at  the  same  time,  but  the  vertical  growth  dominates  during  the  growth  from  the  windows 
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in  Si02  (i.e.  the  growth  rate  of  (0001)  planes  of  GaN  is  higher  than  the  growth  rate  of  the  GaN 
side  facets),  while  the  lateral  growth  dominates  during  the  GaN  growth  over  the  Si02  (i.e.  the 
growth  rate  of  the  GaN  side  facets  is  higher  than  the  growth  rate  of  the  (0001)  planes).  Thus,  the 
reduction  in  the  defect  density  is  associated  with  the  change  in  the  growth  direction  from  vertical 
during  the  initial  stages  of  growth  from  the  openings  in  the  Si02,  to  lateral  over  the  Si02  in  the 
subsequent  stages  of  the  lateral  epitaxial  overgrowth.  Our  previous  studies  on  the  development 
of  the  side  facets  morphology  of  the  LEO-GaN  as  a  function  of  the  growth  time  [5,6],  pointed 
that  while  the  crystallographic  template  for  the  conventional  vertical  growth  arc  the  (0001)  GaN 

faces,  the  crystallographic  template  for  the  lateral  overgrowth  are  either  the  vertical  {1120}  side 
facets  if  the  Si02  stripes  are  oriented  along  <1 1 00>  direction,  or  the  62°  inclined  {1  101}  facets 

when  the  stripe  edges  arc  oriented  along  <1 1  20>  direction,  see  the  schematics  in  Fig.  1 . 
However,  if  the  crystallographic  template  for  the  lateral  overgrowth  are  the  side  GaN  facets, 
then  lateral  growth  would  be  possible  even  without  a  Si02  mask.  Then,  a  question  rises:  how 
to  eliminate  the  Si02  mask  and  still  to  preserve  the  crystallographic  templates  for  the  vertical 
growth  (the  (0001)  planes)  as  well  as  the  crystallographic  templates  for  the  lateral  growth  -  the 

side  facets,  {1120}  or  the  {1101}  planes,  depending  on  the  stripe  orientation?  The  new 
approach  for  lateral  growth  of  nearly  defect  free  GaN  structures,  namely  pendco  -epitaxy  is  an 
answer  to  the  above  question  [11]. 


(0001) 


Figure  1 .  A  schematic  of  the  development  of  the  side  facet  morphology  of  LEO-GaN  structure 

as  a  function  of  the  growth  time  in  [1 1 00]  orientation  of  the  Si02  stripes.  The  vertical  {1120} 
side  facets  are  the  crystallographic  templates  for  the  lateral  growth. 

EXPERIMENT 

The  new  technique,  namely,  pendeo-epitaxy  has  been  developed  and  employed  for  the 
lateral  growth  of  GaN  films  from  the  side  walls  of  sequential  and  parallel  GaN  columns  [1 1].  An 
alternative  approach  employed  in  the  present  research  to  achieve  lateral  and  vertical  epitaxy  of 

GaN  is  comprised  of  the  deposition  of  this  material  upon  an  aligned  series  of  <1  1 00>  oriented 

columns  or  wells  of  GaN  having  the  vertical  {1120}  side  facets,  as  shown  schematically  in 
Fig.2. 
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Figure  2.  A  schematic  of  the  new  process  route  for  the  pendeo-epitaxial  growth  of  GaN 
layered  structures.  The  PE-GaN  growth  includes  the  following  major  steps:  (a)  growth  of  a  GaN 
layer  on  a  AlN/6H-SiC  substrate,  (b)  selective  etching  to  form  the  side  walls  in  the  alternating 
GaN/AlN/substrate  columns  and  trenches  (wells),  and  (c)  growth  of  the  pendeo-epitaxial  GaN 
layer  before  the  coalescence. 

The  pendeo-epitaxial  approach  involves  three  major  process  steps:  (i)  growth  of  the 
underlying  (seed)  GaN  layer  on  a  suitable  substrate,  (ii)  selective  etching  through  a  Ni  mask  [12] 
to  form  alternating  GaN/AlN/substrate  columns  and  trenches  in  the  substrate,  and  (iii)  growth  of 
the  pendeo-epitaxial  GaN  layer.  No  amorphous  mask  over  the  GaN  seed  layer  is  employed  to 
support  the  laterally  grown  material  and  to  separate  it  from  a  crystallographic  surface.  Thus,  the 
lateral  component  of  the  GaN  film  grows  free  standing  from  the  side  walls  of  the  columns  into 
and  over  the  etched  trenches,  as  shown  in  Fig.  2(c).  This  laterally  grown  material  does  not  make 
contact  with  the  bottom  surfaces  of  the  trenches.  As  such,  the  term  pendeo-  (from  the  Latin 
“hangs  on”  or  “suspends  from”)  epitaxy  was  proposed  to  describe  this  process  route  [1 1].  Thus 
pendeo-epitaxy  (PE),  or  the  lateral  growth  from  sidewalls  of  GaN  posts  into  and  over  trenches 
provides  an  alternative  process  route  to  the  conventional  LEO  technique,  for  growth  of  defect 
free  GaN  layers. 

The  side  faces  -  crystallographic  templates  for  the  PE-GaN  are  prepared  via  etching  of 
trenches  (wells)  or  columns  (posts),  which  include  multiple  sidewalls  in  the  u-GaN/AlN/6H-SiC 
substrate-heterostructure.  To  form  the  columns  and  the  trenches  a  dry  etching  technique  with 
CI2  and  Ar  as  process  gasses,  and  Ni  mask  in  inductively  coupled  plasma  (ICP)  system  were 

utilized.  Details  of  the  dry  plasma  etching  parameters  of  GaN  related  with  the  etch  rates  and 
selectivities  as  a  function  of  the  ICP  power,  dc  bias,  the  gases  pressure  and  flow  rates,  as  well  as 
gases  percentages  have  been  previously  investigated  [12].  The  PE-GaN  growth  was  performed 
via  metalorganic  vapor  phase  epitaxy  (MOVPE)  using  triethylgallium  (TEG)  and  ammonia 


(NH3)  precursors,  at  1080°C  and  45  Torr.  The  TEG  at  26  pmol/min  and  NH3  at  1500  seem 
were  used  in  combination  with  3000  seem  H2  diluent.  The  morphology  and  microstructurc  of 
the  pendco-epitaxial  GaN  films  was  studied  with  scanning  electron  microscopy  (SEM-JEOL 
6400-FE);  and  transmission  electron  microscopy  (TEM-TOPCON  002B). 

RESULTS  AND  DISCUSSION 

Two  modes  of  initiation  of  the  pendeo-epitaxial  GaN  growth  via  MOVPE  were  observed, 
as  shown  schematically  in  Fig.  3,  and  pictorially  in  Fig.  4  (a-d):  Mode  A  -  promoting  the  lateral 

growth  of  the  {1120}  side  facets  into  the  wells  faster  than  the  vertical  growth  of  the  (0001)  top 
facets;  and  Mode  B  -  enabling  the  top  (0001)  faces  to  grow  initially  faster  followed  by  the 

pendeo-epitaxial  growth  over  the  wells  from  the  newly  formed  {1120}  side  facets.  SEM  studies 
revealed  that  the  coalesced  regions  are  either  defect-free  or  sometimes  exhibit  voids.  Above 
these  voids  the  PE-GaN  material  is  usually  defect  free.  Preliminary  SEM  and  TEM  studies 
reveal  four-to-five  times  larger  lateral  growth  rates  of  the  PE-GaN  compared  to  the  growth  rates 
for  the  LEO-GaN  for  a  similar  geometry.  Studies  with  AFM  revealed  atomically  flat  top  and 
side  surfaces  for  the  PE-GaN  material. A  four-to-five  order  decrease  in  the  dislocation  density  in 
the  pendeo-epitaxial  GaN  relative  to  that  in  the  GaN  columns  (dislocation  density  -lO^cm'^)  was 
observed  via  TEM.  TEM  observations  revealed  that  in  pendeo-epitaxial  GaN  films  the 
dislocations  do  not  propagate  laterally  from  the  GaN  columns  when  the  structure  grows  laterally 
from  the  side  walls  into  and  over  the  trenches.  The  regions  of  coalescence  of  the  pendeo- 
epitaxial  GaN  structures  are  usually  defect  free  above  the  voids. 


vertical 
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Figure  3.  A  schematic  of  the  pendeo-epitaxial  GaN  growth  in  (a)  Mode  A  and 
(b)  Mode  B. 


Occasionally  both  growth  modes  are  observed  in  a  same  column,  i.e.  on  one  side  of  the 
column  -  Mode  A,  and  on  the  other  side  of  the  same  column  -  Mode  B.  Our  experiments 
revealed  that  slightly  higher  growth  temperatures  enhance  the  pendeo-epitaxial  lateral  growth 
from  the  side  faces  -  Mode  A.  Thus  differences  in  the  morphology  of  the  PE-GaN  which  appear 
as  two  different  growth  modes  at  same  growth  conditions  are  attributed  to  the  fluctuations  in  the 
growth  parameters  as  temperature  and  TEG  flow  rate,  thus  changing  the  diffusion  characteristics. 
This  suggests  that  there  is  a  very  narrow  energy  threshold  associated  with  the  parameters  of  the 


(C)  (d) 

Figure  4.  SEM  (a)  and  TEM  (b)  micrographs  of  PE-GaN  growth  in  Mode  A;  SEM  (c)  and  TEM 
(d)  of  PE-GaN  growth  in  Mode  B. 


growth  kinetics  as  mean  free  path  and  average  life  times  until  adsorption  and  incorporation  of  the 

adatoms,  which  enhances  the  growth  either  along  [1120]  (Mode  A),  or  along  [0001]  Mode  B. 
Preliminary  studies  of  the  accommodation  of  the  thermal  stress  in  the  PE-GaN  structures  reveal 
five-to-ten  times  reduction  in  the  thermal  stress  compared  to  similar  geometries  of  LEO-GaN 
structures. 

Application  of  the  pendeo-epitaxial  growth  technique  in  combination  with  a  silicon 
nitride  mask  layer  capping  the  seed  GaN  columns  before  the  PE-GaN  growth  helps  to  achieve  a 
continuous  GaN  layer  of  very  low  defects  density  within  a  single  lithography  step  (see  K. 
Linthicum  et  all.,  D.  Thomson  et  all.,  and  T.  Gehrke  et  all.,  this  volume). 

SUMMARY 

A  new  technique  -  pendeo-epitaxy  has  been  developed  and  employed  for  the  lateral 
growth  of  GaN  films  from  the  side  walls  of  sequential  and  parallel  GaN  columns.  The  new 
approach  for  the  pendeo-epitaxial  growth  of  GaN  layered  structures  involves  the  following  major 
stages:  (a)  growth  of  a  GaN  layer  on  a  suitable  substrate;  (b)  selective  etching  through  a  mask  to 
form  alternating  GaN/AlN/substrate  columns  and  trenches  in  the  substrate,  and  (c)  growth  of  the 
pendeo-epitaxial  GaN  layer.  The  pendeo-epitaxial  GaN  growth  revealed  two  modes  of  growth  at 

similar  growth  conditions:  Mode  A:  PE-GaN  growth  from  the  side  {1120}  walls  of  the 
GaN/AlN/substrate  column  into  and  over  the  wells,  and  Mode  B:  PE-GaN  growth  initiated  from 
the  (0001)  planes  followed  by  the  lateral  growth  over  the  wells.  Differences  in  the  morphology 


of  the  PE-GaN  layers  are  attributed  to  the  fluctuations  in  the  growth  parameters  as  temperature 
and  TEG  flow  rate,  thus  changing  the  diffusion  characteristics.  TEM  studies  revealed  that  the 
laterally  grown  regions  exhibit  four-to-fivc  times  lower  dislocation  density,  compared  to  the 
regions  within  the  GaN  column  and  these  defects  do  not  propagate  laterally  into  the  PE-GaN 
regions.  SEM  and  TEM  studies  revealed  four-to-five  times  larger  lateral  growth  rates  of  the  PE- 
GaN  compared  to  the  growth  rates  for  the  LEO-GaN  for  a  similar  geometry. 
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ABSTRACT 

A  comparison  was  made  of  6H-SiC  surfaces  etched  with  H2,  C2H4/H2,  and  HCI/H2,  and 
the  resulting  crystal  quality  of  epitaxial  GaN  films  deposited  on  these  substrates.  To  remove  the 
many  fine  scratches  and  to  smooth  the  rough  surfaces  typical  of  commercial  SiC  substrates,  the 
Si-face  6H-SiC  substrates  were  etched  in  H2,  C2H4/H2,  and  HCI/H2  at  1450  ”C.  GaN  was 
subsequently  deposited  on  these  etched  surfaces  after  first  depositing  a  low  temperature  GaN 
buffer  layer  via  metalorganic  chemical  vapor  deposition  (MOCVD).  The  surface  morphologies 
after  etching  and  after  GaN  deposition  were  characterized  by  atomic  force  microscopy  and 
Normaski  differential  interference  contrast  microscopy,  while  the  crystal  quality  of  the  GaN 
films  was  assessed  by  double  crystal  x-ray  rocking  curves  and  x-ray  topography.  6H-SiC 
substrate  surfaces  were  improved  in  terms  of  the  removal  of  scratches  and  the  reduction  of 
surface  roughness,  and  both  surface  morphology  and  crystal  quality  of  the  subsequently 
deposited  GaN  films  were  enhanced.  However,  the  dislocation  density  was  not  decreased  by  the 
surface  etching.  The  best  GaN  film  was  produced  by  etching  the  substrate  in  pure  H2  for  40 
minutes  before  growth.  Recommendations  for  the  optimum  substrate  treatment  are  made. 

INTRODUCTION 

GaN  has  long  been  a  promising  material  for  optoelectronic  devices  operating  in  the  blue 
to  ultra-violet  region  [1-2],  but  the  lack  of  GaN  bulk  crystals  hinders  the  improvement  of  GaN 
epitaxial  film  quality.  Sapphire  is  the  most  eommon  substrate  for  GaN  epitaxy,  but  because  of 
large  differenees  in  lattice  constants(13.8%)  and  thermal  expansion  coefficients(25.4%),  the 
threading  dislocation  density  is  typically  high  in  the  GaN  film.  In  eontrast,  6H-SiC  has  a  smaller 
lattiee  mismatch  (3.5%)  with  GaN,  making  it  a  better  candidate  for  GaN  growth  [3]. 

High  quality  GaN  was  successfully  deposited  on  6H-SiC  substrates  via  MOCVD  by 
several  groups  [4-6],  but  no  detailed  investigation  of  the  effects  of  the  6H-SiC  substrate  surface 
treatment  prior  to  GaN  growth  has  been  reported.  Compared  to  sapphire,  the  surface  quality  of 
commercial  6H-SiC  substrates  is  poor,  containing  various  defects  that  may  deteriorate  the  quality 
of  epitaxial  layer.  Some  defeets,  such  as  dislocations,  and  micropipes  (holes  approximately  a 
micrometer  in  diameter)  originate  in  the  bulk  of  the  substrate,  while  other  defects  such  as  ridges 
and  scratches  result  from  the  lapping  and  polishing  proeess.  The  later  defeets  can  be  almost  fully 
removed  by  etching  the  surface  with  hydrogen,  with  or  without  propane  or  HCl  [7-8].  In  the 
case  of  SiC  epitaxy,  defects  in  the  film  propagating  from  the  substrate  are  minimized  by  in  situ 
etching  of  substrates  [7-8].  Furthermore,  to  avoid  the  formation  of  double  position 
boundaries(DPB),  6H-SiC  (off-axis)  are  etched  and  annealed  to  produce  surface  step  heights 
corresponding  to  an  integral  multiple  of  the  6H-SiC  unit  cell  (15  A)  [9-10].  The  effeet  of  the 
substrate  is  expected  to  be  similar  for  GaN,  hence,  much  attention  should  be  given  both  to 
growth  conditions  and  surface  preparation  of  6H-SiC  for  GaN  epitaxial  growth. 
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In  this  letter,  we  studied  the  etching  of  6H-SiC  substrates  using  H2,  C2H/H2,  and  HCI/H2 
to  remove  scratches  and  pits.  The  quality  of  the  substrtate  surfaces  thus  produced  were 
characterized,  then  GaN  films  were  epitaxially  deposited  on  these  substrates.  Finally,  GaN  films 
were  examined,  and  a  correlation  between  the  surface  treatment  and  film  quality,  both  bulk 
structure  and  surface  features,  was  developed. 

EXPERIMENT 

Substrate  etching  was  performed  in  a  cold-wall  horizontal  quartz  reactor  with  an  inside 
diameter  of  50  mm  operated  at  atmospheric  pressure.  The  substrates  were  heated  by  a  boron 
nitride  coated  graphite  susceptor,  and  their  temperature  was  measured  both  with  an  optical 
pyrometer  and  an  R-type  thermocouple,  which  were  calibrated  by  the  melting  point  of  Si.  The 
substrates  were  n-type,  on-axis  Si- face  6H-SiC  (0001)  wafers.  Prior  to  etching,  the  substrates 
were  ultrasonically  degreased  in  organic  solvents,  dipped  in  10%  HF  acid,  and  rinsed  in 
deionized  water.  The  etching  temperature  was  fixed  at  1450  ”C  for  all  experiments,  and  the  other 
experimental  conditions  were  summarized  in  Table  1. 

Table  I.  Summary  of  on-axis  Si-face  6H-SiC  (0001)  substrate  etching  conditions. 


Sample 

Etching 

Time  (mins) 

FWHMofDCX 

(arcsec) 

1 

no  treatment 

N/A 

423 

2 

H2  etching 

10 

395 

3 

H2  etching 

40 

378 

4 

100  ppm  C2H4/H2  etching 

40 

398 

5 

0.5%  HCI/H2  etching 

10 

418 

The  subsequent  growth  of  GaN  was  performed  in  a  vertical-type  MOVPE  reactor 
operated  at  low  pressure  (76  Torr).  Before  loading  into  the  reactor,  the  etched  substrates  were 
also  degreased  and  dipped  in  HF  acid.  Trimethylgallium  (TMG)  and  ammonia  (NH.O  were  the 
Ga  and  N  sources,  and  Pd-cell  purified  H2  was  used  as  the  carrier  gas.  The  substrates  in  table  I 
were  loaded  into  the  reactor  simultaneously  for  one  run,  and  preheated  at  1100  "C  for  10  minutes 
in  H2  for  surface  cleaning  using  a  rf  induction  heater.  To  compare  the  effects  of  substrate 
etching  on  the  subsequent  GaN  growth,  the  experimental  conditions  were  the  same  for  each  run, 
and  all  deposits  had  a  GaN  buffer  layer  deposited  at  550  ^C. 

The  resulting  etched  6H-SiC  surfaces  and  the  final  GaN  films  were  characterized  by 
Nomarski  differential  interference  contrast  microscopy  (NDIC)  and  atomic  force  microscopy 
(AFM).  The  quality  of  the  GaN  films  was  assessed  by  X-ray  double  crystal  rocking  curves  and 
X-ray  double  crystal  topography. 

RESULTS  AND  DISCUSSION 

The  AFM  image  of  an  as-received  on-axis  Si-face  6H-SiC  substrate  shows  randomly 
oriented  scratches,  varying  in  depth  and  width  (Fig.  la).  Some  extreme  scratches  were  broad 
(-200  nm)  and  deep  (10  nm),  and  disturbed  the  nucleation  and  surface  morphology  of  the  GaN 
film.  Other  defects  such  as  micropipes  and  epitaxial  pits  were  also  observed  (not  shown). 
However,  after  etching  10  minutes  in  H2,  the  scratches  began  to  disappear,  and  a  periodic  texture 


in  one  direction  ([1-100])  of  roughly  parallel  ridges  formed  as  seen  in  Fig.  lb.  The  large  shallow 
trench  caused  by  a  nonuniform  etching  rate  on  the  (0001)  surface  at  an  early  stage  of  etching. 
After  etching  for  40  minutes,  the  surface  became  smoother,  and  the  scratches  were  completely 
removed  (Fig.  Ic).  The  terrace  pattern  was  clear  with  a  wider  terrace  (approximately  0.5  jim) 
than  that  (0.2  p,m)  in  Fig.  lb.  The  etching  behavior  of  C2H4/H2  mixture  was  similar  to  the  H2 
with  a  slightly  slower  eteh  rate.  The  width  and  smoothness  of  the  terraces  from  C2H4/H2  etehing 
were  narrower  and  rougher  than  those  for  H2  etching  due  to  the  low  etching  rate.  Fig.  Id  shows 
the  surface  after  etching  in  0.5%  HCI/H2  for  10  minutes.  Although  the  etch  rate  was  higher,  the 
residual  scratches  interrupted  by  terraces  were  still  observed  because  of  a  short  etching  time.  In 
terms  of  surface  root  mean  square  (RMS)  values,  the  surface  roughness  was  reduced  from 
approximately  1.85  nm  to  below  1.0  nm  for  all  etched  6H-SiC  surfaces  with  a  best  surface 
morphology  for  H2  etching  for  40  minutes. 

Our  6H-SiC  etching  results  were  largely  consistent  with  other  groups  [8,  11]  with  the 
exception  that  no  well-defined  straight  step  structure  was  observed,  which  we  contributed  to  the 
low  etching  temperature.  Nevertheless,  most  scratches  were  removed  using  the  above  etching 
method,  and  the  improved  surfaces  were  obtained. 
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Figure  1.  AFM  images  of  6H-SiC  substrates,  (a)  as-received,  no  treatment,  (b)  after  H2 
etching  for  10  mins,  (c)  after  H2  etching  for  40  mins,  (d)  after  0.5  %  HCl/  H2  etching  for 
10  mins. 


The  resulting  GaN  films  had  mirror-like  surfaces  as  observed  by  the  naked  eye. 
However,  some  interesting  features  were  illuminated  by  Normaski  differential  interference 
contrast  microscopy.  Fig  2a  is  the  surface  of  the  GaN  film  deposited  on  the  untreated  6H-SiC 
substrate.  There  is  a  high  density  of  cracks,  caused  by  the  residual  stress  for  the  heteroepitaxial 
growth  [12-13],  between  which  very  smooth  GaN  surfaces  dominate.  A  relatively  high  density 
(1.6xl0^/cm^)  of  pits  or  pinholes  (nominally  5pm  in  diameter)  was  mostly  distributed  along  the 
cracks  or  at  crack  intersections.  When  GaN  was  deposited  on  the  substrate  etched  by  for  40 
minutes,  the  resulting  GaN  surface  was  similar  to  that  in  Fig.  2a,  except  that  the  density  of  pits 
decreased  by  a  factor  of  four  (4.0x1  oVem^),  and  the  pit  diameter  also  decreased  to  3  pm. 
Regardless  of  which  etch  was  used,  the  density  of  pinholes  was  decreased  compared  to  that  of 
the  untreated  substrate  surface. 


Figure  2.  NDIC  images  of  GaN  films  grown  on  6H-SiC  substrates,  (a)  as-received,  no  treatment, 
(b)  after  Hi  etching  for  40  mins.  Magnification:  200X 


What  caused  these  pits?  To  answer  this  question,  we  compared  our  GaN  surface 
morphologies  with  those  obtained  by  other  groups.  Weeks  et  al  [5]  deposited  GaN  thin  films  on 
vicinal  and  on-axis  6H-SiC  (0001)  substrates  using  high  temperature  AIN  buffer  layers.  Many 
small  pits  (nominally  30  nm  in  diameter)  were  observed,  and  the  pit  density  was  decreased  by 
increasing  the  AIN  deposition  temperature.  Random  pinholes  were  also  seen  on  the  resulting 
GaN  surfaces,  and  the  density  was  decreased  by  increasing  the  GaN  growth  temperature.  This 
phenomena  was  attributed  to  the  possibly  incomplete  coalescence  of  GaN.  Our  observations 
were  consistent  with  their  results;  however,  the  density  of  the  pits  increased  when  the  6H-SiC 
substrate  surface  quality  was  poor.  The  density  and  size  of  pits  were  increased  greatly 
(5.3x1  OVem^  and  7.5  pm  in  diameter  respectively)  when  a  high  density  of  etch  pits  was 
intentionally  introduced  on  the  substrate  surface  after  the  etching  of  the  6H-SiC  substrate  in  1% 
HCl/Hi  for  30  minutes  at  1450  T.  Therefore,  the  incomplete  coalescence  of  GaN  was  attributed 
to  the  micropipes  or  deep  pits  originating  on  the  6H-SiC  substrate  surface.  GaN  nucleation  on 
these  defects  is  difficult;  if  nucleation  does  occur,  the  GaN  can  not  fill  the  defects,  and  leaves  the 
GaN  can  not  completely  coalesce  on  thc.se  defects.  Not  only  circular  defects  (pits  or  holes),  but 
also  wide  and  deep  scratches  can  cause  the  incomplete  coalescence  of  GaN  films.  Fig.  3a  shows 
GaN  surfaces  separated  by  several  deep  and  large  scratches.  The  rough  GaN  surface  was  due  to 
the  unoptimized  growth  condition.  The  side  walls  of  scratches  on  the  6H-SiC  substrates  have 
different  orientations,  which  results  in  low  growth  rate  or  growth  direction  not  parallel  to  c-axis, 
compared  to  the  growth  on  the  basal  plane  of  (0001).  Sometimes,  even  shallow  scratches 


Figure  3.  NDIC  images  of  GaN  film  surfaces,  (a)  incomplete  coalescence  of  GaN  film 
separated  by  the  substrate  scratches,  (b)  the  GaN  film  surface  was  disturbed  by  the 
scratches.  Magnification:  400X. 


Table  I.  displays  the  FWHM  of  the  resulting  GaN  films  deposited  on  the  substrates 
etched  at  different  conditions.  The  results  are  consistent  with  surface  quality  as  evaluated  by 
ATM.  The  FWHM  of  the  GaN  film  grown  on  as-received  substrate  (sample  1)  had  highest  value, 
and  thus  the  poorest  crystal  quality.  The  FWHM  decreased  with  the  increasing  of  H2  etching 
time  (sample  2  and  3).  The  crystal  quality  of  the  GaN  film  deposited  on  sample  4  was  between 
sample  2  and  3  due  to  the  slower  etching  rate  with  the  adding  of  C2H4.  The  last  sample  (sample 
5)  had  a  FWHM  value  close  to  sample  1,  since  the  residual  surface  scratches  were  not 
completely  removed.  Although  the  FWHM  has  high  values  caused  by  unoptimized  growth 
conditions,  these  values  are  comparable  to  each  other  because  they  were  deposited  in  the  same 
run.  As  a  result,  the  GaN  deposited  on  the  40  minute  H2  etched  substrate  has  the  best  quality, 
which  is  consistent  with  the  AFM  results. 

An  x-ray  double  crystal  topograph  was  performed  on  sample  3.  The  reflection  direction 
was  [00.2],  The  low  angle  grain  boundaries  were  clearly  identified  to  be  repeated  in  the  film. 
Linear  defects  were  screw  and  mixed  dislocations,  which  are  common  both  in  SiC  substrates  and 
GaN  films.  There  is  no  evident  difference  between  GaN  samples  deposited  on  untreated  or 
etched  6H-SiC  substrates.  Dislocation  defects  presents  in  the  substrates  would  propagate  into 
epitaxial  film,  and  can  not  been  removed  by  the  etching  method. 

CONCLUSIONS 

In  summary,  the  as-received  commercial  6H-SiC  substrates  were  etched  using  H2, 
C2H4/H2,  and  HCI/H2  with  a  best  surface  improvement  for  the  etching  in  H2  for  40  minutes.  The 
surface  morphologies  of  those  samples  deposited  on  the  etched  substrates  improved  in  terms  of 
the  decreasing  of  the  pinhole  density.  These  pinholes  and  other  defects  were  attributed  to  the 
scratches,  micropipes,  and  pits  originating  on  the  as-received  6H-SiC  substrates.  The  crystal 
quality  was  increased  as  measured  by  DCX.  However,  the  density  of  dislocation  was  not 


decreased  by  the  substrate  surface  etching.  The  optimized  etching  condition  is  a  40-minute  H2 
etching  at  1450  "C  which  was  verified  by  the  resulting  GaN  film  surface  morphology,  and 
narrowing  of  FWHM  of  DCX.  The  improvement  of  GaN  films  in  surface  morphology  and 
crystal  quality  is  a  direct  result  of  the  improved  substrate  surfaces.  Therefore,  the  surface 
etching  of  6H-SiC  is  an  effective  way  to  improve  the  quality  of  GaN  epitaxial  films  until  the 
surface  defects  of  as-received  6H-SiC  substrates  are  reduced. 
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ABSTRACT 

Zinc  Oxide  crystals  have  historically  been  grown  in  hydrothermal  autoclaves  with  a  basic 
mineralizer;  however,  doubts  have  been  raised  about  the  quality  of  such  crystals  because  they 
have  often  exhibited  large  x-ray  rocking  curve  widths  and  low  photoluminescence  (PL)  yield 
with  large  linewidths.  Several  ZnO  crystals  were  grown  hydrothermally  and  sliced  parallel  to  the 
c-plane.  This  resulted  in  opposite  surfaces  (the  C"^  and  C)  exhibiting  pronounced  chemical  and 
mechanical  differences.  Different  surface  treatments  were  investigated  and  compared  by  PL  both 
at  room  temperature  and  liquid  helium  temperatures,  and  by  double  axis  X-ray  rocking  curve 
measurements.  The  high  quality  of  hydrothermally-grown  ZnO  is  substantiated  by  the  narrow 
rocking  curve  widths  and  sharp  PL  peaks  obtained.  A  critical  factor  in  obtaining  these  results 
was  found  to  be  surface  preparation. 

INTRODUCTION 

Zinc  oxide  is  a  wide  band-gap  semiconductor  (3.37eV)  ^  with  potential  for  applications  as 
emitter  devices  in  the  blue  to  ultraviolet  region  and  as  a  substrate  material  for  GaN  based 
devices.  Because  of  its  high  vapor  pressure,  growth  of  ZnO  from  the  melt  is  difficult,  and  growth 
by  vapor  deposition  is  difficult  to  control.  Hydrothermally  grown  ZnO  has  been  used  previously^ 
for  surface  acoustic  wave  devices,  which  do  not  need  the  high  quality  surface  that  optical  or 
semiconductor  device  applications  require.  Therefore,  we  have  performed  an  initial  study  of 
surface  preparation  and  subsequent  characterization  on  hydrothermally  grown  ZnO  in  order  to 
produce  surfaces  suitable  for  epitaxy. 

EXPERIMENTAL 

Hydrothermal  autoclaves  made  of  high  strength  steel  were  used  for  crystal  growth.  Because 
of  the  high  normality  of  the  mineralizing  solution,  a  sealed  platinum  liner  (see  reference  2  for  an 
example)  was  used  to  isolate  the  crystal  growth  environment  from  the  walls  of  the  autoclave.^ 
The  mineralizer  solution  was  a  mixture  of  Li2C03 , 4  N  KOH,  and  4  N  NaOH,  with  the  fill 
quantity  at  80%.  The  nutrient  was  prepared  from  99.99%  ZnO  (Alfa  Aesar)  powder  having 
particle  size  <  3|im,  which  was  sintered  for  4  hrs  in  air  at  1350°C  in  a  platinum  crucible.  The 
seeds  were  (0001)  plates  of  ZnO  from  previous  hydrothermal  growth  runs.  During  growth,  the 
nutrient  zone  was  at  355°C  with  a  temperature  gradient  of  10°C  declining  towards  the  seed  zone. 
Growth  rates  in  the  [0001]  directions  on  the  basal  seed  plates  averaged  10  mils  per  day  for  the  30 
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day  runs,  but  growth  was  anisotropic:  the  ratio  of  growth  rates  between  the  fast  (C^)  and  slow 
(C‘)  growth  directions  was  3  to  1 . 

Wafers  were  sliced  and  the  C^and  C  planes  were  identified  by  etching  in  nitric  acid, 
following  the  method  developed  by  Mariano  and  Hanneman.  Surface  properties  were  analyzed 
by  :  double  axis  x-ray  rocking  curve  with  a  high  resolution  four  circle  x-ray  diffractometer;  room 
temperature  PL  with  a  0.25m  grating  monochrometer,  ccd  detector,  and  a  275nm,  5ns  pulsed 
variable  wavelength  laser  source;  PL  at  4  K  with  a  1 .26m  grating  spectrometer  and  at  2. 1  K  with 
a  high  resolution  4.0m  grating  spectrometer,  both  equipped  with  an  RCA  C31034A 
photomultiplier  and  employing  a  HeCd  laser. 

For  this  study,  two  different  surface  conditions  or  surface  treatments  were  studied:  a 
mechanical  polish  provided  by  a  commercial  service,  and  a  chemomechanical  polish  performed 
by  Eagle-Picher  Corporation.  We  also  compared  our  hydrothermal  ZnO  (grown  at 
AFRL/Hanscom)  to  vapor-phase  grown  ZnO  provided  by  Eagle-Picher.  For  this  comparison, 
low  temperature  PL  was  used  to  evaluate  the  presence  or  absence  of  excitonic  peaks. 

RESULTS  AND  DISCUSSION 

The  crystal  growth  characteristics  of  hydrothermal  ZnO  are  dictated  by  anisotropy  between 
the  two  opposite  surfaces  of  the  basal  plane.  The  opposite  sides  of  a  basal  plane  wafer  have 
different  atomic  arrangements  at  their  surfaces  due  to  this  anisotropy.  That  is,  the  C^  side 
comprises  a  Zn-rich  layer,  and  the  C'  side  comprises  an  0-rich  layer.  The  resulting  electronic 
charge  distribution  is  illustrated  in  Fig.  1 ,  adapted  from  the  work  of  Mariano  and  Hanneman.  ‘ 
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Figure  1.  Electronic  Charge  Distribution  of  Zinc  Oxide. 

Typically,  seeds  were  slices  cut  parallel  to  the  basal  plane  to  maximize  the  yield  of  (0001 ) 
wafers.  The  growth  habit  of  hydrothermal  ZnO  crystals  grown  on  basal  plane  seeds  is  shown  in 
Fig.  2."*  For  cry.stal  growth  in  the  [0001]  direction  or  C^  sector,  the  growth  rate  was  faster  and 
the  cry.stal  color  is  clear  to  light  yellow-green.  For  the  [0001  ]  direction  or  C  sector,  the  growth 
rate  was  about  1/3  as  fast  and  the  color  is  typically  dark  green.  Slices  were  cut  as  shown  from 
the  light  green  and  dark  green  sectors  to  distinguish  between  their  chemical  and  electronic 
properties.  Because  of  the  different  growth  rates,  we  speculate  that  the  different  colors  are  due  to 
a  difference  in  impurity  incorporation  between  the  two  sectors. 
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Figure  2.  Growth  habit  of  hydrothermal  Zinc  Oxide. 

Trace  analysis  by  glow  discharge  mass  spectrometry  (GDMS)  revealed  a  slight  difference 
in  impurity  concentration  between  the  two  sectors.  The  dark  sector  contains  3-5  ppm  of  iron, 
about  twice  as  much  as  the  light  sector.  This  result  is  similar  to  other  reports  on  ZnO.  The  light 
sector  contains  5-6  ppm  each  of  aluminum  and  silicon,  twice  as  much  as  the  dark  sector. 

Analysis  of  the  free  electron  concentration  by  temperature  dependent  Hall  effect  revealed  further 
differences.  The  dark  green  sector  had  a  low  resistivity,  with  a  free  carrier  concentration  of 
3x10'^  cm'^  at  room  temperature.  The  light  green  sector  showed  high  resistivity,  with  room 
temperature  electron  concentration  of  2x10*^  cm‘^  and  mobility  of  ~  175  cmW-sec.  From  a  fit 
of  n  vs.l/T,  it  was  determined  that  the  dominant  donor  in  this  sector  is  0.34  eV  below  the 
conduction  band,  and  that  donor  and  acceptor  concentrations  were  about  7xl0'^  and  1x10^^  cm'^, 
respectively.  Thus,  the  purity  in  this  sector  is  quite  high. 

One  possible  explanation  accounting  for  the  chemical  and  electrical  data  could  entail 
growth-rate  dependent  incorporation  of  impurities  or  native  defects.  Differential  segregation  of 
impurities  may  contribute  to  the  chemical  and  electronic  differences  between  the  two  sectors,  but 
there  is  no  evidence  that  dopants  like  silicon  or  aluminum  could  be  responsible  for  the  deep  level 
defect.  Nor  is  there  any  evidence  that  iron  could  account  for  the  shallow  donor  in  the  dark 
sector.  Another  possible  explanation  is  that  stoichiometric  defects,  complexed  with  impurities, 
act  as  compensation  centers  in  the  light  sector,  reducing  the  free-carrier  optical  absorption. 

Each  slice  cut  parallel  to  the  C-plane  has  both  a  Zn-side  and  an  0-side.  Both  sides  of  the 
wafers  were  polished  in  the  same  manner  to  determine  the  mechanical  and  optical  properties  of 
the  two  surfaces.  The  two  surfaces  have  different  chemical  reactivities  and  mechanical 
properties  as  a  result  of  surface  anisotropy,  so  that  given  the  same  surface  treatment,  each  side 
shows  different  results.  This  is  illustrated  in  Table  I  which  shows  the  rocking  curve  half-widths 
and  PL  intensities  for  two  different  polishing  methods.  The  x-ray  rocking  curve  measures  strain 
in  the  sub-surface  region,  where  Cu  Ka  radiation  at  1.54  A  has  a  penetration  depth  of  about  2 
microns.  A  dramatic  reduction  by  a  factor  of  two  is  seen  in  the  rocking  curve  width  after  the 
combined  chemical-mechanical  polish.  A  similar  result  is  seen  in  the  PL  intensity  at  room 
temperature.  At  the  excitation  wavelength  of  275  nm  the  absorption  coefficient  of  ZnO  is  very 
high,  and  therefore  the  probe  depth  is  on  the  order  of  a  few  nanometers.  Thus  PL  is  a  very  good 
indicator  of  surface  quality.  A  comparison  of  PL  intensities  indicates  the  surface  is  much  less 
damaged  by  chemical  polishing  than  by  mechanical  polishing. 


Table  I.  Effect  of  different  surface  treatments  on  hydrothermal  ZnO 


Surface  Preparation 
Description 

Mechanical  polish 

_ 

Eagle  Richer  polish 

Crystal  faces 

c 

C 

X-ray  rocking  curve 

FWHM  (arc-sec) 

43 

37 

0.04 

1.1 

1.5 

Photoluminescence  measurements  at  room  temperature  are  useful  for  comparing  the  quality 
of  ZnO  samples.  Because  of  the  large  exciton  binding  energy  of  60  meV,  exitonic  emission  will 
survive  well  above  room  temperature.'  Thus,  the  measurement  is  an  indicator  for  possible 
stimulated  emission  and  lasing  from  ZnO  at  room  temperature.  Under  pulsed  excitation  at  275 
nm,  the  emission  peak  position  is  clo.se  to  the  expected  energy  of  the  free  exciton.  The  bandgap 
of  ZnO  at  room  temperature  is  3.37  eV, '  and  the  observed  PL  emission  peak  is  at  3.28eV.  A 
comparison  of  the  PL  emission  spectra  for  the  same  ZnO  wafer  after  the  two  different  surface 
treatments  is  shown  in  Figure  3. 


Figure  3.  Room  Temperature  PL  comparing  different  polishes. 

Low  temperature  PL  measurements  give  additional  information  on  the  fine  structure  of  the 
emission.  Photoluminescence  (at  2. 1  K)  is  clearly  observed  in  the  intrinsic  spectral  region  from 
hydrothermally  grown  ZnO  samples.  Emission  from  both  the  ground  state  and  excited  states  of 
the  free  exciton  is  shown  in  Fig.  4.  The  ground  state  emission  is  shown  in  both  the  absence 
(solid  line)  and  presence  (dashed  line)  of  an  applied  magnetic  field.  The  ground  state  consists  of 
a  Fs  allowed  exciton  (3.3758eV),  and  a  fs  forbidden  exciton  (3.3740eV)  which  is  allowed  in  the 
presence  of  an  applied  magnetic  field.  Observation  of  both  the  f^  and  f^  excitons  is 
characteristic  of  good  quality  material. 
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Figure  4.  PL  Emission  of  hydrothermal  zinc  oxide  sample. 

The  observation  of  excited  states  of  the  ground  state  excitons  is  even  more  indicative  of 
high  quality  material.  The  n=  2  states  of  the  Ts  and  Te  excitons  associated  with  a  valence  band 
are  not  resolved,  and  occur  at  3.42 14eV,  The  n=  3  states  of  these  excitons  are  resolved  and 
occur  at  3.4295eV  for  the  Fs  exciton  and  at  3.4280eV  for  the  Te  exciton.  The  selection  rules  are 
relaxed  for  the  excited  state  transitions.  From  the  emission  spectra,  the  exciton  binding  energies 
can  be  obtained  assuming  the  excited  states  are  hydrogenic.  The  n=  2  state  of  the  exciton 
associated  with  the  B-valence  band  is  observed  at  3.43 18eV.  The  ground  state  B-exciton  (not 
shown)  oecurs  at  3.3885eV.  These  data  demonstrate  that  high  quality  ZnO  can  be  grown  by  the 
hydrothermal  technique. 

The  PL  spectra  in  Fig.  5  compare  hydrothermal  ZnO  grown  at  AFRL  Hanscom 
with  vapor-phase  grown  ZnO  provided  by  Eagle-Picher. 


Figure  5.  Photoluminescence  (at  4.2  K)  comparing 
hydrothermal  ZnO  and  vapor-phase  grown  ZnO. 
Photoluminescence  of  both  Hanscom's  hydrothermal  and  Eagle-Picher's  (E-P) 
vapor-transport  grown  ZnO  crystals  (at  4.2  K)  is  most  intense  in  the  near-band-edge 
energy  region,  as  shown  in  Figure  5.  Spectra  have  been  slightly  shifted  in  energy  to 


facilitate  direct  comparisons.  This  figure  is  for  the  PL  from  oxygen  face.  All  the  sharp 
transitions  are  emissions  from  the  decay  of  an  exciton  bound  to  a  complex  of  a  neutral 
donor  and  some  unknown  impurity  or  defect  (X,  D°  complex).  A  comparison  of  the 
FWHM  and  intensity  for  the  two  samples  with  the  same  surface  preparation  (E-P 
polish)  but  different  growth  methods  shows  nearly  identical  material  quality  .  A 
comparison  of  PL  spectra  for  the  same  Hanscom  crystal  before  and  after  E-P  polish 
demonstrates  the  importance  of  surface  preparation.  PL  from  this  sample  after  E-P 
polish  (square  markers)  is  sharper  and  eight  times  stronger  than  before  E-P  polish 
(triangle  markers).  The  energy  positions  of  lines  this  sharp  are  subject  to  strain  and 
other  point-to-point  variations. 

The  high  quality  of  both  Hanscom’s  hydrothermal  and  E-P’s  vapor-transport  ZnO  crystals 
is  again  indicated  by  the  sharp  PL  (not  shown)  from  the  zinc  face  of  the  two  samples  (at  4.2  K) 
which  have  received  E-P’s  polish.  For  the  zinc  face,  the  comparison  of  PL  spectra  from  the 
same  Hanscom  sample  before  and  after  E-P  polish  is  even  more  striking  than  from  the  oxygen 
face:  PL  from  the  hydrothermal  sample  before  the  E-P  polish  was  much  broader  and  three  orders 
of  magnitude  less  intense. 

CONCLUSIONS: 

High  quality,  bulk  ZnO  was  grown  hydrothermal !y.  The  high  quality  of  the  crystals  in  this 
study  was  demostrated  by  narrow  x-ray  rocking  curves  and  sharp  PL  peaks.  The  crystal  color  is 
non-uniform  because  of  its  anisotropic  crystal  growth  habit  in  which  the  growth  rate  of  each 
sector  depends  on  orientation.  Slices  cut  from  the  lighter  region  are  semi-insulating,  whereas 
those  from  the  dark  sector  are  n-type  conducting.  Anisotropy  is  also  seen  in  surface  quality  of 
polished  slices.  For  slices  cut  and  polished  on  both  sides  of  the  basal  plane,  the  oxygen  face 
yields  sharper  and  more  intense  room  temperature  PL  peaks,  and  a  narrower  x-ray  rocking  curve. 
Improved  polishing  methods  result  in  significantly  improved  surface  quality  as  measured  by  the 
PL  and  rocking  curve  widths.  When  properly  polished,  hydrothermal  ZnO  exhibits  optical 
properties  similar  to  vapor  phase  grown  ZnO.  Therefore,  proper  surface  preparation  is  necessary 
to  evaluate  the  quality  of  ZnO  substrates.  For  epitaxy,  e.g.  of  GaN,  special  care  is  required  to 
insure  that  ZnO  surfaces  are  of  high  quality. 

ACKNOWLEDGEMENTS 

This  work  was  funded  in  part  by  Air  Force  Office  of  Scientific  Research. 

REFERENCES 

(1)  D.  M.  Bagnall,  Y.  F.  Chen,  Z.  Zhu,  T.  Yao,  M.  Y.  Shen,  and  T.  Goto,  Appl.  Phys. 
Lett.  73  (1998)  1038. 

(2)  R.  R.  Monchamp,  “Growth  of  Zinc  Oxide  Crystals  -  Interim  Engineering  Progress 
Report,”  Airtron  Division  of  Litton  Industries,  Morris  Plains,  New  Jersey,  ASD 
project  Nr.-7-988,  Contract  No.  AF33(657)-8795,  November,  1964. 

(3)  A.  N.  Mariano  and  R.  E.  Hanneman,  J.  Appl.  Phys.  34  (1963)  384. 

(4)  D.  F.  Croxall  and  R.  Ward,  J.  Cryst.  Growth,  22  (1974)  1 17. 


DISORDERING  OF  InGaN/GaN  SUPERLATTICES  AFTER  HIGH-PRESSURE 

ANNEALING 


M.D.  McCluskey*,  L.T.  Romano**,  B.S.  Krusor**,  D.  Hofstetter**,  D.P.  Hour**,  M.  Kneissl**, 
N.M.  Johnson**,  T.  Suski***,  J.  Jun*** 


*Department  of  Physics,  Washington  State  University,  Pullman,  WA  99164-2814 
**Xerox  PARC,  3333  Coyote  Hill  Rd.,  Palo  Alto,  CA  94304 
***  Unipress,  Ul.  Sokolowska  29,  01-142  Warsaw,  Poland 


Cite  this  article  as:  MRS  Internet  J.  Nitride  Semicond.  Res.  4S1,  G3.42  (1999) 


ABSTRACT 

Interdiffusion  of  In  and  Ga  is  observed  in  InGaN  multiple-quantum-well  superlattices  for 
annealing  temperatures  of  1250  to  1400°C.  Hydrostatic  pressures  of  up  to  15  kbar  were  applied 
during  the  annealing  treatments  to  prevent  decomposition  of  the  InGaN  and  GaN.  In  as-grown 
material,  x-ray  difftaction  spectra  show  InGaN  superlattice  peaks  up  to  the  fourth  order.  After 
annealing  at  1400°C  for  15  min,  only  the  zero-order  InGaN  peak  is  observed,  a  result  of 
compositional  disordering  of  the  superlattice.  Composition  profiles  from  secondary  ion  mass 
spectrometry  indicate  significant  diffusion  of  Mg  from  the  p-type  GaN  layer  into  the  quantum  well 
region.  This  Mg  diffusion  may  lead  to  an  enhancement  of  superlattice  disordering.  For  annealing 
temperatures  between  1250  and  1300°C,  a  blue  shift  of  the  InGaN  spontaneous  emission  peak  is 
observed,  consistent  with  interdiffusion  of  In  and  Ga  in  the  quantum- well  region. 


INTRODUCTION 

The  development  of  blue  light-emitting  diodes  (LEDs)  [1]  and  laser  diodes  (LDs)  [2]  has 
focused  a  great  deal  of  research  activity  on  GaN-based  III-V  nitrides.  The  band  gaps  of  ImGai.;cN 
alloys  cover  a  wide  spectral  range,  from  red  (InN)  to  UV  (GaN),  making  this  alloy  system  ideal 
for  optoelectronic  applications  [3].  The  diffusion  charaeteristics  of  host  and  impurity  atoms  in 
In;(Gai.;rN  alloys  are  of  considerable  interest  [4].  In  this  paper,  results  from  structural  and  optical 
studies  of  In-Ga  interdiffusion  in  InGaN/GaN  multiple  quantum  wells  (MQWs)  are  presented. 

While  compositional  disordering  of  superlattices  within  the  InAlGaAs  materials  system  has 
been  extensively  studied  [5,6],  superlattice  disordering  in  Ill-nitrides  has  only  recently  been 
observed  [4].  The  interdiffusion  of  In  and  Ga  in  ImGai.jcN  alloys  is  complicated  by  the 
immiscibUity  of  InN  and  GaN  [7],  which  can  result  in  phase  separation  in  thick  InGaN  layers  [8] 
and  MQW  structures  [9].  In  this  study,  we  have  investigated  the  diffusion  of  In  and  Ga  in 
annealed  Ino.i8Gao.82N/GaN  MQW  structures.  We  observe  quantum- well  superlattice  disordering, 
with  no  phase  separation,  for  annealing  temperatures  from  1250  to  1400T. 
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EXPERIMENTAL  DETAILS 


The  MQW  structures  were  grown  by  metalorganic  chemical  vapor  deposition  (MOCVD). 
The  structures  consist  of  a  1  pm  GaN:Mg  layer,  a  20  period  superlatticc  of  16  A  In().i8Ga().82N 
well  /  64  A  GaN  barrier,  and  a  4  pm  GaN:Si  layer  on  a  sapphire  substrate.  The  thickness  of  the 
well  plus  barrier  was  determined  by  the  spacing  between  satellite  peaks  in  the  x-ray  diffraction 
(XRD)  spectrum.  A  barrier-to-well  thickness  ratio  of  approximately  4:1  was  measured  with 
transmission  electron  microscopy  (TEM).  The  In  concentration  in  the  InGaN  quantum  wells  was 
determined  by  Rutherford  backscattering  spectrometry  (RBS),  by  assuming  the  absence  of  In 
within  the  GaN  barriers.  Since  the  In  concentration  in  the  barriers  is  nonzero,  however,  the 
estimated  In  concentration  of  x  =  0.1 8  should  be  regarded  as  an  upper  bound. 

The  samples  were  annealed  at  temperatures  ranging  from  1200  to  1400"C  in  a  high- 
pressure  furnace  [10].  Pressures  of  up  to  15  kbar  were  applied,  with  purified  N:  as  a  pressure- 
transmitting  medium,  in  order  to  prevent  decomposition  of  the  GaN  and  InGaN.  Pieces  of  Mg 
were  placed  in  the  high-pressure  furnace  near  the  sample  to  provide  a  Mg  overpressure  during 
annealing.  To  ensure  the  quasi-equilibrium  conditions  for  the  high-pressure  annealing,  GaN 
powder  was  placed  in  the  crucible.  The  temperature  was  increased  from  room  temperature,  at  a 
rate  of  1800"C/h,  until  it  reached  a  point  ~100"C  below  the  annealing  temperature.  At  that  point, 
the  rate  was  reduced  to  1000"C/h  until  the  annealing  temperature  was  reached.  After  annealing 
for  15  min,  the  temperature  was  decreased  at  a  rate  of  SGOO^C/h. 

To  enable  optical  pumping  studies,  the  top  GaN: Mg  layer  was  etched  to  a  thickness  of 
150  nm  by  chemically- assisted  ion  beam  etching  (CAIBE)  after  the  high-pressure  anneal.  Optical 
pumping  was  performed  with  a  pulsed  337-nm  N2  laser  with  a  peak  power  of  250  kW.  The  laser 
light  was  focused  to  a  100  |im  wide  by  4-mm  long  stripe.  The  pump  beam  was  attenuated  by 
inserting  a  variable  number  of  1-mm  thick  glass  slides  between  the  lenses  and  the  sample.  The 
output  of  the  InGaN/GaN  MQW  sample  was  collected  by  a  30  x  microscope  objective,  focused 
onto  a  quartz  fiber,  and  fed  into  an  Oriel  spectrometer  with  a  resolution  of  1  nm  and  a  grating 
with  1200  lines/mm.  The  light  was  detected  by  a  photodetector  array  with  1024  elements  at  the 
output  slit.  Intensity  versus  wavelength  data  was  acquired  by  collecting  light  for  up  to  300  s  in 
order  to  maximize  the  signal-to-noise  ratio. 

RESULTS 

X-rav  diffraction 

The  XRD  spectra  for  the  as-grown  and  annealed  material  are  shown  in  Fig.  1 .  In  the  as- 
grown  spectrum,  InGaN  (0006)  satellite  diffraction  peaks  were  observed  up  to  the  4‘^  order.  The 
satellite  peaks  arise  from  the  periodicity  of  the  quantum-well  superlattice.  The  XRD  spectrum  for 
material  that  was  annealed  at  1200"C  for  15  min  (not  shown)  is  identical  to  the  as-grown 
spectrum.  After  annealing  at  a  temperature  of  1250‘’C  for  15  min,  the  intensities  of  the  V\  2"^*, 
and  3'^  order  peaks  were  reduced,  and  the  4‘^  order  peak  was  not  detected.  The  reduction  in 
satellite  peak  intensity  is  consistent  with  interdifftision  of  In  and  Ga  in  the  MQW  region,  resulting 
in  a  broadening  of  the  quantum  well  profiles.  Previous  results  from  XRD  and  transmission 
electron  microscopy  indicated  that  after  annealing  at  1400"C  for  15  min,  the  quantum  well  region 
was  replaced  by  a  relatively  uniform  InGaN  layer  [4]. 
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Figure  1.  X-ray  diffraction  spectra  for  (0006)  reflections  of  InGaN/GaN  MQWs:  (a)  as-grown,  and 
annealed  for  15  min  at  (b)  1225°C,  (c)  1250°C,  (d)  1275°C,  and  (e)  1300°C. 


Secondary  Ion  Mass  Spectrometry 

The  In  and  Mg  concentrations  were  measured  as  a  function  of  depth  with  secondary  ion 
mass  spectrometry  (SIMS).  The  depth  resolution  was  limited  to  -500  A,  due  to  surface 
roughness,  so  that  the  individual  quantum  weUs  were  not  resolved.  Before  annealing,  the  Mg 
concentration  is  constant  to  a  depth  of  1  pm,  after  which  point  it  sharply  decreases  to  a  level 
below  the  detection  limit  (~10’^  cm'^).  Compared  to  Mg,  however.  In  does  not  show  significant 
diffusion  under  these  annealing  conditions  [4]. 

The  In-Ga  interdiffusion  in  the  MQW  region  is  correlated  with  the  diffusion  of  Mg.  It  is 
possible  that  the  diffusion  of  Mg  enhances  the  interdiffusion  of  In  and  Ga  in  InGaN/GaN  MQWs. 
Impurity  induced  disordering  was  first  observed  in  Zn-diffiised  AlAs/GaAs  superlattices  [11].  In 
the  case  of  In;cGai-;cAs/GaAs  MQW’s  with  x  =  0.15,  significant  interdiffusion  has  been  observed  at 
temperatures  less  than  700°C  [12].  The  fact  that  no  interdiffusion  is  observed  in  In;cGai.;cN/GaN 
MQW’s  for  temperatures  below  1300°C  is  a  result  of  the  comparatively  low  rates  of  diffusion  in 
the  III-V  nitrides.  Although  our  results  are  suggestive  of  impurity  induced  disordering,  further 
studies  will  be  required  to  determine  the  effect  of  impurities  on  the  interdiffusion  of  In  and  Ga  in 
InGaN. 


Figure  2.  SIMS  profiles  of  Mg  in  InGaN  MQWs.  for  as-grown  and  annealed  material. 
Spontaneous  Emission 

Spontaneous  emission  peaks  for  as-grown  and  annealed  samples  are  shown  in  Fig.  3.  The 
decrease  in  peak  wavelength  is  consistent  with  In-Ga  interdiffusion,  which  increases  the  band  gap 
of  the  InGaN  quantum  wells  [13].  The  peak  intensities  of  the  annealed  samples  were  reduced  by 
a  factor  of  ~50  with  re.spect  to  the  as-grown  samples.  To  obtain  comparable  signals,  larger  pump 
intensities  were  used  for  the  annealed  material  than  for  the  as-grown  material.  While  the  as- 
grown  material  exhibited  lasing  for  sufficiently  high  pump  intensities,  lasing  was  not  observed  for 
the  annealed  samples.  The  shift  of  the  spontaneous  emission  peak  is  plotted  in  Fig.  4  for  several 
annealing  temperatures. 


Figure  3.  Emission  spectra  of  InGaN  MQWs  before  and  after  annealing. 


Figure  4.  Spontaneous  emission  peak  wavelengths  for  as-grown  and  annealed  InGaN  MQWs. 


CONCLUSIONS 

In  conclusion,  compositional  disordering  has  been  observed  in  In;iGai-jN/GaN  MQW’s 
with  jc  =  0.18.  This  disordering  results  in  a  blue  shift  of  the  spontaneous  emission  peak.  Similar 
to  the  case  of  Zn-diffusion  in  AlGaAs,  it  is  conceivable  that  Mg-diffusion  enhances  In-Ga 
interdiffusion  in  InGaN. 
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ABSTRACT 

Arsenic-doped  GaN  films  and  GaNAs  films  have  been  synthesized  by  MOCVD.  Samples  were  grown  on  sapphire, 
GaN-coated  sapphire,  and  GaAs  substrates.  Composition,  structure,  and  phase  distribution  were  characterized  by 
EPMA,  SIMS,  XRD,  and  TEM.  The  arsenic  content  increases  demonstrably  as  the  growth  temperature  descreases 
from  1030  to  700  °C.  In  the  high  temperature  limit,  high  quality  arsenic-doped  GaN  forms  on  GaN-coated  sapphire. 
In  the  low  temperature  regime,  nitrogen-rich  GaNAs  forms  under  some  growth  conditions,  with  a  maximum  arsenic 
mole  fraction  of  3%,  and  phase  segregation  in  the  form  of  GaAs  precipitates  occurs  with  an  increase  in  arsine 
pressure.  Preferential  formation  of  the  nitrogen-rich  phase  on  G^-coated  sapphire  suggests  the  presence  of 
substrate-induced  "composition  pulling". 

I.  INTRODUCTION 

Group  III  nitride  semiconductor  alloys  with  mixing  on  the  anion  sublattice  are  of  considerable  interest  because  of 
their  potential  application  to  a  wide  range  of  optoelectronic  devices.  The  large  difference  in  bond  lengths  between 
group  III  nitrides  and  arsenides  results  in  an  enormous  miscibility  gap  in  the  pseudo-binary  phase  diagram,  making 
it  difficult  to  synthesize  alloys  in  the  intermediate  composition  range.  While  arsenic-rich  alloys  have  been  studied 
by  a  number  of  research  groups,  there  are  only  a  few  reports  on  the  synthesis  of  nitrogen-rich  compounds.  In  the 

present  work,  nitrogen-rich  GaNAs  alloys  and  arsenic-doped  GaN  have  been  synthesized  by  metalorganic  chemical 
vapor  deposition  (MOCVD).  Emphasis  was  placed  on  determining  the  influence  of  growth  parameters,  and  the 
choice  of  substrate  material,  on  the  composition,  phase  distribution,  and  structural  properties  of  these  materials. 

II.  EXPERIMENTAL  PROCEDURE 

All  of  the  samples  described  herein  were  grown  in  a  conventional,  horizontal-flow  MOCVD  reactor  held  at  a 
pressure  of  100  torr.  Palladium-purified  hydrogen  was  used  as  the  carrier  gas  with  a  total  flow  rate  of  8  slm. 
Trimethylgallium,  ammonia,  and  arsine  precursors  were  employed  during  growth,  with  the  ammonia  and 
trimethylgallium  flows  kept  constant  at  4  slm  and  50  pmol/min,  for  all  samples,  while  the  arsine  flow  was  varied 
between  4  and  400  seem.  Growths  were  performed  on  bare  sapphire  and  GaAs  substrates,  as  well  as  on  GaN 
pseudo-substrates,^  for  the  purpose  of  studying  the  relationship  between  gas  phase  chemistry  and  arsenic 
incorporation  in  the  solid.  In  addition,  a  two-step  growth  method  was  employed  in  some  cases  to  optimize 
electronic  properties.^  Film  composition  was  determined  using  quantitative  electron  probe  microanalysis  (EPMA), 
by  measuring  the  nitrogen  Ka  line  and  gallium  and  arsenic  La  line  intensities,  with  the  electron  beam  energy 
ranging  from  6  to  1 3  keV.  Substrate  and  surface  contamination  effects  were  eliminated  as  sources  of  error  by 
performing  variable-energy  measurements.  The  arsenic  mole  fraction  (x)  and  III-V  stoichiometry  ratio  (s)  were 
derived  as  follows 


_ [As  atomic  %] _ 

[As  atomic  %]  +  [N  atomic  %] 


_ [Ga  atomic  %] _ 

[As  atomic  %]  +  [N  atomic  %] 
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Secondary  ion  mass  spectroscopy  (SIMS)  analysis  was  also  performed  for  quantification  purposes,  with  the  CsM'^ 
molecular  ion  technique  used  for  GaNAs  alloys,^  and  an  arsenic  implant  standard  employed  to  calibrate  arsenic 
doping.  Transmission  electron  microscopy  (TEM)  and  x-ray  diffraction  (XRD)  measurements  were  performed  to 
evaluate  the  structural  properties  of  these  materials. 

III.  RESULTS 

A.  Effects  of  Growth  Temperature  on  Arsenic  Incorporation 

The  general  trend  observed  in  all  experiments  is  that  an  increase  in  growth  temperature  leads  to  a  decrease  in  arsenic 
incorporation.  Table  I  summarizes  our  observations  for  samples  grown  with  an  arsine  flow  of  4  seem.  The.se  films 
were  deposited  on  GaN  pseudo-substrates,  exeept  for  the  1030  °C  sample  whieh  was  grown  using  the  two-step 
method.  At  950  and  1030  °C  the  arsenic  content  is  below  the  EPMA  detection  level  .so  SIMS  analysis  was  used  for 
quantification. 


Table  I.  Arsenic  incorporation  dependence  on  growth  temperature. 


Temperature  (”C) 

Composition  (%) 

Measurement 

Stoichiometry  (s) 

700 

3.2  ±  0.3 

EPMA 

0.98  ±  0.02 

800 

0.19  ±0.02 

EPMA 

0.96  ±  0.02 

900 

0.10  ±0.04 

EPMA 

0.98  ±  0.02 

950 

0.02 

SIMS 

0.99  ±0.01 

1030 

2x  10'6cm'3 

SIMS 

0.97  ±  0.02 

B.  Effects  of  Substrate  Material  on  Phase  Separation 

The  phase  distribution  of  GaNAs  films  grown  at  700  °C  exhibits  a  strong  dependence  on  the  choice  of  substrate. 
Phase  segregation  was  observed  in  some  samples,  Table  II,  with  multi-faceted  GaAs  particles  (average  size  =  10-30 
pm)  precipitating  on  top  of  specular  GaNAs  films.  For  cases  were  more  than  one  phase  is  present,  EPMA 
measurements  were  conducted  on  all  visually  distinct  features.  The  influence  of  substrate  in  the  present  work  is 
consistent  with  the  well-documented  composition  pulling  phenomenon^  (e.  g.,  the  trend  for  samples  grown  with  4 
seem  of  arsine). 

C.  High  Temperature  Growth  of  Arsenic-Doped  Gallium  Nitride 

Previously  we  demonstrated  that  arsenic  doping  significantly  improves  the  electronic  properties  of  GaN  epitaxial 
layers.^  The  present  work  confinns  our  original  findings,  and  provides  additional  data  on  the  chemical  and 
structural  properties  of  the.se  materials.  At  a  growth  temperature  of  1030  °C,  the  arsenic  doping  level  increases  from 
2  X  10^^  to  2  X  10*^  cm‘^  in 

Table  II.  Pha.se  distribution  dependence  on  substrate  and  arsine  flow. 


AsH3  flow  — > 

SubstrateJ^  4  seem  40  seem  400  seem 


GaN 

GaNAs 

GaNAs  -1-  GaAs 

GaAs 

AI2O3 

GaNAs  +  GaAs 

GaAs 

GaAs 

GaAs 


GaAs 


GaAs 


NA 


response  to  a  change  in  arsine  pressure  from  0.03  to  3.23  torr.  In  addition,  no  appreciable  difference  in  arsenic 
concentration  is  found  for  samples  deposited  on  GaN  pseudo-substrates  as  compared  to  those  prepared  using  the 
two-step  growth  method.  Figure  1  shows  that  the  residual  impurity  content  does  not  change  significantly  as  arsine  is 
added  to  the  growth  chemistry.  In  particular,  the  oxygen  concentration  does  not  increase  with  arsenic  incorporation 
-  which  supports  the  claim  that  the  arsine  cylinder  was  the  source  of  oxygen  contamination  in  our  original 
experiment. 

High-resolution  x-ray  diffraction  measurements  were  performed  to  determine  the  influence  of  arsine  on 
macroscopic  film  structure.  In  particular,  diffraction  space  maps  were  obtained  for  the  symmetric  (004)  and 
asymmetric  (101)  reflections  -  the  omega  scan  component  of  these  maps  provides  a  measure  of  epitaxial  layer  tilt 
and  column  twist.  Table  III  gives  the  full-width  at  half-maximum  values  derived  from  these  measurements  for  both 
a  conventional  high-quality  GaN  layer  and  an  arsenic-doped  film  with  [As]  =  2  x  10^^  cm'^.  Lateral  coherence 
length  measurements  were  also  made  using  the  (104)  reflection  to  estimate  the  average  grain  size. 


Depth  (pm) 


Figure  1.  SIMS  depth  profile  for  1  pm  GaN: As  film  grown  on  GaN  pseudo-substrate.  Arsine  pressure  during  the 
growth  of  the  doped  layer  =  0.33  torr. 

Table  III.  Summary  of  XRD  measurements  on  high-temperature  films. 


Physical  Property 

Undoped  GaN 

Arsenic-doped  GaN 

Layer  Tilt  (degrees) 

0.101 

0.101 

Column  Twist  (degrees) 

0.129 

0.273 

Coherence  Length  (A) 

7750  ±150 

8200  ±  200 

D.  Low'  Temperature  Growth 

of  Nitrogen-Rich  GaNAs 

Alloys 

A  series  of  samples  has  been  grown  on  GaN  pseudo-substrate  at  700°C,  with  the  arsine  flow  varying  from  0  to  400 
seem.  The  GaN  control  sample  has  a  rough  surface,  while  the  introduction  of  4  seem  arsine  yields  a  specular  film 
containing  approximately  3%  of  arsenic.  A  further  increase  in  arsine  flow  to  40  seem  leads  to  the  formation  of 
multi-faceted  GaAs  precipitates;  however,  EPMA  analysis  shows  that  the  composition  of  the  GaNAs  region 
saturates  at  3%. 
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Figure  2.  X-ray  powder  diffraction  scan  for  GaNAs  sample  grown  at  700°C. 
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Figure  3.  High  resolution  x-ray  rocking  curve  showing  (002)  GaN  and  GaNAs  peaks. 

Finally,  at  400  seem  of  arsine,  a  rough  but  continuous  GaAs  film  is  synthesized  with  the  nitrogen  content  reduced  to 
below  the  SIMS  detection  limit.  Figure  2  shows  an  x-ray  powder  diffraction  scan  for  a  sample  prepared  using  4 
seem  of  arsine.  The  strong  peak  at  34.6''  is  eaused  by  the  diffraetion  from  the  (002)  planes  of  the  GaN  pseudo¬ 
substrate. 

A  high  resolution  x-ray  roeking  curve  about  the  (002)  GaN  peak  is  shown  in  Figure  3.  The  second  peak  at 
smaller  diffraction  angle  (34.2°)  is  attributed  to  GaNAs  with  approximately  4%  arsenic  mole  fraction,  assuming  that 
the  GaNAs  layer  is  pseudomorphic  with  GaN.  If  instead  the  GaNAs  is  presumed  to  be  fully  relaxed  the  diffraction 
peak  separation  suggests  an  arsenic  content  of  almost  8%. 

TEM  measurements  were  also  performed  to  examine  the  micro.structure  of  these  GaNAs  films.  The  cross- 
sectional  image  shown  in  Figure  4  is  representative  of  films  grown  at  700°C  with  4  and  40  seem  of  arsine.  There  are 
two  particularly  important  features  to  notice.  First,  the  landscape  is  separated  into  vertical  columns  that  are  roughly 
250  A  wide.  These  same  features  arc  observed  in  a  control  sample  (without  arsenic)  that  consists  of  a  700°C  GaN 
layer  deposited  on  a  GaN  pseudo-substrate.  The  origin  of  these  columns  is  most  likely  the  three-dimensional  mode 
of  growth  by  which  GaN  islands  nucleate  on  the  substrate  surface.  As  the  growth  proceeds,  these  islands  grow  in 
size  and  eventually  coalesce  to  form  a  contiguous  film.  Such  columns  with  a  large  vertical-to-horizontal  aspect  ratio 
are  expected  to  form  if  the  vertical  growth  rate  is  much  greater  than  its  lateral  counterpart.  The  initial  areal  density 
of  nuclei  decreases  exponentially  with  an  increase  in  growth  temperature,  and,  as  a  consequence,  the  final  width  of 
the  column  just  before  coalescence  is  much  larger  in  samples  grown  at  higher  temperature.  This  viewpoint  is 
consistent  with  the  absence  of  column  boundaries  in  the  GaN  pseudo-substrate  region  of  Figure  4,  since  their 
average  width  is  expected  to  be  larger  than  the  length  scale  of  the  image.  Second,  there  are  many  distinct  changes  in 
contrast  along  the  length  of  each  column,  some  of  which  may  be  caused  by  phase  separation  into  nitrogen-  and 


arsenic-rich  regions,  and  others  which  are  indicative  of  the  presence  of  stacking  faults.  By  comparison,  the  700°C 
GaN  control  sample  exhibits  considerably  fewer  contrast  fringes  along  the  length  of  each  column. 
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^  GaN 

I - , 
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Figure  4.  Cross-sectional  TEM  image  ;  GaNAs  film  grown  at  700°C  on  GaN  pseudo-substrate. 


IV.  SUMMARY  &  CONCLUSIONS 

Arsenic-doped  GaN  and  nitrogen-rich  GaNAs  films  have  been  synthesized  using  a  conventional  MOCVD  reactor 
with  trimethylgallium,  ammonia,  and  arsine  precursors.  Direct  deposition  of  GaN  on  sapphire  at  1030°C  in  the 
presence  of  arsine  causes  a  significant  reduction  in  growth  rate.  The  growth  rate  of  undoped  GaN  is  2.4  pm/h, 
which  is  similar  to  that  if  GaN  deposited  via  the  two-step  method,  but  it  decreases  to  1.7  pm/h  at  an  arsine  pressure 
of  0.33  torr.  Complete  growth  inhibition  occurs  at  an  arsine  partial  pressure  of  3.23  torr.  This  observation  suggests 
that  arsenic  may  have  a  strong  surfactant  effect.  The  nitrogen  content  is  below  the  SIMS  detection  limit  for  films 
deposited  directly  on  GaAs  substrates,  which  suggests  the  presence  of  strong  composition  pulling.  All  arsenic- 
containing  films  deposited  on  GaN-coated  sapphire  at  4  seem  of  arsine  are  continuous  and  specular  -  with  the 
notable  exception  of  the  sample  grown  at  900°C,  which  is  very  rough  relative  to  those  grown  at  both  higher  and 
lower  temperatures.  This  may  be  indicative  of  a  change  in  the  mode  of  growth  or  crystal  structure  (zincblende  vs. 
wurtzite).  At  the  high-temperature  limit  (1030°C),  arsenic-doped  GaN  is  formed  with  significantly  better  structural 
and  electronic  properties  than  otherwise  identical  samples  without  arsenic.  At  the  low-temperature  limit  (700''C), 
non-homogeneous  films  are  formed  with  GaNAs  alloy  regions  containing  stacking  faults  surrounded  by  GaAs  (or 
perhaps  arsenic-rich  alloy  inclusions). 
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ABSTRACT 

Si  delta-doping  in  the  GaN  layer  has  been  successfully  demonstrated  by  low-pressure 
metalorganic  chemical  vapor  deposition  at  a  growth  temperature  of  1040  ”C.  Si  delta-doping 
concentration  increases  and  then  decreases  with  an  increase  in  delta-doping  time.  This  indicates 
that  delta-doping  concentration  is  limited  by  the  desorption  process  owing  to  much  higher  thermal 
decomposition  efficiency  of  sUane  at  high  growth  temperatures  of  GaN.  In  addition,  it  was 
observed  that  the  use  of  a  post-purge  step  in  the  ammonia  ambient  reduces  Si  delta-doping 
concentration.  From  capacitance- voltage  measurement,  a  sharp  carrier  concentration  profile  with  a 
full- width  at  half  maximum  of  4.1  nm  has  been  achieved  with  a  high  peak  concentration  of  9.8  x 
10  cm  . 


INTRODUCTION 

In  the  past  decade,  though  many  inherent  problems  originating  from  the  heteroepitaxial 
growth  in  wide-bandgap  III-V  nitride  materials  exist,  there  have  been  considerable  developments 
that  have  led  to  the  remarkable  demonstrations  of  high-brightness  blue  Ught  emitting  diodes  [1,2], 
laser  diodes  [3],  and  high-frequency  field-effect  transistors  (FETs)  [4,5].  In  particular,  high- 
frequency  FETs  using  GaN/AlGaN  heterostructures  have  been  realized  using  uniformly  Si  doped 
layers.  In  III-V  compound  semiconductors  such  as  GaAs,  FETs  with  characteristics  superior  to 
those  of  conventionally  doped  transistors  have  been  fabricated  using  the  delta-doping  technique 
[6],  which  can  achieve  very  narrow  doping  distribution  along  the  epitaxial  growth  direction  and 
up  to  now  has  been  studied  in  a  variety  of  materials  and  devices  [7-9].  It  was  recently 
demonstrated  that  the  inclusion  of  delta  doping  could  improve  laser  stability  in  the  face  of 
temperature  variations,  in  comparison  with  conventional  quantum  well  lasers  [10]. 

Even  though  the  growth  temperature  of  GaN  in  metalorganic  chemical  vapor  deposition 
(MOCVD)  is  much  higher  than  that  of  conventional  III-V  compound  semiconductors,  it  is 
considered  to  be  important  to  investigate  delta-doping  in  III-V  nitride  materials  for  high- 
performance  device  applications.  To  our  knowledge,  up  to  now  there  are  no  reports  about  the 
application  of  delta-doping  on  III-V  nitrides.  In  this  letter,  we  demonstrate  Si  delta  doping  in  GaN 
grown  by  low-pressure  MOCVD  and  investigate  the  effects  of  delta-doping  time  and  post-delta- 
doping  purge  step  on  carrier  concentration. 
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EXPERIMENTAL 

The  samples  used  in  this  study  were  grown  in  a  vertical  rotating  MOCVD  reactor 
operating  at  200  Torn  Trimethylgallium  (TMG),  ammonia  (NH3),  and  100  ppm  silane  (SiH4)  in 
hydrogen  were  used  as  Ga,  N,  and  Si  delta-dopant  precursors,  respectively.  Substrates  used  in 
this  experiment  were  c-plane  sapphires,  which  were  degreased  in  an  organic  solvent  and  then 
slightly  etched  in  a  hot  solution  of  3H2SO4:  H3PO4  for  10  min.  After  the  thermal  cleaning  in  H2 
environment  at  1070  “C  for  10  min,  a  20-nm-thick  GaN  buffer  layer  was  deposited  at  520  "C. 
Finally,  the  substrate  temperature  was  raised  to  1040‘’C  to  grow  the  GaN  overlayer.  The  V/III 
ratio  for  the  GaN  overlayer  was  1560.  Under  these  conditions,  background  doping  was  8x10 
cm'^  n-type.  The  growth  procedure  for  Si  delta-doped  GaN  was  as  follows.  First,  an  undoped 
GaN  layer  (1.7  jam)  was  grown,  after  which  TMG  supply  was  stopped  for  10  s  on  top  of  the  GaN 
layer,  while  at  that  time  ammonia  was  kept  flowing.  At  this  pre-delta-doping  purge  step,  the 
surface  became  N-rich.  This  was  followed  by  Si  deposition  for  several  tens  of  seconds  under  a 
Ga-free  condition.  The  SiH4  flow  rate  was  2~4  nmol/min.  Then,  we  deposited  an  undoped  GaN 
cap  layer  by  two  different  methods:  (1)  po.st-delta-doping  purge  step  for  10  s  with  flowing 
ammonia  followed  by  the  growth  of  a  cap  layer;  and  (2)  direct  growth  of  a  cap  layer  without  the 
post-delta-doping  purge  step.  After  the  structure  growth,  a  Schottky  barrier  was  fabricated  by 
thermal  evaporation  of  gold  through  a  shadow  mask  containing  620  pm  dots.  Aluminum  was 


Fig.  1.  Schematic  diagram  of  fabricated  devices  for  Si  delta-doped  GaN. 


deposited  over  a  large  area  on  the  perimeter  of  the  crystal  face  to  serve  as  an  ohmic  contact  as 
shown  in  Fig.  1.  The  carrier  concentration  was  obtained  by  capacitance- voltage  (C-V) 
measurement,  which  was  performed  with  a  1  MHz  capacitance  meter  (Boonton  72-4B)  at  room 
temperature. 


RESULTS  AND  DISCUSSION 

The  C-V  profiles  of  Si  delta-doped  GaN  layers  depending  on  the  delta-doping  time  are 
shown  in  Fig.  2.  Silane  flow  rate  was  4  nmol/min,  and  the  pre-  and  post-purge  times  on  both  sides 
of  delta  doping  were  the  same,  i.e.,  10  s.  Figure  2  demonstrates  that  Si  delta-doped  GaN  can  be 
successfully  grown  using  MOCVD.  The  maximum  C-V  concentration  of  Si  delta-doped  GaN 
does  not  increase  with  the  increase  in  delta-doping  time,  in  contrast  to  a  strong  linear  dependence 


for  Si  delta-doped  GaAs  [11].  This  shows  that  the  Si  delta-doping  process  might  be  dominated 
by  the  desorption  of  Si  dopant  from  the  nongrowing  surface.  The  growth  temperature  of  GaAs  is 
lower  than  that  of  GaN.  Therefore,  as  a  result  of  low  thermal  decomposition  efficiency  of  Si 
doping  precursors,  Si  delta-doping  concentration  in  GaAs  is  mainly  determined  by  the  adsorption 
process  [11].  However,  due  to  the  high  growth  temperature  of  GaN,  the  thermal  decomposition 
efficiency  of  Si  doping  precursors  will  be  much  higher  than  that  in  the  case  of  GaAs.  This  means 
that  the  adsorption/desorption  process  can  quickly  approach  equilibrium.  Si  delta-doping 
concentration  is  therefore  determined  by  the  equilibrium  between  the  adsorption  and  desorption 
processes  with  the  desorption  step  limiting.  This  eventually  leads  to  the  above-mentioned 
relationship  between  the  electron  density  and  the  delta-doping  time. 


Depth  (§-) 


Fig.  2.  C-V  profiles  of  Si  delta-doped  GaN  grown  under  different  delta-doping 
times  of  (a)  30  s,  (b)  45s,  and  (c)  60  s. 

On  the  other  hand,  silicon  dopants  ideally  should  be  confined  to  a  single  atomic  monolayer 
by  the  growth  interruption  technique.  However,  the  doping  profile  will  be  broadened  by  dopant 
diffusion  and  segregation  processes.  Usually,  the  broadening  of  the  doping  profile  is  estimated 
from  the  fuU  width  at  half-maximum  (FWHM)  of  the  C-V  profile.  In  the  case  of  GaN,  the 
diffusion  process  may  significantly  affect  the  broadening  of  the  doping  profile  because  the  growth 
temperature  of  GaN  is  much  higher  than  that  of  conventional  III-V  compound  semiconductors. 
As  can  be  seen  in  Fig.  2(b),  however,  the  FWHM  of  the  C-V  profile  in  Si  delta-doped  GaN  is  as 
narrow  as  4. 1  nm.  This  sharp  distribution  profile  is  comparable  with  the  values  for  Si  delta-doped 
GaAs  [12],  It  indicates  that  the  diffusion  effect  is  small  for  Si  delta  doping  in  GaN  by  low- 
pressure  MOCVD.  Using  optimized  growth  condition,  the  delta-doping  technique  in  GaN  has  the 
feasibility  of  the  fabrication  of  high  performance  electronic  and  opto-electronic  devices. 

The  basic  delta-doping  procedure  includes  pre-purge,  delta-doping,  and  post-purge  steps. 
The  function  of  pre-purge  step  is  to  completely  suspend  growth  of  the  host  material  for  minimized 
memory  effect  of  growing  species  on  subsequent  delta-doping.  The  post-purge  step  minimizes  the 
dopant  memory  effect,  after  which  growth  of  the  host  material  is  resumed.  However,  in  the  case 
of  delta-doped  GaAs  the  use  of  the  pre-purge  and  post-purge  step  in  the  group  V  containing 
ambient  reduces  Si  delta-doping  concentration  [13].  Figure  3  shows  the  room-temperature  C-V 
profiles  of  Si  delta-doped  GaN  layers  grown  under  different  post-delta-doping  conditions.  The 
pre-purge  time  before  delta  doping  was  10  s.  During  the  delta-doping  step  on  the  nongrowing 
GaN  surface,  silane  flow  rate  was  2  nmol/min  and  delta  doping  time  was  60  s.  The  C-  V  profile 


corresponding  to  the  Si  delta-doped  structure  with  a  post-purge  time  of  10  s  is  shown  in  Fig. 
3(a).  It  shows  a  FWHM  of  11 .6  nm  and  a  maximum  C-V  concentration  of  2.8  x  lo”^  cm  ^  On  the 
other  hand,  Si  delta-doped  GaN  without  the  post-delta-doping  purge  step  shown  in  Fig.  3(b)  has  a 
much  higher  peak  concentration  of  7  x  lO'^  cm'^  than  the  structure  obtained  with  the  post-purge 
step.  In  addition,  it  indicates  a  sharp  profile  with  a  FWHM  of  5.2  nm.  Obviously,  when  a  post¬ 
purge  step  is  included  in  the  delta-doping  sequence  of  GaN,  Si  evaporation  will  make  it  extremely 
difficult  to  achieve  a  higher  Si  delta-doping  concentration.  This  phenomenon  is  similar  to  the 
reported  result  for  Si  delta-doped  GaAs  grown  by  MOCVD  [13].  The  above  results  confirm  that 
the  optimized  delta-doping  time  and  the  delta-doping  sequence  without  the  post-purge  step 
should  be  considered  in  order  to  maximize  the  delta-doping  concentration. 


Fig.  3.  Effect  of  post-delta-doping  purge  step  on  room-temperature  C-V  profiles  of  Si 
delta-doped  GaN.  (a)  Ammonia  post-purge  (10  s)  step  after  delta-doping,  (b)  Direct 
growth  of  GaN  host  material  without  post-purge  step. 


CONCLUSION 

Si  delta-doped  GaN  layers  have  been  successfully  grown  by  low-pressure  MOCVD.  From 
C-V  measurement,  we  found  that  the  delta-doping  of  Si  in  GaN  has  a  dependence  on  delta-doping 
time  that  differs  from  that  of  Si  delta-doping  in  GaAs  and  that  it  may  be  dominated  by  the 
desorption  process  of  Si.  Additionally,  to  obtain  a  higher  Si  delta-doping  concentration,  it  is 
essential  to  utilize  the  delta-doping  sequence  that  does  not  have  a  post-delta-doping  purge  step. 
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ABSTRACT 

The  Gan  heteroepitaxy  on  6H-SiC  is  affected  by  the  bad  morphology  of  the  substrate  surface. 
We  performed  a  hydrogen  etching  at  1550°C  on  the  6H-SiC(0001)  substrates  to  obtain 
atomically  flat  terraces.  An  improvement  of  the  structural  properties  of  GaN  grown  by  MBE  on 
such  substrates  after  deposition  of  a  LT~A1N  buffer  layer  is  observed.  A  value  of  less  than  220 
arcsec  of  the  FWHM  of  the  XRD  rocking  curve,  showing  a  reduced  screw  dislocations  density, 
is  comparable  with  the  best  results  reported  until  now  for  thick  GaN  samples.  Photoluminescence 
showed  a  structured  near  band  edge  emission  spectrum  with  evidence  of  the  A,  B  and  C  free 
exciton  recombinations. 

INTRODUCTION 

GaN  heteroepitaxy  calls  for  a  standing  improvement  in  structural  material  properties  to  the  aim 
of  device  application  [1].  The  best  reported  laser  diodes  up  to  now  are  based  on  the  epitaxial 
lateral  overgrowth  (ELOG)  of  GaN  thick  layers  on  a  strip-shaped  Si02  structured 
GaN/Al203(0001)  substrate  [2].  ELOG  is  used  to  reduce  the  number  of  threading  dislocations 
originating  at  the  interface  with  the  substrate.  SiC  is  a  promising  substrate  because  of  the  closer 
lattice  match  (3.5%  mismatch)  and  thermal  expansion  coefficent  among  the  commonly  available 
substrates  for  GaN  heteroepitaxy.  Despite  these  positive  properties,  the  quality  of  GaN  grown  on 
SiC  is  not  that  extremely  better  than  that  of  the  same  material  grown  on  sapphire  [3,4],  apart 
from  the  XRD  results  reported  in  Ref.  [5].  One  possible  reason  might  be  the  poor  surface 
morphology  of  the  substrate,  with  defects  that  mdght  propagate  into  the  epitaxial  structure, 
degrading  its  quality.  Exposing  the  silicon  carbide  surface  to  hydrogen  flow  at  high  temperatures 
is  already  reported  to  give  rise  to  large  atomically  flat  terraces  and  to  lead  to  the  disappearance  of 
scratches  [6,7].  We  decided  to  perform  this  treatment  on  the  6H-SiC  wafers,  that  have  been  used 
as  substrates  for  the  MBE  growth  of  GaN.  For  comparison  the  same  growth  process  was 
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considered  on  SiC  substrates  wet  chemically  etched  by  common  procedures.  The  main  interest 
was  then  to  analyze  the  influence  of  this  substrate  preparation  of  the  use  of  different  buffer  layers 
as  well,  on  the  structural  and  optical  properties  of  GaN. 

EXPERIMENT 

The  deposition  of  nitride  layers  on  6H-SiC(0001)  Si-terminated  substrates  (CREE  Research  Inc.) 
was  carried  out  in  a  small  VG  MBE  system,  where  the  active  nitrogen  was  provided  by  an  SVTA 
RE  source  operating  at  13.56  MHz,  350  W.  After  thermal  annealing  up  to  800"C  in  UHV  the 
GaN  epitaxy  always  was  performed  at  770"C  in  nearly  stochiometric  conditions,  slightly  Ga-rich, 
after  the  deposition  of  a  low  temperature  (LT)-buffer  layer  (T=550"C  -600"C).  Prior  to  insertion 
into  the  UHV  system  some  SiC  substrates  (H*-6H-SiC  in  the  following)  were  heated  up  to 
1550"C  in  He  flux  in  a  quartz  reactor,  then  a  mixture  of  HeiHi  (7:1)  was  let  flowing  for  10 
minutes  (2  1/min,  1  atm).  Surface  morphology  of  these  substrates  was  checked  before  and  after 
the  etching  by  means  of  a  Digital  Instrument  AFM  in  Tapping  Mode.  Before  the  introduction  in 
the  MBE  chamber  the  as-received  substrates  were  cleaned  in  a  standard  way  [8],  whereas  the  H2 
etched  6H-SiC  substrates  were  just  dipped  in  a  10%  HE  solution. 

The  GaN  epitaxial  layers  were  then  analyzed  by  means  of  XRD,  TEM  and  PL.  High  resolution 
and  reciprocal  space  mapping  were  performed  in  a  Philips  XPDl  diffractometer  with  Cu  Kod  and 
a  wavelength  resolution  AX/X  ~  10  ^  The  TEM  analyses  were  carried  out  with  electron 
microscopes  of  the  types  Philips  CM  200  FEG/ST  and  CM  30  TEM/ST.  Plan-view  specimens 
and  cross-section  samples  along  the  <1100>-  and  <1 120>-projections  were  prepared  by 
dimple-grinding  and  Ar+-ion  milling  on  a  liquid-nitrogen  cooled  sample  holder.  Two-beam 
diffraction  conditions  were  applied  to  identify  edge  and  screw  dislocations  with  the  g  =  0 
criterion.  The  dislocation  densities  were  determined  by  measuring  the  specimen  volume,  which 
is  obtained  from  the  extinction  contours  and  the  known  extinction  lengths  for  the  applied 
diffraction  vectors  and  the  dislocation  lengths. 

Photoluminescence  spectra  were  mea.sured  at  lOK  using  an  He-Cd  laser  for  excitation  at  325  nm 
with  a  power  of  approximately  10  mW  on  the  sample. 

RESULTS  AND  DISCUSSION 

First  the  SiC  surface  morphology  was  analyzed  by  AFM.  The  as  polished,  solvent  cleaned  6H- 
SiC  (0001)  substrates  showed  a  high  density  of  scratches  of  different  depth  (maximum  7  -  8  nm), 
as  is  seen  in  Fig. la.  These  features  remained  unchanged  also  after  the  usual  chemical  etching  [8J 
followed  by  thermal  annealing  in  UHV.  Hydrogen  etching  of  such  a  surface  produces  wide 
atomically  flat  terraces  (Fig.  lb),  separated  by  15  A  high  steps,  corresponding  to  one  6H-SiC  unit 
cell,  in  good  agreement  with  other  results  reported  in  the  literature  [6,7].  The  steps  form  a  regular 
array  and  are  all  seen  to  lie  along  the  <1  1  00>  directions;  in  contrast  with  what  is  stated  in  Ref. 
[7]  we  were  not  able  to  see  two  different  set  of  steps. 

Three  types  of  samples  have  been  considered  for  the  present  study  (Tab.  I)  and  the  properties  of 
the  GaN  epilayers  have  been  compared. 

Tab.  I  -  MBE  epitaxial  structures. _ 

A _ B _ c 

6H-SiC  6H-SiC  H*-6H-SiC 

GaN  ( 1 0  nm)  AIN  (26  nm)  AIN  (26  nm) 

GaN  GaN  GaN 


Substrate 

LT-buffer  (thickness) 

Epi-layer  (~1  pm  of  thickness) 


Fig.l  -  APM  images  of  an  as-received  (a)  and  of  a  hydrogen  etched  (b)  6H-SiC  (0001)  surface, 
sample. 


The  FWHM  of  x-ray  rocking  curve  of  the  GaN  (0002)  reflection  (acquired  with  open  detector) 
decreases  from  618  arcsec  for  the  material  grown  on  the  GaN  buffer  to  378  arcsec  using  the  AIN 
buffer  layer  instead.  A  further  clear  improvement  leading  to  a  FWHM  of  228  arcsec  was 
obtained  by  deposition  of  the  AIN  buffer/GaN  layers  on  a  hydrogen  etched  substrate. 


17.0  17.1  17.2  17.3  17.4  17.5  17.6  17.7 


17.0  17.1  17.2  17.3 


00/20 -scan  (deg)  O-scan  (deg) 

Fig.  2  -  (a)  Reciprocal  space  map  of  the  sample  c  in  the  region  of  the  GaN  (0002)  and 
SiC(0006)  reflections,  (b)  co-scan  rocking  curve  of  the  GaN  (0002)  reflection. 


For  this  last  sample  we  performed  also  measurements  in  the  triple  axis  diffraction  mode.  A  series 
of  (0-20  scans  taken  for  different  offset  values  of  (0  gives  the  reciprocal  space  map  reported  in 
Fig.  2a.  Small  lattice  constant  variations  are  observed,  as  shown  by  the  FWHM  of  35  arcsec  in  a 
direction  parallel  to  the  diffraction  vector.  In  the  perpendicular  direction  the  reciprocal  lattice 
point  of  GaN  shows  a  broadening  with  a  FWHM  of  less  than  220  arcsec.  This  is  due  to 
microscopic  tilts  of  the  layer  and  is  an  indication  of  a  low  number  of  screw  and  mixed 
dislocations,  that  are  the  ones  distorting  the  (0002)  planes,  as  pointed  out  in  Ref.  [9].  The  (O-scan 
line  shape  gives  evidence  of  a  peak  with  a  FWHM  of  around  90  arcsec,  superimposed  on  a 
broader  one  (Fig.  2b).  This  might  be  due  to  a  well  aligned  and  extended  grain  probably  in  the 
upper  part  of  the  epi-layer,  where  the  dislocation  denstity  decreases. 

The  TEM  analysis  yielded  a  screw  dislocation  density  Nserew  of  4.4x10^  cm‘  and  an  edge  and 
mixed  dislocation  density  N^dgc  of  9x10^  cm'^  for  the  GaN  on  the  hydrogen-etched  substrate. 
Slightly  higher  values  of  Nserew  =  7.5x10^  cm'^  and  Nej^c  =  1.5x1 0'^^  cm'^  were  obtained  for  the 
sample  b.  However,  error  margins  of  ±  50  %  can  occur  due  to  the  uncertainties  of  the  specimen 
volume  determination.  HR-TEM  measurement  on  sample  c  revealed  an  atomically  abrupt 
interface  between  the  SiC  substrate  and  the  AIN  buffer  layer,  which  also  corresponds  to  a  flat 
GaN  surface  (RMS  ~  5  nm),  as  proved  by  AFM  results,  not  reported  here.  Furthermore  a  flat 
GaN  surface  morphology  is  of  obvious  relevance  for  the  growth  of  complex  heterostructures. 

PL  measurements  were  performed  on  the  three  samples  in  Tab.  I  and  the  results  are  shown  in 
Fig.3.  The  spectra  of  the  samples  grown  on  the  AIN  buffer  {h  and  c)  layer  show  predominantly 
near  band  edge  (NBE)  emission.  In  the  spectrum  of  sample  a,  grown  on  a  GaN  buffer,  the  most 
intense  emission  is  centered  at  3.389  eV,  to  be  assigned  to  the  first  LO-phonon  replica  of  the  free 
exciton,  estimated  at  3.458  eV.  Higher  phonon  replicas  are  also  observed.  As  can  be  seen  in  the 
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Fig.  3  -  Photoluminescence  spectra  at  lOK  for  the  three  GaN  samples.  In  the  inset  just  the 
NBE  region  is  reported  for  the  sample  c  using  a  logarithmic  scale  for  the  intensity. 


inset  the  NBE  peak  for  the  sample  c  consists  of  the  superposition  of  a  dominant  donor  bound 
exciton  at  3.449  eV  and  A  and  B  excitons  at  3.456  eV.  A  shoulder  at  higher  energies  is 
attributed  to  the  C  exciton,  whereas  on  the  low  energy  side  some  contribution  from  an  acceptor 
BE  is  identified.  The  same  features  are  also  measured  on  sample  b  slightly  shifted  to  higher 
energies  due  to  a  different  state  of  strain.  These  emissions  persist  up  to  room  temperature.  For 
the  relaxed  GaN  “bulk”  material  several  values  are  reported  for  the  position  of  the  free  exciton, 
ranging  from  3.469  eV  [10]  to  3.499  eV  [11].  Whatever  energy  location  we  choose  as  reference 
for  relaxed  GaN,  the  emissions  of  our  samples  are  downshifted,  indicating  the  presence  of  biaxial 
tensile  stress.  This  is  commonly  interpreted  in  terms  of  the  difference  in  the  thermal  expansion 
coefficients  of  GaN  and  SiC. 

If  compared  to  analogous  spectra  (GaN  on  SiC)  by  Monemar  et  al.  [12],  in  our  case  the  FEa-b 
emissions  shift  to  lower  energies.  This  is  assigned  to  a  higher  state  of  strain  in  our  GaN  epi- 
layers.  From  the  HR-XRD  analysis  of  sample  c  we  could  extract,  for  the  strain  perpendicular  to 
the  basal  plane,  a  value  close  to  -  0.11%,  the  one  predictable  if  one  takes  into  account  the 
difference  in  the  thermal  expansion  coefficients  of  GaN  and  SiC.  Monemar  reported  an  axial 
strain  of  -  0.07%  which  was  determined  in  GaN  layers  grown  by  MOVPE  on  6H-SiC  without  a 
buffer  layer.  This  difference  must  be  assigned  to  a  different  defect  structure,  which  influences  the 
release  of  the  strain. 

Worth  noting  is  that  the  two  samples  grown  with  the  same  buffer  layer  on  differently  treated  SiC 
showed  similar  spectra,  though  the  different  density  of  screw  dislocations,  that  could  be  inferred 
from  the  XRD  measurements.  In  fact,  the  only  effect  to  be  expected  is  a  reduction  of  the  optical 
efficiency.  Screw  and  mixed  dislocations  are  predicted  to  have  deep  defect  states  in  the  gap  [13] 
and  indeed  some  CL  studies  related  them  to  non-radiative  recombination  centers  [14].  We  did 
not  register  a  big  difference  in  the  optical  efficiency  of  the  two  samples. 

Concerning  the  phonon  replicas  we  note  that  samples  grown  on  different  buffer  layers  exhibit  a 
substantial  variation  of  the  phonon-repliea  intensity:  Actually  it  is  well  known  that  in  polar 
materials  the  strong  exciton-phonon  coupling  leads  to  important  polaron  corrections  to  the 
polariton  wavefunctions.  The  recombination  rate  of  the  dressed  polariton  (zero-phonon  line)  or 
of  its  phonon  replicas  depends  on  the  actual  density  of  scattering  centers  available  in  the  crystal, 
resulting  in  a  sample-dependent  intensity  ratio  of  the  luminescence  lines.  This  might  be  related  to 
existence  of  grains  of  high  crystalline  quality  in  the  sample  a,  whereas  the  dominant  no  phonon 
excitonic  emission  in  the  two  samples  c  and  b  let  us  suppose  the  presence  of  other  defects,  acting 
as  scattering  centers,  connected  to  the  different  growth  mechanism  on  the  LT-ALN  or  to  the 
diffusion  of  impurities  from  the  buffer.  The  density  of  threading  dislocations,  does  not  seem  to 
play  such  a  big  role  in  the  scattering  of  the  exciton  polaritons  promoting  the  no-phonon  line. 

CONCLUSIONS 

We  proved  that  the  growth  of  GaN  on  SiC  substrates  results  in  better  structural  quality  when 
using  a  LT-  AIN  buffer  instead  of  a  LT  GaN-buffer,  at  least  for  the  growth  conditions  we  used. 
The  FWHM  of  the  XRD  co-scan  becomes  lower.  A  big  difference  is  also  seen  in  the  PL 
properties:  a  LO-phonon  replica  dominates  the  spectrum  of  the  sample  grown  on  the  GaN  LT- 
buffer  whereas  the  NBE  emissions  become  dominant  by  using  an  AIN  buffer.  A  further  clear 
improvement  in  the  structure  of  GaN  has  been  achieved  by  using  a  hydrogen  etched  substrate 
with  atomically  flat  terraces.  The  co-scan  FWHM  of  220  arcsec  we  obtained  for  this  GaN  layer  is 
comparable  with  the  best  value  for  MBE  GaN  reported  so  far  [4].  However  it  must  be  noticed 
that  in  that  case  the  epilayer  was  nucleated  on  a  thick  HVPE  GaN  on  SiC.  The  narrow 
broadening  of  the  symmetrical  reflections  in  the  rocking  curve  is  usually  associated  with  a  low 
number  of  screw  and  mixed  dislocations.  Taking  into  account  that  those  defects  are  probably 


non-radiative  recombination  centers  and  also  considering  the  role  of  TDs  in  generating  V-dcfects 
in  QWs  structures,  the  reduction  of  the  density  of  screw  dislocations  can  be  considered  a 
promising  result.  Preliminary  AFM  results  showing  a  reduced  surface  roughness  are  also 
encouraging. 
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ABSTRACT:  High  quality  GaN  films  on  AIN  buffer  layers  were  grown  on  Si(l  1 1)  with  a  new, 
commercial,  two-injector  vertical  rotating  disk  MOCVD  reactor  (CVD,  Inc.).  It  was  found  that  the 
geometry  of  the  susceptor  greatly  affected  the  structural  quality  of  the  epilayers  on  Si.  For  the 
original  susceptor  geometry,  though  single  crystal  GaN  films  could  be  obtained,  the  films  were  dark 
gray  in  appearance  with  a  rough  morphology,  and  the  best  x-ray  rocking  curve  FWHM  was  2.33°. 
After  modifying  the  susceptor  geometry,  transparent,  mirror-like  single  crystal  GaN  films  were 
obtained  with  the  best  x-ray  rocking  curve  FWHM  being  0.24°.  Photoluminescence  (PL)  and 
infrared  reflectance  (IR)  spectra  of  the  grown  films  were  compared.  The  film  growth  rate  was  found 
to  increase  with  decrease  of  the  growth  pressure.  A  2-D  simulation  of  the  flow,  heat  transfer,  and 
chemical  species  transport  in  the  reactor  showed  a  more  symmetric  flow,  larger  velocity  gradient, 
and  lower  upward  velocity  with  the  modified  susceptor,  which  may  be  the  main  reason  for  the 
improvement  of  the  structural  quality  of  the  films. 


I.  INTRODUCTION 

GaN  has  attracted  much  research  interest  due  to  its  potential  application  in  optical,  high 
temperature,  and  high  power  devices.  Although  high  quality  GaN  films  have  been  achieved  by 
MOCVD  growth,  the  mechanism  is  still  not  fully  understood.  Factors  found  to  affect  MOCVD 
growth  of  GaN  include  substrate  properties,^'^  any  buffer  layer  and  its  growth  conditions, epilayer 
growth  temperature  and  pressure, V/IH  molar  flow  ratio, inlet  flow  rate  and  reactor 
configuration,'^^  among  others,  but  a  careful  control  of  these  factors  does  not  guarantee  a  high  quality 
film.  The  growth  of  GaN  on  silicon  is  very  difficult  due  to  their  large  difference  in  lattice  constant, 
crystal  structure,  and  thermal  expansion  coefficient,'^’  yet  silicon  is  a  very  attractive  material  since 
it  offers  the  possibility  of  incorporating  GaN  devices  in  silicon  devices.  In  this  work,  a  new, 
commercial,  two-injector,  vertical  rotating  disk  MOCVD  reactor  (CVD  Equipment  Corporation)  was 
used  to  grow  GaN  on  Si(l  1 1).  After  experiencing  difficulties  with  film  growth  using  the  standard 
geometry,  we  modified  it  and  found  that  the  susceptor  geometry  greatly  affected  the  structural  quality 
of  the  films. 

II.  EXPERIMENT 

A  new,  commercial  MOCVD  system  (CVD,  Inc.)  was  used  for  GaN  growth.  It  consists  of 
a  gas  delivery  system,  pumping  system,  and  reaction  chamber.  The  reaction  chamber  is 
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schematically  illustrated  in 
Figure  la.  It  is  a  two- 
injector,  vertical,  cold-wall 
reactor  with  a  rotating 
molybdenum  susceptor 
inductively  heated  by  RF. 
The  susceptor  is  capable  of 
processing  one  wafer  with  a 
diameter  of  1  inch  per  run. 
A  thermocouple  is  placed 
inside  a  quartz  shaft 
underneath  the  susceptor  to 
monitor  the  growth 
temperature.  A  closed  loop 
vacuum  pumping  system 
enables  the  reactor  to  be 
operated  over  a  pressure 
range  of  10  to  760  torr  with 
good  stability.  A  high  vacuum  loadlock  is  interfaced  to  the  reactor  to  isolate  it  from  the  ambient 
environment  during  wafer  loading 
and  unloading  operations.  Figures  1(b)  and  (c)  show  the  original  and  modified  susceptor, 
respectively.  The  original,  manufacturer-supplied  susceptor  has  a  diameter  of  37.5  mm,  including 
a  circular  central  part  (which  has  a  diameter  of  25.5  mm)  and  an  outer  edge  of  6  mm  width.  The 
central  part  of  the  modified  susceptor  was  unchanged  from  the  original,  but  the  outer  edge  was  cut 
and  tapered.  The  diameter  at  the  base  of  the  modified  susceptor  was  3 1 .5  mm. 

The  source  gases  were  ammonia  (NH^),  trimethylgallium  (TMGa),  and  trimethylaluminum 
(TMA).  Hydrogen  was  used  as  a  carrier  gas.  Silicon  (111)  was  used  as  the  substrate,  and  it  was 
cleaned  in  acetone,  2%HF,  and  UHP  deionized  water,  then  dried  with  N2.  Prior  to  growth,  it  was 
heated  at  1050°C  under  a  hydrogen  flow  of  2  slpm  for  5  min.  A  total  inlet  gas  flow  rate  of  1 .0  slm 
was  used.  The  inlet  flow  distribution  was  0.4  slpm  H2,  0.3  slpm  NH3,  and  0.3  slpm  H2  to  push  the 
TMA  or  TMG.  The  carrier  gas  flow  rate  through  the  TMA  bubbler  (28  °C)  or  TMG  bubbler  (- 1 0°C 
)  was  1  seem.  The  calculated  V/III  molar  flow  ratio  was  4390.  An  AIN  buffer  layer  with  a  thickness 
of  around  100  nm  was  grown  at  1050°C.'^'  The  GaN  epilayer  was  grown  at  1000°C  for  45  minutes. 
Four  samples  were  grown  under  the  above  conditions,  but  with  differing  susceptor  geometry,  growth 
pressure,  or  susceptor  rotation  rate  as  shown  in  Table  I.  Sample  1  was  the  best  of  the  samples 
deposited  using  the  original  susceptor. 


Figure  1 .  (a)  schematic  of  the  MOCVD  reaction  chamber,  (b) 
original  susceptor  shape,  (c)  modified  susceptor  shape. 


Table  I.  Sample  growth  conditions. 


susceptor  shape 

original 

modified 

modified 

modified 

pressure  (torr) 

76 

10 

10 

76 

spin  rate  (rpm) 

60 

150 

60 

150 

X-ray  diffraction  (XRD),  Photoluminescence  (PL),  and  Infrared  Reflectance  (IR)  were  used 
to  characterize  the  deposited  films.  XRD  was  performed  with  a  Rigaku  X-ray  diffractometer  with 
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Figure  2.  X-ray  rocking  curves  on  the  GaN  (0002) 
reflection.  The  curves  for  samples  1  and  4  are 
labeled. 


a  wide  angle  automated  goniometer  and 
computer-based  data  acquisition  and 
analysis  system.  IR  data  was  collected  on 
a  Perkin-Elmer  Spectrum  2000 
spectrometer  using  unpolarized  light  with 
a  reflectance  angle  of  0°  from  the  normal. 
A  gold  mirror  was  used  as  the  reference. 
PL  emission  at  9.5K  was  measured.  A 
He-Cd  laser  beam  (325  nm,  9  mw)  was 
used  as  the  excitation  source.  The  optical 
signal  was  detected  by  Princeton 
Instruments  back-illuminated  CCD 
camera  model  TEA-CCD-512  TK  with  a 
UV/AR  coating  and  controlled  by  a 
computer.  Commercial  CFD  software 
(FLUENT)  was  used  to  characterize  the 
fluid  dynamics  in  the  reactor. 


III.  RESULTS 

The  appearance  of  sample  1  was  rough  and  dark  gray,  while  samples  2  through  4  appeared 
transparent  and  mirror-like. 

3.1  XRD  Results 

Theta-2  theta  scans  of  the  samples  showed  that,  in  addition  to  Si  reflections,  only  four  other 
reflections  were  detectable,  i.e.  GaN  (0002),  AIN  (0002),  GaN  (0004),  and  AIN  (0004).  This  showed 
that  the  epilayers  were  single  crystal  and  in  the  wurtzite  phase.  Figure  2  is  the  X-ray  rocking  curve 
on  the  GaN  (0002)  reflection.  The  FWHM  of  samples  1  to  4  were  2.33°,  0.36°,  0.40°,  and  0.24°, 
respectively  (shown  in  order  1 , 3, 2, 4  in  the  figure  with  curves  for  samples  1  and  4  labeled),  showing 

that  the  structural  quality  of  the  GaN 
films  was  much  improved  using  the 
modified  susceptor. 

3.2  PL  Results 

Figure  3  shows  the 

photoluminescence  (PL)  spectra  of  the 
samples.  A  very  strong  near  band  edge 
emission  was  observed  at  358.5  nm  on 
samples  1  and  2  and  at  356.5  nm  on 
sample  3.  The  FWHM  of  these  peaks 
were  61,  62,  and  59  meV,  respectively. 
Two  additional  peaks  at  378  nm  and 
388  nm  were  also  observed  on  these 


samples.  Sample  4  showed  a  very  weak 
near  band  edge  emission  but  a  very  strong 
yellow  luminescence,  which  is  surprising 
considering  that  the  X-ray  rocking  curve 
of  this  sample  was  the  narrowest. 

3.3  IR  Results 

From  the  number  of  interference  fringes 
that  occurred  between  two  frequencies  of 
the  IR  transmittance  spectra  as  seen  in 
Figure  4,  we  calculated  the  thickness  of  the 
films, which  were  1.12,  1.27,  1.32,  and 
0.95  pm,  respectively,  for  samples  1  to  4. 

It  was  interesting  to  note  the  thickness  (growth  rate)  differences  among  samples  2  to  4.  The  growth 
rates  under  different  susceptor  spin  rates  (60  rpm  vs.  150  rpm)  were  almost  the  same,  while  there 
was  a  significant  difference  among  the  growth  rates  under  different  growth  pressures,  and  the  growth 

rate  decreased  with  increasing 
pressure.  This  result  was  also 
confirmed  by  the  thickness  of 
sample  1,  which  was  thinner  than 
samples  2  or  3.  From  Figure  4  we 
can  also  see  that  the  interference 
fringes  of  sample  1  attenuate 
quickly  at  higher  frequencies, 
which  indicates  the  inferior  quality 
of  the  film.  Figure  5  shows  the  IR 
absorbance  spectra  of  the  films.  A 
strong,  sharp  LO  phonon  mode  in 
wurtzitc  GaN  is  observed  at  735 
cm  '  on  sample  4,  which  further 
confirms  both  the  high  quality  of 
the  film  and  the  x-ray  rocking 
curve  re.sults.  The  LO  phonon 
mode  was  also  observed  on  sample 
2  at  738  cm  *.  The  phonon  mode  of  sample  1  is  shifted  to  a  higher  frequency  of  743  cm  '.  The  LO 
phonon  mode  of  AIN  was  also  observed  at  around  882  cm  '.  No  GaN  or  AIN  LO  phonon  mode  was 
observed  on  sample  3;  the  reason  for  this  is  not  clear. 


'-♦-Sample  1  -^Sample  2  —  Sample  3  —  Sample  4 

Figure  5.  IR  absorbance  spectra. 


Figure  4.  IR  transmittance  spectra. 


3.4  Reactor  Simulation  Results 

The  fluid  dynamics  in  the  reactor  with  the  two  different  susceptors  was  simulated  using  a  2-D 
model.  The  model  consisted  of  a  numerical  solution  of  the  Navier-Stokes  equations  coupled  with 
heat  transfer  and  mass  transport  of  chemical  species  using  FLUENT  software.  The  effects  of 
variable  gas  properties  and  buoyancy  was  included,  but  did  not  include  the  rotation  of  susceptor  and 
chemical  reactions.  A  detailed  3-D  simulation  with  su.sceplor  rotation  is  being  conducted  and  the 


results  will  be  reported  later.  Figures 
6  and  7  show  the  vertical  velocity 
contour  in  the  reactor  with  the  only 
difference  being  susceptor  geometry. 
From  the  figures,  the  following 
differences  are  noted:  (1)  the  velocity 
distribution  above  the  modified 
susceptor  is  more  symmetric,  and  (2) 
the  velocity  gradient  is  larger  above 
the  modified  susceptor.  The  model 
also  indicates  that  the  upward 
velocity  above  the  original  susceptor 
is  more  than  twice  that  of  the 
modified  susceptor.  (This  is  not 
discernable  from  the  Figures.)  The 
more  symmetric  flow,  larger  velocity 
gradient,  and  lower  upward  velocity 
may  be  the  primary  reasons  for  the 
improvement  of  the  structural  quality 
of  the  films. 


IV.  CONCLUSIONS 


Figure  6.  Vertical  Figure  7.  Vertical  velocity 
velocity  contours  for  the  contours  for  the  modified  susceptor 

original  susceptor  model.  susceptor  model.  geometry  on  the  growth  of  GaN  on 

silicon  substrate  using  a  new 
MOCVD  system  was  studied.  A  modified  susceptor  was  found  to  change  the  fluid  dynamics  in  the 
reactor,  resulting  in  a  gas  flow  that  is  more  symmetric,  has  a  larger  gradient,  and  has  a  weaker 
recirculation  flow  over  the  susceptor.  The  structural  quality  of  films  grown  on  the  modified 
susceptor  was  much  improved  regardless  of  the  susceptor  rotation  rate  and  growth  pressure. 
Combining  the  PL  and  IR  results,  high  structural  and  optical  quality  films  could  be  obtained  at  10 
torr  and  150  rpm  with  the  modified  susceptor. 
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ABSTRACT 

The  surface  morphology  and  structure  of  AIN  deposited  by  metal  organic  vapor  phase  epitaxy 
(MOVPE)  on  Si  (111)  at  growth  temperatures  ranging  from  825  to  1175°C  was  investigated. 
Transmission  electron  microscopy  (TEM),  reflection  high  energy  electron  diffraction  (RHEED), 
atomic  force  microscopy  (AFM),  and  secondary  ion  mass  spectrometry  (SIMS)  techniqms  were 
used  to  study  the  resulting  film  structure.  Growth  at  high  temperatures  but  less  than  ~1100  ^'C, 
resulted  in  a  wire  texture  with  some  degree  of  in-plane  alignment  with  (0001)^,^ //(ll  1)^. , 
<1010  //  <211  >5. ,  and  <1120  //  <  1  10  .  Deposition  at  temperatures  greater 

than  1100°C  results  in  single  crystal  films  consisting  of  domains  60  nm  across  with  an  aspect 
ratio  near  unity.  Growth  below  1100°C  leads  to  degraded  crystal  quality  with  the  grains 
developing  random  rotational  misalignments  around  the  AIN  [0001]  axis.  Growth  at  lower 
temperatures  produces  islands  elongated  along  the  [1120]  direction.  At  the  growth  temperature 
of  825°C,  the  aspect  ratio  of  the  islands  increased  to  3  and  a  width  of  25  nm.  Cross  -sectional 
TEM  reveals  that  these  islands  are  faceted  due  to  slow  growth  on  the  [1  TOl) planes. 

INTRODUCTION 

Nitride-based  III-V  materials  have  been  receiving  attention  due  to  their  ability  to  lase  in  the 
green  and  blue  spectral  regions.  However,  these  materials  are  difficult  to  fabricate.  The  strong 
bonding  of  N2  and  low  nitrogen  solubility  in  molten  Ga  results  in  very  high  nitrogen 
overpressures  during  crystallization  of  a  nitride  crystal  from  the  melt.  These  difficulties  have 
prevented  the  production  of  useful  GaN  bulk  crystals.  Lack  of  a  single-crystal  nitride  substrate 
requires  devices  to  be  made  through  heteroepitaxial  growth.  GaN  and  AIN  also  have  a 
coefficient  of  thermal  expansion,  lattice  constant  and  crystal  structure  different  from  other  III  -V 
semiconductors.  Nitrides  therefore  need  to  be  grown  on  a  substrate  different  from  those 
normally  used  for  compound  semiconductor  growth,  such  as  GaAs  or  InP. 

The  highest  quality  materials  have  used  either  silicon  carbide  or  sapphire  substrates  [1,2]. 
These  materials  can  be  expensive  and  limited  in  size.  Additionally,  the  lattice  mismatch  to  these 
substrates  is  quite  large  and  even  the  highest  quality  materials  contain  a  high  c  oncentration  of 
lattice  mismatch  related  structural  defects.  Silicon  substrates  have  been  successfully  used  for 
nitride  growth.  A  Si  (111)  substrate  will  have  the  required  hexagonal  surface  symmetry.  The 
low  cost  and  availability  of  this  substrate  makes  it  an  attractive  alternative  to  silicon  carbide  and 
sapphire  substrates. 

Previous  work  using  Si  substrates  centered  upon  growth  of  AIN  and  GaN.  Much  of  this 
work  was  done  in  ultra-high  vacuum  (UHV)  using  molecular  beam  epitaxy  (MBE)  or  sputtering 
to  produce  the  layers  [3,4].  Single  crystal  films  could  be  grown  under  optimized  conditions.  As 
with  most  nitride  heteropitaxial  growth,  the  films  contained  a  dense  network  of  structural 
defects. 

Direct  growth  of  GaN  on  Si  (111)  is  difficult  due  to  poor  film  nucleation,  however  single 
crystal  AIN  buffer  layers  have  been  grown  directly  on  Si  (111)  [5].  The  optimization  of  AIN 
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growth  on  Si  (111)  was  carried  out  using  metal  organic  vapor  phase  epitaxy  (MOVPE).  In 
MOVPE  growth,  the  metal  organic  precursor,  trimethyl  aluminum,  and  ammonia  arc  carried  to 
the  growth  surface  in  a  hydrogen  carrier  gas.  Tiic  precursors  undergo  a  series  ot  chemical 
reactions,  which  can  take  place  both  in  the  gas  stream  and  on  the  substrate.  These  reactions 
result  in  a  growth  surface  possc.ssing  a  distribution  of  organic  compounds  and  deposited  film 
species.  On  the  other  hand,  the  UHV-ba.sed  techniques  only  deliver  the  specific  inorganic  film 
species.  MOVPE  films  could  therefore  have  different  material  properties  due  to  the  modified 
surface  kinetics. 

A  possible  limitation  in  the  MOVPE  process  is  the  purity  of  the  gas  sources.  Impurities  may 
be  present  in  the  reactor  from  a  variety  of  sources.  Contaminants  in  the  source  materials, 
reaction  by-products  and  real  as  well  as  Virtual’  leaks  can  all  lead  to  unwanted  chemical 
impurities  in  the  growing  film.  Virtual  leaks  arc  the  slow  release  of  impurities,  such  as  water, 
absorbed  on  internal  reactor  and  gas  line  surfaces.  The  virtual  leaks  arc  largely  due  to  air 
exposure  during  installation  or  sample  exchange.  These  impurity  sources  contain  notably 
different  contaminants.  Most  of  the  air  is  quickly  removed,  but  the  surface  adsorbed  water  tends 
to  persist  in  the  system  for  extended  periods.  The  gas  source-based  impurities  are  metal 
alkoxides  and  reaction  byproducts  from  the  decomposition  of  the  metalorganic  specie.  These 
contaminants  arc  complex  metalorganic  molecules  that  may  decompose  and  yield  C  impurities  in 
the  growing  fdm. 

During  MOVPE  growth  of  most  III-V  materials,  the  requirements  on  the  oxygen  or  water 
content  in  the  reactor  are  relaxed  becau.se  of  the  volatility  of  IIl-V  oxides  within  a  Ht  ambient  at 
high  temperatures.  Alternatively,  Si  readily  forms  surface  oxides  in  the  presence  of  trace 
amounts  of  oxygen  or  water,  a  process  that  was  studied  by  Ghidini  and  Smith  [6].  Higher 
temperatures  were  found  to  promote  oxide  desorption.  At  the  high  temperature  of  1000°C,  the 
partial  pressure  of  water  within  the  reactor  must  be  less  than  10  ^  Torr  to  have  an  oxide-free  Si 
surface.  This  constraint  is  a  significant  practical  limitation  to  growth  upon  Si  substrates. 

AIN  growth  was  studied  here  at  growth  temperatures  between  825  and  1  \15°C.  Under  these 
conditions,  the  maximum  allowable  water  vapor  pressure  in  the  reactor  tolerated  before  surface 
silicon  oxides  will  form  range  from  5x10'^  to  5x10'^  Torr.  The  Si  .substrates  initially  received  a 
brief  dilute  HE  dip  prior  to  sample  loading.  A  2.5  minute  anneal  at  1 175  °C  in  hydrogen  was 
performed  to  initiate  each  sample  with  hopefully  identical  oxide-free  Si  surfaces.  Growth  was 
carried  out  for  30  min.  with  a  V/III  ratio  of  10000  at  a  reactor  pressure  of  76  Torr,  which  resulted 
in  films  200  to  300  nm  in  thickness.  To  probe  the  inOuence  of  reactor  chemistty,  an  additional 
sample  was  grown  at  1 125°C  with  the  ammonia  flow  rate  doubled. 

The  samples  were  analyzed  for  chemical,  structural,  and  .surface  defects,  using  ex  situ 
reflection  high  energy  electron  diffraction  (RHEED),  transmission  electron  microscopy  (TEM), 
surface  ion  mass  spectrometry  (SIMS),  and  atomic  force  microscopy  (AFM). 

RESULTS  AND  DISCUSSION 

AFM  analysis  was  performed  in  both  contact  and  tapping  modes.  The  samples  were 
populated  by  a  dense  network  of  small  islands  as  shown  in  Figure  1.  The  island  size  is 
comparable  to  the  size  of  a  standard  AFM  probe,  requiring  detailed  measurements  to  confidently 
image  these  features.  The  surface  morphology  contains  small  islands  as  shown  in  Figure  1. 
Samples  grown  above  1 100°C  have  rounded  features.  At  lower  growth  temperatures,  the  islands 
become  elongated  with  widths  decreasing  from  60  to  25  nm.  The  variations  in  the  island  aspect 
ratio  and  relative  orientation  was  determined  and  are  given  in  Figure  2.  The  island  lateral  growth 
rate  varies  with  in  plane  crystal  direction.  At  high  temperature  s,  the  islands  have  an  aspect  ratio 
near  1  resulting  in  a  flat  angular  orientation.  Below  1100  °C  the  islands  extend  preferentially  in 
the  [1 120]  directions. 
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Figure  1.  Sample  images  from  AFM,  RHEED,  and  TEM  analysis.  The  TEM  image  contains 
diffraction  from  both  Si  and  AIN.  The  diffraction  patterns  were  obtained  by  TEM-selected  area 
diffraction  and  obtained  on  the  1 125,  1025,  and  925  °C  samples. 
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Figure  2.  Aspect  ratio  and  angular  distributions  determined  from  AFM  images. 
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Figure  3  presents  cross  sectional  images  of  the  islands  obtained  from  TEM  and  AFM.  The 
island  sidewalls  are  inclined  nearly  60  degrees  from  the  [01 TO]  direction,  which  identifies  the 
sidewall  facet  as  a  {iTOI}  plane.  The  extension  of  the  sidewall  indicates  this  to  be  a  slow 
growth  crystal  face.  This  same  preferential  faceting  and  growth  rate  variation  has  been  observed 
during  epitaxial  lateral  overgrowth  of  GaN  [7,8]. 

Both  RHEED  and  TEM  were  used  to  examine  the  microstructure  of  the  samples.  The 
diffraction  patterns  in  Figure  1  exhibit  a  clear  tran.sition  in  structure  at  1100  X.  For  growth 
temperatures  greater  than  1100°C,  the  following  in  plane  film  orientations  were  determined: 
(0001)^,^ //(I  1 1)^.,.,  <10T0>^,;,, //<211>,., ,  and<  1 120>^„^, //<Tl0>,. .  At  temperatures 
below  1 100°C,  the  diffraction  patterns  indicate  a  textured,  polycrystallinc  structure.  The  absence 
of  the  (0002)  ring  in  these  diffraction  patterns  indicates  that  very  few  if  any  of  the  grains  have 
their  [0002]  axis  inclined  from  the  Si  [11 1]  axis.  Identical  behavior  at  1 100°C  has  been  noted  in 
work  by  Watanabe  et  al.  and  Weeks  et  al  [5,2].  Plan  view  TEM  dark-field  micrographs  indicate 
that  the  average  grain  sizes  in  these  textured  samples  arc  50,  36,  and  35  nm  for  growth 
temperatures  of  1 175,  1075,  and  925°C  respectively. 


Figure  3.  An  AFM  line  scan  and  cross  section  TEM  images  of  the  surface  structure  of  the  films 
detailing  the  faceted { 1  TOlj  planes.  There  is  good  correspondence  between  the  TEM  and  AFM 
determined  surface  roughness. _ 


Doubling  the  ammonia  flow  rate  during  growth  at  1 125°C  was  found  to  greatly  deteriorate 
the  sample  quality.  The  RHEED  image  of  this  sample  appeared  very  similar  to  the  sample 
grown  at  825°C.  Additionally,  the  island  distribution  was  also  comparable  to  the  samples  grown 
at  low  temperature.  This  observation  indicates  that  increasing  the  ammonia  flow  rate  has  similar 
effects  on  sample  structure  as  lowering  the  growth  temperature.  The  ammonia  is  known  to  have 
a  high  water  concentration,  which  would  lead  to  increased  oxygen  incorporation  at  high 
ammonia  flow  rates. 

Impurity  incorporation  during  AIN  growth  was  determined  through  SIMS  measurements  of 
the  samples  grown  at  1125  and  1075°C.  Both  samples  exhibit  significant  amounts  of  carbon  at 
the  substrate  interface.  These  SIMS  measurements  are  complicated  by  the  surface  roughness, 
however  the  carbon  and  oxygen  found  at  the  surface  do  extend  deep  into  the  AIN  layer.  The 
bulk  of  the  films  were  found  to  contain  oxygen  with  the  sample  grown  at  1075°C  having  three 
times  more  oxygen  than  the  sample  grown  at  1 125°C. 

The  microstructure  of  all  the  films  is  characterized  by  small  grains  whose  interiors  are  largely 
free  of  defects  as  determined  from  TEM.  Growth  above  I  lOCfC  results  in  films  with  grains 
aligned  to  the  Si  substrate.  Below  a  growth  temperature  of  1 100°C  the  grain  structure  loses  this 


epitaxial  relationship  but  retains  an  overall  texture.  The  angular  variation  increases  with 
decreasing  growth  temperatures.  The  loss  of  epitaxy  at  lower  growth  temperatures  was  initially 
thought  to  be  caused  by  the  oxidation  of  the  Si  surface  prior  to  growth.  The  trimethyl  aluminum 
source  can  also  contain  low  levels  of  oxygen  contaminants,  which  could  lead  to  the  high  oxygen 
content  of  these  films.  A  high  oxygen  content  would  ob.scure  any  oxygen  signal  which  might  be 
originating  from  SiOi  at  the  interface.  Surface  roughness  also  complicates  and  degrades  the 
depth  resolution  in  the  SIMS  measurement. 

Surface  kinetics  can  also  play  a  role  in  determining  epitaxy  and  physical  structure.  Surface 
transport  is  dependent  on  the  growth  temperature,  surface  adsorbed  species  and  existing  surface 
structure.  Independent  of  contamination  issues  on  the  Si  surface,  such  factors  can  play  a 
fundamental  role  in  the  determination  of  the  microstructure.  The  observed  grain  size  and  wire 
texture  are  attributed  to  surface  transport  during  film  nucleation.  At  higher  temperatures  the 
increased  surface  diffusion  results  in  the  formation  of  few  large,  stable  nuclei.  Furthermore,  the 
high  temperatures  allow  the  nuclei  to  homogeneously  orient  themselves  with  the  Si  substrate  in  a 
low  energy  configuration.  This  conclusion  accounts  for  the  results  obtained  with  UHV 
deposition,  where  a  reduction  in  growth  temperature  below  a  critical  value  produced  an  identical 
degradation  of  crystal  structure  to  wire  texture  [3].  However,  this  temperature  occurred  at  700°C 
under  UHV  sputtering  instead  of  the  1 100°C  found  for  the  MOVPE  deposition  reported  here  and 
also  by  Watanabe  et  al  [5].  The  chemical  species  present  during  MOVPE  growth,  may  limit 
surface  diffusion  similar  to  a  reduction  in  temperature.  Thus  to  surmount  the  limited  surface 
diffusion,  the  temperature  must  be  increased  from  700  to  1 100°C  during  MOVPE  growth. 

CONCLUSIONS 

The  physical  structure  of  MOVPE-grown  AIN  on  Si  (111)  is  sensitive  to  both  the  temperature 
and  V/III  ratio.  The  films  are  characterized  by  granular  structures.  Single  crystal  films  are 
observed  above  llOOPC  at  a  V/III  ratio  of  10000.  Below  1100°C,  the  AIN  grains  are  not 
epitaxial  but  exhibit  a  preferred  texture.  The  surface  contains  a  network  of  faceted  islands 
exhibiting  slow  growth  on  {1  101}  planes.  The  differential  growth  rate  of  the  island  facets  yields 
nominally  round  islands  at  a  growth  temperature  of  1 175°C  and  islands  with  an  aspect  ratio  near 
3  at  825'’C. 
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Abstract 


We  present  results  of  Raman-scattering  experiments  on  GaN  doped  with  Si,  C,  and  Mg,  respectively, 
grown  by  molecular  beam  epitaxy  (MBE).  The  influence  of  the  different  dopants  on  strain  and  free- 
carrier  concentration  was  investigated.  Furthermore,  we  report  on  several  local  vibrational  modes 
(LVM)  around  2200  cm"'  in  Raman  spectra  of  highly  Mg-doped  GaN.  A  possible  explanation  of 
these  high-energy  modes  in  terms  of  hydrogen-related  vibrations  is  given.  We  also  found  a  variety  of 
new  structures  in  the  range  of  the  GaN  host  lattice  phonons.  Secondary  ion  mass  spectroscopy 
(SIMS)  was  applied  to  determine  the  concentration  of  magnesium  and  unintentionally  incorporated 
hydrogen. 


Introduction 


Much  attention  has  been  paid  to  the  wide-bandgap  material  GaN  due  to  its  high  potential  for 
optoelectronic  and  high-power  electronic  applications  [1].  Controlled  p-  and  n-doping  is  a  major 
issue  for  the  fabrication  of  electronic  devices  based  on  group  Ill-Nitrides.  The  growth  of  doped  GaN 
epilayers  and  heterostructures  by  molecular  beam  epitaxy  offers  the  advantage  of  lower  unintentional 
dopant  concentration  in  the  material.  Among  the  optical  properties  of  doped  GaN  the  influence  of 
doping  on  the  lattice  dynamics  is  of  special  interest.  Raman-spectroscopy  is  a  powerful  tool  to 
investigate  the  correlation  between  doping,  strain  [2],  and  free-carrier  concentration  [3]. 

Moreover,  dopant  atoms  can  give  rise  to  local  vibrational  modes  (LVM)  due  to  their  different  masses 
compared  with  those  of  the  substituted  elements  [4].  High-energy  modes  are  reported  for  Mg-doped 
GaN  [5,  6]  which  were  assumed  to  be  related  to  hydrogen  complexes.  This  is  of  special  interest, 
because  hydrogen  is  known  as  a  compensating  center  for  magnesium  acceptors.  To  our  knowledge, 
no  LVM  for  Si-,  C-,  or  Mg-doped  GaN  in  the  range  of  the  host  lattice  phonons  have  been  reported  in 
literature  so  far. 


Experiment 

The  Raman-scattering  experiments  were  carried  out  in  backscattering  geometry  with  a  triple-grating 
spectrometer  equipped  with  a  cooled  charge-coupled  device  detector.  The  488  nm  line  of  an  Ar'^/Kr^ 
mixed-gas  laser  was  used  for  excitation.  The  Raman  shifts  were  determined  with  an  accuracy  better 
than  1  cm  ^  Microscope  optics  allowed  spatially-resolved  measurements  with  a  resolution  of  about 
0.7  pm. 
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The  samples  under  study  were  Si-,  C-,  and  Mg-doped  GaN  films  of  about  1  pm  thickness  grown  on 
sapphire  (0001)  substrates  by  MBE;  the  details  are  given  elsewhere  [7J.  The  Mg-doped  samples  A 
and  B  were  p-conductive  with  a  hole  concentration  at  room  temperature  of  3.710’’ cm'^  and 
1.4-10”  cm’’^,  respectively,  whereas  the  other  two  samples  were  compensated  but  n-conductive. 
Secondary  ion  mass  spectroscopy  was  applied  to  determine  the  concentration  of  magnesium  and 
hydrogen.  The  measured  concentrations  are  accurate  to  within  20%  deviation.  The  dopant 
concentration  of  the  Si-  and  C-doped  GaN  films  were  estimated  in  terms  of  growth  conditions.  The 
free-electron  concentration  in  the  Si-doped  samples  varied  from  8.1-10’*' cm"^  to  1.3-10’’’ cm'^  as 
determined  by  Hall  measurements. 

Results 


1.  Local  vibrational  modes  in  doped  GaN 

- -  Figure  1  shows  Raman  spectra  of  samples  with  the 

^  z(-  )z  respective  magnesium  concentrations  of  8-10’*’ cm  ’  (A), 

I  S  1.2-10’^’ cm-’  (B),  910”’ cm  ’  (C)  and  b-lO’^cm’  (D)  in 

1  ^  the  high-energy  region.  In  the  spectrum  of  sample  A  with 

^  1  11  the  highest  magnesium  concentration  a  new  mode  appears 

CO  1 11  2129  cm  ’  in  addition  to  the  four  LVM  described  in 

^  O'  ^  I  V\  o>  Apparently,  the  intensity  of  the  modes  correlates 

^  ^  A*  V  ^  magnesium  content.  A  Mg-concentration  of 

-2  A  /v  \\  [Mg]/cm^  around  l-10’'’cm‘’  is  necessary  for  some  of  the  high- 

~  Nu<8*lo'®  energy  modes  to  appear  well-resolved  in  the  spectra.  The 

•c  B  A  hydrogen  concentration  for  all  the  samples  investigated  is 

^  2*io'®  about  l-lO^cm’  as  determined  by  .secondary  ion  ma.ss 

^  A  ^**^^*‘*'*v^  spectroscopy.  Since  hydrogen  was  not  intentionally 

supplied  during  growth  its  incorporation  possibly  arises 
from  the  residual  water  vapor  pressure  in  the  growth 
^^**'**''^*'**«^^  chamber. 

_  Yi  et  al.  [8]  observed  a  similar  structure  of  five  modes 

2100  2150  2200  2250  2300  around  2800  cm  ’  in  Mg-doped  GaN  grown  by 

Raman  Shift  (cm  ’)  metalorganic  vapor  phase  epitaxy  (MOVPE).  These  modes 

Figure  1:  Room-temperature  Raman  spectra  were  attributed  to  symmetric  and  asymmetric  C-Hn 
of  GaN  with  different  magnesium  content  in  (n=I,2,  3)  vibrations  due  to  carbon  incorporation  caused 
the  high-energy  range.  by  the  decomposition  of  the  magnesium  precursor  during 

growth.  Remarkably,  the  frequency  ratio  for  all  the  five  modes  is  between  1.33  and  1.34.  This  is 
close  to  V2,  a  value  expected  for  similar  vibrations  with  carbon  (mc-=12.01  u)  replaced  by 
magnesium  (mMg=24.31  u).  This  implies  that  magnesium  is  built  into  the  lattice  on  a  nitrogen  site 
with  force  constants  similar  to  those  of  carbon,  an  interpretation  which  seems  doubtful.  Furthermore, 
there  are  experimental  and  theoretical  articles  that  determined  the  frequency  of  the  Mg-H  vibration 
above  3000  cm  ’  [5,9]. 

Alternatively,  hydrogen-decorated  native  defects  or  hydrogen  at  extended  defects  such  as 
dislocations  can  give  rise  to  high-energetic  vibrations.  When  the  Fermi  level  reaches  a  value  below 
2.1  eV  the  formation  of  Vca-H,,  complexes  with  n=l,  2,  3  is  likely  to  occur  with  a  predicted 
frequency  of  3100  cm'’  for  a  Vca-H  complex  [10].  This  is  much  higher  than  the  frequencies  we 
observe,  even  if  anharmonic  terms  may  lower  the  frequency  considerably  [10]. 


However,  we  rather  believe  that  the  magnesium  incorporation  causes  the  high-energy  modes 
indirectly  by  creating  defects  or  by  lowering  the  Fermi  level  and  therefore  making  the  the  hydrogen 

complex  formation  likely  [11]. 

A~(L^  high-energy  modes  the  highly  Mg- 

7  ^  ‘  I  doped  samples  exhibit  new  vibrational  modes  in  the 

1  z(..)z  region  of  the  acoustic  and  optical  GaN  phonons.  We 

TT  J  1  S  =488  nm  found  structures  at  136  cm’\  262  cm'\  320  cm'*,  595  cm'^ 

3  I*  I  (M  PT  1 

xi  \  f.  and  656  cm'  .  Figure  2  displays  the  low-energy  part  of  the 

^  v/1  A  (TO)  ui  Raman  spectra  of  the  four  samples  in  the  same  sequence 

.•e  §  '  \  as  in  Figure  1.  The  broad  structures  centered  around 

c  ^  A  1  A 'a'  /  1  ^  ^  result  from  disorder- activated 

^  ^\y  1  scattering,  in  which  built-in  defects  yield  a  relaxation  of 

c  ^  1  o  I  '"the  q=0  selection  rule  for  first-order  Raman  scattering. 

This  interpretation  is  supported  by  the  fact  that  from 
sample  D  to  A  the  forbidden  A] (TO)  mode  at  533  cm'^ 
increases  considerably  in  intensity.  Limmer  et  al.  [12] 
reported  on  a  disorder-activated  Raman-mode  around 
300  cm"'  in  ion-implanted  GaN  which  is  close  to  our 
320  cm  '  mode.  Furthermore,  the  cut-off  at  340  cm  '  fits 
100  200  300  ^0°  “0  ™o  calculated  phonon  dispersion  curves  [13,  14]. 

aman  i  (cm  )  other  hand,  the  modes  at  136  cm"',  262  cm’'  and 

2;  Room^emperature  Ramm  spectra  gjg  ^ 

different  magnesitim  content  in  the  low-  acttvated  scattenng  stnce  the  phonon  denstty  of  states 
energy  range.  Apart  from  the  host  lattice  (PDOS)  does  not  exhibit  marked  structures  in  this 
phonons  five  additional  modes  are  observed,  frequency  range  [14].  Recently,  a  mode  at  656  cm’'  was 
The  peak  marked  by  an  asterisk  is  a  phonon  observed  in  GaN  after  annealing  at  1000°C  and  related  to 
from  the  sapphire  substrate.  ^  damaged- sapphire  substrate  [15].  The  mode  we 

observed  at  656  cm*'  is  of  different  origin  since  it  does  not  scale  with  the  intensity  of  the  sapphire 
mode  at  418  cm''  nor  with  other  modes  of  the  damaged-sapphire  at  e.g.  770  cm  '  but  rather  with  the 
Mg-concentration. 

We  thus  believe  these  structures  in  the  low-energy  range  to  be  correlated  with  magnesium.  Equation 
(1)  gives  us  a  rough  estimate  of  the  magnesium  local  vibrational  mode  frequency  from  the  effective 
masses  of  the  GaN  and  LVM  vibrations. 


Raman  Shift  (cm  )  On  the  ol 

Figure  2:  Room-temperature  Raman  spectra  ^^^-1 
(normalized  to  En  intensity)  of  GaN  with 
different  magnesium  content  in  the  low- 


®LVM 

Assuming  that  magnesium  occupies  a  gallium  site  we  obtain  a  value  of  about  640  cm''  for  N-Mg 
vibrations  using  =  co(E,  (TO))  =  560  cm"' . 

Though  the  656  cm''  mode  lies  in  the  range  of  the  optical  phonons  its  observation  may  be  possible 
because  the  PDOS  is  relatively  low  in  the  region  from  640  cm  '  to  675  cm  '  as  confirmed  by  second- 
order  Raman- scattering  [13]  and  time-of-flight  neutron  spectroscopy  [14].  We  hence  assign  the 
656  cm’'  mode  to  a  local  vibrational  mode  of  magnesium  in  GaN.  The  Mg-concentration  in  the 
lO'^  cm'^  range  is  apparently  sufficient  to  observe  the  LVM  without  resonant  excitation. 

The  nature  of  the  136  cm  '  and  262  cm  '  mode  remains  unclear.  Since  the  density  of  states  is  also 
relatively  low  in  the  energy  range  of  the  two  modes  in  question  it  is  conceivable  that  they  are  also 
LVM. 

We  did  not  observe  any  LVM  for  the  Si-  and  C-doped  GaN  samples  in  low-energy  range  nor  in  the 
high-energy  range. 


2.  Biaxial  Stress  due  to  incorporation  of  dopants 

Due  to  its  nonpolar  character  the  E2  phonon  frequency  is  a  good  measure  for  biaxial  stress  in  GaN 
layers.  Biaxial  compressive  stress  increases  the  phonon  frequency.  Values  of  4.2  cm'VGPa  [2], 
6.2  cm  '/GPa  [16]  and  7.7  cm  '/GPa  [17]  have  been  reported.  Figure  3  shows  the  dependence  of  the 
E2  frequency  on  the  dopant  concentration.  While  the  E2  values  remain  nearly  constant  between 
567  cm'^  and  568  cm  '  over  the  whole  doping  range  in  case  of  the  silicon  doping  series,  we  see  a 
strong  hardening  in  the  magnesium  series  for  Mg-concentrations  exceeding  MO'^  cm‘\  This 
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Figure  3:  Position  of  the  E2  mode  for  different  Figure  4:  E2  position  15.  Mg-concentration. 

doped  GaN  samples.  The  lines  show  the  predicted  behavior  using 

eq.  (2)  and  (3)  with  different  values  for  the 
bulk  E2  frequency  and  the  E2  shift.  The  values 
for  B  and  v  are  taken  from  Ref.  2. 

behavior  can  be  explained  by  the  different  size  of  the  dopant  atom  (rMj;=0.14  nm)  and  the  replaced 
host  atom  (rGa=0.126  nm).  Using  equation  (2)  one  can  calculate  the  influence  of  this  effect  on  the 
strain  [2]. 


Here,  N  is  the  number  of  lattice  sites  of  the  host  matrix,  C  the  dopant  concentration,  c  and  cq  the 
strained  and  unstrained  lattice  constant,  respectively.  Equation  (3),  where  B  is  the  bulk  modulus  and 
V  is  the  Poisson  ratio,  correlates  the  strain  with  the  biaxial  stress. 

a  =  E.-5  (3) 

Figure  4  shows  the  experimental  data  of  the  Mg-doped  samples  and  calculated  curves  with  different 
values  for  the  strain-free  E2  frequency  and  Aco(E2)/Ao.  It  is  obvious  that  the  observed  behavior  can 
be  explained  by  a  size  effect  qualitatively,  but  the  uncertainty  for  the  basic  GaN  material  parameters 
renders  exact  calculations  difficult. 

When  substituting  gallium  by  silicon  one  would  expect  the  same  effect  but  with  opposite  sign  since 
the  atomic  radius  of  silicon  is  smaller  than  that  of  gallium.  Surprisingly,  we  did  not  observe  any 
significant  shift  for  the  E2  frequency  up  to  a  silicon  concentration  of  MO^^cm'^.  The  highly  Si- 
doped  samples  do  also  exhibit  a  large  free-carrier  concentration  (see  next  chapter).  Therefore  we 


believe,  that  the  size  effect  is  compensated  by  the  change  of  the  lattice  constant  due  to  free  electrons 
[17].  Following  Ref.  18  a  free-carrier  concentration  of  5-10^^  cm‘^  should  increase  the  lattice 
constant  by  0.01%  which  equals  the  absolute  value  of  the  size  effect  caused  by  the  same  silieon 
concentration. 

The  carbon  concentration  of  the  samples  in  our  study  is  too  low  to  observe  a  significant  E2  shift. 

3.  Determination  of  the  free-carrier  concentration 

The  interaction  of  free  charge  carriers  with  longitudinal  optical  phonons  leads  to  the  observation  of 
longitudinal  phonon  plasmon  modes  (LPP)  [3].  If  damping  can  be  neglected  the  frequency  of  the 
LPP  modes  is  given  by  equation  (4). 

(cOlpp)^  =0-5  |wl  +  ±[((Ol  -4a)pC0T]4  (4) 


Here,  cOl  and  o>r  are  the  frequencies  of  the  LO  and  TO  phonons,  respectively.  The  plasmon 
frequency  is  correlated  with  the  free-carrier  concentration. 


(5) 


Figure  5:  Room-temperature  Raman  spectra  of 
different  Si-doped  samples.  The  inset  shows  the  carrier 
concentration  determined  by  Hall  and  Raman 


measurements  vs.  Si-content. 


In  equation  (5)  n  and  m*  are  the  concentration  and 
effective  mass  of  the  charge  carriers,  e„  the  high- 
frequency  dielectric  constant. 

In  Figure  5  the  spectra  of  five  samples  with  silicon 
concentrations  between  2.6-10*^  cm'^  (top)  and 
1.010^°cm"^  (bottom)  are  plotted.  The  two  highest 
doped  samples  exhibit  LPP'  modes  at  450  cm'’  and 
520  cm  ’.  The  Ai(LO)  mode  already  vanished  and 
therefore  the  LPP"^  mode  appears  at  2580  cm  ’  and 
1070  cm'’  (not  shown).  From  equations  (4)  and  (5) 
we  calculated  the  corresponding  carrier 
concentration  to  be  7.4T0’^cm'^  and  l.OTO’^cm'^, 
respectively.  Notice  that  in  both  spectra  a  structure 
at  around  650  cm'’  (**)  appears  which  is  only 
known  from  highly  doped  GaN  [19].  The  Ai(LO) 
mode  of  the  sample  with  a  silicon  concentration  of 
about  1.1- 10’®  cm'^  appears  slightly  asymmetric 
typical  for  carrier  concentrations  between  510’^ 
cm'^  and  MO’^  cm'^.  For  the  remaining  two 
samples  the  free-carrier  concentration  is  too  low  to 
cause  any  shift  or  broadening  of  the  Ai(LO)  mode 
and  cannot  be  determined  by  this  method.  The 
inset  of  Figure  5  compares  the  free-carrier 
concentration  determined  by  Hall  measurements 


and  by  Raman  speetroscopy  as  a  ftmction  of  the  silicon  concentration.  Both  data  sets  agree  well. 
Raman  spectroscopy  offers  the  advantage  that  the  free-carrier  concentration  can  be  determined  with 
a  spatial  resolution  better  than  1  pm  without  contacting  the  samples. 


Conclusions 

In  this  work  we  have  shown  that  a  variety  of  information  about  doped  GaN  crystals  can  be  obtained 
by  Raman  spectroscopy.  We  found  LVM  of  magnesium  in  the  region  of  the  host  lattice  phonons  as 
well  as  in  the  high-energy  range  which  now  may  serve  as  an  indicator  for  the  incorporation  of 
magnesium.  No  LVM  were  observed  for  our  Si-  and  C-doped  GaN  samples.  Doping  with  atoms  of  a 
different  size  than  the  substituted  ho.st  atom  causes  internal  stress  which  can  be  obtained  via  the  shift 
of  the  nonpolar  E2  mode.  For  Mg-doped  samples  we  found  that  the  biaxial  stress  increases  with 
dopant  concentration  while  in  case  of  silicon  the  size  effect  is  roughly  compensated  by  the  increasing 
free-carrier  concentration.  The  free  carrier  concentration  of  doped  GaN  can  be  determined  by  the 
frequency  of  the  LPP  modes. 
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ABSTRACT 

The  growth  of  InGaN  layers  was  carried  out  by  molecular  beam  epitaxy  (MBE).  The  nitrogen 
precursor  was  ammonia.  The  optical  and  structural  properties  of  the  InGaN  layers  have  been 
investigated  by  transmission  electron  microscopy  (TEM),  x-ray  diffraction  (XRD)  and 
photoluminescence  (PL).  For  optimized  growth  conditions,  the  PL  spectrum  of  InGaN  (x=0.1) 
alloy  is  narrow  (FWHM  <  50  meV)  and  the  Stokes  shift  measured  by  PL  excitation  is  weak  (<50 
meV),  i.e.  near  band  edge  transitions  are  observed.  Under  these  conditions,  flat  surfaces  can  be 
obtained,  and  InGaN/GaN  quantum  wells  (QWs)  with  sharp  interfaces  can  be  grown.  On  the 
other  hand,  when  growth  conditions  depart  from  a  narrow  optimum  window,  the  structural 
quality  of  the  samples  strongly  degrade,  whereas  the  luminescence  spectra  are  dominated  by 
deep  levels,  exhibiting  a  strong  Stokes  shift.  MBE  grown  light  emitting  diodes  (LEDs)  using 
InGaN/GaN  QWs  have  been  fabricated.  Their  electroluminescence  (EL)  peaks  at  440  nm  at 
300K. 


INTRODUCTION 

The  ternary  alloy  InGaN  has  a  direet  band  gap  ranging  from  1.9  eV  (InN)  to  3.4  eV  (GaN)  and 
has  now  shown  its  potentiality  for  light  emitters  in  the  visible  range  of  the  electromagnetie 
spectrum.  [1].  Most  of  the  nitride  based  structures  and  devices  are  currently  fabricated  using 
metal-organic  chemical  vapor  deposition  (MOCVD),  which  has  proven  its  ability  for  the  growth 
of  high  quality  nitrides  [1].  MBE  is  however  emerging  as  an  alternative  growth  technique.  It 
allows  the  use  of  high  efficiency  in  situ  characterization  tools  (reflection  high  energy  electron 
diffraction  (RHEED),  mass  spectroscopy...)  and  high  quality  GaN  can  be  grown  in  the  two 
versions  of  the  MBE  of  nitrides,  i.e.  using  NH3  or  an  N2  plasma  source  [2,3].  Presently,  apart 
MOCVD,  InGaN/GaN  QW  based  LEDs  have  been  reported  only  by  plasma-assisted  MBE 
growth  [4].  We  show  in  this  paper  that  NH3  is  also  well  suited  for  aehieving  InGaN/GaN  QWs 
with  sharp  interfaees.  LEDs  have  been  processed  from  that  material  and  exhibit  room 
temperature  EL  at  440  nm. 


EXPERIMENTS 

The  growth  of  GaN  and  InGaN  was  carried  out  in  a  Riber  32  P  MBE  system  equipped  with 
RHEED  and  laser  reflectivity  facilities.  Ga  and  In  were  provided  by  double-filament  effusion 
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cells.  A  flow  of  50  seem  of  purified  NH3  was  used  for  the  growth  of  both  GaN  and  InGaN. 
Before  growing  the  InGaN  alloys  or  QW  structures,  2  pm-thick  GaN  epilayer  were  deposited  on 
(0001)  sapphire  substrates  following  the  procedure  described  in  ref.  [3].  The  substrate 
temperature  was  decreased  around  600°C  to  grow  InGaN.  The  growth  rate  is  0.2  pm/h  and  the 
thicknesses  ranging  from  70  to  200  nm.  Concerning  the  In  composition,  it  has  been  checked  by 
XRD,  Rutherford  back  scattering,  and  RHEED  intensity  oscillations.  The  two  first  techniques 
give  roughly  the  same  In  composition  while  RHEED  leads  to  larger  values.  Actually,  RHEED 
intensity  oscillations  are  observed  only  at  the  beginning  of  the  growth.  Therefore,  a  growth 
transient  which  can  be  provoked  in  particular  by  In  surface  segregation  could  affect  the 
measurements.  The  structural  properties  of  the  layers  were  assessed  by  TEM  and  XRD.  The 
optical  properties  were  studied  by  PL  using  a  10  mW  HeCd  laser  as  excitation  source. 


RESULTS  AND  DISCUSSIONS 

The  specificity  of  InGaN  MBE  growth  with  NH3,  compared  to  plasma  sources,  is  the  cracking  of 
this  nitrogen  precursor  on  the  growing  surface  which  depends  on  the  substrate  temperature.  This 
implies  that  the  amount  of  nitrogen  active  species  is  a  function  of  the  substrate  temperature.  For 
instance,  it  has  been  reported  that  the  decomposition  of  NH3  below  450°C  is  insignificant  [5]. 
When  increasing  the  substrate  temperature,  the  NH3  efficiency  increases  too  but  remains  rather 
low  (4  %  at  700°C).  Therefore,  with  the  aim  of  growing  GaInN  alloy,  we  have  to  take  care  of  the 
high  dissociation  rate  of  InN,  the  high  In  volatility  and  the  NH3  cracking  efficiency  pattern.  We 
have  determined  that  the  best  InGaN  properties  are  obtained  for  temperatures  ranging  between 
570  and  620°C. 


Figure  1 :  9  K  PL  spectra  of  InGaN  layers 

Fig.  1  displays  two  low  temperature  (9  K)  PL  spectra  of  InGaN  layers  grown  at  ~600°C  with  a 
growth  rate  of  0.2  pm/h  (the  GaN  spectrum  is  given  in  Fig.  1(a)  as  reference).  The  indium 
compositions  are  6%  and  10%  in  Figs.  1(b)  and  1(c),  respectively.  A  sharp  PL  peak  (full  width 
at  half  maximum  (FWHM)  of  ~50  meV)  is  observed  for  the  two  In  compositions.  The  transition 


energies  are  3.22  eV  and  3.07  eV.  The  PL  spectra  of  InGaN  layers  exhibits  also  deep 
luminescence  on  the  low  energy  side  of  the  main  PL  peak.  Lfnfortunately,  interference  makes 
difficult  to  ascribe  this  luminescence  to  standard  shallow  donor  acceptor  pair  recombinations  or 
to  deep-levels,  or  other  origins  (In  rich  and/or  strain  relaxed  areas).  When  growth  conditions 
depart  from  an  optimum  window,  this  deep-level  PL  dominates  the  spectra.  Fig.  2  shows  a  cross 
section  TEM  image  of  a  thin  Ino.06Gao.94N  layer  (160nm)  deposited  at  570°C  and  0.18  pm/h  on 
GaN  template.  One  can  see  that  no  further  defects  are  introduced  in  the  InGaN  layer.  Only  the 
preexistent  dislocations  propagate  into  the  InGaN  layer  resulting  in  pits  at  the  surface  as  for  the 
case  of  MOCVD  growth  [6]. 


Figure  2:  TEM  image  in  cross  section  of  an  Ino.6Gao.94N  layer  grown  at  570°C  and  0.18  pm/h 

The  strain  state  of  the  Ino.06Gao.94N  layer  has  been  checked  by  XRD  reciprocal  space  mapping  of 
the  [-105]  and  [105]  reflections.  Fig.  3  shows  that  the  160nm-thick  InGaN  layer  is  almost 
perfectly  pseudomorphically  strained  onto  the  GaN  template. 
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Figure  3:  reciprocal  space  mapping  of  the  Ino.06Gao.94N  layer  grown  on  a  GaN  template 


Figure  4:  9  K  PL  spectra  of  a  GaInN  layer  (70nm)  and  of  a  3xInGaN(25A)/GaN(35A)  QWs 

The  InGaN  alloys,  previously  characterized,  have  been  used  to  grow  InGaN/GaN  QWs.  Fig.  4 
displays  the  9  K  PL  spectrum  of  3  GaInN/GaN  QWs  of  width  25  A.  The  In  composition  is  about 
10  %.  For  comparison,  the  upper  spectrum  in  Fig.  4  corresponds  to  a  bulk  GalnN  of  similar 
composition.  The  peak  energy  of  the  QW  sample  is  only  slightly  blue  shifted  (3.08  eV)  relative 
to  that  of  the  bulk  (3.07  eV).  Actually,  it  is  known  that  the  energy  of  nitride  QWs  is  determined 
by  the  interplay  between  quantum  confinement  and  polarization  field  [7,8]. 

LEDs  with  a  5  InGaN(25A)/GaN(35A)  active  region  have  been  grown  on  sapphire  by  MBE  and 
characterized  by  TEM.  Fig.  5  and  6  .show  low  magnification  and  high  resolution  TEM  image  of 
the  structure,  respectively.  One  can  clearly  distinguish  the  wells.  It  .should  be  remarked  that  the 
first  well  is  thinner  that  the  other  ones  (Fig.  7).  The  In  surface  segregation  effect  is  likely 
responsible  for  such  a  feature. 


Figure  5:  dark  field  TEM  image  of  the  5  GaInN(25A)/GaN(35A)  QWs  (LED  active  region) 


Figure  6:  high  resolution  TEM  image  of  LED  active  region 


The  room  temperature  electroluminescence  spectrum  of  the  LED  of  Figs.  5  and  6  is  reported  in 
Fig.  7.  The  EL  emission  is  in  the  blue  region  of  the  visible  electromagnetic  spectrum  with  EL 
maxima  at  440  nm  for  injection  currents  of  20  mA.  The  linewidth  of  the  EL  spectrum  is  40  nm. 
A  maximum  output  power  of  10  pW  at  20  nA  has  been  measured  using  a  calibrated  Si  diode. 
This  is  still  low  compared  to  the  current  MOCVD  state  of  the  art.  Nevertheless,  the 
demonstration  of  LEDs  based  on  InGaN/GaN  MQW  structures  grown  entirely  by  MBE  is 
encouraging  in  view  of  the  fabrication  of  more  sophisticated  devices.  Actually,  epitaxial  lateral 
overgrowth  (ELOG)  substrates  will  certainly  boost  the  MBE  based  nitride  device  development  in 
the  near  future. 
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Figure  7:  room  temperature  EL  of  a  LED  with  a  5  GaInN(25A)/GaN(35A)  QW  active  region 


CONCLUSIONS 


InGaN  layers  have  been  grown  by  MBE  using  ammonia  as  nitrogen  precursor.  The  PL  spectrum 
of  InGaN  (x<0.1)  alloy  is  narrow  (FWHM  <  50  meV)  and  TEM  reveals  InGaN  layers  of 
reasonable  quality.  They  are  pseudomorphically  strained  on  the  GaN  template  as  demonstrated 
by  XRD  reciprocal  space  mapping.  InGaN/GaN  quantum  wells  with  sharp  interfaces  have  been 
grown  and  inserted  in  the  active  region  of  LEDs.  Their  room  temperature  electrolumine.scence 
yields  blue  emission  at  440  nm  with  a  FWHM  of  40  nm. 
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ABSTRACT 

In  this  paper,  we  present  a  detailed  study  of  high  quality  (110)  ZnO  films,  epitaxially  grown 
on  R-plane  sapphire  substrates  by  metal-organic  chemical  vapor  deposition  (MOCVD).  The 
epitaxial  relationships  are  (112  0)  ZnO//(01 12)  AI2O3  and  [0  001]  ZnO//[0ll  1]  AI2O3  as 
confirmed  by  X-ray  diffraction  (0-20,  and  (ji-scan)  and  high-resolution  cross-sectional 
transmission  electron  microscopy  (HR-TEM).  Low  temperature  photoluminescence  (PL) 
indicates  the  ZnO  thin  films  are  almost  strain  free.  Optical  absorption  and  reflection 
measurements  with  linearly  polarized  light  indicate  a  strong  optical  anisotropy.  The  polarization 
rotation  towards  the  C-axis  associated  with  the  optical  anisotropy  is  utilized  to  demonstrate  an 
optically  addressed  ultra-fast,  ultraviolet  light  modulator. 

INTRODUCTION 

High  quality  zinc  oxide  (ZnO)  films  are  useful  for  many  applications.  One  of  the  more 
recent  applications  is  the  use  of  ZnO  as  a  substrate  for  growth  of  GaN  based  materials[l-3]  since 
the  lattice  mismatch  between  GaN  and  ZnO  is  relatively  small.  Due  to  a  lack  of  low  cost  ZnO 
substrates,  high-quality  ZnO  buffer  layers  on  other  substrates  are  of  particular  interest.  In 
addition,  it  is  also  possible  to  develop  UV  lasers  and  modulators  from  these  ZnO  films.  [4,5] 

The  most  common  technologies  used  for  depositing  ZnO  films  are  laser  ablation  and 
sputtering.  [6]  Improvements  have  been  made  through  triode  sputtering  and  other  new  deposition 
techniques.  Despite  these  advancements,  there  are  still  some  problems  associated  with  sputtering. 
Metal-organic  chemical  vapor  deposition  (MOCVD)[7,8]  is  an  alternative  technique  for  growth 
that  has  advantages  such  as  chemical  and  thermodynamic  dependent  growth,  control  at  the 
atomic  level,  large  area  deposition,  and  the  possibility  of  different  in  situ  doping  processes. 
While  most  research  has  focused  on  ZnO  films  grown  on  (0001)  oriented  sapphire  substrates 
(i.e.  C-plane  AI2O3),  less  research  has  been  done  on  ZnO  grown  on  other  planes.  In  this  paper  we 
report  a  detailed  study  of  the  properties  of  ZnO  grown  on  (0112 )  oriented  sapphire  (R-plane). 
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SAMPLE  GROWTH 


The  samples  used  in  this  study  were  grown  by  MOCVD.  R-plane  sapphire  was  used  as 
the  substrate.  The  precursors  used  were  DiEthyl  Zinc  (DEZn  -  (C2H5)2Zn)  and  O2.  Typical 
growth  conditions  are  as  follows:  chamber  pressure  of  20  to  50  torr;  a  growth  temperature  of  250 
to  600  °C;  and  a  total  carrier  gas  flow  from  the  top  of  5000  to  15000  seem.  The  thickness  of  the 
sample  is  1  p.m[9]. 

STRUCTURAL  PROPERTIES 


Figure  1  shows  the  x-ray  0-20  scans 
from  the  sample.  From  the  scan  we  found  that 
ZnO  film  has  a  (11  20)  orientation.  The  insert 
of  Figure  2  shows  the  (ji-scan  from  the 
{2130}  family  of  reflections  for  ZnO.  We 
found  that  the  angular  separation  is  180°,  the 
same  as  predicted  by  theory  for  a  single 
crystal.  Also  shown  is  the  ({)-scan  from  the 
{  12  3  5  }  family  of  planes  from  sapphire.  The 
position  of  the  {2130}  peaks  from  ZnO  and 
the  {  1 2  3  5  }  peaks  from  AI2O3  coincide  in  the 
(})-scans.  From  this  we  found  that  the  epitaxial 
relationship  for  ZnO  films  grown  on  R-plane 
sapphire  is: 


Figure  1 :  X-ray  20  scan,  insert:  (j)-scans  of  the 
{  213  0}  family  of  planes. 


(112  0)  ZnO//(  0112)  AI2O3  and  [0001]  ZnO//[  0111]  AI2O3. 


Figure  2  shows  a  cross-sectional 
TEM  lattice  image  of  the  interface  between 
ZnO  and  R-sapphire.  The  interface  is 
observed  to  be  atomically  sharp  and  semi- 
coherent.  The  18.3%  misfit  along  the 
[1100]  direction  of  ZnO  is  relieved  by 
extra  half  planes  on  the  sapphire  side  of  the 
interface.  On  average,  there  is  one 
disloeation  for  every  five  (iTOO)  planes. 
The  misfit  between  the  two  lattices  is 
completely  accommodated  by  misfit 
dislocations. 


Figure  2:  TEM  image  of  the  interface  between 
ZnO  and  R-sapphire.  The  view  is  along  the  c- 
axis  of  ZnO  . 


OPTICAL  PROPERTIES 


Figure  3(a)  shows  the  room  temperature  PL 
spectrum.  The  feature  at  3.28eV  is  due  to  band- 
edge  recombination.  The  broad  feature  at  2.35eV 
(green  emission)  is  the  recombination  of  free 
electrons  with  holes  via  interstitial  zinc,  or  via 
defects  at  the  grain  boundaries[10,ll].  From  Fig. 
3(a),  the  ratio  of  the  integrated  intensities  of  the 
band-edge  emission  to  the  deep  level  emission 
(broad  band  green  emission)  at  room  temperature  is 
approximately  3:1.  Similar  results  were  observed 
form  ZnO  grown  by  molecular  beam  epitaxy 
(MBE)[1]. 

Figure  3(b)  shows  the  low-temperature  PL 
spectrum  collected  at  1  IK.  The  peak  at  3.363eV  is 
from  donor-bound  exciton  (D®X)  transition,  while 
the  feature  at  3.320eV  is  from  the  acceptor-bound 
exciton  transition.  Note  that  the  position  of  the 
D”X  is  in  good  agreement  with  4K  PL  results  from 
bulk  ZnO[2]  indicating  that  the  thin  film  is  almost 
strain  free.  The  full  width  at  half  maximum  of  this 
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Figure  3:  Photoluminescence  from  ZnO/R- 
sapphire;  (a)  room  temperature,  (b)  10k. 


feature  is  about  6  meV,  compared  to  3  meV  (4.2K)  from  bulk  ZnO  and  8.9  meV  (4.2K)  from 
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Figure  4:  Transmission  and  Reflectivity  of  ZnO  on 
R-plane  sapphire  as  a  function  of  photon  energy 
for  light  polarized  parallel  (solid  lines)  and 
perpendicular  (dashed  lines)  to  the  c-axis  of  the 
ZnO. 


ZnO  grown  on  GaN/SiC  by  MBE,  indicating  a 
film  of  high  quality. 

We  have  observed  strong  optical 
anisotropy  from  the  ZnO  film.  Figure  4  shows 
the  transmission  T  and  reflectivity  R  of  the  ZnO 
film  measured  as  a  function  of  photon  energy 
for  light  polarized  parallel  and  perpendicular  to 
the  c-axis  of  ZnO.  Although  the  shape  of  the 
transmission  and  reflectivity  curves  are  similar 
for  the  two  polarizations,  the  curves  for  pHc  are 
shifted  to  higher  energy  by  ~20  meV  with 
respect  to  those  for  pic.  This  phenomenon  is 
primarily  related  to  the  anisotropy  in  absorption 
associated  with  the  polarization  selection 
rules  [12],  combined  with  the  separation  in 
energy  of  the  C  band  from  A  and  B  bands.  The 


energy  separation  of  A  and  B  bands  is 


unresolved  at  room  temperature.  From  a  linear  fit  to  the  square  root  singularity,  we  found  that  the 


separation  between  the  A(B)  and  C  bands  is 
about  21  meV,  which  is  significantly  smaller 
than  the  40  meV  separation  measure  in  bulk 
ZnO  at  low  temperature  (1.6K  to  4K).  The 
reason  for  this  is  still  unclear. 

For  normal  incident  light  linearly 
polarized  at  45°  with  respect  to  the  c-axis,  we 
have  observed  a  large  polarization  rotation 
toward  the  c-axis  (Figure  5).  This  rotation  is 
related  to  the  anisotropic  absorption  withll31 
e  =  Tan-'  [(T///T^)'^‘l-45° 
where  T//  and  Tjl  are  the  transmission  for  pUc 
and  pJ-C,  respectively.  A  maximum  rotation  of 
10°  occurs  at  3.335  eV.  This  rotation  was  used 
to  demonstrate  a  high-contrast,  high-speed  ultraviolet  light  modulator. 

OPTICAL  MODULATOR 

We  use  ultraviolet  pulses  with  a  center 
wavelength  corresponding  to  the  static  rotation 
maximum  to  test  the  modulator.  The 
polarization  of  the  prove  pulse  was  oriented  at 
45°  with  respect  to  the  c-axis  of  the  ZnO 
modulator.  Another  ultraviolet  pulse  (pump 
pulse)  is  used  to  control  the  intensity  of  the 
transmitted  probe  pulse.  The  transmission  of 
the  probe  at  the  photon  energy  corresponding 
to  the  maximum  static  rotation  was  monitored 
as  a  function  of  the  delay  time  between  the 
pump  and  probe  pulses.  A  phase  compensator 
and  polarizer  placed  after  the  modulator  were 
oriented  for  minimum  transmission  of  the 
probe  in  the  absence  of  the  pump[14]. 

Figure  6  shows  the  normalized  probe  transmission  T/To  through  the  crossed  polarizer  as 
a  function  of  time  delay.  To  is  the  transmission  in  the  absence  of  the  pump.  At  negative  time 
delays,  for  which  the  probe  precedes  the  pump,  T/To=l,  as  expected.  As  the  pump  and  probe 
pulses  become  temporally  coincident  in  the  modulator,  a  sharp,  pulse- width  limited  rise  in  probe 
transmission  is  observed  at  time  delay  i=0^  which  reaches  a  maximum  more  than  70  times 
greater  than  its  value  for  negative  time  delays.  This  peak  value  in  the  normalized  transmission  is 
defined  as  the  contrast  ratio  for  the  device.  The  pump-induced  transmission  possesses  an  initial 
decay  time  of  0.75  ps,  followed  by  a  slower  decay  to  a  quasi-equilibrium  value  within  100  ps 


Time  Delay  (ps) 

Figure  6:  Normalized  probe  transmission  as  a 
function  of  time  delay  between  the  pump  and 
probe  pulses. 


Figure  5;  Polarization  rotation  as  a  function  of 
photon  energy  for  normal  incident  light  linearly 
polarized  at  45®  with  respect  to  the  c-axis. 


(not  shown).  Subsequent  return  to  equilibrium  occurs  on  a  nanosecond  time  scale.  The  full  width 
at  half  maximum  of  the  modulation  curve  is  less  than  3  ps. 


CONCLUSION 

We  have  studied  the  structure  and  optical  properties  of  high  quality  epitaxial  (1120)  ZnO 
films  on  (0112)  sapphire  substrates.  The  epitaxial  relationship  has  been  determined.  TEM 
results  indicate  that  the  interface  is  semi-coherent.  A  sharp,  excitonic,  band-edge  PL  peak 
obtained  at  1 1 K  indicates  a  strain  free  film  that  exhibits  excellent  quality.  We  have  also  observed 
a  strong  optical  anisotropy  that  is  utilized  in  a  normal  incidence,  high-contrast,  ultraviolet  light 
modulator. 
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Abstract 

A  comparison  study  of  the  growth  of  aluminum  nitride  (AIN)  single  crystal 
epitaxy  on  6H-SiC  and  4H-SiC  substrates  has  been  performed.  The  material  has  been 
characterized  using  atomic  force  microscopy  (AFM)  and  reflective  high  energy  electron 
diffraction  (RHEED).  AIN  crystals  were  deposited  on  the  following  6H-SiC  substrates: 
singular  with  and  without  an  initial  SiC  epilayer,  and  3.5°  off-axis  with  and  without  an 
initial  SiC  epilayer.  AIN  crystals  were  deposited  on  8.0”  off-axis  4H-SiC  with  and 
without  initial  SiC  epilayers.  AFM  shows  that  the  deposition  of  AIN  on  6H-SiC  and  4H- 
SiC  with  an  initial  SiC  epilayer  displays  high  quality  quasi-two  dimensional  growth  as 
atomically  flat  or  step  flow  epitaxy. 

Introduction 

AIN  is  a  wide  band-gap  (Eg  =  6.2ev  at  RT)  semiconductor  material  that  is  suitable 
for  acoustic  and  visible  to  deep  ultraviolet  opto-electronic  semiconductor  devices  [1][2]. 
One  of  the  biggest  drawbacks  for  growing  nitride  materials  is  the  availability  of  suitable 
substrates  [3]  [2].  At  this  time  there  are  no  commercial  nitride  substrates,  but  researchers 
have  learned  to  grow  heteroepitaxially  on  semiconductors  such  as  silicon  carbide  (SiC) 
and  sapphire  (AI2O3)  to  produce  quality  single  crystal  AIN  material  [4]  [5]  [3]. 

In  this  paper,  the  surface  morphology  of  single  crystal  AIN  deposited  on  6H-SiC 
and  4H-SiC  substrates  with  and  without  initial  SiC  epilayers  are  compared  to  determine 
which  substrates  promote  superior  growth. 

Experimental  Procedure 

The  AIN  experiments  were  performed  in  a  low  pressure  MOCVD  reactor.  This 
reactor  possesses  a  vertical  pancake  configuration  and  is  heated  resistively.  The  AIN 
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depositions  were  performed  between  1 160"C  and  1 190"C  at  lOtorr  with  a  total  Hi  carrier 
flow  of  5L.  The  precursors  used  were  trimethylaluminum  (TMA)  and  5%  ammonia 
(NH4)  balanced  in  hydrogen  (H2). 

The  substrate  materials  for  the  experiment  were  6H  and  4H  single  crystal  SiC. 
All  of  the  substrates  were  supplied  by  Crcc  Research  with  bulk  dopings  on  the  order  of 
lO'^^cm''^.  The  epilayers  were  grown  on  the  SiC  substrates  by  vapor  phase  or  liqiud  phase 
epitaxy.  All  the  epilayers  were  approximately  4|.im  with  dopings  ranging  from  the  high 
lO'^’cm'^  to  low  lO'^cm'^  In  total,  there  were  7  different  silicon-faced  substrates.  The 
substrates  were  as  follows: 


Table  1 .  SiC  Substrate  Material 


Poly  Type 

Orientation 

Epilayer* 

6H 

singular 

n-type 

6H 

3.5”  off-axis 

p-type 

6H 

3.5”  off-axis 

p4-type 

6H 

singular 

none 

6H 

3.5”  off-axis 

none 

4H 

8”  off-axis 

p-type 

4H 

8"  off-axis 

none 

*  On-f>xis  by  LPE  anti  off-axis  by  VPl- 


Several  surface  cleaning  experiments  were  performed  to  determine  the  best 
method  for  sample  preparation  before  growth.  Three  different  cleaning  procedures  were 
performed  for  both  6H  and  4H-SiC  substrates  without  epilayers.  After  being  cleaned,  the 
growth  surfaces  were  compared  using  RHEED. 

For  the  first  cleaning  procedure,  two  substrates,  one  6H  and  one  4H,  were 
prepared  by  a  thorough  cleaning  using  standard  solvents,  trichloroethylene  (TCE), 
acetone,  and  methanol.  The  two  samples  were  then  placed  in  the  reactor,  ramped  up  to 
1200”C  in  H2,  and  allowed  to  sit  for  10  minutes.  The  second  cleaning  procedure  was 
exactly  the  same  as  the  first  except  the  two  samples  were  ramped  up  to  1200‘’C  in 
vaccum.  As  for  the  last  procedure,  two  substrates  ,  one  6H  and  one  4H,  were  prepared 


by  a  thorough  cleaning  using  standard  solvents,  trichloroethylene  (TCE),  acetone,  and 
methanol.  The  samples  were  then  cleaned  in  a  standard  RCA  sequence  as  follows:  HNO3 
heated  to  70'’C  for  15  minutes;  followed  by  a  1:1:5  mixture  of  NH4OH:H202:H2O  heated 
to  70°C  for  15  minutes;  followed  by  a  1:1:5  mixture  of  HCl:H202:H2O  heated  to  70°C  for 
15  minutes;  50:1  H20:HF  for  1  minute.  After  the  acid  etches,  the  substrates  were  rinsed 
in  deionized  water  and  blown  dry  with  filtered  nitrogen 


Figure  1.  RHFFD  patterns  of  (A)  6H-SiC  annealed  at  1200°C  in  H2  for  10  min  (B) 
6H-SiC  prepared  with  RCA  (C)  4H-SiC  annealed  at  1200°C  in  H2for  10  min.  and 
(D)  4H-SiC  prepared  with  RCA.  RHFFD  for  samples  annealed  in  vacuum  resemble 
the  RHFFD  for  the  sample  annealed  in  H2. 

The  cleaning  procedure  which  included  the  RCA  clean  produced  the  “best” 
RHFFD  (Figs.  IB  and  ID).  Therefore,  all  of  the  6H-SiC  and  4H-SiC  substrates  were 
prepared  by  a  thorough  cleaning  using  standard  solvents  and  then  cleaned  using  the  RCA 
sequence.  We  noted  that  whatever  the  cleaning  procedure  the  oxidation  removal  from  the 
6H-SiC  was  more  complete  than  on  4H-SiC. 

Directly  after  cleaning,  AIN  was  deposited  using  various  growth  parameters 
optimized  for  the  type  of  substrate  in  relation  to  crystallinity.  Following  each  deposition. 


RHEED  was  performed  to  determine  the  degree  of  crystallinity  (Figure  2).  If  a  sample 
displayed  poor  crystallinity,  the  growth  was  re-optimized  in  relation  to  the  temperature  or 
V/III  ratio  and  repeated.  After  growth,  the  surfaces  of  the  AIN  epitaxy  were  analyzed 
using  AFM  to  determine  quality  and  type  of  growth  . 


Figure  2.  Typical  RHEED  patterns  of  (A)  AlN/6H-SiC  smooth  surface  (B)  AlN/6H-SiC 
rough  surface  (C)  AlN/4H-SiC  smooth  surface  and  (D)  AlN/4H-SiC  rough  surface. 


Results  and  Discussion 

The  morphology  of  AIN  deposited  on  6H-SiC  with  a  intermediate  SiC  epitaxial  is 
shown  in  Figures  3-5.  In  all  cases  a  quasi  2-D  step  flow  growth  is  observed.  We  note 
that  these  are  not  atomic  steps,  but  are  at  least  40  angstroms  in  height  and  probably 
represent  step  bunching.  The  average  measurement  of  roughness  of  the  surfaces  was  1 7 
to  25  nm.  When  AIN  is  deposited  on  6H-SiC  without  epitaxial  growth,  we  have  seldom 
observed  step  flow  like  growth.  Figure  6  and  7  show  morphology  that  is  typical  of 
growth  directly  on  6H-SiC  substrates.  This  growth  is  randomly  nucleated.  This  type  of 
growth  is  characterLstic  of  nitride  material  on  a  substrate  without  a  buffer  layer  [6]  [7]. 


growths  on  SiC,  we  were  able  to  obtain  step  flow  growth  when  the  starting  contained  an 
initial  epitaxial  layer.  Like  the  6H-SiC  ,  the  4H-SiC  with  initial  SiC  epilayers  (Figure  8  ) 
displayed  either  a  smooth  surface  or  a  step  flow  growth.  In  relation  to  figure  8,  the  AIN 
on  4H-SiC  sample  with  an  initial  p-type  epilayer  displays  high  quality  step  flow  growth 
with  a  surface  step  to  step  height  of  approximately  14nm. 

Again  like  the  6H-SiC,  the  4H-SiC  samples  (Figs.  9  and  10)  without  an  initial 
epilayer  displayed  3-D  random  nucleated  growth.  The  islands  formed  in  relation  to  the 
nucleation  are  small,  approximately  30nm  above  the  coalesced  surface,  and  independent. 


Onm  iOOOnm  2000nm 

Figure  8.  AlN/p-type  epi/4H-SiC  off-axis 


Figure  9.  AlN/4H-SiC  off-axis  Figure  1 0.  AlN/4H-SiC  off  axis 


Conclusion 


AIN  was  deposited  on  off-axis  and  singular  6H  and  4H-SiC  substrates  with  and 
without  initial  SiC  epilayers.  All  of  the  AIN  deposited  on  the  SiC  with  initial  epitaxial 
layers  displayed  relatively  flat  surface  or  step  flow  growth.  The  AIN  deposited  on  the 
singular  6H-SiC  with  the  n-type  initial  SiC  epilayer  and  on  the  off-axis  6H-SiC  with  the 
p-type  initial  SiC  epilayer  achieved  atomically  smooth  morphology.  The  other  samples, 
AIN  deposited  on  off-axis  6H-SiC  with  an  initial  n-type  SiC  epilayer  and  AIN  deposited 
on  singular  4H-SiC  with  an  initial  p-type  SiC  epilayer,  achieved  high  quality  2-D  step 
flow  growth. 
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ABSTRACT 

Metal  organic  vapor  phase  epitaxy  (MOVPE)  of  GaN  has  been  carried  out  using  diethyl 
gallium  chloride  (DEGaCl)  and  ammonia.  The  growth  rate  and  efficiency  of  the  DEGaCl-based 
growth  decreases  with  increasing  temperature  when  compared  to  trimethyl  gallium  (TMG)-based 
growth  under  similar  conditions.  Both  low  temperature  buffer  and  the  high  temperature  GaN 
layers  were  grown  using  the  DEGaCl-NHs  precursor  combination  on  the  basal  plane  of  sapphire 
and  compared  to  similar  structures  grown  using  TMG  and  NH3.  DEGaCl-based  growth  reveals 
an  improved  growth  behavior  under  identical  growth  conditions  to  the  conventional  TMGa  and 
ammonia  growth.  X-ray,  Hall,  and  atomic  force  microscopy  (AFM)  measurements  have  been 
carried  out  on  these  samples  providing  a  direct  comparison  of  materials  properties  associated 
with  these  growth  precursors.  For  the  DEGaCl-based  growth,  the  x-ray  rocking  curve  line  width, 
using  the  (0002)  reflection,  is  as  low  as  300  arcsec  on  a  2.5-niicron  thick  film.  A  RMS  surface 
roughness  of  ~0.5nm  measured  over  a  10x10  micron  area. 

INTRODUCTION 

GaN  and  related  materials  have  been  extensively  investigated  due  to  their  potential 
applications  in  short  wavelength  optoelectronics  and  high  temperature,  high  power,  high 
frequency  electronics'.  Metalorganic  vapor  phase  epitaxy  (MOVPE)  and  hydride  vapor  phase 
epitaxy  (HVPE)  have  been  widely  used  and  have  generated  materials  with  electrical  and  optical 
properties  suitable  for  some  device  applications^.  The  growth  conditions  and  hence  the  resulting 
materials  properties  in  these  two  systems  are  different  due  to  the  different  gallium  precursors, 
operating  conditions  and  reactor  structure.  MOVPE  commonly  uses  trimethyl  gallium  or  triethyl 
gallium,  which  can  have  complicated  gas  phase  chemistry  including  the  formation  of  adducts 
with  NH3.  HVPE  utilizes  GaCl  generated  in  situ  through  the  reaction  of  liquid  Ga  with  HCl. 
The  gas  phase  chemistry  is  potentially  simpler  than  that  in  MOVPE  system.  Slow  gas  phase 
switching  times  and  the  general  difficulties  in  growing  Al-based  materials  hamper  the  use  of  the 
HVPE  technique  to  applications  involving  heterojunctions.  GaN  produced  by  the  HVPE 
technique  does  result  in  a  greatly  reduced  intensity  of  the  defect-based  luminescence  referred  to 
as  the  yellow  band  (YL)  when  compared  to  the  TMG-based  materials.  This  has  been  attributed 
to  the  lack  of  carbon  in  the  HVPE  growth  system  but  is  present  in  the  growth  sources  used  in 
MOVPE-growth  systems.  Intentional  introduction  of  carbon  into  HVPE  materials  can  result  in 
the  appearance  of  YL^.  If  a  controlled  amount  of  GaCl  can  be  introduced  into  a  cold  wall 
MOVPE  reactor,  a  low  carbon  source  could  be  combined  with  the  advantages  of  the  MOVPE 
reactor  environment. 

Diethyl  gallium  chloride  (DEGaCl)  is  used  here  as  a  Ga  source  in  GaN  growth.  DEGaCl 
will  decompose  to  GaCl  through  the  P-elimination  reaction  in  the  gas  phase  allowing  the  in  situ 
formation  of  GaCl  at  relatively  low  gas  phase  temperatures: 
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{C^H,)^GaCl  GaCl  +  2C,H,  +  H, 


This  source  was  successfully  used  in  GaAs  growth  that  resulted  in  high  uniformity,  low  carbon 
content  GaAs  filin'*  ^  GaAs  selective  area  growth,  with  a  complete  selectivity  of  GaAs  growth 
with  respect  to  Si02,  Si3N4,  and  AI2O3  masking  materials,  has  been  demonstrated  over  a  wide 
range  of  process  window'’’^’**.  The  temperature  range  for  GaAs  using  this  source  was  400-800°C 
and  the  higher  temperature  range  of  1000-1 150°C,  required  for  conventional  GaN  growth,  has 
not  been  investigated.  We  report  here  on  the  use  of  diethyl  gallium  chloride  (DEGaCl)  for  the 
large  area  growth  of  GaN  within  a  MOVPE  system.  The  present  work  demonstrates  the  utility  of 
the  DEGaCl  source  in  GaN  epitaxial  growth. 

EXPERIMENTAL  PROCEDURE: 

The  GaN  growth  was  carried  out  in  a  horizontal  MOC VD  reactor  operated  at  a  pressure  of  76 
Torn  RE  induction  was  used  to  heat  the  graphite  susceptor.  Trimethyl  gallium  (TMGa),  diethyl 
gallium  chloride  (DEGaCl)  and  NH3  were  used  as  precursors  in  a  hydrogen  carrier  gas.  The 
DEGaCl  bubbler  was  kept  at  60  T  which  requires  a  heated  source  line  to  the  reactor.  Sapphire 
c-plane  substrates  were  initially  etched  in  H3P04:H2S04=1:3  solution  at  70'’C  for  15  minutes, 
loaded  into  the  reactor  and  then  heated  in  a  flowing  H2  ambient  to  1  lOO^’C  for  10  minutes  prior  to 
the  growth.  Three  comparison  sample  structures  were  used  in  this  study.  Samples  A  and  C 
consists  of  an  all  DEGaCl  or  all  TMGa-based  growth  respectively,  allowing  comparison  of  the 
growth  chemistry  under  identical  growth  process  conditions.  Sample  B  is  a  structure  comprised 
of  an  initial  GaN  layer  that  is  identical  to  Sample  C  with  an  additional  homoepitaxial  GaN  layer 
grown  using  DEGaCl.  Samples  A  and  B  have  a  similar  final  thickness  allowing  a  comparison  of 
the  impact  of  the  initial  nucleation  of  the  GaN  buffer  layer  on  materials  properties.  These 
structures  are  summarized  in  Table  1 . 

All  buffer  layers  were  deposited  at  a  temperature  of  525”C  and  heated  at  a  rate  of  25"C 
per  minute  to  1050"C,  then  annealed  at  1050"C  for  10  minutes.  The  subsequent  GaN  epilayers  in 
all  samples  were  grown  at  a  temperature  of  1000  to  1 150"C  for  1  hour.  The  additional  GaN  layer 
grown  in  Sample  B  using  the  DEGaCl  source  was  initiated  by  heating  the  sample  structure 
(Sample  C)  to  the  growth  temperature  under  a  high  NH3  partial  pressure  and  directly  starting  the 
subsequent  growth.  The  typical  gas  flows  employed  were  65)j.mol/min  for  Ga,  4.9  slm  for  NH3 
and  an  additional  4  slm  for  H2  carrier  gas. 

Crystalline  quality  was  measured  by  double  crystal  x-ray  rocking  curve  at  (002)  and  (104) 
Bragg  peaks.  Surface  morphology  was  determined  using  an  atomic  force  microscope  (AFM). 
Room  temperature  Hall  and  C-V  measurements  were  also  obtained. 

RESULT  AND  DISCUSSION: 

Figure  1  shows  the  growth  efficiency,  which  is  related  to  the  growth  rate,  as  a  function  of 
growth  temperature  using  DEGaCl  and  TMGa.  The  growth  efficiency  (GE)  is  defined  as  the 
thickness  of  epitaxial  film  GaN  (pm/min)  deposited  per  Ga  source  flux  (pmole/min)  in  the 
reactor  feed.  This  calculation  considers  TMGa  source  to  be  monomeric  in  the  gas  phase  while 
DEGaCl  gas  phase  consists  of  both  dimeric  and  monomeric  species.  DEGaCl  gas  phase  at  60"C 
has  a  dimer  mole  fraction  of  0.75^.  The  GE  for  both  TMGa  and  DEGaCl  increases  with 
increasing  temperature  over  the  range  1000  to  1050  "C.  At  higher  temperature,  the  GE  of  TMGa 
source  was  nearly  temperature  independent  over  the  range  of  1050  "C  to  1150  "C,  typical  of  a 
mass-transport-limited  growth.  The  GE  of  DEGaCl  source,  however,  decreased  with  increasing 
temperature  from  1050  ”C  to  1150  ‘C.  This  behavior,  we  believe,  can  be  attributed  to 


thermodynamic  factors.  In  the  case  of  GaAs  growth  from  DEGaCl,  the  growth  rate  is  mass 
transport  limited  from  550-850  "C,  which  was  the  upper  limit  of  the  investigated  temperature 
range'^.  The  simplest  set  of  chemical  reactions  important  at  the  GaN  growth  front  in  the  case  of 
DEGaCl  are  summarized  as: 

{C^H^)^GaCl  GaCl  +  2C^H^  +  H^ 
GaCl  +  NH^^  GaN +  HCl  +  H^ 

GaN^-HClC>  GaCl+-N,^-H, 

The  last  reaction  implies  equilibrium 
between  the  steady  state  concentrations  of 
HCl  and  GaCl  at  the  growth  front.  The 
MOVPE  growth  front  has  often  been 
considered  to  be  near  thermodynamic 
equilibrium  in  many  cases  If  this  is  the 
case  for  the  high  temperature  growth  of  GaN, 
the  supersaturation  at  the  growth  front  will 
decrease  with  increasing  temperature  due  the 
reversible  reaction  associated  with  the  HCl 
reacting  at  the  GaN  surface. 

The  growth  rate  of  GaN  at  a  temperature  of  1050°C  as  function  of  the  carrier  gas  flow 
rate  into  the  bubbler,  for  both  DEGaCl  and  TMGa,  is  presented  in  Figure  2.  The  Ga  flux,  nca  in 
moles/min,  is  calculated  as: 

22400(P, 

where  is  the  flow  rate  of  H2  carrier  gas  through  the  bubbler,  source  is  the  vapor  pressure  of 

DEGaCl  at  the  bubbler  temperature,  Pt  is  the  total  pressure  within  the  bubbler,  and  a  is  factor 
describing  the  degree  of  associating  of  the  Ga  source  and  assumes  a  value  greater  than  unity,  i.e. 
a=l  for  a  monomeric  source,  2  for  a  dimeric  source,  and  so  on.  The  DEGaCl  source  has  a  much 
lower  vapor  pressure  (0.5  Torr  at  60”C)  than  TMGa 
source  (30  Torr  at  -10"C),  requiring  a  larger  flow  rate 
of  the  carrier  gas  H2  in  order  to  carry  out  the  same 
amount  of  Ga  precursor.  The  GaN  growth  rate  of 
using  TMGa  is  linearly  dependent  on  Ga  flux  into  the 
reactor,  which  is  linear  with  H2  carrier  gas  flow  rate 
through  the  bubbler.  The  GaN  growth  rate  from 
DEGaCl  may  have  an  indication  of  saturation  at  high 
carrier  gas  flow  rates.  This  saturation  is  most 
probably  due  to  source  supply  limitations  at  high 
carrier  gas  rates  due  to  the  low  vapor  pressure  of  the 
DEGaCl. 

Typical  AFM  images  of  the  GaN  surface 
morphology  for  sample  structures  A,  B,  and  C  are 
given  in  Figure  3.  The  surface  of  both  Samples  A 
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Figure  1 :  The  GaN  growth  efficiency,  which  is 
the  ratio  of  the  GaN  film  growth  rate  (pm/min) 
to  Ga  molar  feed  (mol/min)  into  the  reactor  as 
a  function  of  temperature  for  both  DEGaCl  (- 
A-)  and  TMGa  (-•-) sources. 


and  B  were  obtained  using  DEGaCl  source.  The  GaN  surface  morphology  of  these  samples  is 
quite  smooth  with  sharp  faceted  step  edges  being  readily  apparent  in  the  micrographs.  The 
Sample  C,  grown  using  only  the  TMGa  source  for  both  buffer  and  high  temperature  layers,  has  a 
morphology  typical  of  MOVPE  GaN  layers  with  a  smooth  surface  and  meandering  steps.  The 
average  RMS  roughness  of  Sample  A  was  ~  0.5nm  measured  by  AFM  over  a  10x1 0-micron 
area.  The  all-TMGa  sample,  Sample  C,  was  slightly  rougher  with  a  RMS  roughness  value  of 
-1.1  nm.  The  difference  in  surface  morphology  can  be  attributed  to  the  presence  of  the  GaCl 
source  at  the  growth  front.  Vapor  phase  epitaxy  or  VPE,  utilizing  inorganic  halogen-based 
sources,  can  often  lead  to  more  faceted  growth  than  MOVPE.  The  local  thermal-equilibrium  at 
the  growth  front  implies  the  possibility  of  an  etching  or  back-reaction  reaction  as  indicated  in  the 
chemical  reaction  scheme  outlined  above.  Surface  asperities  and  defects  would  be  active  sites  for 
the  removal  of  GaN  from  the  surface,  through  these  back  reactions,  resulting  in  a  reduction  in 
surface  roughness  and  the  promotion  of  specific  crystal  facets.  Additionally  many  chemical 
impurities  form  volatile  chloride  species  enabling  the  possibility  of  higher  purity  films  at  these 
elevated  temperatures. 

The  measured  thin  film  properties  for  these  structures,  grown  at  1050°C,  are  given  in 
Table  1.  The  x-ray  rocking  curve  line  width,  using  the  (0002)  reflection,  was  as  low  as  300 
arcsec  on  a  2.5-micron  thick  film  for  Sample  A,  utilizing  an  all-  DEGaCl  chemistry.  The  carrier 
concentration  was  measured  to  be  as  low  as  IxlO'^’  cm'^  by  high  frequency  C-V  measurement. 
Hall  data  yielded  a  much  higher  value  for  the  carrier  concentration  than  C-V  data.  The  carrier 
concentration  in  our  samples  is  very  high  near  the  initial  growth  interface  due  to  the  highly 
defected  region  at  the  GaN/sapphire  interface.  The  Hall  measurement  data  of  Samples  B  and  C 
can  be  analyzed  by  a  simple  two-layer  Hall  effect  model  allows  the  bulk  electrical  parameters  to 
be  extracted''.  We  can  use  the  measured  properties  on  Sample  C  as  input  into  such  an  analysis, 
allowing  the  electrical  properties  of  the  subsequently  grown  DEGaCl-based  layer  to  be 
estimated.  The  calculated  results  indicate  that  the  top  DEGaCl-based  GaN  film  in  Sample  B  had 
a  mobility  of  600  cm'^/V  sec  and  a  carrier  concentration  of  2x10"’  cm  "’,  which  agrees  well  with 
the  C-V  data  on  this  sample. 


Figure  3:  The  GaN  surface  morphology  was  determined  by  Atomic  Force  Microscopy  (AFM) 
for  samples  grown  using  DEGaCl  or  TMGa  source.  The  sample  images  are  obtained  over  a 
10x10  micron  area.  The  full  range  of  height  (Z)  is  indicated.  The  sample  structure  and  related 
film  properties  are  given  in  Table  1 . 


Additional  DEGaCl-based  GaN  film  properties  as  a  function  of  temperature  and  V/in 
ratio  are  given  in  Figure  4.  The  carrier  concentration  was  measured  by  C-V  technique  and  the  X- 
ray  diffraction  rocking  curve  was  measured  at  both  (002)  and  (104)  Bragg  reflections.  The  GaN 
crystal  quality  increased  with  increasing  growth  temperature  over  1000"C  to  1 100°C.  V/III  ratio 
has  an  optimized  value  of  ~  3500  at  a  temperature  of  1050"C  in  our  reactor. 


Table  1.  GaN  film  properties  for  sample  structures  A,  B,  C  grown  at  1050°C 


Sample  Structure 

Sample  A 

Sample  B 

Sample  C 

Properties 

DEGaCl  buffer  and 
high  temperature 
layer 

DEGaCl  hish 
temperature  layer 
on  Sample  C 

TMGa  buffer  and 
high  temperature 
layer 

X-ray  FWHM  (arcsec)  at 
(0002) 

300” 

550” 

700” 

RMS  Roughness  (nm) 
over  lOxlOpm  area 

0.51 

1.14 

1.18 

Hall  Concentration  (cm'^) 

IxlO*"* 

3x10^^ 

2.5x10*" 

Hall  Mobility  (cmW-sec) 

80 

80 

62 

CV  Concentration  (cm'"*) 

1x10^^ 

2x10^^ 

2x10*^ 

Thickness  (pm) 

2.5 

0.7+1. 5=2.2 

1.5 

Figure  4:  The  change  in  GaN  materials  properties  with  growth  temperature  (Fig.  4a)  and  inlet 
V/III  ratio  (Fig.  4b)  were  obtained  for  films  grown  using  the  DEGaCl  source.  The  structural 
quality  were  measured  by  x-ray  rocking  curves  about  the  (002)  and  (104)  Bragg  reflections, 
symbols  -A-  and  respectively.  The  carrier  concentration  (-•-)  was  obtained  by  C-V 
measurement. 


SUMMARY: 

The  diethyl  gallium  chloride  (DEGaCI)  source  was  first  studied  for  GaN  growth  in  a 
MOVPE  reactor.  This  Cl-based  precursor  exhibits  a  difference  in  growth  rate  and  efficiency 
from  the  conventional  TMGa-based  growth.  The  DEGaCl-bascd  growth  efficiency  decreases 
with  increasing  temperature  indicating  that  the  growth  front  may  be  close  to  local 
thermodynamic  equilibrium.  The  presence  HCl-related  reactions  at  the  growth  front  can 
influence  the  surface  morphology  and  chemical  purity  by  providing  reaction  pathways  for  the 
removal  of  surface  structural  and  chemical  defects  and  impurities.  The  DEGaCI  source  provides 
a  reduced  carbon  growth  chemistry  within  a  MOVPE-based  reactor. 
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ABSTRACT 

Identification  of  the  electronic  band  structure  in  AUnGaN  heterostructures  is  the  key  issue  in 
high  performance  light  emitter  and  switching  devices.  In  device-typical  GaInN/GaN  multiple 
quantum  well  samples  in  a  large  set  of  variable  composition  a  clear  correspondence  of  transitions 
in  photo-  and  electroreflection,  as  well  as  photoluminescence  is  found.  The  effective  band  offset 
across  the  GaN/GaInN/GaN  piezoelectric  heterointerface  is  identified  and  electric  fields  from  0.23 
-  0.90  MV/cm  are  directly  derived.  In  the  bias  voltage  dependence  a  level  splitting  within  the  well 
is  observed  accompanied  by  the  quantum  confined  Stark  effect.  We  furthermore  find  direct 
correspondence  of  luminescence  bands  with  reflectance  features.  This  indicates  the  dominating 
role  of  piezoelectric  fields  in  the  bandstructure  of  such  typical  strained  layers. 

INTRODUCTION 

Heterostructures  of  GalnAlN  alloys  cover  a  wide  range  of  electronic  band  gap  energies  and  in 
combination  with  their  physical  stability  provide  an  ideal  wide  bandgap  system  that  in  contrast  to 
the  family  of  SiC  allows  for  advanced  bandgap  engineering  over  a  wide  energy  range.  Along  with 
this  advantage  comes  the  challenge  of  a  large  lattice  mismatch  between  the  binary  constituents  and 
large  biaxial  stress  in  heteroepitaxy  is  the  immediate  consequence.  Yet,  owing  to  a  great 
mechanical  stability,  mismatch  of  up  to  2  or  3  %  is  readily  supported  in  GaInN  films  of  40  nm 
thickness  [1,2].  As  we  have  shown  in  x-ray  k-space  mapping  of  both  lattice  constants  a,  within  the 
growth  plane,  and  c,  along  the  growth  direction,  pseudomorphic  growth  can  be  achieved  in  AljGa/. 
yN  for  y  <  0.25  (thickness  500  nm)  and  Ga^-xImN  x  <  0.2  (thickness  40  nm)  [1]. 

Biaxial  strain  in  wurtzite  with  partly  ionic  bonding  directly  lead  to  large  piezoelectric  effects. 
This  is  evidenced  directly  by  strong  Franz-Keldysh  oscillations  (FKOs)  in  strained  GaInN  films 
[3,4,5]  and  by  a  quantum  confined  Stark  effect  in  the  luminescence  shift  of  GaInN/GaN  quantum 
wells  [6].  Similar  results  have  been  observed  in  AlGaN/GaN  quantum  wells  [7].  While  early 
piezoresistive  measurements  indicate  very  large  piezoelectric  coefficients  [8]  summarized  in  the 
quasi-cubic  coefficient  eu  =  0.56  C/m^  and  even  higher  values  are  predicted  in  first  principles 
calculations  =  0.79  C/m^  [9]  we  derive  more  modest  values  of  €14  =  0.1  C/m^  from  the 
interpretation  of  FKOs  [5].  These  smaller  values  are  also  in  line  with  a  trend  of  other  compounds 
versus  their  ionicity  [10].  The  immediate  question  is  the  role  these  effects  play  in  the  unexpected 
properties  of  GaInN/GaN  heterostructures  and  devices.  To  this  end  we  here  perform  a 
photoreflection  (PR),  electroreflection  (ER)  and  photoluminescence  (PL)  analysis  of  a  series  of 
device-typical  Gay.JmN/GaN  multiple  quantum  well  structures. 
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EXPERIMENTAL 


Pseudomorphic  Ga/.JnvN/GaN  heterostructures  were  grown  along  the  c-axis  by  metal  organic 
vapor  phase  epitaxy  (MOVPE)  on  sapphire  using  low  temperature  deposited  AIN  buffer  layers  [6], 
Samples  consist  of  5  sequences  of  nominally  undoped  L;=3  nm  Ga/.  Jn,N  wells  embedded  in  6  nm 
GaN  barriers.  The  maximum  composition  is  estimated  to  be  a-  =  0.2.  At  this  barrier  width 
coupling  of  states  between  the  wells  is  strongly  suppressed.  The  .set  is  grown  either  directly  on  2 
pm  GaN  or  embedded  in  a  GaN  /)/7-junction  with  the  ^-side  and  a  transparent  contact  on  top.  For 
reflection  mea.surements  we  used  a  Xe  white  light  source  and  a  325  nm  40mW  HeCd  laser  for 
modulation  (PR).  The  same  laser  was  used  for  PL.  In  ER  a  sinusoidal  voltage  of  0.2  Vpp  at  2  kHz 
and  a  variable  offset  was  applied  to  modulate  reflection  in  the  /J77-diode  sample.  All  experiments 
were  performed  at  room  temperature. 

PHOTOREFLECTION  AND  LUMINESCENCE  IN  GaInN/GaN  MQW 

PL  and  PR  on  nine  samples  with  different  well  composition  are  presented  in  Fig.  1  in  the 

sequence  of  the  PL  peak  energy.  A 
series  of  narrow  oscillations 
arbitrarily  labeled  Co  ...  C4  appears  in 
the  range  of  3.2  -  3.7  eV  range. 
Even  sharper  modulation  appears 
near  3.42  eV  (for  the  present  purpose 
labeled  No).  A  series  of  weaker  but 
broad  PR  contributions  N\  - 
appears  at  lower  energy  the  lowest  of 
which  has  its  maximum  very  close  to 
the  PL  peak  energy  of  the  respective 
sample.  This  finding  is  in  contrast  to 
results  by  Chichibu  et  al.  f  1 1  ]  where 
PR  signal  can  be  identified  only  at 
higher  energies.  Those  levels  would 
possibly  correspond  to  levels  N]  or 
N2  in  our  samples.  A  different  signal 
amplitude  may  have  contributed  in 
this  discrepancy.  From  the  clear 
signature  of  N^,,  both  in  PL  and  PR, 
we  propose  that  this  PL  originates  in 
a  well  defined  electronic  level  rather 
Energy  (eV)  than  a  logarithmic  edge  of  a  randomly 

Figure  1  Photoreflection  and  photoliiminescence  of  distributed  property  such  as  proposed 

strained  3  nm  GaInN/6nm  GaN  MQWs  for  9  different  in  earlier  work. 

compositions.  A.s.sociated  features  are  connected  by 
dashed  lines  and  grouped  in  features  Co...  C4  and  No... 

N3.  In  all  samples  a  PR  contribution  appears  clo.se  to 
the  PL  maximum.  Interpreted  electric  field  values  are 
indicated  on  the  right. 
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Figure  2  Interpreation  of  PR  extremas  Ci  close  to  the 
GaN  barrier  bandgap.  A  good  linear  approximation 
indicates  the  nature  of  Franz-Keldysh  oscillations 
and  electric  fields  values  are  derived. 


0.1 5| - 1 - ^ - 1 - ^ - 1 - ^ - 1 - . - 1 — r-|  The  sharp  oscillation  in  Nq  is 

^saffpie  attributed  to  excitons  in  the  GaN 

•  H  /  /  barriers  or  the  GaN  epilayer  underneath 

p— ,  A  G  -  theMQW.  The  spUtting  in  the  order  of 

^  ♦  E  y /  30  meV  into  the  different  excitons  is 

below  the  current  interest  of  our 
il5^  *  B  interpretation.  Oscillations  in  the 

Ci!  vicinity  of  No,  namely  Co ...  C4  strongly 

y''  resemble  FKOs  above  a  critical  point  in 

LU  ^  the  joint  density  of  states  (DOS)  in  the 

1^0.05-  ^  presence  of  a  large  electric  field  F. 

U^  One  minimum  is  close  to  No  and  a 

distortion  of  both  signals  must  be 
J^y  ^ ^  expected  within  some  range  around  No. 

non  *  coexistence  of  excitonic  features 

^  of  GaN  in  No  and  such  FKOs  indicate 

Q  2  3  4  ^hat  the  electric  field  is  limited  to  the 

range  of  the  GaInN  quantum  wells. 

Index  of  Extremum 

Figure  2  Interpreation  of  PR  extremas  C,  dose  to  the  demonstrated  that  the  interpretation  of 
GaN  barrier  bandgap.  A  good  linear  approximation  data  may  involve  a  large  number  of 
indicates  the  nature  of  Franz-Keldysh  oscillations  Parameters  to  accurately  describe  the 
and  electric  fields  values  are  derived.  observations.  EspeciaUy  surface 

termination  and  layers  of  native  oxide 
in  general  could  affect  the  assignment 
of  reflection  data  to  the  properties  of  the  volume  material.  For  this  purpose  we  have  studied 
solvent  cleaned  surfaces  of  GaN  layers  in  angular  resolved  photoelectron  spectroscopy  [12].  Even 
without  any  thermal  treatment  we  found  that  films  are  merely  covered  by  one  or  two  monolayers 
of  oxygen  only.  Furthermore  a  perfectly  hexagonal  crystal  structure  of  GaN  is  found  up  to  the 
top-most  atomic  layers.  This  indicates,  that  reflectivity  properties  should  not  be  affected  by  such 
layers  in  GaN.  FKOs  appear  in  reflectivity  in  the  vicinity  of  an  interband  transition  between  states 
of  carriers  that  are  free  to  move  along  an  electric  field,  e.g.,  near  a  three  dimensional  critical  point 
in  the  joint  DOS  with  fields  apphed  along  the  normal  of  the  layers.  This  is  typically  the  case  in 
bulk  material  or  in  low  dimensional  structures  at  energies  above  the  quantum  well.  In  the 
approximation  proposed  by  Aspnes  [13]  the  separation  of  oscillation  extrema  in  Ei  =  E(Ci) 
corresponds  to  the  electro-optical  energy  j^©  and  to  the  electric  field.  Fig.  2  plots  4/(37c)  (Ei-Eof^ 
versus  the  extremum  index  i.  Within  each  set  points  can  be  well  approximated  by  straight  lines. 
Note  that  according  to  the  approximation  scheme  Co  should  be  the  origin  of  the  linear 
interpolation.  In  this  experiment  the  value  of  Co,  however  is  not  better  known  than  any  other  point 
in  the  linear  approximation  and  Co  can  not  act  as  the  origin  of  the  interpolation.  The  slope  of  the 
interpolation  corresponds  to  (^0)^'^  and  to  the  electric  field  F  =  (2p,)‘^  /  (e^).  Herein  \x  = 

0.2  mo  is  the  joint  effective  DOS  mass  assumed  to  be  constant  at  the  GaN  value.  The  derived  field 
values  are  indicated  as  labels  in  Fig.  1.  Fields  span  a  large  range  from  F  =  0.23  to  0.90  MV/cm 
and  should  directly  reflect  the  piezoelectric  field  within  the  quantum  wells.  According  to  the 
interpretation  of  FKOs  the  three  dimensional  critical  point  would  be  associated  closely  to  Co 
somewhere  between  the  minimum  and  the  maximum  below  in  Ni.  This  level  E^a  =  (£^(Co)  + 
E{N\))I1  has  an  apparent  binding  energy  £'ioc=£(No)-£'3d  with  respect  to  the  excitonic  bandgap  in 
the  GaN  barrier  No.  This  value  also  increases  with  x  and  is  plotted  in  Fig.  3  versus  the  derived 


electric  field  values.  Wc  indeed  observe  a  clear  linear  correlation  and  an  inverse  slope  parameter  of 
E\^JF  »  A£'ioc/AF=  S.lxlO'^eV  nW  which  defines  an  effective  dipole.  The  value  very  closely 
matches  the  dipole  of  an  elementary  charge  e  in  the  piezoelectric  field  F  across  the  well  with 
Lz  =  3  nm.  We  consequently  propose  that  corresponds  to  the  effective  band  offset  across  the 
heterointerface  of  each  quantum  well  GaN/GaInN/GaN.  This  direct  correspondence  can  be  used 
to  accurately  determine  either  electric  fields,  well  width  or  strain  [14],  At  lower  energy  the  PR 
signal  reveals  two  signatures  labeled  A2  and  Ny  that  for  increasing  jr  split  into  two  clearly  separated 
levels.  PL  is  found  to  follow  the  lower  one  in  energy  Ny.  At  present  parameters  of  the  quantum 
well  system  are  not  sufficiently  established  as  to  make  sufficient  accurate  predictions  on  the  levels 
of  the  individual  quantized  states. 

ELECTROREFLECTION  IN  A  MQW  /^n-JUNCTION 


In  order  to  reveal  more  details  on  this  splitting  we  performed  electroreflectance  spectroscopy  of 
a  MQW  structure  embedded  in  an  p/i-junction.  Fig.  4.  presents  the  results  obtained  under  variable 
DC  bias  voltages.  Due  to  the  field  induced  by  the  p«-junction,  the  condition  of  a  +2.5  V  bias 
roughly  corresponds  to  the  case  of  the  MQW  wells  studied  above.  Again  several  transitions  are 
identified  that  lie  close  to  levels  previously  labeled  No,  N\  and  Ny.  Upon  driving  the  p;j-junction 
into  the  blocking  regime  and  increasing  the  reverse  bias  level  No  shifts  to  lower  energy  while  levels 
Ny  and  Ny  appear  to  merge. 

The  shift  of  No  can  be  interpreted  as  the  electric  field  induced  effective  bandgap  shrinkage 
caused  by  the  Franz- Keldysh  effect.  Assignment  of  the  origin  of  the  observed  signal  from  within 
the  structure  is  not  very  clear.  Besides  the  layers  of  the  barriers  also  the  adjacent  doped  contact 
regions  may  contribute  in  this  signal.  Due  to  high  impurity  concentrations  doped  layers,  however, 


apparent  Localization  Energy  (eV) 


Figure  3  Correlation  of  derived  electric  field 
and  apparent  localization  energy  or  effective 
band  offset  across  the  GaN/GaInN/GaN 
heterointerface. 


are  less  likely  to  produce  a  clear  feature  at  the 
band  edge.  Assuming  an  origin  right  within 
the  barriers  of  the  MQW  structure  an  effective 
field  of  0.43  MV/cm  can  be  estimated  for  the 
highest  reverse  voltages.  Levels  Ny  and  Ny 
must  be  associated  with  the  quantized  states 
within  the  QW.  The  merging  of  those  levels 
clearly  shows  to  be  controlled  by  the  applied 
electric  field.  Takeuchi  et  al.  [6]  have 
demonstrated  in  a  similar  structure  that  the  PL 
peak  energy  also  shows  a  strong  dependence 
on  the  bias  voltage.  In  that  work  a  successive 
blue  shift  was  observed  for  the  PL  under 
increasing  reverse  voltage  and  attributed  to  the 
quantum  confined  Stark  effect  (QCSE). 
Assuming  a  simple  Stark  splitting  of  levels  Ny 
and  Ny  a  field  of  0.42  MV/cm  corresponds  to 
+2V  bias  in  very  good  agreement  with  the  shift 
of  No.  Comparing  with  the  PL  results  in  Fig.  1 
this  level  should  be  associated  with  Ny  and  the 
effective  splitting  with  respect  to  Ny  could  be 
described  within  the  picture  of  this  QCSE.  At 
this  point  the  proper  nature  of  Ny  and  its 
different  field  dependence  is  not  obvious. 


Fact,  however,  is,  that  we  here 
observe  an  electric  field  controlled 
splitting  of  levels  within  the 
quantum  well  [15].  The  merging  of 
N2  and  Ns  than  corresponds  to  an 
effectively  vanishing  field  inside  the 
well  in  agreement  with  findings  by 
Takeuchi  et  al.  [6].  This  point  of 
merging  is  achieved  at  finite  reverse 
bias  of  « -8  V  and  this  is  clear 
evidence  of  a  finite  electric  field  for 
open  terminal  conditions.  Beyond 
the  fields  induced  by  doping  in  the 
pn-junction  this  is  proof  of  finite 
piezoelectric  field  acting  in  the 
strained  well.  From  the  polarity  of 
the  diffusion  field  and  the  applied 
voltages  we  confirm  the  assignment 
of  the  direction  of  the  piezo  field  to 
point  fi'om  growth  surface  to  the 
Energy  (eV)  substrate  for  this  biaxiahy  com- 

Figure  4  Electwreflection  in  MQW  pn-diode  under  pressed  GaInN/GaN  structure. 
variable  (reverse)  bias.  Extrema  closely  corresponding  to  result  also  suggests  that 

levels  No,  N2,  and  N3  in  PR  are  identified.  No  shifts  in  the  splitting  of  N2  and  Ns  in  Fig.  1 

increasing  electric  field  while  N2  and  N3  merge  without  applied  bias  voltages  is  also 

indicating  their  field  controlled  splitting  and  a  finite  controlled  by  the  piezoelectric  field. 
piezoelectric  field  for  open  terminal  conditions.  In  Fig.  1,  where  spectra  are  plotted 

in  the  sequence  of  PL  energy  or 
attributed  x,  aU  levels  A^o,  M,  N2  and  Ns  appear  to  originate  in  one  point.  In  the  ER  experiment, 
however,  levels  clearly  approach  different  points.  This  is  well  understood,  when  considering,  that 
in  the  ER  experiment,  only  the  eleetric  field  is  varied,  while  in  the  PR  series,  the  entire  sample 
structure  is  ehanged  inducing  the  combined  effects  of  well  depth,  quantization  energies,  and 
piezoeleetric  fields  associated  with  the  variable  strain.  As  shown  in  the  interpretation  of  the 
osciallations  Q,  splitting  of  No  and  Ni  is  controlled  by  the  electric  field.  In  the  result  of  the  ER 
level  splitting  of  N2  and  Ns  are  also  controlled  by  the  electric  field  [15].  This  strongly  suggests, 
that  the  electric  field  plays  an  important  role  in  the  entire  sequence  of  levels  Nq,  Nu  N2,  and  Ns  as 
seen  in  the  PR.  Work  on  the  details  of  the  full  interpretation  are  currently  underway. 

SUMMARY 

A  detailed  analysis  of  the  electronic  bandstructure  in  GaInN/GaN  multiple  quantum  wells  was 
performed  by  photoreflection  and  electroreflection  spectroscopy.  Franz-Keldysh-like  oscillations 
are  observed  near  the  GaN  band  edge  corresponding  to  large  eleetric  fields  of  0.23  --  0.90  MV/cm. 
The  field  inereases  with  decreasing  PL  energy  in  correlation  with  the  InN-fraction  in  the  wells.  A 
critical  point  in  the  joint  DOS  appears  well  below  the  barrier  bandgap  energy.  This  localization 
correlates  with  the  electric  field  and  appears  to  follow  the  well  width.  We  therefore  propose  that 
this  level  indicates  the  effeetive  heterostructure  band  offset  across  the  strained  GaInN  layers.  In 
eleetroreflection  we  confirm  that  levels  in  the  well  are  eontroUed  by  electric  fields.  We  confirm 


results  of  the  quantum  confined  Stark  effect  in  PL  and  observe  a  field  dependent  splitting  of  two 
levels  in  the  well.  A  similar  splitting  arises  as  a  function  of  composition.  For  the  highest 
composition  case,  where  the  largest  fields  are  identified,  we  observe  four  evenly  separated  levels  in 
PR.  Comparing  PR  and  PL  we  find  a  direct  correspondence  of  the  levels,  most  notably  a  close 
correspondence  of  PR  signal  close  to  the  PL  evidencing  the  existence  of  a  discrete  level  at  the 
energy  of  luminescence. 
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ABSTRACT 

We  have  done  a  comparative  study  of  carbon-doped  GaN  and  undoped  GaN  utilizing 
photoluminescence  (PL)  and  photoluminescence  excitation  (PLE)  spectroscopies  in  order  to 
investigate  deep  levels  involved  in  yellow  luminescence  (YL)  and  red  luminescence  (RL).  When 
the  GaN  was  excited  by  above-bandgap  light,  red  luminescence  (RL)  centered  at  1.82  eV  was 
the  dominant  below-gap  PL  from  undoped  GaN,  but  carbon-doped  GaN  below-gap  PL  was 
dominated  by  yellow  luminescence  (YL)  centered  at  2.2  eV.  When  exciting  PL  below  the  band- 
gap  with  2.4  eV  light,  undoped  GaN  had  a  RL  peak  centered  at  1 .5  eV  and  carbon-doped  GaN 
had  a  RL  peak  centered  at  1.65  eV.  PLE  spectra  of  carbon-doped  GaN,  detecting  at  1.56  eV, 
exhibited  a  strong,  broad  excitation  band  extending  from  about  2.1  to  2.8  eV  with  an  unusual 
shape  that  may  be  due  to  two  or  more  overlapping  excitation  bands.  This  RL  PLE  band  was  not 
observed  in  undoped  GaN.  We  also  demonstrate  that  PL  spectra  excited  by  below  gap  light  in 
GaN  films  on  sapphire  substrates  are  readily  contaminated  by  1.6-1. 8  eV  and  2. 1-2.5  eV 
chromium-related  emission  from  the  substrate.  A  complete  characterization  of  the  Cr  emission 
and  excitation  bands  for  sapphire  substrates  enables  the  determination  of  the  excitation  and 
detection  wavelengths  required  to  obtain  GaN  PL  and  PLE  spectra  that  are  free  of  contributions 
from  substrate  emission. 

INTRODUCTION 

The  most  common  deep,  below-gap  luminescence  that  has  been  observed  in  GaN  is  the 
yellow  luminescence  (YL),  a  broad  band  centered  at  about  2.2  eV  which  appears  in  most 
published  photoluminescence  (PL)  spectra  of  GaN  [1-5].  The  cause  of  the  YL  has  been 
attributed  to  intrinsic  crystal  defects  [3]  and  to  impurities  such  as  carbon  [1,2],  to  a  Ga-site 
vacancy  and  related  complexes  [6,7],  or  to  a  combination  of  several  mechanisms  [5].  It  has  also 
been  found  that  the  YL  is  far  less  intense  in  GaN  grown  by  hydride  vapor  phase  epitaxy  (HVPE) 
than  in  GaN  grown  by  metal  organic  chemical  vapor  deposition  (MOCVD),  and  it  should  be 
noted  that  HVPE  growth  of  GaN  does  not  involve  carbon  containing  source  materials  [8]. 
Another  deep,  below-gap  PL  band  has  been  observed  in  GaN  grown  by  HVPE  and  is  centered  at 
about  1.8  eV  [9,10].  This  weak  red  luminescence  (RL)  band  is  difficult  to  observe  in  GaN  that 
has  strong  YL  which  may  explain  why  RL  is  usually  reported  only  from  GaN  grown  by  HVPE. 

Two  mechanisms  have  commonly  been  suggested  to  explain  the  YL  in  GaN.  The 
mechanism  with  the  widest  acceptance  involves  a  radiative  transition  from  a  shallow  donor 
level  to  a  deep  acceptor  level  with  a  depth  of  860  meV  or  to  a  deep  double  donor  or  V^^  and 
related  complexes.  [2,3,6,7].  A  second  proposed  mechanism  is  a  transition  from  a  deep  double 
donor  to  a  shallow  acceptor  [4].  Recent  experiments  have  suggested  that  there  may  be  more  than 
one  recombination  channel  responsible  for  the  YL  [5],  with  the  specific  channels  present 
depending  on  the  measurement  temperature  and  how  the  GaN  was  grown.  While  many  shallow 
and  deep  defect-  and  impurity-related  levels  have  been  reported  for  GaN  [2,  10,  12,  13,  14,  16], 
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specific  associations  of  these  levels  with  proposed  models  for  the  YL  have  not  been  definitively 
proven. 

It  is  important  to  note  that  the  sapphire  substrates  often  used  for  growing  GaN  usually 
contain  Cr’"^  impurities  which  contribute  to  a  broad  PL  emission  from  the  substrate  in  the  same 
spectral  region  as  the  YL  from  GaN.  Sapphire  containing  Cr^^  also  exhibits  a  sharp  line 
emission  at  1.79  eV  when  pumped  in  the  broad  Cr^^  absorption  bands  centered  at  2.2  eV  and 
3.0  eV  [15].  When  luminescence  is  excited  by  photons  with  energy  below  the  bandgap  of  GaN 
from  samples  consisting  of  thin  (several  micron  thick)  GaN  epilayers  grown  on  thick  sapphire 
substrates  containing  Cr^\  the  luminescence  observed  can  be  a  mixture  of  emission  from  the 
substrate  and  the  GaN  and  in  some  cases  may  be  primarily  from  the  substrate. 

Ideally  PL  and  photoluminescence  excitation  (PLE)  spectroscopy  excited  with  photon 
energies  below  the  GaN  bandgap  would  be  performed  on  free-standing  GaN  epilayers  removed 
from  their  substrates.  However,  the  substrate  removal  is  difficult  and  PL  and  PLE  mea.surements 
are  routinely  performed  on  thin  films  still  mounted  on  their  substrates[3,17I.  Some  workers  have 
pointed  out  that  even  when  PL  is  pumped  with  photon  energies  above  the  GaN  bandgap,  it  is 
possible  for  intense  GaN  PL  in  the  blue  spectral  range  to  excite  Cr*  luminescence  from  the 
sapphire  sub.strate  [15].  Although  the  excitation  of  substrate  emission  is  even  more  probable  for 
direct  optical  pumping  below  the  GaN  bandgap,  several  PLE  investigations  of  GaN  in  the 
below-gap  spectral  range  have  been  reported  in  which  3-5  micron  thick  epitaxial  layers  of  GaN 
on  sapphire  substrates  were  employed  [3,17].  These  publications  make  no  mention  of 
precautions  to  avoid  distortion  of  the  PLE  spectra  by  substrate  emission  which  complicates  the 
interpretation  of  their  reported  PLE  lineshapes  and  low  energy  thresholds. 

The  present  work  demonstrates  the  effectiveness  of  PLE  spectroscopy  in  the 
investigation  of  optical  absorption  and  emission  below  the  bandgap  of  GaN.  PLE  spectroscopy 
involves  detecting  luminescence  intensity  at  a  selected  wavelength  within  a  luminescence  band 
as  a  function  of  the  wavelength  of  the  exciting  light,  thus  isolating  one  luminescence  band  and 
providing  information  about  the  absorption  energies  required  to  excite  that  luminescence  band. 
Above-gap  excitation  of  GaN  typically  produces  broad,  featureless,  mid-gap  PL  spectra 
comprising  multiple,  overlapping  YL  and  RL  bands  from  deep  defect  or  impurity  levels  [2,  9, 
11].  PLE  spectroscopy  in  the  below-gap  spectral  range  can  detect  extrinsic  absorption  bands 
which  selectively  and  separately  excite  these  overlapping  PL  bands.  In  the  work  presented  here, 
the  selective  excitation  isolates  a  broad  RL  band  associated  with  C-doping,  enabling  its  PL  and 
PLE  spectra  to  be  obtained  without  interference  from  overlapping  emission  bands.  In  addition, 
we  characterize  the  PL  and  PLE  of  the  sapphire  substrate  in  order  to  obtain  a  complete 
understanding  of  the  potential  influence  of  sapphire  substrate  emission  on  GaN  PL  and  PLE. 

EXPERIMENT 

GaN  samples  were  grown  on  (0001)  sapphire  substrates  using  NH^,  Ga,  and  HCI,  and 
some  samples  were  doped  with  carbon  by  introducing  C,H^  into  the  reactor,  as  described  in 
detail  elsewhere  [5].  These  samples  were  30  pm  to  50  pm  thick.  Hall  measurements  showed  that 
both  the  undoped  and  the  C-doped  samples  were  n-type  with  a  concentration  of  4  x  10'*  cm  \ 

The  undoped  samples  were  analyzed  by  secondary  ion  mass  spectroscopy  (SIMS)  and  found  to 
have  a  carbon  concentration  of  less  than  2  x  10'^’  cm  \  while  the  samples  grown  with  C,H„  had  a 
carbon  concentration  of  about  5  x  10'*  cm  \  To  serve  as  a  standard  for  comparison,  we  also 
examined  a  sample  of  bare  (0001)  sapphire  crystal  of  the  same  grade  as  usually  used  as  a 
substrate  for  GaN  growth. 

Luminescence  measurements  were  carried  out  with  the  samples  mounted  in  a  liquid 
helium  cryostat.  The  tunable  light  source  for  PLE  spectroscopy  was  provided  by  a  xenon  lamp 
dispersed  through  a  0.25  m  focal  length  double  monochromator.  The  source  for  PL  spectra  was 


either  the  xenon  lamp/monochromator  or  the  325  nm  line  of  a  He-Cd  laser,  and  the 
luminescence  was  analyzed  by  a  1  m  focal  length  single  grating  monochromator  and  detected  by 
a  GaAs  photomultiplier  tube.  The  PL  and  PLE  of  a  bare  sapphire  sample  were  measured  under 
the  same  conditions  as  the  GaN  samples  to  determine  whether  the  substrate  could  be  responsible 
for  some  or  all  of  the  PLE  signals  measured  from  the  GaN  on  sapphire  samples. 


RESULTS 

A  comparison  of  the  low  temperature  PL  spectra  of  the  undoped  GaN  and  C-doped  GaN 
samples,  excited  above  the  bandgap  at  3.81  eV,  is  shown  in  Fig.  1.  The  undoped  GaN  has  weak 
YL,  with  peak  intensity  at  2.2  eV  about  1000  times  less  than  that  of  the  exciton  intensity  at 
3.47  eV.  Also,  the  RL  peak  intensity,  at  1.82  eV,  is  higher  than  that  of  the  2.2  eV  YL  in  the 
undoped  GaN.  In  contrast,  the  PL  spectrum  of  the  C-doped  sample  is  dominated  by  YL,  about 
100  times  weaker  than  the  exciton 

intensity,  while  the  RL  of  the  C-  _ji[iiliiiiliiiili  iiilmilitiilm  iliiiilnnliiiili  iiiiiiiilinilm  ilniilmiliiiili  niliniliMilm  I  _ 

doped  GaN  is  just  visible  as  a  low  | 

energy  tail  on  the  YL  peak.  -  t  I  ~ 

As  seen  in  Fig.  2  which  10'  -  /  ” 

shows  PLE  spectra  detected  at  2.2  eV,  _  uTuioped  GaN  jf  ^  _ 

the  bare  sapphire,  undoped  GaN,  and  ^  j/  * 

C-doped  GaN  all  have  similar,  weak  ~ 

PLE  in  the  2.4  to  2.8  eV  region.  In  lO'^  - 

the  GaN  sample,  this  suggests  that  the  - 

PLE  in  this  range  results  from  ^  C-dLoped  GaN 

exciting  light  that  passes  through  the  -  ,,,,|,||,|in|,,.||.,||,|||,||||||,,|||„|,,,„„,,|,,,,|,,|,|,,i,|ii,qi,ii|i,ii|iiii^^ 

GaN  layer  to  excite  2.2  eV  j  g  j  g  ^  p  2..^  2..4  i.t  z.b  3.0  3.Z  3.4  3.6 

luminescence  from  the  sapphire  E.TieTgy(eV) 

substrate.  At  exciting  energies  above 

2.8  eV,  the  C-doped  sample  appears  Figure  1.  5  K  PL  excited  by  He-Cd  laser  at  3.81  eV, 

to  have  a  PLE  onset  that  cannot  be  comparing  C-doped  GaN  and  undoped  GaN.  Intensity  has 

attributed  solely  to  the  substrate,  and  ^een  scaled  to  1  at  the  near-gap  peak  and  the  curves  have 

,  j  1 7  been  offset  vertically  for  viewing.  The  vertical  axis  is  log- 

possibly  a  second  onset  near  3.2  eV. 

The  undoped  GaN,  which  has  much 
weaker  YL  than  the  C-doped  GaN, 

does  not  exhibit  a  clear  PLE  onset  JiiiihiiiliMiliuiliiiiliiiiliiiilniiliiiiliiiilniiJiui  . 

above  2.8  eV,  but  rather  exhibits  a  T  =7 

PLE  spectrum  remarkably  similar  to  ^  ^  SSpScaN 

bare  sapphire  over  the  entire  range  of  ^  Z  applure  /  7 

2.3  to  3.3  eV.  It  is  clear  that  ^  ' 

extraction  of  the  GaN  PLE  from  the  g  j  I  L 

mixture  of  GaN  and  sapphire  PLE  is  I  /  J  ' 

only  possible  for  GaN  with  relatively  9  I  J 

strong  YL  and  even  then  the  GaN  ^ 

PLE  can  only  be  clearly  distinguished  ;;  ^  _  .m..  ■' ''  ; 

in  selected  portions  of  the  spectrum.  0  [iiii|iin|iiii|iiii|iiii[iiii|iiii|iiii|nii|iTii|iiii|iiii  - 

Fig.  3  shows  PLE  spectra  of  a  2^-4  Z.6  Z.S  3.0  3.2.  3.4 

bare  sapphire  substrate  when  detected  Eiwigy  (eV) 

at  2.43  eV,  2.19  eV,  and  1.56  eV. 

When  detected  at  the  higher  two  ^8®'=  2.  5  K  PLE  spectra,  detected  at  2.2  eV,  of  c-doped 

,.  u-u-„  TIT  GaN  {top  Spectrum),  undoped  GaN  (middle),  and  bare 

energies,  e  sapp  ire  ex  i  i  s  a  sapphire  (bottom),  each  spectrum  taken  under  identical 

conditions  and  corrected  for  the  intensity  spectrum  of  exciting 
light. 
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intensity  which  increases  with  increasing  exciting  light  energy  from  2.4  to  3.4  eV;  however, 
when  detecting  at  1 .56  eV  the  PLE  intensity  of  the  sapphire  is  significantly  lower  over  the  same 
spectral  range.  While  the  spectral  shape  and  intensity  of  the  .sapphire  PLE  at  the  higher  detecting 
energies  in  Fig.  3  is  unfortunately  quite  similar  to  that  which  may  be  expected  from  GaN  PLE 
spectra,  the  sapphire  PLE  detected  at  1 .56  eV  is  weaker  which  indicates  that  the  substrate  should 
contribute  less  to  the  GaN/substrate  PLE  mixture  when  detecting  at  1 .56  eV.  These  spectra  and 
additional  sapphire  PL  and  PLE  spectra  have  indicated  that  there  is  strong  sapphire  luminescence 
only  in  the  range  1 .6-1.8  eV  and  above  2. 1  eV,  so  that  PLE  of  RL  from  GaN  on  a  sapphire 
substrate  may  be  detected  at  or  below  1 .6  eV  with  little  substrate  contamination. 

Fig.  4  compares  PL  spectra  excited  below  the  bandgap  of  GaN  with  2.95  eV  light  for  a 
sample  of  undoped  GaN  on  a  sapphire  substrate  and  for  a  sample  of  bare  .sapphire.  The  sapphire 
has  significant  PL  in  the  2. 1  to  2.5  eV 

range  in  addition  to  the  characteristic  liniliiiiiiiiiliiiiliiiiliiiiliiiiliiiiliiiiliiiiliiiiliiiiliiiiliiiiliMiliiiiliiiil 

sharp-line  chromium  emission  between 
1 .65  and  1 .8  eV.  The  YL  from  the 
GaN/sapphire  sample  has  a  PL 
spectrum  which  is  almost  identical  to 
that  of  the  sapphire.  In  particular,  note 
that  the  PL  intensity  of  the 
GaN/sapphire  sample  at  2.2  eV  is  less 
than  double  that  of  the  bare  sapphire 
sample,  which  clearly  indicates  that  for 
GaN  layers  on  sapphire,  the  PLE 
excited  near  2.95  eV  at  best  will  be  due 
to  a  mixture  of  luminescence  from  the 
substrate  and  the  GaN  layer,  and  at 
worst  will  be  due  almo.st  entirely  to  the 
sapphire. 

RL  band  PLE  spectra  of 
undoped  GaN  and  C-doped  GaN 
detected  at  1 .56  eV  are  shown  in  Fig.  5, 
as  well  as  a  PLE  spectrum  of  bare 
sapphire  for  comparison.  A  broad  RL 
excitation  band  extends  from  2. 1  to 
2.8  eV  for  the  C-doped  sample  and  is 
virtually  non-existent  in  the  undoped 
GaN  and  the  bare  sapphire.  A  .second 
C-doped  sample  which  was  grown  with 
a  different  propane  flow  rate  exhibits  a 
nearly  identical  PLE  band  (not  shown) 
to  that  of  the  C-doped  GaN  shown  in 
Fig.  5.  In  contrast  to  the  PLE  of  the 
YL,  which  was  contaminated  by 
substrate  luminescence,  the  PLE  of  the 
RL  from  the  C-doped  GaN  exhibits  a 
clearly  distinguishable  excitation  band  ETieigy(eV) 

which  is  nearly  as  strong  as  the  band-  Figure  4.  5  K  PL  of  bare  sapphire  and  undoped  GaN  on  a 

edge  PLE  intensity.  Any  concerns  that  sapphire  substrate,  excited  by  2.95  eV  light,  it  is  dear  that 

this  PLE  band  could  be  substrate-  ''''  luminescence  in  the  2,1  to 

2.5  eV  range.  The  chromium  emission  from  the  sapphire  is 
visible  in  both  spectra  between  1.6  and  1.8  eV. 
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Figure  3.  Comparison  of  the  5  K  PLE  of  a  bare  piece  of 
sapphire  substrate  when  detecting  at  2.43  eV,  2.19  eV,  and 
1 .56  eV.  The  inset  shows  the  sapphire  PLE  detected  at 
1.79  eV,  which  is  a  sharp  Cr-related  line.  PLE  spectra  have 
been  corrected  for  the  intensity  spectrum  of  the  exciting 
light. 


related  are  removed  by  noting  that  the  chromium/sapphire  PLE  band  which  peaks  at  3.0  eV  is 
weak  or  non-existent  in  the  PLE  spectrum  of  the  C-doped  GaN.  The  unusual  shape  of  the  C- 
related  excitation  band  suggests  that  it  may  result  from  two  or  more  overlapping  excitation 
bands.  Two  broad  excitation  peaks  may  be  identified  in  the  C-doped  GaN  PLE  (Fig.  5),  with 
peak  energies  near  2.3  eV  and  2.6  eV,  but  the  actual  excitation  mechanism  could  easily  involve 
more  than  two  overlapping  processes  which  cannot  all  be  distinguished  in  this  PLE  spectrum. 

Since  RL  from  the  C-doped  GaN  was  barely  discernible  on  the  tail  of  the  YL  in  the 
above-gap-pumped  PL  spectrum  (Fig.  1),  we  present  for  comparison  a  PL  spectrum  (Fig.  6) 
excited  with  2.4  eV  light,  below  the  GaN  band  gap  in  the  broad  C-excitation-band.  A  RL  band  is 
clearly  visible  in  the  C-doped  GaN  when  excited  at  this  energy;  however,  the  peak  intensity 
occurs  at  1.64  eV  when  pumped  at  2.4  eV,  as  compared  to  a  peak  intensity  at  1.82  eV  in  the 
undoped  GaN  when  pumped  above  the 

gap.  When  PL  is  excited  from  the  =  LiJilmlmdimJliudimlmdiujJuiiLuliui.1  . 

undoped  GaN  by  2.4  eV  light  another  ^  R  - 

RL  band  appears,  this  one  weak  and  z  __  baw  sapphire  H  - 

broad  with  a  peak  at  about  1.5  eV.  RL  ■&  -z  f  ^ 

luminescence  would  appear  to  be  due  to  E  \  |1  ; 

several  different  processes  which  result  |  ji  f 

in  emission  in  the  1.4  to  2.0  eV  range,  an  U  1  /  \  ji  L 

assertion  that  is  corroborated  by  the  RL  S  U  : 

PLE  spectrum  (Fig.  5)  which  has  an  -  ^  V  f\  - 

excitation  band  which  appears  to  be  a  =  _  ' 

combination  of  two  or  more  overlapping  ®  1 1 

peaks.  iO  lA  Z.6  i.8  3.0  3.^  3.4 

Although  no  RL-related  zero  Eiueigy(eV) 

phonon  line  (ZPL)  was  observed  from  j  j 

\  Figures.  5  K  PLE  of  C-doped  GaN,  undoped  GaN,  and 

these  GaN  samples,  it  is  worthwhile  to  |„„i„e,ce„ce  at  1.56  eV.  Note 

estimate  where  the  ZPL  might  occur  if  the  strong,  multi-peaked  excitation  band  of  the  C-doped 

the  RL  emission  and  absorption  bands  GaN  between  2.1  and  2.8  and  the  absence  of  this  band  in 

are  indeed  strongly  phonon-assisted,  as  the  undoped  GaN  and  the  bare  sapphire.  Spectra  have 

may  be  expected  for  transitions  corrected  for  the  intensity  spectrum  of  the  exciting 

involving  energy  levels  deep  within  the 

bandgap.  Comparing  Fig.  5  and  Fig.  6, 

we  may  estimate  that  the  zero  phonon  _).iiiJiiiili  iiili,iiiii  iiOMiiliiiiiinjliiiiiiiiiliiiiiiiii  ^ 

line  (ZPL)  for  RL  emission  and  :  I  ' 

absorption  could  be  near  the  midpoint  :  I  ; 

between  the  onset  of  the  emission  and  ^  jr  E* 

absorption  bands  which  results  in  an  ^  ll  L 

estimate  of  2.0 -h/- 0.2  eV  for  RL  ZPL.  |  =  C-doped  GaH  N  : 


CONCLUSIONS 

The  interpretation  of  YL  PLE 
spectra  of  GaN  on  sapphire  substrates 
can  be  complicated  by  contamination  of 
the  GaN  PLE  with  chromium-related 
luminescence  from  the  sapphire 
substrate.  As  a  result,  YL  PLE  spectra  of 
GaN  on  sapphire  should  be  re-examined, 
preferably  on  samples  which  have  had 


i.o  lA  Z.6  Z.8  3.0  3.^  3.4 

Eiueigy(eV) 

Figure  5.  5  K  PLE  of  C-doped  GaN,  undoped  GaN,  and 
bare  sapphire,  detecting  luminescence  at  1.56  eV.  Note 
the  strong,  multi-peaked  excitation  band  of  the  C-doped 
GaN  between  2.1  and  2.8  and  the  absence  of  this  band  in 
the  undoped  GaN  and  the  bare  sapphire.  Spectra  have 
been  corrected  for  the  intensity  spectmm  of  the  exciting 
light. 


EtuetgyCeV) 

Figure  6.  5  K  PL  of  C-doped  GaN  and  undoped  GaN, 
excited  at  2.4  eV.  The  RL  is  now  easily  observed  in  the 
C-doped  sample.  There  is  also  chromium  emission  from 
the  sapphire  substrate  in  the  1.7  eV  to  1.8  eV  range. 


the  substrate  removed  from  the  GaN  epilayer.  In  contrast,  the  PLE  of  RL,  which  is  observed  in 
some  HVPE  grown  GaN  samples  on  sapphire  substrates,  is  not  significantly  affected  by  the 
chromium  substrate  luminescence  when  detected  at  1 ,6  eV  and  below  and  therefore  may  be 
studied  with  fewer  complications  than  the  PLE  of  YL  in  GaN  on  sapphire. 

A  strong,  broad  PLE  band  of  C-doped  GaN,  detecting  at  1 .56  eV,  has  been  observed  for 
the  first  time.  This  RL  band  only  appears  clearly  in  the  C-doped  GaN  when  it  is  pumped  in  the 
broad  band  between  2,1  and  2.8  eV.  If  the  RL  is  strongly  phonon-assisted,  it  could  have  a  ZPL 
with  energy  of  2.0  +!-  0.2  eV.  PL  and  PLE  data  suggested  that  RL  may  be  excited  by  two  or 
more  overlapping  PLE  bands  and  RL  emission  may  result  from  several  overlapping 
luminescence  bands  including  PL  bands  with  peak  energies  near  1 .5  eV,  1 .64  eV,  and  1 .82  eV, 
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Abstract 

Isotopic  labeling  experiments  have  revealed  correlations  between  hydrogen  reactions,  Ga 
desorption,  and  ammonia  decomposition  in  GaN  CVD.  Low  energy  electron  diffraction  (LEED) 
and  temperature  programmed  desorption  (TPD)  were  used  to  demonstrate  that  hydrogen  atoms 
are  available  on  the  surface  for  reaction  after  exposing  GaN(OOOl)  to  deuterium  at  elevated 
temperatures.  Hydrogen  reactions  also  lowered  the  temperature  for  Ga  desorption  significantly. 
Ammonia  did  not  decompose  on  the  surface  before  hydrogen  exposure.  However,  after  hydrogen 
reactions  altered  the  surface,  N^^Ha  did  undergo  both  reversible  and  irreversible  decomposition. 
This  also  resulted  in  the  desorption  of  N2  of  mixed  isotopes  below  the  onset  of  GaN  sublimation. 
This  suggests  that  the  driving  force  of  the  high  nitrogen-nitrogen  bond  strength  (226  kcal/mol) 
can  lead  to  the  removal  of  nitrogen  from  the  substrate  when  the  surface  is  nitrogen  rich.  Overall, 
these  findings  indicate  that  hydrogen  can  influence  GaN  CVD  significantly,  being  a  common 
factor  in  the  reactivity  of  the  surface,  the  desorption  of  Ga,  and  the  decomposition  of  ammonia. 

Introduction 

For  a  model  of  GaN  CVD  processes  to  be  applicable  over  a  wide  range  of  conditions,  the 
chemistry  model  must  utilize  accurate  rate  constants.  However,  this  first  requires  identification 
of  the  reactions  and  the  reaction  products  formed  on  the  deposition  surface  and  in  the  gas  phase. 
This  study  has  revealed  relationships  between  reactions  of  the  hydrogen  carrier  gas,  Ga 
desorption,  and  ammonia  decomposition  on  GaN.  Shown  in  equation  1,  this  was  achieved  using 

(1)  Ga(CH3)3g  -I-  N^^Hsg  +  D2g  +  GaN*"^  GaN  +  reaction  products 

isotopic  labeling  to  distinguish  nitrogen  in  ammonia  from  that  in  the  substrate  and  the  carrier 
hydrogen  from  that  originating  in  ammonia. 

Experimental 

D2  reactions  were  performed  in  a  small  cold-wall  batch  reactor  connected  directly  to  a 
UHV  (ultra-high  vacuum)  surface  analysis  chamber  via  isolation  seals.  N’^H3  reactions  were 
conducted  in  UHV  and  consisted  of  1x10’^  Torr  exposures  lasting  in  duration  from  30  to  300s. 
The  UHV  chamber  was  equipped  with  x-ray  photoelectron  spectroscopy  (XPS),  low  energy 
electron  diffraction  (LEED),  and  mass  spectroscopy  for  temperature  programmed  desorption 
(TPD).  The  mass  spectrometer  was  enclosed  in  a  liquid  nitrogen  cooled  shroud  with  an  opening 
of  only  1.5mm  approximately  5mm  in  line  of  sight  of  the  GaN(OOOl)  surface.  The  GaN(OOOl) 
surface  used  in  this  study  had  a  hexagonal  LEED  pattern  with  sharp  spots  [1]  and  a  high  contrast 
to  background  (figure  1).  Although  the  symmetry  and  orientation  of  this  excellent  diffraction 
pattern  remained  unchanged  over  the  entire  surface  (Icm^),  XRD  and  TEM  have  been  used  to 
show  that  this  substrate  was  polycrystalline,  as  found  for  other  GaN  films. 
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Hydrogen  Reactions  and  Ga  Desorption 

TPD  experiments  revealed  that  ammonia  adsorbed  only  reversibly  on  this  surface  in 
UHV.  However,  deuterium  exposures  at  2  Torr  and  1200K  for  120s  in  a  chamber  adjoining  the 
UHV  chamber  altered  both  the  LEED  pattern  and  the  surface  reactivity.  The  resulting  LEED 
spots  were  diffuse  and  had  fine  structure  consistent  with  the  presence  of  steps  in  multiple 
domains  [2]  as  shown  in  figure  1 .  In  addition,  this  new  surface  did  adsorb  ammonia  irreversibly 
as  well  as  reversibly,  as  discussed  in  the  next  section.  Dramatic  effects  of  hydrogen  on  GaN 
morphology  and  growth  have  been  observed  previously.  [3] 


Before  D2  After  2  Torr  D2  for  1 20s  at  1200K 


a.  E,„„=148V  b.  E,,3„=148V  C.  E,,3„=140V 


Figure  1.  LEED  photos  before  and  after  D2  reactions.  The  surface  did  not  decompose 
ammonia  irreversibly  in  UHV  until  after  reaction  with  D2. 

After  stopping  the  reaction,  evacuating  at  1200K,  and  then  cooling  the  substrate  to  room 


Figure  2.  TPD  spectra  after  D2  reaction  and  evacuation  at  1200K. 


temperature,  TPD  detected  only  D2 ,  HD,  and  Ga,  (figure  2)  above  the  normal  desorption  of  Ga 
and  N2.  [4]  HD  likely  results  from  the  reaction  of  D  with  H  left  in  the  bulk  from  the  CVD 
process.  The  desorption  state  at  825K  before  the  onset  of  the  much  greater  hydrogen  desorption 
is  suggestive  of  dihydrogen  being  formed  from  hydrogen  atoms  adsorbed  on  the  surface 
(adatoms)  followed  by  diffusion  of  hydrogen  from  the  GaN  solid  (equation  2).  The  825K 
desorption  is  200 

(2)  GaN(D„  Hn  surface/bulk)  D2g  +  HDg  +  GaN 

deg.C  higher  than  reported  on  GaN(OOOl)  previously.  [5]  However,  that  surface  was  not 
pretreated  with  hydrogen  at  elevated  temperatures  and  was  less  reactive  consequently.  In  another 
case,  the  desorption  of  hydrogen  from  polycrystalline  GaN  at  slightly  lower  than  800K  was 
reported.  [6] 

The  spectra  in  figure  2  demonstrate  that  the  rate  of  hydrogen  diffusion  from  GaN  is 
relatively  slow,  since  the  desorption  of  D2  and  HD  is  clear  evidence  that  not  all  of  the  hydrogen 
was  removed  during  the  1200K  evacuation  prior  to  TPD.  Consistent  with  the  need  for  post¬ 
growth  annealing  thought  to  remove  hydrogen  from  GaN  for  the  activation  of  Mg  acceptors,  this 
implies  equation  2  may  be  reversible  at  CVD  pressures.  Nevertheless,  this  alone  does  not  prove 
conclusively  that  hydrogen  adatoms  can  be  formed  from  hydrogen  coming  from  the  GaN  solid  or 
from  the  gas-phase. 

The  appearance  of  Ga  at  a  temperature  below  the  onset  for  GaN  congruent  sublimation 

[4]  in  figure  2  (equation  3)  demonstrates  that  hydrogen  exposures  can  lower  the  temperature 

(3)  2GaN  “>  2Gag  +  N2g 

for  Ga  desorption.  This  also  implies  that  hydrogen  can  react  with  the  surface  (equation  4), 

(4)  3Da/GaN  +  GaN  NDsg  +  Gag  +  GaN 

removing  surface  nitrogen.  One  might  assume  this  occurs  via  ammonia  formation.  However, 
sampling  the  chamber  gas-phase  during  deuterium  reactions  with  a  mass  spectrometer  as  well  as 
attempts  to  condense  reaction  products  on  a  liquid  nitrogen  cooled  trap  could  not  verify  this. 

In  lieu  of  direct  evidence  of  ammonia  formation,  it  should  be  noted  that  a  necessary 
prerequisite  for  the  formation  of  ammonia  is  the  dissociation  of  hydrogen  (equation  5)  and  more 

(5)  D2g(orDnbuik)+  GaN  ^  2Da/GaN 

importantly,  the  availability  of  hydrogen  adatoms  for  reaction  on  the  surface.  In  principle,  an 
isotopic  exchange  experiment  exposing  GaN  to  both  H2  and  D2  to  observe  HD  in  the  reactor  at  a 
level  above  that  evolved  from  the  solid  would  be  sufficient  proof  of  hydrogen  dissociation. 
Unfortunately,  reaction  on  the  heater  alone  produced  HD  at  too  high  of  a  rate  to  be  sensitive  to 
only  the  GaN  chemistry. 

As  an  alternative,  evidence  of  hydrogen  adatom  availability  on  GaN  was  obtained  by 
performing  a  two-step  experiment  utilizing  (1)  hydrogen  (D2)  within  the  GaN  substrate  in 
conjunction  with  (2)  ammonia  adsorbed  on  the  GaN  surface.  First,  a  reservoir  of  hydrogen  was 
loaded  in  GaN  by  reacting  with  deuterium  at  2  Torr  and  1200K  for  120s.  The  surface  was  then 
exposed  to  N'^H3  at  room  temperature.  The  resulting  TPD  spectra  are  shown  in  figure  3. 
Although  the  signal  was  very  low,  the  detection  of  mass  19  (N'^H2D)  as  evidence  of  isotopic 
exchange  between  D  atoms  and  N’^Hs  (equation  6)  [5,6]  demonstrates  that  hydrogen  adatoms 

(6)  2Da/GaN  +  2N’^H3g  ^  [  2D— N’^Hg  a/GaN  ]  ^  H2g  +  2N’^H2D  g  +  GaN 


resulting  from  hydrogen  exposures  are  indeed  available  for  reaction  on  the  surface.  In  the 
absence  of  deuterium  pre-reactions,  additional  experiments  designed  to  test  for  artifacts  showed 
that  N'^H3  exposure  alone  does  not  produce  a  mass  19  desorption  peak  (figure  3).  Also, 
consideration  of  mass  spec  fragmentation  patterns  associated  with  ammonia  as  well  as  the 


Figure  3.  The  desorption  of  N*®H2D  (mass  19)  as  evidence  of  D  adatom  availability  on  the 
surface  for  isotopic  exchange  with  after  D2  dissociation. 

possible  presence  of  N'"'  ammonia  or  water  impurities  shows  that  these  species  can  yield  a  mass 
of  19amu  only  if  they  contain  deuterium. 

Ammonia  Reactions 

As  noted  in  the  previous  section,  ammonia  is  adsorbed  both  reversibly  and  irreversibly  on 
GaN(OOOl)  after  hydrogen  expo.sure  at  high  temperature.  The  reversible  reaction  results  in  the 
desorption  of  ammonia  above  850  K.  This  rather  high  temperature  suggests  ammonia  first 
dissociates  at  room  temperature  or  above  as  in  equations  7  and  8.  It  is  important  to  point  out  that 
N’‘^H3  was  not  detected  under  any  condition. 


(7) 

N''‘'H3g  + 

GaN''" 

,a/GaN''^  + 

H  a/GaN*'^ 

(8) 

a/GaN'^ 

-i- 

N'^Ha/GaN'‘^ 

+  H  a/GaN 

(9) 

a/GaN'^ 

+ 

N"  a/GaN'^ 

-t-  H  a/GaN 

(10) 

2H  a/GaN'^ 

+ 

H2g 

GaN'*^ 

(11) 

2N'‘'  a/GaN'^ 

+ 

-H  GaN'-' 

Lack  of  significant  ammonia  reformation  until  high  temperatures  allows  hydrogen- 
hydrogen  reactions  to  compete  on  GaN,  resulting  in  the  desorption  of  dihydrogen  above  850K 
(equation  10).  This  is  coupled  with  irreversible  ammonia  adsorption  and  as  shown  in  figure  4, 
nitrogen-nitrogen  reactions  also  become  competitive  on  the  surface  at  a  temperature  below  the 
onset  for  GaN  sublimation.  The  desorption  of  N’^2,  and  suggests  displacement  of 

nitrogen  from  the  GaN’"*  substrate  can  occur  when  the  surface  is  nitrogen  rich  as  in  equation  1 1 . 
With  the  desorption  of  ammonia  and  hydrogen  taking  place  at  much  higher  temperatures,  each  of 
these  results  are  quite  different  from  those  reported  previously.  [5]  Also,  the  desorption  of 
dinitrogen  was  not  detected  previously,  [5]  which  is  consistent  with  the  minimal  reactivity 
observed  in  the  absence  of  hydrogen  pretreatment. 


Figure  4.  The  desorption  state  for  N*'*!  after  exposing  GaN^'‘(0001)  to  N^®H3  and 
subtracting  the  GaN^‘*  sublimation  background.  and  desorptions 

were  similar  to  that  shown  for  N*'‘2- 

These  reaction  pathways  are  not  entirely  surprising  when  the  well-known  Haber-Bosch 
process  [7,8]  for  ammonia  synthesis  is  considered  (equation  12).  Although  the  reaction  is 

(12)  N2  3H2  2NH3 

facilitated  with  a  K-promoted  Fe/A1203  catalyst,  high  nitrogen  and  hydrogen  pressures  are 
required  to  maintain  the  equilibrium  in  favor  of  ammonia.  This  is  partly  a  consequence  of  the 
tremendous  stability  of  N2,  having  a  nitrogen-nitrogen  bond  strength  of  226  kcal/mol.  The  results 
presented  here  show  that  this  same  driving  force  could  be  a  factor  in  reversing  the  deposition  of 
GaN;  if  growth  conditions  do  not  incorporate  nitrogen  adatoms  and/or  surface  nitrogen  fully, 
those  in  close  proximity  will  have  a  propensity  to  form  N2.  Obviously,  this  points  out  the  need  to 
have  precursor  flow  rates  well  matched  to  achieve  a  desired  deposition-to-etch  rate  ratio  in  GaN 
CVD. 


The  formation  of  N''’2  reveals  that  N'**  is  certainly  available  for  reaction  and  yet  the 
desorption  of  N''^H3  was  not  detected.  Therefore,  it  is  unlikely  that  equation  9  is  reversed  under 
the  transient  conditions  inherent  in  a  TPD  experiment.  However,  this  does  not  rule  out  the 
possibility  of  hydrogen  adatoms  removing  surface  nitrogen  via  equation  5  in  conjunction  with 
equation  4,  given  sustained  hydrogen  exposures  as  in  CVD  processes  or  the  experiments 
described  above. 

Summary  Conclusion 

The  numerous  chemical  equations  considered  in  this  study  can  be  summarized  quite 
simply  as  shown  in  figure  5.  Without  the  reaction  of  hydrogen  to  form  steps  (defects)  on  the 
surface,  ammonia  does  not  decompose  in  UHV.  However,  once  ammonia  decomposition  takes 
place,  yielding  surface  hydrogen  in  a  sequence  of  reactions  (proceeding  from  left  to  right),  this 
reaction  becomes  chemically  linked  with  hydrogen  adatoms  from  carrier  decomposition  at  every 
step  in  the  sequence  (pushing  the  reaction  back  to  the  left).  Therefore,  while  conclusive  proof  of 
ammonia  formation  from  the  reaction  of  hydrogen  carrier  adatoms  was  not  obtained  in  this 
study,  fundamental  chemical  concepts  (Le  Chatelier’s  principle)  would  suggest  that  hydrogen 
adatoms  could  be  a  significant  factor  in  decreasing  the  rate  of  ammonia  decomposition.  Certainly 
in  the  extreme  case,  nitrogen  may  well  be  removed  from  the  surface  as  ammonia  via  reaction 
with  hydrogen  adatoms  from  the  carrier  (reaction  from  right  to  left),  lowering  the  Ga  desorption 
temperature.  Conversely,  when  the  surface  is  rich  in  nitrogen,  the  driving  force  to  make 
dinitrogen  will  offer  an  entirely  different  route  for  irreversible  removal  of  nitrogen  from  the 
surface  (reaction  from  left  to  right).  Seemingly  complicated,  these  interwoven  reactions  leading 
to  contrasting  sets  of  both  deposition  and  etching  reactions  may  also  be  viewed  as  part  of  the  key 
to  manipulating  materials  properties  and  qualities  via  careful  selection  of  growth  conditions. 
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Figures.  Schematic  illustration  of  the  relationship  between  hydrogen  reactions,  Ga 
desorption,  and  ammonia  decomposition  in  GaN  CVD. 
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ABSTRACT 

We  analyze  the  low-temperature  photoluminescence  decay  times,  for  a  series  of  MBE- 
grown  samples  embedding  GaN-AlGaN  quantum  wells.  We  investigate  a  variety  of 
configurations  in  terms  of  well  widths,  barrier  widths  and  overall  strain  states.  We  find  that  not 
only  the  wells  but  also  the  barriers  are  submitted  to  large  built-in  electric  fields.  In  the  case  of 
narrow  barriers  (5  nm),  these  fields  favor  the  nonradiative  escape  of  carriers  from  narrow  wells 
into  wider  wells.  When  all  wells  have  the  same  width,  the  field  in  such  narrow  barriers  allow  us 
to  observe  the  recombination  of  long-lived  "inter-well"  excitons  at  energies  close  to  those  of  the 
short-lived  "intra-well"  excitons.  Our  results  also  prove  that  the  energies  and  the  dynamics  of 
excitonic  recombinations  depend  on  the  parameters  of  the  heterostructures  in  a  complicated  way, 
due  to  the  interplay  of  piezoelectric  and  spontaneous  polarizations. 


INTRODUCTION 

Nitride  semiconductor  quantum  wells  (QWs)  are  emerging  as  promising  systems  for  the 
realization  of  blue-UV  light  emitters  and  detectors  [1,2].  Their  importance  is  such  that  it  is 
crucial  to  obtain  a  better  comprehension  of  mechanisms  that  rule  optical  processes  in  these 
heterostructures,  especially  from  the  dynamical  viewpoint.  In  particular,  it  has  been  recently 
shown  [3-8]  that  some  original  behaviors  are  due  to  the  presence,  along  the  growth  axis  of  the 
QWs,  of  built-in  electric  fields  of  several  hundred  kV/cm.  Considering  the  large  lattice-mismatch 
between  the  constituents,  these  fields  have  been  assigned  [5-8]  to  the  piezoelectric  effect,  due  to 
very  large  piezoelectric  coefficients.  In  fact,  theoretical  investigations  [9,10]  have  established 
that  two  mechanisms,  essentially  similar  in  nature,  should  be  considered  to  explain  the  large 
electric  fields  reported  thus  far.  According  to  these  studies,  the  values  of  the  fields  in  the  wells 
and  in  the  barriers  depend  on  the  difference  of  piezoelectric  polarizations  between  the  two 
materials  and  on  the  difference  of  their  so-called  spontaneous  (or  equilibrium)  polarizations. 

The  latter  polarizations  are  essentially  provoked  by  the  nonideal  c/a  ratio  of  lattice  parameters 
in  the  hexagonal  elementary  cells.  The  magnitudes  of  these  spontaneous  polarizations  have  been 
found  to  be  particularly  large  in  group-III  nitride  semiconductors;  in  fact,  they  are  the  largest  of 
all  III-V  compounds  [9],  with  values  comparable  to  those  for  ZnO  or  BeO.  However,  Bemardini 
and  Fiorentini  have  also  calculated  that  the  spontaneous  polarizations  of  GaN  and  InN  are  not 
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very  different.  Thus,  for  ideal  (disorder-free)  InGaN-GaN  QWs,  the  main  effect  which  induces 
built-in  electric  fields  is  the  difference  of  piezoelectric  polarizations.  On  the  other  hand,  this  is 
not  the  case  for  the  GaN-AlGaN  pair,  because  the  spontaneous  polarizations  of  the  two 
compounds  are  really  different.  Both  spontaneous  and  piezoelectric  contributions  have  to  be 
considered  for  GaN-AlGaN  QW  systems.  For  ideal  infinite  GaN/GaAlN  superlattices,  with  well 
and  barrier  widths  Lw  and  Lb,  the  electric  fields  in  the  wells  and  in  the  barriers  are  given 
respectively  by  [10,1 1]: 

Ey,=  LB.{  -  IP^I  -  )  /  (8/?  Uv  +  ^^vLB)  (  1 ), 

Eb  =  Lw.{  IP%!  +  IP"V!  +  \P^'b\  -  )  /  (s/i  Lw  +  £  w  Ln)  (2), 

where  Ew  and  Eb  are  the  dielectric  con.stants  for  the  GaN  wells  (W)  and  the  AlGaN  barriers  (B). 
F^''w  and  F'^^’b  are  the  spontaneous  polarizations  which  have  the  same  sign  in  both  materials.  On 
the  other  hand,  and  F^'b  (the  piezoelectric  polarizations)  have  opposite  signs,  at  least  for 
QW  systems  which  are  pseudomorphically  grown  (i.e.  lattice-matched)  on  GaN  buffer  layers, 
themselves  grown  on  sapphire  sub.strates  (this  is  the  case  of  our  samples).  Indeed,  GaN  layers 
undergo  a  small  biaxial  compression,  while  AlGaN  layers  are  under  biaxial  tension.  A  first 
interesting  result  expressed  by  these  equations  is  that  the  field  inside  the  GaN  QWs  is  not 
directly  given  only  by  the  piezoelectric  effect  in  the  GaN  layer.  The  second  interesting  result  is 
that  this  field  inside  the  QWs  is  a  growing  function  of  the  barrier  width. 

In  this  paper,  we  present  time-resolved  photoluminescence  (TRPL)  experiments  which 
support  the  above  theoretical  predictions,  in  particular  in  terms  of  the  role  played  by  the  barriers 
in  GaN  -  AlGaN  QW  systems. 


EXPERIMENTS 

The  samples  were  grown  by  molecular  beam  epitaxy  on  sapphire  substrates,  followed  by  a 
2  pm  thick  GaN  buffer  layer,  grown  at  800‘"C.  Next,  GaN/GaAlN  multiple-  or  single-  QWs  have 
been  deposited,  all  samples  being  terminated  by  30  nm  thick  GaAlN  layers,  with  the  same  A1 
composition  as  the  barriers.  These  barriers  have  thicknesses  of  5  nm  for  the  two  multiple  QWs 
presented  and  of  30  nm  for  the  single  QW.  All  samples  have  been  grown  in  the  same  setup, 
under  identical  growth  conditions.  Thus,  there  is  no  reason  to  expect  important  differences 
between  them,  in  terms  of  bulk  or  interface  nonradiative  processes,  for  instance. 

Sample  1  is  a  single  GaN  /  Ga().9iAlo.()9N  QW  with  nominal  thickness  of  17  MLs  (1  ML  = 
2.59  A).  Sample  2  is  made  of  ten  GaN  /  Gao,89Alo.iiN  QWs  having  all  the  same  nominal 
thickness  of  6  MLs.  Sample  3  contains  four  GaN  /  GaosgAlo.nN  QWs  with  respective 
thicknesses:  3,  7,  1 1  and  15  MLs,  nominally,  from  the  surface  towards  the  GaN  buffer  layer. 

Detailed  results  of  continuous-wave  spectroscopy,  at  T  =  2K,  are  available  elsewhere  [12-14]. 
In  summary.  Sample  1  shows  a  single  PL  peak  at  3389.3  meV,  well  below  the  excitonic  gap  of 
GaN,  due  to  a  strong  electric  field.  The  latter  induces  a  very  small  oscillator  strength  for  the 
fundamental  transition,  which  explains  that  no  reflectivity  feature  corresponds  to  the  PL  line. 
Sample  2  exhibits  a  single  intense  PL  line  at  3583.2  meV,  Stokes-shifted  by  ~30  meV  from  the 
corresponding  strong  reflectivity  structure.  The  PL  lines  of  the  15,  11,7  and  3  ML-wide  QWs  in 
Sample  1  peak  respectively  at  3462.0,  3513.3,  3569.0  and  3671.9  meV.  All  PL  lines  are  Stokes- 
shifted  from  their  reflectance  structure  by  -40-50  meV.  This  is  assigned  [15]  to  the  localization 
of  excitons  on  areas  where  the  QWs  exceed  their  nominal  thicknesses  by  2  MLs.  Thus,  we  have 
considered  such  "enlarged"  well  thicknesses  in  our  envelope  function  calculations  of  transition 
energies.  These  calculations  include  excitonic  effects  and  the  material  parameters  have  been 


taken  from  Refs.  [16-18].  The  magnitude  of  the  electric  field  in  the  QWs  is  a  fitting  parameter:  a 
very  good  agreement  is  found  between  calculated  and  measured  energies  provided  that  we 
include  fields  of  600  kV/cm  for  Sample  1  and  of  450  kV/cm  for  Samples  2  and  3  [13]. 

Such  a  difference  of  internal  fields  does  not  result  from  different  strain  states.  This  is  proved 
by  the  energies  of  the  A,  B  and  C  excitons  in  the  GaN  buffers,  measured  by  reflectivity.  It  is 
well-known  that  these  energies  have  a  direct  correlation  [16]  with  the  amount  of  residual  in¬ 
plane  compressive  strain  in  GaN  layers  grown  on  sapphire.  These  energies  are  respectively,  of 
3480.0,  3486.5  and  3503.0  meV,  for  Sample  1,  3478.8,  3484.7  and  3502.0  meV,  for  Sample  2, 
and  3482.2,  3488.8  and  3506.4  meV,  for  Sample  3. 

We  see  that  the  strain  in  GaN  layers  is  almost  the  same  for  all  samples:  it  is  slightly  smaller 
for  Sample  2  than  for  Sample  1,  and  slightly  smaller  for  Sample  1  than  for  Sample  3.  From  these 
results  and  assuming  that  AlGaN  layers  are  lattice-matched  onto  the  GaN  buffers,  we  find  that 
the  differences  of  piezoelectric  polarizations  of  wells  and  barriers  are  almost  identical  for  the 
three  samples.  This  is  a  first  evidence  that  the  magnitudes  of  internal  fields  are  not  a  simple 
function  of  the  compressive  strain  in  the  GaN  layers.  Instead,  the  larger  electric  field  in  Sample  1 
can  be  explained  by  the  thicker  barriers,  according  to  Eq.  (1).  Consistently,  the  "opposite"  field 
in  the  barriers  should  be  4-5  times  weaker  for  Sample  1  than  for  the  other  samples  [see  Eq.  (2)]. 

For  TRPL  experiments,  the  excitation  is  provided  by  laser  pulses  with  X  =  270  nm  and  with 
typical  temporal  width  of  2ps,  at  a  repetition  frequency  of  82  MHz.  A  helium  closed-cycle 
cryostat  is  used  for  cooling  the  samples  down  to  a  minimum  of  8  K.  The  PL  is  analyzed  through 
a  spectrometer  and  detected  by  a  streak  camera.  The  overall  time-resolution  of  the  setup  is  ~5  ps. 
Figure  1(a)  shows  the  temporal  evolution  of  the  PL  spectrum  of  Sample  1.  We  find  that  the 
decay  is  multi-exponential  in  all  regions  of  this  spectrum.  We  get  a  satisfactory  fitting  only  when 
including  at  least  three  exponential  decays.  We  also  notice  a  red-shift  of  the  line  of  ~6  meV  for 
increasing  times,  which  suggests  some  band  filling  effects  and  the  partial  screening  of  the 
internal  field  by  photocarriers,  at  short  times. 
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Figure  1:  Evolution  with  time  of  the  PL  of  Samples  1  (a)  and  2  (b),  shown  by  the  spectra 
recorded  on  various  time  intervals.  Indicative  decay  times  are  shown  for  various  spectral  ranges. 

The  overall  decay  time  is  of  more  than  10  ns,  especially  in  the  low-energy  range,  where  it 
reaches  the  upper  limits  of  our  time  detection.  Such  decay  times  are  fairly  comparable  with  the 
estimations  of  ~35  ns  for  the  radiative  lifetime  of  such  localized  excitons,  that  we  made  via 
variational  envelope-function  calculations  of  the  excitonic  oscillator  strength  [19,20],  including  a 


field  of  600  kV/cm.  On  the  other  hand,  the  PL  decay  times,  displayed  in  Fig.  2,  for  the  QWs  of 
Sample  3  are  much  shorter  than  the  radiative  lifetimes,  estimated  for  a  field  of  450  kV/cm. 

These  radiative  lifetimes  are  again  of  several  nanoseconds,  and  increase  almost  exponentially 
with  the  well  width.  The  experimental  decay  times  rather  show  a  linear  increase  and  are  of  the 
order  of  several  tens  of  picoseconds.  Moreover,  we  have  measured  here  clear  mono-exponential 
decays.  We  interpret  these  decays  as  arising  from  the  competition  between  radiative 
recombinations  and  the  nonradiative  transfer  of  carriers  across  the  barriers,  from  each  well  into 
its  wider  neighbor  and,  eventually,  into  the  GaN  buffer.  This  interpretation  is  supported  by  the 
linear  increase  of  the  times  for  reaching  maximum  PL  intensity,  when  going  from  the  narrowest 
QW  (arbitrarily  assigned  to  zero-delay)  to  the  widest  QW  (see  open  circles  in  Fig.  2).  Indeed,  the 
latter  result  strongly  suggests  a  kind  of  recycling  of  the  carriers  that  are  lost  by  a  well,  which 
cross  the  barrier  and  feed  the  neighboring  wider  well.  This  kind  of  transfer  is  made  possible  by 
the  quantum  coupling  of  the  different  QWs  across  the  thin  (5  nm)  barriers.  Each  electron 
subband  corresponds  to  a  wave  function  delocalized  over  the  entire  multi-QW  system.  An 
electron  in  an  excited  state,  which  is  mainly  localized  in  a  given  well,  can  either  recombine 
radiatively  with  a  hole  within  this  well,  or  thermalize,  by  phonon  emission,  towards  a  lower- 
lying  state  of  the  entire  structure,  which  happens  to  be  mainly  localized  on  another  well.  The 
efficiency  of  this  process  is  a  growing  function  of  the  probability  of  leakage  of  the  envelope 
function  in  the  adjacent  well,  which  is  small  in  the  present  case  (for  the  electron  state  centered  on 
the  3  ML  QW,  the  probability  in  this  well  is  -180  times  larger  than  in  the  7  ML  QW).  If  the 
QWs  were  strongly  coupled,  the  carriers  would  thermalize  even  more  efficiently  towards  their 
ground  state:  the  recombinations  from  narrow  wells  would  have  even  shorter  lifetimes.  By 
enhancing  the  leakage  probablility,  the  strong  built-in  electric  fields  in  the  barriers  slightly  favor 
such  carrier  transfers. 

We  can  only  propose  a  qualitative  picture  of  the  electric  fields  in  all  layers,  because  many 
material  parameters  are  still  poorly  known.  Theoretical  calculations  indicate  that  the  general 
band  profiles  in  our  samples  should  resemble  those  sketched  in  Fig.  3,  but  these  are  only  valid 
for  ideal  insulators,  Le.  band  curvatures  are  likely  to  occur  due  to  free  carriers,  in  real  samples. 


Figure  2:  PL  decay  times  (solid  circles)  versus  QW  width  (nominal  widths  increased  by  two 
units  have  been  used).  Open  circles  show  the  change  of  the  time  for  reaching  maximum  PL 
intensity. 
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Figure  3:  Sketch  of  conduction  band  minima  in  Samples  1  and  2  as  deduced  from  Eqs  (1)  and 
(2),  in  the  case  of  GaN/GaAlN  QWs  without  any  free  carriers.  Reasonable  values  of  fields, 
widths,  and  potential  discontinuities  have  been  used,  and  both  figures  have  the  same  scale. 

The  case  of  Sample  3,  not  shown,  should  be  like  the  case  of  Sample  2,  except  for  the  varying 
well  widths.  We  remark  that  we  have  assumed,  for  multi-QWs,  an  overall  "flat"  band  profile.  We 
have  an  indication  of  this  lineup  by  analyzing  TRPL  results  obtained  on  Sample  2  (see  below). 

Figure  1(b)  shows  the  change  of  the  PL  spectrum  of  Sample  2  versus  time.  Contrary  to  the 
case  of  the  single  QW,  we  observe  a  clear  blue-shift  of  5  meV  of  the  PL  maximum  between 
small  and  large  delays.  This  totally  unusual  behavior,  and  the  somewhat  irregular  shape  of  the 
spectrum,  suggest  that  this  PL  line  is  made  of  several  contributions,  due  to  a  variety  of 
configurations  in  terms  of  local  well  and  barrier  widths.  This  is  confirmed  by  the  multi¬ 
exponential  decay  in  all  regions  of  the  spectrum.  Dominant  fast  components  (typical  decay  times 
of  200  ps)  are  present  for  the  entire  line,  whereas  much  slower  decays  (typically  2.5  ns)  are 
rather  present  in  the  high-energy  part  of  the  line.  We  interpret  these  slow  decays  as  arising  from 
spatially  indirect,  inter-well  exciton  recombinations,  whereas  fast  decays  rather  correspond  to 
excitons  recombining  within  a  given  well. 

Inter-well  transitions  are  favored,  here,  by  the  electric  fields  which  push  electrons  towards  the 
left-hand  side  of  the  QW  (see  Fig.  3),  while  holes  in  its  left-hand  next  neighbor  are  pushed  to  the 
right.  Nervertheless,  intra-well  and  inter-well  recombinations  cannot  be  observed  simultaneously 
without  an  essential  mechanism,  namely  the  strong  in-plane  localization  of  electrons  and  holes 
[12-15,20,21],  with  trapping  energies  of  several  tens  of  meV,  and  localization  radii  smaller  than 
the  Bohr  radius  [21].  Then,  there  are  statistically  some  occurences  for  which  the  in-plane 
distance  of  the  localization  sites  of  the  electron  and  the  hole  is  large  (compared  e.g.  to  the  barrier 
width).  In  such  cases,  an  inter-well  recombination  is  more  probable  than  its  intra-well 
counterpart. 

Variational  calculations  of  transition  energies  and  oscillator  strengths  allow  us  to  get  a 
satisfactory  description  of  experimental  results:  we  have  performed  a  series  of  calculations 
assuming  variations  and  permutations  of  well  and  barrier  widths  near  their  nominal  values  (e.g. 
between  6  and  9  MLs,  for  QWs),  for  a  model-system  made  of  three  QWs.  We  find  a  "band"  of 
short-lived  "intra-well"  excitons  covering  the  range  between  3585  and  3625  meV  and  two 
"bands"  of  inter-well  excitons  at  3595-3605  meV  and  3615-3620  meV.  Inter-well  excitons  He  at 
larger  energies  than  intra-well  excitons  mainly  because  of  a  smaller  binding  energy.  But  it  is 
crucial  to  note  that  the  energies  of  the  two  types  of  transitions  would  be  completely  different  if 
the  general  band  profile  was  not  "globally  flat",  as  shown  in  Fig.  3. 


CONCLUSION 


We  have  shown  the  key  role  played  by  the  complex  interplay  of  piezoelectric  and  spontaneous 
polarizations  in  GaN-GaAlN  QWs,  by  analyzing  time-resolved  PL  experiments  on  such  samples. 
This  interplay  induces  a  complex  dependence  of  built-in  electric  fields  on  layer  thicknesses  and 
biaxial  strains.  Consequently,  each  sample  should  be  considered  individually  (a  single  QW 
cannot  be  regarded  as  a  multiple  QW)  and  original  behaviors  appear,  in  terms  of  excitonic 
energies  and  lifetimes  and  of  carrier  transfer  mechanisms.  These  particularities  pave  the  way  for 
versatile  applications  of  .such  QWs,  which  are  undoubtedly  promised  to  a  bright  future. 
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ABSTRACT 

GaN  decomposition  was  studied  above  800  °C  in  flowing  H2  and  N2  for  pressures  ranging 
from  10  to  700  torr.  From  careful  weighings  of  the  GaN  film  on  sapphire  before  and  after 
annealing,  the  rates  for  GaN  decomposition,  Ga  surface  accumulation,  and  Ga  desorption  were 
obtained.  An  enhancement  in  the  GaN  decomposition  rate  was  observed  in  H2  pressures  greater 
than  100  torr.  Even  with  this  enhanced  GaN  decomposition,  the  Ga  desorption  rate  is  nearly 
constant  at  higher  pressures.  As  a  result,  Ga  droplets  accumulate  on  the  surface.  For  N2  pressures 
ranging  from  76  to  400  torr  no  net  enhancement  in  the  GaN  decomposition  rate  is  observed  and 
the  GaN  decomposition  rate  is  reduced  compared  to  identical  annealing  conditions  in  H2.  This 
suggests  that  H2  is  acting  chemically  to  reduce  the  barrier  for  GaN  decomposition.  This  may 
occur  through  a  surface  mediated  dissociation  of  H2  followed  by  the  formation  of  more  mobile 
and  volatile  hydrogenated  N  and  Ga  species.  The  significance  of  this  study  for  GaN  growth  is  that 
by  increasing  the  GaN  decomposition,  the  Ga  atoms  diffuse  farther  and  subsequently  re¬ 
incorporate  into  the  growing  lattice,  increasing  the  GaN  crystal  quality.  Connections  between  the 
enhanced  GaN  decomposition  rate  and  the  coalescing  of  nucleation  layer  during  the  ramp  to  high 
temperature  and  the  eonsequenees  for  the  high  temperature  growth  are  discussed. 

INTRODUCTION 

GaN  is  of  current  interest  for  the  fabrication  of  blue  light  emitting  diodes  [1],  lasers  [2] 
and  for  high  power  electronic  devices  [3].  It  has  been  shown  that  the  GaN  quality  plays  a  strong 
role  in  the  device  performanee  [1-3],  Typically,  GaN  is  grown  at  high  temperature  (>  1000  °C) 
using  MOVPE  with  N  to  Ga  ratios  larger  than  1000  on  sapphire  or  SiC  substrates  using  a  thin 
buffer  layer.  The  high  temperature  is  necessary  for  efficient  catalytic  dissociation  of  NH3  and  the 
large  V/III  ratio  is  needed  to  offset  the  N  loss  from  the  growing  film  [4].  The  growth  temperature 
is  larger  (i.e.  100-500  °C)  than  the  threshold  temperature  for  GaN  decomposition,  and  it  is  not 
currently  understood  to  what  extent  GaN  decomposes  during  growth  at  MOVPE  pressures. 

Previously,  we  suggested  that  decomposition  of  the  GaN  film  during  growth  enhances 
GaN  ordering,  by  eliminating  more  weakly  incorporated  Ga  and  N  atoms  [4].  At  equilibrium  the 
growth  rate  is  zero.  For  a  positive  growth  rate  close  to  equilibrium,  the  incorporation  rate  of 
atoms  into  the  growing  lattice  is  slightly  larger  than  the  decomposition  rate  [4-6].  Recently,  we 
showed  how  the  GaN  decomposition  rate  is  enhanced  in  flowing  H2  for  pressures  greater  than 
100  torr  [7].  This  result  was  explained  by  assuming  chemical  dissociation  of  H2  on  the  GaN 
surface  which  then  inereases  Ga  surface  mobility  and  enhances  N2  desorption.  This  paper  reports 
a  more  detailed  study  of  GaN  decomposition  in  both  H2  and  N2  as  a  function  of  pressure  and 
temperature,  where  the  role  of  H2  on  the  enhanced  GaN  deeomposition  rate  is  clarified. 

EXPERIMENTAL  DETAILS 

Details  of  the  GaN  growth  are  discussed  elsewhere  [8].  The  GaN  films  were  grown  at  76 
torr  using  a  elose-spaced  showerhead  reactor  design.  This  same  reactor  was  also  used  to  study 
the  GaN  decomposition.  The  growth  process  resulted  in  specular  GaN  growth  over  the  2” 
sapphire  wafer,  with  excellent  thickness  uniformity.  Temperature  reproducibility  of  the  susceptor 
was  a  major  concern  for  the  decomposition  study.  The  temperature  was  calibrated  by  observing 
the  melting  point  of  0.005”  diameter  Au  wire  and  correlating  it  to  a  thermocouple  in  elose 
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Figure  1.  (a)  Phase  contrast  and  (b)  transmission  Normarski  images  of  GaN  surface  heated  for  20  minutes  in  H,  at 
a  pressure  of  1 50  torr  at  a  temperature  of  8 1 1  °C.  The  bar  on  image  (a)  indicates  a  length  of  20  pm. 


proximity  to  with  the  backside  of  the  susceptor.  Temperature  measurement  in  the  reactor  was 
found  to  be  reproducible  to  within  5  °C  after  8  months  of  use. 

For  the  decomposition  .study,  pieces  of  the  GaN  on  sapphire  were  cleaved  and  weighed  to 
within  0.1  mg  using  an  analytical  balance  [7].  Repeated  weighing  of  the  GaN  on  sapphire  pieces 
were  reproducible  to  within  0.1  mg.  The  pieces  were  reintroduced  into  the  reactor  and  heated 
under  varying  conditions  using  either  6  SLM  flow  of  H2  or  3  SLM  of  N2.  Each  piece  was  ramped 
at  25  °C  per  minute  to  the  annealing  temperature,  which  ranged  from  800  to  1130  °C.  After 
annealing  for  a  set  time  and  cooling,  each  piece  was  re-weighed  in  air  to  determine  the  mass  loss. 
If  Ga  droplets  were  observed,  they  were  removed  by  etching  in  dilute  HNO3  and  rinsing  with  DI 
water.  (On  some  samples  which  were  not  etched,  the  Ga  droplets  were  found  to  be  very  stable  in 
air  even  up  to  several  months,  suggesting  minimal  oxidation  of  the  liquid  Ga  droplets.)  Each  piece 
was  then  weighed  again  to  determine  the  weight  of  liquid  Ga.  Finally,  the  piece  was  annealed  at 
1080  °C  until  the  remaining  GaN  was  decomposed,  leaving  only  the  initial  bare  sapphire  surface. 
The  bare  sapphire  weight  was  used  to  calculate  the  sapphire  area  in  order  to  convert  the  measured 
weights  to  kinetic  rates  (atoms/cm^)  [7]. 

RESULTS 

After  annealing  GaN  in  the  absence  of  NH.^,  the  most  notable  change  in  the  GaN  surface 
morphology  is  the  appearance  of  Ga  droplets  as  shown  in  Fig.  1 .  For  Fig.  1 ,  the  GaN  surface  was 
annealed  at  a  temperature  of  81 1  °C  for  20  minutes  in  H2  at  a  pressure  of  150  torr.  The  Ga 
droplets  are  observable  as  the  lighter  regions  in  the  phase  contrast  image  (Fig.  1(a))  and  as  the 
darker  regions  in  the  transmission  image  (Fig  1(b)).  Because  the  GaN  decomposition  rate  is  larger 
than  the  Ga  desorption  rate,  the  liquid  Ga  droplets  accumulate  on  the  surface  and  coalesce  into 
larger  droplets,  similar  to  the  liquid  droplet  growth  mechanism  developed  by  Family  and  Meakin 
[9].  In  flowing  H2  Ga  droplets  were  observed  for  pressures  greater  than  22  torr  [7]  for  anneals  at 
992  °C.  Compared  to  the  Ga  droplets  in  flowing  H2,  the  Ga  droplets  in  flowing  N2  were  barely 
discernable  even  at  the  highest  magnification  of  lOOOx.  The  droplet  size  increased  as  both  the 
anneal  temperature  and  the  pressure  were  increased  in  H2  and  in  N2  for  temperature  greater  than 
1000  °C. 

For  temperatures  ranging  from  800  -  1000  °C,  the  H2  pressure  had  a  strong  influence  on 
both  the  quantity  of  Ga  and  the  Ga  droplet  size.  This  is  shown  in  Fig.  2,  where  the  kinetic  rates 
for  Ga  accumulation  (i.e.  liquid  Ga  on  the  surface),  GaN  decomposition,  and  Ga  desorption  are 
plotted  as  a  function  of  pressure.  Figs.  2(a)  through  2(c)  show  the  rates  at  anneal  temperatures  of 
992  °C,  902  °C,  and  811  °C,  respectively.  It  is  clear  from  Fig.  2(a)  that  the  GaN  decomposition 
rate  (filled  circles)  and  the  surface  Ga  accumulation  rate  (open  squares)  increase  as  the  pressure  is 
increased.  The  Ga  desorption  rate  (filled  diamonds)  changes  slightly  as  a  function  of  pressure, 
peaking  near  76  torr  in  Fig.  2(a),  100  torr  in  Fig.  2(b),  and  120  torr  in  Fig.  2(c).  The  increase  in 
the  Ga  desorption  rate  at  these  pressures  is  due  to  a  maximum  in  the  Ga  surface  area  to  volume 
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Figure  2.  Plot  of  the  GaN  decomposition  rate  in  Hj  (solid  circles)  at  various  pressures  at  (a)  992  °C,  (b)  902  °C, 
and  (c)  81 1  °C.  The  Ga  desorption  rate  (solid  diamonds)  and  the  rate  of  Ga  accumulation  (open  squares)  on  the 
surface  during  the  anneal  are  also  plotted. 

ratio  which  then  decreases  as  the  droplets  coalesce.  Clearly,  as  shown  in  Fig  2(b)  and  2(c),  the 
buildup  of  Ga  on  the  surface  directly  coincides  with  the  increase  in  the  GaN  decomposition  rate. 

Arrhenius  plots  of  the  GaN  decomposition  and  Ga  desorption  rates  in  both  H2  and  N2  are 
plotted  in  Figs.  3  and  4,  respectively.  Because  the  GaN  decomposition  rates  depend  strongly  on 
the  H2  pressure,  the  decomposition  rates  in  H2  (solid  circles,  solid  line)  are  plotted  only  for  76 
torr.  From  this  data,  the  fit  yields  a  pre-exponential  of  (6.3±0.4)xl0^°  cm'^s'^  and  an  activation 
energy,  Ea,  of  2.96  ±  0.06  eV.  This  is  in  close  agreement  with  previous  measurements  of  GaN 
decomposition  in  vacuum,  where  pre-exponentials  of  4x10^^  cm’^s"'  [10]  and  5x10^^  cm'^s"^  [11] 
and  an  Ea  of  3.1  eV  [10,  11]  were  measured.  For  comparison,  values  of  the  pre-exponentials  and 
Ea  for  the  GaN  decomposition  and  Ga  desorption  kinetics  are  listed  in  Table  1.  Arrhenius  plots  of 
the  GaN  decomposition  at  higher  H2  pressures  gave  slopes  that  were  smaller  than  the  slope 
measured  at  76  torr,  giving  significantly  smaller  Ea  at  higher  pressures.  These  values  for  Ea  were 
not  explicitly  calculated  because  it  is  not  clear  if  the  GaN  decomposition  at  these  higher  pressures 
is  governed  by  a  single,  simple  chemical  mechanism.  The  GaN  decomposition  rates  were  also 
measured  in  N2  at  pressures  of  76  (open  diamonds)  and  150  torr  (open  squares).  At  fixed 
temperature  in  N2,  the  GaN  decomposition  rate  was  approximately  constant  for  pressures  up  to 
400  torr.  In  N2,  an  exponential  fit  gives  a  larger  pre-exponential  of  (1.2±0.1)xl0^^  cm'^s  ’  and  an 
substantially  larger  Ea  of  3.62  ±  0.04  eV  compared  to  the  kinetic  parameters  measured  in 


Figure  3.  Arrhenius  plot  of  the  GaN  decomposition 
rate  vs.  the  reciprocal  temperature  under  (filled 
circles,  solid  line)  and  Nj  (open  diamonds  and 
squares,  dashed  line).  The  pre-exponent  and 
activation  energy  from  the  fit  are  listed  in  Table  1. 


1000 /T  ,  K'^ 

Figure  4.  Arrhenius  plot  of  the  Ga  desorption  rate 
vs.  the  reciprocal  temperature  under  Hj  (filled  and 
open  circles  and  squares,  solid  line)  and  (filled 
and  open  diamonds,  dashed  line).  The  pre-exponent 
and  activation  energy  from  the  fit  are  listed  in  Table 
1. 


TABLE  I.  Values  for  the  kinetic  parameters  for  GaN  decomposition  and  Ga  desorption.  The  first  column  lists  the 
event,  either  GaN  decomposition  or  Ga  desorption  and  a  brief  description  of  the  conditions  for  the  study.  The 
second  column  lists  the  measured  pre-exponential  and  the  third  column  lists  the  measured  activation  energy.  Ea- 
The  reference  for  the  work  listed  in  the  table  is  shown  in  the  fourth  column. 


Event 

pre-exponent 

Ea  (eV) 

Ref 

GaN  Decomposition 

Thermogravi  metry 

4x10'"  em  V' 

3.1 

10 

Mass  Spectroscopy 

5x10"'  em  V' 

3.1 

11 

Mass  Spectroscopy 

1.2xUf'  emV 

3.93 

12 

Hi  at  76  torr 

(6.3±0.4)xl0-"  em  V’ 

2.96±0.06 

this  work 

N2  at  76  and  1 50  torr 

(1.2±0.1)xl0^'  em  V 

3.62±0.04 

this  work 

Ga  Desorption 

desorption  from  liquid  Ga 

- 

2.8 

14 

RHEED  study 

1.0x1  o'”  em'V' 

2.69 

15 

H2  at  40,  76,  150,  250  torr 

(6.6±0.5)xl0'"  cm  V’ 

2.74±0.06 

this  work 

N2  at  76  and  1 50  torr 

(5.3±0.4)xl0'”  em  V 

2.69±0.08 

this  work 

H2.  The  GaN  decomposition  kinetic  parameters  measured  in  N2  are  closer  to  the  mass 
spectroscopy  work  of  Ambacher  and  coworkers  [12]  as  shown  in  Table  1. 

GaN  decomposition  was  also  studied  as  a  function  of  time  at  a  fixed  pressure  of  150  torr 
and  temperature  of  811  °C.  Images  of  the  surface  after  (a)  3,  (b)  10,  (c)  20,  and  (d)  80  minutes 
are  shown  in  Fig.  5.  As  shown  in  Fig.  5,  the  average  Ga  droplet  size  increases  as  the  surface  is 
annealed  as  described  by  the  model  of  Family  and  Meakin  [9].  After  an  initial  incubation  time,  the 
GaN  decomposition  rate,  Ga  surface  accumulation  rate,  and  the  Ga  desorption  rate  were 
relatively  constant  in  time  suggesting  zeroth  order  kinetics.  Also,  for  one  experiment  the  GaN 
surface  was  predosed  with  trimethylgallium  for  10  minutes  at  600  °C  prior  to  the  high 
temperature  anneal  in  H2.  In  agreement  with  the  work  of  Pisch  and  Schmid-Fetzer  who  observed 
enhanced  GaN  decomposition  on  Ga  predosed  surfaces  [13],  a  34%  increase  in  the  GaN 
decomposition  rate  was  observed  on  the  Ga  predosed  surface.  While  the  increase  in  the  GaN 
decomposition  rate  by  Ga  predosing  the  surface  is  significant,  it  is  not  as  large  as  the  increase 
observed  in  Fig.  2  when  the  H2  pressure  is  increased  from  low  (<  76  torr)  to  high  pressure  (>  150 
torr).  From  this  work  it  is  apparent  that  the  GaN  decomposition  rates  depend  .strongly  on  the 
ambient  gas  (i.e.  H2  or  N2),  the  pres.sure,  and  the  condition  of  the  initial  surface. 

Contrary  to  the  large  range  in  the  measured  kinetic  parameters  for  GaN  decomposition, 
the  measured  Ea  for  Ga  desorption  were  found  to  be  both  independent  of  pressure  and  ambient 
gas  composition.  The  data  shown  in  Fig.  4  for  Ht  were  measured  at  40  (solid  circles),  76  (open 
circles),  150  (solid  squares)  and  250  (open  squares)  torr.  From  a  fit  to  all  the  data  a  pre¬ 
exponential  of  (6.6±0.5)xl0^^  em'^s  '  and  an  Ea  of  2.74±0.06  eV  were  measured  [7].  In  N2,  the 
desorption  rates  were  measured  at  76  (solid  diamonds)  and  1 50  (open  diamonds)  torr,  yielding  a 
pre-exponential  of  (5.3±0.4)xl0^*^  em'^s  ’  and  an  Ea  of  2.69±0.08  eV.  Both  measurements  of  the 


Figure  5:  The  growth  in  the  Ga  droplet  size  is  .shown  for  GaN  surfaces  anneal  at  81 1  °C  for  (a)  3,  (b)  10,  (c)  20, 
and  (d)  80  minutes  in  H,  at  a  pressure  of  150  torr. 


Ga  desorption  Ea  are  in  excellent  agreement  with  the  value  of  2.8  eV  for  Ga  desorption 
from  liquid  Ga  [14],  and  2.69  eV  for  Ga  desorption  from  GaN  in  vacuum  [15].  The  pre¬ 
exponential  measured  in  H2  is  12.5  larger  than  in  N2,  which  is  close  to  the  mass  ratio  of  N2  to  H2 
of  14.  The  mechanism  for  Ga  desorption  suppression  in  Na  and  implications  for  GaN  growth  will 
be  discussed  in  the  next  section. 

DISCUSSION  AND  CONCLUSIONS 

GaN  thermal  decomposition  has  been  extensively  studied  in  vacuum  [10-12,  16-19].  From 
these  previous  studies  activation  energies,  Ea,  of  3.1  eV  [10,  11]  and  3.93  eV  [12]  were  measured 
as  listed  in  Table  1.  In  this  study,  we  have  shown  how  the  measured  kinetic  parameters  vary 
depending  on  the  pressure  and  ambient  gas.  For  example,  in  N2  a  larger  Ea  (3.62  eV)  is  measured 
compared  to  a  lower  Ea  (2.96  eV)  measured  in  H2  at  76  torr.  The  Ea  are  even  lower  in  H2  when 
the  pressure  is  increased  above  100  torr.  These  differences  in  the  Ea  reflect  a  change  in  the  GaN 
decomposition  mechanism  when  GaN  is  heated  in  Ha  vs.  heating  in  Na- 

The  decomposition  rate  enhancement  at  high  pressure  coincides  with  an  increase  in  liquid 
Ga  coverage.  Recently,  Pisch  and  Schmid-Fetzer  showed  that  liquid  Ga  can  catalyze  GaN 
decomposition  for  temperatures  as  low  as  720  °C  [13].  Although  Ga  droplet  formation  coincides 
with  an  increase  in  the  GaN  decomposition  rate,  it  is  not  known  if  the  liquid  Ga  accumulation  is 
the  cause  or  a  result  of  the  increased  GaN  decomposition  rate.  In  Fig.  2,  we  show  that  the  GaN 
decomposition  rate  is  enhanced  at  higher  pressure  in  Ha.  However,  no  enhancement  is  observed  in 
Na.  This  implies  that  the  GaN  surface  is  chemically  altered  in  Ha  and  that  N  is  preferentially 
removed  from  the  lattice  while  the  Ga  desorption  rate  remains  relatively  constant. 

To  preferentially  remove  N  from  the  lattice,  the  H2  must  first  dissociate  and  adsorb  on  the 
surface.  Ga  metal  is  known  to  dissociate  Ha  at  high  temperatures  to  form  Ga  hydrides  [20].  The 
hydrogenated  N  and  Ga  species  have  the  potential  to  be  both  more  mobile  and  also  more  volatile. 
More  mobile  hydrogenated  Ga  species  have  been  proposed  to  explain  the  increase  in  the  Ga 
diffusion  length  when  Ha  or  atomic  H  is  used  in  the  MBE  growth  of  GaAs  [21].  In  addition, 
Okamoto  and  coworkers  have  recently  showed  a  suppression  of  3D  growth  morphology  when 
atomic  H  is  used  during  MBE  growth  of  GaN  [22],  implying  an  increase  in  the  surface  mobility 
for  the  hydrogenated  Ga  atoms.  Increasing  the  Ga  diffusion  length  would  more  rapidly  uncover 
new  areas  of  the  GaN  surface  for  Na  desorption,  which  is  10-10“^  times  faster  than  the  Ga 
desorption  rate  for  the  temperature  range  of  800-1100  °C  [4,  15].  Furthermore,  the  surface  H  can 
form  more  volatile  NHx  species.  Both  an  increased  rate  of  NHx  desorption  and  an  increased  GaH 
mobility,  wiU  lead  to  the  formation  and  growth  of  Ga  droplets  as  shown  in  Figs.  1  and  5.  When  Na 
is  substituted  for  H2,  the  Ea  for  decomposition  is  larger  because  the  chemical  pathways  for 
forming  hydrogenated  N  and  Ga  species  are  absent.  In  Na,  the  kinetic  barrier  to  GaN 
decomposition  is  larger  and  may  be  limited  by  the  formation  and  desorption  rate  of  Na. 

Compared  to  the  GaN  decomposition  kinetics,  Ga  desorption  is  simpler.  The  Ea  listed  in 
Table  1  aU  are  in  the  range  2.69-2.8  eV,  implying  that  the  Ga  desorption  mechanism  is  similar 
under  varying  pressures  and  ambient  gas  flows.  The  agreement  in  the  Ea  for  Ga  desorption  from 
liquid  Ga  [14]  and  the  similarity  of  the  measured  Ea  values  in  Table  1,  suggest  that  the  Ga  atoms 
desorb  from  a  Ga  rich  surface.  As  shown  in  Fig.  4,  the  measured  pre-exponential  factor  in  Ha  is 
12.5  times  the  measured  pre-exponential  factor  in  Na,  which  is  close  to  the  mass  difference  of  14 
between  Na  and  Ha.  With  the  Na  and  Ha  molecules  initially  near  room  temperature  (21  °C),  their 
impact  with  the  hot  surface  (near  800-1050  °C)  would  likely  result  in  a  general  heat  removal  from 
the  surface.  The  heat  transfer  between  the  Na  and  the  hot  surface  is  more  efficient  than  between 
Ha  and  the  surface,  because  of  its  larger  mass  (more  impulsive  collision)  and  slower  speed  (mean 
speed  of  Na  is  3.7  times  slower  than  Ha)  its  collision  time  with  the  surface  is  longer.  As  a  result  of 
the  increased  collision  time,  heat  transfer  from  the  hotter  surface  Ga  atoms  to  the  cooler  Na 
molecules  is  more  efficient,  resulting  in  a  reduced  population  density  of  the  Ga  surface  vibrations 
which  lead  to  Ga  desorption.  The  net  effect  of  this  is  a  reduction  in  attempt  frequency  (i.e.  pre¬ 
exponential  factor)  for  Ga  desorption  in  Na  compared  to  Ha. 

This  study  of  GaN  decomposition  has  several  consequences  for  the  growth  of  GaN.  We 
have  found  that  the  material  quality  is  substantially  improved  when  GaN  growth  is  conducted 
above  100  torr.  When  the  GaN  epitaxial  layer  is  grown  above  100  torr,  we  find  a  near  doubling  of 
the  electronic  mobility  (p  >  500  cm^A^s  for  intentionally  Si  doped  films  with  n  =  2-3x10*^  cm‘^) 
compared  to  films  growth  at  76  torr  [7].  For  films  grown  above  100  torr,  the  GaN  grain  size 


increased  from  <  1  jim  to  2-5  pm,  which  may  be  directly  responsible  for  the  increased  mobility 
[23].  Other  groups  using  close-spaced  or  high  speed  rotating  disk  reactors  have  also  reported 
improved  electric  properties  when  the  pressure  of  the  GaN  growth  is  greater  than  100  torr  [24, 
25].  Larger  grains  and  narrower  x-ray  rocking  curve  widths  have  been  reported  for  the  growth  of 
unnucleated  GaN  on  sapphire  in  H2  compared  to  N2  [261,  suggesting  that  the  enhanced 
decomposition  in  H2  aids  in  the  breakup  of  smaller  grains.  Changes  in  the  nucleation  layer 
evolution  during  the  ramp  from  low  to  high  temperature  have  also  been  observed  as  a  function  of 
H2  pressure  [25,  27].  Enhanced  GaN  decomposition  in  H2  may  also  increase  the  size  and  aid  in  the 
coalescence  of  the  low  temperature  nucleation  layers  as  shown  by  Han  et  al.  [25].  If  insufficient 
NH3  is  supplied,  the  GaN  nucleation  layer  may  be  entirely  decomposed  [28],  e.specially  if  the 
nucleation  layer  is  annealed  under  higher  H2  pressure. 

This  study  illustrates  the  significant  differences  between  reduced  and  atmospheric  pressure 
MOVPE  GaN  growth  and  the  influence  of  carrier  gas  chemistry.  We  have  demonstrated  the 
direct  influence  of  pressure  on  the  GaN  decomposition  rate.  A  more  thorough  understanding 
of  the  GaN  decomposition  mechanism  at  the  higher  growth  pressures  currently  used  by  many 
groups  may  serve  to  clarify  the  mechanisms  contributing  to  GaN  growth. 
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ABSTRACT 


Deep  defect  levels  in  n-type  GaN/AlN/6H-SiC-  and  GaN/AlGaN/6H-SiC-  heterostruc¬ 
tures  grown  by  Metallorganic  Vapor  Phase  Epitaxy  were  analyzed  by  Thermal  and  Optical  Ad¬ 
mittance  and  Photocurrent  Spectroscopy.  The  various  thermal  and  optical  transitions  in  the  spec¬ 
tra  originating  from  both  the  Schottky  contact  as  well  as  the  GaN/SiC-  and  AlGaN/GaN- 
heterojunctions  were  separated.  This  was  achieved  by  variation  of  the  modulation  frequency,  the 
use  of  different  contact  arrangements  and  by  comparison  with  reference  spectra  from 
GaN/Sapphir  samples  and  SiC  substrates.  In  the  GaN/AlGaN/SiC  structures  a  bias  voltage  de¬ 
pendent  peak  shift  was  found  which  is  correlated  to  an  interface  related  defect  distribution.  In 
additionally  to,  SiC  related  defects,  defect-band-transitions  involving  defects  with  transition  en¬ 
ergies  at  2.2eV,  1.85eV,  Eg-(470±40)  meV  and  Eg-(65-95)  meV  were  found  for  the  GaN  layer. 

INTRODUCTION 


Besides  their  optoelectronic  potential,  GaN  and  their  related  compounds  are  very  impor¬ 
tant  for  high-frequency,  high-power  and  high-  temperature  electronic  devices  /!/.  Especially, 
heterostructures  based  on  GaN  and  AlGaN  on  SiC-  substrate  are  main  parts  of  some  novel  de¬ 
vices  such  as  MESFET's,  MODFET's,  bipolar  transistors  III,  UV-detectors  111,  LED's  and  laser 
diodes  III.  Defects  states  in  the  layers  and  in  the  interface  regions  influence  both  optical  73/  and 
electrical  74/  properties.  For  example,  in  GaN  7  p-type  SiC  -structures  the  photoluminescence 
and  electroluminescence  spectra  show  defect  related  transitions  73/  which  cause  tunneling- 
assisted  currents  described  in  747.  Furthermore,  in  GaN  7  p-type  SiC  heterojunctions,  indications 
on  interface  defect  states  were  found  by  C-V-characteristics  75/  and  by  admittance  spectroscopy 
767. 

In  GaN/AlGaN  pin-structures  on  SiC-substrates,  Mg-related  recombination  centers  were 
found  with  temperature  dependent  dark  current  measurements  and  with  current-DLTS  having 
activation  energies  of  0.191eV  and  0.207eV,  respectively  111. 

The  aim  of  this  paper  is  to  present  evidences  for  defects  and  localize  these  traps  in  the  layers  and 
interfaces  using  Thermal  and  Optical  Admittance  Spectroscopy.  We  show,  that  defect  spectra  of 
heterostructures  can  be  led  back  to  those  of  the  corresponding  single  layers  on  sapphire.  We  were 
able  to  separate  the  different  heterojunctions  by  variation  of  the  modulation  frequency  and  the 
contact  arrangement  of  the  samples. 

These  investigations  provide  the  for  the  determination  of  the  capacitance  and  conduction 
values  of  the  individual  parts  of  the  heterostructure.  Only  with  these  knowledge  an  calculation  of 
the  concentrations  of  the  different  traps  would  be  possible.  The  quantitative  analysis  will  be  the 
aim  of  future  work. 
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EXPERIMENTAL 


The  first  group  of  samples  consist  of  a  n-type  6H-SiC-  substrate  (carrier  concentration  of 
about  LS^lO’^^cm""^),  a  17nm  thick  AIN  nucleation  layer  followed  by  a  1pm  thick,  nominally 
undoped,  n-type  GaN  layer.  The  second  kind  of  heterostructures  is  based  on  the  same  SiC  sub¬ 
strate  followed  by  a  500nm  thick  AlGaN  buffer  layer  (  [Al]  43-47%).  The  undoped  GaN  top 
layer  is  500nm  thick.  All  layers  were  grown  by  Metallorganic  Vapor  Phase  Epitaxy  (MOVPE)  at 
a  growth  temperature  of  I000‘’C.  For  reference  measurements  we  investigated  various  undoped 
GaN  layers  deposited  with  the  same  MOVPE  equipment  on  sapphire  substrates  as  well  as  the 
SiC  substrate  itself. 

The  samples  were  cleaned  with  organic  solutions  and  etched  in  HE  (SiC)  and  ammonium 
hydroxyd  (GaN)  solution.  Ohmic  contacts  were  formed  by  sputtering  of  Ni  on  SiC-  substrate  and 
by  evaporation  of  Al-  layer  on  GaN  followed  by  an  annealing  process  at  700^^C  for  10  min.  in  an 
inert  gas  atmosphere.  The  Schottky  contacts  were  realized  by  sputtering  of  a  lOOnm  thick  Pt- 
layer  having  a  diameter  of  1mm.  Sandwich  arrangement  with  the  ohmic  contact  on  the  SiC  sub¬ 
strate  and  the  Schottky  contact  on  the  GaN  side  as  well  as  coplanar  arrangement  consisting  of 
both  contacts  on  the  GaN  layer  were  used.  All  GaN  on  sapphire  samples  are  contacted  in  copla¬ 
nar  arrangement.  For  further  reference  measurements,  contacts  on  the  SiC  sample  were  deposited 
in  sandwich  arrangement  using  a  Pt  Schottky  contact.  All  Schottky  contacts  show  rectifying  be¬ 
havior  up  to  a  frequency  range  of  about  lOOkHz  -  500kHz. 

Thermal  Admittance  Spectroscopy  (TAS)  measurements  were  carried  out  in  the  tem¬ 
perature  region  between  78K  and  450K  using  a  high  precision  LCR-meter  (HP  4284A)  at 
modulation  frequencies  between  20Hz  and  IMHz  under  zero  bias  conditions.  The  experimental 
set  up  and  the  evaluation  method  is  described  in  detail  in  /8/.  For  the  Optical  Admittance  Spec¬ 
troscopy  (OAS)  an  optical-electrical  cryostat  was  used  for  measurements  at  temperatures  be¬ 
tween  78  and  295K.  A  monochromator  illumination  system  yielded  monochromatic  light  with 
wave  length  between  300nm  and  3000nm  (see  also  191). 

RESULTS  AND  DISCUSSION 


In  TAS  spectra  of  all  heterostructures  with  sandwich  contacts  a  peak  is  observed  at  a 
temperature  of  about  Tniax=85K  at  IMHz.  A  peak  with  identical  T^ax  is  also  found  in  the  refer¬ 
ence  spectrum  of  the  n-type  SiC  sample  (thcmial  activation  energy  (61±5)mcV,  see  Table  1). 
Thus,  we  conclude  that  these  peaks  are  caused  by  the  same  defect  level.  The  origin  of  this  elec¬ 
tron  trap  is  probably  the  N-donor  in  6H-SiC  /lO/.  This  behavior  corresponds  very  well  with  TAS 
investigations  of  n-type  GaN  layers  grown  by  LPCVD  on  n-type  6H-SiC-  substrates  described  in 
161. 

In  contrary,  three  electron  traps  with  activation  energies  between  130  meV  and  320meV 
were  found  in  the  reference  samples  consisting  of  GaN/AlN/Sapphire  layers  using  TAS  (sec  also 
Table  I).  These  defects  are  well  known  from  the  literature,  for  example  in  /6/,/13/  and  714/  de¬ 
tected  by  DLTS  and  TAS  in  MOVPE  and  MBE  grown  material.  The  discrepancy  between  the 
detection  of  defects  in  the  heterostructures  and  the  reference  samples  shows,  that  the  high  doping 
concentration  in  the  SiC  substrate  dominates  the  TAS  signals  of  the  heterostructures  strongly. 

In  GaN/AlGaN/SiC-heterostructures  a  bias  voltage  dependent  shifting  peak  at  frequencies  be¬ 
tween  0.5  and  2.5*10’^  1/s  is  observed  by  AS  in  reverse  direction,  as  shown  in  Fig.l.  The  peak 
height  remains  constant  at  about  (2-3)  nF.  Because  of  the  conductance  of  the  SiC-substrate  we 
used  the  Kramers-Kronig  transformation  of  the  admittance  data  to  eliminate  the  series  resis¬ 
tance/1  1/.  A  bias  dependent  shift  of  an  AS  peak  position  is  well  known  from  Si/Si02-  interface 
defect  distributions  (  for  example  see  712/).  We  conclude,  that  this  peak  is  caused  either  by  an 
intermediate  layer  in  one  of  the  heterojunctions,  gradients  of  defect  states  in  the  interface  re- 


gions,  or  interface  defect  state  distributions.  A  similar  behavior  is  also  observed  in  n-type  GaN 
(LPCVD  grown)  /p-type  SiC  heterostructures  (for  more  details  see  161). 


Fig.  1  :  Transformed  Conductance  /1 1/  as  a  function  of  frequency  of  the  GaN/AlGaN/SiC  heter¬ 
ostructure  for  different  reverse  bias  voltages.  The  insert  shows  the  shift  of  the  peak  maximum 
with  increasing  bias  voltage. 

The  TAS  and  AS  results  clearly  show,  that  all  components  of  the  heterostructures,  i.e. 
the  SiC  substrate,  the  AlGaN  and  GaN  layers,  the  corresponding  heterojunctions  as  well  as  the 
Schottky  contact  on  the  GaN  top  layers  contribute  to  the  measured  signals. 

In  order  to  separate  these  different  parts  of  the  heterostructures  we  compare  OAS  spec¬ 
trum  of  the  GaN/AlN/SiC  structure  with  OAS  spectra  of  the  SiC-substrate  and  of  GaN  layers  on 
sapphire  (Fig.  2).  The  spectrum  of  the  heterostructures  in  coplanar  contact  arrangement  shows 
the  same  structure  as  the  spectra  of  GaN  on  sapphire.  However,  in  sandwich  arrangement  the 
heterostructures  show  the  SiC-spectrum,  leading  to  the  conclusion  that  the  GaN/SiC-spectrum 
with  sandwich  contacts  is  influenced  by  the  SiC-side  of  the  heterojunction  and  the  coplanar  ar¬ 
rangement  is  dominated  by  the  Schottky  contact  on  the  GaN  layer,  respectively.  All  defect-band 
transitions  in  the  OAS  spectra  are  summarized  in  Table  1  together  with  TAS  results. 

Another  method  to  separate  the  various  parts  of  the  structures  is  based  on  the  variation  of 
the  modulation  frequency,  visualized  in  Fig.  3.  In  the  GaN/AlGaN/SiC  heterostructures  the  near 
band  gap  region  (NBG)  of  AlGaN  and  GaN  below  3.4eV  occurs.  With  increasing  frequency  the 
Schottky  contact  on  the  GaN  layer  breaks  down,  the  NBG  peaks  vanish  and  the  SiC-side  of  the 
heterojunction  (peak  at  2.65eV)  dominates  the  OAS  spectrum. 

Using  coplanar  contact  arrangement  and  low  frequencies  OAS  spectra  of  the  heter¬ 
ostructures  which  dominated  by  defects  of  the  GaN  layer  were  measured.  The  defect-to-band 
transitions  found  are  shown  in  Table  I. 

In  the  OAS  spectra  of  the  GaN/Al/SiC  we  have  to  distinguish  between  the  near  band  gap 
region  involving  defects-to-(opposite)  band  transitions,  the  blue  band  originating  from  transitions 
from  deep  defects  to  the  opposite  band,  the  yellow  band  which  is  comparable  to  the  yellow  lumi¬ 
nescence  band  and  the  deep  defect  at  1.85eV.  All,  these  defects  were  also  found  in  MBE  grown 
GaN  (seen  161  and  191)  as  well  as  in  MOVPE  grown  GaN  layers  on  sapphire  (see  /1 3/  and  /14/) . 


Fig.  2  :  Optical  Admittance  Spectra  of  different  GaN  structures.  1-  GaN  on  sapphire;  2- 
GaN/AlN/SiC  with  coplanar  contacts;  3-  GaN/AlN/SiC  with  sandwich  contacts;  4-  6H-SiC. 


Fig.  3  :  Optical  Admittance  Spectra  of  an  GaN/AI{),43Ga().57N/SiC  heterostructure  for  different 
modulation  frequencies.  The  peak  heights  of  the  both  peaks  at  3.4eV  (GaN)  and  2.56eV  (SiC) 
are  plotted  as  a  function  of  the  frequency  in  the  insert. 

Differences  between  the  OAS  spectra  of  the  GaN/AlN/Sapphire  sample  and  the 
GaN/AlN/SiC  heterostructures  show  up  in  the  near  band  region.  For  the  GaN/AlN/SiC- 
heterostructures  shallower  transitions  (Eo-ISmeV)  were  observed  in  comparison  of  the 
GaN/AlN/Sapphire  reference  samples  (EG-(65-95)meV).  One  reason  may  be  a  dominance  of 
shallower  defects,  for  example  the  Si  level,  in  the  GaN  layer  on  SiC. 

The  similarities  in  the  OAS  spectra  between  the  GaN/AlN/SiC  heterostructure  and  the 
reference  samples  on  Sapphire  show  that  the  substrate  material  influences  not  the  occurrence  of 
these  defects  qualitative.  Otherwise,  the  quantitative  analysis  of  these  defects  will  be  make  in  the 
future. 


Table  I  :  Summary  of  observed  thermal  activation  energies  and  peak  maximum  temperatures  of 
GaN/AlN/Sapphire-layers  and  in  heterostructures  measured  with  TAS  and  with  OAS  detected 
defect-band-transition  energies  of  various  layer  structures.  A  band  gap  energy  of  Eg=  3.44eV  at 
295K  was  used  according  to  /15/.  The  meaning  of  the  abbreviations  is  :  NBG  near  band  gap 
region;  BB  blue  band  region,  YB  yellow  band  region  and  SiC-peak  ;  DT  deep  defect-band  tran¬ 
sition. 


method 

GaN/AlN/Sapphire 

GaN/AlN/SiC 

GaN/AlGaN 

/ 

SiC 

n-type  SiC 

TAS 

(130-170)  meV 
(276±28)  meV 
(320±24)  meV 

peak  at  85  K 

peak  at  85K 

peak  at  85  K 
(61±5)meV 

OAS  /NBG 

(65-95)meV  below 
gap 

18meV  below 

gap 

3.42eV 

- 

OAS / BB 

290;  370 , 460  and 
760meV  below  gap 

(450-510)  meV 
below  gap 

- 

OAS  /  YB+SiC 

2.2eV 

2.22-2.26  eV 

- 

2.25eV 

OAS/DT 

1.82eV 

1.87eV 

- 

- 

In  the  OAS  spectra  of  the  GaN/AlGaN/SiC  structures  only  the  near  band  gap  (NBG)  peak 
consisting  of  the  GaN  (360nm)  and  the  AlGaN  (290nm)  layers  occurs.  Other  defect-band  transi¬ 
tions  were  not  observed.  A  corresponding  PC  spectrum  on  the  reference  sample 
AlGaN/AlN/Sapphire  shows  only  the  near  band  gap  peak  similar  to  the  spectra  of  the  heter¬ 
ostructures.  We  assume  this  behavior  in  the  OAS  spectra  is  caused  by  the  high  resistivity  of  the 
AlGaN  layer  within  the  heterostructures. 

In  summary,  n-type  GaN/AlN/6H-SiC-  and  n-type  GaN/AlGaN/6H-SiC-heterostructures 
were  characterized  for  defect  levels  in  the  GaN-layers  using  thermal  and  optical  admittance 
spectroscopy.  Different  contact  arrangements,  variation  of  modulation  frequency  and  compari¬ 
son  with  spectra  of  GaN/Sapphire  and  SiC  samples  enables  us  to  assign  the  signals  to  the  indi¬ 
vidual  junctions.  A  defect  distribution  correlated  with  the  interface  between  GaN  and  SiC  is 
found  by  admittance  spectroscopy.  Using  OAS  some  deep  defect-  band-transition  in  the  GaN 
layer  of  the  GaN/Al/SiC  heterostructure  were  detected. 
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ABSTRACT 

Gallium  nitride  was  grown  on  (1 1 1)  Si  by  MOCVD  by  depositing  an  AIN  buffer  at  1080°C 
followed  by  GaN  at  1060°C.  The  2.2  pm  layer  cracked  along  {1-100}  planes  upon  cooling  to 
room  temperature,  but  remained  adherent.  We  were  nonetheless  able  to  examine  the  material 
between  cracks  with  TEM.  The  character  and  arrangement  of  dislocations  are  much  like  those  of 
GaN  grown  on  AI2O3;  ~2/3  pure  edge  and  ~l/3  mixed  (edge  +  screw),  arranged  in  boundaries 
around  domains  of  GaN  that  are  slightly  misoriented  with  respect  to  neighboring  material.  The 
30  nm  AIN  buffer  is  continuous,  indicating  that  AIN  wets  the  Si,  in  contrast  to  GaN  on  AI2O3. 

INTRODUCTION 

Hexagonal  GaN  is  being  widely  studied  because  of  its  large,  direct  bandgap  and  high 
thermal  stability.  Applications  are  envisioned  in  technologies  involving  short  wavelength 
(green,  blue  and  UV)  optoelectronics  and  high-temperature  or  high-power  electronics.  A  key 
issue  for  growth  of  GaN  has  been  the  lack  of  an  ideal  substrate,  since  GaN  substrates  are  not 
readily  available  and  other  semiconductors  have  large  lattice  mismatches.  Most  GaN  has  been 
grown  on  sapphire  (AI2O3);  vapor-phase  growth  usually  begins  with  deposition  of  a  low 
temperature  GaN  buffer  followed  by  the  complete  layer  at  near  1000°C.  Applications  with 
sapphire  are  limited  by  its  lack  of  electrical  conductivity  and  high  cost. 

We  have  investigated  growth  of  GaN  on  Si  with  the  intent  of  integrating  short-wavelength 
devices  into  Si-based  microelectronics,  as  well  as  providing  an  alternative  substrate.  We  have 
grown  GaN  by  metal-organic  chemical  vapor  deposition  (MOCVD)  on  (111)  Si  and  obtained 
microstructures  much  like  those  for  sapphire,  but  cracking  during  cooling  to  room  temperature 
limits  use  of  our  current  materials.  Here  we  use  transmission  electron  microscopy  (TEM)  to 
examine  dislocations  in  the  GaN  and  the  structure  of  the  AIN  buffer  layer  grown  at  the  interface 
with  the  Si,  and  compare  them  to  corresponding  microstructures  of  GaN  grown  on  AI2O3.  An 
introduction  to  this  work  and  our  related  approaches  to  growth  on  Si  is  given  elsewhere  [1]. 

GROWTH  OF  GaN 

A  1000  rpm  rotating  disk  reactor  with  4.75”  quartz  chamber  was  used  to  grow  AIN  and 
GaN  with  trimethylgallium,  trimethylaluminum,  and  ammonia  precursors  at  30  Torr  [1].  Several 
investigations  indicate  that  growing  an  AIN  buffer  first  on  Si  avoids  the  formation  of  amorphous 
Si3N4  since  N  reacts  more  exothermically  with  A1  than  Si;  this  is  important  for  attaining  good 
epitaxial  growth  of  GaN  [2,3].  Our  methods  follow  those  of  Watanabe  et  al  [2]  who  found  that 
AIN  buffer  growth  at  >1000°C  leads  to  good  epitaxy,  in  spite  of  the  17%  lattice  mismatch  of 
GaN  with  Si.  We  grew  a  30  nm  AIN  buffer  at  1080°C,  followed  by  2.2  pm  of  GaN  at  1060°C. 

In  situ  reflectivity  indicated  that  the  GaN  surface  was  smooth  immediately  after  growth  at 
lObO'^C.  However,  upon  cooling  to  room  temperature,  a  dense  set  of  cracks  with  separations 
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from  20  to  100  |am  was  found 
along  {1-100}  planes,  as  seen  in 
Figure  1 .  The  layer  is  expected  to 
have  relaxed  fully  at  the  growth 
temperature,  as  found  for  GaN 
grown  on  AFOi  using  in  situ  stress 
monitoring  techniques  [4].  The 
greater  thermal  expansion 
coefficient  of  GaN  as  compared  to 
that  of  Si  (5.6x1  oVk  vs. 
2.6x1  O'^VK,  respectively)  then 
explains  cracking  since  the  GaN 
layer  would  be  put  into  tension 
upon  cooling.  In  spite  of  cracking, 
the  GaN  layer  adhered  to  the 
substrate.  X-ray  diffraction  of 
such  layers  gives  (0002)  GaN 
reflections  with  FWHM  of  900 
arcsec.  similar  to  those  found 
previously  [2]. 


Cross-section  TEM  specimens  were  successfully  prepared  by  usual  metal lographic  polish¬ 
ing  and  ion  milling  methods  for  both  fllO]  and  [1-12]  Si  orientations  in  spite  of  the  cracking. 
Cracks  were  found  passing  directly  across  the  layer  and  into  the  Si  substrate.  The  cracks  were 
open  with  no  indication  of  subsequent  deposition,  consi.stent  with  their  forming  after  growth  [1]. 
No  evidence  of  de-adhesion  of  the  layer  from  the  sub.stratc  was  seen  where  the  cracks  cross  the 
interface  into  the  Si.  The  GaN  layer  was  found  to  be  single  phase  and  with  no  30°-misoriented 
grains  as  seen  in  other  material  grown  by  molecular  beam  epitaxy  (MBE)  [5].  Selected-area 
diffraction  demonstrated  the  epitaxial  orientation  seen  previously  for  GaN  on  (1 1 1)  Si  [2,3,5]: 

(0001 )  I!  ( 1 1 1 )  interface  plane 

[  1  - 1 00]  I!  [  1 1  -2]  direction  in  plane 

[11-20]  II  [1-10] 

Dislocations  thread  from  the  buffer  layer  to  the  surface  of  the  GaN  layer  along  the  c-axis, 
growth  direction.  Examination  in  cross-section  with  different  diffracting  beams  can  be  used  to 
determine  the  Burger’s  vectors  of  individual  dislocations,  which  for  hexagonal  close-packed 
lattices  are  [6]:  a  (or  1/3<1 1-20>,  in  the  basal  lattice  plane),  c  (<000 1>,  along  the  hexagonal 
axis),  or  a-i-c  (I/3<1 1-23>,  mixed  character).  In  Figure  2,  image  (a)  uses  the  (0004)  reflection  to 
illuminate  the  cores  of  dislocations  with  Burger’s  vectors  having  a  c-axis  component.  Image  (b) 
uses  (I -100)  to  image  those  with  a  basal  plane  component.  Detailed  examinations  with  several 
reflections  indicate  that  almost  all  dislocations  are  detected  in  Figure  2b)  and  have  a  basal-plane 
component.  Those  with  a  c-axis  component  seen  in  Fig.  2a  (~l/3  of  the  total)  are  almost  all  of 
mixed  character.  The  additional  ones  in  Fig.  2b  (~2/3  of  the  total)  have  purely  basal-plane 
Burger’s  vectors,  b  =  a;  since  the  dislocation  lines  are  fairly  straight  along  the  c-axis,  these  are 
edge  dislocations.  Very  few  dislocations  have  b  =  c  corresponding  to  pure  screw  character.  This 
distribution  of  Burger’s  vectors  is  like  that  found  by  us  [7]  and  others  [8]  in  GaN  on  sapphire. 


Figure  1.  Nomarski  optical  micrograph  .showing  cracking 
of  GaN  on  ( 1 1 1 )  Si  along  [1-100]  planes. 

TEM  CHARACTERIZATION  OF  DEFECTS  IN  GaN 


1  |Lim 


Figure  2.  Weak-beam  TEM  images  obtained  near  [11-20]  orientation,  a)  g  =  (0004),  with 
cores  of  dislocations  having  b  =  a  4-  c  illuminated,  b)  g  =  (1-100),  with  cores  of  all  dislocations 
illuminated.  A  crack  running  through  the  layer  and  into  the  Si  substrate  is  seen  at  far  right. 


Plan-view  TEM  gives  additional  insight  into  the  dislocation  arrangement.  A  specimen  was 
prepared  by  placing  thinned  epoxy  on  the  specimen  surface  to  penetrate  into  cracks,  removing 
excess  epoxy  from  the  surface,  and  carefully  backthinning  with  the  specimen  attached  to  a  grid 
for  structural  support.  The  thinned  area  is  at  the  surface  of  the  GaN  layer  and  allows  defects 
threading  to  it  to  be  detected.  In  Figure  3,  the  dislocations  are  viewed  nearly  end-on  and  appear 
as  short  black- white  segments.  They  often  lie  along  continuous  curves  that  form  boundaries 
between  domains  of  material  with  slightly  differing  orientations.  A  similar  arrangement  is  found 
for  threading  dislocations  in  GaN  grown  on  sapphire  [9].  Plan- view  images  allow  more  surface 
area  to  be  examined  than  in  cross-section  and  give  the  most  accurate  determination  of  dislocation 
density  at  the  surface:  8x10^  disl/cm^  for  this  specimen.  This  density  is  like  that  found  for  GaN 
grown  on  sapphire  [7],  although  lower  values  have  been  achieved  [8]. 

By  examining  this  greater  surface  area,  an  additional  defect  with  a  low  density  is  found. 
Two  void-like  defects  were  identified  in  Figure  3  (small  white  spots,  arrowed)  by  examining 
their  contrast  with  changes  in  TEM  objective  lens  focus.  Such  defects  have  been  termed 
“nanotubes”  if  they  have  extended  length  into  the  GaN,  or  “pinholes”  if  they  are  pits  located  at 
surface  [10].  Since  we  do  not  have  depth  information,  we  cannot  determine  which  of  the  two 
classifications  apply.  Other  images  taken  under  high  resolution  conditions  show  that  the 
{1-100}  lattice  planes  form  facets  around  the  voids.  Their  areal  density  is  -IxloVcm^  again 
comparable  to  that  found  in  GaN  grown  on  sapphire  [10]. 


Figure  3.  Plan-view  TEM 
image  of  the  surface  of  the 
GaN  layer,  obtained  near 
[0001]  orientation  using 
g=  (1-100)  two-beam 
conditions  in  bright-field. 
Dislocations  appear  as 
short  black-white  lines, 
and  often  form  continuous 
curves  at  boundaries 
between  domains  of 
material  with  slightly 
differing  orientations;  two 
are  noted  with  nearby 
dashed  lines.  Two  void¬ 
like  defects  (nanotubes  or 
pinholes)  are  also  noted 
with  arrows. 


EXAMINATION  OF  AIN  BUFFER  LAYERS 

The  buffer  layer  was  found  to  be  continuous  over  extended  distances  in  cross-section 
images.  It’s  thickness  varies  somewhat  as  seen  in  Figure  4a,  but  it  is  readily  identified  from  the 
GaN  overlayer.  By  tilting  the  specimen  slightly  to  vary  the  contrast  in  bright  field,  or  by  weak- 
beam  examinations  like  Figure  4b,  the  layer  is  seen  to  be  composed  of  grains  that  are  20-40  nm 
across  and  slightly  misoriented  with  respect  to  each  other. 

Dislocations  in  the  GaN  just  above  the  buffer  interact  with  each  other,  as  seen  in  Figure  4. 
The  dislocations  extend  into  the  AIN  buffer  at  near-normal  incidence.  In  some  cases,  they 
appear  to  coincide  with  grain  boundaries  in  the  buffer;  two  instances  are  arrowed  in  Figure  4b. 
This  suggests  that  the  misorientations  between  AIN  buffer  grains  may  directly  produce  some  of 
the  dislocations  threading  through  the  GaN.  Perhaps  if  a  buffer  layer  with  larger  grains  were 
formed,  the  GaN  would  have  fewer  defects. 


Figure  4.  a)  Bright-field,  (3-300)  two-beam  image  of  AIN  buffer  on  Si  near  [1 1-20]  cross-section 
orientation  with  dislocations  extending  into  GaN  layer,  b)  Corresponding  weak-beam  image 
showing  20-40  nm  grains  in  the  buffer  with  contrast  between  them  indicating  slight  orientation 
differences.  Two  dislocations  appear  to  originate  at  grain  boundaries  in  the  buffer  (arrowed). 


Figure  5.  Cross-section  TEM  image  of  40  nm  AIN  buffer  grown  on  (1 1 1)  Si,  seen  in  [11-20] 
orientation  with  g  =  (0002)  two-beam  conditions.  Grains  in  the  AIN  buffer  are  faceted  at  the 
top  surface,  and  two  voids  (arrowed)  can  be  seen  just  below  the  interface  in  the  Si. 

Having  a  continuous  30  nm-thick  AIN  layer  on  Si  implies  that  the  AIN  “wets”  the  Si  under 
our  conditions,  indicating  that  the  AIN/Si  interface  has  lower  energy  than  the  AlN/vacuum 
surface.  A  continuous  AIN  layer  was  also  found  for  an  even  thinner  (8  nm)  buffer  grown  on  Si 
by  MBE  [3].  Such  continuous  layers  differ  greatly  from  those  observed  for  GaN  grown  by 
MOCVD  on  AI2O3  using  a  low-temperature  buffer  layer  followed  by  high-temperature  growth. 
For  GaN/Al203  the  layer  must  be  0.4  pm  thick  before  it  is  continuous  [10].  The  wetting  may 
indicate  that  more  favorable  bonding  is  occuring  between  nitrides  and  the  Si.  Such  good 
bonding  is  suggested  by  the  adhesion  of  the  layer  to  the  substrate  as  evidenced  by  the  cracks 
propagating  across  the  interface  instead  of  along  it.  Thus  Si  appears  to  be  the  preferred  substrate 
for  initiating  growth  of  nitrides  when  used  with  an  AIN  buffer. 

A  cross-section  TEM  specimen  was  also  made  of  a  40  nm-thick  AIN  buffer  layer  grown 
alone  on  (111)  Si  at  1100°C.  The  layer  was  again  found  to  be  continuous  with  slight  misorien- 
tations  between  grains,  as  seen  in  Figure  5.  Our  examinations  indicated  two  other  features  of  this 
layer.  First  the  individual  grains  composing  the  buffer  exhibit  faceting  on  the  growth  surface; 
the  facets  appear  to  be  {1-101}  lattice  planes.  Secondly,  a  few  voids  were  found  in  the  Si 
immediately  beneath  the  interface,  which  suggests  that  Si  may  be  diffusing  into  the  AIN. 

DISCUSSION 

Microstructural  features  of  GaN  grown  on  Si  are  compared  with  those  for  growth  on 
sapphire  in  Table  I.  Cracking  clearly  remains  a  problem  for  the  Si  substrate  that  must  be 
overcome  before  devices  can  be  made.  The  microstructures  of  threading  dislocations  are  very 
similar  in  GaN  grown  on  the  two  substrates;  in  both  cases  the  threading  dislocations  appear  due 
to  small  local  misorientations  between  adjacent  materials.  It  may  be  possible  to  influence  the 
dislocation  density  with  Si  by  varying  the  growth  conditions  of  the  AIN  buffer. 

The  buffer  layers  are  very  different,  with  AIN  wetting  Si  but  GaN  not  wetting  AI2O3  even 
after  subsequent  high-temperature  growth.  This  difference  this  may  reflect  a  change  in  bonding 
across  the  interface,  although  differing  deposition  temperatures  and  differences  between  AIN  and 
GaN  need  to  be  considered.  Since  Si  is  covalent  whereas  AI2O3  is  ionic,  the  change  may  be  due 
to  covalent  bonding  of  the  AIN  to  the  Si.  The  faulting  seen  [8]  in  nucleation  layers  for  GaN  on 
AI2O3  is  associated  with  the  low-temperatures  needed  to  induce  growth  of  GaN,  which  then 
occurs  in  both  its  fee  and  hep  phases;  we  have  not  detected  faulting  in  our  high-temperature  AIN 
buffer  layers. 


Table  I.  Comparison  of  Microstructures: 

GaN/Al203  versus  GaN/Si 

GaN/ALO^ 

GaN/Si  (this  work) 

Crackinc: 

no 

yes,  [1-100}  planes 

Dislocations: 

density 

lO'^-lO'Vcm^  [7-9] 

8x1  o'"  /cm^ 

character 

1/3  mixed,  2/3  edge  [8] 

1/3  mixed,  2/3  edge 

arrangement 

boundaries  [9] 

domain  walls 

nanotubes,  pinholes 

10^-  10Vcm^[10] 

-10^  /cm^ 

Buffer: 

type  (temperature) 

GaN  (550°C)  [7] 

AIN(1080°C) 

wetting 

no 

yes 

thickness  for  continuity 

-0.4  pm  [11] 

~  30  nm 

microstructure 

faulted  (hcp/fcc)  [8] 

hep  grains  (20-40  nm) 
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ABSTRACT 

Ion  channeling  and  transmission  electron  microscopy  were  used  to  examine  the 
microstructure  of  GaN  implanted  with  deuterium  (D)  at  high  (>1  at.  %)  and  low  (<  0.1  at.  %)  D 
concentrations.  At  high  concentrations,  bubbles  and  basal-plane  stacking  faults  were  observed. 
Ion  channeling  showed  the  D  was  disordered  relative  to  the  GaN  lattice,  consistent  with 
precipitation  of  D2  into  bubbles.  At  low  D  concentrations,  bubbles  and  stacking  faults  are  absent 
and  ion  channeling  shows  that  a  large  fraction  of  the  D  occupies  sites  near  the  center  of  the  c-axis 
channel. 

INTRODUCTION 

Hydrogen  is  incorporated  into  GaN  during  growth  by  MOCVD  and  also  during  subsequent 
processing  [1].  This  hydrogen  strongly  affects  the  electrical  properties  by  passivation  of  dopants 
and  lattice  defects.  Release  of  hydrogen  from  GaN  films  requires  annealing  at  temperatures  above 
SOO^C  [2].  However,  large  reductions  in  resistivity  of  Mg  doped  GaN  can  be  achieved  by 
annealing  at  lower  temperatures  where  H  is  not  released  from  the  material  [3,4].  This  indicates 
that  the  atomic  configuration  of  H  within  the  GaN  lattice  significantly  affects  its  influence  on 
electrical  properties. 

Here  we  use  ion  channeling  to  examine  the  lattice  location  of  deuterium  implanted  into 
wurtzite  GaN.  Results  from  the  channeling  measurements  are  compared  with  first-principles 
calculations  of  the  lattice  configuration  of  hydrogen  in  GaN  [5,6].  In  addition,  we  use  ion 
channeling  and  TEM  to  examine  lattice  defects  produced  by  the  implantation  of  deuterium. 

EXPERIMENTAL  PROCEDURES 

Wurtzite  GaN  films  with  (0001)  orientation  and  thickness  in  the  range  of  1.4  -  2.3  pm  were 
grown  epitaxially  by  MOCVD  on  420  pm  thick  c-oriented  sapphire  substrates  as  described 
elsewhere  [7].  The  GaN  was  n-type  with  a  carrier  density  of  ~  10^ ’/cm^  as  determined  by 
conductivity  and  HaU-effect  measurements.  The  samples  were  implanted  at  room  temperature 
with  deuterium  (D)  at  50  keV  to  fluences  of  lO'Vcm^  and  lO'Vcm^.  This  gives  D  concentration 
profiles  peaking  0.4  pm  beneath  the  surface  at  concentrations  of  about  0.05  and  5  atomic  %  for 
these  two  fluences  [8]. 

Ion  channeling  measurements  were  done  with  the  samples  mounted  on  a  3  axis  goniometer.  D 
was  analyzed  by  counting  protons  from  the  D(^He,p)a  nuclear  reaction  with  an  incident  beam  of 
0.85  MeV  ^He"^  ions.  With  this  energy  D  at  depths  up  to  about  1  pm  will  be  detected  and  the 
peak  in  the  nuclear  reaction  cross  section  [8]  at  0.6  MeV  occurs  at  the  depth  of  the  D.  Analysis 
beams  of  2  MeV  ‘^He  were  used  to  examine  lattice  damage  caused  by  the  D  implantation.  Energy 
spectra  of ‘^He  backscattered  at  155  degrees  were  recorded  for  angles  of  incidence  near  the  c-axis. 
The  analysis  beam  size  was  typically  1  mm  square  and  the  angular  divergence  was  0.05  degree. 
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EXPERIMENTAL  RESULTS  AND  INTERPRETATION 
Lattice  defects  due  to  D  implantation 

Transmission  electron  microscopy,  both  plan  view  and  cross  section,  shows  that  GaN 
implanted  with  50  keV  H  to  fluences  of  2xlO'Vcm^  and  lO’Vcm^  and  then  vacuum  annealed  at 
886°C  for  one  hour,  contains  cavities  with  a  typical  size  of  10  nm  at  the  H  implant  depth  [8]. 
These  cavities  are  believed  to  result  from  precipitation  of  Hi  gas.  Such  samples  also  contain 
planar  defects  typically  ~50  nm  in  diameter,  which  are  shown  by  high  resolution  imaging  [8]  to  be 
(0001)  basal  plane  stacking  faults  containing  one  extra  Ga-N  bilayer  bounded  by  a  partial  edge 
dislocation  loop  with  a  Burgers  vector  c/2[0001].  The  atomic  configuration  of  such  faults  has 
been  discussed  elsewhere  [9].  TEM  showed  these  cavities  and  stacking  faults  were  not  present  in 
GaN  implanted  with  H  to  a  lower  fluence  of  lO'Vcm^  and  annealed  at  886°C.  The  cavities  and 
stacking  faults  can  be  seen  in  the  micrographs  shown  in  figure  1 . 


Fig.  1 .  Cross-section  TEM  of  a  bubble  (a) 
and  a  stacking  fault  (b)  in  GaN  implanted  with 
2xl0'^’  H/cm^  and  then  vacuum  annealed  at 
886°C  for  one  hour.  The  bars  indicate  5  nm. 


Fig.  2.  Energy  spectra  for  channeled  2  MeV 
'‘He  backscattered  from  GaN.  Yield  from  the 
implanted  region  appears  at  channels  in  the 
range  from  90- 1 20,  while  the  surface 
corresponds  approximately  to  channel  140. 


Figure  2  shows  channeled  backscattering  spectra  for  2  MeV  '‘He  incident  along  the  [0001] 
axis  for  GaN  implanted  at  room  temperature  with  lO'^  D/cm^.  Also  shown  for  comparison  is  a 
spectrum  for  an  off-axis  unchanneled  or  random  direction  obtained  by  averaging  spectra  taken  at 
several  off-axis  orientations,  and  a  channeled  spectrum  taken  on  a  sample  as-grown,  i.e.  not 
implanted  with  D.  The  channeled  spectrum  for  a  low-dose  (lO'Vcm^)  implanted  sample  (not 
shown)  was  the  same  as  those  for  unimplanted  samples.  The  low  backscattering  yield  for  axial 


channeling  in  the  unimplanted  GaN  of  ~  2%  of  random  yield  near  the  surface  and  3.2%  of  random 
yield  at  the  depth  of  D  implantation,  is  consistent  with  a  film  which  has  few  lattice  defects. 

Room-temperature  implantation  of  lO’^  D/cm^  at  50  keV  creates  a  direct  scattering  peak, 
which  is  shaded  in  the  figure,  at  an  energy  corresponding  to  He  scattered  from  Ga  at  the  depth  of 
the  implanted  D,  and  increases  the  yield  at  lower  energies  due  to  dechanneling.  Subsequent  one 
hour  vacuum  anneals  in  the  temperature  range  511-709°C  removes  the  direct  scattering  peak  and 
increases  the  dechanneling  step.  The  direct  scattering  peak  shows  that  prior  to  annealing,  Ga 
atoms  are  displaced  from  lattice  sites  into  the  open  [0001]  channel,  thereby  enhancing  the 
backscattering  yield  of  channeled  '^He  ions.  We  refer  to  these  displaced  Ga  atoms  generically  as 
Ga  interstitials  without  implying  a  specific  lattice  location.  The  disappearance  of  this  direct 
scattering  peak  with  annealing  indicates  a  return  to  lattice  sites.  The  associated  increase  in 
dechanneling  is  consistent  with  the  formation  of  extended  defects  with  large  strain  fields,  eg. 
dislocations,  which  dechannel  the  “^He  with  little  direct  scattering.  Reference  10  gives  more 
detailed  discussion  of  defect  analysis  by  ion  channeling. 

The  area  under  the  direct  scattering  peak  can  be  used  to  calculate  the  areal  density  of  Ga 
interstitials.  The  number  of  counts  in  the  peak  is  given  by 

Y  =  NHeaRaNif,  (1) 

where  Nhc  is  the  number  of  incident  "^He  ions,  Gr  is  the  Rutherford  differential  cross  section  for 
scattering  of  ^He  from  Ga,  Q.  is  the  solid  angle  subtended  by  the  detector,  Ni  is  the  areal  density 
of  interstitial  Ga  and  f  is  the  flux  enhancement  due  to  channeling  at  the  location  of  the  interstitial 
Ga.  With  Y  =  3500  from  the  channeled  spectrum  before  annealing  (fig.  2)  and  f  =  2  from 
computer  simulations  (discussed  later)  of  '^He  channeling  in  GaN  assuming  all  Ga  interstitials  are 
near  the  center  of  the  [0001]  channel,  we  obtain  Ni  =  S.OxlO’Vcm^.  This  number  is  smaller  by 
two  orders  of  magnitude  than  the  areal  density  of  collisional  displacements  caused  by  the  D 
implantation,  which  is  estimated  to  be  ~40  displacements  per  incident  ion  or  4x1 0'® 
displacements/cm^.  However,  the  areal  density  of  Ga  interstitials  estimated  from  the  direct 
scattering  peak  is  close  to  the  areal  density  3.5  x  lO'Vcm^  of  Ga  atoms  displaced  by  the  bubbles 
[8].  This  result  suggests  the  following  model  for  bubble  formation:  the  vacancies  and  interstitials 
produced  by  atomic  displacements  mostly  recombine,  however  a  small  traction  of  the  vacancies 
agglomerate  and  combine  with  H  to  form  high  pressure  H2  bubbles,  leaving  a  corresponding 
number  of  interstitials  in  the  neighboring  lattice.  At  temperatures  in  the  range  from  500  to  700°C 
most  of  these  interstitials  annihilate,  possibly  by  diffusing  to  the  surface  while  some  agglomerate 
into  the  stacking  faults  seen  by  TEM. 

If  it  is  assumed  that  the  dechanneling  step  is  due  to  strain  fields  from  the  dislocation  loops 
bounding  the  stacking  faults,  then  the  number  of  these  defects  and  the  areal  density  of  interstitial 
atoms  enveloped  by  them  can  be  estimated  from  the  height  of  the  dechanneling  step.  In  general 
the  areal  density  of  a  defect  is  related  to  dechanneling  by  the  equation  [10] 

ND  =  Od-‘ln[(l-x.)/(l-XD)],  (2) 

were  Xd  is  the  channeled  backscattering  yield  above  the  step  divided  by  the  random  or 
unchanneled  yield,  and  Xv  is  the  corresponding  quantity  in  the  absence  of  defects.  The  cross 
section  for  dechanneling  by  the  strain  field  of  a  dislocation  is  given  by  [10] 


Gd  =  K  (ajF  b)'^  /\\f] 


(3) 


where  arp  is  the  Thomas-Fermi  screening  distance,  b  is  the  length  of  the  Burgers  vector,  \|/i  is  a 
critical  angle  for  dechanneling.  Using  a  value  K=1.2,  derived  elsewhere  for  axial  channeling 
perpendicular  to  an  edge  dislocation  [1 1],  we  obtain  aj  =  5.3x10'^  cm‘/cm.  With  Xv  =  0.032  and  Xd 
=  0.19  from  the  channeled  spectrum  after  annealing  at  809°C,  eq.  2  yields  Nd  =  3.4x10'^  cm/cml 
Assuming  the  stacking  faults  are  circular  with  a  diameter  of  50  nm  estimated  from  TEM,  this 
value  of  No  implies  that  the  associated  areal  density  of  extra  Ga  and  N  atoms  is  1.0xl0'  Vcm\ 
This  number  is  smaller  by  a  factor  of  70  than  the  areal  density  of  Ga  and  N  atoms  calculated  to  be 
displaced  by  bubble  formation. 

We  also  conclude  that  the  bubbles  themselves  do  not  contribute  significantly  to  direct 
scattering  and  dechanneling.  The  combined  basal  plane  area  of  the  bubbles  per  unit  sample  area  is 
estimated  to  be  ~3  emVem^  [8].  If  the  He  ions  re-enter  the  lattice  at  random  locations  after 
traversing  a  bubble,  the  direct  scattering  and  dcchanneling  from  the  bubbles  should  be  about  three 
times  that  of  the  external  surface,  which  is  small  compared  to  the  observed  direct  scattering  and 
dechanneling  as  can  be  seen  in  figure  2. 

Location  of  D  in  the  GaN  lattice 

The  location  of  foreign  atoms  relative  to  the  host  lattice  can  be  determined  by  ion  channeling 
[10].  Here  we  use  the  DC^He,p)a  nuclear  reaction  to  study  the  lattice  location  of  D  implanted  into 
GaN.  The  yield  is  proportional  to  the  local  flux  of  ^Hc  at  the  location  of  the  D.  For  angles  of 
incidence  far  from  major  axes  or  planes  the  flux  of  ‘^He  is  nearly  the  same  at  all  locations  in  the 
lattice.  However,  when  the  analysis  beam  is  aligned  along  the  c-axis,  channeling  reduces  the  flux 
near  the  rows  of  host  atoms  and  increases  the  flux  near  the  center  of  the  open  channels  relative  to 
fluxes  with  off-axis  alignment.  This  will  give  rise  to  a  dip  in  the  NR  A  yield  if  the  D  is  near  the  host 
atom  rows,  for  example  at  a  substitutional  site,  or  conversely,  to  a  peak  in  the  NR  A  yield  if  the  D 
is  near  the  center  of  the  channel.  The  absence  of  a  peak  or  dip  would  indicate  that  the  D  is 
randomly  located  relative  to  the  lattice.  ^ 

Figure  3  shows  the  measured  NRA 
yield  normalized  to  the  off-axis  or 
random  yield  versus  the  angle  between  1 

the  analysis  beam  direction  and  the  c- 
axis.  For  GaN  implanted  to  the  low 
dose  of  lO''^  D/cm^  there  is  a  narrow  o 
peak  -40%  above  the  random  yield,  ^ 
whereas  for  GaN  implanted  with  lO'^  ^ 

D/cm^  there  is  no  peak.  The  absence  of 
a  peak  for  the  high  dose  implanted 
sample  is  consistent  with  the  idea  that  at  0 
high  concentrations  most  of  the  D 
precipitates  as  gas  into  cavities  which  Angle  from  c-axis  (degrees) 

would  give  random  location  for  the  D  Fig.  3.  NRA  yield  versus  angle  from  the  c  axis, 
relative  to  the  GaN  lattice  sites.  The 

peak  for  the  low  dose  sample  shows  that  a  large  fraction  of  the  D  is  in  the  open  channels.  The 
height  of  this  peak  was  observed  to  be  a  function  of  the  analysis  beam  dose.  Figure  4  shows  the 
peak  height  as  a  function  of  off-axis  ^He  analysis  beam  dose  to  the  sample.  The  increase  in  peak 
height  with  beam  dose  shows  that  the  analysis  beam  is  causing  the  D  to  change  its  location  in  the 
lattice.  The  increase  saturates  after  a  few  microcoulombs.  The  data  shown  in  figure  3  were  all 
taken  after  this  beam  induced  increase  had  saturated.  Measurements  of  the  NRA  yield  after  one 


hour  vacuum  anneals  showed  the  peak  remained  unchanged  up  to  411°C,  decreased  with 
increasing  temperature  above  511°C,  and  became  poorly  resolved  by  809°C. 

We  have  carried  out  computer 

simulations  of  the  yield  versus  angle  for  '  '  '  '  ’  ' 

various  D  locations  in  the  GaN  lattice.  1.0  -  T  -p  - 

These  simulations  were  done  using  a  5  ^  V  5  9  5 

statistical  equilibrium  continuum  (SEC)  „  5  ^  I  1  ‘ 

model  [12]  modified  for  the  case  of  §.|4.  Y  ^ 

channeling  along  the  c-axis  in  wurtzite  g 

GaN.  The  SEC  model  has  previously  ^  J 

been  used  to  determine  the  lattice  ^  6  ^ 

1  2.- 

location  of  D  implanted  into  silicon  [12]. 

Our  calculations  use  Doyle  Turner 
potentials  [13]  for  the  GaN  lattice  with 

24  rows.  The  model  includes  5  1q  15  20 

dechannehng  due  to  thermal  vibration  of  •  3, ,  ,  ,  u\ 

,  ,  ®  ,  Off-axis  He  beam  dose  (LiCoulomb) 

the  host  atoms.  RMS  vibrational 

amplitudes  of  0.00735  nm  for  Ga  and  F'S-  NRA  yield  at  axial  alignment  verses  off-axis 
0.00806  nm  for  N  were  used  [14].  The  ^eam  dose  for  GaN  implanted  with  10  D/cm  . 

SEC  model  gave  good  agreement  with  the  observed  channeling  dip  for  2  MeV  '*He  backscattered 
from  the  host  lattice  as  shown  in  figure  5,  providing  an  important  validation  of  the  model.  The 
NRA  yield  curves  were  calculated  using  a  vibrational  amplitude  of  0.010  nm  for  the  D.  The  D 
vibrational  amplitude  was  estimated  assuming  a  harmonic  oscillator  model  with  a  vibrational 
frequency  of  ~  2300  cm"'  for  the  D-N  stretch  mode  determined  from  infrared  absorption 
measurements  [15]  and  from  first  principles  calculations  [9].  Except  for  the  S  site,  changes  in  D 
vibrational  amplitude  by  factors  of  2  do  not  significantly  change  the  calculated  yield  curves.  The 
yields  calculated  by  the  SEC  model  correspond  to  values  averaged  over  aU  azimuthal  angles.  In 


order  to  compare  with  the  SEC 
model,  the  data  shown  in  figures 
3  (NRA)  and  4  (RBS)  are 
averages  of  measurements  at 
many  azimuthal  angles. 

Figure  5  shows  the  yield 
predicted  by  the  SEC  model  for 
various  locations  of  D  in  the 
channel  as  indicated  in  the  inset 
diagram.  Curve  C  is  for  D  at  the 
channel  center,  curve  S  is  for  D  in 
line  with  the  host  atom  rows 
which  includes  substitutional 
sites.  Also  shown  is  the  yield  for 
D  at  a  bond-center  site  midway 
between  the  Ga  and  N  atoms  at 
the  channel  edge.  Another  site 
which  has  been  proposed  for 
hydrogen  in  GaN  is  the  nitrogen 
antibonding  site  which  is  along 
the  tetrahedral  bond  direction 
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Fig.  5.  Solid  curves  show  the  NRA  yield  versus  angle 
calculated  by  the  SEC  model  for  D  at  the  various  indicated 
locations  in  the  c-axis  channel.  The  calculated  backscattered 
yield  (dashed  curve)  agrees  well  with  measured  azimuthally 
averaged  yield  (dots)  of  backscattered  2  MeV  '^He 


~0.10  nm  from  the  N  atoms  but  opposite  the  neighboring  Ga  atoms  [6].  The  channeling  yield 
curves  for  the  one  quarter  of  nitrogen  antibonding  and  bond  center  sites  in-line  with  the  host  atom 
rows,  are  the  same  as  for  the  S  site.  The  yield  curves  for  the  remaining  three  quarters  of  these 
sites,  at  locations  indicated  in  the  inset  diagram  as  BC  and  AB  in  the  inset  diagram,  are  shown  in 
figure  5.  In  the  wurtzite  structure  the  two  types  of  AB  and  BC  sites  are  not  equivalent  and  need 
not  be  equally  occupied  by  D.  The  peak  we  observe  in  the  measured  NRA  yield  shows  that  a 
large  fraction,  of  order  50%  or  more,  of  the  D  occupies  sites  near  the  channel  center  such  as  the  C 
or  AB  sites  in  the  sample  implanted  with  lO''^  D/cm^ 

The  increase  in  NRA  channeling  yield  with  analysis  beam  dose  which  we  observe,  and  the  fact 
the  D  depth  distribution  does  not  broaden  during  thermal  release,  suggest  that  the  D  is  bound  at 
lattice  defects.  First-principles  calculations  have  been  reported  for  H  bound  to  vacancies  in  GaN 
[6].  These  calculations  predict  that  H  in  a  N  vacancy  will  be  located  near  the  center  of  the 
vacancy.  Accordingly,  D  trapped  at  N  vacancies  is  expected  to  be  located  substitutionally  at  the  N 
lattice  site  which  would  correspond  to  the  S  site  shown  in  figure  5.  Our  NRA  channeling  data 
excludes  significant  occupation  of  D  at  this  site. 

D  in  a  Ga  vacancy  should  form  a  strong  covalent  bond  with  one  of  the  N  neighbors  [6].  This 
would  place  the  D  about  0.10  nm  from  an  N  atom  along  the  tetrahedral  bond  direction.  Since  the 
GaN  bond  length  is  0.20  nm  the  predicted  position  for  D  in  a  Ga  vacancy  is  therefore  very  close 
to  the  bond  center  location,  in  the  absence  of  relaxation  of  the  lattice  around  the  vacancy. 
Therefore,  the  yield  curves  for  D  in  a  Ga  vacancy  for  the  N  whose  bond  is  along  the  c  direction, 
should  be  similar  to  the  curve  for  the  S  site.  For  D  bound  to  the  other  three  N,  the  yield  curve 
should  be  similar  to  that  of  the  BC  site  shown  in  figure  5.  Both  of  these  sites  for  D  at  a  Ga 
vacancy  give  a  dip  in  the  channeling  yield  as  shown  in  figure  5.  In  a  recent  study,  IR  absorption 
bands  were  observed  due  to  H-N  and  D-N  stretch  mode  vibrations  in  GaN  implanted  with  H  and 
D  [15].  These  absorption  bands  were  tentatively  assigned  to  H  or  D  bound  to  N  at  Ga  vacancies. 
Our  channeling  results  show  that  most  of  the  implanted  D  is  not  at  such  sites  since  this  would  give 
a  dip  in  the  NRA  channeling  yield  in  contrast  to  the  peak  we  observe.  It  therefore  seems 
appropriate  to  consider  other  defect-related  sites,  including  interstitials  or  solution  sites  adjacent 
to  defects  as  possible  binding  sites  for  D. 
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ABSTRACT 

We  demonstrate  strong  ultraviolet  (UV)  (280-330nm)  photoluminescence  (PL)  emission  from 
multi-quantum-well  (MQW)  structures  consisting  of  AlGaN  active  layers  fabricated  by  metal- 
organic  chemical-vapor-deposition  (MOCVD).  Si-doping  is  shown  to  be  very  effective  in  order 
to  enhance  the  PL  emission  of  AlGaN  QWs.  We  found  that  the  optimum  values  of  well  thickness 
and  Si-doping  concentration  of  AlxGai-xN/AlyGai.yN  (x=0.24-0.53,  y=0.11)  MQW  structure  for 
efficient  emission  were  approximately  3nm  and  2xl0^^cm‘^,  respectively.  In  addition,  the  PL 
intensities  of  AlGaN,  GaN  and  InGaN  quantum  well  structures  are  compared.  We  have  found 
that  the  PL  emission  at  77K  from  a  Alo.53Gao.47N/Alo.11Gao.89N  MQW  is  as  strong  as  that  of 
InGaN  QWs. 

INTRODUCTION 

GaN  and  related  nitrides  are  currently  of  great  interest  for  the  application  to  optical  devices 
operating  in  the  visible  and  ultraviolet  (UV)  energy  range.  Blue  laser  diodes  (LDs)  and  blue- 
green  light-emitting  diodes  (LEDs)  have  been  developed  in  recent  years  [1-3].  High-power, 
long-lifetime  InGaN  multi-quantum  well  (MQW)  lasers  have  been  demonstrated  [1]. 

The  AlGaN  alloy  is  a  useful  material  for  optical  devices  operating  in  the  UV,  because  direct 
transition  emission  can  be  adjusted  between  3.4eV  (GaN)  and  6.2eV  (AIN).  The  wide  transition 
range  of  AlGaN  covers  the  entire  lasing  wavelength  range  covered  by  UV  gas  and  solid  state 
lasers,  for  example,  XeCl(308nm)  and  KrF(248nm)  excimer  lasers  or  N2(337nm),  He- 
Cd(325nm),  SHG-Ar(257nm)  lasers.  UV  semiconductor  lasers  are  attractive  in  comparison  with 
gas  lasers  because  of  small  size,  long  lifetime,  high  efficiency  and  continuous-wave  (CW) 
operation.  CW-UV  lasers  using  AlGaN  materials  are  believed  to  replace  UV  gas  lasers  in  the 
near  future.  For  the  realization  of  UV  semiconductor  lasers,  several  technical  problems  such  as 
current  injection  through  high  A1  content  AlGaN  crystals  or  efficient  UV  emission  from  AlGaN 
QW  structures  must  be  solved.  Especially,  the  realization  of  high  optical  gain  from  AlGaN  in 
UV  emission  range  is  most  important  for  the  use  as  the  active  region  of  UV  lasers. 

Many  research  groups  have  obtained  a  strong  emission  of  InGaN  QWs  when  the  In  content  is 
10-20%.  However  the  emission  efficiency  of  binary  GaN  is  much  weaker  than  that  of  InGaN 
and  actually  not  useful  for  active  region  in  a  semiconductor  laser.  The  mechanism  of  the  efficient 
emission  in  InGaN  alloy  in  comparison  with  GaN  has  been  investigated  using  Nichia’s  samples 
[4,5].  It  was  reported  that  the  quantum  efficiency  of  InGaN-based  quantum  well  lasers  is 
enhanced  by  the  effect  of  localized  excitons  in  nano-scale  In  segregated  (In-rich)  regions  of  the 
quantum  well  [5].  The  efficient  emission  of  InGaN  is  observed  even  when  the  In  incorporation 
is  only  a  few  percent. 

On  the  other  hand,  AlGaN  QW  structure  with  respect  to  strong  UV  emission  has  not  yet  been 
well  investigated  and  its  optical  property  is  still  unknown  even  though  it  is  very  important 
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material  in  order  to  realize  UV  (especially  for  wavelength  shorter  than  360nm)  optical  devices. 
Recently,  we  fabricated  AlGaN  QW  and  quantum  dot  (QD)  structures  for  the  purpose  of  intense 
UV  emission  [6]. 

In  this  work,  we  report  on  the  AbGai.^N/AlyGai.yN  (x=0.24-0.53,  y=0.11)  MQW  structures 
fabricated  by  metal-organic  chemical-vapor-deposition  (MOCVD)  and  demonstrate  an  intense 
UV  (280-330nm)  photoluminescence  (PL).  We  also  compare  the  PL  intensity  between  AlGaN, 
GaN  and  InGaN  QW  structures. 

EXPERIMENTS  AND  DISCUSSIONS 

The  structures  were  grown  at  76  torr  on  the  Si-face  of  an  on-axis  6H-SiC(0001 )  substrate,  by  a 
conventional  horizontal-type  MOCVD  sy.stem.  As  precursors  ammonia  (NH3), 
trimethylaluminum  (TMAl),  trimethylgallium  (TMGa),  and  tetraethylsilane  (TESi)  were  used 
with  H2  as  carrier  gas.  N2  gas  was  independently  supplied  by  a  separate  line  and  mixed  with  the 
H2  just  before  the  substrate  susceptor.  Typical  gas  flows  were  2  standard  liters  per  minute  (SLM), 
2  SLM,  and  0.5  SLM  for  NH3,  H2,  and  N2,  respectively.  The  molar  fluxes  of  TMGa  and  TMAl 
for  the  growth  of  AlxGai.xN  (x=0.1 1-0.53)  were  38pmol/min  and  2.6-45pmol/min,  respectively. 
At  this  condition,  the  growth  rate  was  approximately  2.5pm/h.  The  substrate  temperature 
measured  with  a  thermocouple  located  at  the  substrate  susceptor  during  the  growth  was  1 140°C 
for  all  layer. 

At  first,  we  investigated  the  growth  condition  of  high  A1  content  AlGaN  alloy.  Figure  1  shows 
the  77K  PL  spectra  of  AlGaN  films  grown  directory  on  very  thin  (~10nm)  AIN  buffer  layer.  The 
thickness  of  all  the  AlGaN  film  was  approximately  400nm.  As  seen  in  Fig.  1,  single  peak 
emission  was  obtained  for  A1  contents  of  0.11-0.53.  The  phonon-replica  peaks,  seen  at  the  low 
energy  side  of  each  spectra,  confirms  the  good  crystal  quality  of  the  AlGaN.  The  typical  value  of 
full  width  at  half  maximum  (FWHM)  of  the  spectrum  was  20meV  for  AFGai.xN  (x=0.10-0.12) 
and  65meV  for  AlxGaj.xN  (x=0.30-0.60)  at  77K.  For  an  A1  content  of  0.6,  an  additional  emission 
peak  around  the  wavelength  of  290nm  probably  originating  from  defects  was  observed  besides 
the  264nm  peak.  Therefore,  the  highest  A1  content  we  used  in  this  experiment  was  0.53. 

Figure  2  shows  schematic  layer  structure  of  the  fabricated  (a)  Al(),33Ga(),47N/Alo.iiGao.89N  and 
(b)  Alo.24Gao.76N/Alo,iiGao.89N  MQW  sample.  In  order  to  achieve  a  flat  surface  suitable  for  the 
growth  of  AlGaN  quantum  well,  an  approximately  400nm  thick  Alo.53Ga().47N  buffer  layer  for 
sample  (a),  and  lOOnm-thick  A!(),24Gao.76N  followed  by  an  300nm-thick  Alo.i^Gao.ft^N  buffer  layer 
for  sample  (b)  were  deposited.  The  buffer  layer  was  found  to  provide  a  step-flow  grown  surface 
as  confirmed  by  atomic  force  microscopy  (AFM).  After  that,  for  sample  (a),  5-layer  MQW 
structure  consi.sting  of  2.7-6. 7nm-thick  Alo.11Gao.89N  wells  and  8nm-thick  undoped  Alo..‘i3Gao.47N 
barrier  layers,  and  20nm-thick  Alo.33Ga().47N  capping  layer  were  grown.  Also,  for  sample  (b),  6- 
layer  MQW  structure  consisting  of  2-5nm-thick  Si-doped  (undoped)  Alo  nGao.soN  wells  and 
6nm-thick  undoped  Alo.24Gao.76N  barrier  layers,  and  lOnm-thick  Alo,24Gao,76N  capping  layer  were 
grown.  The  well  and  barrier  thickness  is  estimated  simply  from  the  growth  rate  of  bulk. 

Figure  3  shows  PL  spectra  measured  at  77K  of  the  undoped  Alo.53Gao.47N/Alo.11Gao.89N  5-layer 
MQW  structures  excited  with  an  Ar-SHG  la.ser  (257nm)  for  various  well  thickness.  The  spectra 
of  the  Alo,.53Gao.47N  bulk  without  Alo.11Gao.89N  well  is  also  shown  for  comparison  of  emission 
intensity.  As  seen  in  Fig.  3,  the  peak  wavelength  of  QW  emission  .shifts  from  344nm  to  271nm  as 
the  well  thickness  decreases  from  6.7nm  to  2.7nm.  We  attribute  these  shift  to  the  increased 
quantization  energy  in  the  QWs.  We  cannot  see  the  emission  from  barrier  or  capping  layers  for 
each  MQW  spectrum,  which  indicates  that  the  emission  from  the  quantum  well  is  efficient.  The 
well  emission  intensity  is  strongest  for  a  well  thickness  of  3.3nm.  The  emission  peak  wavelength 
of  400nm-thick  Alo,53Ga().47N  buffer  layer  from  the  sample  without  QW  is  slightly  longer  than 


that  of  2.7nm-thick  MQW  structures.  This  may  be  because  that  the  barrier  bandgap  is  extended 
due  to  the  strain  compensation  between  barrier  and  well.  The  rapid  reduction  of  the  PL  intensity 
with  the  increase  of  the  well  thickness  may  be  caused  by  a  reduction  of  the  radiative 
recombination  probability  due  to  a  separation  of  electron  and  hole  wave-functions  in  the  large 
piezoelectric  field  of  the  well  [7].  The  reduction  of  the  emission  intensity  for  the  thin  well  may 
be  mainly  due  to  the  increase  of  nonradiative  recombination  on  the  hetero-interfaces  between 
well  and  barrier. 
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Fig.  2.  Schematic  layer  structure  of  (a)  Alo.53Gao.47N/Alo.11Gao.89N  and  (b) 
Alo.24Gao.76N/Alo.11Gao.89N  MQW  sample. 
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Fig.  3.  PL  spectra  measured  at  77K  of  the  undoped  A]o.53Ga<).47N/Al().iiG£i().89N  5-layer  MQW 
structures  excited  with  Ar-SHG  laser  (257nm)  for  various  well  thickness. 

Figure  4  shows  the  room  temperature  PL  spectra  of  the  undoped  Al().24Gai).76N/Alo.iiGa{),89N  6- 
layer  MQW  structures  excited  with  a  XeCl  excimcr  laser  for  various  well  thickness.  The  peak 
wavelength  of  QW  emission  shifts  from  344nm  to  323nm  as  the  well  thickness  decreases  from 
5nm  to  2nm.  The  32 Inin  weak  emission  originates  from  Alo.24Ga().76N  barrier  layers.  The 
dependence  of  the  PL  intensity  on  the  QW  thickness  was  similar  to  that  obtained  for 
Al(),53Ga(),47N/Al(),iiGa<),89N  MQWs.  The  optimized  well  thickness  was  also  around  3nm. 

Figure  5  shows  PL  spectra  measured  at  77K  from  3nm  thick  Si-doped  and  undoped 
Alo.24Ga(),76N  /Al{).iiGao.89N  6-laycr  MQWs  excited  with  a  He-Cd  laser.  Si-doping  was  used  only 
in  the  QW  layers.  The  doping  concentration  was  changed  from  8xl0'^  to  5xl0'\m  ^  The 
emi.ssion  intensity  increases  dra.stically  by  Si-doping.  The  PL  inten.sity  is  enhanced  by  2-3  times 
with  a  Si-doping  concentration  of  2xl0''cm''\  as  seen  in  Fig  5.  We  can  see  phonon  replica  peaks 
on  the  low  energy  side  of  main  peaks  for  a  doping  concentration  below  2xl0''^cm We  assume 
that  the  screening  of  piezoelectric  field  with  doping  is  causing  the  PL  intensity  enhancement,  as 
reported  in  the  case  of  InGaN  QWs[8]. 

Finally,  we  will  compare  the  emission  intensity  of  AlGaN,  GaN  and  InGaN  QWs.  Figure  6 
shows  the  PL  emission  spectra  measured  at  77K  of  Alo..‘S3Ga<),47N/Alo.nGa<).89N  5-layer  MQW, 
Alo.24Gao.76N/Al().iiGa().89N  6-layer  MQW,  Alo.i2Ga(),88N/GaN  5-layer  MQW  and 
In(),o2Gao.98N/In().2oGao.8nN  single-QW  structures.  All  samples  are  undoped  with  optimized  well 
thickness.  All  samples  were  excited  with  Ar-SHG  laser  with  the  same  excitation  condition.  As 
can  be  seen  in  Fig.  6,  the  280nm  emission  of  the  Alo,.'i3Ga().47N/Al{).!iGa<).89N  MQW  is  as  strong  as 
that  of  the  Ino  o2Ga().98N/Ino.2()Ga().8oN  QW  and  much  stronger  than  those  of  the 
Alo.24Gao.76N/ Al(), I  iGao.sgN  or  Alo.12Gao.88N/GaN  MQWs  at  77K.  However,  the  temperature 
dependence  of  PL  intensity  was  strongest  for  Alo.6.3Gao47N/Alo.iiGao  89N  MQW  and  the  emission 
intensity  was  much  reduced  at  room  temperature.  We  believe  that  the  emission  mechanism  of 
AlGaN  QWs  is  much  different  from  that  of  InGaN  QWs.  We  suggest  that  the  strong  UV 


emission  from  AlGaN  QWs  originates  in  the  confinement  states  which  is  stable  only  at  low 
temperature,  though,  at  this  moment  we  don’t  know  the  exact  mechanism. 
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Fig.  4.  Room  temperature  PL  spectra  for  various  well  thickness  from  the  undoped 
Alo.24Gao.76N/Alo.11Gao.89N  6-layer  MQW  structures  excited  with  a  XeCl  excimer  laser. 
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Fig.  5.  PL  spectra  measured  at  77K  from  3nm  thick  Si-doped  and  undoped  Alo.24Gao.76N 
/Alo.iiGao.ggN  6-layer  MQWs  excited  with  a  He-Cd  laser. 
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Fig.  6.  PL  emission  spectra  of  Alo.53Ga(),47N/AIo.nGao.89N,  Alo.24Gao.76N/Al(),i|Gao.89N, 
Alo,i2Gao,88N/GaN  MQW  and  In(),o2Ga<).98N/Ino.2()Ga(),8oN  single-QW  structures. 

CONCLUSION 

We  have  demonstrated  strong  UV  (280-330nm)  PL  emission  from  AIGaN  MQW  structures 
fabricated  by  MOCVD.  Si-doping  was  shown  to  be  very  effective  in  order  to  enhance  the 
emission  of  AIGaN  QWs.  We  investigated  systematically  the  optimized  well  thickness  and  the 
Si-doping  concentration  of  AlxGai_xN/AlyGai-yN  (x=0.24-0.53,  y=0.11)  MQW  structure  with 
respect  to  efficient  emission  and  found  that  the  optimum  values  were  approximately  3nm  and 
2xl0'^cm■^  respectively.  The,  PL  intensities  of  AIGaN,  GaN  and  InGaN  quantum  well  structures 
were  compared.  We  found  that  the  emission  at  77K  from  a  Al().53Gao,47N/Al().iiGa<).89N  MQW  was 
as  strong  as  that  from  the  InGaN  QWs. 
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ABSTRACT 

High  quality,  epitaxial  growth  of  AIN  and  ALGai.xN  by  OMVPE  has  been  demonstrated  on 
single-crystal  AIN  substrates.  Here  we  report  characterization  of  epitaxial  layers  on  an  a-face 
AIN  substrate  using  Rutherford  Backscattering/ion  channeling,  atomic  force  microscopy  (AFM), 
x-ray  rocking  curves,  and  preliminary  electrical  characterization.  Ion  channeling  along  the 
[lO  lO]  axis  gives  a  channeling  minimum  yield  of  1.5%  indicating  a  very  high  quality  epitaxial 
layer. 

INTRODUCTION 

While  ni-nitride  epitaxy  offers  great  potential  for  optoelectronic,  high  temperature  and  high 
power  devices,  the  common  use  of  sapphire  has  many  disadvantages.  The  use  of  single  crystal 
Ill-nitride  substrates  should  allow  improved  epitaxial  growth,  improved  thermal  and  chemical 
compatibility,  as  well  as  improved  thermal  conductivity. 

We  have  succeeded  in  growing  single  crystals  of  AIN  exceeding  1  cm  in  length  and  0.5  cm 
in  diameter  using  the  technique  of  sublimation  and  recondensation  [1].  Substrates  of  AIN  have 
been  cut  from  these  single  crystals  boules  with  either  the  (l  120)  (a-face)  or  the  (0001)  (c-face) 
orientation.  Here  we  report  preliminary  results  from  the  growth  of  AIN  and  ALGai.xN  layers  on 
the  a-face  substrates. 

GROWTH  PROCEDURES 

All  growths  were  carried  out  in  an  rf-heated,  hot- wall,  horizontal  reactor  [2].  The  growth 
temperature  was  1100  °C,  while  the  growth  pressure  was  100  torr.  Trimethylaluminum  (TMA), 
trimethylgallium  (TMG)  and  ammonia  (NH3)  were  used  as  the  source  materials,  and  the  carrier 
gas  was  hydrogen.  An  AIN  substrate  and  a  c-plane  sapphire  substrate  were  placed  side  by  side  to 
compare  epitaxial  quality  and  calibrate  the  growth  rate.  After  a  chemical  clean  and  prior  to  the 
epitaxial  growth,  the  substrates  were  thermally  treated  at  1 100  °C  under  2  slm  of  hydrogen  flow 
for  5  min  and  under  a  mixed  stream  of  Islm  ammonia  and  2  slm  hydrogen  for  10  min.  After  this 
treatment,  the  flow  rates  of  H2  and  NH3  were  adjusted  to  3  slm  and  2  slm  respectively,  and  then 
TMA  (for  AIN  growth)  or  a  combination  of  TMA  and  TMG  (for  alloy  growth)  was  switched  into 
reactor.  In  all  cases,  the  flow  rate  of  TMA  was  30  seem. 

Under  these  conditions,  the  AIN  growth  rate  was  about  0.5  pm/hour  (for  the  sapphire 
substrate)  as  determined  by  FTIR  measurements.  Typical  growth  times  were  about  1.5  hours. 
The  50%  alloy  discussed  below  was  achieved  with  3sccm  and  30sccm  flow  rates  of  TMG  and 
TMA,  respectively.  Doping  was  accomplished  by  using  11.1  ppm  silane  in  a  hydrogen  carrier 
gas. 
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CHARACTERIZATION  AND  ANALYSIS 

In  Fig.  1 ,  an  AFM  image  of  an  AIN  sub.strate  is  shown  prior  to  epitaxial  growth.  This 
particular  sub.strate  was  cut  so  as  to  expose  the  ( 1 1 20)  plane  of  atoms  (the  a-face)  and  was 
misoriented  by  less  than  1°.  It  can  be  seen  that  substrate  surface  is  nearly  atomically  flat. 
Examination  of  the  substrate  over  a  wider  area  indicates  that  all  evidence  of  mechanical  damage 
(scratches,  etc.)  has  been  removed  unlike  prior  work  [3]  where  micro  scratches  were  observed  on 
the  substrate  surface  after  just  a  mechanical  polish.  We  do  observe  pit-like  defects  which  may  be 
associated  with  dislocations  intersecting  the  surface  but  their  origin  has  not  been  convincingly 
determined  at  this  time.  Their  density  is  approximately  3x10^  cm'^. 


Fig.  1 ;  An  AFM  image  of  the  bare  AIN  substrate  prior  to  growth. 


In  Fig.  2,  an  AFM  image  of  a  0.7-|im-thick  AIN  epitaxial  layer,  grown  on  a  slightly  vicinal 
AIN  substrate,  is  shown.  Atomic  steps  seem  to  have  organized  into  semi-regular  arrays  during 


growth  giving  rise  to  a  grating  effect  across  the  surface.  The  height  of  the  step  bunches  is 
approximately  4  nm.  The  density  of  defects  across  the  surface,  observed  with  AFM,  increased 
by  approximately  1  order  of  magnitude  from  the  clean  substrate.  This  increase  includes  the 
appearance  of  short  line-like  defects  that  were  not  observed  on  the  original  substrate.  The  origin 
of  these  defects  is  still  being  investigated. 


Fig.  2:  An  AFM  image  of  a  0.7-pm-thick  epitaxial  AIN  layer  grown  on  the  a-face  of  an  AIN 
substrate. 

We  have  also  performed  AFM  characterization  of  the  surface  of  a  1-pm-thick  epitaxial  film 
of  Al.sGa  sN.  This  film  showed  a  much  rougher  surface  morphology  even  though  the  epitaxial 
quality  as  determined  by  x-ray  diffraction  and  ion  channeling  was  very  good  as  discussed  below. 
The  surface  was  found  to  have  many  mounds  on  the  surface  with  approximately  30°  facet  angles. 


Of  course,  it  should  also  be  noted  that  the  growth  process  has  not  yet  been  optimized  for  growth 
of  AlxGaj.xN  alloy  layers. 

Rutherford  backscattering/ion  channeling  measurements  were  used  to  determine  the  crystal 
quality  of  the  original  substrate,  the  epitaxial  AIN  layer  and  the  epitaxial  Al,5Ga  5N  layer.  The 
results  from  the  later  two  layers  are  shown  in  Figs.  3  and  4.  These  measurements  were 
performed  at  the  SUNY-Albany  Dynamatron  accelerator  with  2  MeV  He'^  ions.  The  minimum 
yield  was  measured  along  the  [lOTo]  axis,  which  is  perpendicular  to  the  (l  120)  surface  plane  of 
this  substrate.  We  obtained  a  channeling  minimum  yield  Xmin  of  1 .5%  for  both  the  AIN  substrate 
and  for  the  AIN  epitaxial  layer.  The  Xmin  is  the  ratio  of  the  backscattering  yield  along  the 
crystallographic  axis  compared  to  the  scattering  yield  along  a  random  direction  and  a  value  of 
1.5%  indicates  excellent  crystal  quality  (see,  for  example,  ref.  4  where  a  Xmin  of  2.1%  was 
measured  on  a  high  quality,  3-pm-thick  GaN  layer  grown  under  optimal  conditions  on  sapphire). 
The  Xmin  measured  for  the  1-pm-thick  Al.sGasN  layer  was  2.2%,  which  is  still  excellent  even 
though  the  growth  parameters  were  not  optimized  as  pointed  out  above. 
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Fig.  3:  RBS  spectra  measured  for  a  random  direction  and  along  the  [lO  1 0]  axis  for  a  0.7-pm- 
thick  AIN  layer  grown  on  the  a-face  of  an  AIN  substrate.  The  inset  shows  a  blow-up  of 
the  A1  surface  peak. 

Note  also  in  Fig.  3  that  some  Ga  contamination  is  seen  in  the  epitaxial  film.  The  Ga 
concentration  is  approximately  1%  and  helps  to  serve  as  a  marker  for  the  epitaxial  AIN  film. 

The  ion  channeling  minimum  yield  on  the  AIN/sapphire  layer  grown  under  identical  conditions 
was  40%. 

The  insets  in  Figs.  3  and  4  show  the  onset  of  the  A1  and  the  Ga  peaks,  respectively.  In  Fig. 

3,  the  surface  peak  is  due  to  the  scattering  of  the  He  ions  by  A1  ions  on  the  .surface  prior  to  the 
He  ions  starting  to  channel  in  the  cry.stal.  In  Fig.  4,  it  is  interesting  to  note  that  the  Ga  surface 
peak  is  nearly  missing  in  spite  of  the  fact  that  the  alloy  was  grown  under  constant  TMA  and 
TMG  flux.  This  sugge.sts  that  the  surface  layer  is  depleted  of  Ga  and  suggests  that  some  surface 
reconstruction  may  have  occurred  which  preferentially  put  A1  on  the  surface.  Another  possibility 
is  that  the  epitaxial  layer  preferentially  lost  Ga  during  the  cool  down  phase  after  growth. 
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Fig.  4;  RBS  spectra  measured  for  a  random  direction  and  along  the  [lO  1 0]  axis  for  a  l-pm-thick 
Al.sGa.sN  layer  grown  on  the  a-face  of  an  AIN  substrate.  The  inset  shows  a  blow-up  of 
the  nearly  absent,  Ga  surface  peak. 

Double  crystal,  x-ray  diffraction  (Bede  diffractometer,  Cu  Ka)  radiation  was  also  used  to 
characterize  the  quality  of  the  epitaxial  layers.  A  GaSb  (004)  reflection  was  used  to 
monochromatize  the  x-rays  and  the  (l  120)  reflection  was  scanned.  The  epitaxial  AIN/AIN 
substrate  was  shown  to  consist  of  several  crystal  grains,  with  small  angles  (of  the  order  of  50-100 
arcsecs)  between  them.  The  relative  peak  amplitudes  could  be  varied  by  moving  the  x-ray  beam 
across  the  surface.  This  observation  coincided  with  optical  observations  that  indicated  possible 
grain  boundaries  across  the  substrate  surface.  The  largest  grain  was  approximately  3mm  x  5mm. 
A  rocking  curve,  FWHM  of  the  epitaxial  AIN  layer  was  approximately  250  arc  sec.  when  all  the 
crystal  grains  were  considered  simultaneously.  However,  the  FWHM  of  individual  grains 
appeared  to  be  less  than  100  arc  sec. 

The  Al.sGa.sN  alloy  was  doped  with  Si  as  described  above  using  a  silane/hydrogen  flow  rate 
of  3  seem.  The  1-pm-thick  film  exhibited  a  resistivity  of  approximately  20  Q-cm.  Hall 
measurements  were  made  using  In  dots  that  allowed  good  Ohmic  contacts  to  be  made  to  the 
epitaxial  layer.  The  concentration  of  carriers  was  approximately  10^^  cm'^  with  a  mobility  of 
~10  cm^A^-s.  Generally  groups  have  found  that  doping  of  AlxGai.xN  alloys  is  difficult  at  high  A1 
fraction  [5,6]  probably  due  to  the  inferior  material  quality.  Our  results  here  are  in  good 
agreement  with  Bemser  et  al.  [7]  for  high  concentration  A1  alloys  grown  on  6H-SiC(0001) 
substrates. 

CONCLUSION 

We  have  demonstrated  that  a-face  AIN  substrates  can  be  prepared  for  excellent 
homoepitaxial  growth  of  AIN.  In  addition,  we  have  demonstrated  high  quality  alloy  growth  of 
Al.sGa.sN  on  these  substrates  that  showed  excellent  electrical  conductivity  even  though  the 


growth  conditions  were  not  optimized.  The  AIN  substrates  offer  an  excellent  opportunity  to 
achieve  high  quality  epitaxial  growth  of  AlGaN  alloys  on  a  high  thermal  conductivity, 
electrically  insulating  substrate  with  minimal  thermal  expansion  mismatch. 
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ABSTRACT 

The  surface  morphology  of  GaN  is  observed  by  atomic  force  microscopy  for  growth  on 
GaN  and  AIN  buffer  layers  and  as  a  function  of  IIW  flux  ratio.  Films  are  grown  on  sapphire 
substrates  by  molecular  beam  epitaxy  using  a  radio  frequency  nitrogen  plasma  source.  Growth 
using  GaN  buffer  layers  leads  to  N-polar  films,  with  surfaces  strongly  dependent  on  the  flux 
conditions  used.  Flat  surfaces  can  be  obtained  by  growing  as  Ga-rich  as  possible,  although  Ga 
droplets  tend  to  form.  Ga-polar  films  can  be  grown  on  AIN  buffer  layers,  with  the  surface 
morphology  determined  by  the  conditions  of  buffer  layer  deposition  as  well  as  the  IIW  ratio  for 
growth  of  the  GaN  layer.  Near-stoichiometric  buffer  layer  growth  conditions  appear  to  support 
the  flattest  surfaces  in  this  case.  Three  defect  types  are  typically  observed  in  GaN  films  on  AIN 
buffers,  including  large  and  small  pits  and  “loop”  defects.  It  is  possible  to  produce  surfaces  free 
from  large  pit  defects  by  growing  thicker  films  under  more  Ga-rich  conditions.  In  such  cases  the 
surface  roughness  can  be  reduced  to  less  than  1  nm  RMS. 

INTRODUCTION 

In  recent  years  the  group  Ill-nitride  materials  system  has  shown  promise  and  suitability 
for  a  wide  variety  of  device  applications.  Large  efforts  and  advances  have  been  made  in  the 
growth  of  device  quality  films  by  the  techniques  of  MOCVD  and  HVPE,  particularly  for 
optoelectronics  and  HFET  applications,  while  the  growth  of  GaN  by  molecular  beam  epitaxy 
(MBE)  has  received  relatively  less  attention.  However,  because  of  the  ability  to  produce  quality 
films  of  both  crystal  polarities  (Ga-polar  and  N-polar)  [1]  MBE  has  gained  renewed  interest  for 
fabrication  of  polarity  dependent  devices,  such  as  piezo-electronics.  For  these,  and  the  majority 
of  device  applications,  it  is  desirable  to  prepare  films  with  flat  surfaces.  An  example  is  the 
GaN/AlGaN  HEMT  structure,  where  the  mobility  and  density  of  the  2-D  electron  gas  improves 
as  the  interface  becomes  flatter  [1].  In  this  work,  we  present  an  atomic  force  microscopy  (AFM) 
study  of  GaN  surfaces  prepared  under  a  variety  of  conditions  by  MBE,  and  describe  the  growth 
parameters  employed  to  produce  both  rough  and  relatively  flat  surfaces  of  both  wurtzite  crystal 
polarities. 

EXPERIMENT 

Gallium  nitride  layers  were  grown  on  c-plane  sapphire  substrates  using  a  radio  frequency 
plasma  source  for  active  nitrogen.  The  source  gas  was  high  purity  N2,  regulated  and  filtered,  and 
introduced  into  the  plasma  source  via  a  precision  leak  valve.  The  typical  system  pressure  during 
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Figure  I ;  AFM  micrographs  of  GaN  grown  on  sapphire  using  GaN  buffer  layers.  For  nitrogen  rich 
growth  of  the  main  layer  (A)  a  rough  surface  and  fine-grained  microstructurc  results,  while  growth  under 
slightly  (B)  and  more  heavily  Ga-rich  (C)  conditions  leads  to  larger  grain  size  and  flatter  surfaces.  The 
surface  pictured  in  (C)  is  quite  flat,  with  pit  defects  lying  at  the  coalesced  island  boundaries.  The  vertical 
scale  is  100  nm  in  these  images. 


growth  was  8x10'*’  torn  Effusion  cells  were  used  as  sources  of  Ga,  Al,  and  Si.  The  substrates 
were  backside  coated  with  Ti  to  assist  in  radiative  heating,  and  were  loaded  into  the  vacuum 
system  without  chemical  treatment. 

For  each  growth,  the  substrate  was  first  heated  to  800  °C  and  exposed  to  the  nitrogen 
beam  for  30  minutes  at  450W  RF  power  and  at  reduced  nitrogen  flow.  Reflection  high-energy 
electron  diffraction  (RHEED)  patterns  were  bright  .streaks  after  the  nitridation  stage,  indicating 
the  formation  of  an  AIN  layer  at  the  surface.  A  thin  GaN  or  AIN  buffer  layer  was  then  deposited 
at  a  nominal  growth  rate  of  0.15  microns  per  hour  at  a  plasma  source  power  of  350W.  For 
growth  of  GaN  buffer  layers,  the  III/V  ratio  was  .set  close  to  unity,  while  for  growth  of  AIN 
buffer  layers  the  Al  cell  temperature  was  variably  set  to  1100  °C,  1 1 20  °C,  or  1 1 30  °C 
representing  N-rich,  near  stoichiometric,  and  Al-rich  growth  conditions,  respectively.  The 
growth  time  for  the  buffer  layers  was  2-3  minutes.  After  buffer  layer  deposition,  the  samples 
were  soaked  under  the  nitrogen  beam  for  8  minutes.  The  main  GaN  layer  was  then  deposited  at 
a  rate  of  approximately  0.4  microns  per  hour. 

A  series  of  samples  was  grown  utilizing  GaN  buffer  layers,  wherein  subsequent  growth 
of  the  main  layer  was  carried  out  under  N-rich,  slightly  Ga-rich,  or  heavily  Ga-rich  conditions. 
For  GaN  layers  grown  on  AIN  buffer  layers,  flux  conditions  were  slightly  Ga-rich  and  constant. 
The  total  thickness  of  these  layers  was  about  1  micron.  Additionally,  one  sample  was  grown  to  a 
thickness  of  2  microns  using  an  AIN  buffer  layer.  All  films  were  doped  with  Si  to  approximately 
lO'^  cm'^.  The  surface  morphology  of  these  layers  was  studied  by  atomic  force  microscopy  in 
Tapping  Mode  using  a  Bio.scope  AFM  with  a  Digital  Instruments  Nano.scopc  Ilia  controller. 


RESULTS 


GaN  buffer  layers 

The  surface  morphology  of  GaN  films  is  seen  to  depend  strongly  on  the  IIW  ratio 
employed  during  RF  plasma  MBE  growth.  As  has  been  previously  observed  [2-4],  the  RHEED 
image  abruptly  changes  from  spotty  to  streaky  as  flux  conditions  move  from  nitrogen-rich  to 
gallium-rich.  The  surface  morphology  of  films  grown  on  GaN  buffer  layers  and  under  various 


flux  conditions  is  shown  in  Figure  1.  For  growth  under  N-rich  conditions  (Fig.  lA)  the  RHEED 
image  is  spotty  and  the  surface  is  rough.  This  is  presumably  because  the  suface  mobility  of 
atoms  is  low  on  the  nitrogen  terminated  GaN  surface,  so  step-flow  growth  is  hindered  and 
statistical  roughening  proceeds.  For  growth  under  slightly  Ga-rich  conditions  (Fig.  IB),  the 
grain  size  is  improved  and  the  surface  is  dominated  by  flat  topped  regions  separated  by  shallow 
canyons.  The  surface  roughness  is  approximately  10  nm  RMS  in  this  case.  Shown  in  Fig.  1C  is 
a  sample  grown  under  more  highly  Ga-rich  conditions.  These  conditions  are  within  the  Ga 
condensation  range,  as  evidenced  by  the  formation  of  droplets  that  sparsely  covered  the  surface 
of  this  sample.  However,  the  film  surface  between  droplets  is  seen  to  be  very  flat,  with  RMS 
roughness  of  2-3  nm.  Pits  are  observed  at  the  grain  boundaries. 

AIN  buffer  layers 

Samples  grown  using  GaN  buffer  layers  on  sapphire  were  found  to  be  N-polar  [1]  based 
on  eteh  tests  using  molten  KOH  [5,  6],  while  films  grown  using  AIN  buffer  layers  were  Ga- 
polar.  We  observe  that  both  polarities  seem  to  behave  similarly  in  the  effects  of  IIW  ratio  on 
surface  morphology  and  growth  mode  [7,8].  Additionally,  for  films  grown  on  AIN  buffers,  the 
exact  conditions  of  buffer  layer  deposition  are  seen  to  be  highly  important.  Shown  in  Figure  2 
are  AFM  scans  of  GaN  films  grown  under  identical  conditions  except  for  the  Al/N  flux  ratio 
during  growth  of  the  buffer  layer.  If  the  AIN  buffer  is  deposited  under  Al-rich  conditions  (Fig. 
2A),  the  RHEED  pattern  dims  and  ultimately  disappears  as  aluminum  builds  up  on  the  surface. 
The  fine-grained  microstructure  observed  is  likely  formed  by  nitridation  of  condensed  A1  during 
and  after  buffer  deposition.  Figure  2B  shows  the  GaN  film  surface  using  an  AIN  buffer  layer 
grown  near  effective  1-to-l  flux  stoichiometry.  In  this  case,  the  buffer  layer  RHEED  pattern 
remained  very  streaky  and  displayed  a  faint  2-fold  reconstruction  upon  nitrogen  soak.  The 
surface  appears  quite  flat  but  with  V-shaped  hexagonal  pits  approximately  200  nm  in  size.  For 
the  case  of  nitrogen-rich  AIN  buffer  layer  deposition,  the  resulting  GaN  film  surface  is  shown  in 
Figure  2C.  Flat  regions  exist,  yet  the  surface  remains  rough  on  the  500  nm  lateral  scale. 
Although  streaky  RHEED  patterns  were  observed  during  GaN  growth  for  all  these  samples,  only 


Figure  2:  AFM  micrographs  of  GaN  grown  on  sapphire  using  an  AIN  buffer  layer.  The  aluminum  cell 
temperature  was  set  to  (A)  1130  °C,  (B)  1 120  °C,  and  (C)  1 100  °C  during  growth  of  the  buffer  layers, 
corresponding  to  Al-rich,  near-stoichiometric,  and  N-rich  conditions,  respectively.  The  GaN  layer  was 
grown  under  the  same  slightly  Ga-rich  conditions  in  all  cases.  The  vertical  scale  is  100  nm. 


Figure  3:  Tapping  Mode  AFM  height  (A)  and  phase  (B)  data  taken  from  the  center  region  of  the  2  micron 
thick  GaN  sample.  Three  categories  of  defects  arc  observed:  large  hexagonal  pits,  small  pits,  and  “loop¬ 
like”  defects  (L).  The  height  scale  is  100  nm  and  25  degrees  in  A  and  B  respectively. 


the  AIN  buffer  layers  grown  under  stoichiometric  flux  conditions  showed  a  streaky  RHEED 
image.  We  believe  that  the  film-buffer  interface  is  smoothest  in  this  case,  and  that  this  is  the 
most  relevant  condition  for  the  subsequent  growth  of  flat  GaN  surfaces. 

AFM  images  of  a  2  micron  thick  GaN  layer  grown  on  a  “stoichiometric”  AIN  buffer 
layer  are  shown  in  Figures  3  and  4.  We  see  in  Figure  3  the  same  general  morphology  as  in 
Figure  2B.  In  the  AFM  Tapping  Mode  phase  image  (Fig.  3B),  three  types  of  structures  are 
present  on  these  surfaces  which  we  refer  to  as  large  pits,  small  pits,  and  “loop”  defects.  While  a 
detailed  .study  of  these  defects  has  not  yet  been  done,  we  may  tentatively  associate  the  small  pit 
defects  to  the  intersection  of  threading  dislocations  with  the  surface  [9],  while  the  larger 
hexagonal  pits  may  be  remnants  of  island  coalescence.  The  nature  of  the  “loop”  structures  is  at 
this  point  uncertain.  As  is  shown  in  Figure  4,  the  large  pit  defects  are  not  present  near  the  edge 
of  the  wafer  for  this  sample.  This  is  due  to  a  degree  of  temperature  nonuniformity  across  the  2 
inch  substrate.  The  substrate  temperature  is  slightly  lower  toward  the  edge  of  the  wafer,  where 
the  Ga  re-evaporation  rate  is  correspondingly  reduced.  Often,  for  Ga-rich  growth  conditions,  we 
have  observed  the  formation  of  droplets  near  the  substrate  perimeter  but  see  none  near  the  center 
of  the  wafer.  AFM  scans  near  the  edges  of  samples  also  tend  to  display  flatter  morphology.  This 
morphological  nonuniformity  is  believed  to  result  from  the  coupled  effects  of  relatively  higher 
substrate  temperature  and  lower  effective  III/V  ratio  near  the  center  of  the  .substrate  as  compared 
to  the  edge.  The  surfaces  away  from  the  wafer  center,  shown  in  Figure  4,  are  very  flat,  with 
RMS  roughness  less  than  1  nm.  It  is  in  these  flat  regions  near  the  substrate  edge  that  the  best 
HEMT  performance  has  been  observed  by  other  groups  [  1 ,  10]. 

CONSLUSION 

The  surface  morphology  of  GaN  was  studied  by  AFM  for  a  variety  of  growth  conditions. 
For  growth  on  GaN  buffer  layers,  the  films  were  observed  to  be  N-polar  and  .strongly  dependent 


Figure  4;  AFM  scans  of  two  micron  thick  GaN  layer  grown  using  an  AIN  buffer  layer  (A)  halfway  from 
center  to  edge,  and  (B)  near  the  edge  of  the  2  in.  sapphire  wafer.  The  more  Ga-rich  conditions  toward  the 
edge  of  the  substrate  serve  to  reduce  (A)  and  ultimately  eliminate  (B)  the  large  pit  defects,  but  the  small 
pits  and  “loop”  defects  remain.  The  height  scale  is  30  nm. 


on  nW  flux  ratio.  The  flattest  surfaces  were  obtained  by  growing  as  Ga-rich  as  possible, 
although  Ga  droplets  tend  to  form  if  the  IIW  ratio  is  too  high.  Films  grown  on  AIN  buffer 
layers  were  observed  to  be  Ga-polar,  with  the  surface  morphology  strongly  dependent  on  the 
conditions  of  buffer  layer  deposition.  Near-stoichiometric  buffer  growth  conditions  appear  to 
support  the  flattest  surfaces  in  this  case,  likely  because  these  conditions  result  in  the  smoothest 
buffer  layer  interfaces.  Three  defect  types  are  typically  observed  in  GaN  films  on  AIN  buffers, 
including  large  and  small  pits  and  “loop”  defects.  It  is  possible  to  produce  surfaces  free  from 
large  pit  defects  by  growing  thicker  films  under  more  Ga-rich  conditions.  In  such  cases  the 
surface  roughness  can  be  reduced  to  less  than  1  nm. 
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ABSTRACT 

We  have  developed  a  method  to  modulate  the  strain  state  (normally  >  4  kbar,  tensile)  of 
moderately  thick  (-2  pm)  GaN  based  structures  grown  on  6H-SiC  to  a  range  0  to  -2  kbar  of  compressive 
stresses  by  introducing  a  strain-mediating  layer  (SML)  above  the  standard  high-temperature  AIN  buffer 
layer.  The  strain  characteristics  of  subsequently  deposited  nitride  layers  can  be  modulated  by  changing 
the  growth  parameters  of  the  SML  layer.  This  is  achieved  by  in-situ  techiniques  during  crystal  growth 
without  degrading  the  optical  and  structural  properties  of  the  deposited  layers. 

INTRODUCTION 

By  conventional  wisdom,  simple  structures  grown  on  AI2O3  are  in  compression,^'^  while  those 
grown  on  6H-SiC  are  in  tension. It  is  usually  assumed  for  growth  on  6H-SiC  that  compressive  lattice- 
mismatch  stresses^’"*  are  relieved  after  a  few  nanometers  of  growth^  and  tensile  thermal  mismatch 
stresses^’'*  persist  thereafter.  Optical  data  in  the  literature  also  give  the  impression  that  compressive  stress 
is  the  inevitable  result  of  growth  on  AI2O3  substrates,^’ while  the  relative  scarcity  of  data  for  GaN  on  6H- 
SiC  has  reinforced  the  impression  that  only  tensile  material  can  be  grown  on  this  substrate.^’’ 

However,  for  GaN  film/  AIN  buffer/  6H-SiC  substrate  heterostructures,  we  have  observed  a 
greater  versatility  in  achievable  residual  stresses  than  predicted  by  conventional  wisdom  or  observed  thus 
far  for  films  on  AI2O3  substrates.’^  Here  GaN  films  are  mostly  compressive  for  films  less  than  about 
0.7pm  thick,  are  tensile  up  to  about  2pm,  then  abruptly  become  less  tensile  with  stress  values  near  1  kbar 
thereafter.  Despite  this  increased  flexibility,  the  thickness  dependence  means  that  a  given  combination  of 
growth  and  material  parameters  nonetheless  dictates  a  unique  value  of  stress  in  the  overlying  film. 
However,  the  inclusion  of  a  negligibly  thin  (~375-750A)  strain  mediating  layer  (SML)  of  GaN  or  AlGaN 
between  the  AIN  buffer  layer  and  overlying  GaN  film  can  potentially  circumvent  these  trends  for 
moderately  thick  (~2pm)  GaN  layers  (normally  >4kbar,  tensile),  yielding  a  range  of  stresses  between  0 
and  -2kbar,  compressive.  Thus  the  SML,  when  used  in  conjunction  with  current  buffer  layer  technology, 
provides  even  greater  flexibility  than  the  AIN/  SiC  combination  alone.  In  fact,  it  enables  otherwise 
unachievable  combinations  of  growth  temperatures,  film  thicknesses  and  residual  stresses. 

Such  capability  is  potentially  of  interest  for  nitride  valence  band  engineering  and  device 
processing  applications.  But  these  applications  require  that  residual  stress  be  controlled  in  device  active 
regions  without  sacrificing  material  quality  or  violating  device  design  parameters.  To  demonstrate  the 
suitability  of  the  SML  approach  for  potential  device  applications,  we  report  the  interfacial  properties, 
surface  morphology,  crystalline  quality,  and  optical  properties  of  GaN  films  grown  with  SMLs  relative  to 
those  grown  without  them.  We  find  that  the  SML  has  the  capacity  to  alter  the  growth  rate  and  stress  state 
of  the  GaN  film  but  does  not  appreciably  degrade  its  optical,  structural  or  surface  properties. 
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EXPERIMENTAL  DETAII.S 


1 35  m in  GaN  1  050°C 


In-plane  residual  stresses  (o^)  were 
determined  from  the  energies  Ea,  Er,  and  Ec  of 
the  A,  B,  and  C  cxcitons  observed  in  optical 
data  obtained  with  a  single-beam  low- 
temperature  reflectometer  as  described 
previously.'^  The  samples  were  imaged  in  cross- 
section  with  a  JEOL  6400FE  field  emission 
scanning  electron  microscope  (SEM). 
Photoluminescence  (PL)  was  excited  by  the  UV 
line  (334.5  nm)  of  an  Ar*  ion  laser  and  dispersed 
using  a  0.5  m  Jobin-Yvon  monochromator  with 
a  GaAs  photomultiplier  tube.  Sample  surfaces 
were  characterized  by  a  Digital  Instruments  (DI) 
Dimension  3000  Scanned  Probe  Microscope 
(SPM)  operated  in  tapping  mode©.  X-ray  diffraction  (XRD)  was  carried  out  with  a  Philips  MRD  system 
using  the  high  resolution  optics  (triple  axis  mode). 

Four  SML  samples  were  examined  in  the  context  of  twenty-five  other  GaN  films'^  grown  by 
metal  organic  chemical  vapor  deposition  (MOCVD)''^  with  the  same  V-III  ratio  and  no  doping.  The 
structures  were  all  grown  on  6H-SiC  substrates.  All  included  a  1000  A  AIN  buffer  layer  grown  at  1 100°C 
and  were  subjected  to  the  same  rate  of  post-growth  cooling.  The  structure  of  the  four  SML-containing 
samples  is  shown  in  Fig.  1;  SML  growth  parameters  are  given  in  Table  I.  Except  for  the  presence  of  the 
SML  these  samples  are  nominally  identical  to  Sample  5,  which  does  not  have  a  SML. 


SML 


Fig.  1.  Structure,  compositions,  layer  thicknesses, 
and  growth  parameters  common  to  all  SML 
samples. 


RESULTS  &  CONCLUSIONS 


The  effect  of  the  SML  is  apparent  in  Fig.  2.  Here  film  thickness  vs.  Ea  and  is  plotted  for 
samples  with  and  without  SMLs,  represented  by  the  numbered  X's  and  filled  circles,  respectively. 
General  stress  trends  for  simple  GaN/  AIN/  6H-SiC  heterostructures,  as  described  previously,'^  are 
apparent  in  the  main  sequence  of  filled  circles. 


Table  I.  Properties  of  SMLs  and  associated  GaN  films.  Note  that  the  SML  d  is  projected  from 
known  growth  rates*  while  the  GaN  film  d  was  mea.sured  by  cross-section  SEM. 


SML  Properties 

Material 

time  at 

~d 

d 

T(°C) 

(A) 

(pm) 

1 

GaN 

2  min  1000 

375 

0.9 

2 

GaN 

6  min  1120 

450 

2.1 

3 

GaN 

4  min  1000 

750 

2.2 

4 

Alo.nGao.syN 

2  min  1000 

375 

1.2 

5 

— 

1.9 

Properties  of  Associated  GaN  Film 


Oxx 

PL 

XRD 

AFM 

(kbar) 

Linewidth 

FWHM 

Rms  Roughness 

(meV) 

(arcsec) 

(A) 

0.26 

3.56 

53 

3.95 

-1.02 

3.27 

56 

4.49 

-0.44 

4.26 

59 

6.85 

-1.98 

4.35 

59 

2.72 

4.63 

8.13 

52 

2.61 

3.49 

3.48 

> 
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X2 
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•A 

-  4 
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Fig.  2.  Ea  and  cjxx  vs.  thickness  d  for  GaN  films  on 
6H-SiC.  Points  [•]  represent  samples  without  strain 
mediating  layers  (SML);  X’s  represent  samples 
with  SMLs. 


Sample  1  has  a  GaN  SML  that  was 
grown  for  2  minutes  at  1000°C,  corresponding 
to  a  projected  layer  thickness  of  ~375A.^‘*  The 
SML/  film  interface  was  not  resolvable  with  the 
SEM  (Figs.  3a  and  b).  But  instead  we  found  a 
heavily  striated  region  above  the  1000 A  AIN 
buffer  layer — suggesting  the  possibility  of  strain 
anisotropy  in  the  (0001)  direction — that  is 
divided  by  a  crack  extending  fully  across  the 
sample.  Not  surprisingly,  this  sample  is  nearly 
relaxed. Here  =  0.26  kbar  instead  of  the 
4.63  kbar  tensile  observed  for  Sample  5.  A 
cracked  sample  is  not  ostensibly  useful  for 
device  purposes,  but  it  is  reported  because  of 
relevance  for  the  recognized  device  processing 
problem  of  lifting  nitride  epilayers  from  their 
substrates. 

Similar  layered  regions  of  differing 
contrast  are  observed  in  Sample  2  for  a  GaN 
SML  ~450A  thick,  grown  for  6  minutes  at 


1120°C.  These  regions  are  seen  in  low  and  high  magnification  in  Figs.  4a  and  b,  respectively.  However, 
instead  of  cracking,  the  film  has  a  division  into  two  light  and  dark  bands  on  the  low  magnification  scale. 


in  addition  to  the  striations  seen  at  high  magnification.  This  film  is  slightly  compressive,  with  Qxx  =  -1.02 
kbar.  Surprisingly,  SML  parameters  like  these  may  prove  to  be  useful  if  they  can  indeed  create  strain 
anisotropies  in  the  (0001)  direction  without  cracking  the  overlying  GaN  film.  The  introduction  of  strain 


anisotropies  perpendicular  to  the  direction  of  growth  is  currently  thought  to  be  the  best  option  for 
optimizing  nitride  valence  band  configurations  for  minimal  laser  threshold  currents.’^ 


A  simple  change  in  SML  growth  parameters  eliminates  this  c-plane  anisotropy.  If  the  SML  of 
Sample  1  is  grown  for  4  min  at  lOOO'^C  instead  of  2  min,  the  resulting  film  (Sample  3;  Fig.  4c)  is  without 
resolvable  cracks  or  c-plane  anisotropy  at  either  high  or  low  magnification  and  becomes  slightly 
compressive.  If  the  SML  growth  parameters  of  Sample  1  are  reproduced  with  Alo.13Gao.87N  instead  of 
GaN,  the  resulting  film  (Sample  4;  Fig.  4d)  is  also  free  from  cracks  and  c-plane  anisotropy.  But  the  axx=- 
1.98  kbar  achieved  here  is  comparable  to  compressive  stresses  obtained  on  AI2O3  substrates.’^  These  can 
be  contrasted  to  the  interfacial  properties  of  Sample  5,  shown  in  Fig.  4e.  Without  the  SML  to  “getter”  the 
residual  stress,  the  film  is  not  only  the  most  tensile  in  the  set,  but  it  also  suffers  from  cracks  distributed 
throughout  the  film,  which  precludes  any  useful  removal  of  the  epilayer  from  the  substrate. 


Figs.  3a  and  b.  Lower  magnification  SEM  micrograph  of  Sample  1,  left.  Right  shows 
high  magnification  view  of  the  buffer  layer/  SML/  overlying  GaN  film  interfaces  for 
the  same  sample. 


Fig.  4.  (a)  Low  magnification  view  of 
Sample  2  (with  SML);  (b)  Buffer 
layer/  film  interface  at  high 
magnification  of  the  Sample  2;  (c) 
Low  magnification  view  of  Sample  3 
(with  SML);  (d)  Low  magnification 
view  of  Sample  4  (with  SML);  (e) 
Low  magnification  view  of  Sample  5 
(without  SML). 

e) 


We  also  find  that  growth  of  the  overlying  GaN  film  for  135  minutes  at  1050°C  does  not  always 
result  in  the  expected’'^  2)j,m  thickness  for  this  layer  if  an  SML  is  used.  Sample  1  has  a  total  thickness  of 
only  0.97pm,  while  Sample  4  is  only  1 .2pm  thick.  Both  samples  have  SMLs  with  projected  thicknesses 
<400A.  Samples  2  and  3  are  by  contrast  the  expected  thickness,  and  their  SMLs  are  >400A.  To  explain 
this  behavior  we  must  consider  the  anticipated  morphology  of  the  SML.  Initial  investigations  of  GaN 
growth  on  the  high-temperature  AIN  buffer  layer  determined  that  growth  was  layer-by-layer  only  after  an 
initial  coalescence  of  two-dimensional,  flat-topped  islands  that  occurs  after  ~400A  of  growth.'^  It  is 
plausible  that  the  samples  with  reduced  growth  rates  had  SMLs  that  were  not  fully  planarized  and  that 
growth  was  in  fact  occurring  on  non-(OOOl)  planes.  Growth  on  such  planes  occurs  at  significantly  reduced 
rates,  due  in  theory  to  reduced  Ga  incorporation  relative  to  that  for  the  (0001)  direction.’^  The  degree  of 
reduction  of  growth  rate  would  then  depend  on  the  degree  of  coalescence  of  the  thin  SML. 


Fig,  5.  SPM  micrograph  of  the  surface 
of  Sample  4  (with  SML).  Image  rms 
roughness  was  2.7 A;  rms  roughness  in 
boxed  region  is  0.1 5 A. 


Fig.  6.  SPM  micrograph  of  the  surface 
of  Sample  5  (without  SML).  Image  rms 
roughness  was  2.61  A;  rms  roughness 
in  boxed  region  is  1.48A. 


By  contrast  how  the  SML  modifies  the  sample  stress  is  not  straightforward  since  the  relaxation 
phenomena  in  GaN/  AIN/  6H-SiC  heterostructures  are  not  well-understood.'^  Neglecting  microstructural 
explanations,  the  “stress-trend”  behavior  of  Fig.  2  for  samples  without  SMLs  is  consistent  with  a  gradual 
relaxation  of  pseudomorphic  growth  and  predominance  of  tensile  stresses  upon  cooling  with  increasing 
film  thickness  described  in  Ref.  13.  We  have  hypothesized  that  the  specific  thicknesses  at  which  these 
processes  occur  vary  with  substrate  orientation  and  growth  temperature,  but  it  remains  unclear  whether 
the  SML  merely  modifies  the  thickness  at  which  these  relaxation  processes  occur  or  circumvents  them 
altogether.  Nonetheless — and  despite  such  marked  differences  in  the  interfacial  character  of  the  films — 
our  film  characterizations  indicate  that  there  is  very  little  variation  in  the  optical  quality,  surface 
morphology  and  structure  of  GaN  films  grown  on  SMLs.  SPM  measurements  yielded  root  mean  square 
(rms)  roughnesses  on  the  order  of  3  to  7  A,  comparable  to  any  of  the  smoothest  films  in  Fig.  2.'®  Fig.  5 
shows  the  morphology  of  a  representative  SML-containing  sample  (Sample  4),  and  it  is  remarkably 
similar  to  the  morphology  of  Sample  5,  shown  in  Fig.  6.  Representative  broadband  PL  spectrum  of  typical 


MA) 


Fig.  7.  Representative  broadband  PL  spectrum  of  SML  containing  samples.  (Sample  4) 


quality  is  shown  in  Fig.  7;  wc  sec  that  the  spectra  are  dominated  by  (predominantly  bound)  excitonic 
emission  with  relatively  weak  yellow-band  emission,  typical  of  good-quality,  strained  MOCVD-grown 
films.  The  linewidth  of  the  excitonic  emission  ranged  from  3  to  5  meV,  also  indicative  of  good  material 
quality.  Linewidth  variations  occurred  as  expected  with  residual  stress.  XRD  0-20  full  width  at  half¬ 
maximum  (FWHM)  intensity  values  were  in  the  53-59  arcsec  range,  and,  like  the  PL  linewidths,  arc  not 
significantly  different  from  the  FWHM  obtained  for  Sample  5  (accounting  for  variations  in  residual 
stres.s).  Thus  the  SML  has  the  capacity  to  alter  the  growth  rate  and  stress  state  of  a  GaN  film,  but  does  not 
appreciably  degrade  its  optical,  structural  or  surface  properties. 
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ABSTRACT 

Boron  was  incorporated  into  GaN  in  order  to  determine  its  limits  of  solubility,  its  ability  of 
reducing  the  lattice  constant  mismatch  with  6H-SiC,  as  well  as  its  effects  on  the  structural  and 
optical  properties  of  GaN  epilayers.  BxGai-xN  films  were  deposited  on  6H-SiC  (0001)  substrates 
at  950  °C  by  low  pressure  MOVPE  using  diborane,  trimethylgallium,  and  ammonia  as 
precursors.  A  single  phase  alloy  with  x=0.015  was  successfully  produced  at  a  gas  reactant  B/Ga 
ratio  of  0.005.  Phase  separation  into  pure  GaN  and  BxGaj.xN  alloy  with  x=0.30  was  deposited  for 
a  B/Ga  reactant  ratio  of  0.01.  This  is  the  highest  B  fraction  of  the  wurtzite  structure  alloy  ever 
reported.  For  B/Ga  ratio  >  0.02,  no  BxGai.xN  was  formed,  and  the  solid  solution  contained  two 
phases:  wurtzite  GaN  and  BN  based  on  the  results  of  Auger  and  x-ray  diffraction.  The  band  edge 
emission  of  BxGa^xN  varied  from  3.451  eV  for  x=0  with  FWHM  of  39.2  meV  to  3.465  eV  for 
x=0.015  with  FWHM  of  35.1  meV.  The  narrower  FWHM  indicated  that  the  quality  of  GaN 
epilayer  was  improved  with  small  amount  of  boron  incorporation. 

INTRODUCTION 

One  of  the  most  limiting  aspects  of  GaN  is  its  relatively  poor  crystal  quality,  due  to  the 
necessity  of  heteroepitaxy.  Sapphire  (0001)  and  6H-SiC  (0001)  are  the  most  common  substrates 
for  GaN  epitaxy,  but  both  suffer  from  large  lattice  constant  mismatches,  16%  and  3.5% 
respectively.  It  may  be  possible  to  reduce  or  eliminate  the  lattice  constant  mismatch  by  adding 
boron  to  GaN,  thereby  forming  a  BxGai-xN  alloy.  However,  the  solubility  of  boron  in  GaN  under 
typical  growth  conditions  (by  either  MOVPE  or  MBE)  may  be  limited,  since  hexagonal  BN 
(similar  in  structure  to  graphite)  is  the  stable  structure  at  low  pressure.  The  wurtzite  structure,  the 
most  stable  structure  for  GaN,  is  only  a  metastable  structure  for  BN;  it  is  normally  produced  by 
shock-compression.  This  disparity  of  crystal  structures  between  GaN  and  BN  probably  results  in 
a  very  low  mutual  solubility. 

Several  groups  attempted  to  form  epitaxial  BxGai.xN  alloys  using  sapphire  as  the  substrate. 
A.Y.  Polyakov  et  al  reported  that  the  highest  solubility  of  boron  in  GaN  was  1%  at  1000  °C  by 
MOVPE  [1].  Vezin  et  al  produced  a  single  phase  of  BxGai.xN  with  x  up  to  4.56%  by  MBE  [2]. 
In  the  present  work,  6H-SiC  (0001)  was  used  as  a  substrate,  since  less  boron  incorporation 
(x=0.17)  would  be  necessary  to  eliminate  the  lattice  constant  mismatch.  The  smaller  lattice 
constant  mismatch  may  be  important  in  enhancing  the  boron  solubility  via  epitaxial  stabilization; 
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the  minimization  of  the  overall  free  energy  by  maintaining  an  epitaxial  structure  by  incorporating 
an  element  (boron  in  this  case)  at  a  concentration  which  exceeds  the  solubility  limit  [3]. 

Another  motivation  for  developing  B^Gai  xN  alloys  is  the  possibility  of  fabricating  BGaN- 
based  semiconductor  devices  operating  in  the  UV  region.  For  this  application,  it  is  important  to 
know  how  the  energy  band  gap  of  BxGai.xN  changes  with  B  content.  Honda  et  a!  predicted  the 
bandgap  energy  of  BxGa^xN  increa.sed  with  boron  composition  based  on  Harrison’s  theory 
assuming  wurtzite  BN  in  GaN  [4]. 

In  this  paper,  BxGaj.xN  films  were  successfully  grown  on  6H-SiC  substrates  by  MOVPE. 
The  effects  of  the  gas  phase  B/Ga  ratio  on  the  solid  film’s  growth  rate,  surface  morphology,  and 
structural  were  studied.  Also,  the  bandgap  energy  of  BxGai-xN  was  determined  from 
photoluminescence  measurements. 

EXPERIMENT 

BxGai-xN  films  were  deposited  on  the  Si  face  of  on-axis  6H-SiC  (0001)  sub.strates  in  a 
vertical  reactor  by  MOVPE  at  76  Torr.  The  6H-SiC  substrates  were  ultrasonically  degreased  in 
sequential  baths  of  trichloroethylene,  acetone  and  methanol,  rinsed  in  deionized  water,  then 
dipped  into  a  10  %  HF  solution  to  remove  the  native  oxide  layer.  Prior  to  growth,  the  6H-SiC 
substrates  were  annealed  in  hydrogen  at  1000  °C  for  10  minutes.  Trimethylgallium  (TMG)  and 
ammonia  (NH3)  were  Ga  and  N  source  gases,  and  hydrogen  was  the  carrier  gas.  The  boron 
precursor  was  0.01%  diborane  (B2H6)  diluted  in  H2.  Diborane  and  ammonia  have  been 
commonly  used  to  produce  BN  [5].  The  B2Hf,  and  NH3  were  separately  introduced  into  the 
reactor  and  mixed  just  above  the  susceptor  to  avoid  their  parasitic  gas  pha.se  reaction  at  room 
temperature  [6].  A  GaN  buffer  layer  with  20-30  nm  thickness  was  grown  at  565  °C  and  ramped 
to  950  °C  for  crystallization.  This  buffer  layer  was  essential  for  wetting  the  6H-SiC  substrates  for 
later  continuous  film  growth.  The  growth  temperature  was  increased  to  950  °C  for  the  growth  of 
BxGai-xN.  The  TMG  and  NH3  were  fixed  at  18  pmoi/min  and  1.5  slm,  respectively.  The  B/Ga 
ratio  in  the  gas  phase  was  varied  from  0  to  0.2. 

The  BxGai-xN  composition  was  determined  using  a  PHI  660  scanning  Auger  microprobe 
(SAM)  after  bombarding  the  surface  with  argon  ions  for  several  seconds  to  remove  surface 
contamination.  The  crystal  structure  of  BxGai.xN  was  examined  by  X-ray  diffraction  (XRD)  and 
its  quality  was  obtained  from  the  full  width  at  half  maximum  (FWHM)  of  x-ray  rocking  curves. 

The  surface  morphology  of  the  samples  was  investigated  by  scanning  electron  microscopy 
(SEM)  and  atomic  force  microscopy  (AFM).  The  thickness  of  fdms  was  measured  by  cross- 
sectional  SEM,  but  for  very  thin  layers,  the  growth  rate  was  estimated  from  the  argon-ion 
sputtering  rate  during  Auger  measurements.  Photoluminescence  (PL)  measurements  were 
performed  at  10  K  to  study  the  optical  properties  of  the  films  and  determine  the  band  edge 
emission  of  the  samples. 

RESULTS  AND  DISCUSSION 

The  influence  of  the  B/Ga  ratio  in  the  gas  phase  on  the  BxGai  ^N  growth  rate  is  plotted  in 
Fig.  1.  The  growth  rate  sharply  decreased  from  1.8  to  0.4  pm/hr  as  the  B/Ga  was  increased  from 
0.01  to  0.02;  otherwise,  the  growth  rate  was  fairly  constant  for  B/Ga  ratios  in  the  0-0.1  and  0.02- 
0.1  ranges.  For  B/Ga  ratio  higher  than  0.2,  the  growth  rate  of  BxGa^xN  dropped  to  zero  and  only 
BN  layer  was  produced.  Apparently,  higher  concentration  of  diborane  in  the  gas  phase  prevented 


B/Ga 

Figure  L  B,Ga,.^  growth  cute  veirsus  B/Ga  ntio. 


the  formation  of  BxGai.xN,  but  favored  pure  BN  growth.  The  drop-off  in  the  growth  rate  is 
attributed  to  the  growth  of  different  structure  in  the  deposited  films;  highly-faceted  big  crystals 
were  produced  at  B/Ga  <0.01,  while  tiny  irregular  shape  particles  with  very  smooth  surface  were 
observed  as  B/Ga  ratio  was  higher  than  0.02. 

Figures  2(a)  and  2(b)  show  SEM  images  of  BxGai-xN  with  B/Ga  ratio  of  0.005  and  0.01, 
respectively.  Well-faceted  crystals  are  seen  in  both  samples.  However,  the  crystal  size  and  size 
distribution  in  Fig.  2(a)  are  much  smaller  than  in  Fig  2(b).  As  shown  in  Fig.  2(b),  the  surface  of 
the  film  contained  the  matrix  film  and  two  distinct  shapes:  well  (0001)  oriented  epicrystals  and 
agglomerated  crystals  on  top  of  the  surface.  Some  of  the  agglomerated  crystals  also  showed  a 
hexagonal  structure,  but  the  [0001]  growth  direction  was  roughly  parallel  to  the  substrate  surface. 
These  features  strongly  suggest  that  phase  separation  occurred  in  the  film  deposited  at 
B/Ga=0.01,  while  single  crystals  of  BxGai.xN  were  formed  at  B/Ga=0.005. 


Figure  2.  SEM  images  of  BxGa^xN  films  deposited  at  different  B/Ga  ratios,  (a)  B/Ga=0.005; 
(b)  B/Ga=0.01. 


The  Auger  spectra  of  B^Ga^xN  grown  at  different  B/Ga  ratios  are  shown  in  Figs.  3  and  4. 
The  spectra  shown  in  Fig.  3  is  the  film  deposited  at  B/Ga=0.01.  As  described  in  the  SEM  section, 
this  film  was  composed  of  hexagonal  crystals,  agglomerated  crystals,  and  matrix  material.  The 
relative  atomic  concentrations  of  the  three  element-  B,  Ga,  and  N-  are  shown  above  each 
spectrum,  which  were  calculated  using  the  sensitivity  factor  of  0.1 1,  0.22  and  0.17  for  B,  Ga,  and 
N,  respectively.  The  main  gallium,  nitrogen,  and  boron  peaks  occur  at  1067,  384  and  179  eV, 
respectively.  The  matrix  material  was  a  B-rich  phase  with  relatively  high  concentration  of  boron 
(Fig,  3(a)).  The  agglomerated  crystals  were  BxGai-xN  alloy  (Fig.  3(b))  and  the  well-orientated 
hexagonal  crystals  just  pure  GaN  (Fig.  3(c)).  These  results  confirmed  that  the  phase  separation 
occurred  in  the  film  grown  at  B/Ga=0.01.  The  oxygen  and  carbon  peaks  were  detected  in  all 
samples  but  decreased  with  the  depth  away  from  the  surface.  Figure  4  displays  the  Auger  spectra 
of  the  films  deposited  at  higher  B/Ga  ratio.  The  boron  concentration  in  the  samples  increased 
with  increasing  B/Ga  ratio.  However,  the  Ga  peak  disappeared  and  only  BN  was  produced  at 
B/Ga=0.2. 

Figure  5  shows  0-20  XRD  spectra  of  films  with  B/Ga  of  0.005,  0.01  and  0.05.  The  BxGai.xN 
alloys  were  detected  and  the  (0002)  peak  .shifted  toward  the  SiC  (0006)  reflection  in  Figs.  5(a) 
and  5(b),  which  indicated  the  c  lattice  parameter  was  reduced  with  the  increase  of  boron  in  GaN. 
The  concentration  of  boron  was  0.015  and  0.30  in  Fig.  5(a)  and  Fig.  5(b),  respectively,  which 
was  determined  by  the  relative  shift  of  the  BxGaj.xN  peak  with  respect  to  the  GaN  (0002)  peak 
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Figure  3.  Auger  spectra  of  BxGa^xN  grown  Figure  4.  Auger  spectra  of  the  samples  grown 
at  B/Ga=0.01 .  at  B/Ga  ratio  of  (a)  0,05;  (b)  0. 1 ;  (c)  0.2. 


applying  Vegard’s  law.  The  sample  grown  at  B/Ga=0.005  was  a  single  crystal  alloy  of 
Bo.015Gao.985N  with  wurtzite  structure.  However,  the  sample  produced  at  B/Ga=0.01  showed  a 
phase  separation  of  GaN  and  Bo.3Gao.7N.  When  the  B/Ga  ratio  was  increased  to  0.05,  no  BxGai. 
xN  peak  was  detected  and  only  a  broad  and  low  intensity  of  GaN  (0002)  peak  was  observed.  The 
decrease  in  x-ray  peak  density  and  increase  in  peak  width  shown  in  Fig.  5c  indicate  that  the 
quality  of  film  became  poor  at  high  B/Ga  ratio. 

The  PL  spectra  measured  at  10  K  for  the  films  with  B/Ga  ratios  of  0,  0,005,  0.05  and  0.1  are 
given  in  Fig.  6.  The  band  edge  emission  of  pure  GaN  shown  in  Fig.  6(a)  was  3.451  eV  with 
FWHM  of  39.2  meV,  which  was  ascribed  to  the  neutral  donor  bound  exciton  recombination 
labeled  L.  The  I2  line  increased  to  3.465  eV  with  FWHM  of  35.1  meV  when  the  B/Ga  ratio  was 
equal  to  0.005.  Two  weak  peak  transitions  at  3.267  and  3.178  eV  shown  in  Fig.  6(b)  were 
attributed  to  donor-acceptor  (D-A  pair)  recombination.  The  narrower  FWHM  of  BxGai-xN  at 
B/Ga  ratio  of  0.005  (x=0.015)  compared  with  B/Ga=0  (pure  GaN  epilayer)  suggests  that  the 
quality  of  GaN  epilayer  was  improved  with  small  amount  of  boron  incorporation.  It  seems  that 
the  band  edge  transition  of  BxGai-xN  shifted  to  high  energy  with  increasing  B/Ga  ratio.  However, 
when  the  B/Ga  ratio  was  increased  to  0.05,  two  peaks  appeared  at  3.358  eV  and  3.323  eV  as 
shown  in  Fig.  6(c).  The  emission  peaks  at  3.358  eV  and  3.323  eV  were  possibly  due  to  band  edge 
transitions  and  impurity  related  transitions,  respectively.  As  the  B/Ga  ratio  increased  to  0.1,  the 
PL  spectrum  shows  a  much  broader  emission  band,  indicating  poor  crystalline  quality  at  high 
B/Ga  ratio. 
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Figure  5.  XRD  0-26  scans  of  films  deposited 
at  different  B/Ga  ratios,  (a)  B/Ga=0.005; 

(b)  B/Ga=0.01;  (c)  B/Ga=0.05. 


Figure  6.  PL  spectra  of  films  measured  at 
10  K  at  different  B/Ga  ratios,  (a)  B/Ga=0; 

(b)  B/Ga=0.005;  (c)  B/Ga=0.05;  (d)  B/Ga=0.1. 


CONCLUSIONS 


We  have  grown  B^Gai.xN  films  on  6H-SiC  (0001)  substrates  at  950  °C  by  MOVPE.  These 
studies  show  that  single  phase,  single  crystal  of  BxGai.xN  can  be  produced  at  B/Ga  ratio  of  0.005. 
Phase  separation  occurred  in  the  films  when  the  B/Ga  ratio  was  above  0.01.  The  boron 
concentration  in  the  solid  phase  was  as  high  as  30%  reported  for  the  first  time.  The  quality  of  the 
GaN  epilayer  can  be  improved  with  small  amount  of  boron  addition. 
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ABSTRACT 

We  report  the  morphological  and  compositional  characteristics  of  Er-doped  GaN  grown 
by  MBE  on  Si(lll)  substrates  and  their  effect  on  optical  properties.  The  GaN  was  grown  by 
molecular  beam  epitaxy  using  solid  sources  (for  Ga  and  Er)  and  a  plasma  gas  source  for  N^.  The 
films  emit  by  photoexcitation  in  the  visible  and  near  infrared  wavelengths  from  the  Er  atomic 
levels.  The  morphology  of  the  GaN:Er  films  was  examined  by  AFM.  Composition  was 
determined  by  SIMS  depth  profiling  that  revealed  a  large  Er  concentration  at  4.5x10^’  atoms/cm^ 
accompanied  by  a  high  oxygen  impurity  concentration. 

INTRODUCTION 

Interest  in  GaN  for  optoelectronic  devices  has  taken  center  stage  recently  since  the 
fabrication  of  blue  lasers  by  several  research  groups.  These  and  other  optical  nitride  devices  are 
based  on  varying  Al,  In,  and  Ga  composition  in  heterostructures  to  achieve  wavelength-specific 
emission.  Rare  earth  (RE)  elements  are  also  known  to  sharply  emit  light  at  specific  wavelengths 
independent  of  the  host,  which  is  due  to  atomic  transitions.  As  a  result,  devices  based  on  RE 
materials  should  be  easier  to  fabricate  and  require  less  materials  or  device  design  manipulation. 

Rare  earth  elements  have  found  wide  use  in  a  variety  of  light-emitting  applications,  from 
RE-doped  fibers  for  infrared  transmission  to  upconversion  lasers  to  the  phosphors  found  in  CRT 
tubes.  In  most  cases,  the  RE  emits  light  at  wavelengths  specific  to  the  atomic  transitions 
between  its  4f  energy  levels.  For  years,  study  of  REs  incorporated  into  a  semiconductor  matrix 
proceeded  because  of  the  possibility  that  carrier  injection  from  the  host  could  provide  the  energy 
necessary  to  stimulate  emission.  In  addition,  semiconductors  can  be  easily  integrated  into 
existing  electronics.  Er  is  a  rare  earth  well  known'  for  its  near-infrared  (IR)  emission  (1.5  pm) 
which  corresponds  to  the  optical  fiber  loss  minimum.  Although  other  Er  atomic  levels  exist, 
transitions  with  photonic  emission  from  these  states  are  normally  observed  only  in  glass  hosts. 
Typically,  the  IR  transitions  seen  from  RE  elements  represent  the  lowest  energy  transition 
possible  between  4f  levels.  Er  incorporated  into  or  GaAs®’^*'"  has  been  the  most  commonly 
studied  system,  with  its  characteristic  emission  only  well  documented  at  infrared  wavelengths. 

Recently,  we  have  reported"'"  '^  '^  the  successful  in-situ  incorporation  of  Er  into  GaN  by 
molecular  beam  epitaxy  (MBE)  on  both  sapphire  and  silicon,  which  produces  room  temperature 
visible  and  IR  emission  by  both  photoluminescence  (PL)  and  electroluminescence  (EL).  We  also 
have  reported'^*  on  Pr-doped  GaN  grown  on  Si  (1 1 1)  substrates  and  the  resulting  novel  visible  red 
emission  at  650  nm  by  EL  and  PL,  not  previously  observed  outside  of  glass  hosts. 
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Spectroscopically,  these  specific  RE  atomic  levels  in  the  visible  region  for  Pr'^  (’P,j)  and  Er^^ 
are  both  known  to  have  high  likelihood  of  transition''  but,  for  reasons  not  yet  clear, 
they  are  not  observed  when  doped  into  other  semiconductor  hosts.  The  only  previously  reported 
system in  which  RE-doped  semiconductors  emit  in  the  visible  is  ZnSe:Er. 

EXPERIMENTAL 


We  have  grown  in  situ-doped  GaN:Er  on  a  variety  of  substrates  (A1,0,,  Si,  6H-SiC, 
HVPE  GaN)  by  solid  source  and  RF-assisted  molecular  beam  epitaxy  (MBEy  The  Riber 
MBE32  system  used  for  growth  has  been  described  previously""'.  The  samples  were  pretreated 
by  cleaning  in  acetone,  methanol  and  deionized  water  before  insertion  into  the  loadlock.  They 
were  subsequently  outgassed  at  ~950"C  before  growth.  During  growth,  the  Ga  cell  temperature 
was  kept  constant  for  a  beam  equivalent  pressure  of  ~8.2  x  10^  Torr.  The  rf-plasma  source  was 
kept  constant  at  400W  with  a  flow  rate  of  1.5  seem,  corresponding  to  a  chamber  pressure  of 
mid- 1  o''  Torr.  The  growth  temperature  was  varied  from  750-950‘’C  and  the  Er  cell  temperature 
was  maintained  at  1 1 00'’C. 

For  this  paper,  we  have  studied  and  characterized  the  GaNiEr  films  grown  on  Si  ( 1 1 1 )  for 
their  optical  and  compositional  properties.  The  optical  properties  were  characterized  by 
photoluminescence  (from  UV  to  IR)  at  room  temperature  using  a  HeCd  laser  (325  nm). 
Structural  properties  were  examined  based  on  morphology  and  composition.  Standard  surface 
techniques  were  utilized  for  morphology  and  composition  was  determined  by  secondary  ion 
mass  spectrometry  (SIMS). 


RESULTS  AND  DISCUSSION 


Optical 


’  '  '  '  1  '  '  '  '  1  '  '  '  '  1  '  '  ' 

•  GaN:Er  Films 

HeCd:  325  nm 

Roam 

4t2n3  ^  ^  ^ 

U:: 

A 

HVPE  GaN 

All  the  samples  emit, 
regardless  of  substrate,  at  visible 
(green)  and  IR  wavelengths 
corresponding  to  Er  inner  shell 
transitions.  The  green  emission 
shown  in  Fig.  1  at  537  and  558  nm 
from  the  'Hi,/,  and  the  levels, 
respectively,  is  quite  intense  at  room 
temperature.  In  addition  to  the  Er^^ 
spectral  lines,  the  scans  also 
contained  traces  of  GaN  band  edge 
emission  near  370  nm  and  a  broad 
background  peaking  near  -460  nm. 

The  general  trend  of  the  visible  and 
IR  emission  lines  vs.  substrate 
growth  temperature  is  shown  in  Fig. 

2.  The  visible  537  and  558  nm  lines 
increase  with  growth  temperature  up 
to  a  certain  cutoff  after  which 

emission  is  quenched.  The  open  symbols  represent  one  growth  experiment  in  which  the  buffer 
layer  was  altered  in  an  attempt  to  optimize  conditions.  Generally,  the  IR  and  the  lines  have 
opposite  trends.  This  could  be  explained  by  visualizing'"  the  Er^^  energy  level  diagram.  Carriers 
transferred  from  the  GaN  to  the  Er  atoms  cascade  non-radiatively  until  they  reach  the  and 
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Figure  1:  Visible  PL  spectrum  of  Er-doped  GaN  fdms. 

The  PL  is  performed  at  room  temperature  with 
the  He-Cd  laser  line  at  325  nm. 


states.  At  this  point,  two 
competitive  processes  occur:  (a)  de¬ 
excitation  directly  to  the  '‘1,5^  ground 
state  or  (b)  cascading  to  the  lowest 
excited  state  followed  by  a 

radiative  (at  1.54  pm)  drop  to  the 
ground  state.  Carriers  that  radiate 
from  the  higher  energy  states  decrease 
the  number  available  for  the  state. 
This  trend  can  also  be  seen  in  the 
buffer  layer  comparison  at  150°C 
growth  temperature:  the  increase  in 
visible  line  intensity  is  accompanied 
by  a  decrease  in  IR  emission. 

Surface 

Surface  images  of  the  GaN 
films  were  taken  by  scanning  electron 
microscopy  (SEM)  and  atomic  force 


Substrate  Growth  Temperature  (  oc) 

Figure  2:  Integrated  PL  intensity  of  Er  emission  from 
samples  grown  on  Si  as  a  function  of  growth 
temperature.  The  open  symbols  represent  a 
different  buffer  layer. 


Figure  3:  AFM  images  of  the  GaN:Er  films  on  Si  (1 1 1).  Growth  temperature  was  (a)  750°C 
and  (b)  950^.  Er  cell  temperature  was  1  lOO'C. 


microscopy  (AFM).  The  SEM  images  were  reported  previously".  AFM  surface  images  of  two 
GaNrEr  films  grown  at  TSO^C  and  950''C  are  shown  in  Fig.  3.  The  average  roughness  (R^)  of  film 
surfaces  for  GaN  grown  at  various  temperatures  is  shown  in  Fig.  4.  All  scans  were  taken  at 
random  points  from  the  center  of  the  2-inch  wafers.  The  overall  trend  indicates  that  a  growth 
temperature  of  900°C  leads  to  a  maximum  in  surface  roughness.  GaN:Er  films  grown  at  800”C 
or  1050"C  exhibit  an  R^  one  order  of  magnitude  lower.  Roughness  appears  to  vary  linearly  with 
the  Er  concentration  measured  in  GaN  by  SIMS  (see  Fig.  7).  This  corresponds  well  with  our 
findings  on  sapphire^”. 


Composition 

A  representative  SIMS 
depth  profile  of  the  Er 
concentration  of  a  GaN:Er  film 
on  Si  is  shown  in  Fig.  5.  At  this 
substrate  temperature  of  75(TC, 
the  Er  incorporation  profile  is 
very  uniform  at  a  concentration  of 
~6xl0^'’  atoms/cm\  corresponding 
to  -0.7  at.%  throughout  the  film. 

For  this  set  of  experiments,  the 
maximum  Er  concentration 
achieved  was  5  at.%  at  a  growth 
temperature  of  900"C.  The 
unintentional  impurity 

concentrations  of  Si  and  O  are 
shown  in  Fig.  6.  The  amount  of 
Si  observed  in  the  GaN  film  is 
typically  at  the  background  limit 
of  the  measurement.  However, 
there  is  evidence  that  the  Si  is  diffusing  into  the  GaN  from  the  sub.strate.  The  maximum  such 
diffusion  measured  is  1.2  pm  into  the  film.  The  level  of  oxygen  incorporated  into  the  film  is 
relatively  high.  The  profile  is  also  not  uniform,  which  indicates  a  buildup  of  oxygen  in  the 
chamber  during  growth.  The  concentration  of  oxygen  tracks  the  amount  of  Er  as  seen  in  Fig.  7. 

At  higher  growth  temperatures 
(>900'’C),  the  amount  of  Er 
drops  even  though  the  cell 
temperature  remained  constant 
at  1100"C.  This  indicates  that 
oxygen  can  incorporate  more 
readily  at  higher  temperatures 
and  that  some  thermal  or  surface 
kinetic  process  freezes  out  Er 
atoms.  The  solid  source  Er 
material  is  99.9%  pure  and  does 
contain  trace  amounts  of  oxygen 
and  other  impurities.  This 
requires  further  investigation 
since  oxygen  has  a  known  role 
in  enhanced  IR  emission^'^”^"'’ 
from  Er  in  other 
semiconductors. 


Depth  (pm) 

Figure  5:  SIMS  depth  profile  of  Er  concentration  from  film 
grown  on  Si.  Er  cell  =  1  lOOT. 
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Figure  4:  Average  roughness  (RJ  vs.  substrate  growth 

temperature  by  AFM  of  GaN:Er  films  on  Si  (11 1 ). 


SUMMARY 

In  summary,  we  have  reported  the  optical,  morphological,  and  compositional 
characteristics  of  Er-doped  GaN  grown  by  MBE  on  Si  (111)  substrates.  We  observed  novel 


green  emission  from  Er  in  GaN  and  demonstrated  that  the  occurrence  of  this  effect  is 
independent  of  the  substrate.  Corresponding  structural  properties  of  the  films  on  Si  were 
examined  by  AFM. 


Composition  data  provided  by 
SIMS  demonstrated  that  we 
have  incorporated  a  high 
concentration  (5  at.%)  of  Er  in 
GaN  and  revealed  a  relatively 
high  level  of  unintentional 
oxygen  doping.  Since 
emission  from  these  films  is 
already  visible  under  ambient 
light,  we  expect  that  the 
intensity  can  be  further 
optimized  by  choice  of 
substrate,  growth  temperature, 
and  Er  flux. 

This  work  was 
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Figure  6:  SIMS  impurity  depth  profile  for  O  and  Si.  Er  cell  = 
1100“C. 
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Figure  7:  Concentration  of  Er  and  O  as  a  function  of  growth 
temperature.  The  open  symbols  represent  a  different 
buffer  layer.  Er  cell  =  1 100°C. 
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ABSTRACT 

Selective  area  growth  (SAG)  and  epitaxial  lateral  overgrowth  (ELO)  of  GaN  using 
tungsten  (W)  mask  by  metalorganic  vapor  phase  epitaxy  (MOVPE)  and  hydride  vapor  phase 
epitaxy  (HVPE)  have  been  studied.  The  selectivity  of  the  GaN  growth  on  the  W  mask  as  well  as 
the  Si02  mask  is  excellent  for  both  MOVPE  and  HVPE.  The  ELO-GaN  layers  are  successfully 
obtained  by  HVPE  on  the  stripe  patterns  along  the  <  1 1 00  >  crystal  axis  with  the  W  mask  as 
well  as  the  SiOz  mask.  There  are  no  voids  between  the  Si02  mask  and  the  overgrown  GaN  layer, 
while  there  are  triangular  voids  between  the  W  mask  and  the  overgrown  layer.  The  surface  of 
the  ELO-GaN  layer  is  quite  uniform  for  both  mask  materials.  In  the  case  of  MOVPE,  the 
structures  of  ELO  layers  on  the  W  mask  are  the  same  as  those  on  the  Si02  mask  for  the 
<  1 1 20  >  and  <  1 TOO  >  stripe  patterns.  No  voids  are  observed  between  the  W  or  Si02  mask  and 
the  overgrown  GaN  layer  by  using  MOVPE. 

INTRODUCTION 

Wide  band  gap  GaN  and  related  nitrides  have  shown  potential  use  in  light  emitting 
diodes  (LEDs)  and  laser  diodes  (LDs)  in  green  to  blue  light  regions  [1,2].  These  materials  have 
also  shown  usefulness  in  electronic  devices  as  an  AlGaN/GaN  heterostructure  field  effect 
transistors  (HFETs)  [3,4].  The  HFET  structures  have  received  interest  because  of  the  high 
performance  with  a  high  output  power  in  microwave  frequencies.  The  static  induction  transistors 
(SITs)  also  have  a  possibility  for  the  power  device  at  microwaves  and  have  been  expected  to 
show  ultimate  performance  at  high  temperatures  because  of  no  saturation  of  the  drain  current  and 
the  negative  temperature  coefficient  of  the  leakage  current  [51.  For  the  past  decades,  various 
efforts  have  been  done  to  realize  power  devices  at  high  frequencies.  One  of  the  main  difficulties 
have  been  on  the  formation  of  high  quality  metal-semiconductor  contact  with  an  embedded 
structure. 

Selective  area  growth  (SAG)  and  epitaxial  lateral  overgrowth  (ELO)  of  GaN  has 
attracted  much  attention  in  the  fabrication  of  optical  and  electrical  devices  with  high 
performance  [6,7],  Nishinaga  et  al.  developed  the  idea  of  the  SAG/ELO  technique  further  and 
named  this  technique  micro-channel  epitaxy  (MCE),  that  the  lateral  overgrown  region  on  the 
mask  will  be  free  from  dislocations  which  might  be  originated  at  the  hetero-interface  [8], 
Recently,  Sakai  et  Matsushima  et  fl/.[10]  and  Nam  et  a/.fll]  demonstrated  that  the 

SAG/ELO  technique  of  GaN  gives  us  an  embedded  structure  of  amorphous  Si02  stripes  in  a  high 
crystalline  quality  epitaxial  layer.  This  technique  will  provide  us  embedded  metal  electrodes  in 
an  epitaxial  GaN  layer.  If  we  could  realize  an  embedded  metal  gate  electrode  in  the  epitaxial 
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GaN  layer,  we  might  realize  SITs  made  from  GaN,  which  will  show  high  performance  at  high 
temperature,  high  frequency  and  high  power  operations. 

In  a  previous  study,  we  attempted  the  SAG  of  GaN  using  tungsten  (W)  masks  by 
metalorganic  vapor  phase  epitaxy  (MOVPE)  for  the  first  time  [12].  In  this  study,  we  compare 
the  SAG  of  GaN  using  W  mask  to  that  of  Si02  mask  by  MOVPE  by  means  of  scanning  electron 
microscope  (SEM)  and  cathodoluminescencc  (CL)  measurements.  Furthermore,  the  SAG/ELO 
of  GaN  using  W  masks  by  hydride  vapor  phase  epitaxy  (HVPE)  are  demonstrated  for  the  first 
time. 

EXPERIMENTAL  METHODS 

The  SAG  of  GaN  using  W  masks  was  performed  by  atmospheric  HVPE  and  MOVPE 
system  on  3.0-4.5  pm  thick  (0001)  GaN  layer  grown  on  a  (0001)  sapphire  substrate  with  an  low 
temperature  (LT)  buffer  layer  by  MOVPE.  A  120-nm-thick  W  film  was  deposited  on  the  GaN 
surface  by  RF  sputtering  at  R.T.  Stripe  windows  of  10  pm  wide  with  a  periodicity  of  20  pm  was 
developed  on  the  W  film  with  conventional  photolithography  and  wet  chemical  etching.  The 
etching  of  W  was  performed  with  H2O2  at  R.T.  In  the  case  of  HVPE,  GaCl  and  NH3  were  used 
as  the  source  gases,  and  N2  was  used  as  the  carrier  gas.  The  flow  rates  of  HCl  and  NH3  were  10 
cc/min  and  0.5  //min,  respectively.  The  growth  temperature  was  1090°C.  In  the  case  of 
MOVPE,  TMG  and  NH3  were  used  as  the  source  gases,  and  H2  was  used  as  the  carrier  gas.  The 
flow  rates  of  TMG  and  NH3  were  18.7  pmol/min  and  2.5  //min,  respectively.  The  growth 
temperature  was  1060°C.  More  details  of  the  preparation  and  growth  processes  by  MOVPE 
were  described  in  Ref.  [12]. 

RESULTS  AND  DISCUSSION 

The  advantage  of  HVPE  is  at  the  high  growth  rate,  which  allows  us  to  get  a  thick 
homogeneous  layer  and  to  obtain  the  GaN  layer  with  good  crystalline  quality.  According  to 
previous  results  of  the  SAG/ELO  using  Si02  mask  by  HVPE,  the  selectivity  of  the  GaN  growth 
on  window  regions  was  excellent  and  the  thick  ELO  GaN  layers  had  good  crystalline  quality 
[9,13,14].  Figures  1(a)- 1(c)  show  typical  SEM  images  of  the  SAG-GaN  by  HVPE  using 
<  lT00>  stripe  W  masks.  At  the  growth  time  of  3  min  (Fig.  1(a)),  the  growth  of  GaN  only 
within  the  window  region  indicates  good  selectivity  with  the  W  mask  as  well  as  the  Si02  mask. 
We  obtained  trapezoidal  shapes  in  cross-section  with  the  smooth  (0001)  surface  on  the  top.  The 
sidewalls  formed  rough  surfaces.  At  30  min  (Fig.  1(b)),  the  ELO  of  GaN  occurred.  The  ELO- 
GaN  layer  did  not  contact  to  the  W  mask  and  ELO-GaN  layer  over  the  W  mask  had  the  rever.se- 
mesa  shapes.  At  the  overgrown  GaN  region,  the  top  (0001)  surfaces  vanish  and  it  has  triangular 
cross-sectional  shape  with  rough  sidewalls.  As  a  result,  the  structure  of  the  SAG  is  characterized 
by  combination  of  the  reverse-mesa  and  the  ordinary-mesa  shaped  planes.  By  increasing  the 
growth  time,  the  overgrown  GaN  region  became  wider  and  finally  coalesced.  After  the  growth 
time  of  60  min  (Fig.  1(c)),  the  ELO-GaN  region  coalesced  one  another  and  formed  continuous, 
flat  and  specular  surface.  We  could  see  triangular  voids  formed  on  the  W  mask  owing  to  the 
reverse-mesa  formation  during  the  initial  overgrowth  stage.  On  the  other  hand,  by  using  the 
Si02  mask,  there  were  no  voids  on  the  Si02  mask. 

In  the  previous  work,  we  succeeded  in  the  SAG  of  GaN  using  W  masks  by  MOVPE  for 
the  first  time  [12].  In  this  work,  we  compare  the  W  mask  and  the  Si02  mask  in  terms  of  shape 
and  crystalline  quality  of  the  SAG-GaN.  Figures  2(a)-2(d)  show  the  typical  SEM  images  of  the 


SAG-GaN  at  the  growth  time  of  120  min.  No  GaN  polycrystals  are  observed  on  the  W  and  Si02 
mask  regions.  Triangular  voids  were  not  observed  on  the  W  mask  in  comparison  with  ELO-GaN 
grown  by  HVPE  (Figs.  1(b)  and  1(c)).  It  is  not  clear  at  present  why  these  differences  occurs. 
There  are  several  differences  in  growth  conditions  between  MOVPE  and  HVPE  such  as  growth 
atmosphere  (Ha  or  Na),  and  source  gases  (TMG  or  Ga  and  HCl),  which  might  cause  the 
formation  of  voids  on  the  W  mask.  The  ELO  of  GaN  is  seen  in  the  lateral  direction.  In  the  stripe 


Fig.  1  SEM  images  of  the  SAG-GaN  by  HVPE  using  the  W  mask  along  the  <  1 1 00  >  crystal  axis.  The 
growth  time  of  the  SAG  is  (a)  3  min,  (b)  30  min  and  (c)  60  min. 

pattern  along  the  <1120  >  crystal  axis  of  GaN  on  the  (0001)  surface  (Figs.  2(a)  and  2(c)),  we 
obtained  triangular  shapes  in  cross-section,  which  comprised  {1 101}  facets  at  both  sides.  The 
cross-sectional  shapes  were  the  same  for  both  mask  materials.  In  the  <1 100>  stripe  pattern 
(Figs.  2(b)  and  2(d)),  we  obtained  trapezoidal  cross-sectional  shapes  with  a  smooth  (0001) 
surface  on  the  top  and  rough  surfaces  on  both  sides.  The  lateral  overgrowth  width  on  the  SiC^ 
mask  have  3.5  pm,  which  is  larger  than  2.6  pm  on  the  W  mask.  The  difference  in  lateral 
overgrowth  rates  by  the  W  and  SiOa  mask  materials  might  be  in  relation  to  the  difference  in  the 
shapes  of  the  sidewalls,  the  surface  migration  of  source  materials  on  the  masks  or  the  interface 
energy  between  the  ELO-GaN  layer  and  masks. 


Fig.  2  SEM  images  of  the  SAG-GaN  by  MOVPE  with  the  growth  time  of  120  min.  The  SAG  was  carried 
out  using  the  W  mask  along  (a)  the  <  1 1 20  >  axis  and  (b)  the  <  I  1 00  >  axis,  and  using  the  Si02  mask 
along  (c)  the  <  1 1 20  >  axis  and  (d)  the  <  1  1  00  >  axis. 

To  compare  crystalline  qualities  of  the  SAG-GaN  grown  by  MOVPE  with  the  growth 
time  of  120  min,  we  measured  CL  spectra  at  133  K  for  the  area  of  10  pm  x  10  pm  on  the  surface, 
which  schematically  shows  in  Fig.  3.  Figure  4  shows  the  CL  spectra  by  the  SAG-GaN  using  the 
W  mask  along  (a)  the  <  1 120>  axis  and  (b)  the  <  lT00>  axis,  and  using  the  SiOi  mask  along  (c) 
the  <1120>  axis  and  (d)  the  <1  100>  axis,  and  (e)  high  quality  GaN  underlying  layer  for  the 
SAG.  Near-band-edge  emission  peak  is  observed  in  every  SAG-GaN  sample,  however,  which 
shows  red-shift  about  25  meV  as  compared  to  the  result  shown  in  a  GaN  thin  layer.  The  GaN 
layer  grown  on  the  sapphire  substrate  is  given  a  compressive  strain,  while  the  SAG-GaN  is 
relaxed  this  strain  and  then  the  peak  energy  shifted  low  energy  side.  It  is  still  to  be  studied  how 
the  strain  is  effective  SAG-GaN.  Full-width  at  half-maximum  on  CL  spectra  by  SAG-GaN  are 
about  60  meV  and  these  value  are  equal  to  that  obtained  in  the  GaN  layer.  This  suggests  that  the 
crystalline  qualities  of  GaN  obtained  by  the  SAG  is  excellent. 


measurement  region  of  CL  spectra 


GaN  stripe  along  the  <  1 1 20  >  axis 


measurement  region  of  CL  spectra 


GaN  stripe  along  the  <  1 1 00  >  axis 


Fig.  3  Schematic  diagrams  of  CL 
measurements.  CL  spectra  measured 
from  the  GaN  stripe  region  of  10  pm  x  10 
pm  on  the  surface. 

CONCLUSIONS 
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The  SAG/ELO  of  GaN  using  W 
mask  by  MOVPE  and  HVPE  was  studied. 

In  both  growth  methods,  GaN  polycrystals 
were  observed  neither  on  the  W  mask 
region  nor  on  the  Si02  mask  region.  In  the 
case  of  HVPE,  the  overgrown  GaN  region 
became  wider,  coalesced  and  finally  formed 
continuous,  flat  and  specular  surface. 
Triangular  voids  were  formed  on  the  W 
masks  due  to  reverse-mesa  formation  during 
MOVPE,  we  obtained  triangular  cross-sectional 
W  and  Si02  masks  along  the  <  1120>  crystal  a 


Fig.  4  CL  spectra  at  133  K  from  the  GaN  stripe 
obtained  by  the  MOVPE-SAG  using  the  W  mask 
along  (a)  the  <  1 120  >  axis  and  (b)  the  <  1  1 00  > 
axis,  and  using  the  SiOa  mask  along  (c)  the 
<  1 1 20  >  axis  and  (d)  the  <  1 1 00  >  axis,  and  (e) 
high  quality  GaN  underlying  layer  for  the  SAG. 

the  initial  overgrowth  stage.  In  the  case  of 
shapes  with  {1101}  facets  at  both  sides  for  the 
xis,  while  the  trapezoidal  cross-sectional  shapes 


with  smooth  (0001)  surface  on  the  top  and  rough  surfaces  on  both  sides  along  the  <1 100> 


crystal  axis.  The  lateral  overgrown  rate  on  the  W  mask  was  higher  than  that  on  the  Si02  mask 
There  were  no  voids  between  the  W  or  Si02  mask  and  the  overgrown  GaN  layer  by  using 


MOVPE. 
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ABSTRACT 

The  epitaxial  lateral  overgrowth  (ELO)  process  for  GaN  has  been  studied  using  SiC  and 
sapphire  substrates.  Both  MBE  and  MOVPE  growth  processes  were  employed  in  the  study.  The 
use  of  Si02  versus  SiNx  insulator  stripes  was  investigated  using  window/stripe  widths  ranging 
from  2  pm/4  pm  to  3  pm/15  pm.  GaN  film  depositions  were  completed  at  temperatures  ranging 
from  800  ”C  to  1120  ”C.  Characterization  experiments  included  RHEED,  TEM,  SEM  and 
cathodolumenescence  studies.  The  MBE  growth  experiments  produced  polycrystalline  GaN 
over  the  insulator  stripes  even  at  deposition  temperatures  as  high  as  990  °C.  In  contrast,  MOVPE 
growth  produced  single-crystal  GaN  stripes  with  no  observable  threading  dislocations. 

INTRODUCTION 

Growth  of  GaN  and  other  III-V  nitrides  on  mismatched  substrates  such  as  sapphire  or  SiC 
produces  a  columnar  material  consisting  of  many  small  hexagonal  grains  [1].  The  individual 
grains  have  a  distribution  of  tilt  and  rotation  within  the  GaN  film  that  gives  rise  to  very  large 
dislocation  densities  and  broad  x-ray  rocking  curves  (300-400  arc  sec).  In  spite  of  this  high 
degree  of  disorder,  there  have  been  demonstrations  of  very  bright  blue  and  green  LEDs  and 
blue/violet  laser  diodes  at  Nichia  Chemical  [2-5]  and  elsewhere  [6-9].  These  light-emitting 
devices,  all  prepared  by  MOVPE,  exhibit  dislocation  densities  of  10^-10'°  per  cm^  but  function 
as  very  bright  light  emitters  as  though  these  internal  disruptions  to  periodicity  are  virtually  absent 
-  perhaps  due  to  some  unknown  passivation  process  associated  with  the  MOVPE  growth  process 
itself. 

Recently,  however,  there  have  been  demonstrations  of  defect  reduction  in  GaN  layers  grown 
on  sapphire  [10-16]  and  SiC  [17-19]  using  an  epitaxial  lateral  overgrowth  (ELO)  technique.  The 
ELO  technique  is  illustrated  schematically  in  Fig.  2.  First,  a  high  quality  1-2  pm  thick  layer  of 
GaN  is  grown  by  MOVPE.  Next,  standard  deposition  and  photolithographic  techniques  are 
employed  to  prepare  a  set  of  parallel  Si02  stripes  oriented  along  a  [1 1 00]  GaN  crystal  direction 
separated  by  window  areas  which  expose  the  underlying  GaN.  A  second  deposition  of  GaN  onto 
this  patterned  substrate  is  then  initiated.  During  the  initial  GaN  growth,  the  Si02  stripes  function 
as  non-wettable  surfaces  and  no  GaN  deposition  occurs  on  them.  However,  once  the  GaN  film 
growth  from  the  window  stripes  reaches  the  tops  of  the  Si02  stripes,  epitaxial  lateral  overgrowth 
of  GaN  commences.  The  ELO  process  produces  stripes  of  GaN  (5-10  pm  wide)  over  the 
original  Si02  stripes  which  display  a  remarkable  reduction  in  dislocation  density  to  <10^  per  cm^. 
It  is  on  these  low-dislocation-density  single-crystal  GaN  stripes  that  Nichia  Chemical  has 
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produced  laser  diodes  having  very  long  CW  lifetimes  (10,000  hrs)  [20].  In  this  paper,  the  results 
of  a  systematic  study  of  GaN/ELO  on  sapphire  and  SiC  substrates  are  reported  in  which  both 
MBE  and  MOVPE  growth  processes  were  employed. 

EXPERIMENTAL  DETAILS 

MBE  growth  experiments  were  performed  in  an  EPI  930  system  using  elemental  Ga  and 
active  nitrogen  generated  within  RF  plasma  sources.  The  system  is  equipped  with  three  RF 
plasma  sources  which  permit  growth  of  GaN  at  temperatures  up  to  -1000  "C.  The  MOVPE 
growth  experiments  were  carried  out  in  a  low  pressure,  vertical-flow,  cold-wall  reactor  featuring 
high-speed  substrate  rotation.  Both  systems  arc  equipped  with  optical  pyrometers  for  substrate 
temperature  measurements. 

Pre-nucleated  GaN/sapphire  and  GaN/SiC  wafers  prepared  by  MOVPE  were  used  for  all  of 
the  ELO  experiments.  These  wafers  were  coated  with  -lOOnm  of  either  Si02  or  SiNx  using  a 
low  temperature  plasma  process.  Next,  a  mask  set  was  employed  to  define  a  series  of  parallel 
insulator  stripes  along  a  GaN  [1  I  00]  crystal  direction  separated  by  VIAs  (windows)  using 
standard  photolithographic  techniques.  RIE  was  then  used  to  remove  the  insulator  (SiOi  or 
SiNx)  from  the  window  areas  and  expose  the  underlying  parallel  GaN  stripes.  Window/stripe 
widths  ranging  from  2  pm/4)im  up  to  3pm/15pm  were  employed  in  the  present  study.  The 
patterned  wafers  were  then  returned  to  the  growth  chambers  where  ELO  growth  of  GaN  was 
initiated.  All  GaN  ELO  layers  were  intentionally  doped  with  Si  (-IxlO’*’  elcctrons/cm^). 

The  GaN  ELO  samples  were  characterized  using  a  JEOL  JSM-6400  scanning  electron 
microscope  (SEM)  equipped  with  a  model  SP 13064-6400  digital  scan  generator  (DSG).  Digital 
electron  microscope  images  are  acquired  by  the  DSG  with  the  aid  of  a  computer  which  takes 
control  of  the  instrument’s  horizontal  and  vertical  scan  coils,  acquires  a  video  signal  at  each 
pixel,  and  forms  a  digital  image.  Image  pixel  densities  of  up  to  2560  x  1920  pixels  are  then 
stored  on  computer  as  a  high-resolution  digital  image.  The  SEM  is  also  equipped  with  an 
Oxford  Instruments  Mono-CL  cathodoluminescence  (CL)  accessory.  With  this  unit  it  is  possible 
to  obtain  spectral  CL  scans  from  180  nm  to  900  nm.  In  addition,  monochromatic  CL  images  of 
samples  under  investigation  can  be  obtained  at  any  selected  wavelength  in  this  wavelength  range. 
In  the  present  study,  digital  CL  images  at  560  nm  (deep  level  emission)  and  at  364  nm  (band 
edge  emission)  were  obtained  for  selected  GaN  ELO  samples. 

Vertical-cross-section  transmission  electron  micrographs  were  also  obtained  for  selected 
samples  using  a  Topcon  model  002B  transmission  electron  microscope  operating  at  200  kV.  The 
TEM  micrographs  were  taken  under  two-beam  conditions  using  the  c-axis  as  the  operating 
vector  [g  =  (0002)]. 

RESULTS  AND  DISCUSSION 

MBE  Growth  Experiments 

MBE  growth  of  GaN  was  completed  at  temperatures  ranging  from  800  "C  up  to  990  "C  using 
multiple  nitrogen  plasma  sources.  All  of  these  experiments  produced  similar  results,  as  is 
illu.strated  schematically  in  Figure  1.  It  is  seen  from  the  SEM  micrograph  .shown  in  the  figure 
that  the  GaN  film  growth  onto  the  in.sulator  areas  consists  of  small  randomly  oriented  columnar 
structures.  RHEED  patterns  consisted  of  a  concentric  ring  pattern  from  the  overgrowth  regions 
superposed  on  a  spotty  pattern  from  the  window  areas.  This  behavior  was  ob.served  for  samples 
prepared  over  the  entire  range  of  temperatures  investigated.  These  results  indicate  that  MBE 
cannot  be  used  to  prepare  low  dislocation  density  GaN  by  the  ELO  technique.  This  is  so,  most 


likely,  because  of  the  limited  range  of  temperatures  available  for  MBE  growth  of  GaN  at  present. 
The  upper  temperature  for  MBE  film  growth  is  limited  by  the  availability  of  active  nitrogen 
present  in  the  process.  Even  by  employing  three  active  nitrogen  plasma  sources,  the  highest 
growth  temperature  that  we  were  able  to  employ  was  about  990  °C. 
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Figure  1.  SEM  micrograph  of  MBE-grown  GaN  surface.  RHEED  studies  imply 
polycrystalline  growth  over  insulator  areas  for  all  MBE-grown  samples. 


MOVPE  Growth  Experiments 


The  MOVPE  GaN/ELO  growth  experiments  were  performed  at  substrate  temperatures 
ranging  from  1050  “C  up  to  1 120  °C.  During  the  initial  GaN/ELO  growth  sequence  by  MOVPE, 
the  insulator  stripes  function  as  non-wettable  surfaces  and  no  GaN  deposition  occurs  on  them. 
However,  once  the  GaN  film  growth  from  the  window  stripes  reaches  the  tops  of  the  insulator 
stripes,  epitaxial  lateral  overgrowth  of  GaN  commences.  All  of  the  MOVPE  experiments 
produced  GaN  single-crystal  stripes  over  the  insulator  areas  that  showed  a  large  reduction  in 
threading  dislocations.  In  many  of  the  samples,  no  threading  dislocations  were  observed  in  TEM 
vertical-cross-section  studies.  As  the  substrate  temperature  was  increased,  the  growth  mor¬ 
phology  changed  from  ELO  having  inclined  lateral  sidewalls ({1 101}  planes)  that  spread  rapidly 
towards  the  centers  of  the  periodic  insulator  stripes  to  an  epitaxial  lateral  growth  featuring 
vertical  sidewalls  corresponding  to  {1120}  planes.  This  is  illustrated  by  the  SEM  micrographs 
shown  below  in  Figure  2  This  type  of  morphology  change  with  increasing  growth  temperature 
was  observed  when  either  Si02  or  SiNx  insulator  stripes  were  employed. 
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Figure  2.  SEM  photos  showing  GaN/ELO  with  (a)  inclined  lateral  side-walls  at  low  growth 
temperatures  (-1050  ®C)  and  (b)  vertical  sidewalls  at  high  growth  temperatures  (-1120  °C) 


Cathodoluminescence  studies  revealed  a  marked  difference  in  the  CL  originating  from  the 
GaN  growing  in  the  window  areas  compared  with  that  from  the  GaN/ELO.  This  is  shown  in 
Figure  3  where  CL  images  and  spectra  are  displayed.  Figure  3(a)  shows  a  panchromatic  image 
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Figure  3.  (a)  Panchromatic  CL  image  of  a  GaN/ELO  surface.  Light  emission  is  more  intense 
over  insulator  areas.  Window  CL  is  dominated  by  deep-level  emission  (b)  whereas,  near  the 
center  of  the  ELO  stripes,  the  CL  is  primarily  near  bandedge  emission  (c). 

of  a  GaN/ELO  surface.  It  is  seen  that  the  window  regions  emit  very  little  CL  and  this  is  largely 
deep  level  emission  as  shown  in  Figure  3(b).  In  contrast,  the  CL  from  the  ELO  regions  is  very 
bright  and  consists  mainly  of  near  bandedge  emission  as  shown  in  Figure  3(c). 

Figure  4  shows  a  vertical  cross-section  TEM  image  of  a  GaN/ELO  sample.  It  is  seen  that  the 
region  beneath  the  insulator  strip  contains  many  threading  dislocations  (about  lO'^  per  cm^).  In 
contrast,  the  ELO  above  the  insulator  stripe  contains  no  visible  threading  dislocations.  Directly 
above  the  insulator  stripe  some  misfit  dislocations  running  parallel  to  the  insulator  surface  are 
visible,  but  these  diminish  in  density  as  the  ELO  process  progresses.  Threading  dislocations 
continue  to  propagate  upwards  through  the  window  regions  as  shown.  For  the  growth  para¬ 
meters  employed  in  this  study,  a  lateral -to-vertical  growth  rate  (LTVGR),  as  defined  by  Park  et 
al.  [15],  of  about  2.0  was  obtained  for  all  of  the  ELO  growth  experiments  using  both  sapphire 
and  SiC  substrates. 

The  growth  temperature  employed  for  the  ELO  process  had  a  profound  effect  on  the  ELO 
sidewalls  as  discussed  above,  and  also  on  the  void  geometry  that  occurs  near  the  centers  of  the 
insulator  stripes  where  two  adjacent  GaN/ELO  single  crystal  stripes  coalesce.  This  is  illustrated 
in  Figure  5  where  TEM  micrographs  obtained  for  ELO  samples  grown  at  1080  "C  and  1 120  "C, 
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Figure  4.  TEM  vertical  cross-section  micrograph  of  GaN/ELO  sample. 
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Figure  5.  (a)  GaN/ELO  with  vertical  sidewalls  ({1120]  planes);  (b)  GaN/ELO  with  inclined 

sidewalls({l  101}  planes) 

respectively.  In  the  case  of  ELO  growth  at  1120  °C,  which  proceeds  with  vertical  sidewalls, 
there  are  large  voids  formed  at  the  centers  of  the  insulator  stripes  (white  triangles  in  Figure  5(a). 
This  is  similar  to  the  void  structure  reported  by  Nakamura  [20].  In  contrast,  the  void  structure 
for  ELO  growth  at  1080  °C  consist  of  only  a  small  (-100  nm  diameter)  circular  hole  immediately 
above  the  insulator  stripe  as  shown  in  Figure  5(b).  It  should  be  emphasized  that  both  types  of 
depositions  produce  ELO  have  little  or  no  threading  dislocations. 

Note  also  in  Figure  5(b)  that  the  insulator  stripe  (Si02  in  this  case)  appears  to  be  buckled  near 
the  center  of  the  micrograph  and  no  longer  makes  intimate  contact  with  the  GaN  buffer  layer 
below  the  stripe.  This  phenomenon  was  seen  in  several  ELO  samples  using  Si02  stripes  and 
becomes  more  problematic  for  high  temperature  ELO  growth.  The  use  of  SiNx  stripes  eliminated 
this  problem  as  is  illustrated  in  Figure  4  and  Figure  5(a). 

Double-layer  ELO  samples  were  also  prepared  by  rotating  the  substrate  by  60  degrees,  such 
that  a  second  set  of  insulator  stripes  were  fabricated  along  another  equivalent  [1 1 00]  direction. 
This  resulted  in  additional  dislocation  reduction  within  the  areas  of  the  windows  of  the  first  ELO 


layer.  This  dislocation  reduction  is  illustrated  in  Figure  6,  where  monochromatic  images  of  the 
near  bandedge  CL  emission  at  364  nm  is  shown  for  each  ELO  layer. 


Figure  6.  Monochromatic  CL  emission  at  364  nm  for  double-layer  ELO  sample. 
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ABSTRACT 

We  demonstrate  a  two-step  process  wherein  the  lateral  epitaxial  growth  (LEO)  of  GaN  from 
<10T0>-oriented  stripes  is  initiated  at  a  low  V/III  ratio  to  produce  smooth,  vertical  {1120} 
sidewalls,  and  where  the  V/III  ratio  is  subsequently  raised  in  order  to  increase  the  lateral  growth 
rate.  We  find  that  the  formation  of  the  { 1 T  01 }  facets  is  inhibited  using  this  two-step  process,  and 
that  it  is  possible  to  maintain  the  {1120}  sidewalls  while  achieving  a  large  lateral  growth  rate. 
The  ratio  of  lateral  to  vertical  growth  rate  has  been  increased  by  up  to  factor  of  2.6  using  this 
approach  relative  to  identical  growth  conditions  without  the  initiation  at  low  V/III  ratio.  The 
effect  of  lateral  growth  rate  on  the  structural  properties  of  the  stripes  is  discussed. 

INTRODUCTION 

Lateral  epitaxial  overgrowth  (LEO)  is  an  attractive  method  to  produce  GaN  films  with  a 
low  density  of  extended  defects,  which  is  beneficial  both  to  studies  of  the  fundamental  properties 
of  the  GalnAlN  materials  system  and  to  GaN-based  device  technology.  Recent  studies  have 
confirmed  that  the  density  of  threading  dislocations  (TDs)  is  reduced  by  3-4  orders  of  magnitude 
in  the  LEO  material  grown  on  6H-SiC\  Al203^’^’'^,  and  Si(lll)^  substrates,  and  the  mechanisms 
of  threading  dislocations  evolution  with  respect  to  the  facet  configuration  of  the  LEO  stripes 
have  been  investigated. Optical  studies  of  LEO  GaN^’^’^°  and  InGaN  quantum  wells^  have 
been  reported.  Finally,  the  use  of  LEO  GaN  has  resulted  in  marked  improvements  in  the  lifetime 
of  laser  diodes,^^  while  GaN  p-n  junctions,'^  InGaN  single^^  and  multiple^'^  quantum  well  light 
emitting  diodes,  and  GaN/AlGaN  heterojunction  field-effect  transistors^^  fabricated  on  LEO 
GaN  exhibit  a  ~3  orders  of  magnitude  reduction  of  the  leakage  current  compared  to  identical 
devices  based  on  bulk  GaN. 

LEO  GaN  is  obtained  by  performing  a  regrowth  on  a  conventional  GaN  layer  (e.g. 
GaN/AUOa)  that  is  partially  masked  by  an  amorphous  layer  such  as  Si02  or  Si3N4.  The  process  is 
anisotropic  and  can  be  characterized  by  two  extreme  crystalline  orientations  when  using  str^es 
as  mask  openings.  Stripes  aligned  along  the  <1 1  20>  orientation  are  bound  by  smooth  { 10  1 1 } 
facets  under  a  wide  range  of  growth  conditions*^  and  tend  to  exhibit  slow  lateral  overgrowth.*^ 
On  the  other  hand,  <10T0>-oriented  stripes  exhibit  a  wider  variety  of  sidewall  facets  and  lateral 
growth  rates.  We  have  recently  reported*®  that  the  morphology  of  such  stripes  depends  on  the 
growth  temperature  and  fill  factor, and  proposed  that  these  effects  result  from  variations  of  the 
V/III  ratio  with  temperature  (due  to  incomplete  decomposition  of  NH3)  and  pattern  geometry 
(related  to  differential  enhancement  of  Ga  and  N  species  supply  from  the  mask  regions),  in 
relation  to  the  configuration  of  the  dangling  bonds  on  the  various  facets.  This  interpretation 
appears  to  be  confirmed  by  a  systematic  study  of  the  effect  of  the  input  V/III  ratio.^**  At  low  V/III 
ratio,  the  sidewalls  consist  of  inclined  {1122}  facets  and  the  lateral  growth  rate  is  small.  As  the 
V/III  ratio  is  increased,  smooth  vertical  { 1 1  20}  facets  appear;  in  this  regime  the  lateral  growth 
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rate  varies  approximately  linearly  with  the  V/III  ratio,  up  to  the  point  where  { lOT  1 }  facets  are 
formed,  which  results  in  a  jagged  morphology  and  a  drop  of  the  lateral  growth  rate. 

For  device  applications  it  is  desirable  to  maximize  the  lateral  growth  rate  while  avoiding 
the  formation  of  jagged  sidewalls.  In  this  paper  we  report  on  a  two-step  process  that  results  in  a 
reduction  of  the  growth  time  necessary  to  achieve  full  coalescence  of  adjacent  LEO  stripes.  The 
overgrowth  is  initiated  in  conditions  that  lead  to  smooth  sidewalls,  after  which  the  growth 
parameters  are  changed  to  increase  the  lateral  growth  rate.  We  show  that  the  stripe  morphology 
is  essentially  determined  by  the  growth  conditions  of  the  first  overgrowth  step,  which  greatly 
extends  the  range  of  conditions  to  achieve  smooth  LEO  stripes. 

EXPERIMENT 

The  LEO  GaN  was  grown  on  2  pm-thick  GaN  prepared  by  MOCVD  on  2-inch  diameter 
sapphire  wafers  using  a  conventional  two-step  process.^'  Samples  were  coated  with  200-nm- 
thick  Si02  using  plasma-enhanced  chemical  vapor  deposition,  and  5  pm-wide  openings  oriented 
in  the  <10T0>  direction'^  were  patterned  using  standard  UV  photolithography  and  wet  chemical 
etching.  The  mask  width  was  varied  to  give  fill  factors*^  of  0.01  to  0.5,  corresponding  to  mask 
widths  of  495  to  5  pm.  The  LEO  growth  was  performed  at  76  Torr  and  1060°C  using  hydrogen 
as  the  carrier  gas.  No  dopants  were  intentionally  introduced  during  growth. 

In  this  paper  we  discuss  the  properties  of  six  samples  whose  growth  parameters  are  listed 
in  Table  I.  Uncoated  samples  were  characterized  by  scanning  electron  microscopy  (SEM)  using  a 
JEOL  6300F  field  emission  micro.scope  operating  at  15  kV.  Specimens  for  transmission  electron 
microscopy  (TEM)  were  prepared  by  wedge  polishing  followed  by  standard  Ar"^  ion  milling. 
Images  were  recorded  on  a  JEOL  2000FX  microscope  operated  at  200  kV.  The  room- 
temperature  photoluminescence  was  excited  using  a  HeCd  laser  (325  nm,  ~20  mW/cm^)  and 
detected  using  a  1/8  m  grating  monochromator  and  a  photomultiplier  tube. 

RESULTS 

Figure  l(a,b)  shows  SEM  micrographs  of  sample  A,  overgrown  in  a  single  15-minute 
step  using  3.6  slm  of  NH3,  which  results  in  jagged  sidewalls  ({lOT  1)  facets).  Figure  l(c,d) 
shows  micrographs  of  sample  B,  grown  under  the  same  conditions  except  that  the  overgrowth 
was  initiated  under  half  the  NH3  flow  for  the  first  3  minutes.  Sample  B  shows  smooth  vertical 
sidewalls  ({11  20})  and  a  slightly  larger  lateral  growth  rate.  Although  the  samples  shown  in 
Fig.  1  were  grown  consecutively  using  the  same  GaN/Al203  substrate  and  patterning  run,  the 
elimination  of  the  (lOll)  facets  following  the  overgrowth  initiation  at  low  V/III  ratio  is 
reproducible  and  appears  to  be  insensitive  to  process  parameters  such  as  threading  dislocation 
density  of  GaN/Al203  substrate,  fill  factor,  and  growth  parameters  of  the  second  step. 


Table  I  Precursor  flow  and  step  durations 


Sample 

Duration 

(s) 

Step  1 
TMGa 
(pmol/min) 

NH3 

(slm) 

Duration 

(s) 

Step  2 
TMGa 
(pmol/min) 

NH3 

(slm) 

A 

900 

100 

3.6 

___ 

A2 

3600 

100 

3.6 

— 

B 

90 

100 

1.8 

810 

100 

3.6 

B2 

900 

100 

1.8 

900 

100 

3.6 

C 

90 

100 

1.8 

1710 

50 

1.8 

D 

90 

100 

1.8 

1710 

50 

3.6 

Figure  1  SEM 
micrographs  of 
sample  A  (a:  plan 
view,  b;  cross- 
section)  and 
Sample  B  (c:  plan 
view,  d:  cross- 
section)  for  a  fill 
factor  of  0.25. 
The  edges  of  the 
mask  are 

indicated  by  dark 
markers  in  (d). 


Figure  2  illustrates  the  effect  of  TMGa  and  NH3  flow  rates  on  the  ratio  r  of  lateral  to 
vertical  growth  rate.  In  Refs  18  and  20  we  have  shown  that  an  increase  in  fill  factor  (i.e. 
reduction  of  the  mask  spacing)  has  a  similar  effect  as  an  increase  in  the  input  V/III  ratio;  thus  the 
horizontal  axis  can  be  understood  both  as  a  geometrical  factor  and  as  an  indirect  V/III  scale.  The 
curve  for  sample  A  shows  that  r  rolls  off  as  the  {1011}  facets  appear  at  high  fill  factors  for  the 
one-step  process.  On  the  other  hand,  r  increases  monotonically  with  fill  factor  for  the  samples 
grown  in  two  steps  (B,  C,  and  D).  Comparing  samples  A  and  B  at  the  high-fill  factor  end  of  their 
respective  curves  provides  a  conservative  estimate  of  -30%  for  the  increase  in  r  associated  with 
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Figure  2  Ratio  of  lateral  to 
vertical  growth  as  a  function  of 
fill  factor  for  samples  A-D. 
The  lateral  growth  is  defined 
as  the  width  of  the  GaN 
growth  above  the  mask 
opening.  The  data  points  for  a 
given  curve  are  results  from  a 
single  growth  on  a  sample 
patterned  with  the  various  fill 
factors.  The  solid  symbols 
indicate  jagged  sidewalls 
({1011}  facets). 
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the  two-step 
process  (the  actual 
gain  was  limited 
by  the  rapid 
coalescence  of 
sample  B).  A 
typical  sample 
grown  in  one  step 
in  the  conditions 
for  sample  D  at  a 
fill  factor  of  0.1 
would  exhibit 
jagged  sidewalls 
and  r  a  1.6  (not 
shown);  the  two- 
step  process 

(sample  D)  results  _  _ 

sidewalls  and  2  |jm  (S)  (b)  2  |jm 

r  =  4.2,  a  factor  of  Figure  3  Plan  view  TEM  micrographs  of  (a)  Sample  A2  and  (b) 

2.6  larger.  Sample  B2  (bright  field,  g=2T  10). 

Figure  3 

shows  plan-view  TEM  micrographs  of  samples  A2  and  B2,  which  are  similar  to  samples  A  and 
B  except  for  the  growth  duration.  For  both  samples  the  LEO  region  is  free  of  threading 
dislocations.  The  LEO  region  of  sample  A2  (Fig.  3a)  contains  a  large  number  of  dislocations 
with  line  direction  along  the 

<10T0>  direction  (parallel  to  ] - ^ - 1 - ' - 1 - ' - 1 - ^ - 1 - 

the  stripe  direction);  a  lO-  ,  293  K_ 

significant  fraction  of  those  Sample  A  /  §'4 

dislocations  bends  towards  '  sidewalls)  1  Ij  | 

the  <ll20>  direction  0.8-  !  I 

perpendicular  to  the  stripe.  ^  Sample  B  /  \ 

Sample  B2  (Fig.  3b)  also  «  '  Sample  C  \ 

exhibits  dislocations  with  ■§  o.e  -  Sample  D  \ 

line  direction  parallel  to  the  ^  \ 

stripe  direction,  however  ^  ^  \ 

their  density  is  much  smaller  ^  °  ■  /  //  | 

than  for  sample  A2.  ^  .  j  jj  \  . 

Although  additional  ^  J  j!  \ 

microstructural  studies  are  z  //  \ 

required  to  fully  understand 

dislocation  evolution  during  - . 

LEO,  Fig.  3  clearly  indicates  °  °  ” 

that  the  LEO  stripe  \ - ; - , - . - , - , - , - , - 1 - 
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contains  much  fewer  Energy  (eV) 

extended  defects  than  the 
stripes  grown  with  the  one- 
step  process.  This  can  be 
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Figure  4  Room-temperature  PL  of  samples  A-D. 


related  to  the  facet  configuration  of  the  two  samples:  at  the  onset  of  the  overgrowth  only  sample 
A2  has  inelined  facets  that  tend  to  favor  the  lateral  spreading  of  dislocations  (see  e.g.  Refs.  1  and 
2). 

Figure  4  shows  the  room-temperature  PL  spectra  of  samples  A-D  around  the  band  edge 
of  GaN.  In  this  experiment  the  light  emission  from  both  the  LEO  and  the  seed  regions  was 
colleeted.^^  Sample  A  shows  a  fairly  broad  peak  (FWHM  -120  meV)  centered  at  3.390  eV  while 
samples  B,  C,  and  D  have  a  narrower  peak  (FWHM  -75  meV)  centered  at  -3.405  eV.  Although 
a  detailed  study  of  the  optical  properties  is  necessary  to  clarify  the  issue,  the  difference  between 
the  two  sets  of  samples  is  most  likely  related  to  the  residual  strain  in  the  LEO  stripes,  that  is, 
samples  B,  C,  and  D  are  under  slightly  larger  compressive  stress  than  sample  The 

possibility  that  the  incorporation  of  impurities  depend  on  the  stripe  morphology  cannot  be 
excluded  and  could  also  explain  some  of  the  differences  between  the  two  sets  of  samples. 

DISCUSSION 

Figure  2  illustrates  the  effect  of  varying  the  TMG  and  NH3  flow  rates  over  a  wide  range 
of  conditions  while  exposing  only  the  {11  20}  facets,  which  brings  additional  insight  into  the 
mechanisms  of  lateral  growth.  Comparing  samples  C  and  D  indicates  that  the  lateral  growth  rate 
increases  with  increasing  NH3  flow  rate  (or  V/III  ratio);  on  the  other  hand,  comparing  samples  B 
and  C  indicates  that  the  lateral  growth  rate  increases  when  the  partial  pressure  of  both  reactants  is 
increased  while  keeping  the  input  V/III  ratio  constant.  Thus  the  NH3  partial  pressure  appears  to 
be  more  important  in  determining  the  lateral  growth  rate.  The  reasons  for  this  are  unclear  but 
could  be  related  to  the  difference  in  diffusivity  in  the  gas  phase  or  residence  time  on  the  various 
surfaces  between  the  nitrogen  and  gallium  species,  such  that  the  effective  variation  of  partial 
pressures  at  the  growing  surface  is  significantly  different  than  that  of  the  input  flow. 

Our  results  indicate  that  the  two-step  process  is  suitable  for  increasing  the  lateral  growth 
rate,  which  is  a  potential  technological  advantage.  However,  although  samples  B,  C,  and  D 
exhibit  a  smooth  morphology  and  a  relatively  low  density  of  extended  defects,  their 
microstructure  appears  to  be  slightly  inferior  to  that  of  typical  samples  grown  with  a  slower 
lateral  growth  rate.  Preliminary  x-ray  diffraction  measurements  indicate  that  the  crystallographic 
tilt'^’^  between  the  seed  region  and  the  LEO  region  scales  with  the  ratio  r}^  This  tilt  correlates 
with  the  density  of  edge  dislocations  observed  above  the  edge  of  the  mask  opening  and, 
correspondingly,  at  the  merging  front  of  two  adjacent  stripes.  Therefore,  the  residual  density  of 
dislocations  in  a  fully-coalesced  LEO  film  is  likely  to  be  higher  for  a  larger  lateral  growth  rate. 
It  is  not  clear,  however,  that  this  will  be  a  limiting  factor  for  the  fabrication  of  devices  based  on 
LEO  GaN. 

Finally,  we  note  that  it  is  possible  to  extend  the  two-step  scheme  to  variations  of  other 
growth  parameters,  such  as  growth  temperature,  carrier  gas,  total  pressure,  and  doping  level. 
Our  preliminary  results  indicate  that,  in  all  cases,  process  variations  that  would  normally  be 
unfavorable  to  the  { 11  20}  facets  had  little  effect  on  the  stripe  morphology  over  a  wide  range  of 
conditions  provided  that  the  overgrowth  was  initiated  with  smooth  sidewalls.  However  we  have 
observed  that  the  {1011}  and  {1122}  facets  can  reappear  at  very  high  fill  factor  and  very  low 
temperature,  respectively.  This  suggests  that  the  stripe  morphology  tends  towards  the 
equilibrium  shape  dictated  by  the  driving  forces  (as  set  by  the  growth  conditions'^),  but  that  the 
use  of  a  seed  to  establish  the  initial  morphology  results  in  a  kinetically-limited  morphological 
evolution. 

CONCLUSIONS 

We  have  demonstrated  a  two-step  process  that  results  in  a  significant  increase  (up  to  a 
factor  of  2.6)  of  the  lateral  growth  rate  while  preserving  smooth  {11  20}  sidewalls  during  the 
LEO  of  GaN  stripes  aligned  in  the  <10T0>  directions.  The  microstructure  of  the  LEO  stripes 


grown  with  the  two-step  process  is  comparable  to  that  of  stripes  grown  using  a  conventional  one- 
step  process.  The  two-step  process  allows  one  to  extend  the  range  of  growth  conditions  for  LEO 
with  {1120}  sidewalls  to  higher  NH^  partial  pressure  and  higher  V/III  ratios,  which  should 
allow  greater  flexibility  in  the  design  of  device  structures  based  on  LEO  GaN. 
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ABSTRACT 

Transmission  electron  microscopy  was  applied  to  study  defects  in  laterally  overgrown 
GaN  layers,  with  initial  growth  on  AI2O3  substrates  followed  by  further  growth  over  Si02 
masks.  Dislocations  found  in  the  overgrown  areas  show  changes  in  line  direction.  Most 
dislocations  propagate  along  c-planes.  In  the  overgrown  material  planar  defects  (faulted  loops) 
are  present  on  c-planes  and  their  presence  is  most  probably  related  to  segregation  of  excess  point 
defects  and  impurities  present  in  this  material.  They  appear  to  be  initiated  by  the  fast  lateral 
growth.  Some  dislocations  with  screw  orientation  become  helical  resulting  from  climb  motion. 

Formation  of  voids  and  also  a  high  dislocation  density  was  observed  at  the  boundaries 
where  two  overgrowing  fronts  meet.  Tilt  and  twist  components  were  observed  for  these 
boundaries  that  were  different  for  different  overgrown  strips  grown  in  the  same  crystallographic 
direction  suggesting  that  the  GaN  subgrain  orientations  on  the  two  sides  of  a  Si02  mask  are 
responsible  for  the  final  tilt  and  twist  value. 

INTRODUCTION 

Lack  of  good  lattice  match  for  epitaxial  growth  of  GaN  on  AI2O3  or  SiC  results  in  high 
dislocation  density.  The  lateral  epitaxial  overgrowth  (LEO)  technique  is  a  promising  method  to 
reduce  dislocation  density  in  heteroepitaxial  systems.  It  has  recently  been  utilized  in  the 
deposition  of  GaN  by  metal  organic  chemical  vapor  deposition  (MOCVD)  [1-5].  The  LEO 
approach  consists  of  masking  parts  of  the  defective  epilayer  (GaN  grown  on  AI2O3  or  SiC)  with 
thin  strips  of  an  amorphous  layer  so  that  the  dislocations  under  the  mask  are  prevented  from 
propagating  into  the  overgrown  parts  of  the  layer  during  subsequent  growth.  Several  recent 
reports  [1-7]  for  this  type  of  growth  show  substantial  reduction  of  threading  dislocation  density. 

EXPERIMENTAL  AND  DISCUSSION 

The  III-N  epitaxial  films  for  this  work  were  grown  by  low-pressure  MOCVD  in  an 
EMCORE  D125  reactor  system  at  a  pressure  ~100  Torr  and  at  temperatures  in  the  range  lOSOjC 
2  Tg  2  llOOjC.  Hydrogen  was  used  as  the  main  process  gas  and  also  as  the  carrier  gas  for  the 
metal  alkyl  sources.  Trimethylgallium  (TMGa),  and  trimethylaluminium  (TMAl)  were  used  as 
Column  III  precursors.  High-purity  ammonia  was  used  as  the  N  source.  Typical  molar  flow  rates 
were  [TMGa]  ~  2x10-'^  mole/min  and  [NH3]  -0.57  mole/min,  resulting  in  V/III  ratios  -2,800. 
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First,  (0001)  GaN  heteroepitaxial  “substrates”  were  prepared  by  growing  ~2  pm  of  doped  or 
undoped  GaN  on  (0001)  sapphire  at  Tg  ~1050iC.  Silicon  dioxide  (Si02)  100  nm  thick  was  then 
used  as  a  mask  material  to  produce  selective-area  growth.  These  masks  were  then  patterned 
exposing  parallel  or  concentric  strips.  Overgrown  strips  oriented  along  the  ( I  TOO]  and  [1 1  2O] 
directions  have  been  studied. 

Transmission  electron  microscopy  was  applied  to  study  the  structure  of  GaN  films 
grown  on  these  patterned  substrates.  Cross-section  and  plan-view  thin  films  were  prepared.  Two 
types  of  overgrown  areas  were  studied,  those  where  overgrown  areas  were  separated  from  each 
other  and  cases  where  overgrown  areas  were  allowed  to  meet . 

Different  shapes  of  the  overgrown  strips  for  the  separated  overgrowths  were  observed 
(Fig.  1).  A  majority  of  the  strips  grown  along  [ITOO]  direction  had  rectangular  or  trapezoidal 
shapes  with  flat  surfaces  on  (0001).  The  walls  of  the  rectangular  strips  were  along  (1 1  2O)  planes, 
but  in  the  trapezoidal  strips  the  inclined  walls  were  on  (1  TOl)  planes.  However,  the  strips  grown 
along  [II2O]  direction  were  triangular,  with  inclined  walls  along  {1101}  planes.  Occa.sionally 
more  complicated  wall  shapes  were  also  observed.  It  appears  that  the  shape  or  faceting  is  also 
influenced  by  impurity  presence.  Fig.  2  shows  that  the  overgrowth  started  with  a  rectangular 
shape,  but  the  shape  changed  presumably  when  impurities  started  to  accumulate  on  the  facet 
walls. 


Fig.  1.  Cross-section  micrographs  obtained  for  the  GaN  strips  grown:  (a)  along  [1  lOO]  and  (b) 
[1 1  2O]  directions. 


Fig.  2.  (a)  Cross-section  TEM  micrograph  showing  the  shape  of  the  overgrown  strip  near  the 
Si02  mask  edge.  Note  change  of  shape  from  rectangular  to  the  inclined  on  (ITOl);  (b) 
Micrograph  showing  bending  of  dislocations  close  to  the  Si02  mask. 

Different  types  and  different  densities  of  defects  were  observed  for  the  open  areas 
between  masks  (homoepitaxial  growth)  and  in  the  areas  above  the  Si02  masks  (lateral 
overgrowth).  In  the  homoepitaxial  parts  threading  dislocations  were  present  with  the  dislocation 
density  in  the  range  of  7x10^  cm'2.  However,  in  the  overgrown  areas  defect  densities  and  their 


type  varied  depending  on  the  lateral  growth  rate,  strip  shape  and  depending  on  whether  two  strips 
came  into  contact  with  each  other  or  if  the  strips  remained  separated.  In  the  separated  strips 
defect  density  was  much  lower. 

Schematically  the  distribution  of  dislocations  is  shown  in  Fig.  3.  In  the  free  standing 
triangular  strips  all  dislocations  present  in  the  homoepitaxial  parts  (“open  mask”)  bend  toward 
the  side  walls.  At  some  particular  hight  of  the  triangle  each  threading  dislocation  will  become 
close  to  a  side  wall.  The  image  force  will  then  cause  dislocation  bending  toward  the  free  surface 
in  order  to  decrease  the  length  of  dislocation  line.  This  phenomenon  was  previously  observed  in 
GaN  for  dislocations  bending  toward  pinhole  walls  [8-9].  In  this  case  only  the  triangular  tip  will 
be  free  of  threading  dislocations,  as  was  also  observed  in  the  pyramids  grown  on  SiC  through 
circular  openings  [2]. 


Fig.  3.  Schematic  showing  bending  of  dislocations:  (a)  in  the  rectangular  and  (b)  in  the  triangular 
shape  strips. 

In  the  case  of  the  rectangular  strips,  depending  on  the  lateral  growth  rate  only  a  few  of  the 
dislocations  located  close  to  the  Si02  mask  edge  will  be  at  a  close  enough  distance  from  the  strip 
wall,  that  the  image  force  can  cause  their  bending  toward  the  free  surface.  If  the  lateral  growth 
rate  is  fast  enough  then  bent  dislocations  should  be  found  only  close  to  the  Si02  mask  and 
further  vertical  growth  over  the  mask  should  be  threading  dislocation  free.  This  was  observed 
experimentally  (Fig.  2b).  For  areas  above  the  Si02  mask  no  vertical  threading  dislocations  along 
the  c  axis  were  observed. 

Plan-view  micrographs  show  a  very  specific  distribution  of  dislocations.  In  the 
homoepitaxial  parts  defect  density  remains  practically  unchanged  compared  to  traditional  growth 
of  GaN  on  sapphire.  They  are  often  distributed  as  small  angle  grain  boundaries.  At  the  border 
where  lateral  growth  starts,  dislocations  elongated  along  the  strip  were  observed  (Fig.  4a).  Some 
of  them  bend  toward  the  side  walls  of  the  strips.  Dislocation  density  in  the  overgrown  areas  is 
much  smaller,  and  even  when  they  are  present  their  line  direction  is  almost  parallel  to  the  sample 
surface.  They  do  not  propagate  to  the  top  layers.  However,  much  higher  density  of  dislocations 
(about  IQl^  cm-2)  was  observed  where  two  strips  meet  (Fig.  4b).  These  dislocations  will 
propagate  to  the  layers  grown  on  top.  Different  contrast  on  the  two  sides  of  such  a  border  is 
observed  showing  the  misorientation. 

However,  other  typical  defects  are  present  in  the  overgrown  areas.  Planar  defects  such  as 
faulted  prismatic  dislocation  loops  were  observed.  They  are  all  formed  on  the  c  planes  (Fig.  5a) 
and  their  density  is  in  the  range  of  cm'2.  These  defects  are  similar  to  the  defects 

observed  in  bulk  GaN  platelets  grown  from  a  Ga  melt  under  a  high  hydrostatic  pressure  of 
nitrogen  [10].  Because  of  the  high  growth  rate  in  the  lateral  direction  a  growth  mistake  due  to 
accumulation  of  point  defects  or  impurities  can  lead  to  the  formation  of  stacking  faults  on  the  c 
planes  and  therefore,  to  the  formation  of  prismatic  dislocation  loops  on  these  planes. 


Fig.  4.  Plan-view  micrograph  showing:  (a)  the  interface  between  the  homoepitaxial  GaN  with 
dislocations  at  grain  boundaries  and  the  area  where  the  overgrowth  starts  with  dislocation  lines 
along  the  strip  length;  (b)  meeting  fronts  of  two  strips  showing  high  dislocation  density. 

This  high  growth  rate  in  the  lateral  direction  prevents  formation  of  straight  threading 
dislocations  and  the  formation  of  pinholes  and  nanotubes.  However,  both  these  defects,  pinholes 
and  nanotubes  were  observed  near  the  boundary  where  two  overgrown  fronts  meet.  At  each  such 
meeting  front  a  large  void  was  formed  extending  approximately  about  10  nm  above  the  oxide 
mask.  In  mo.st  cases  such  a  void  is  like  a  pinhole  with  facets  on  (1701)  planes  (Fig.  6).  It  is 
believed  that  formation  of  these  voids  is  related  to  impurity  accumulation  at  the  meeting  fronts 
(similarly  as  for  formation  of  pinholes  [8,9]).  Only  when  the  local  impurity  level  decreases  (at  a 
greater  distance  from  the  Si02  mask)  can  such  voids  be  overgrown. 


Fig.  5.  Defects  formed  in  the  overgrown  areas:  (a)  dislocation  loops,  (b)  helical  dislocations. 


Misorientation  between  the  two  meeting  growth  fronts  was  also  observed  resulting  in 
grain  boundaries  with  much  larger  tilt  and  twist  component  than  those  normally  observed  in  GaN 
grown  on  sapphire.  Misorientation  reveled  by  diffraction  patterns  taken  on  the  two  sides  of  the 
meeting  fronts  were  different  from  strip  to  strip  suggesting  that  this  misorientation  is  determined 
by  the  particular  subgrains  from  which  the  overgrowth  starts.  A  very  high  dislocation  density  can 
be  produced  at  the  meeting  points  of  two  growing  fronts.  Mostly  mixed  and  edge  types  of 
dislocations  were  formed  in  these  areas.  This  high  dislocation  density  is  primarily  a  result  of  the 
misorientation  between  the  two  meeting  growth  fronts. 

Beside  planar  defects  on  the  c  planes,  helical  dislocations  were  also  observed  in  some 
overgrown  areas  suggesting  a  supersaturation  of  point  defects.  Accumulation  of  point  defects 
could  induce  climb  of  straight  dislocations  having  a  screw  orientation  to  form  helical 
dislocations  (Fig.  5b).  Since  these  samples  were  not  annealed  after  growth,  it  is  believed  that 


excess  point  defects  are  formed  during  growth  and  that  they  subsequently  condense  on 
dislocations  during  cooling  from  the  growth  temperature. 


Fig.  6.  Cross-section  micrograph  showing  a  void  and  dislocations  at  the  meeting  front  of  two 
overgrown  strips 

These  results  show  that  LEO  samples  contain  three  different  areas  with  different  types  of 
defects  and  different  defect  densities.  The  homoepitaxial  parts  contain  threading  dislocations  and 
other  defects  similar  to  traditionally  grown  samples.  The  laterally  overgrown  areas  have  planar 
defects  (faulted  dislocation  loops),  some  bent  threading  dislocations  and  occasionally  helical 
dislocations.  Areas  where  two  growth  fronts  meet,  have  voids  and  a  high  dislocation  density  at 
the  boundary.  It  is  logical  to  assume  that  by  introducing  a  second  Si02  mask  over  homoepitaxial 
areas  and  carrying  out  a  second  overgrowth  it  should  be  possible  to  practically  eliminate 
threading  dislocations  in  the  sample.  However,  in  order  to  do  this  an  increased  number  of  masks 
would  be  required,  e.g.  masks  need  to  be  placed  over  the  homoepitaxial  parts  of  the  layers  and 
also  over  the  meeting  fronts  of  the  first  overgrown  areas. 

CONCLUSIONS 

These  observations  show  that  by  lateral  overgrowth  one  can  decrease  the  density  of 
threading  dislocations  intersecting  the  growth  surface.  These  are  the  most  deleterious  defects  for 
device  structures,  since  they  continue  to  propagate  into  the  next  layer  grown  on  top  of  the  GaN 
layer.  Planar  defects  are  still  formed  in  the  overgrown  areas  and  their  density  can  reach  the  same 
value  as  the  density  of  threading  dislocations  in  GaN  grown  directly  on  sapphire.  However, 
planar  defects  formed  on  c-planes  do  not  propagate  into  any  layer  grown  on  top  and  so  might  be 
much  less  damaging  for  device  structures.  Also  the  density  of  these  defects  may  be  related  to  the 
impurity  level  in  the  sample.  Different  types  of  masks  (without  oxygen)  might  lead  to  a  lower 
density  of  planar  defects.  The  faceting  of  overgrown  stripes  was  influenced  by  the 
crystallographic  orientation  and  probably  by  the  presence  of  impurities  (since  growth  along 
[II2O]  direction  immediately  leads  to  facet  formation  on  energetically  favorable  slow  growth 
(ITOl)  planes  inclined  62;  to  the  c-plane). 

Two  types  of  defects  were  observed  in  the  overgrown  areas:  dislocations  (which  change 
their  line  direction  from  vertical  toward  horizontal  (parallel  to  the  c-plane)  and  planar  defects- 


mostly  faulted  dislocation  loops  that  lie  in  the  c  plane.  Occasionally  helical  dislocations  were 
formed  by  interaction  between  screw  dislocation  segments  and  excess  point  defects. 

At  the  boundaries  where  two  growth  fronts  meet  a  much  higher  tilt  and  twist  component 
was  observed  than  that  for  subgrain  boundaries  in  traditionally  grown  GaN.  This  misorientation 
was  shown  by  diffraction  patterns  taken  on  the  two  sides  of  such  boundaries.  In  addition,  voids 
are  also  formed  at  these  “meeting  boundaries”  which  are  most  probably  related  to  the  presence  of 
impurities,  e.g.  oxygen  from  the  Si02  masks. 

Lateral  overgrowth  does  appear  to  be  a  promising  technique  to  achieve  lower  defect 
density,  especially  if  impurity  levels  can  be  further  reduced. 
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ABSTRACT 

Epitaxial  lateral  overgrowth  (ELO)  of  GaN  on  Si02-masked  (0001)  GaN  substrates  has  been 
investigated  by  using  chloride-based  growth  chemistries  via  hydride  vapor  phase  epitaxy 
(HVPE)  and  metal  organic  vapor  phase  epitaxy  (MOVPE).  Diethyl  gallium  chloride, 
(C2H5)2GaCl,  was  used  in  as  the  MOVPE  Ga  precursor.  The  lateral  and  vertical  growth  rates  as 
well  as  the  overgrowth  morphology  of  ELO  GaN  structures  are  dependent  on  growth 
temperature,  V/III  ratio  and  the  in-plane  orientation  of  the  mask  opening.  A  high  growth 
temperature  and  low  V/III  ratio  increase  the  lateral  growth  rate  and  produce  ELO  structures  with 
a  planar  surface  to  the  GaN  prisms.  High-quality  coalesced  and  planar  ELO  GaN  has  been 
fabricated  by  both  growth  chemistries.  The  use  of  the  diethyl  gallium  chloride  source  allows  for 
the  benefits  of  HVPE  growth  to  be  realized  within  the  MOVPE  growth  environment. 

INTRODUCTION 

GaN  and  related  compounds  are  being  developed  for  short  wavelength  light-emitting  devices, 
such  as  laser  (LD)  and  light-emitting  diodes  (LED),  in  addition  to  high  temperature  and  high 
power  electronics.  GaN-based  LEDs  and  LDs  have  been  successfully  developed  and  are  being 
commercialized.  Several  factors  impede  the  further  development  of  GaN  devices.  A  principal 
difficulty  is  the  high  density  of  dislocations  within  the  GaN  epilayers,  which  can  be  as  high  as 
10^-10’°/cm^  [1].  Recently,  epitaxial  lateral  overgrowth  (ELO)  has  been  demonstrated  to 
effectively  reduce  the  dislocation  density  in  the  GaN  epilayers  within  the  lateral  overgrown 
regions  [2].  Long-lifetime  GaN  LDs  fabricated  on  ELO-grown  materials  has  been  reported  [3]. 
Most  reports  on  GaN  ELO  have  used  the  metalorganic  vapor  phase  epitaxy  (MOVPE)  growth 
technique  [4,5].  Hydride  vapor  phase  epitaxy  (HVPE)  is  also  a  very  attractive  technique  for  GaN 
ELO.  HVPE  utilizes  GaCl  generated  in  situ  through  the  reaction  of  liquid  Ga  with  HCl.  HVPE 
offers  a  high  growth  rate  and  high  material  quality  for  GaN  growth  [6,7].  The  typical  growth  rate 
can  be  as  high  as  100-200  {im/hr.  The  halide  process  has  been  shown  to  offer  a  higher  lateral-to- 
vertical  growth  rate  ratio  [8]  than  MOVPE  materials,  which  is  critical  for  ELO.  GaN  produced 
by  the  HVPE  technique  does  result  in  a  greatly  reduced  intensity  of  the  defect-based 
luminescence  referred  to  as  the  yellow  band  (YL)  when  compared  to  the  TMG-based  MOVPE 
materials.  This  has  been  attributed  to  the  lack  of  carbon  in  the  HVPE  growth  system  but  is 
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present  in  the  growth  sources  used  in  MOVPE-growth  systems.  Intentional  carbon  introduction 
into  HVPE  materials  can  result  in  the  appearance  of  YL  [9].  If  a  controlled  amount  of  GaCl  can 
be  introduced  into  a  cold  wall  MOVPE  reactor,  a  low  carbon  source  could  be  combined  with  the 
advantages  of  the  MOVPE  reactor  environment.  Diethyl  gallium  chloride  (DEGaCl)  is  used  here 
as  a  Ga  source  in  GaN  ELO  growth.  DEGaCl  will  decompose  to  GaCl  through  the  P-elimination 
reaction  in  the  gas  phase  allowing  the  in  situ  formation  of  GaCl  at  relatively  low  gas  phase 
temperatures: 

{C^H,\GaCl->GaCU2C.H,  +  H^  ( 1) . 

The  decomposition  of  the  DEGaCl  to  GaCl  near  the  growth  front  makes  it  possible  to  realize  a 
high  quality  growth  of  GaN  through  a  HVPE  chemistry  at  high  V/III  ratio.  This  source  was 
successfully  used  in  GaAs  growth  that  resulted  in  high  uniformity,  low  carbon  content  GaAs  film 
[10,  11].  GaAs  selective  area  growth,  with  a  complete  selectivity  of  GaAs  growth  with  respect  to 
Si02,  Si3N4,  and  AI2O3  masking  materials,  has  been  demonstrated  over  a  wide  range  of  process 
window  [12,13,14].  The  present  work  demonstrates  the  utility  of  the  DEGaCl  source  in  GaN 
ELO.  In  this  paper,  we  systematically  investigate  the  GaN  ELO  by  using  both  HVPE  and 
MOVPE  with  DEGaCl  as  the  Ga  source.  It  has  been  found  that  both  the  growth  rate  and  the 
geometric  shape  of  the  GaN  prisms  are  dependent  on  the  growth  condition  and  the  orientation  of 
the  window  opening.  High  growth  temperatures  and  a  low  V/III  ratio  are  helpful  in  enhancing 
the  lateral  overgrowth.  Under  optimized  growth  conditions,  high  quality  ELO  GaN  films  are 
produced  with  a  planar  surfaces  and  free  of  observable  voids  at  the  coalescence  interface. 

EXPERIMENTS  AND  RESULTS 

The  initial  GaN  'substrate'  is  a  1pm  thick  GaN  film  grown  by  MOVPE  on  a  (0001)  .sapphire 
substrate.  The  masking  material  a  -lOOnm  thick  patterned  CVD  SiO^  layer.  There  are  two  kinds 
of  pattern  used  in  this  study.  The  first  pattern  is  a  radial  pattern  consisting  of  many  *-5  pm  wide 
stripe  openings  in  the  masking  materials  with  a  0.74°  angle  separation.  An  additional  pattern 
consisted  of  2-4pm  wide  parallel  stripe  openings  on  a  12pm  pitch  oriented  along  the  <  1  1  00> 
orientation.  The  substrates  were  used  in  a  subsequent  ELO  GaN  growth  step  in  both  HVPE  and 
MOVPE  systems,  with  DEGaCl  as  the  Ga  source  in  the  latter  case.  In  the  HVPE  process,  the 
growth  temperature  is  varied  over  the  range  of  1030-1 100°C.  The  input  V/III  ratio,  calculated  as 
the  ratio  of  the  input  NH3  to  input  HCl  flow  rates,  is  controlled  between  33  to  83  corresponding 
to  a  NH3  mole  fraction,  [NH3],  of  0.076-0.12.  Nitrogen  was  used  as  the  carrier  gas.  In  the 
MOVPE  process,  the  growth  temperature  is  varied  over  the  range  of  1000-I100"C,  while  the 
input  V/III  ratio  is  varied  over  the  range  of  1800-3400.  The  hydrogen  is  u.sed  as  the  carrier  gas  in 
this  case. 

The  extent  and  properties  of  the  GaN  ELO  on  SiO^-masked  substrates  were  determined. 
Both  the  growth  rate  and  the  morphology  of  ELO  regions  depend  on  the  growth  conditions  and 
stripe  or  opening  orientation.  Figure  1  presents  the  typical  growth  morphology,  obtained  through 
scanning  electron  microscopy  (SEM)  on  a  HVPE  GaN  ELO  sample  on  a  radial  patterned 
substrate  using  the  growth  conditions  of  Tg=1050°C,  input  mole  fraction  [NH3]=0. 12  and  HCl 
input  mole  fraction  of  [HC1]=0.0022.  In  the  Figure  1(a)  is  an  image  of  an  ELO  GaN  prism 
obtained  within  an  opening  oriented  along  the<  1 120  >  direction  while  Figure  1(c)  is  an  image  of 
a  <  1  1 00  > -oriented  prism.  The  prism  shown  in  Figure  1(b)  was  formed  in  a  direction 


Figure  1 :  The  orientation  dependence  of  GaN  ELO  prisms  grown  by  HVPE.  The  stripe  opening 
_ was  varied  from  the  <  1 120  >  to  <  iTOO  >  in-plane  directions. _ 

intermediate  to  the  <  1120 > and <  iT 00 > directions.  The  prism  cross-section  changes  with  the 
different  stripe  orientations.  The  cross-section  of  the  <1120>  prisms  is  a  triangle  with  a  base 
angle  of -62°,  which  indicates  that  these  prism  sidewalls  are  (1 101)  planes.  The  cross-sectional 
shape  of  the <lT00> -oriented  prism  is  a  trapezoid.  It  is  worthwhile  to  point  out  that  the 
<  1120  > -oriented  prism  has  the  smoothest  sidewalls,  while  the  <  1 1 00  > -oriented  prism  has 
much  rougher  sidewalls.  This  may  indicate  that  the  (iTOl)  planes  are  the  more  stable  growth 
facets  under  these  growth  conditions.  Both  the  lateral  and  vertical  growth  rates  are  dependent  on 
the  stripe  opening  orientation.  From  Figure  1,  we  find  that  the  <  1120  > -oriented  prism  has  the 
lowest  lateral  growth  rate  but  the  highest  vertical  growth  rate.  The  <  1 1 00  >  -oriented  prism  has 
the  highest  lateral  growth  rate  and  the  lowest  vertical  growth  rate. 

The  SEM  observations  also  reveal  a  strong  dependence  of  the  geometric  prism  shape  on 
the  specific  growth  conditions.  Figure  2  shows  two  SEM  micrographs  of  the  cross-sections  of 
GaN  HVPE  ELO  prisms  oriented  along  the  <  1 120>  and  <  1 TOO  >  directions,  respectively.  The 
growth  conditions  employed  for  these  samples  were  Tg=1100°C,  [NH3]=0.076  and  [HC1]=0.023. 
The  conversion  efficiency  of  the  HCl  to  GaCl  is  approximately  60-70%.  As  the  growth 


<1120>  lOfim  <1100> 


Figure  2:  The  orientation  dependence  of  cross-sections  of  prisms  grown  under  high  temperature 
and  low  V/III  ratio.  The  heavy  lines  indicate  the  bounding  surfaces  of  the  ELO  regions. 


Figure  3:  Cross-sectional  SEM  picture  of  a  coalesced  ELO 
GaN  sample  grown  by  HVPE.  There  is  no  void 
observed  at  the  coalescence  interface. 


temperature  is  elevated  and  the 
V/III  ratio  decreased,  the  cross- 
sectional  shape  of  the  ELO 
prisms  change.  The  <1120> 
prism  cross-section  changes 
from  a  triangle  to  a  rectangle, 
and  that  of  the  <  1  1  00  >  prism 
changes  from  a  trapezoid  to  a 
reverse-trapezoidal  structure. 
The  latter  result  has  not  been 
previously  reported  in  the  GaN 
ELO  literature. 

Under  optimized 

growth  conditions,  high-quality 
coalesced  ELO  GaN  films  on 


parallel  patterned  substrates,  having  planar  surfaces,  have  been  fabricated  by  the  HVPE 
technique.  A  cross-sectional  SEM  image  of  the  coalesced  film  is  shown  in  Figure  3.  The  growth 
temperature  is  1  lOO^C  and  [NH3]=0.076,  [HCI]=0.023  for  this  sample.  No  observable  void  was 
found  at  the  coalescence  interface  under  these  conditions. 

MOVPE  GaN  ELO,  when  using  DEGaCl,  exhibit  similar  trends  to  the  HVPE  samples. 
As  shown  in  Figure  4,  the  MOVPE  ELO  GaN  samples  grown  in  <  1  1  00  > -oriented  parallel 
stripes  under  the  same  V/III  ratio  of  3500,  have  a  changing  morphology  with  growth 
temperature.  The  cross-section  of  ELO  GaN  prisms  is  strongly  dependent  on  growth  temperature 
over  the  range  1 100"C  to  1000”C.  The  cross-section  of  ELO  GaN  prisms  grown  at  1  lOO^C  is 
close  to  rectangular,  while  those  of  ELO  GaN  prisms  grown  at  lower  than  1050"C  are  triangular. 
The  lateral  growth  rate  of  ELO  GaN  increases  with  increasing  growth  temperature  while  the 
growth  temperature  at  this  V/III  ratio  only  weakly  influences  the  vertical  growth  rate. 
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Figure  4:  The  growth  temperature  dependence  of  MOVPE  ELO  GaN  by  using  DEGaCl  on  the 
<1  1  00>  -  oriented  parallel  stripes  with  a  constant  V/III  ratio  of  3500. 

The  dependence  of  MOVPE  GaN  ELO,  using  DEGaCl,  on  the  V/III  ratio  during  growth 
has  been  investigated  and  is  shown  in  Figure  5.  These  GaN  ELO  samples  were  grown  at  the 
growth  temperature  of  1 100"C  over  the  V/III  ratio  range  of  3500-1800.  The  cross-section  of  ELO 
GaN  prisms  grown  with  V/III  ratio  of  1800  is  rectangular,  while  those  of  ELO  GaN  prisms 
grown  with  higher  V/III  ratio  are  trapezoidal,  with  sloping  facets  becoming  evident.  The  lateral 
and  vertical  growth  rates  are  somewhat  dependent  on  the  V/III  ratio  at  this  temperature  with  a 
lower  V/III  ratio  leading  to  a  higher  vertical  growth  rate. 
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Figure  4:  The  dependence  of  MOVPE  ELO  GaN  by  using  DEGaCl  with  the  <  1 1 00  >  -oriented 
_ parallel  stripes  pattern  at  the  constant  growth  temperature  of  1  lOO^^C. _ 


DISCUSSION 

The  resulting  structure  during  the  ELO  process  is  known  to  be  dependent  on  the  gas  phase 
transport  of  reactants  to  the  growth  front,  which  is  dependent  on  the  growth  conditions  and  mask 
geometry.  The  difference  in  growth  behavior  between  the  inorganic,  GaCl-based  growth,  and 
conventional  MOVPE  ELO  using  trimethyl  gallium,  also  indicates  that  the  growth  chemistry 
plays  an  important  role  in  the  local  growth  rates  and  facet  formation  [8],  The  chemical  and 
physical  properties  of  mask  and  substrate  materials  affect  the  surface  diffusion  [15],  nucleation 
and  kinetics.  The  lateral  and  vertical  growth  rates  of  ELO  GaN  are  thus  determined  by  the 
interplay  of  these  various  influences  at  the  growth  front.  The  local  growth  environments  near  a 
mask  opening  will  differ  from  those  in  large-scale  deposition  and  the  optimization  of  the  material 
properties  and  growth  habit  of  the  localized  regions  may  be  quite  different  from  that  found  on 
non-masked  regions.  Under  the  conventional  conditions  for  HVPE  deposition,  it  has  been 
suggested  from  the  observed  large  surface  roughness  of  HVPE-grown  large  scale  GaN  films  that 
the  (0001)  plane  is  not  the  most  stable  growth  facet  [6].  Under  such  conditions,  the  most  stable 
growth  front  is  thought  to  be  the  (iTOl)  planes.  Higher  growth  temperatures  and  lower  V/III 
ratios  decrease  the  supersaturation  (driving  force)  [8].  The  resulting  lower  growth  rate  would 
enhance  the  surface  diffusion  rate  of  reactants  over  the  (0001)  plane  to  adjacent,  more  favored 
growth  facets  and  result  in  a  higher  lateral  growth  rate  and  a  variety  of  prismatic  structures.  The 
use  of  a  chloride-containing  Ga  source  in  both  these  systems  allows  for  the  addition  of  several 
chemical  reactions  to  the  growth  front  chemistry.  The  simplest  set  of  chemical  reactions 
important  at  the  GaN  growth  front  in  the  case  of  chloride-based  growth  is: 

GaCl  +  NH,  ->  GaN  +  HCl  +  (2) 

GaN  ^  HCl  <=>  GaCl  +  -N^+-H^  (3) 

2  2 

where  in  the  DEGaCl  case,  the  GaCl  is  generated  through  the  intramolecular  decomposition  of 
the  growth  source  as  presented  in  Equation  1.  Reaction  3  implies  equilibrium  between  the  steady 
state  concentrations  of  HCl  and  GaCl  at  the  growth  front.  The  MOVPE  growth  front  has  often 
been  considered  to  be  near  thermodynamic  equilibrium  [16].  If  this  is  the  case  for  the  high 
temperature  growth  of  GaN,  the  supersaturation  at  the  growth  front  will  decrease  with  increasing 
temperature  due  the  reversible  reaction  associated  with  the  HCl  reacting  at  the  GaN  surface.  A 
similarity  between  the  growth  habits  and  behavior  between  the  HVPE  and  MOVPE-DEGaCl 
systems  is  therefore  expected. 

The  presence  of  chlorine  in  the  growth  system  can  modify  the  growth  habit  from  the 
trimethyl  gallium  based  growth.  Experimentally,  the  chloride-based  systems  lead  to  both  higher 
lateral-to-vertical  growth  and  desirable  growth  facets,  such  as  vertical  sidewalls  over  a  broader 


range  of  growth  conditions.  The  near  surface  concentration  of  GaCl  in  the  HVPE  system  is 
higher  than  in  the  DEGaCl  systems.  If  adsorbed  chlorine  or  GaCl  species  can  stabilize  certain 
facets,  the  higher  concentration  of  GaCl  within  the  HVPE  would  more  readily  promote  the 
formation  of  specific  facets,  such  as  the  {iTOO}  planes,  over  the  DEGaCl-based  MOVPE 
growth.  Regardless  of  the  specific  chemical  mechanism,  the  use  of  GaCl  within  either  of  these 
systems  leads  to  improved  ELO  characteristics  over  conventional  MOVPE  growth  using  simple 
metal  alkyls. 

CONCLUSIONS 

ELO  of  GaN  has  been  systematically  investigated  by  using  chloride-based  growth  chemistry  in 
both  HVPE  and  MOVPE,  through  the  use  of  DEGaCl,  systems.  The  lateral  and  vertical  growth 
rates  as  well  as  the  morphology  of  the  ELO  regions  depend  on  the  growth  condition  and 
orientations  of  opening  stripes.  The  high  growth  temperatures  and  a  low  V/ill  ratio  enhance  the 
lateral  overgrowth.  The  reverse  trapezoid  prism  has  been  fabricated  in  f  1  1 00]  stripes  under  the 
growth  temperature  of  1 100°C  and  the  V/III  ratio  of  33.  Under  the  optimized  ELO  conditions, 
high  quality  flat-topped  and  coalesced  GaN  ELO  films  have  been  successfully  fabricated  and  no 
observable  voids  found  at  the  coalescence  interface. 
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ABSTRACT 


The  evolution  of  the  topography  of  GaN  stripes  as  a  function  of  stripe  width  (2  -  120 
pm),  fill  factor  and  substrate  smoothness  has  been  explored.  The  spatially  resolved  optical 
properties  of  these  structures  have  been  characterized  by  cathodoluminescence  imaging  and  line 
scans.  Implications  from  the  optical  study  have  been  discussed. 

INTRODUCTION 


Epitaxial  lateral  overgrowth  (ELO)  of  GaN  on  patterned  substrates  has  been  widely 
studied  since  the  realization  of  a  long  lifetime  GaN-based  laser  diode  (LD)  using  this  technique.  ^ 
It  is  believed  that  ELO  reduces  dislocation  density  by  blocking  the  dislocation  propagation  from 
the  under  layer  using  the  oxide  mask.  Using  ELO  to  reduce  dislocation  density  on  mismatched 
heteroepitaxial  semiconductor  layers  can  be  dated  back  to  the  extensive  study  of  ELO  by  liquid 
phase  epitaxy  (LPE)  by  Nishinaga  et  al?  It  has  been  demonstrated  by  many  groups  that  the 
application  of  this  technique  leads  to  the  growth  of  extremely  low  dislocation  density  materials 
including  GaAs,  InP,  GcxSii.x  on  Si  substrates  and  InGaAs  on  a  GaAs  substrate.  In  addition,  the 
ELO  technique  is  useful  to  relieve  stress  caused  by  both  the  lattice  mismatch  and  the  difference 
in  thermal  expansion  coefficient.^ 

An  ELO  process  starts  from  a  basic  selective  area  epitaxial  (SAE)  substrate  which  is 
usually  patterned  lithographically  with  a  dielectric  material  such  Si02  or  SiNx  as  the  mask.  In  the 
ideal  SAE  case,  deposition  can  only  take  place  within  the  openings  but  not  on  the  mask. 
However,  lateral  growth  on  top  of  the  mask  beyond  the  opening  is  possible.  Illustrated  in  Figure 
1  (cross-section  view)  are  three  possible  types  of  sidewall  growth  topographies  for  stripe 
patterns.  In  the  case  of  Figure  1(a),  there  is  zero  tendency  for  lateral  growth  and  a  rectangular 
cross  section  with  the  same  width  as  the  mask  opening  is  obtained.  GaN  rectangular  shaped 
waveguides  and  GaN  hexagonal  microprisms  with  smooth  vertical  facets  have  been  fabricated.'^’^ 
In  the  case  of  a  nonzero  ratio  of  lateral-to-vertical  growth  rate,  which  depends  on  the  mask 
pattern  and  the  growth  conditions,  growth  beyond  the  opening  can  be  obtained  (Figure  1(b)). 
Kapolnek  et  al.  have  reported  anisotropy  in  GaN  epitaxial  lateral  growth.^  Prolonged  growth 
leads  to  the  coalescence  of  adjacent  selectively  grown  stripes  and  a  flat  surface  across  the  entire 
substrate,  as  demonstrated  by  Nam  et  al  for  GaN  growth  using  SiC  substrates.^  Figure  1(c) 
shows  another  type  of  topography  where  the  vertical  growth  planes  face  out  as  growth  proceeds 
and  a  triangular  cross  section  is  developed.  For  GaN  selective  growth  on  a  10  pm  wide  stripe, 
Kato  et  al  identified  the  side  facets  of  the  triangle  as  (1101).*  Prolonged  growth  in  this  case  also 
leads  to  the  coalescence  of  the  selectively  grown  stripes  by  growing  on  the  side  facets  of  the 
triangle,  and  eventually  the  top  surface  will  level  off.  Usui  et  al  have  recently  demonstrated  the 
growth  of  a  continuous  thick  GaN  film  with  low  dislocation  density  by  hydride  vapor  face 
epitaxy  (HVPE)  from  the  coalescence  of  (1101)  facets  on  the  oxide  mask.^  We  have  previously 
reported  the  selective  growth  of  GaN  by  atmospheric  pressure  MOCVD,  with  focus  on  the 
topography  and  optical  properties  of  the  wide  stripes  (50  -  125  pm).’^  Recently,  we  have  also 
demonstrated  the  ELO  of  GaN  from  narrow  stripes  (2-6  pm)  with  triangular  cross  sections  and 
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explored  the  spatially  resolved  optical  properties  at  each  ELO  stage."  In  this  paper,  we  explore 
the  evolution  of  topography  of  GaN  structures  grown  by  SAE  and  subsequent  ELO  as  a  function 
of  pattern  geometry  and  growth  parameters.  We  also  discuss  the  origin  of  different  emission 
bands  of  GaN  through  spatially  resolved  cathodoluminescence  study. 


(a) 


(b) 

(c) 

Figure  1  A  schematic  of  three  types  of  growth  topography  (cross  section)  for  stripe  patterns  (a) 

SAE  with  vertical  sidewalls,  (b)  ELO  with  vertical  sidewalls  (c)  SAE  with  triangular  cross  section. 

EXPERIMENTAL 

The  GaN  growth  was  carried  out  in  a  vertical  configuration  atmospheric  pressure 
MOeVD  reactor.  TMGa  and  NH3  were  used  as  Ga  and  N  precursors,  respectively.  H2  was  used 
as  a  carrier  gas.  A  buffer  layer  grown  at  ~  550®C  was  deposited  on  (0001)  sapphire  substrate 
before  the  growth  of  GaN  epi-layer.  Lithographically  defined  patterns  were  formed  either  on  a  3 
pm  thick  GaN  epi layer  or  directly  on  a  GaN  buffer  layer.  Patterns  studied  include  stripes  (50  - 
120  pm)  spaced  by  350  pm,  arrays  of  narrow  stripes  (2-  6  pm  wide)  spaced  by  2  -  10  pm 
between  stripes  and  by  350  pm  between  stripe  arrays.  A  cross  structure  (25  x  80  pm)  is  also 
studied  in  this  report.  The  stripes  were  oriented  either  perpendicular  or  parallel  to  the  sapphire 
(1 120)  flat.  Under  our  typical  growth  condition,  the  lateral  growth  rate  for  these  two  directions 
differ  by  a  factor  of  1.5.  The  patterned  samples  were  then  heated  under  NH3  in  the  MOCVD 
chamber  to  ~1020°C  for  the  growth  of  the  GaN  overlayer.  A  Zeiss  SEM  equipped  with  Oxford 
MonoCL  setup  was  used  for  morphology  and  optical  characterization.  All  cathodoluminescence 
(CL)  spectra  and  images  were  taken  at  room  temperature.  A  DI  nanoscope  III  AFM  was  used  for 
topography  measurements.  Details  of  the  growth  condition  and  the  CL  setup  have  been  described 
previously. 

RESULTS  AND  DISCUSSION 


We  have  grown  GaN  wide  stripes  (25  -  120  pm)  spaced  by  350  pm  on  a  3  pm  thick  GaN 
epilayer.  Figure  2  shows  an  AFM  image  of  a  75  pm  wide  stripe.  Growth  rate  enhancement  is  a 
common  phenomenon  in  selective  area  epitaxy,  due  to  the  lateral  diffusion  of  source  materials 
from  the  masked  to  the  open  area.  The  nominal  growth  thickness  in  this  case  is  0.2  pm.  The 
enhancement  factor  is  in  the  range  of  5  -  10  from  the  stripe  center  to  the  edge.  Under  the 
specified  experimental  condition,  5  pm- wide  plateaus  are  observed  at  the  edges.  As  previously 
reported,  the  width  of  the  terraces  do  not  appear  to  change  with  stripe  width  and  presumably  is 
limited  by  the  surface  diffusion  length  of  the  Ga  species.*^  Note  that  wide  stripes  grown  directly 
on  a  low-temperature-grown  buffer  layer  do  not  form  wide  plateaus,  probably  because  of  the 
smaller  diffusion  length  due  to  rough  surface. 


Figure  2  AFM  image  of  a  75  )j,m  GaN  stripe 
grown  on  a  3  |xm  GaN  epilayer. 


Figure  3  shows  a  SEM  image  of  a  cross  structure  and  an  AFM  image  of  part  of  the  cross. 
As  in  the  case  of  stripes,  plateaus  are  observed  at  the  edges  of  the  cross.  The  plateau  shape  is 
different  because  the  concentration  gradient  of  the  source  materials,  which  drives  the  lateral 
diffusion,  depends  on  the  geometry  of  the  pattern.  For  stripes,  diffusion  comes  from  both  sides  of 
the  stripe  equally.  For  a  cross  structure  of  this  width,  the  lateral  diffusion  of  source  materials 
between  the  two  arms  goes  to  both  arms,  while  the  middle  of  the  convex  edge  of  the  cross  gets 
enhancement  similar  to  the  stripe  case.  In  fact,  the  width  of  the  plateau  at  the  middle  point  of  the 
convex  edge  is  about  5  urn,  as  is  the  case  for  the  stripes.  Note  that  the  rough  morphology  of  the 
edges  in  this  structure  can  be  improved  by  increasing  the  NH3  flow,  as  described  in  the  previous 
paper  for  the  stripes.'” 


Based  on  the  nature  of  the  plateau,  one  can  speculate  that  as  the  stripe  width  decreases, 
the  stripe  should  continue  having  the  two  plateaus  on  both  sides  but  the  concave  profile  in  the 
middle  should  be  reduced  with  stripe  width.  Furthermore,  for  stripes  narrower  than  the  plateau 
width  (5  M-m  in  this  case),  the  top  should  be  leveled.  Figure  4  shows  an  AFM  image  of  an  array 
of  3.5  pm  wide  stripes  and  its  cross  section.  Indeed,  these  stripes  show  flat  tops  and  vertical 
sidewalls.  This  is  the  case  illustrated  in  Figure  1(a). 


Figure  4  an  AFM  image  of  an  array  of  3.5  iJ,m  wide  stripes  (left)  and  its  cross  section  (right). 


However,  stripes  with  triangle  cross  sections,  case  (c)  in  Figure  1,  can  be  formed  easily. 
Shown  in  Figure  5  is  an  array  of  5  pm  wide  stripes  with  triangular  cross  sections.  It  has  been 
reported  that  the  topography  of  the  stripes  depends  on  pattern  orientation  and  growth  parameters 
such  as  growth  temperature,  flow  rates  and  V/III  ratios. We  report  here  that  two  other  factors 
also  play  a  role:  fill  factor  (ratio  of  open  to  masked  area)  and  surface  roughness.  (1)  Fill  factor 
effect:  a  small  fill  factor  (e.  g.  narrow  stripes  near  a  large  masked  area)  favors  the  formation  of 
triangular  cross  sections.  Smaller  fill  factor  give  rise  to  larger  effective  flow  rate  of  Ga  species 
due  to  lateral  enhancement  from  the  masked  region,  and  thus  smaller  surface  diffusion  length  on 
the  (0001)  surface.  (2)  Surface  roughness  effect:  SAE  directly  on  a  low-temperature-grown 
buffer  layer  (rough)  yields  triangular  stripes  while  SAE  on  a  high  quality  GaN  epilayer  yields 
rectangular  stripes.  Rough  surface  also  results  in  smaller  surface  diffusion  length.  The  above 
observation  and  analysis  are  consistent  with  the  following  picture:  the  small  diffusion  length  on 
the  (0001)  plane  makes  it  a  fast  and  thus  invisible  growth  plane  because  the  adsorbed  Ga  species 
do  not  diffuse  to  the  side  walls.  Our  hypothesis  is  consistent  with  that  proposed  by  Nam  et  al.  in 
their  study  of  the  effect  of  Ga  flow  rate  on  the  stripe  morphology.'"* 


Figure  5  an  AFM  image  of  an  array  of  5  [im  wide  stripes  and  its  cross  section. 

Similar  to  the  rectangular  shaped  stripes,  prolonged  growth  over  these  triangular  stripes 
also  lead  to  lateral  overgrowth  on  the  masked  area.  ' 


It  has  been  proposed  that  yellow  emission  originates  from  threading  dislocations  and 
threading  dislocations  quench  band-edge  luminescence.'^'^  Figure  6  and  7  show  two  cases 
where  precise  reverse  contrast  between  the  band-edge  and  yellow  emission  has  been  observed  in 
CL  imaging. 


Figure  6  CL  images  of  the  cross  taken  at  360  nm 
(left)  and  560  nm  (right).  See  Figure  3  for  the 
corresponding  SEM  image. 


Figure  7  CL  images  of  an  array  of  triangular  stripes 
with  3.7  pm  opening  and  5  pm  spacing  taken  at  368 
nm  (upper)  and  560  nm  (lower). 


It  is  important  to  note  that  precise  reverse  contrast  is  not  observed  in  all  of  our  samples. 
Locations  with  stronger  band-edge  emission  sometimes  also  show  strong  yellow  band.  Figure  4 
in  reference  11  is  an  example  of  the  non-reversed  contrast  between  yellow  and  band-edge 
emission.  TEM  analysis  of  samples  with  reverse  and  identical  contrast  in  CL  imaging  of  band- 
edge  and  yellow  emission  is  underway  to  investigate  whether  threading  dislocations  are  the 
source  of  yellow  band. 

2.2  Donor-accentor  pair  ID  API  recombination 

Shown  in  Figure  8  are  the  CL  images  taken  at  385  nm  (DAP  recombination) for  the 
cross  structure  and  a  50  pm  stripe.  For  the  50  pm  stripe,  the  first  group  of  bright  lines  appears  at 
the  boundaries  between  the  plateaus  and  the  concave  profiles.  They  are  oriented  along  the  stripe 
direction.  The  second  group  appears  at  the  boundary  between  the  steep  walls  of  the  concave 
profile  and  its  largely  flat  middle  part  (see  Figure  2  for  profile).  For  the  cross,  strong  DAP 
emission  appears  at  the  boundary  between  plateaus  and  the  concave  profile.  This  implies  that 
DAP  recombination  is  associated  with  stress  created  by  high  aspect  ratio  in  topography. 


Figure  8  CL  images  taken  at  385  nm  for  the  cross  structure  (left,  see  Figure  3  for  its  SEM 
image)  and  a  50  gm  stripe  (topography  is  similar  to  the  75  |xm  stripe  shown  in  Figure  2). 

2.3  ELO  of  GaN:  improvement  of  optical  properties 

Shown  in  Figure  9  are  the  CL  images  (top)  and  line  scans  (bottom)  taken  at  368  nm  (left) 
and  560  nm  (right)  for  an  array  of  stripes  with  triangular  cross  sections,  at  the  ELO  stage  before 
coalescence.  These  stripes  were  grown  on  a  GaN  buffer  layer.  Topography  is  similar  to  the  one 
shown  in  Figure  5.  The  original  stripe  opening  defined  by  lithography  patterning  is  5  pm  and  the 
spacing  is  7  pm.  For  the  CL  distribution  in  the  opening  region,  see  Figure  7  and  related  text  for 
discussion.  It  is  apparent,  especially  Irom  the  CL  line  scan,  that  the  ELO  part  of  GaN  show 
stronger  band-edge  emission  (dip  in  the  line  scan  is  due  to  the  gap  between  stripes)  and  weaker 
yellow  emission  than  the  GaN  grown  in  the  stripe  opening.  Similar  optical  characterization 
showing  the  improvement  of  band-edge  and  yellow  emission  through  the  ELO  of  GaN  stripes 
with  rectagular  cross  sections  has  been  reported.’^  ’^  In  addition,  we  have  observed  the 
appearance  of  the  free  exciton  peak  in  the  ELO  region." 

Assuming  the  ELO  region  has  low  dislocation  density  as  reported  by  other  groups,^  the 
weak  yellow  band  in  the  ELO  region  may  indicate  that  yellow  band  emission  is  associated  with 
dislocations.  However,  it  could  also  be  a  result  of  reduced  strain  in  the  ELO  material. 
Furthermore,  point  defects  and  impurity  level  in  the  ELO  region  and  the  vertical  grown  region 
may  also  be  different,  which  could  contribute  to  the  reduction  of  the  yellow  band. 


ELO  El.O  ELO  *■'-0  EI.O  ELO 


Figure  9  CL  images  and  line  scans  taken  at  368  nm  (left)  and  560  nm  (right)  for  an 
array  of  stripes  at  the  ELO  stage  before  coalescence  with  triangular  cross  section. 

SUMMARY 


We  have  reported  the  topography  evolution  of  GaN  stripes  as  a  function  of  pattern 
geometry,  growth  parameters  and  substrate.  Wide  stripes  with  the  plateaus  on  both  sides  evolve 
with  stripe  width  into  flat  top  stripes  with  vertical  sidewalls.  Small  fill  factor  and  rough  substrate 
favor  the  formation  of  triangular  stripes.  These  GaN  structures  have  been  characterized  by  CL 
and  implications  of  the  spatial  correlation  of  optical  properties  have  been  discussed. 
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ABSTRACT 

GaN  films  have  been  grown  on  6H-SiC  substrates  employing  a  new  form  of  selective 
lateral  epitaxy,  namely  pendeo-epitaxy.  This  technique  forces  regrowth  to  start  exclusively  on 
sidewalls  of  GaN  seed  structures.  Both  discrete  pendeo-epitaxial  microstruetures  and  coalesced 
single  crystal  layers  of  GaN  have  been  achieved.  SEM  and  TEM  analysis  are  used  to  evaluate 
the  morphology  of  the  resulting  GaN  films.  Process  routes  leading  to  GaN  pendeo-epitaxial 
growth  using  silicon  substrates  have  also  been  achieved  and  the  preliminary  results  are  discussed. 

INTRODUCTION 

The  Ill-nitride  scientific  community  has  been  forced  to  grow  thin  films  of  GaN  and 
related  nitride  materials  using  heteroepitaxial  growth  routes  and  techniques  because  of  the  dearth 
of  bulk  substrates  of  these  materials.  The  resultant  10^  -  lO’®  cm‘^  density  of  threading 
dislocations  limits  the  properties  of  the  resulting  films  and  the  devices  fabricated  in  these 
materials.  As  such,  there  has  been  substantial  research  regarding  selective  area  growth  (SAG)  and 
lateral  epitaxial  overgrowth  (LEO)  techniques  for  GaN  deposition  [1-9],  fueled  in  part  by  the 
recent  announcement  by  Nakamura,  et  al.  [10]  of  the  dramatic  increase  in  projected  lifetime  of 
their  GaN-based  blue  light-emitting  laser  diodes  fabricated  on  LEO  material.  Using  these 
approaches,  researchers  have  been  able  to  grow  GaN  films  containing  dislocation  densities  of  ~ 
10^  cm‘^  in  the  areas  of  overgrowth.  However,  to  benefit  from  this  reduction  in  defects,  the 
placement  of  devices  incorporating  LEO  technology  is  limited  and  confined  to  regions  on  the  final 
GaN  device  layer  that  are  located  on  the  overgrown  regions. 

In  this  paper,  we  report  the  achievement  of  a  new  approach  to  selective  epitaxy  of  GaN, 
namely,  pendeo-  (from  the  Latin:  to  hang  or  be  suspended)  epitaxy  (PE)  as  a  promising  new 
process  route  leading  to  a  continuous,  large  area  layer  or  discrete  platforms  of  this  material.  An 
initial  form  of  GaN  pendeo-epitaxy  without  the  use  of  a  seed-mask  was  first  reported  by  Zheleva 
et.al.  [11].  The  current  approach  incorporates  mechanisms  of  growth  exploited  by  the 
conventional  LEO  process  by  using  an  amorphous  mask  to  prevent  vertical  propagation  of 
threading  dislocations;  however,  it  extends  beyond  the  conventional  LEO  approach  to  employ 
the  substrate  itself  as  a  pseudo-mask  as  discussed  by  Linthicum  et.al.  [12].  This  unconventional 
approach  differs  from  LEO  in  that  growth  does  not  initiate  through  open  windows  on  the  (0001) 
surface  of  the  GaN  seed  layer,  instead  it  is  forced  to  selectively  begin  on  the  side  walls  of  a 
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tailored  microstructure  comprised  of  forms  previously  etched  into  the  seed  layer.  Continuation  of 
the  pendeo-epitaxial  growth  until  coalescence  over  and  between  these  forms  results  in  a  complete 
layer  of  low  defect-density  GaN.  This  is  accomplished  in  one  regrowth  step,  and  the  need  to 
align  devices  or  masks  for  the  growth  of  a  second  layer  over  particular  areas  of  overgrowth  on  the 
final  GaN  layer  is  eliminated.  This  approach  may  be  more  widely  applicable  than  just  GaN,  as 
indicated  by  Gehrke  et.al.  [15],  Additionally,  we  report  for  the  first  time  the  ability  to  grow 
GaN  pendeo-epitaxial  films  on  silicon  substrates.  The  achievement  of  GaN  layers  with  surface 
areas  limited  only  by  the  size  of  the  available  silicon  substrates  is  now  conceivable. 

The  following  sections  describe  the  experimental  parameters  necessary  to  achieve  GaN 
films  via  PE,  describe  and  discuss  the  microstructural  evidence  obtained  for  the  resulting  films 
and  provide  a  summary  of  this  research. 

EXPERIMENTAL  PROCEDURES 

Each  pendeo-epitaxial  GaN  film  and  the  underlying  GaN  seed  layer  and  the  AIN  buffer 
layer  were  grown  in  a  cold-wall,  vertical  pancake  style  RF  inductively  heated  metallorganic  vapor 
phase  epitaxy  (MOVPE  )  system.  Two  distinct  process  routes  were  explored  for  growth  on  (i) 
on-axis  (0001)6H-SiC  substrates  and  (ii)  on-axis  (lll)Si  substrates.  In  the  former,  each  seed 
layer  consisted  of  a  1  pm  thick  GaN  film  grown  on  a  100  nm  thick  AIN  buffer  layer  previously 
deposited  on  a  (0001)  6H-SiC  substrate.  Details  of  the  experimental  parameters  used  for  the 
growth  of  these  two  layers  arc  given  in  Ref  13.  In  the  growth  on  the  Si  substrates,  a  1  pm 
(1 1  l)3C-SiC  film  was  initially  grown  on  a  very  thin  (1 1  l)3C-SiC  layer  produced  by  conversion 
of  the  (1 1  l)Si  surface  via  reaction  with  C3H8  entrained  in  H2.  Both  the  conversion  step  and  SiC 
film  deposition  were  achieved  using  a  cold-wall,  vertical  geometry,  RF  inductively  heated 
atmospheric  pressure  chemical  vapor  deposition  (APCVD)  reactor.  Details  of  the  experimental 
parameters  used  for  the  conversion  step  and  the  growth  of  the  3C-SiC  layer  are  given  in  Ref  14. 
A  1 00  nm  thick  AIN  buffer  layer  and  a  1  pm  GaN  seed  layer  were  subsequently  deposited  in  the 
manner  used  for  the  6H-SiC  substrates  and  noted  above. 

A  100  nm  silicon  nitride  growth  mask  was  deposited  on  the  seed  layers  via  plasma 
enhanced  CVD.  A  150  nm  nickel  etch  mask  was  subsequently  deposited  using  e-beam 
evaporation.  Patterning  of  the  nickel  mask  layer  was  achieved  using  standard  photolithography 
techniques  followed  by  dipping  in  HNO3  for  approximately  five  minutes.  The  samples  were 
subsequently  cleaned  by  consecutive  dips  in  trichloroethylene,  acetone,  methanol,  and  HCl  for 
five  minutes  each  and  blown  dry  with  nitrogen.  The  final,  tailored,  microstructure  consisting  of 
seed  fonns  was  fabricated  via  removal  of  portions  of  the  nickel  etch  mask  via  sputtering  and  by 
inductively  coupled  plasma  (ICP)  etching  of  portions  of  the  silicon  nitride  growth  mask,  the  GaN 
seed  layer  and  the  AIN  buffer  layer.  Critical  to  the  success  of  the  pendeo-epitaxial  growth,  the 
etching  of  the  seed-forms  was  continued  completely  through  the  exposed  GaN  and  AIN  layers 
and  into  either  the  6H-SiC  substrate  or  the  3C-SiC  layer,  thereby  removing  all  Ill-  nitride  material 
from  the  areas  between  the  side  walls  of  the  forms.  The  seed-forms  used  in  this  study  were 
raised  rectangular  stripes  oriented  along  the  <1-100>  direction,  thereby  providing  a  plurality  of 
GaN  sidewalls  (nominally  (11-20)  faces).  Seed  form  widths  of  2  and  3  pms  coupled  with 
separation  distances  of  3  and  7  pms,  respectively,  were  employed.  The  remaining  nickel  mask 
protecting  the  seed  structures  during  the  ICP  etching  process  was  removed  using  HNO3. 
Immediately  prior  to  pendeo-epitaxial  growth,  the  patterned  samples  were  dipped  in  a  50%  HCl 
solution  to  remove  the  surface  oxide  from  the  walls  of  the  underlying  GaN  seed  structures. 


A  schematic  of  the  pendeo-epitaxial  growth  of  GaN  is  illustrated  in  Figure  1.  There  are 
three  primary  stages  associated  with  the  pendeo-epitaxial  formation  of  this  material:  (i)  initiation 
of  lateral  homoepitaxy  from  the  sidewalls  of  the  GaN  seed,  (ii)  vertical  growth  and  (iii)  lateral 
growth  over  the  silicon  nitride  mask  covering  the  seed  structure.  Pendeo-epitaxial  growth  of  GaN 
was  achieved  within  the  temperature  range  of  1050-1 100°C  and  a  total  pressure  of  45  Torr.  The 
precursors  (flow  rates)  of  triethylgallium  (26.1  pmol/min)  and  NH3  (1500  seem)  were  used  in 
combination  with  a  H2  diluent  (3000  seem).  Additional  experimental  details  regarding  the 
pendeo-epitaxial  growth  of  GaN  and  Al^Gai.^N  layers  employing  6H-SiC  substrates  are  given  in 
Refs.  15  ,16,  and  17.  The  morphology  and  defect  microstructures  were  investigated  using 
scanning  electron  microscopy  (SEM)  (JEOL  6400  FE)  and  transmission  electron  microscopy 
(TEM)  (TOPCON  0002B,  200  KV). 

RESULTS  AND  DISCUSSION 

The  pendeo-epitaxial  phenomenon  is  made  possible  by  taking  advantage  of  growth 
mechanisms  identified  by  Zheleva  et.al.[7]  in  the  conventional  LEO  technique,  and  by  using  two 
additional  key  steps,  namely,  the  initiation  of  growth  from  a  GaN  face  other  than  the  (0001)  and 
the  use  of  the  substrate  (in  this  case  SiC)  as  a  mask.  By  capping  the  seed-forms  with  a  growth 
mask,  the  GaN  was  forced  to  grow  initially  and  selectively  only  on  the  GaN  sidewalls.  Common 
to  conventional  LEO,  no  growth  occurred  on  the  silicon  nitride  mask  covering  the  seed  forms. 
Deposition  also  did  not  occur  on  the  exposed  SiC  surface  areas  at  the  higher  growth  temperatures 
employed  to  enhance  lateral  growth.  The  Ga-  and  N-containing  species  more  likely  either 
diffused  along  the  surface  or  evaporated  (rather  than  having  sufficient  time  to  form  GaN  nuclei) 
from  both  the  silicon  nitride  mask  and  the  silicon  carbide  substrate.  The  pronounced  effect  of 
this  is  shown  in  Figure  2  wherein  the  newly  deposited  GaN  has  grown  truly  suspended  (pendeo-) 
from  the  sidewalls  of  the  GaN  seed  structure.  During  the  second  PE  event  (ii),  vertical  growth  of 
GaN  occurred  from  the  advancing  (0001)  face  of  the  laterally  growing  GaN.  Once  the  vertical 
growth  became  extended  to  a  height  greater  than  the  silicon  nitride  mask,  the  third  PE  event  (iii) 
occurred,  namely,  conventional  LEO-type  growth  and  eventual  coalescence  over  the  seed 
structure,  as  shown  in  Fig.  3.  A  cross-sectional  TEM  micrograph  showing  a  typical  pendeo- 
epitaxial  growth  structure  is  shown  in  Fig.  4.  Threading  dislocations  extending  into  the  GaN  seed 
structure,  originating  from  the  GaN/AlN  and  AlN/SiC  interfaces,  are  clearly  visible. 
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Figure  2.  Cross-sectional  SEM  of  a  GaN 
pendeo-epitaxial  growth  structure  with 
limited  vertical  growth  from  the  seed 
sidewalls  and  no  growth  on  the  seed  mask. 


Figure  1.  Schematic  ofGaN  pendeo-epitaxial 
growth  process  steps. 


Figure  3.  Cross-sectional  SEM  of  a  Figure  4.  Cross-sectional  TEM  of  a  GaN 
GaN/AlGaN  pendeo-cpitaxial  growth  pcndeo-cpitaxial  growth  structure  showing 
structure  showing  coalescence  over  the  confinement  of  threading  dislocation  under  the 
seed  mask.  seed  mask,  and  a  drastic  reduction  of  defects  in 

the  regrown  areas. 

The  silicon  nitride  mask  acted  as  a  barrier  to  the  further  vertical  propagation  of  these  defects  into 
the  laterally  overgrown  pendeo-epitaxial  film.  Since  the  newly  deposited  GaN  is  suspended 
above  the  SiC  substrate,  there  are  no  defects  associated  with  the  mismatches  in  lattice  parameters 
between  GaN  and  AIN  and  between  AIN  and  SiC.  Preliminary  analysis  of  the  GaN  seed/GaN 
pendeo-epitaxy  interface  revealed  evidence  of  threading  dislocations  or  stacking  faults  within  the 
(0001)  planes.  This  indicates  evidence  of  the  lateral  propagation  of  the  defects,  however,  there  is 
yet  no  evidence  that  the  defects  reach  the  (0001)  surface  where  device  layers  will  be  grown.  As 
in  the  case  LEO,  there  is  a  significant  reduction  in  the  defect  density  in  the  regrown  areas. 


Figure  5.  Pendeo-epitaxial  growth  with  coalescence  over  and  between  the  seed  forms  resulting  in 
a  single  GaN  layer.  5(a)  Cross-section  SEM.  5(b)  Plane-view  SEM 

The  continuation  of  the  pendeo-epitaxial  growth  results  in  coalescence  with  adjacent 
growth  fronts  and  the  formation  of  a  continuous  layer  of  GaN,  as  observed  in  Figure  5.  This  also 
results  in  the  practical  elimination  of  all  dislocations  stemming  from  the  heteroepitaxial  growth  of 
GaN/AlN  on  SiC.  Clearly  visible  in  Fig.  5(a)  are  the  voids  that  form  when  adjacent  growth 


fronts  coalesce.  Optimization  of  the  pendeo-epitaxial  growth  technique  should  eliminate  these 
undesirable  defects. 

The  maximum  diameter  of  commercially  available  6H-  and  4H-SiC  substrates  is  currently 
limited  to  approximately  two  inches.  As  such,  the  development  of  a  process  route  for  achieving 
the  pendeo-epitaxial  growth  of  (OOOl)GaN  on  (1 1  l)Si  was  undertaken.  Unlike  silicon  carbide  and 
sapphire  substrates,  the  development  of  process  routes  leading  to  the  growth  of  GaN  films  on 
silicon  substrates  have  lagged  behind.  The  slow  progress  has  been  due  in  part  to  the  difficulty  in 
the  nucleation  and  two  dimensional  growth  of  GaN  caused  by  a  combination  of  significant 
mismatches  in  lattice  parameters  and  coefficients  of  thermal  expansion  and  the  chemical  stability 
of  the  phases  in  the  growth  environment.  To  address  these  concerns,  a  3C-SiC  transition  layer 
was  employed  between  the  Si  wafer  and  the  AIN  buffer  layer  for  three  reasons.  Firstly,  an  on- 
axis  (1 1  l)Si  substrate  was  used  which  allowed  for  deposition  of  the  (1 1  l)3C-SiC  poly  type.  The 
SiC  layer  is  preferred  for  the  growth  of  the  2H-A1N  buffer  layer  of  sufficient  quality  for  the 
subsequent  growth  of  the  single  crystal  GaN  seed  layer.  Secondly,  as  described  above,  PE 
growth  of  GaN  is  obtained  on  SiC  because  under  the  growth  conditions  used  for  this  growth,  Ga 
and  N  atoms  will  not  bond  to  the  SiC  surface  in  numbers  and  in  time  sufficient  to  cause  gallium 
nitride  nuclei  to  form.  Thirdly,  the  3C-SiC  layer  is  needed  as  a  diffusion  barrier  to  prevent  the 
interaction  of  Si  atoms  with  the  Ga  and  N  species  found  in  the  growth  environment.  If  there  is 
either  no  diffusion  barrier  or  a  diffusion  barrier  of  insufficient  thickness,  the  Si  atoms  from  the 
substrate  have  sufficient  energy  at  the  temperatures  used  for  PE  growth  to  diffuse  to  the  surface 
of  the  AIN  buffer  layer  and  react  with  the  gallium  nitride  layer.  This  results  in  the  formation  of 
large  voids  in  the  underlying  Si  substrate,  the  “poisoning”  of  the  GaN  film,  and  the  formation  of 
polycrystalline  GaN-containing  material. 

The  results  of  an  SEM  analysis  of  PE-grown  GaN  on  a  (1 1  l)Si  substrate  is  shown  in  Fig. 
6.  The  rough  surface  morphologies  of  the  (1  ll)3C-SiC  and  the  AIN  buffer  layer  as  well  as  the 
relatively  poor  quality  of  the  GaN  seed  layer  are  clearly  visible.  In  contrast,  the  pendeo- 
epitaxially  grown  GaN  is  of  relatively  superior  quality  in  terms  of  surface  roughness.  Analysis 
via  TEM  of  the  PE  GaN  layer  and  optimization  of  the  process  routes  to  improve  the  PE 
technique  using  3C-SiC  are  the  subjects  of  ongoing  research.  Finally,  Figure  7  shows  a  SEM 
image  of  coalesced  pendeo-epitaxially  grown  GaN  on  a  silicon  substrate. 


Figure  6.  Cross-sectional  SEM  of  pendeo- 
epitaxial  GaN  grown  on  a  (1 1  l)Si  substrate. 
Clearly  visable  is  the  rough  surface 
morphology  of  the  AIN  buffer  layer  and 
3C-SiC  transition  layer. 


Figure  7.  Low  magnification  cross- 
sectional  SEM  of  pendeo-epitaxial  GaN 
on  a  (lll)Si  substrate  and  a  3C-SiC 
transition  layer  showing  coalescence  over 
and  between  GaN  seed  forms. 


CONCLUSION 

We  have  reported  on  the  development  of  pendeo-epitaxial  process  routes  as  a  potential 
way  of  growing  uniformly  low-defect  density  thin  films  over  the  entire  surface  of  a  substrate.  In 
particular,  we  have  achieved  a  method  to  grow  GaN  using  pendeo-epitaxy  on  6H-SiC  substrates. 
We  have  demonstrated  both  discrete  pendeo-epitaxial  structures  and  coalesced  layers  of  GaN.  In 
addition,  we  report  our  preliminary  results  regarding  the  ability  to  grow  pendeo-epitaxial  GaN  on 
silicon  substrates.  This  latest  development  provides  a  possible  pathway  for  the  fabrication  of 
device  quality  GaN  thin  films  grown  on  large  area  silicon  wafers. 
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Abstract 

Various  methods  have  been  used  to  initiate  growth  by  Molecular  Beam  Epitaxy  (MBE)  of 
GaN  on  sapphire,  or  other  substrates,  but  there  is  always  a  problem  with  morphology  and  with  a  high 
defect  density  which  results  in  the  formation  of  a  sub-grain  boundary  structure.  We  show  that  by  using, 
homo-epitaxial  growth  on  properly  prepared  bulk  GaN  substrates,  combined  with  high  temperature 
growth,  we  obtain  a  significant  improvement  in  surface  morphology.  Growth  at  sufficiently  high 
temperature  leads  to  a  rapid  smoothing  of  the  surface  and  to  almost  atomically  flat  surfaces  over 
relatively  large  areas.  Multi-Quantum  Well  structures  grown  on  such  GaN  epitaxial  films  are 
dislocation  Ifee  with  abrupt  interfaces. 

Introduction 


The  Group  Ill-Nitrides  are  an  important  class  of  semiconductors  now  being  used  for  light 
emitting  diodes  (LEDs),  short  wavelength  blue/ultra-violet  (UV)  laser  diodes  (LDs)  and  high 
temperature  electronic  devices.  LEDs  are  already  commercially  available  fi-om  a  number  of  suppliers 
[1,2].  Recently,  blue/UV  laser  diodes  have  been  demonstrated  with  room  temperature  cw  operational 
lifetimes  in  excess  of  3000  hours  [3].  Projected  lifetimes  of  >10000  hours  have  been  announced  at  a 
number  of  recent  international  conferences.  Other  device  structures  based  on  the  group  Ill-Nitride 
system,  grown  both  by  Metal  Organic  Vapour  Phase  Epitaxy  (MOVPE)  and  Molecular  Beam  Epitaxy 
(MBE),  including  high-power  high-fi-equency  FETs  [4]  and  solar  blind  UV  photo-detectors  [5]  have 
also  been  reported. 

During  the  growth  of  GaN  layers,  either  by  MOVPE  or  MBE,  one  would  ideally  grow  under 
stoichiometric  conditions.  However,  for  films  grown  by  MBE,  it  is  difficult  to  achieve  growth  under 
exact  stoichiometric  conditions  and  films  are  usually  grown  slightly  Ga  or  N-rich.  Films  grown  under 
N-rich  conditions  show  a  columnar  structure  [6]  and  they  are  not  suitable  for  device  purposes.  Films 
grown  under  Ga-rich  conditions  at  low  temperatures  show  large  hexagonal  features  of  wurtzite  GaN, 
in  a  polycrystaUine  background  and  with  additional  Ga  droplets.  It  is  common  practise,  therefore,  to 
use  a  slightly  Ga-rich  growth  mode  at  high  temperature,  the  excess  Ga  being  desorbed. 
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Amongst  the  various  growth  methods  for  group  Ill-nitrides,  MBE  has  provided  most  insight 
into  the  growth  kinetics,  because  of  the  in-situ  analytical  measurements  such  as  reflection  high  energy 
electron  diffraction  (RHEED).  A  variety  of  GaN  RHEED  patterns  have  been  seen  and  reported  in  the 
literature,  during  or  after  MBE  growth,  these  include  (1  x  1),  (2  x  1),  (2  x  2),  (2  x  3),  (3  x  2),  (3  x  3), 
(4  x  6)  and  (5  x  5).  The  un-reconstructed  (1  x  1)  pattern  has  been  shown  to  correspond  to  a 
monolayer  of  Ga,  which  is  tightly  bound  to  the  GaN  [7,8],  On  top  of  this  relatively  stable  Ga  adlayer, 
there  are  mobile  Ga  adatoms  which  give  rise  to  the  surface  reconstruction. 

One  of  the  most  severe  problems  hindering  both  MBE  and  MOVPE  progress  in  this  field  is  the 
lack  of  a  suitable  substrate  material  on  which  lattice-matched  group  Ill-nitrides  films  can  be  grown.  So 
far  the  best  device  results  have  been  obtained  on  insulating  sapphire  or  SiC  substrates.  For  most 
optoelectronic  devices  a  vertical  configuration  is  normal;  however,  growth  on  dielectric  substrates  such 
as  sapphire,  requires  a  planar  device  configuration,  which  is  a  disadvantage  for  many  of  the  present 
GaN-based  devices.  Growth  on  sapphire  and  SiC  substrates  leads  to  a  large  lattice  mismatch  and  a 
significant  difference  in  thermal  expansion  coefficient,  which  in  turn  leads  to  high  defect  density  in  the 
epitaxial  wafers.  Unlike  the  other  III-V  compounds  in  which  defects  such  as  dislocations  are 
detrimental  to  device  performance,  the  nitride  films  are  relatively  unaffected.  For  example,  the  presence 
of  a  high  density  of  dislocations  docs  not  appear  to  limit  the  efficiency  of  LEDs  [9],  but  more  recent 
evidence  suggests  that  this  is  because  of  the  low  diffusion  rate  for  carriers  in  GaN  [10],  There  is  also 
evidence  that  dislocation  motion  in  nitride  semiconductors  is  much  lower  than  in  other  III-V 
compounds  [11].  However,  it  has  been  suggested  that  the  electron  mobility  in  GaN  depends  strongly 
on  the  dislocation  density  [12],  Therefore,  bulk  GaN  sub.strates  would  be  the  ideal  choice  for  a  number 
of  reasons;  there  would  be  zero  lattice  and  thermal  mismatch,  a  conducting  or  insulating  substrate 
would  be  available,  the  dislocation  density  in  epitaxial  films  would  be  low,  the  thermal  conductivity 
would  be  high  and  the  cleavage  planes  would  be  perpendicular  to  the  (0001)  surface. 

The  purpose  of  this  paper  is  to  demonstrate  that  by  using  high  quality  bulk  GaN  substrates  and 
appropriate  MBE  growth  conditions,  dislocation  free  atomically  flat  GaN  epitaxial  films  and  Multi- 
Quantum  Well  (MQW)  structures  can  be  obtained.  By  contrast  films  grown  under  equivalent 
conditions  on  sapphire  have  subgrain  boundaries  and  inferior  properties. 

Experimental  Details 

The  high  quality  bulk  GaN  substrates  used  in  this  study  were  grown  from  the  Ga  solutions  at 
nitrogen  pressures  of  12-15  kbar  and  at  temperatures  of  1500-1600"C.  They  were  hexagonal  platelets 
6-8  mm  in  size,  highly  conductive  if  grown  from  the  solutions  in  Ga  or  semi-insulating  if  doped  with 
Mg  during  growth.  Due  to  the  absence  of  inversion  symmetry,  the  GaN  substrate  has  two  distinctly 
different  crystal  orientations  -  (0001)  and  ((XX)  1 )  corresponding  to  the  Ga  and  N  polarity  respectively. 
The  (000 1 )  hexagonal  face  corresponding  to  the  N-polarity  is  chemically  active  and  therefore  it  could 
be  prepared  for  epitaxy  by  mechano-chemical  polishing  [13],  which  gives  atomically  flat  surfaces 
without  subsurface  damage.  All  the  studies  reported  in  our  paper  were  obtained  on  this  polarity. 

The  MBE  growth  was  performed  in  two  different  systems,  a  commercial  Varian  Modular 
GEN-II  system  equipped  with  a  high  density  RF  source  (HD25)  from  Oxford  Applied  Research 
(OAR)  and  a  purpose  built  mini-MBE  system  equipped  with  a  CARS25  RF  source  also  from  OAR. 
The  GEN-II  system  has  elemental  Al,  Ga,  In,  Si  and  Mg  sources  and  the  mini-MBE  system  an 
elemental  Ga  source  in  addition  to  the  nitrogen  source.  Growth  rates  in  the  two  systems  are  typically 
0.8  and  0.3  pm/hour  respectively  under  stoichiometric  conditions.  More  details  of  the  growth 
procedures  are  reported  elsewhere  [14].  The  substrates  were  mounted  on  molybdenum  holders  with 
indium,  with  gallium-tin  alloy  [15],  or  on  a  special  designed  metal-free  holder.  RHEED  patterns  prior 
to,  during  and  after  growth  were  monitored  using  a  reflection  high  energy  electron  diffraction 


equipment.  In  the  GEN-II  system  a  video  camera  is  linked  to  a  high  quality  Super  VCR  system  and  in 
the  mini-system  a  video  capture  card  is  used  to  store  images  on  a  PC  system. 

The  Atomic  Force  Microscope  (AFM)  images  of  the  grown  layers  and  structures  were 
obtained  using  a  Topometrix  Explorer  2000  system  non-contact  mode. 

Results  and  Discussions 

Typically  for  both  MBE  and  MOCVD,  GaN  growth  on  sapphire  is  implemented  as  a  three  step 
process  [16].  For  MBE,  the  substrate  is  first  exposed  to  a  nitrogen  plasma  [17]  to  change  the  surface 
to  AIN  [18].  Next  a  GaN  or  AIN  buffer  layer  is  grown  either  at  low  temperature,  550°C  [17],  or  at 
higher  temperatures,  750”C  [19].  Finally  epitaxial  layers  are  grown  at  about,  750-850°C.  The  aim  of 
this  three  step  process  is  first  to  wet  the  sapphire  surface  with  GaN  or  AIN  and  to  minimise  the  effect 
of  the  large  lattice  mismatch  between  substrate  and  epilayer.  Nevertheless,  the  region  close  to  the 
interface  is  structurally  poor,  with  a  very  high  dislocation  density. 

In  our  experience,  GaN  films  grown  by  MBE  on  sapphire,  even  under  optimum  conditions, 
show  rather  poor  RHEED  patterns  compared  with  other  LH-V  compounds.  Growth  at  a  low  substrate 
temperature,  600^C,  produees  a  high  density  of  small,  oriented  sub-grains.  Growth  at  higher 
temperature,  about  750-850"C,  results  in  a  similar  structure,  but  on  a  much  larger  scale,  as  illustrated  in 
Figure  1 .  In  this  case,  the  individual  sub-grains  are  typically  0.3  to  0.5  pm  diameter  and  a  detailed  AFM 
study  of  one  of  the  individual  islands  shows  that  they  are  nearly  atomically  flat  with  a  root  mean 
squared  (rms)  roughness  of  0.1  nm  in  the  best  cases.  Such  films  are  continuous  with  typical  electron 
mobilities  of  180-200  cmV‘'s‘'  at  a  carrier  density  of  around  5x10'^  cm  l 


Figure  1.  3D  AFM  image  of  GaN  layer  on  sapphire  substrate. 

For  example,  (InGa)N/GaN  MQWs  grown  on  such  GaN  on  sapphire  substrates  using  this 
MBE  method,  show  very  poor  structural  and  optical  properties.  Transmission  Electron  Microscopy 
(TEM)  studies  of  such  MQW  structures  demonstrate  that  we  have  non-planar  QWs,  which  follow  the 
non-planar  heterointerface  between  the  GaN  epitaxial  layer  and  the  QWs.  The  optical  properties  of  the 
MQWs,  show  rather  weak  broad  emission  with  no  band-edge  related  features. 

By  contrast,  growth  on  bulk  GaN  substrates  show  completely  different  behaviour.  We  have 
grown  GaN  layers  on  the  bulk  GaN  crystals  at  temperatures  >750'’C,  under  slightly  Ga-rich  conditions. 


During  growth,  we  usually  observe  a  streaky  (1x1)  RHEED  pattern,  which  becomes  stronger  after 
the  first  minutes  of  epitaxy.  Sometimes,  during  growth  we  can  see  a  (2  x  2)  RHEED  pattern.  Strong 
Kikuchi  features  are  observed  and  the  intensity  of  the  specular  .spot  is  much  stronger  than  in  films 
grown  on  sapphire.  On  cooling  the  GaN  layers  grown  under  slightly  Ga  rich  conditions,  a  clear  (2  x  2) 
reconstruction  is  always  observed  below  -SOOT. 

There  are  two  different  configurations  for  Ga  on  the  surface  which  can  possibly  give  rise  to  a 
(2  X  2)  reconstruction.  The  first  arises  from  additional  Ga  on  top  of  the  first  complete  Ga  monolayer, 
this  (2  X  2)  reconstruction  is  formed  on  cooling  to  low  temperature  via  an  order/disorder  transition 
from  excess  Ga  on  the  surface.  The  second  (2  x  2)  configuration  can  potentially  ari.se  from  vacancies  in 
the  first  layer  of  Ga,  which  terminates  the  surface,  this  (2  x  2)  reconstruction  is  formed  by  evaporation 
of  a  finite  number  of  Ga  atoms  from  the  Ga  terminating  layer.  It  is  entirely  rea.sonabIe  that  increasing 
the  temperature  will  increase  the  probability  of  desorption  for  Ga  and  that,  therefore,  a  vacancy 
induced  (2  x  2)  reconstruction  is  entirely  possible  especially  during  growth  at  high  temperatures. 
Further  studies  are  in  progress  to  clarify  this  situation. 

In  contrast  to  growth  on  sapphire,  AFM  studies  of  GaN  surfaces  grown  by  home-epitaxy, 
show  remarkably  flat  surfaces  over  large  areas  as  shown  in  Figure  2.  Line  scans  in  the  non-contact 
mode  show  atomically  flat  surfaces  over  large  area  with  overall  rms  roughness  for  a  typical  2x2  pm^ 
surface  of  <0.1  nm  over  the  whole  area.  It  is  important  to  note  that  there  is  about  two  orders  of 
magnitude  difference  between  the  scales  in  Figure  1  and  Figure  2.  We  can  conclude  therefore  that  the 
growth  proceeds  in  the  2D  mode  where  the  lateral  growth  rate  is  very  much  larger  than  the  growth  rate 
normal  to  the  direction  of  growth.  TEM  studies  of  the  GaN  films  grown  under  such  conditions  show 
no  additional  dislocations  in  the  epitaxial  layer,  whereas  similar  studies  on  GaN  films  grown  on 
sapphire  show  dislocation  densities  of  >10'^  cm‘^,  even  under  optimum  conditions.  In  addition,  the  high 
optical  quality  of  the  homo-epitaxy  of  GaN  has  already  been  demonstrated  [20,2 1  ]. 


Figure  2.  3D  AFM  image  of  GaN  layer  on  bulk  GaN  substrate 

We  have  also  grown  (AlGa)N/GaN  MQWs  On  top  of  our  homo-epitaxial  GaN  layers.  The 
growth  rates  were  similar  to  those  used  for  the  GaN  and  the  growth  temperature  was  unchanged. 
TEM  studies  of  such  structures  show  that,  in  contrast  to  MQWs  grown  on  sapphire  substrates,  high 
quality  dislocation  free  structures  are  observed  for  large  areas  (>250nm),  as  shown  in  Figure  3.  In  other 


regions  we  see  some  evidence  for  wavy  interfaces,  but  the  origin  of  the  perturbation  is  not  yet 
established.  In  this  figure  almost  atomically  abrupt  interfaces  are  observed  between  the  QW  and  barrier 
regions.  The  above  films  have  also  been  characterised  using  X-ray  diffraction.  Powder  diffractometer 
studies  show  additional  satellite  peaks  from  the  MQW  periodicity  and  the  experimental  data  follows 
closely  the  theoretical  model  for  the  ideal  structure. 


Figure  3.  TEM  image  of  an  AlGaN/GaN  MQWs  grown  on  bulk  GaN  substrate. 

Conclusions 

Whilst  various  techniques  for  the  initiation  of  growth  on  sapphire,  or  other  substrates  with  a 
large  mismatch,  can  improve  the  quality  of  films  grown  by  MBE,  there  remains  a  fundamental  problem 
with  morphology.  The  high  density  of  dislocations  results  in  the  formation  of  a  sub-grain  boundary 
structure.  By  contrast,  homo-epitaxial  growth  under  appropriate  conditions  on  properly  prepared  bulk 
GaN  substrates  results  in  greatly  improved  morphology  and  RHEED  patterns.  Growth  at  sufficiently 
high  temperature  leads  to  rapid  smoothing  of  the  surface  and  to  atomically  flat  surfaces  over  relatively 
large  areas.  Multi-Quantum  Well  structures  grown  on  such  GaN  epitaxial  films  are  dislocation  free 
with  very  abrupt  interfaces. 
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ABSTRACT 

Computational  materials  science  has  evolved  in  recent  years  into  a 
reliable  theory  capable  of  predicting  not  only  idealized  materials  and 
device  performance  properties,  but  also  those  that  apply  to  practical 
engineering  developments.  The  codes  run  on  workstations  and  even  now 
are  fast  enough  to  be  useful  design  tools.  A  review  will  be  presented  of 
the  current  status  of  this  rapidly  advancing  field.  Examples  of  the 
accuracy  of  the  codes  are  displayed  by  comparing  the  predicted  atomic 
volumes,  and  cohesive  and  excess  energies  of  several  materials  with 
experiment.  As  a  further  demonstration  of  the  methods,  the  band 
structures  of  AIN,  GaN,  and  InN  in  wurtzite  and  zinc  blende  structures 
will  be  presented.  There  are  anomalies  in  the  conduction  and  valence 
bands  of  these  materials.  Some  consequences  on  light  emitting  and  power 
devices  made  from  these  materials  will  be  examined. 

1.  INTRODUCTION 

General  reviews,  with  extensive  references,  have  been  published  on  the  properties 
of  compound  semiconductors  and  their  pseudobinary  alloys  [1,2].  This  review  focuses  on 
fundamental  properties  of  the  compounds  and  their  pseudobinary  alloys  that  can  be  calculated 
from  an  ab  initio  theoretical,  or  computational  standpoint  [for  details  see  Ref.  2].  Its  purpose  is 
twofold:  first  to  summarize  much  of  what  electronic  structure  theory  has  contributed  recently  to 
the  understanding  of  some  aspects  of  the  Ill-nitride  alloys;  and,  second,  to  provide  some 
foundation  for  modem  techniques,  to  provide  the  nonspecialist  with  a  basis  to  assess  the  validity 
and  limitations  of  the  techniques  employed  in  the  literature. 

Section  2  introduces  the  virtues  and  limitations  of  the  local-density  approximation  (LDA) 
[3]  and  two  higher  order  corrections,  gradient  corrections  [4]  and  screened  exchange  [5].  The 
discussions  will  be  couched  in  terms  of  a  self-consistent,  all-electron  theory  that  employs  full 
potentials  between  the  electrons  and  ions  and  a  linear  muffin-tin  orbital  (LMTO)  [6]  basis  [2,7]. 
This  procedure  takes  proper  account  of  the  d  states,  which  is  essential  to  obtaining  accurate 
results  in  materials  like  GaInN  alloys.  Section  3  summarizes  some  recent  results  on  fundamental 
properties  of  nitride  alloys  [2,8].  Section  4  is  devoted  to  concluding  remarks. 

2.  GENERAL  THEORY 

An  exact,  or  nearly  exact,  theory  of  the  ground  state  in  eondensed  matter  is  immensely 
complicated  by  the  correlated  behavior  of  the  electrons.  For  materials  with  wide-band  or  itinerant 
eleetronic  motion,  a  one-electron  picture  is  adequate,  meaning  that  to  a  good  approximation  the 
electrons  (or  quasiparticles)  may  be  treated  as  independent  particles  moving  in  an  effective 
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external  field.  The  effective  field  consists  of  the  coulombic  interaction  of  elcctrons+nuclci,  plus 
an  additional  effective  potential  that  originates  in  the  correlated  electronic  motion.  This  potential 
must  be  calculated  self-consistently,  such  that  the  effective  one-electron  potential  created  from  the 
electron  density  generates  through  the  eigenvectors  of  the  corresponding  one-electron 
Hamiltonian,  the  same  charge  density. 

2.1  The  Local-Density  Approximation 

The  LDA  approximates  the  formally  exact  (but  unknown)  energy  functional  as  one  that 
consists  of  the  coulomb  energy,  plus  a  functional  of  the  density,  dubbed  the  “exchange- 
correlation”  energy  density.  This  ansatz  leads,  as  in  the  Hartree-Fock  [9]  case,  to  an  equation  of 
motion  for  electrons  moving  independently  in  an  effective  field,  except  that  in  LDA  the  potential 
is  strictly  local.  The  local  form  of  this  potential  va.stly  simplifies  the  computational  effort.  Unlike 
in  Hartree-Fock  theory,  there  is  no  formal  justification  for  associating  the  eigenvalues  of  the 
LDA  Hamiltonian  with  energy  bands.  However,  in  one  sense,  the  LDA  is  an  approximation  to 
Hartree-Fock  theory  where  there  is  a  formal  justification  for  this  interpretation.  Thus,  it  is 
expected  that  the  LDA  eigenvalues  bear  a  close  resemblance  to  energy  bands,  and  they  are 
widely  so  interpreted.  We  mention  in  passing  that  the  LDA  is  not  merely  an  approximate 
Hartree-Fock  theory,  but  determines  the  exchange  energy  from  a  theory  of  the  homogeneous 
electron  gas  (jellium).  Thus,  unlike  Hartree-Fock  theory,  the  LDA  generates  the  correct  total 
energy  and  bands  for  that  problem.  On  the  whole,  the  LDA  predicts  with  good  accuracy  ground 
state  properties  (such  as  structural  properties  and  elastic  constants)  in  itinerant  materials. 

Figure  1  illustrates  the  accuracy  of  the  LDA  for  s-p  bonded  systems.  In  this  figure  the  predicted 
volume  per  particle  of  all  the  common  semiconductors  is  compared  with  experiment.  The 
difference  is  less  than  5%  in  the  worst  case.  If  the  bond  lengths  were  compared  instead  of  the 
volumes,  the  percentage  errors  decrease  by  a  factor  of  3.  Most  errors  are  less  than  1%.  Errors  in 
predicted  ela.stic  constants  of  these  same  compounds  are  typically  less  that  10%  and  the  largest 
are  15%  [1].  In  fact,  there  has  been  very  little  progress  in  improving  on  the  LDA  for  ground-.state 
properties  of  solids. 

2.2  Gradient  Correction  Approximation 

One  of  the  largest  errors  in  the  LDA  is  the  heat  of  formation  of  the  crystal  from  the 
separated  elements.  It  is  widely  accepted  that  most  of  the  error  can  be  attributed  to  errors  in  the 
free  atom;  thus,  errors  in  the  heats  of  reaction  among  different  solid  phases  tend  to  be  much 
smaller  (typically  1/5  as  large).  Gradient  corrections  [4]  (generalizing  the  functional  to  the  local 
plus  a  term  essentially  proportional  to  the  Laplacian  of  the  density)  largely  undoes  the  large  error 
in  the  heat  of  formation  from  the  separated  elements.  We  show  in  Figure  2  some  results  from  a 
recently  developed  generalized  gradient  approximation  (GG A)  of  Perdew,  Burke,  and  Enzerhof, 
the  so-called  “PBE”  functional  [4].  The  percentage  errors  between  the  measured  and  predicted 
cohesive  energies  (the  energy  difference  per  unit  cell  between  the  assembled  solid  and  its 
separated  atoms),  are  seen  to  decrease  appreciably  when  GCAs  are  applied.  The  excess  energies, 
the  difference  per  unit  cell  between  the  cohesive  energies  of  the  solid  and  the  best-bound 
constituent  compounds,  are  also  shown  in  Figure  2.  The  excess  energies  are  not  improved  by  the 
addition  of  GCA. 

2.3  Screened  Exchange 

While  for  the  mo.st  part  the  LDA  docs  a  pretty  reasonable  job  in  the  prediction  of  optical 
properties,  it  tends  to  underestimate  the  energy  bandgaps  (roughly  by  a  constant).  Gradient 
corrections  do  not  improve  on  the  LDA  gaps;  they  do  not  redress  the  fundamental  problem  with 
the  LDA,  which  errs  in  the  gaps  for  a  reason  closely  related  to  the  errors  in  the  Hartree-Fock 
approximation.  The  exact  nonlocal  exchange  operator  of  Hartree-Fock  has  a  long-range  part 
which  is  overestimated  in  a  solid  because  it  neglects  the  ability  of  the  host  to  screen  this  term.  In 
the  LDA,  the  exchange  operator  is  replaced  by  a  local  exchange  and  correlation  potential,  which 
thus  misses  entirely  the  long-range  nature  of  exchange.  In  semiconductors,  the  long-ranged  part 
of  this  interaction  should  be  present  but  reduced  (screened)  by  the  high-frequency  dielectric 
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Figure  1 .  The  experimental  volume  per 
unit  cell  and  the  percent  difference  between 
the  theoretical  and  experimental  values  for 
several  II- VI,  III-V,  and  group  IV 
compounds.  The  percent  differences  would 
be  reduced  by  a  factor  of  three  if  the  bond 
lengths  were  treated  instead  of  the  volumes. 


Figure  2.  The  cohesive  energies  and  excess 
energies  of  several  group  III  and  V  metals, 
and  III-V  compounds.  Theory  numbers  are 
presented  for  LDA  and  GC-LDA  along 
with  the  corresponding  experimental  values 
for  comparison.  Note  the  GC-LDA  values 
fit  experiment  better  than  the  LDA 
predictions,  but  the  excess  energies 
predictions  are  not  improved  as  much. 


constant  £.  Since  this  dielectric  constant  is  large  compared  with  unity,  the  LDA  does  better  by 
ignoring  the  nonlocal  interaction  all  together  than  does  Hartree-Fock  theory  by  putting  it  in 
unscreened. 

Harrison’s  model  of  the  gap  underestimate  provides  us  with  a  clear  physical  picture  of  the 
missing  ingredient  in  the  LDA  and  semiquantitative  estimate  for  the  correction  [10].  The  LDA 
uses  a  fixed  one-electron  potential  for  all  the  energy  bands;  that  is,  the  effective  one-electron 
potential  is  unchanged  for  an  electron  excited  across  the  gap.  Thus,  it  neglects  the  electrostatic 
energy  U  cost  associated  with  the  separation  of  electron  and  hole  for  such  an  excitation.  This 
Harrison  modeled  by  noting  a  coulombic  repulsion  between  the  local  excess  charge  and  the 
excited  electron.  U  is  screened  by  the  surrounding  medium  so  that  an  estimate  for  the  additional 
energy  cost,  and  therefore  a  rigid  shift  for  the  entire  conduction  band  including  a  correction  to 
the  bandgap  is  U/e.  This  simple  model  produces  a  correction  of  the  right  order  of  magnitude, 
although  formal  theories  that  incorporate  this  correction  show  more  complex  behavior. 

The  GW  approximation  [1 1]  has  been  the  only  way  to  correct  errors  in  the  optical 
properties  that  are  inherent  in  the  LDA.  Formally,  the  GW  approximation  is  the  first  term  in  the 
series  expansion  of  the  self-energy  in  the  screened  coulomb  interaction  W.  However,  the  series  is 
not  necessarily  convergent,  and  in  any  case  such  a  viewpoint  offers  little  insight.  It  is  more  useful 
to  think  of  the  GW  approximation  as  being  like  Hartree-Fock  theory,  but  with  a  frequency- 
dependent,  nonlocal  screened  interaction  W  replacing  the  bare  coulomb  interaction. 

There  have  been  several  attempts  to  introduce  approximations  to  the  GW  theory.  Very 
recently,  Rucker  introduced  a  generalization  of  the  LDA  functional  to  account  for  excitations  [5]. 
His  approach,  which  he  calls  the  “screened  exchange”  (SX)  theory,  differs  from  the  usual  GW 
approach  in  that  the  latter  does  not  use  the  LDA  at  all  except  to  generate  trial  wave  functions 
needed  to  make  the  quantities  such  as  G,  and  W.  His  scheme  was  implemented  in  the 
LMTO-atomic  spheres  approximation  (LMTO-ASA)  [6],  and  promises  to  be  extremely  efficient 
for  the  calculation  of  excited-state  properties,  with  accuracy  approaching  that  of  the  GW  theory. 
The  screened  exchange  formalism  is  described  in  Ref  [2],  and  the  reader  is  referred  to  that  paper 
for  further  detail. 


Although  it  is  not  essential  to  the  theory,  Riicker’s  implementation  uses  only  the  static 
response  function,  so  that  the  one-electron  equations  have  the  Hartree-Fock  form.  The  theory  is 
formulated  in  terms  of  a  generalization  of  the  LDA  functional,  so  that  the  N-particle  LDA 
ground  state  is  exactly  reproduced,  and  also  N-t-1 -particle  ground  state  is  generated  with  a 
corresponding  accuracy,  provided  interaction  of  the  additional  electron  and  the  N  particle  ground 
state  are  correctly  depicted.  In  some  sense,  Rucker’s  approach  is  a  formal  and  more  rigorous 
embodiment  of  Harrison’s  model.  Results  of  the  band  gap  predictions  of  the  LDA  and  SX  are 
presented  in  Figure  3.  The  improvement  of  the  SX  predictions  from  the  consistently 
underestimated  gaps  predicted  by  the  LDA  is  obvious.  With  the  addition  of  SX  to  the  structural 
property  predictions  of  LDA,  ah  initio  theory  can  now  reliably  generate  all  the  numbers  needed 
for  insertion  into  statistical  theories  to  accurately  simulate  performance  and  processing  of 
semiconductor  devices.  The  next  section  provides  examples  of  this  capability. 

3.  EQUILIBRIUM  THERMODYNAMIC  PROPERTIES 
3.1  Bulk  Compounds 

The  two  most  common  phases  reported  for  the  Ill-nitrides  are  the  hexagonal  wurtzite 
structure  and  the  cubic  zinc  blende  structure,  the  wurtzite  structure  being  the  ground  state  for 
each  case;  transformation  to  a  third  polymorph,  the  rock  salt  structure,  is  observed  under  pressure 
[12,13].  Calculated  and  experimental  lattice  constants  of  AIN,  GaN,  and  InN  in  the  zinc  blende 
and  wurtzite  structures  are  summarized  in  Reference  [14].  The  agreement  between  theory  and 
available  experiment  is  quite  good;  as  a  general  rule,  the  LDA  accurately  predicts  structural 
properties  in  compounds  where  the  electrons  are  itinerant.  Because  wurtzite  is  the  lowest  energy 
state  of  the  Ill-nitrides,  there  is  far  less  experiment  information  on  their  properties  in  the  zinc 
blende  phase,  although  the  latter  phase  is  of  interest  because  of  the  possibility  of  alloying  the 
nitrides  with  other  cubic  III-V  compounds. 
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Figure  3.  The  LDA  and  LDA+SX  predicted  energy  gaps,  versus  the  experimental  values 
for  all  the  common  semiconductor  materials.  Screened  exchange  obviously  corrects  the 
major  errors  in  the  LDA  predictions. 


3.2  Nitride-Based  Alloys 


Cation-substituted  alloys  are  attractive  candidates  for  optoelectronic,  high-temperature,  and 
high-power  device  applications  because  of  the  flexibility  they  offer  to  tune  both  the  lattice 
constant  and  band  gap.  While  alloys  can  be  formed  by  mixing  constituents  on  the  cation  and/or 
sublattice,  most  attention  has  been  focused  on  alloys  where  the  substitution  is  on  the  cation 
sublattice — for  example,  GaInN  and  AlGaN  which  form  the  basis  for  blue  and  green  LEDs  and 
laser  diodes  [15].  The  mixed  group  V  alloys  have  been  the  subject  of  fewer  experimental 
investigations,  owing  to  the  enormous  size  difference  between  nitrogen  and  the  other  group 
V  elements,  and  the  resulting  large  miscibility  gap. 

3.3  Electronic  Properties 

The  band  structure  of  the  nitride-based  compounds  and  alloys  is  fundamental  to  the 
determination  of  electronic  and  optical  properties  exploited  in  device  design.  In  this  section  the 
band  structures  of  nitride  compounds  in  both  the  zinc  blende  and  wurtzite  structures  are 
discussed.  The  properties  of  the  alloys  are  also  discussed.  Finally,  some  unusual  features  of  the 
GaN  band  structure,  and  the  impact  that  it  has  on  the  hot-electron  properties  are  examined. 

Compound  Band  Structures.  In  the  past  several  years,  there  have  been  several  band 
calculations  using  the  local-density  [13,2,16-18],  the  GW  [1 1,19-20],  and  the  screened  exchange 
(LDA-fSX)  [2]  approximations.  The  agreement  between  the  PWPP  and  FP-MLTO  bands,  both 
calculated  within  the  LDA,  is  relatively  good;  a  notable  difference  in  the  two  calculations  is  in 
their  predictions  of  the  position  of  the  deep  j'-Iike  bands,  which  the  PWPP  cannot  expect  to 
reproduce  since  it  lacks  hybridization  with  the  deep  d  levels. 

There  are  two  principal  errors  in  band  structures  calculated  using  the  LDA.  The  first  is  that 
the  deep  cation  d  levels  in  GaN  andInN  are  too  high  [2,21].  The  second  principal  error,  and  the 
most  technologically  important,  is  the  tendency  of  the  LDA  (as  discussed  in  Section  2)  to 
underestimate  the  band  gap  [22] ;  indeed,  the  LDA  gap  comes  out  slightly  negative  in  InN. 

The  band  structures  for  zinc  blende  and  wurtzite  structures  of  GaN,  calculated  with  the 
LDA-fSX,  are  shown  in  Figure  4.  The  minimum  energy  gaps  are  also  summarized  in  Table  I, 
where  the  LDA,  GW,  and  experimental  gaps  are  also  shown  for  comparison.  With  the  exception 
of  AIN  in  the  zinc  blende  structures,  all  of  the  nitride  compounds  have  direct  band  gaps. 

The  GW  and  LDA-fSX  theory  both  produce  significant  improvement  to  the  LDA  bands, 
although  there  are  some  discrepancies.  In  the  current  implementation,  the  LDA-fSX  is  more 
approximate  than  the  GW  theory  because  LDA-fSX  includes  only  the  long-ranged  part  of 
nonlocal  screened  exchange  potential.  The  deep  d  orbitals  essentially  require  an  on-site,  orbital- 
dependent  Hartree-Fock-like  exchange,  which  the  current  LDA-fSX  theory  lacks.  Existing  GW 
calculations  pseudize  out  the  deep  d  orbitals,  but  presumably  an  all-electron  GW  calculation 
would  rectify  this  error,  as  it  does  in  ZnSe  [27].  The  LDA-fSX  theory  does,  however,  widen  the 
upper  valence  bands  by  the  same  amount  as  do  GW  calculations  (compare  the  full  and  dotted 
lines  in  Figure  4).  Furthermore,  because  a  limited  basis  set  consisting  of  one  principal  quantum 
number  per  /-channel  was  used  in  the  LDA-fSX  calculations,  the  high-lying  conduction  bands  are 
not  very  reliable.  The  InN  direct  gap  is  rather  badly  underestimated.  It  is  not  clear  at  this  stage 
what  the  origin  of  the  error  is.  Possibly  the  deep  In  d  orbitals  are  inadequately  treated;  it  may  be 
connected  with  the  fact  that  the  starting  LDA  gap  is  negative.  For  further  comparisons  of  the 
various  calculated  eigenvalues  at  some  high  symmetry  points  in  the  Brillouin  zone,  see  Ref.  [2]. 
There  are  some  differences  in  the  present  SX  calculations  and  those  in  Ref.  [2],  mainly  that/ 
orbitals  and  the  nonspherical  corrections  to  the  ASA  potential  are  added  here  to  render  the  LDA 
bands  almost  identical  to  full-potential  ones. 

Alloy  Band  Structures.  Calculating  the  properties  of  random  alloys  is,  in  general,  a 
far  more  difficult  task  than  calculating  the  properties  of  the  compounds,  and  several  calculational 
approaches  are  generally  applied  to  the  problem.  In  the  virtual  crystal  approximation  (VGA), 
the  alloy  is  modeled  by  replacing  the  varying  potential  due  to  the  alloy  disorder  by  an  average 
potential,  approximated  by  a  compositional-weighted  average  of  the  potentials  of  the 
constituents.  Such  a  crude  approximation  can  be  expected  to  produce  poor  results  in  predicting 
the  properties  of  the  nitride  alloys,  particularly  those  of  the  anion-substituted  alloys  for  which 


Figure  4.  Energy  bands  of  (a)  wurtzite  and  (b)  zinc  blende  GaN  calculated 
in  the  LDA+SX.  Dotted  lines  show  several  of  the  LDA  bands. 


Table  I:  Band  gaps  of  AIN,  GaN,  and  InN  from  various  calculations 
and  from  experiment.  GW  energies  were  taken  from  Ref.  [11].  LDA 
were  taken  from  Ref.  [2]  and  LDA+SX  were  taken  from  Ref.  [2]  and 
this  work. 
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AIN  GaN  InN 
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AIN  GaN  InN 
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LDA+SX 
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4.3  1.9  -0.3  4.1  1.9  -0.4  3.2  6.4  2.8 

6.4  3.4  0.8  6.3  3.1  0.7  5.1  4.8  4.1 

5.8  3.5  6.0  3.1  4.9  4.7 

6.28“  3.5^  1.9^  3.4^* 

“From  Perry  and  Rutz  [23j.  ‘^From  Tanslcy  and  Foley  [25]. 

•^From  Moncmar  [24].  ‘^From  Hong  et  al.  [26]. 


there  are  large  chemical  and  bond  length  differences.  Strong  scattering  theories  such  as  the 
coherent  potential  approximation  (CPA)  build  upon  the  VGA  by  including  a  complex  self-energy 
to  describe  the  alloy  inhomogeneities  (see  Ref.  [1]  and  references  therein).  The  CPA  theory  can 
include  both  on-site  disorder  arising  from  differences  in  diagonal  terms  in  the  potential,  and  off¬ 
site  or  off-diagonal  disorder  arising  from  differences  in  bond  lengths.  Wei  et  al.  developed  a 
method  particularly  well  suited  to  the  entrenched  supercell  method  of  the  ah  initio  methods  in 
which  relatively  small  supercells,  or  special  quasi-random  structures  (SQS),  are  specified  to 
reproduce  the  expected  atom-atom  correlation  function  in  a  fully  random  structure  [28].  Finally, 
averaging  over  samplings  of  random  configurations  can  also  be  used  to  predict  the  composition- 
dependent  properties  of  alloys. 

In  many  cases,  the  band  gap  of  tbe  alloy  is  fit  to  the  function  form 

E^Xx)  =  {l-x)E;^  +  xE;^-bx{\--x)  ,  (1) 

where  b  is  the  bowing  parameter.  Several  theoretical  calculations  have  been  directed  at  the 
properties  of  the  technologically  important  cation-substituted  nitride  alloys  [29-31].  From 
32-atom  supercells  in  the  wurtzite  (zinc  blende)  structure,  van  Schilfgaarde  calculated  the 
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bowing  parameter  in  the  cation-substituted  nitrides  [2]  and  found  b  =  0.3(0.6)  for  AlGaN, 
b  =  3. 6(3.5)  for  AlInN,  and  b  =  1.7(1. 3)  for  GaInN.  Two  values  for  the  experimental  bowing 
parameters  for  AlGaN  have  been  reported:  ~0  eV  [30,31]  and  ~1  eV  [32,33]. 

More  dramatic  changes  in  the  energy  bands  are  observed  in  the  anion-substituted  nitride 
alloys.  Analogous  behavior  is  not  observed  in  the  cation-substituted  nitride-based  alloys 
discussed  above.  Several  authors  noted  that  there  is  a  strong  localization  of  the  band  edge  wave 
functions  in  GaAsN  [34,35]  and  AlAsN  [34]  owing  to  large  chemical  and  size  differences 
between  nitrogen  and  arsenic.  The  localization  is  extremely  sensitive  to  the  alloy  concentration, 
the  detailed  configuration  of  the  impurities,  and  the  lattice  relaxation  around  the  impurities. 
Bellaiche  et  al.  [36]  used  empirical  pseudopotentials  with  large,  fully  relaxed,  randomly 
occupied  supercells  to  examine  the  properties  of  the  anion-substituted  alloys  GaPN  and  GaAsN, 
and  found  substantial  compositional-dependent  downward  bowing  of  the  band  gap,  comparable 
to  experiment.  In  the  dilute  alloy,  impuritylike  levels  in  the  band  gap  associated  with  the 
minority  constituents,  were  predicted  at  -0.6  eV  for  phosphorus  in  GaN  and  at  -0.75  eV  for 
arsenic  in  GaN.  LDA  calculations  of  a  single  impurity  in  large  supercells  of  216  atoms  reveal 
similar  localized  levels,  though  they  tend  to  appear  to  be  resonances  in  the  valence  band  and  near 
the  valence-band  maximum,  rather  than  localized  states  within  the  gap  [37],  as  Bellaiche  and 
Zunger  found. 

High-Field  Transport.  Transport  calculations  have  been  reported  for  several  nitride 
alloys  in  both  zinc  blende  and  wurtzite  structures  [38-41].  Because  the  calculation  of  the  hot 
electron  transport  is  sensitive  to  details  of  the  band  structures  employed,  results  reported  in  these 
works  differ  substantially.  In  the  work  by  Krishnamurthy  et  al.  [38],  a  hybride  empirical  tight- 
binding  pseudopotential  Hamiltonian  was  fit  to  the  nitride  band  structures  calculated  using  the 
LDA-fSX  discussed  above.  For  GaN  in  both  the  zinc  blende  and  wurtzite  crystal  structures, 
LDA-hSX  predicts  that  the  central  valley  inflection  points  in  both  structures  lies  below  the  energy 
separation  between  the  central  valley  minimum  and  the  bottom  of  the  first  satellite  valley.  This 
character  is  illustrated  in  Figure  5a  for  the  zinc  blende  phase  and  Figure  5b  for  the  wurtzite  phase 
of  GaN;  aside  from  the  nitrides,  this  has  not  been  found  in  any  other  group  IV,  III-V  compound, 
or  II- VI  compound  seminconductor.  Also,  the  empirically  derived  nitride  band  structures  used  in 
other  transport  studies  of  the  nitrides  apparently  did  not  possess  this  property  [39-41].  As  a 
consequence  of  the  inflection  point  lying  below  the  minimum  of  the  first  satellite  valley,  an 
anomalous  drift  velocity-field  characteristic  is  predicted,  shown  in  Figures  6a  and  6b.  While 
these  velocity-field  curves  superficially  resemble  that  of  other  materials,  the  mechanism 
responsible  for  the  peak  is  quite  different  in  GaN.  Although  the  peak  group  velocity  occurs  at  the 
inflection  point  (Figure  5),  the  electron  effective  mass  goes  to  infinity  at  the  reflection  point,  and 
becomes  negative  above  it,  where  electrons  are  then  decelerated  by  the  applied  field.  This 
deceleration  by  the  field  results  in  the  peak  in  the  drift  velocity  being  reached  before  electrons 
have  sufficient  energy  to  transfer  to  the  satellite  valley.  The  anomalous  negative  differential 
resistance  velocity-field  curves  are  supported  by  examination  of  the  electron  distribution. 
Tracking  the  electrons  in  various  valleys  indicates  that  all  of  the  electrons  remain  in  the  F  valley 
for  fields  well  above  that  at  which  the  peak  in  the  drift  velocity  occurs,  indicating  that  the 
negative  differential  resistance  is  caused  by  band  structure  features  in  the  F  valley,  rather  than  by 
scattering  into  a  satellite  valley.  Electron  populations  at  300  K  as  a  function  of  energy  for 
different  field  strengths  applied  in  the  (100)  direction  in  the  zinc  blende  structure  are  plotted  in 
Figure  7,  where  drifted  distributions  are  found.  The  peak  drift  velocity  predicted  for  GaN  is  quite 
high,  and  is  comparable  to  that  of  the  best  found  in  other  materials  [1],  and  the  breakdown  fields 
for  GaN  will  probably  be  enormous. 

Hot  electron  device  designs  will  have  to  take  account  of  the  reported  anomalous  behavior. 
For  example,  GaN-based  devices  that  require  high  peak  drift  velocity-field  products  will  work 
well,  but  those  like  the  Gunn  oscillator,  whose  speed  depends  on  the  drift  velocity  that  occurs 
after  the  valley  in  the  velocity-field  curve,  are  not  likely  to  fare  well.  Also,  devices  that  depend 
on  avalanche  breakdown  may  not  function  well.  A  more  complete  examination  of  these 
questions  needs  to  be  undertaken. 


ENERGY  (eV) 


b) 


0  12  3  4 

ENERGY  (eV) 


Figure  5.  The  conduction  band  structure  and  group  velocity  in  (a)  zinc  blende  and 
(b)  wurtzite  GaN.  The  inflection  point  corresponds  to  a  maximum  in  the  group  velocity. 
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Figure  6.  Velocity-field  characteristics  (a)  at  300°K  and  600°K  for  zinc  blende  GaN  and 
(b)  at  300°K  for  wurtzite  GaN  with  carrier  concentrations  of  cm"-^.  Arrows  indicate 
the  fields  at  which  the  intervalley  scattering  begins  to  be  important. 
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Figure  7.  Electron  distribution  at  300°K  along  the  (100)  direction  for  several 
applied  electric  fields.  For  fields  below  225  kV/cm,  nearly  all  of  them  remain 
in  the  central  F- valley. 


4.  SUMMARY 

Theoretical  predictions  of  the  structural  properties  of  the  nitride-based  compounds  have 
been  shown  to  be  in  good  agreement  with  experiment.  For  AlInN,  GaInN,  and  the  mixed 
group  V  alloys,  large  miscibility  gaps  are  predicted  due  mostly  to  the  large  size  mismatch  among 
the  constituents. 

Both  LDA-i-SX  band  structures  for  the  nitride  compounds  have  been  presented  and  predict 
band  gaps  that  are  in  good  agreement  with  experiment.  Based  on  a  fit  to  the  LDA+SX  bands,  the 
velocity-field  characteristics  of  the  nitrides  have  been  examined  and  have  been  found  to  show 
some  anomalies  due  to  the  inflection  point  lying  below  any  higher-lying  minima.  This  anomaly 
must  be  taken  into  account  in  designing  hot-electron  devices. 
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ABSTRACT 

The  design  of  optoelectronic  devices  fabricated  from  Ill-nitride  materials  is  aided  by 
knowledge  of  the  refractive  index  and  absorption  coefficient  of  these  materials.  The  optical 
properties  of  GaN,  AIN  and  AIGaN  grown  by  MOVPE  on  sapphire  substrates  were  investigated 
by  means  of  transmittance  and  reflectance  measurements.  Thin  (less  than  0.5  pm)  single  crystal 
films  were  employed  to  insure  that  transmission  measurements  could  be  obtained  well  above  the 
optical  band  gap.  The  influence  of  alloy  broadening  on  the  absorption  edge  was  investigated  by 
using  a  series  of  AIGaN  alloy  samples  with  a  range  of  A1  compositions.  The  optical  absorption 
coefficient  above  the  band  gap  was  obtained  for  AIGaN  having  up  to  38%  A1  composition.  The 
refractive  index  below  the  band  gap  was  determined  for  the  same  series  of  samples.  These 
properties  provide  information  critical  to  the  optimal  design  of  solar  blind  detectors  or  other 
optoelectronic  devices. 


INTRODUCTION 

The  Ill-nitrides,  including  GaN,  InN,  and  AIN,  have  proven  to  be  robust  materials  for  the 
development  of  blue/green  LEDs  and  violet  lasers  lasers  [1].  The  AIGaN  alloys  also  hold  great 
promise  for  developing  ultraviolet  photodetectors  [2].  In  photodetector  applications,  the  wide 
band  gap  of  the  nitrides  aids  to  minimize  the  dark  current,  thereby  increasing  the  detector 
sensitivity.  The  transparency  to  visible  light  will  reduce  the  need  for  the  extensive  external  filters 
that  are  required  when  detectors  sensitive  to  the  visible  portion  of  the  spectrum  are  employed. 
Multilayered  Bragg  mirrors  and  filters  fabricated  from  these  materials  also  have  applications  for 
lasers  and  photodetectors.  Currently  there  has  been  only  a  limited  amount  of  information 
reported  [3,4]  about  the  fundamental  optical  properties  of  AIGaN  alloys  which  makes  design  of 
these  devices  difficult.  The  relative  immaturity  of  this  materials  system  also  means  that  there 
may  be  some  variance  in  the  properties  of  the  materials  produced  by  different  workers.  In  this 
paper,  we  report  the  refractive  index  and  absorption  coefficient  for  AIGaN  thin  film 
compositions  of  up  to  38  %  obtained  by  means  of  reflectance/transmittance  spectroscopy. 

For  light  below  the  band  gap  of  the  semiconductor,  the  interference  within  the  thin  film 
modulates  both  the  reflection  and  transmission  spectrum.  Above  the  band  gap,  the  high 
absorption  coefficient  causes  the  film  to  absorb  any  multiple  reflections  of  the  light.  For  these 
materials,  unless  the  film  is  less  than  ~  1  pm  thick,  there  is  seldom  enough  signal  for  commercial 
spectrophotometers  to  obtain  an  accurate  ratio  measurement.  Due  to  the  short  penetration  depth 
of  the  light  above  the  band  gap,  reflection  measurements  become  more  dependent  on  the  surface 
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condition  of  the  semiconductor,  but  have  been  used  with  great  success  to  gather  information 
about  band  structure. 

In  the  spectral  region  around  the  band  gap  the  situation  is  complicated,  for  in  addition  to 
going  from  a  transparent  to  an  absorbing  Fabry-Perot  cavity,  the  excitonic  structure  becomes 
important.  This  is  especially  true  in  the  case  of  nitride  materials,  where  the  binding  energy  of  the 
exciton  is  strong  (>  ~20  meV).  The  three  closely  spaced  valence  bands  lead  to  three  strong 
absorption  features,  the  A,  B,  and  C  exciton.  The  selection  rules  also  make  the  transmission  and 
reflection  polarization  dependent.  The  birefringence  of  the  hexagonal  material  and  the  scattering 
from  the  columnar  grain  structure  found  in  most  nitride  materials  further  complicates  matters.  In 
semiconductor  alloys,  fluctuations  in  composition  broaden  the  exciton  making  the  absorption 
features  less  distinct.  However,  the  continuum  absorption  of  the  exciton  still  influences  the 
absorption  spectra,  even  when  the  excitonic  features  are  no  longer  clearly  visible.  In  general,  all 
nitride  epitaxial  films  are  also  highly  strained,  with  strain  being  dependent  on  substrate  material 
and  on  buffer  layer. 

In  general,  the  traditional  incident  plane  wave  approach  to  thin  film  transmission  and 
reflection  problems  assumes  that  the  films  are  of  uniform  thickness  and  have  a  flat  surface 
morphology.  In  practice,  this  is  a  challenge  especially  when  the  crystal  grower  would  like  to 
have  a  reasonable  growth  rate  and  also  has  to  dope  the  film  for  electrical  properties. 

In  the  case  of  thin  films  that  have  surface  roughness,  some  of  the  light  is  scattered  and 
misses  the  detector.  This  lowers  the  experimental  values  of  transmittance  and  reflectance  with 
the  effect  being  more  pronounced  at  shorter  wavelengths.  Even  a  small  error  in  the  experimental 
values  can  lead  to  large  errors  in  the  determining  the  index  of  refraction  [51-  The  scattering  also 
disrupts  the  phase  of  the  plane  wave  leading  to  a  loss  of  coherence  in  the  thin  film  and  a 
dampening  of  the  modulation  of  the  transmission  and  reflection  spectra.  Swanepoel  [6,71, 
Szcxyrbowski  [8],  and  Nowak  [9]  have  considered  the  effects  of  surface  roughness  and  thickness 
variations  on  the  optical  spectrum  of  thin  films  and  their  models  were  incorporated  into  the 
present  model. 

Another  factor  to  consider  in  these  thin  film  models  is  that  the  solution  contains  an  index- 
thickness  product  (nd).  Thus,  the  index  of  refraction  and  the  thin  film  thickness  are  intimately 
related.  In  very  thin  films  such  as  those  used  in  this  study,  although  the  order  number  of  the 
interference  peaks  is  known,  only  a  few  data  points  can  be  obtained  for  the  Swanepoel  procedure 
for  determining  the  thickness.  With  the  film  thickness  known  experimentally  to  -  1%  from  SEM 
measurements,  the  index  of  refraction  of  the  films  was  determined  using  the  same  method  as 
Ambacher  [3].  The  absorption  coefficient  was  found  using  the  reflectance  data  and  the 
incoherent  multilayer  model  by  Wemple  [10]. 

The  exciton  theory  of  Elliott  [11]  was  used  to  fit  the  absorption  coefficient  data  to  find 
the  optical  band  gap.  Even  with  the  exciton  dissociated,  it  has  a  strong  influence  upon  the 
absorption  spectra  that  non-excitonic  models  can  not  fit  [12,13].  Since  the  individual  excitons 
could  not  be  observed  for  alloy  compositions  above  5  %  due  to  alloy  broadening,  for  practicality 
the  three  excitons  were  grouped  into  one  parameter  and  assigned  a  single  binding  energy. 

EXPERIMENTAL  DETAILS 

The  GaN,  AlGaN,  and  AIN  epitaxial  films  measured  in  this  work  were  prepared  in  a  low 
pressure,  vertical  flow,  cold  walled,  high  speed  substrate  rotation  MOVPE  reactor.  This  system 
was  designed  and  built  at  NCSU  and  is  integrated  into  a  multi-chamber  nitride  growth  cluster 
tool.  The  substrates  for  deposition  were  2-inch  diameter  double-side-polished  sapphire  wafers. 
Sample  preparation  was  as  previously  described  [14].  Epitaxial  films  were  deposited  in  a  typical 
two  step  process,  with  a  low  temperature  buffer  layer  to  nucleate  growth  [15].  The  low 


temperature  buffer  layer  was  GaN  for  GaN  growth,  and  AIN  for  AlGaN  and  AIN  growth  in  order 
to  minimize  the  effects  of  the  buffer  layer  optical  properties  on  the  measurements  of  the  epitaxial 
films.  The  epilayer  growths  of  AlGaN  and  AIN  films  were  performed  at  chamber  pressures 
ranging  from  20  to  76  Torr  with  the  trimethylaluminum  injected  separately  from  the 
trimethylgallium  source  using  hydrogen  carrier  gasses  in  both  cases.  Separate  metallorganic 
injection  and  reduced  pressures  allow  for  the  independent  control  of  composition  and  velocity  of 
the  metallorganic  species  in  order  to  limit  parasitic  reaction  of  the  group  III  precursors  [16]. 
With  this  technique,  precise  control  of  epilayer  composition,  uniformity,  growth  rate  (0.5  -  1.5 
pm/hr),  and  crystal  quality  was  achieved. 

The  aluminum  composition  of  the  samples  was  estimated  from  the  cathodoluminescence 
(CL)  spectra.  The  CL  was  measured  using  a  JEOL  JSM-6400  SEM  with  an  Oxford  instruments 
mono-CL  accessory.  With  this  unit  it  is  possible  to  obtain  spectral  CL  scans  from  180  nm  to  900 
nm,  or  to  obtain  monochromatic  images  within  the  available  wavelength  range.  For  these 
samples,  an  accelerating  voltage  of  5-10  kV  was  used  with  a  beam  current  of  10  nA.  The  CL 
emission  is  from  an  interaction  volume  which  extends  through  the  sample  into  the  substrate, 
including  the  lower  quality  buffer  layer  material. 

The  surface  quality  of  the  films  was  evaluated  using  differential  interference  contrast 
optical  microscopy  in  order  to  anticipate  any  difficulties  with  light  scattering  from  the  surface. 

Optical  transmission  intensity  measurements  were  made  from  200-3300  nm  using  a  Cary 
5E  spectrophotometer.  The  reflectance  measurements  were  taken  from  250-900  nm  with  a 
Perkin-Elmer  Lambda  9  spectrophotometer  with  a  normal  incidence  reflectance  accessory  and 
calibrated  uv-enhanced  mirrors  for  use  as  references.  The  spectrophotometers  were  used  in  a 
double  beam  mode,  where  the  optical  energy  passing  through  the  samples  is  ratioed  with  the 
optical  energy  of  a  reference  beam.  No  apertures  were  used  in  the  reference  and  sample  beams. 
This  was  very  beneficial  for  making  measurements  above  the  band  gap  since  it  is  experimentally 
difficult  to  obtain  truly  identical  apertures  and  balance  the  instrument  at  very  high  absorbance. 
The  spectrophotometer  slit  width  was  kept  constant  in  the  visible  and  UV  portion  of  the 
spectrum  to  keep  the  spectral  bandwidth  constant.  The  spectral  bandwidth  was  0.1  nm  to  allow 
for  observation  of  sharp  excitonic  features  or  closely  spaced  interference  fringes.  The  double- 
side-polished  substrates  served  to  minimize  scattering  of  the  light. 

RESULTS 

The  properties  of  the  AbGai-xN  films  analyzed  in  this  study  are  summarized  in  Table  1. 

Table  1:  Thin  AlxGai.xN  films  on  double-polished  sapphire. 


Sample 

1 

2 

3 

4 

5 

6 

CL  Peak  (eV) 

3.40 

3.76 

3.96 

4.11 

4.24 

5.88 

X 

0 

0.18  ; 

0.27 

0.34 

0.38 

1 

Thickness  (pm) 

0.37 

0.39 

0.37 

0.39 

0.42 

0.4 

Optical  Band  Gap  (eV) 

3.43 

3.80 

4.00 

4.18 

4.36 

6.20 

Figure  1  shows  the  CL  of  the  samples  which  was  used  to  assign  the  alloy  composition  of 
the  material  using  a  bowing  parameter  of  1  eV  [17].  The  thin  nature  of  the  films  and  the 
relatively  low  accelerating  voltage  minimized  the  effect  of  self  absorption  upon  the  true  peak 
position  [18]  although  the  peak  position  was  still  red  shifted  in  relation  to  the  optical  band  gap 


found  by  fitting  the  absorption  data.  The  CL  indicated  that  the  material  was  of  high  quality, 
although  some  deep  level  luminescence  was  observed. 

The  transmission  data  obtained  for  the  sequence  of  thin  samples  is  shown  in  Figure  2. 
The  AIN  layer  demonstrates  the  influence  of  surface  morphology  upon  transmission 
measurements.  Due  to  scattering,  the  amplitude  of  the  modulations  is  suppressed  and  the 
transmission  steadily  decreases  with  shorter  wavelengths.  The  transmission  results  for  the 
AlGaN  nitride  films  ranging  in  aluminum  composition  from  0.18  to  0.38  (films  2-5)  show  that 
little  scattering  occurs  and  that  the  films  are  of  uniform  thickness.  The  thin  GaN  layer  grown  on 
a  GaN  buffer  layer  shows  some  unusual  behavior.  In  addition  to  the  excitonic  band  edge  which 
produced  a  distinct  room  temperature  excitonic  feature  indicative  of  high  material  quality, 
another  absorption  slope  just  below  the  excitonic  edge  was  visible.  This  was  distinct  from  the 
Urbach  tail  which  normally  occurs  from  phonon  broadening  of  the  exciton.  Examination  of  the 
film  by  differential  interference  contrast  optical  microscopy  revealed  the  presence  non-uniform 
regions  within  the  film.  This  increased  the  light  scattering  in  the  film  and  also  influenced  the 
effective  refractive  index. 


Figure  1.  Cathodoluminescence  for 
AlxGai-xN  Samples 


Figure  2.  Transmission  data  for 
AlxGai.xN  Sample 


The  index  of  refraction,  shown  in  Figure  3,  was  computed  by  fitting  the  transmission  data 
as  described  in  the  introduction.  The  values  obtained  were  about  3  percent  lower  than  those 
obtained  by  Ambacher  [3].  This  is  perhaps  due  to  the  influence  of  the  buffer  layer  on  the 
effective  index  of  the  film. 

The  calculated  absorption  coefficients  are  plotted  in  Figure  4.  The  thin  nature  of  the 
films  and  smooth  surface  morphologies  permitted  extraction  of  the  absorption  coefficient  well 


above  the  band  gap.  In  the  binary  compound,  the  GaN  exciton  is  clearly  visible,  and  just  below 
the  excitonic  band  edge  an  absorption  tail  attributed  to  the  buffer  layer  is  visible.  In  the  alloy 
films,  x=0.27,  0.34,  and  0.38,  the  exciton  is  suppressed  by  alloy  broadening.  The  clearly 
recognizable  AIN  band  edge  is  shown,  but  due  to  the  excessive  scattering  it  was  not  possible  to 
obtain  accurate  values  for  the  absorption  coefficient  above  1.5  x  10^  cm-1. 
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Figure  3.  Below  band  gap  refractive  index  Figure  4.  Absorption  coefficient  determined 

for  AlxGai.xN  from  transmission  measurements 


CONCLUSIONS 

We  have  investigated  the  optical  properties  of  GaN,  AlGaN  alloys  and  AIN  using  scanning 
electron  microscopy  cathodoluminescence  along  with  reflectance  and  transmission  spectroscopy. 
The  films  used  were  less  than  0.5  pm  in  thickness  which  permits  direct  calculation  of  the 
absorption  coefficient  well  above  the  band  gap.  The  index  of  refraction  below  the  band  gap  was 
obtained  by  fitting  the  transmission  spectra,  and  the  optical  band  gap  was  obtained  by  fitting  the 
transmission  data  with  Elliott’s  theory  of  absorption.  The  absorption  coefficient  and  index  of 
refraction  show  reasonable  agreement  with  those  determined  by  other  workers.  These  results 
provide  further  information  of  importance  toward  the  design  optimization  of  optoelectronic 
devices  employing  the  Ill-nitrides. 
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ABSTRACT 

It  is  well  known  that  hydrogen  plays  a  key  role  in  p-type  doping  of  GaN.  It  is  believed  that 
H  passivates  substitutional  Mg  during  growth  by  forming  a  Mgs-N-Hj  complex;  in  subsequent 
annealing,  H  is  removed,  resulting  in  p-type  doping.  Several  open  questions  have  remained, 
however,  such  as  experimental  evidence  for  other  complexes  involving  Mg  and  H  and  difficul¬ 
ties  in  accounting  for  the  relatively  high-temperature  anneal  needed  to  remove  H.  We  present 
first  principles  calculations  in  terms  of  which  we  show  that  the  doping  process  is  in  fact  signifi¬ 
cantly  more  complex.  In  particular,  interstitial  Mg  plays  a  major  role  in  limiting  p-type  doping. 
Overall,  several  substitutional/interstitial  complexes  form  and  can  bind  H,  with  vibrational  fre¬ 
quencies  that  account  for  hitherto  unidentified  observed  lines.  We  predict  that  these  defects, 
which  limit  doping  efficiency,  can  be  eliminated  by  annealing  in  an  atmosphere  of  H  and  N  prior 
to  the  final  anneal  that  removes  H. 

INTRODUCTION 

GaN  is  the  most  promising  wide-gap  material  for  blue-green  optoelectronics,  but  further  im¬ 
provements  are  needed  to  enhance  performance  and  reliability  for  commercial  applications.  A 
major  issue  is  to  increase  p-type  conductivity.  It  has  been  established  that  H  enhances  the  incor¬ 
poration  of  dopants  such  as  Mg,  but  it  must  be  removed  by  post-growth  annealing  to  activate  the 
dopants. [1,2]  In  general,  only  a  relatively  small  fraction  of  the  total  Mg  is  activated.[3,4] 

Theory  has  offered  a  simple  account  of  the  process[5,6]:  In  the  absence  of  H,  Mg  shallow 
acceptors  are  compensated  by  N  vacancies  (Vn"^)  and  Ga  interstitials  (Gai'^'^'^),  both  of  which  are 
donors  and  have  low  formation  energies  in  p-type  material. [7]  When  H  is  present,  it  passivates 
substitutional  Mg  (Mgoa’)  by  forming  a  Mgoa-N-H  complex. [5]  The  Fermi  level  rises  to  the  mid¬ 
gap  region  and  the  formation  of  Vn’^  and  Gai'^'^'^  is  suppressed.  Subsequent  annealing  removes  H 
and  activates  Mgoa’.  Theory  predicted[5]  the  vibrational  frequency  of  the  Mgoa-N-H  complex  at 
3360  cm"'  and,  experiments [4]  have  since  found  a  line  at  3125  cm’'  whose  intensity  decreases 
during  annealing.  Nevertheless,  there  are  unambiguous  indications  that  the  doping  process  is 
more  complex.  The  temperature  needed  to  remove  H  (~700°C)  is  much  higher  than  expected 
from  the  calculated  energy  to  break  the  Mgoa-N-H  bond  (-1.5  eV).[5]  Photoluminescence,  infra¬ 
red,  and  Raman  data  show  clearly  that  other  Mg-related  defects  are  present.  [1,3,4]  In  particular, 
in  material  grown  by  molecular  beam  epitaxy  (MBE),  where  typically  only  10%  of  Mg  is  electri¬ 
cally  active,  infrared  and  Raman  lines  in  the  2000-cm"'  range  have  been  attributed  to  direct  Mg- 
H  bonds. [3]  Theory  so  far  has  not  offered  any  potential  candidates  for  these  complexes. 

Here,  we  report  first-principles  calculations  of  key  defect  reactions  and  show  that  p-type 
doping  is  in  fact  a  significantly  more  complex  process.  In  particular,  we  show  that,  in  addition  to 
MgGa-N-H,  interstitial  Mg  (Mgi)  and  its  complexes  play  a  major  role  in  controlling  the  process. 
In  Ga-rich  growth  conditions,  compensation  of  Mgca'  occurs  mainly  though  the  formation  of  Mg 
substitutional-interstitial  pairs  with  a  configuration  (Mgca-N-Mg)'*'  analogous  to  Mgca-N-H  (Fig. 
la).  Other  defects  that  play  a  role  are  Vn"^,  Mgi^"^,  Gaj'*'^,  (MgGa-N-Ga+)^^,  and  MgGa-VN.  This 
plethora  of  substitutional/interstitial  (SI)  Mg-related  complexes  accounts  for  the  high  degree  of 
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Mg  incorporation  in  electrically  inactive  forms.  When  H  is  present,  all  these  complexes  are  pas¬ 
sivated,  forming  direct  Ga-H  and  Mg-H  bonds.  The  calculated  vibrational  frequencies  of  these 
bonds  are  in  the  2000-cm  '  range  and  provide  an  identification  for  infrared  and  Raman  lines  that 
have  remained  unexplained. [3]  Finally,  our  analysis  yields  a  testable  prediction;  For  samples  that 
show  the  vibrational  signatures  of  hydrogenated  SI  complexes,  a  pre-anneal  in  an  atmosphere  of 
N  and  H  followed  by  annealing  in  a  N  atmosphere  would  significantly  enhance  Mg  activation. 


Fig.  1  Schematic  representation  of  some  complexes  studied  in  this  work: 
a)  Mgoa-N-H  complex;  b)  MgiH2;  c)  MgGa-N-Gai-H2;  and  d)  Mgoa-N-Mgj-H. 


METHOD 

The  calculations  were  performed  in  the  framework  of  density  functional  theory  and  the  local 
density  approximation  for  exchange  and  correlation,  using  ultrasoft  pseudopotentials  and  a 
plane-wave  basis  set[8]  The  Ga  3d  electrons  and  the  Mg  2p  electrons  were  treated  as  valence 
electrons.  Additional  details  for  the  pseudopotentials  can  be  found  in  Ref.  9.  The  energy  cutoff 
for  the  basis  set  was  chosen  at  25  Ry  after  studies  showed  convergent  results.  Supercells  of  32 
atoms  where  used  in  general  but  some  key  results  were  tested  in  a  64  cubic  cell  to  ensure  con¬ 
vergence  with  supercell  size.  Such  supercells  were  also  found  to  be  well  converged  in  similar 
cases  by  earlier  investigators. [9, 10] 

We  used  three  special  k  points  corresponding  to  the  hexagonal  symmetry[l  1]  in  the  wurtzite 
phase  and  the  {.5, .5, .5}  special  k  point  in  the  cubic  .structure.  Results  for  cubic  and  wurtzite  GaN 
are  generally  the  same  (within  0.1  eV)  except  in  some  cases  where  topology  matters.  Those  cases 
will  be  discussed  explicitly.  All  atoms  in  the  supercell  were  relaxed  until  the  force  on  each  atom 
was  less  than  0.15  eV/A.  The  calculation  of  the  H-related  normal  modes  involved  a  partial  dy¬ 
namical  matrix  that  included  the  H  atoms  and  their  neighbors.  The  normal  modes  were  calcu¬ 
lated  in  the  harmonic  approximation.  In  a  second  step,  the  anharmonic  corrections  for  the  transi¬ 
tion  from  the  ground  to  the  first  excited  state  of  the  stretch  modes  were  calculated  in  a  standard 
way[12]  using  the  coefficients  of  the  polynomial  that  fits  the  energy  as  a  function  of  the  ampli¬ 
tude  along  the  normal  mode  trajectory. 

RESULTS 

Much  of  the  theoretical  literature  on  defects  and  impurities  in  GaN  has  so  far  focused  on 
formation  energies.  However,  in  a  compound  semiconductor  the  formation  energies  of  point  de¬ 
fects  are  functions  of  the  chemical  potential  of  one  of  the  host  atoms  and  the  Fermi  energy.  In  the 


presence  of  impurities,  formation  energies  of  defect  complexes  are  also  functions  of  the  impurity 
chemical  potentials.  To  avoid  much  of  this  complexity,  we  carried  out  our  analysis  by  examining 
key  sequences  of  defect  reactions  that  can  be  studied  by  using  the  same  supercell  containing 
identical  atomic  species  and  excess  charges.  The  resulting  reaction  energies  are  more  accurate 
than  absolute  formation  energies  of  individual  defects,  especially  charged  ones.  Values  for  the 
latter  are  available  in  the  literature.  [5-7,9, 10]  We  will  use  these  values  in  our  analysis,  especially 
the  more  accurate  calculations  that  treat  the  Ga  d  electrons  as  valence  electrons. 

We  start  with  the  doping  process  in  the  absence  of  H.  For  p-type  material  and  Ga-rich  con¬ 
ditions,  Vn  and  Gai'*^'*'  have  low  formation  energies  and  comparable  concentrations.[7]  These 
native  defects  are  deep  donors  and  their  electrons  recombine  with  holes  so  that  p-type  doping  is 
thwarted.  We  have  taken  the  next  step  and  investigated  the  possible  reactions  of  Vn^  and  Gai’^ 
with  Mgoa'-  We  found  the  following: 

a)  MgGa-VN  pairs  form  with  a  small  gain  in  energy  (0.4  eV)  with  respect  to  the  isolated  point 
defects. 

b)  (Mgca-N-Gai)'^'^  complexes  form  with  a  large  gain  in  energy  (1.6  eV).  These  complexes 

have  a  structure  very  similar  to  that  of  the  Mgca-N-H  (Fig. la)  complexes  that  have  been  studied 
extensively  by  Van  de  Walle  and  Neugebauer.  In  particular,  the  Gai  occupies  the  antibonding  site 
on  the  N  side  of  a  Mgca-N  bond.  Once  the  complex  (Mgca-N-Gai)'^'^  forms,  additional  energy  is 
gained  by  an  exchange  between  the  Mgca’  and  to  yield  interstitial  Mg  (Mgi'^'^).  The  addi¬ 

tional  energy  gain  is  1.7  eV,  for  a  net  gain  of  3.3  eV. 

Once  Mgi^"^  are  available,  they  pair  up  with  isolated  Mgca'  to  form  (Mgca-N-Mg!)"^  com¬ 
plexes.  This  pairing  yields  an  extra  energy  gain  of  0.7  eV,  for  a  large  net  energy  gain  of  4.0  eV. 
(Table  I). 


Table  I 

Relative  formation  energies  of  different  defects  in  p-type  GaN  in  Ga-rich 
conditions.  A  doped  crystal  with  a  concentration  of  sustitutional  Mgca’  and  a 
Gaj'^'^'*'  or  Vn+  are  the  zero  energy  references  as  indicated. 


Complex 

Energy  (eV) 

Complex 

Energy  (eV) 

[MgGa'l;  Gai-^^ 

0  (reference) 

[MgGa'];VN^ 

0  (reference) 

(MgGa-N-Gai)^^ 

-1.6 

MgGa-VN 

-0.3 

Mgi"" 

-3.3 

(MgGa-N-Mgi)-H 

-4.0 

We  emphasize  that  the  results  of  Table  1  are  obtained  with  identical  supercells  (same  atoms, 
same  charge  states)  in  each  case  so  that  the  relative  energies  listed  are  very  accurate.  For  an  ab¬ 
solute  comparison  of  the  energies  of  interstitial-  and  vacancy-related  complexes  one  needs  the 
absolute  formation  energies  of  Gai"^  and  Vn^,  which  represent  a  major  challenge.  Boguslawski 
et  al.  have  reported  the  most  accurate  calculations  that  current  capabilities  allow  and  found  the 
two  energies  to  be  comparable. [7]  Note,  however,  that,  even  if  the  formation  energy  of  Gaj'^'^ 
were  to  be  larger  than  that  of  Vn^  by  as  much  as  2.5  eV,[5]  the  SI  complexes  just  described 
would  have  to  be  taken  into  account  to  properly  describe  the  physics  of  p-type  doping. 

The  clear  conclusion  then  is  that  the  entire  family  of  SI  defects  play  a  role  in  controlling 
doping.  Under  equilibrium  Ga-rich  conditions  in  the  absence  of  other  impurities,  (MgGa-N-Mgi)"^ 
is  the  dominant  defect  responsible  for  thwarting  p-type  doping,  followed  by  Mgi"^,  and  (MgGa-N- 
Ga)'^.  In  p-type  material  under  equilibrium  N-rich  conditions,  Gai  are  suppressed  in  favor  of 
other  native  defects[5,7]  that  do  not  exchange  with  Mgca-  On  the  other  hand,  if  thermodynamic 


equilibration  does  not  occur  during  low-temperature  growth,  the  formation  of  defects  is  governed 
by  kinetics  so  that  any  or  all  stable  defects  may  form  irrespective  of  their  formation  energies. 

We  turn  now  to  the  case  when  H  is  present.  First,  we  confirmed  the  known  result  that  Mgoa' 
binds  an  H  atom  in  a  MgGa-N-H  configuration.  In  addition,  the  SI  complexes  bind  one  or  two  H 
atoms,  depending  on  their  formal  charge,  and  binds  up  to  three  H  atoms.  In  particular,  we 
carried  out  detailed  calculations  on  the  following  complexes  (Mgca-N-GarH)"^,  Mgca-N-Gai-H:, 
(MgiH)"^,  MgjH2,  and  Mgoa-N-Mgi-H.  In  this  context  we  note  that  the  distinction  between  cubic 
and  hexagonal  GaN  is  important:  the  geometries  of  some  of  the  hydrogenated  SI  complexes  are 
quite  different  in  the  two  isomorphs  (we  will  discuss  the  geometries  later  in  the  paper).  From 
here  on  we  will  confine  our  discussion  to  hexagonal  GaN,  which  is  the  material  that  is  most 
commonly  used  for  experiments  and  device  fabrication. 

There  is  a  substantive  difference  between  Mgc.a-N-H  and  the  hydrogenated  SI  (SI-H)  com¬ 
plexes:  In  MgGa-N-H,  H  acts  as  a  donor  constituent,  whereas  in  the  SI-H  complexes  H  acts  as  an 
acceptor  constituent.  The  latter  have  occupied  energy  levels  in  the  gap  which  is  consistent  with 
higher  formation  energies  (Table  II).  Nevertheless,  as  we  shall  see  below,  the  SI-H  complexes 
play  a  key  role  in  the  non-equilibrium  processing  that  is  needed  to  achieve  p-type  doping. 

Table  II 

Relative  formation  energies  of  H-compensated  defects  (in  eV).  The  H  chemical 
potential  is  chosen  to  be  the  formation  energy  of  H2  in  an  interstitial  site. 


Complex 

Ga-rich;  H-rich 

N-rich;  H-rich 

MgG.-N-H 

0  (reference) 

-3.6 

MgiH2 

3.9 

3.9 

MgG;rN-Ga-H2 

4.2 

4.1 

MgGa-N-Mg-H 

4.1 

0.5 

Infrared  and  Raman  spectra[3]  have  found  several  lines  in  the  vicinity  of  2150  cm  '  that 
were  initially  attributed  to  Mgc.a-H  stretch  modes  because  they  where  absent  in  control  samples 
without  Mg.  [3]  Subsequent  theory,  however,  found  that  H  does  not  bind  directly  to  MgGa  ,  but 
rather  forms  the  Mgca-N-H  complex  whose  calculated  vibrational  frequency  is  3360  cm''. [5]  In 
recent  experiments,  Gotz  et  al.[4]  detected  the  3125-cm''  infrared  line  that  corresponds  to  MgGa- 
N-H  and  observed  it  decrease  as  a  function  of  annealing  that  activates  Mg  acceptors.  They  did 
not  report  measurements  in  the  2000-cm‘’  range.  Earlier  work  had  proposed  that  may  be  the 
dominant  compensating  defect.  Upon  hydrogenation,  Vn'*'  traps  an  H  atom  but  their  calculated 
frequency  is  less  than  600  cm"'. [6]  Accordingly,  the  identification  of  the  vibrational  lines  in  the 
vicinity  of  2150-cm  '  has  remained  an  important  open  problem. 

We  calculated  the  vibrational  frequencies  of  several  SI-H  complexes  and  indeed  found  Mg- 
H  and  Ga-H  in  the  vicinity  of  2000-cm''.  The  uncertainty  in  the  calculations  is  -200  cm  '  so  that 
identification  of  the  observed  defects  cannot  be  made  by  simply  comparing  theoretical  and  ex¬ 
perimental  vibrational  frequencies.  Symmetry  and  other  considerations,  however,  help  narrow 
the  choices.  We  discuss  here  the  strongest  candidates  to  account  for  the  experimental  data. 

MgjH2  is  a  stable  complex  with  the  Mgj  near  the  hexagonal  (O)  interstitial  site[7]  (see  Fig. 
lb)  and  the  two  H's  are  along  the  c  direction.  The  point  symmetry  is  C3V.  There  is  no  reflection 
symmetry  along  the  c  direction  and  the  two  Mg-H  bond  lengths  are  different,  namely  1.55  A  and 
1.78  A  .  The  two  "spring  constants"  are  also  different  and,  as  a  result,  the  two  H's  oscillate  almost 
independently  of  each  other.  The  short  Mg-H  bond  has  a  stretch  mode  at  2001  cm  '.  The  long 
Mg-H  bond  has  a  stretch  mode  at  1570  cm  '.  The  wag-mode  frequencies  are  1370  cm  '  and  1200 
cm"'  respectively.  The  entire  "molecule"  o.scillates  with  frequencies  lower  than  500  cm  '. 


Turning  back  to  the  short-bond  stretch  mode,  we  note  that  the  movement  of  the  atoms  is  in 
the  c  direction,  making  it  difficult  to  detect  by  infrared  absorption  if  the  wave  vector  of  the  inci¬ 
dent  light  is  oriented  in  the  c  direction.  These  considerations  and  the  calculated  frequencies  make 
the  short-bond  stretch  mode  of  the  MgiH2  complex  an  excellent  candidate  for  the  Raman  lines[3] 
at  2151  cm"'  and  2185  cm'^  that  are  not  seen  by  infrared  experiments.  The  long-bond  stretch 
mode  frequency  is  too  small  to  explain  the  second  peak  of  the  pair  in  the  experimental  data.  The 
second  peak  in  the  pair  might  be  due  to  an  anharmonic  coupling  between  the  stretch  mode  and 
the  vibration  of  the  whole  molecule.  The  frequencies  of  these  "molecular"  modes  are  low  enough 
for  their  first  excited  states  to  be  populated  at  room  temperature.  If  this  is  the  case,  the  relative 
amplitude  of  these  peaks  should  be  a  function  of  the  temperature. 

We  now  consider  the  complex  MgGa-N-Gai-H2.  In  this  defect,  the  H's  (see  Fig.  Ic)  are  again 
located  on  either  side  of  Gai  (see  Fig.  lb).  Again  we  found  a  short  Ga-H  bond  (1.50  A)  and  a 
long  Ga-H  bond  (1.82  A).  The  symmetry  of  the  defect  is  no  longer  Csv  because  of  the  presence 
of  Mgoa-  Consequently  the  Gai-H  bonds  are  not  oriented  exactly  in  the  c  direction  so  that  the 
stretch  modes  are  accessible  to  infrared  spectroscopy  when  the  wave  vector  of  the  light  is  in  the  c 
direction.  We  obtained  a  frequency  of  2270  cm'^  for  the  short-bond  stretch  mode  and  1500  cm'^ 
for  the  long-bond  stretch  mode.  The  high-frequency  mode  is  a  strong  candidate  to  explain  the 
second  pair  of  peaks  observed  experimentally  at  2168  cm‘^  and  2219  cm  ^  Here  again  the  pair  of 
excitations  might  be  due  to  the  influence  of  anharmonic  couplings. 

Finally,  in  Fig.  Id  we  show  schematically  the  structure  of  Mgca-N-Mgi-H.  The  stretch  mode 
frequency  of  this  complex  is  calculated  to  be  1320  cm'\  We  are  not  aware  of  experimental  data 
in  this  range  of  frequencies.  Measurements  in  the  range  1000-2000  cm’’  would  be  highly  desir¬ 
able  to  test  the  theoretical  predictions. 

We  now  discuss  the  implications  of  the  above  results  on  understanding  the  doping  process 
during  growth  by  MBE  or  chemical  vapor  deposition  (CVD).  During  growth  by  MBE,  the  tem¬ 
peratures  are  relatively  low  (~800°C)  and  H  is  present  unintentionally. [3]  Experiments  have 
shown  that  p-type  doping  is  achieved  with  about  10%  of  the  Mg  in  the  sample  being  active.  In 
material  with  very  high  Mg  content  (10^°  cm'^),  moderate  H  content  and  low  doping  efficiency, 
distinct  infrared  and  Raman  lines  have  been  observed  in  the  vicinity  of  2200  cm‘^[3]  which  we 
have  now  identified  as  due  to  SI-H  complexes.  We  note  that  our  analysis,  having  identified  these 
SI  complexes  as  limiting  doping  efficiency,  also  suggests  a  process  to  eliminate  the  undesirable 
SI-H  complexes  and  increase  doping  efficiency:  Annealing  in  a  H-rich  atmosphere  or,  better  yet, 
in  an  atmosphere  rich  in  both  H  and  N,  will  lead  to  the  conversion  of  the  SI-H  complexes  to 
MgGa-N-H  complexes.  This  result  follows  naturally  from  the  fact  the  SI-H  complexes  have  larger 
formation  energies  (Table  2).  The  N  atmosphere  helps  by  suppressing  formation  of  Gai  and  Vn, 
both  of  which  are  detrimental  to  p-type  doping,[5,7]  and  favors  formation  oiNo^whose  presence 
helps  convert  Mgi  to  Mgoa-  A  subsequent  anneal  in  a  N-rich  atmosphere  would  activate  Mg  as  in 
the  case  of  the  CVD-grown  films!  1]  (see  also  below). 

During  CVD  growth  of  GaN,  H  is  introduced  in  ample  quantities  at  relatively  high  tem¬ 
peratures  (-1000  ®C).  If  the  material  were  fully  equilibrated,  the  dominant  hydrogenated  defect 
would  indeed  be  Mgoa-N-H  as  suggested  by  earlier  theory[5]  and  confirmed  by  Table  2.  There 
are  strong  indications,  however,  that  the  material  is  generally  not  fully  equilibrated. 

In  their  pioneering  and  extensive  studies  of  CVD  GaN,  Nakamura  et  al.[l]  found  photolu¬ 
minescence  peaks  which  they  attributed  to  Mg-H  complexes.  These  experiments  determine  the 
energy  levels  of  the  underlying  defects  but  provide  no  structural  information.  Theoretical  results 
on  energy  levels  are  not  reliable  for  identification  purposes.  It  would  be  highly  desirable  to  cor¬ 
relate  the  luminescence  data  with  infrared  and/or  Raman  data  to  facilitate  identification. 

It  is  possible  that,  by  empirical  means,  suppression  of  SI-H  defects  is  currently  achieved  in 
the  growth  of  high-quality  GaN.  Nevertheless,  systematic  infrared  and  Raman  data  in  both  the 


2000-cm''  and  3000-cm''  range  would  help  unravel  further  the  complexity  of  p-type  doping.  For 
example,  SI-H  defects  are  a  natural  candidate  to  account  for  the  fact  that  annealing  CVD  material 
to  remove  H  requires  higher  temperatures  than  theory  can  account  for  in  terms  of  breaking  the  H 
bonds  in  the  Mgoa-N-H  complexes. [5]  The  rate-limiting  step  for  Mg  activation  may  very  well  be 
determined  by  the  conversion  of  SI-H  complexes  to  Mgoa-N-H.  We,  therefore,  propose  the  fol¬ 
lowing:  CVD  samples  should  be  checked  for  the  presence  of  SI-H  complexes  via  their  infrared 
signatures  in  the  2000-cm''  range.  If  present,  a  pre-anneal  in  a  H  and  N  atmosphere  followed  by 
annealing  in  an  N  atmosphere  would  again  produce  optimum  activation. 

CONCLUSIONS 

We  have  shown  that  complexes  involving  self-interstitials  and  interstitial  impurities  play  a 
major  role  in  the  p-type  doping  process.  The  theoretical  prediction  of  these  defects  provides  an 
identification  of  the  infrared  and  Raman  lines  observed  in  MBE-grown  material.  The  combined 
experimental  and  theoretical  information  suggests  that  the  control  of  these  defects  is  the  ultimate 
key  in  achieving  higher  p-type  conductivity.  Systematic  experimental  studies,  especially  using 
infrared  and  Raman  spectroscopies,  guided  by  the  present  theoretical  results,  would  offer  the 
promise  of  achieving  higher  p-type  conductivity.  The  most  important  conclusion  of  the  present 
work  is  that  an  annealing  stage  in  H-rich  atmosphere  followed  by  annealing  in  a  N-rich  atmos¬ 
phere  would  generally  improve  p-type  doping  efficiency.  We  anticipate  that  similar  defect  com¬ 
plexes  may  also  form  in  the  case  of  other  dopants  .such  as  Be  and  possibly  in  the  case  of  n-type 
dopants  as  well  as  in  other  wide-gap  semiconductors. 
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ABSTRACT 

A  detailed  photoluminescence  (PL)  study  reveals  a  striking  similarity  in  local  vibrational 
properties  of  a  defect  center  in  GaN  as  compared  to  that  for  the  substitutional  Op  donor  in  GaP. 
This  observation  could  be  interpreted  as  if  the  center  is  in  fact  related  to  the  substitutional  oxygen 
donor  in  GaN.  The  deep-level  nature  experimentally  determined  for  the  defect  center  calls  for 
caution  of  a  commonly  referred  model  that  the  substitutional  oxygen  donor  is  responsible  for  the 
residual  n-type  conductivity  in  GaN. 

INTRODUCTION 

Oxygen  is  one  of  the  most  common  impurities  which  is  frequently  present  during  growth 
and  processing  steps  as  a  contaminant,  and  can  be  unintentionally  incorporated  into  many 
semiconductors  including  Ill-nitrides.  This  uncontrolled  introduction  of  the  oxygen  impurity  may 
affect  and  sometimes  degrade  the  performance  of  semiconductor  devices.  The  understanding  of 
the  role  of  oxygen  in  altering  the  material  properties,  and  eventually  a  control  of  its  introduction, 
are  therefore  of  crucial  importance  for  a  reliable  device  operation.  The  substitutional  oxygen 
donor  has  recently  been  suggested  to  be  responsible  for  a  long-standing  materials  problem  -  the 
residual  n-type  eonductivity  in  oxygen-containing  GaN.  This  conclusion  was  based  both  on 
theoretical  calculations  of  the  formation  energy  and  the  electronic  structure  of  the  oxygen  donor 
in  GaN  [1,2]  and  on  experimental  observation  of  a  strong  correlation  between  the  oxygen  content 
in  the  material  and  the  free  electron  concentration  [3].  Though  there  is  so  far  no  direct 
experimental  evidence  available  as  to  the  exact  form  of  the  oxygen  eenter  and  its  geometric 
structure,  the  suggestion  seemed  to  be  reasonable  and  eonsistent  until  recently,  when  a  new 
photoluminescence  emission  (denoted  as  the  0.88-eV  PL  below)  of  a  deep  center  has  provided 
microscopic  information  on  local  vibrations  of  the  defect. 

In  this  paper,  we  shall  demonstrate  that  these  local  vibrations  resemble  those  reported 
earlier  for  the  substitutional  Op  donor  in  GaP.  This  striking  similarity,  together  with  the  electronic 
structure  revealed  from  a  detailed  PL  study  of  the  deep  center,  has  led  us  to  suggest  that  the 
substitutional  On  donor  in  GaN  could  be  a  deep  donor,  and  thus  to  call  for  caution  in  assessing  its 
role  in  the  n-type  conductivity  of  the  material. 
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EXPERIMENTAL 


The  samples  studied  in  this  work  were  a  variety  of  wurtzite  GaN  layers,  typically  1-  200 
pm  thick,  grown  by  hydride  vapor  phase  epitaxy  (HVPE)  or  metal  organic  chemical  vapor 
deposition  (MOCVD)  on  (0001)  sapphire  or  6H  SiC  substrates.  The  conductivity  of  the  samples 
before  electron  irradiation  varies  over  a  wide  range  from  highly  n-type  ([n]  -  higher  10’^  cm'^), 
highly  compensated  ([n]  ~  lO'*'-  lower  10’^  enr^)  to  highly  p-type  (fp]  ~  higher  10'^  cm'^). 
These  samples  were  irradiated  by  2.5-MeV  electrons  at  room  temperature  with  a  dose  of  1x10*^- 
4x10'^  cm'2,  to  enhance  the  0.88-eV  PL  intensity. 

In  PL  experiments,  the  .samples  were  excited  by  the  334  or  351  nm  UV  lines  of  an  Argon 
ion  laser.  The  resulting  PL  was  spectrally  dispersed  by  a  0.85-m  double  grating  monochromator, 
and  monitored  by  a  cooled  Ge  detector.  In  temperature  dependent  PL  studies,  the  sample 
temperature  was  varied  between  1.5  K  and  room  temperature.  A  magnetic  field  up  to  14  T  was 
applied  in  Zeeman  studies  of  the  PL  spectra,  with  the  aid  of  a  superconducting  magnet. 

RESULTS  AND  DISCUSSION 

Defect  Models 


A  typical  low-temperature  0.88-eV  PL  spectrum  in  GaN  is  shown  as  the  upper  curve  in 
Fig.  1 .  The  observation  of  this  PL  emission  in  electron  irradiated  GaN  was  first  reported  by  Linde 
et  al  [4].  It  can  be  observed  in  all  the  GaN  epilayers  studied,  indicating  that  it  is  related  to  either  a 
native  defect  or  a  common  contaminant.  This  0.88-eV  PL  is  characterized  by  a  relatively  sharp  no 
phonon  (NP)  line  near  0.88  eV,  accompanied  by  a  rich  structure  of  phonon  replicas  on  the  lower 
energy  side.  A  detailed  inspection  of  the  phonon  replicas  reveals  many  local  phonon  modes,  apart 
from  the  known  lattice  phonons.  This  in  fact  represents  a  rare  case  in  GaN  when  so  many  local 

phonons  have  been  well  resolved. 
What  is  more  unu.sual  and 
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Fig.  1  The  0.88-eV  PL  in  GaN 
(the  upper  curve)  and  the  0.841- 
eV  in  GaP  (the  lower  curve) 
taken  at  1.6  K.  The  horizontal 
scales  for  the  photon  energy  are 
shifted  relatively  to  line  up  the  NP 
lines  of  the  two  spectra,  for  ea.sy 
comparison.  The  definitions  of 
the  notations  follow  mo.stly  those 
commonly  used  in  the  literature 
[5].  NP  for  no-phonon,  TA  for 
transverse  acoustic  phonon  of  the 
ho,st  lattice,  TO  for  transverse 
optical  phonon  of  the  ho.st  lattice, 
LO  for  longitudinal  optical 
phonon  of  the  host  lattice,  LOG, 
LOC,  A  and  C  for  local  phonons. 
Superscript  1  denotes  the 
involvement  of  an  additional 
phonon  ti  u’^. 


surprising  is  that  a  striking  similarity 
has  been  found  between  these  local 
phonons  in  GaN  and  those  observed  in 
the  Op  related  0.841-eV  PL  emission 
in  GaP.  To  illustrate  that,  the  0.841-eV 
PL  in  GaP  is  also  shown  in  Fig.  1  (the 
lower  curve),  but  shifted  in  energy  to 
line  up  the  NP  lines  of  the  two  PL 
emissions.  The  local  phonon  modes 
involved  in  the  two  cases  are  listed  in 
Table  I  for  an  easy  comparison.  It  is 
rather  obvious  that  nearly  all  the  local 
phonons  are  indeed  similar  in  energy 
for  these  two  semiconductors, 
excluding  the  lattice  phonons  which 
are  different  between  them.  This  fact 
can  either  be  interpreted  as  a  pure 
coincidence  or  it  can  indicate  that  a 
similar  defect  is  involved.  Since  this 
seems  to  be  the  only  case,  to  our 
knowledge,  that  such  a  striking 
similarity  in  nearly  all  local  phonon 
modes  was  found  between  two  defect 
systems  in  semiconductors,  a  pure  coincidence  seems  to  be  rather  unlikely.  If  this  is  the  case,  the 
knowledge  on  physical  properties  of  the  0.841-eV  PL  center  in  GaP  can  be  inferred  to  the  0.88- 
eV  PL  center  in  GaN. 

Fortunately,  the  0.841-eV  PL  in  GaP  was  the  subject  of  intensive  investigations  during  the 
seventies  and  eighties,  and  a  great  deal  of  its  properties  have  been  established.  The  origin  of  the 
0.841-eV  PL  has  unambiguously  been  associated  with  the  radiative  transition  between  the  vaUey- 
orbit  statesls(E)^ls(Ai)  of  the  isolated,  substitutional  Op  donor  in  its  neutral  charge  state  [5],  as 
the  final  step  of  the  electron  capture  to  the  positively  charged  Op  donor.  The  phonon  sideband  on 
the  low  energy  side  of  the  0.841 -eV  PL  (Fig.l  and  Table  I)  has  in  fact  been  regarded  as 
characteristic  for  the  Op  donor  in  GaP.  From  the  observed  isotope  shifts  (O'^— ^O^^)  in  the  energy 
of  Oloc  and  Olocs  for  example,  they  are  believed  to  be  primarily  dominated  by  the  motion  of  the 
O  atom  [5].  To  possess  similar  local  vibrations  in  GaN,  the  corresponding  defect  should  have 
similar  local  surroundings  and  bonding  as  the  Op  donor  in  GaP,  i.e.  one  oxygen  and  four  gallium 
atoms,  at  least  within  the  nearest  neighbor  shell.  The  only  candidate  is  then  the  substitutional  On 
donor  in  GaN,  either  an  isolated  donor  or  a  complex  involving  On,  as  the  defect  responsible  for 
the  0.88-eV  PL.  Due  to  the  striking  similarity  between  the  local  phonons  observed  in  the  0.88-eV 
PL  in  GaN  and  the  0.841-eV  PL  in  GaP,  the  other  constituent(s)  of  the  complex  defect  should 
reside  beyond  the  nearest  neighbor  shell. 

It  is  interesting  to  note  that  the  energies  of  many  other  localized  phonons  (such  as  Oa,  Oc 
and  hwo),  not  fuUy  understood  so  far  for  the  Op  donor  in  GaP,  are  also  remarkably  similar 
between  the  Op  donor  in  GaP  and  the  On  donor  in  GaN  (Table  I). 

The  role  of  post-growth  electron  irradiation  in  enhancing  the  0.88-eV  PL  intensity  in  GaN 
is  not  yet  fully  understood  and  requires  further  studies.  A  change  in  the  Fermi  level  position  by  the 
electron  irradiation  might  be  one  of  the  explanations,  which  has  been  shown  to  be  important  for 


Table  I.  A  summary  of  the  local  phonon  energies 
from  the  0.841 -eV  PL  in  GaP  and  the  0.88-eV  PL  in 
GaN.  The  definitions  of  the  notations  for  local 
phonons,  i.e.  LOG,  LOC,  A  and  C,  follow  mostly 
those  commonly  used  in  the  literature  [5]. 
Superscript  1  denotes  the  involvement  of  an 
additional  phonon  fi  Wg. 


Local 

Phonon  Modes 

Energy  Shifts  (meV) 

0.841-eV  PL 
in  GaP 

0.88-eV  PL 
in  GaN 

LOC 

24.7 

19.1 

LOC’ 

28.4 

26.2 

A 

43.0 

39.6 

C 

48.7 

49.1 

LOC' 

24.7-t47.5 

19.14-48 

LOC’' 

28.4-H47.5 

26.2+48 

A' 

43.0-^47.5 

39.6+48 

C' 

48.7-^47.5 

49.1+48 

the  observation  of  the  0.841-eV  PL  emission  in  the  case  of  the  Op  donor  in  GaP.  Other 
possibilities  include  an  irradiation  induced  formation  or  activation  of  the  corresponding  PL  center. 

Recombination  Models 

The  recombination  mechanism  of 
the  0.88-eV  PL  in  GaN  could  thus  be 
explained  in  terms  of  an  electronic 
transition  related  to  the  substitutional  On 
center,  either  an  isolated  donor  or  a 
complex  involving  On- 

Within  the  first  model  of  an 
isolated,  substitutional  On  donor,  two 
possible  mechanisms  responsible  for  the 
0.88-eV  PL  can  be  a  transition  between  an 
excited  state  and  the  ground  state  of  the 
PHOTON  ENERGY  (eV)  On  donor  in  its  neutral  charged  state  (in  the 

same  fashion  as  the  0.84 1-eV  PL  in  GaP), 
Fig.2  The  0.88-eV  PL  spectra  in  GaN  taken  at  or  in  its  negatively  charged  state.  In  the 
2  K  in  the  vicinity  of  the  NP  line,  at  magnetic  latter  case,  the  capture  of  the  second 
fields  of  0  and  1 2  T.  electron  to  the  On  donor  is  assumed  not  to 

cause  a  large  lattice  relaxation  of  the 
defect  due  to  a  severe  softening  of  the  Ga-0  bonds  so  that  the  local  phonon  modes  are  reasonably 
well  preserved.  This  is  not  the  case  for  the  Op  donor  in  GaP,  of  which  a  large  lattice  relaxation 
was  observed  upon  the  capture  of  the  second  electron  [5].  The  situation  may  be  quite  different  in 
GaN  in  the  presence  of  a  lower-symmetry  wurtzite  crystal  field  and  a  more  rigid  and  compact 
crystal  lattice. 

To  determine  whether  the  0.88-eV  PL  originates  from  an  electronic  transition  within  the 
neutral  or  negatively  charged  state  of  the  isolated  On  donor,  a  detailed  magnetooptical  (Zeeman) 
study  was  carried  out.  This  was  based  on  the  expectations  that  a  different  behavior  between  the 
two  charge  states  should  be  observed  upon  application  of  an  external  magnetic  field.  In  the 
neutral  charge  state,  only  one  electron  is  bound  to  the  On  donor.  Both  the  Is  ground  slate  and  the 
excited  states  are  at  least  spin  degenerate  and  are  expected  to  split  in  the  magnetic  field.  In  the 
case  of  the  negatively  charged  state  two  electrons  are  bound  to  the  donor.  The  ground  state  is 
then  expected  to  be  a  non-degenerate  singlet,  where  the  spins  of  the  two  electrons  are  paired  off. 
The  excited  states  can,  however,  be  either  degenerate  or  non-degenerate.  In  Fig.2,  PL  spectra  in  a 
close  vicinity  of  the  NP  line  are  shown  with  or  without  applying  a  magnetic  field.  As  it  is  clear 
from  the  figure,  no  noticeable  splitting  can  be  detected  when  the  magnetic  field  was  along  the  c- 
axis  or  was  tilted  by  an  angle  with  respect  to  the  c-axis.  It  should  be  noted  that  the  size  of  the 
expected  Zeeman  splitting,  assuming  a  common  value  of  g  close  to  2  in  GaN,  is  comparable  to  the 
PL  linewidth  and  is  expected  to  be  observed  in  the  experiments.  Therefore  the  absence  of  any 
splitting  or  broadening  can  be  taken  as  a  piece  of  strong  evidence  that  the  recombination  occurs 
between  the  singlets.  In  other  words,  both  the  excited  and  ground  state  are  non-degenerate.  This 
experimental  fact  excludes  the  possibility  of  the  neutral  charge  state  of  the  On  donor  as 
responsible  for  the  0.88-eV  PL,  leaving  the  negatively  charged  state  as  a  possible  model. 

In  the  second  model  that  an  internal  electronic  transition  at  a  complex  defect  involving  the 
On  donor  is  responsible  for  the  0.88-eV  PL,  both  the  ground  and  excited  state  should  be  singlets 
to  agree  with  the  Zeeman  results. 


Binding  Energ 


1/T  (K-^) 


Fig. 3  An  Arrhenius  plot  of  the  integrated 
intensity  of  the  0.88-eV  PL  emission.  The 
activation  energy  for  the  thermal  quenching 
can  be  estimated. 


^  J*  In  order  to  assess  the  role  of  the 

^  .  f  On  donor  in  GaN  in  the  residual  n-type 

^  f  conductivity,  the  knowledge  on  the 

^  I  E^  =  21±3  meV  binding  energy  of  the  On  donor  in  GaN  is 
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around  0.88  eV.  The  determination  of  the 

1/T(K‘^)  binding  energy  thus  requires  the 

knowledge  of  the  ionization  energy  from 
Fig. 3  An  Arrhenius  plot  of  the  integrated  the  excited  state  to  the  bottom  of  the 

intensity  of  the  0.88-eV  PL  emission.  The  conduction  band.  This  can  be  done  by 

activation  energy  for  the  thermal  quenching  temperature  dependent  studies  of  the  PL 

can  be  estimated.  "  intensity,  where  the  thermal  quenching  of 

the  PL  is  a  direct  result  of  the  thermal 
ionization  process.  In  Fig.3  such  a  thermal 
quenching  spectrum  of  the  0.88-eV  PL  is 
shown.  The  activation  energy  of  the  thermal  quenching,  i.e.  the  energy  separation  between  the 
excited  state  to  the  bottom  of  the  conduction  band,  was  estimated  to  be  about  21  meV.  It  should 
be  pointed  out  that  this  value  is  fairly  close  to  the  binding  energy  expected  for  the  effective-mass 
donor  electron  in  GaN.  Adding  the  value  of  0.88  eV  between  the  ground  and  excited  state,  it 
totals  a  value  of  approximately  0.9  eV  for  the  binding  energy  of  the  electron  for  the  0.88-eV  PL 
center. 

In  the  model  of  the  isolated,  negatively  charged  On  donor,  this  corresponds  to  the  binding 
energy  of  the  second  electron  at  the  donor.  Or  equivalently,  the  (-/O)  level  of  the  On  donor  in 
GaN  is  located  at  ~  Ec  -  0.9  eV,  Disregarding  the  possibility  of  a  negative-U  effect,  granted  by  the 
assumption  of  the  absence  of  a  large  lattice  distortion  diseussed  above,  the  binding  energy  of  the 
first  electron  at  the  On  donor  in  GaN  should  be  larger  than  0.9  eV.  Within  this  model,  the 
isolated,  substitutional  On  donor  is  too  deep  to  be  ionized  at  room  temperature  to  account  for  the 
residual  n-type  conductivity  in  GaN.  Other  origins  must  therefore  be  sought  m  this  case.  From  a 
strong  correlation  between  the  oxygen  content  and  the  free  electron  concentration  [3],  however,  it 
seems  reasonable  to  assume  that  the  shallow  donor(s)  responsible  for  the  residual  n-type 
conductivity  in  O-containing  GaN  should  somehow  be  related  to  oxygen.  It  can  be  an  0-related 
defect,  other  than  the  isolated  substitutional  On  donor,  such  as  an  oxygen  interstitial  or  a  complex 
involving  substitutional  or  interstitial  oxygen. 

Within  the  second  model  of  a  complex  involving  the  On  donor,  the  binding  energy  of  the 
isolated  On  donor  can  not  be  deduced  in  a  similar  way.  The  value  of  0.9  eV  determined  for  the 
ionization  energy  from  the  ground  state  of  the  complex  can  be  largely  contributed  by  the  potential 
of  the  On  donor.  A  quantitative  analysis  is,  however,  hardly  possible.  Based  on  the  experimental 
observation  that  the  electronic  transition  is  strongly  coupled  to  the  local  vibrations,  a  major  part 
of  the  defect  wavefunction  should  be  localized  near  the  On  donor.  This  implies  that  the  On  donor 
is  most  likely  a  deep  donor,  and  can  thus  not  be  responsible  for  the  residual  n-type  conductivity  in 
GaN. 


SUMMARY 


A  striking  similarity  in  the  local  vibrational  properties  between  tbe  0.88-eV  PL  in  various 
wurtzite  GaN  samples  and  the  0.84 1-eV  PL  in  GaP  has  been  revealed  from  a  detailed 
photoluminescence  study.  This  similarity,  together  with  the  earlier  unambiguous  identification  of 
these  local  vibrations  originating  from  the  isolated,  substitutional  Op  donor  in  GaP,  suggests  that 
the  0.88-eV  PL  in  GaN  is  due  to  an  electronic  transition  related  to  the  substitutional  On  donor. 
Though  the  exact  geometric  structure  of  the  center  can  not  be  determined  at  present,  possible 
models  have  been  discussed  in  terms  of  the  isolated  On  donor  or  a  complex  defect  involving  the 
On  donor.  Within  the  model  of  the  isolated  On  donor,  the  0.88-eV  PL  could  originate  from  the 
capture  of  the  first  or  second  electron  to  the  On  donor.  The  Zeeman  studies  of  the  electronic 
structure  of  the  defect  states  involved  in  the  recombination  seem  to  rule  out  the  possibility  that  the 
first  electron  capture  could  be  responsible.  In  combination  with  the  temperature  dependent  studies 
of  the  0.88-eV  PL,  the  isolated  On  donor  is  concluded  to  be  a  deep  donor  with  a  large  binding 
energy  large  than  0.9  eV.  It  is  thus  too  deep  to  be  responsible  for  the  high  residual  n-type 
conductivity  in  GaN.  Within  the  second  model  (i.e.  an  ON-related  complex  defect  giving  rise  to 
the  0.88-eV  PL),  the  other  con.stituent(s)  of  the  complex  defect  should  reside  beyond  the  nearest 
neighbor  shell  to  account  for  the  similarity  in  the  local  vibrations  between  On  in  GaN  and  Op  in 
GaP.  A  strong  coupling  of  the  electronic  transition  with  the  local  vibrations  also  seems  to  indicate 
that  the  On  donor  in  GaN  is  a  deep  donor.  This  work  therefore  calls  for  caution  with  the 
commonly  referred  model,  where  the  On  donor  is  suggested  to  be  responsible  for  the  residual  n- 
type  conductivity  in  O-rich  GaN. 
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Abstract 


Thin  films  of  GaN  and  its  alloy  AIGaN  are  investigated  with  respect  to  their  properties  of  the 
persistent  photoconductivity  (PPC).  In  this  work,  we  show  that  the  film-substrate  interface  plays 
an  important  role  for  the  metastable  electrical  effect.  Strongly  absorbed  bandgap  light  causes  an 
increase  of  photoconductivity  which  is  about  one  order  of  magnitude  higher  when  the  sample  is 
illuminated  from  the  substrate  side  near  the  interface  than  from  the  growth  side.  To  access  the 
interface  properties  at  the  substrate,  we  use  temperature-dependent  Hall  effect  measurements.  The 
smallest  PPC  effect  was  observed  for  the  GaN  film  with  the  best  interface  properties  grown  on 
SiC. 

I.  Introduction 


GaN  and  its  alloys  with  In  and  A1  have  become  the  most  favorite  candidates  for  blue  light  emitting 
diodes,  laser  diodes,  and  high-temperature,  high-power  electronic  devices  [1,2].  It  has  been  shown 
very  early  that  intrinsic  defects  play  an  important  role  in  the  electrical  behavior  of  these  materials 
[3,4].  Extensive  studies  on  defect-related  behavior  like,  e.g.,  the  "yellow  band  luminescence"  or 
the  consequences  of  additional  defect-rich  layers  for  Hall  measurements  [5,6]  have  been 
performed.  Also  the  persistent  photoconductivity  (PPC)  observed  by  several  groups  [7,8],  is 
discussed  as  a  result  of  native  defects  in  GaN.  However,  since  the  PPC  seems  to  be  present 
independent  of  the  doping,  alloying  and  growth  method,  other  sources  for  the  long-time  constants 
connected  with  the  metastability  have  to  be  considered.  In  this  work,  we  investigate  the  influence 
of  the  interfacial  and  defect-rich  layer  on  the  PPC  and  Hall  effect  measurements. 

II.  Experiment 

The  samples  were  grown  by  metal-organic  chemical  vapor  deposition  (MOCVD)  as  well  as  by 
molecular  beam  epitaxy  (MBE).  As  substrate  material,  both  sapphire  and  SiC  were  used.  For  some 
samples,  a  50nm  thick  GaN  low-temperature  buffer  layer  was  also  grown.  Ohmic  contacts  were 
prepared  in  a  coplanar  van  der  Pauw  geometry  by  electron  beam  evaporation  of  20nm  Ti  and 
lOOnm  A1  and  subsequent  annealing  in  N2  atmosphere  at  900°C  for  around  60s.  For  the  light- 
dependent  PPC  measurements,  an  Oxford  cryostat  CF1204  was  used  in  combination  with  a  Xenon 
lamp  and  a  Bentham  M300  monochromator.  In  this  setup,  it  is  possible  to  mount  the  sample  for 
front-  and  backside  illumination.  Temperature-dependent  Hall  effect  measurements  were  carried 
out  in  a  Janis  ST300  cryostat  and  Bruker  B-E  10  magnet  system.  In  Table  I,  the  samples  under 
investigation  are  summarized. 


G5.5 

Mat.  Res.  Soc.  Proc.  Vol.  537  ©  1999  Materials  Research  Society 


Table  I:  Samples  used  in  this  work  for  PPC  and  Hall  effect  measurements 
*  the  grower  did  not  provide  any  details  about  the  buffer 


Sample 

Alloy 

Growth 

Buffer 

Substrate 

dopant 

SM3 

GaN 

MBE 

none 

sapphire 

unint.  n-type 

3,0x1 0^' 

SMS 

AloisG^ossN 

MBE 

none 

sapphire 

Si,  n-type 

2,1x10^® 

SI3 

GaN 

MOeVD 

yes* 

sapphire 

Si,  n-type 

7,5x10'® 

SMI 

GaN 

MOeVD 

SOnm  GaN 

sapphire 

unint.  n-type 

5,5x10’^ 

S16 

GaN 

MOeVD 

yes* 

SiC 

Si,  n-type 

1,7x1  o'® 

III.  Results  of  photoconductivity  measurements 

The  buildup  transients  for  the  PPC  have  been  measured  for  different  values  of  the  excitation 
wavelength.  PPC  was  observed  in  all  samples.  However,  the  PPC  magnitude  under  similar 
illumination  conditions  varied  significantly  for  GaN  and  AlGaN  and  also  showed  differences  with 
respect  to  samples  with  different  interface  regions. 

For  the  Alo.isGao.ssN  sample,  the  magnitude  of  the  PPC,  i.e.,  the  excess  conductivity  due  to 
illumination  compared  to  the  dark  conductivity  value,  is  in  the  order  of  250%,  whereas  for  all  GaN 
samples  grown  on  sapphire  it  is  between  10%  and  60%.  However,  for  the  GaN  sample  grown  on 
SiC,  the  PPC  magnitude  is  only  around  1%.  One  main  difference  between  these  GaN  samples  is 
given  by  the  substrate.  Therefore,  a  simple  but  significant  test  for  the  influence  of  the  interface 
between  the  substrate  and  the  GaN  film  on  the  PPC  behavior  is  to  use  strongly  absorbed  bandgap 
light  for  excitation  and  observe  the  PPC  buildup  transients  under  frontside  illumination  (i.e.,  from 
the  growth  side)  and  backside  illumination  (i.e.,  sample  is  illuminated  through  the  substrate).  In 
Fig.  1,  the  excess  conductivity  transients  for  a  GaN  sample  grown  on  sapphire  is  shown.  For 
illumination  from  the  substrate  side  with  strongly  absorbed  bandgap  light  of  ?i=300nm  (4. 1  eV),  the 
increase  in  conductivity  is  about  one  order  of  magnitude  higher  than  in  the  case  of  illumination 
from  the  growth  side. 


Fig.  1:  Comparison  of  excess  conductivity  transients  under  different  illumination  conditions  for  a  GaN 
sample  grown  on  sapphire.  The  dotted  line  results  from  illumination  from  the  frontside,  the  solid  line  from 
illumination  from  the  substrate  side  (backside).  At  t=0s,  the  first  illumination  cycle  with  strongly  absorbed 
bandgap  light  {^300nm)  is  started.  The  second  cycle  of  illumination  with  subbandgap  light  of  >.=434nm 
starts  at  ~5xl0\s.  For  the  subbandgap  light  illumination,  both  transients  exhibit  about  the  same  value  at  the 
end  of  illumination.  But  for  illumination  with  strongly  ab.sorbed  bandgap  light,  the  excess  conductivity  is  by 
a  factor  of  ten  higher  when  illuminated  through  the  substrate  (i.e.,  light  absorption  takes  place  near  the 
substrate-GaN  interface)  than  illuminated  from  the  growth  side. 


Comparing  this  difference  with  the  behavior  of  the  sample  under  illumination  with  subbandgap 
light  of  AM34nm  (2.9eV),  the  change  in  conductivity  is  the  same  independent  of  the  illumination 
direction.  For  a  more  detailed  understanding  of  the  influence  of  the  interfacial  layer  between  the 
substrate  and  the  GaN  film  on  the  PPC  effect,  an  analysis  of  the  photoconductivity  buildup 
transients  can  be  very  helpful. 

The  buildup  transient  measurements  were  performed  as  follows:  the  samples  were  kept  in  the  dark 
at  340K  for  2h  to  reach  equilibrium  dark  conditions  and  afterwards  cooled  down  to  lOOK.  The 
conductivity  increase  due  to  illumination  at  each  wavelength  was  then  measured  for  4h.  Then  the 
samples  were  heated  again  up  to  340K  for  several  hours  in  the  dark.  This  cycle  was  repeated  for 
all  measurement  wavelengths  between  400nm  and  lOOOnm.  The  photon  flux  for  all  measurements 
was  kept  constant  at  ~  2x10*^  s  'cm’l  The  widely  used  stretched  exponential  fit  shows  good 
agreement  for  each  transient  on  a  linear  time  scale.  However,  the  fit  was  not  satisfying  on  a 
logarithmic  time  scale.  Therefore,  we  use  a  different  approach  and  characterize  the  conductivity 
transients  in  analogy  to  Ref  [9]  by  plotting  the  value  of  the  conductivity  after  14400s  (4h)  of 
illumination  versus  the  photon  energy  used  for  the  excitation,  as  shown  in  Fig  2.  We  use  a  linear  fit 
of  the  data,  to  estimate  a  threshold  energy  Eth  for  the  optical  excitation. 

In  Fig.  2(a),  we  compare  the  PPC  excitation  behavior  of  MBE  grown  GaN  and  AlGaN  samples 
without  a  buffer  layer.  The  threshold  energy  for  the  GaN  sample  (SM3)  is  at  l.leV,  whereas  for 
the  Alo.15Gao.85N  sample  (SMS)  we  find  a  threshold  energy  at  1.6eV.  The  bandgap  of  the  GaN  and 
the  Alo.isGaossN  sample  are  3.4eV  and  3.8eV,  respectively.  Therefore,  we  conclude  that  the 
optical  excitation  for  both  samples  occurs  from  defects  located  in  the  bandgap  at  energies  ranging 
from  2.2eV  to  2.3eV.  These  values  correlate  well  with  the  energy  of  the  maximum  of  the  yellow 
luminescence  in  photoluminescence  (PL)  measurements  [9-13].  A  recently  published  work  on 
depth  profiling  of  the  yellow  luminescence  [14]  also  shows  a  strong  increase  in  the  ratio  of  yellow 
emission  to  near-band-edge  emission  near  the  interface.  All  these  results  strengthen  the  idea  that 
the  interface  is  important  for  the  PPC. 
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Fig.  2.  Conductivity  after  14400s  of  illumination  versus  the  photon  energy  used  for  excitation.  The  dashed  and 
dotted  lines  are  linear  fits  to  the  data.  The  intersection  with  the  energy  axis  yields  an  estimation  for  the  lower 
threshold  energy  limit  Eth  for  optical  excitation. 

(a)  We  find  a  difference  in  threshold  energy  for  GaN  (Eth=l.leV)  and  Alo.15Gao.g5N  (Eth=1.6eV)  whieh  compares 

well  with  the  differences  of  their  bandgap  energies.  The  inset  shows  a  typical  conductivity  transient: 
illumination  with  X.=434nm  starts  at  t=0  and  ends  at  t=  14400s. 

(b)  A  comparison  between  two  samples  with  and  without  buffer  yields  a  threshold  energy  of  Eth=0.5eV  for  the 
sample  with  50nm  GaN  buffer  and  Eth=l.leV  for  the  sample  without  buffer. 


Therefore,  we  compare  samples  with  different  interfaces,  i.e.,  SiC  as  substrate  material  or  an 
additional  GaN  buffer  layer.  The  PPC  in  these  samples  is,  in  general,  smaller  compared  to  the  PPC 
in  films  grown  directly  on  sapphire,  e.g.,  the  PPC  observed  in  sample  SI6,  grown  on  SiC,  evaluates 
to  only  1%  of  total  change  of  conductivity.  This  change  was  correlated  to  a  bad  signal  to  noise 
ratio  and,  therefore,  unfortunately  did  not  allow  for  a  meaningful  analysis  of  the  buildup  tranients. 
In  Fig.  2(b)  a  comparison  of  a  sample  containing  a  50nm  GaN  buffer  (SMI)  with  a  sample  without 
buffer  (SM3)  is  shown.  There  is  a  significant  difference  in  the  threshold  energy  for  the  optical 
excitation  observable.  For  the  sample  SMI,  grown  on  sapphire  with  an  additional  buffer  layer,  this 
energy  shifts  down  to  a  lower  energy  of  0.5eV.  At  this  point  of  our  investigations  on  the  buildup 
transients  of  the  conductivity,  it  is  obvious  that  the  interfacial  layer  near  the  substrate  plays  an 
important  role  in  the  PPC  behavior. 

IV.  Results  of  van  der  Pauw  and  Hall  effect  experiments 

The  influence  of  a  defect-rich  layer  close  to  the  interface  can  be  accessed  by  Hall  effect 
measurements  [5,6].  Therefore,  we  performed  temperature-dependent  Hail  effect  measurements  to 
compare  the  results  of  the  PPC  with  the  results  of  the  Hall-measurements.  The  samples  were  kept 
in  the  dark  at  350K  for  around  2h,  Afterwards  they  were  cooled  down  to  lOK.  Starting  from  this 
temperature,  the  measurements  were  performed  up  to  340K.  Figure  3  shows  the  results  for  the 
sample  SB  (sapphire  substrate),  SMI  (50nm  GaN  buffer),  and  SI6  (SiC  substrate).  For  each 
sample  the  effective  Hall-carrier  concentration  neff  exhibits  a  minimum  with  respect  to  temperature. 
A  similar  behavior  of  tteff  was  observed  in  GaN  grown  by  hydride  vapor  phase  epitaxy  (HVPE) 
[5,6]  and  explained  with  a  two-layer  model  of  a  GaN  and  a  defective  interface  region  or  a 
continuous  increasing  defect  concentration  towards  the  substrate. 

For  our  samples,  the  temperature  position  of  these  minima  clearly  depends  on  the  substrate  and 
buffer  layer.  For  the  sample  SB  (sapphire  substrate),  the  n,.ff  minimum  is  very  broad  and  located  at 
170K.  The  sample  SMI  (50nm  GaN-buffer  layer)  exhibits  a  sharper  minimum  located  at  150K. 
For  the  sample  SI6  (SiC  substrate),  the  minimum  is  very  sharp  and  shifted  down  to  60K. 


Fig.  3(a)  Effective  Hall-carrier  concentration  n//  versu.s  temperature  T  measured  for  sample  S13  (GaN/sapphire), 
SMI  (GaN/GaN-Buffer/sapphirc),  and  SI6  (GaN/SiC).  The  left  vertical  axis  is  for  the  open  symbols,  the  right 
vertical  axis  belongs  to  the  filled  symbols. 

Fig.  3(b)  Simulation  of  the  effective  Hall-carrier  concentration  ncn  with  varied  defect  layer  thickness  dD  at  two 
defect  densities  /i/j  of  10'‘^cm’^  and  10^‘’cm  -\  respectively.  For  the  simulations,  the  mobility  pp=lcmWs  in  the 
defect  layer  and  pG;,N=400cmWs  in  the  GaN  film  were  kept  constant.  The  carrier  concentration  in  the  GaN  film 
was  assumed  to  behave  according  to  «(;„w=10'^cm  ■’*exp(-30mcV/kT) 


The  position  and  the  shape  of  the  minimum  contain  information  about  the  thickness  and  the 
electrical  properties  (i.e.  the  mobility  fjo  and  the  carrier  concentration  no)  of  the  defect-rich  layer 
near  the  substrate.  The  minimum  gets  broader  and  shifts  to  higher  temperatures  with  increasing 
thickness  or  higher  carrier  concentration  no  of  the  defect-rich  layer,  respectively.  Figure  3(b) 
shows  the  effective  Hall-carrier  concentration  neff  calculated  according  to  equation  (4)  in  [5], 
assuming  a  thermally  activated  carrier  concentration  (Nc=10'®cm'^  AE=30meV)  and  a  moderate 
mobility  (poaN  =400cmWs)  of  the  GaN  film  and  a  nearly  degenerate  interface  layer  (nD=10’^cm‘^) 
with  low  mobility  (pD=lcmWs). 

The  experimental  and  theoretical  results  can  be  explained  by  differences  in  the  interface  quality 
correlated  to  the  different  lattice  constants  of  sapphire  and  SiC.  For  the  GaN/sapphire  system,  the 
lattice  mismatch  is  16%  [15],  whereas  for  the  GaN/SiC  system  it  is  only  3.4%  [15].  The  sample 
SI3  shows  the  broadest  minimum  at  the  highest  temperature  (170K),  i.e.,  the  interface  layer 
dominates  the  electrical  properties  of  the  sample  up  to  room  temperature.  The  sharper  minimum  at 
lower  temperature  (150K)  of  the  sample  SMI  is  the  result  of  a  thinner  or  less  defective  interface 
layer.  These  better  interface  properties  can  be  correlated  to  the  buffer  layer  of  this  sample.  For  the 
sample  SI6  on  SiC  substrate,  the  sharp  minimum  at  low  temperature  (60K)  indicates  the  best 
interface  properties.  It  is  this  sample  which  shows  the  smallest  PPC  effect  as  well. 

From  all  the  presented  results,  we  conclude  that  it  is  either  the  inhomogenity  at  the  interface  itself 
which  causes  the  PPC  effect  or  that  the  defects  involved  in  PPC  must  have  an  increased 
concetration  in  the  defective  interface  region.  Enhancement  of  the  quality  at  this  interface  may  be  a 
way  to  reduce  or  fully  suppress  the  PPC, 

V.  Summary 

We  have  shown  that  the  defect  layer  at  the  GaN/substrate  interface  is  important  for  the  PPC  effect 
in  GaN  and  related  alloys.  Photoconductivity  excited  with  bandgap  light  from  the  substrate  side  is 
about  one  order  of  magnitude  larger  than  in  the  case  the  sample  is  illuminated  from  the  growth 
side.  We  used  temperature-dependent  Hall  effect  measurements  to  access  the  interface  properties 
of  the  GaN/substrate  interface.  The  GaN  film  on  SiC  with  the  best  interface  properties  according 
to  the  Hall  effect  measurements  shows  the  lowest  PPC  under  subbandgap  illumination.  From  the 
results  of  this  work  it  would  be  interesting  to  study  whether  GaN  films  grown  on  other  substrates 
like  LiGa02  or  LiA102  [16]  with  a  lattice  mismatch  of  only  -0.4%  to  GaN  or  by  the  new  epitaxial 
lateral  overgrowth  technology  ELOG  [17]  will  not  only  improve  the  growth  behavior,  but  could 
also  eliminate  the  unwanted  metastability  of  PPC. 
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Abstract 


GaN  layers  were  grown  by  molecular  beam  epitaxy  and  doped  with  carbon  of  nominal 
concentrations  ranging  from  lO'^  cm'^  to  10^°  cm‘^  The  incorporation  of  carbon  leads  to  a  reduc¬ 
tion  of  the  background  electron  concentration  by  one  order  of  magnitude  but  the  material  remains 
n-type.  For  high  carbon  concentrations  a  re-increase  of  the  carrier  concentration  is  observed 
which  is  related  to  selfcompensation.  Investigations  of  the  donor-acceptor-pair  luminescence 
show  that  doping  with  carbon  is  accompanied  by  the  generation  of  a  new  donor  exhibiting  a 
thermal  activation  energy  of  about  55  meV.  Layers  grown  by  atomic  layer  epitaxy  are  marked  by 
an  increased  intensity  of  the  donor-acceptor-pair  band  luminescence  which  is  attributed  to  the 
enforced  incorporation  of  carbon  onto  the  nitrogen  sublattice.  The  yellow  luminescence  is  found 
to  be  a  typical  feature  of  all  carbon  doped  layers  in  contrast  to  nominally  undoped  samples. 

Introduction 


The  realization  of  electronic  and  optoelectronic  devices  such  as  heterojunction  bipolar 
transistors  and  laser  diodes,  requires  the  control  of  dopant  profiles  as  well  as  a  high  p-type  con¬ 
ductivity.  P-type  doping  of  GaN  and  of  other  wide-bandgap  semiconductors  is  in  general  difficult 
to  achieve  and  not  yet  well  understood.  A  compensation  mechanism  likely  induced  by  a  high 
energy  gain  caused  by  an  electron  transfer  from  a  donor  state  to  an  acceptor  state  with  gain  values 
close  to  the  bandgap  value  is  discussed  as  one  of  the  most  important  reasons  [1]. 

Today,  magnesium  is  widely  used  for  p-type  doping  of  GaN  due  to  its  relatively  low  ther¬ 
mal  activation  energy  of  approx.  170  meV  compared  to  other  group  II  dopants  such  as  Zn,  Hg 
and  Cd.  Hole  concentrations  of  up  to  lO’^  cm'^  at  room-temperature  (RT)  are  attainable. 
However,  magnesium  features  several  disadvantages  like  its  limited  solubility  in  GaN,  its  high 
vapour  pressure  and  low  sticking  coefficient,  its  tendency  for  segregation  and  diffusion  and  a  low 
ionization  ratio  of  about  one  percent  at  RT.  As  a  result  of  the  latter  high  magnesium 
concentrations  are  necessary  in  the  layers  which  consequently  leads  to  low  mobilities  and  hence 
conductivity’s.  In  hydrogen  containing  growth  environments  magnesium  acceptors  are  passivated 
due  to  the  formation  of  neutral  Mg-H  complexes.  As  a  result,  an  additional  post-growth  treatment 
like  thermal  annealing  or  low  energy  electron  beam  irradiation  is  required  to  achieve  p-type 
conductivity.  Passivation  by  hydrogen  is  reported  for  the  dopants  calcium  [2]  and  carbon  [3]  as 
well. 

Alternative  group  II  dopants  have  recently  been  investigated.  P-type  GaN  was  achieved  by 
implantation  of  Ca  and  its  ionization  energy  was  determined  to  169  meV  [2].  Beryllium  received 
some  interest  and  p-type  conductivity  was  obtained  in  cubic  GaN  when  it  is  was  codoped  with 
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oxygen  [4,  5].  Theoretical  calculations  confirm  the  advantage  of  the  codoping  method  and  predict 
an  ionization  energy  of  60  meV  for  the  beryllium  acceptor  in  wurlzite  GaN  [6]. 

Group  IV  elements  can  form  acceptors  or  donors  in  GaN  depending  on  whether  they  are 
located  on  the  nitrogen  or  gallium  sublattice,  respectively  (7J.  As  it  is  known  from  GaAs,  this 
amphoteric  behaviour  critically  depends  on  the  growth  conditions  [8].  Especially  carbon  has 
received  a  considerable  interest  as  a  possible  p-type  dopant  in  GaN.  It  should  preferentially 
occupy  nitrogen  sites  due  to  its  similarity  to  nitrogen  in  terms  of  atomic  radius  and  electronega¬ 
tivity.  Moreover,  it  has  proved  to  be  a  highly  efficient  acceptor  in  GaAs  featuring  a  shallow 
acceptor  level  and  high  solubility  as  well  as  a  low  diffusion  coefficient  in  this  material.  P-type 
conductivity  of  carbon  doped  GaN  was  observed  for  cubic  material  [9]  whereas  little  is  known  for 
this  dopant  in  wurtzite  GaN.  Theoretical  considerations  predict  an  excellent  solubility  of  this 
element  in  GaN  fl,  10]  and  no  segregation  was  found  in  layers  grown  by  molecular  beam  epitaxy 
(MBE)  doped  with  a  concentration  of  2  x  10^^  cm'^  111].  Furthermore,  the  lack  of  d-electrons  in 
carbon  are  assumed  to  result  in  a  shallower  acceptor  level  compared  to  magnesium  [12].  In  this 
paper,  a  .study  on  the  behaviour  of  carbon  in  wurtzite  GaN  is  presented  with  the  intention  to  check 
if  this  element  can  be  an  alternative  p-type  dopant  to  magnesium. 

Experiment 

GaN  films  were  synthesized  in  an  EPI  930  MBE  .system  equipped  with  an  EPI  Unibulb 
radio  frequency  (rf)  nitrogen  plasma  source.  All  layers  were  grown  with  a  V/III  flux  ratio  close  to 
unity.  Layers  with  thickness  of  about  1  /jm  were  deposited  on  sapphire  (0001)  after  a  nitridation 
step  and  the  growth  of  40  nm  undoped  GaN  which  should  guarantee  similar  nucleation  conditions 
for  all  layers  under  investigation.  The  growth  rate  and  growth  temperature  were  640  nnVh  and 
750”C,  re.spectively.  Hydrogen  passivation  of  acceptors  is  not  expected  to  occur  since  annealing 
experiments  of  magnesium  doped  samples  did  not  change  the  electrical  properties  of  these  films. 
Carbon  doping  was  realized  by  use  of  a  rcsistively  heated  graphite  filament.  The  density  of  the 
incorporated  carbon  in  GaN  was  calculated  via  the  growth  and  C  doping  of  GaAs  layers, 
assuming  a  carbon  .sticking  coefficient  of  unity  for  both  materials  and  an  acceptor  ionization  ratio 
of  unity  at  RT  for  GaAs.  This  results  in  maximum  nominal  carbon  concentrations  of  about 
2  x  10^^'  enf^  in  the  GaN  samples  under  investigation,  limited  by  the  maximum  heating  power  of 
approx.  550  W  for  the  carbon  filament.  In  the  following,  an  unintended  background  carbon 
concentration  in  nominally  undoped  GaN  layers  is  neglected.  Free  carrier  concentrations  as  well 
as  mobility’s  were  measured  by  Hall-effect  in  van  der  Pauw  geometry  assuming  a  Hall  factor  of 
unity.  Photoluminescence  (PL)  investigations  were  carried  out  by  using  a  HeCd  laser  at  a 
wavelength  of  325  nm. 

Results  and  discussion 


Undoped  GaN  layers  grown  under  optimized  growth  conditions  exhibit  background 
electron  concentrations  of  about  2  x  lO'^  cm'^  at  RT.  The  ionization  energy  of  the  corresponding 
donor  is  determined  to  30  meV  by  Hall-effect  measurements.  The  influence  of  the  carbon  doping 
level  on  the  carrier  concentration  is  shown  in  Figure  1.  The  error  bars  represent  the  standard 
deviation  of  samples  grown  under  identical  conditions.  The  carrier  concentration  decreases  with 
increasing  nominal  carbon  doping  levels  of  up  to  approx.  2xl0''^cm'^  resulting  in  a 
compen.sation  of  about  one  order  of  magnitude.  For  even  heavier  doped  layers  the  carrier 
concentration  raises  again.  As  a  result,  all  layers  under  investigation  remain  n-type.  Figure  1  also 
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contains  theoretical 
curves  for  the  expected 
dependency  of  the  car¬ 
rier  concentration  on  the 
carbon  doping  level  in 
compensated  material, 
assuming  that  the  con¬ 
centration  and  ioniza¬ 
tion  energy  of  the  back¬ 
ground  donor  remain 
constant  with  values 
of2xl0'^cm'^  and 
30  meV,  respectively, 
and  that  every  carbon 
atom  forms  a  single 
acceptor.  The  two 
curves  correspond  to  the 
standard  approximation 
of  weak  and  strong 
compensation  in  a  non¬ 
degenerated  semicon¬ 
ductor  and  can  be  found 
elsewhere  [13].  Obvi¬ 
ously,  the  experimental 
data  do  not  follow  this 
simple  compensation 


Figure  1:  Room-temperature  carrier  concentration  vs.  nominal  ously,  the  experimental 
carbon  concentration  in  GaN:C.  The  dashed  curves  correspond  to  follow  this 

the  expected  compensation  behavior  as  described  in  the  text.  simple  compensation 

mechanism.  It  can  be  explained  by  assuming  that  only  a  part  of  the  carbon  atoms  forms  an 
acceptor  in  GaN.  Referring  to  theoretical  calculations  of  Boguslawski  et  al.  [1,  7]  and 
Neugebauer  et  al.  [10]  carbon  should  be  preferably  incorporated  on  a  nitrogen  site  where  it  forms 
an  acceptor.  However,  there  is  also  a  tendency  that  carbon  atoms  will  be  incorporated  on  Ga  sites 
where  they  act  as  donors.  Especially  the  formation  of  selfcompensating  Cca-CN  pairs  may  occur 
due  to  the  large  energy  gain  close  to  the  value  of  the  band  gap  originating  from  an  electron 
transfer  from  Coa  to  Cn.  Moreover,  there  is  a  gain  by  the  large  binding  energy  of  about  1  eV  of 
nearest  neighbor  C^-C  pairs.  As  a  result,  this  should  produce  a  high  solubility  of  carbon  in  GaN. 
The  increase  of  the  carrier  concentration  in  Figure  1  can  therefore  be  explained  by  the  entire 
selfcompensation  of  carbon  acceptors.  This  is  also  known  from  carbon  doping  of  GaAs  where 
carbon  likely  forms  atomic  clusters  at  high  doping  levels  [14]. 

The  lack  of  a  complete  carrier  compensation  close  to  the  value  of  2  x  10^^  cm‘^  and  the 
missing  of  a  carrier  type  inversion  for  higher  carbon  doping  levels  in  Figure  1  can  be  explained 
by  an  accompanying  generation  of  donors  in  addition  to  the  background  donors.  This  is  supported 
by  PL  experiments  indicating  the  formation  of  a  deeper  donor  correlated  to  carbon.  Figure  2 
shows  the  temperature  dependence  of  the  DAP  zero-phonon  line  intensity  for  two  different 
GaN:C  samples.  The  value  of  approx.  55  meV  determined  for  the  thermal  activation  energy  is 
significantly  higher  compared  to  the  value  of  the  background  donor.  A  lineshape  analysis  of  the 
DAP  band  using  this  activation  energy  leads  to  an  binding  energy  of  the  carbon  correlated 
acceptor  of  approx.  230  meV  which  is  about  15  meV  lower  than  the  value  found  for  the 
magnesium  acceptor  in  our  GaN:Mg  samples.  A  detailed  review  of  the  DAP  analysis  is  given  in 
Ref.  [15]. 


Room-temperature  Hall 
mobility’s  of  the  samples 
from  Figure  1  are  shown  in 
Figure  3.  For  low  carbon 
densities  a  rather  small 
effect  on  the  mobility  is 
expected.  The  decrease  for 
carbon  concentrations 
above  5  x  lO'^  cm may  be 
interpreted  as  scattering  at 
ionized  carbon  atoms 
and  /  or  at  extended  defects 
induced  by  the  carbon 
1000/T  [K  ']  doping.  For  doping  levels 

above  2xl0'^cm*"^  the 
mobility’s  seem  to  saturate. 

Figure  2:  Arrhenius  plots  of  the  intensity  of  the  zero  phonon  This  may  be  explained  by  a 

replica  of  the  donor-acceptor-pair  (DAP)  band  for  two  transition  from  isolated 

different  GaN:C  samples.  Coulomb  scattering  into 

dipole  scattering  which  is 
theoretically  predicted  in 

Ref.  [16]  and  experimentally  verified  in  Ref.  [17]  for  the  method  of  reactive  codoping  where 
donor-acceptor  complexes  form  the  dipole  similar  to  the  predicted  C  -C^  pairs  for  GaN:C  .In 
summary,  the  results  suggest  that  carbon  forms  both  a  donor  and  an  acceptor  which  is  in  good 
agreement  with  Ref.  [1,7]. 

To  achieve  p-type  conductivity  in  GaN:C  despite  of  the  amphoteric  behavior  of  carbon, 
the  growth  of  GaN:C  by  atomic  layer  epitaxy  was  investigated.  By  subsequently  supplying  Ga,  C 

and  N  to  the  growth  surface  by 
c  filament  heating  power  [W]  closing  and  Opening  the  corre- 

300  400  500  sponding  shutters  in  this  sequence, 

the  probability  of  carbon  to  incor¬ 
porate  on  the  nitrogen  sublattice  is 
hopefully  increased.  At  the  same 
time  the  formation  of  C^-C  pairs 
may  be  reduced.  The  PL  spectrum 
of  a  sample  grown  by  ALE  is 
shown  in  Figure  4.  A  clear  DAP 
band  starting  at  3.261  eV  can  be 
identified  as  well  as  an  impurity 
bound  exciton  at  3.466  eV  which  is 
approx.  5  meV  lower  compared  to 
0  to’®  10”  to'*  to"  io"°  the  donor  bound  excition  of  nomi- 

Nominai  carbon  concentration  [cm  "al  undoped  samples.  It  is  yet  not 

clarified  whether  the  peak  at 
3.455  eV  is  still  the  donor  bound 
Figure  3:  Room-temperature  Hall  mobility’s  vs.  exciton  or  a  superposition  of  both, 

nominal  carbon  concentration  of  the  samples  from  acceptor-  and  donor  bound  exciton. 

Figure  1.  The  line  is  a  guide  to  the  eye. 
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Figure  4:  PL  spectrum  taken  at  4  K  of  a  GaN:C  sample 
grown  by  ALE  as  described  in  the  text.  The  nominal  carbon 
concentration  was  3  x  lO’^  cm  l  The  DAP  zero-phonon-line 
is  centered  at  3.261  eV  followed  by  its  LO-phonon  replicas. 


The  DAP  recombination  of 
this  sample  is  more 
pronounced  in  terms  of 
intensity  and  clear 
occurrence  of  the  phonon 
replicas  compared  to  those 
of  conventionally  carbon 
doped  GaN  layers 
discussed  before.  Electrical 
measurements  characterize 
the  layer  to  be  highly 
resistive  and  the  type  of 
conduction  could  not  be 
determined.  This  suggests 
that  carbon  can  be  more 
effectively  incorporated  on 
nitrogen  sites  to  form  an 
acceptor  if  the  material  is 
grown  by  ALE. 

The  appearance  of 
the  yellow  luminescence  at 
around  2.2  eV  can  be  seen 
in  Figure  4  as  well.  The 


yellow  luminescence  is  a  common  feature  of  all  grown  carbon  doped  samples.  For  very  high 
carbon  doping  levels  the  PL  is  sometimes  even  dominated  by  this  emission.  In  comparison, 
nominally  undoped  as  well  as  silicon  and  magnesium  doped  films  grown  in  our  system  show  a 
negleetabe  weak  yellow  luminescence.  Ogino  and  Aoki  found  a  strong  indication  that  the  yellow 
luminescence  is  correlated  to  the  carbon  and  that  its  intensity  increases  with  the  carbon  doping 
level  [18].  They  assumed  that  the  emission  is  generated  by  the  transition  between  a  shallow  donor 
and  a  deep  acceptor.  They  further  assigned  this  deep  level  to  a  complex,  namely  Qj-Voa.  In 
contrast,  Glaser  et  al.  suggested  a  transition  between  a  deep  donor  and  a  shallow  acceptor  which 
they  assumed  to  be  carbon  on  the  nitrogen  site  [19]. 


Conclusions 


In  summary,  it  was  found  that  only  a  part  of  carbon  forms  an  acceptor  in  n-type  GaN 
resulting  in  a  partial  compensation  of  the  background  electron  concentration.  For  doping  levels 
above  3  x  lO’^  cm'^  a  re-increase  of  the  electron  concentration  is  observed  which  can  be 
explained  by  the  formation  of  selfcompensating  Cca-CN  pairs  which  is  in  good  agreement  with 
theoretieal  predictions.  PL  investigations  of  carbon  doped  GaN  show  both,  the  generation  of  a 
deeper  donor  than  in  undoped  samples  and  the  appearance  of  the  yellow  emission. 

Up  to  now,  carbon  has  not  stated  to  be  a  superior  dopant  compared  to  Mg.  One  possible 
approach  to  achieve  p-type  conductivity  by  carbon  doping  is  the  use  of  alternative  growth 
techniques  like  ALE  to  enforce  carbon  on  the  nitrogen  site  and  to  prevent  selfcompensating 
nearest  neighbor  pairs.  This  has  to  be  ftirther  investigated. 
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ABSTRACT 

Hydrogen  was  ion-implanted  into  wurtzite-phase  GaN,  and  its  transport,  bound  states,  and 
microstructural  effects  during  annealing  up  to  980°C  were  investigated  by  nuclear-reaction 
profiling,  ion-channeling  analysis,  transmission  electron  microscopy,  and  infrared  (IR) 
vibrational  spectroscopy.  At  implanted  concentrations  vl  at.%,  faceted  H2  bubbles  formed, 
enabling  identification  of  energetically  preferred  surfaces,  examination  of  passivating  N-H  states 
on  these  surfaces,  and  determination  of  the  diffusivity-solubility  product  of  the  H.  Additionally, 
the  formation  and  evolution  of  point  and  extended  defects  arising  from  implantation  and  bubble 
formation  were  characterized.  At  implanted  H  concentrations  aO.1  at.%,  bubble  formation  was 
not  observed,  and  ion-channeling  analysis  indicated  a  defect-related  H  site  located  within  the 
[0001]  channel. 

INTRODUCTION 

We  investigated  the  transport,  bound  states,  and  microstructural  effects  of  ion-implanted 
H  in  GaN.  This  work  was  undertaken  for  two  reasons:  first,  the  behavior  of  the  implanted 
system  provides  information  on  a  range  of  fundamental  atomic  processes  involving  H  and 
defects;  in  addition,  H  implantation  may  ultimately  be  used  in  device  processing  for  purposes 
such  as  electrical  isolation  and  controlled  separation  of  layers.  This  work  builds  upon  several 
prior  studies  of  implanted  H  in  GaN  [1-3]. 

Our  experiments  examined  nominally  undoped,  wurtzite-phase  GaN  grown  on  sapphire 
by  metal-organic  chemical  vapor  deposition  (MOCVD).  The  implanted  concentrations  of  H 
ranged  from  hundredths  of  an  atomic  percent  to  several  at.%  and  spanned  two  regimes  of 
behavior  distinguished  by  the  absence  or  presence  of  H2  bubbles.  Atomic  processes  and 
microstructural  evolution  were  investigated  at  temperatures  up  to  980°C  using  nuclear-reaction 
profiling  of  the  H,  ion-channeling  analysis  of  defects  and  H  lattice  location,  transmission 
electron  microscopy  (TEM),  and  infrared  (IR)  spectroscopy  of  the  local  vibrational  modes  of  the 

H.  More  thorough  descriptions  of  the  ion-channeling  analyses  and  IR  spectroscopy  appear 
elsewhere  [4,5]. 

EXPERIMENTAL  PROCEDURE 

The  MOCVD  GaN  films  were  grown  with  (0001)  orientation  and  thicknesses  in  the  range 

I. 4-2.3  pm  as  discussed  elsewhere  [6].  The  nominally  undoped  material  was  of  n-type  with  a 
free-carrier  density  of  ~10*^  cm“^  as  determined  by  conductivity  and  Hall-effect  measurements. 
Hydrogen  was  ion-implanted  into  these  films  at  room  temperature  in  a  turbomolecular-pumped 
vacuum  of  ~10'^  Torr.  Subsequent  vacuum  annealing  was  carried  out  in  a  quartz  furnace  tube 
that  was  continuously  ion-pumped  to  a  pressure  of  ~10”^  Torr. 
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H  PROFILE: 
.„17  2,,, _ 2 


Experiments  involving  nuclear-reaction  analysis  (NRA)  of  H  employed  the  deuterium 
isotope  (^H),  which  was  detected  by  counting  protons  from  the  '^He-induccd  reaction 
^H(^He,p)'^He  using  a  Si  surface-barrier 

detector.  As  a  result  of  the  energy  - 1 - 1 - 1 - 1 - 1 - 1 - 1 - 1 - 1 - 

dependence  of  the  reaction  cross  A  cross  section 

section  [7]  and  the  continuous  slowing  "  f  x"  " 

of  the  ^He  particles  within  the  target,  /I  | 

the  proton  yield  was  affected  by  the  “  "  /I  \  2 

depth  distribution  of  the  as  well  as  2  4  -  /I  -  4o  p 

by  its  quantity,  and  concentration  g  /I 

versus  depth  could  be  obtained  by  z  '  /  I  \  -  w 
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He  energy  and  performing  a  g  j 

deconvolution  [8].  Ion-channeling  ^  .  J  ^ 

analysis  of  lattice  location  was  J  ^ 

carried  out  using  the  same  nuclear  o  l<— — j- — i 1 1 o 
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reaction  with  the  specimen  manipulated 

in  a  3-axis  goniometer.  The  thickness  depth  (jjm) 

of  the  GaN  films  was  monitored  by  Fig.  1 .  Calculated  depth  profiles  of  implanted  “H  and 
Rutherford  backscattering  spectrometry  the  differential  nuclear  cross  section  for 
(RBS)  with  1.7-McV  ‘H  to  determine  0.85-MeV ‘^He  with  a  scattering  angle  of  135°. 
when  annealing  produced  significant 

loss  of  material.  Ion-channeling  analysis  of  defects  was  performed  using  RBS  with  2-MeV  "‘He. 
All  of  the  channeling  analyses  were  axial,  with  rotational  averaging  about  the  axis  to  avoid 
planar  channeling. 

Infrared  vibrational  spectroscopy  was  carried  out  using  the  'H  and  isotopes  with 
multiple  implanted  layers  being  introduced  to  increase  signal  strength.  These  measurements 
were  made  at  room  temperature  with  a  resolution  of  4  cm“’.  Samples  for  TEM  were  prepared  by 
ion-thinning  and  were  observed  at  an  electron  energy  of  300  keV. 


Fig.  1.  Calculated  depth  profiles  of  implanted  “H  and 
the  differential  nuclear  cross  section  for 
0.85-MeV  ‘^Hc  with  a  scattering  angle  of  135°. 


RESULTS  AND  INTERPRETATION 


Hydrogen  Release  During  Isochronal  Annealing 

The  retention  of  implanted  “H  within  GaN  was  monitored  by  NRA  during  a  sequence  of 
1-hour  vacuum  anneals  at  temperatures  incremented  by  ~100°C.  These  experiments  were  carried 
out  on  specimens  that  had  been  implanted  with  10'‘\  lO'^’  or  lO'^  ^H/cm‘  at  room  temperature 
and  50  keV  to  produce  the  calculated  [9]  depth  profiles  shown  in  Fig.  1.  The  NRA  was 
performed  with  an  incident  ^He  energy  of  0.85  MeV,  which,  using  published  results  for  the 
nuclear  cross  section  [7]  and  He  stopping  powers  110],  is  calculated  to  result  in  the  depth- 
dependent  differential  cross  section  shown  in  Fig.  1.  The  nuclear-reaction  yield  under  the.se 
conditions  provides  a  quantitative  measure  of  the  amount  of  ‘H  remaining  within  the  implanted 
region. 

Results  from  these  experiments  arc  presented  in  Fig.  2,  where  the  retained  fraction  of  ^H 
is  plotted  versus  temperature.  The  anneal  at  the  highest  temperature,  980°C,  produced  significant 
loss  of  material  from  the  GaN  film  as  observed  by  RBS,  so  that  the  corresponding  datum  does 
not  provide  a  quantitative  measure  of  ^H  release  by  diffusion.  In  the  case  of  the  lowest 
implantation  dose,  effects  of  the  analysis  beam  on  the  release  were  observed,  so  each 
measurement  was  made  at  a  new  location  on  the  specimen. 


For  all  three  doses,  the 
remained  localized  in  the  implanted  region 
during  the  release  rather  than  assuming  a 
diffusion-broadened  profile.  This  is  seen 
from  the  representative  concentration- 
versus-depth  profile  in  Fig.  3,  which  was 
measured  in  the  sample  implanted  with 
lO’^  ^H/cm^  after  the  anneal  sequence  had 
reached  886“C  and  about  2/3  of  the  had 
been  lost.  This  profile  was  obtained  by 
measuring  the  proton  yield  from  the 
nuclear  reaction  as  a  function  of  incident 
^He  energy  and  performing  a 
deconvolution  [8],  giving  a  distribution 
represented  by  contiguous  straight-line 
segments.  The  depth  resolution  of  this 
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Fig.  2.  Release  of  ion-implanted  from  GaN 
during  isochronal  annealing. 


method  is  about  0.2  pm  for  GaN,  which 
suffices  to  exhibit  the  property  of  interest. 

The  release  of  is  seen  from  Fig. 

2  to  occur  in  approximately  the  same 
temperature  range  for  implanted 
concentration  from  hundredths  of  an 
atomic  percent  to  several  at.%, 
notwithstanding  fundamental  differences 
in  the  state  of  the  at  the  lower  and 
higher  concentrations  that  are  discussed 
below.  For  the  lowest  dose,  the 
temperature  range  of  release  is  consistent 
with  earlier  work  where  H  was  implanted 
to  comparable  concentrations  in  undoped 
material  [1,3].  The  absence  of  diffusion 
broadening  of  the  implanted  peak  during 
the  release  indicates  that  the  H  exists 
predominantly  in  bound  states  rather  than 
being  in  mobile  solution.  The  nature  of  these 


DEPTH  (pm) 

Fig.  3.  Depth  profile  of  ion-implanted  in 
GaN  after  implantation  of  lO'^  ^H/cm^  at  50  keV 
and  isochronal  annealing  extending  to  886°C. 

states  is  addressed  in  the  remainder  of  this  paper. 


H2  Bubble  Formation  with  Wall  Chemisorption  of  H  at  Implanted  Concentrations  vl  at.% 


When  the  implanted  concentration  of  H  was  vl  at.%,  H2  bubbles  formed  within  the  GaN. 
After  annealing  in  the  temperature  range  of  H  release,  TEM  showed  most  of  these  bubbles  to  be 
polyhedra  with  a  single  (0001)  faeet  and  6  {1011}  facets,  a  shape  which  reduces  to  a  6-sided 
pyramid  when  the  hexagonal  basal-plane  facet  is  equilateral.  Representative  high-resolution 
images  in  plan  view  and  cross  section  are  shown  in  Fig.  4.  With  no  noted  exceptions,  the  base  of 
the  polyhedral  bubbles  was  toward  the  surface  of  the  sample  and  the  apex  toward  the  sapphire 
substrate.  Such  an  absence  of  inversion  symmetry  along  [0001]  indicates  that  the  facets  have  a 
preferred  polarity.  The  identification  of  this  polarity  requires  determination  of  the  polarity  of  the 
epitaxial  film.  Although  this  is  challenging,  several  groups  have  concluded  on  the  basis  of 
convergent-beam  electron  diffraction  and  other  measurements  that  smooth  MOCVD  GaN  on 


Fig.  4.  High-resolution  TEM  images  of  bubbles  in  GaN;  (a)  plan-view  in  [0001]  orientation 
and  (b)  cross-section  in  [1120]  orientation.  The  implanted  layer  was  injected  with 
2x1 0'^’  'H/cm^  at  room  temperature,  and  the  specimen  was  then  annealed  at  886°C  for  1  hour. 

sapphire  has  N  atoms  above  Ga  atoms  along  [0001]-oriented  bonds,  or,  equivalently,  that  the 
unreconstructed  top  surface  of  the  film  is  terminated  by  Ga  atoms  [11-14].  This  implies  that  the 
(0001)  and  [lOll]  internal  surfaces  of  the  observed  bubbles,  both  comprising  close-packed 
Ga-N  bilayers,  have  N-terminated  polarity.  Since  the  bubbles  formed  after  growth,  we  conclude 
that  these  surfaces  were  energetically  preferred. 

In  view  of  the  relatively  high  reactivity  of  N  and  the  transfer  of  electronic  charge  from  Ga 
to  N  in  GaN,  a  preference  for  N-terminatcd  surfaces  is  surprising  unless  these  surface  are 
H-passivated.  We  obtained  evidence  for  such  passivation  from  IR  vibrational  spectroscopy,  as 
discussed  more  fully  elsewhere  [5].  Under  conditions  of  implantation  where  bubbles  formed,  but 
not  otherwise,  we  observed  new  IR  absorption  peaks  at  3182  and  3216  cm~'  for  ’H,  as  shown  in 
Fig.  5,  and  at  2364  and  2386  cm"'  for  ^H. 

These  absorptions  are  ascribed  to  N-H 
centers,  based  both  on  comparisons  with 
materials  known  to  contain  N-H  and  on  the 
size  of  the  departure  of  the  isotope  shift 
from  V2.  The  frequencies  lie  above  those  o 
reported  when  the  concentration  of  < 

implanted  H  is  aO.1  at.%  [2],  a  regime  ^ 

where  we  did  not  observe  bubble  formation  g 
and  the  H  is  believed  bound  to  defects.  < 

Moreover,  the  integrated  strength  of  the 
absorptions  in  Fig.  5  corresponds  to  about  4 
%  of  the  implanted  H  being  in  the  IR-active 

,  .  -,1  3160  3200  3240  3280 

state,  and  this  is  consistent  with  estimates  of 

the  number  of  chemisorption  sites  on  the  wavenumbers  (cm'^) 

bubble  walls.  We  consider  these  findings  5  absorption  peaks  ascribed  to  'H 

strongly  indicative  of  H  passivation  of  the  chemisorbed  on  bubble  walls.  The  specimen 
bubble  walls.  implanted  with  2x10'*’  'H/cm^  in  each  of  5 

layers  and  then  annealed  at  600“C  for  1  hour. 


Fig.  6.  Decrease  of  H-related  IR  absorptions 
during  isochronal  annealing,  compared  with  the 
loss  of  total  H  measured  by  NRA. 


During  isochronal  annealing  _ 

sequences  similar  to  those  of  Fig.  2,  the  i.o . _ 

strength  of  the  IR  absorptions  shown  in  ^ 

Fig.  5  decreased  before  the  total  amount  of  Q  ^  g 

measured  by  NRA.  This  is  seen  in  Fig.  z  Vq 

6,  where  both  quantities  are  plotted  versus  []]  o.e  -  A  'X!)  \\ 

anneal  temperature.  We  infer  that  the  ^  .  \ 

chemisorbed  state  is  less  stable  than  the  ^  0  4  .  -A-iR  -  ixio^^cm"^/ layer  \  - 

molecular  gas  under  the  conditions  of  <  -O- iR -2xio^®cm'^/ layer  \  \\ 

these  experiments.  i  02  -  - nra  -  ixio’'^cm'^  V  'q 

O  - NRA  -  IxIO^^cm'^  S. 
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In  order  to  characterize  further  the  Fig.  6.  Decrease  of  H-related  IR  absorptions 

thermal  release  of  H  from  H2  bubbles,  we  during  isochronal  annealing,  compared  with  the 

used  NRA  to  measure  the  amount  loss  of  total  H  measured  by  NRA. 
remaining  during  isothermal  vacuum 
annealing  at  794  and  886°C.  The 
specimens  were  implanted  with 

lx  10'^  ^H/cm^  at  50  keV,  and  the  r - ,  ,  t- . ,  ,  =p=r 

areal  density  of  within  the  .-1000^ 

implanted  layer  was  monitored  using  4  S  V  _2_theory‘ 

a  ^He  energy  of  0.85  MeV,  “  i  I 

replicating  conditions  depicted  in  2  ‘ A  u 

Fig.  1.  The  results  obtained  at  ^  ^  x  10  ' 

886“C  are  presented  in  Fig.  7.  Depth  ^  100  :  ® 

profiling  at  selected  points  in  the  q  :  \  ^  0  ■  .  .  ■  ■  ■  1 

sequence,  using  procedures  z  -  \  2  3 

described  for  Fig.  3,  showed  that  the  1-  \  O 

retained  H  was  always  localized  in  cc  I 

the  implanted  layer  rather  than  ^  ° \  O 

developing  a  diffusion-broadened  F  ,  ,  ,  ,  ,  , 

distribution.  0  10  20  30 

From  the  TEM  observations  anneal  time  (hours) 

discussed  above,  we  conclude  that  pig.  7.  Release  of  ion- implanted  from  GaN  during 

the  release  shown  in  Fig.  7  was  isothermal  annealing  at  886°C. 
predominantly  from  H2  gas  within 
bubbles.  Furthermore,  we  assume, 

in  accord  with  theoretical  predictions  [15],  that  the  transport  of  the  H  through  the  matrix 
occurred  by  dissociation  of  the  molecule  followed  by  atomic  diffusion.  Then,  using  the 
approximation  of  steady-state  diffusion,  the  variation  with  time  of  the  retained  areal  density  of  H 
atoms.  A,  is  given  by 
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Fig.  7.  Release  of  ion- implanted  from  GaN  during 

isothermal  annealing  at  886°C. 


(d/dt)A  =  -DNHo(P*/Po)' 


where  D  is  the  effective  diffusion  coefficient,  Nho  is  the  solubility  of  mobile  H  in  local 
equilibrium  with  the  H2  gas  at  some  reference  pressure  Po  small  enough  for  the  gas  to  behave 
ideally,  P*  is  the  fugacity  of  the  H2  gas  in  the  bubbles,  and  X  is  the  diffusion  distance  to  the 


surface,  taken  to  be  single-valued  for  simplicity.  The  fugacity  can  be  defined  in  terms  of  the 
chemical  potential  and  related  through  it  to  the  equation  of  state; 

ln(P*/P„)  s  (p-po)/kT  =  (kT)-'  V(F)  dP’  (2) 

where  po  is  the  chemical  potential  at  the  reference  pressure  and  V(P)  is  the  volume  per  H2 
molecule  at  pressure  P  as  given  by  the  equation  of  state.  At  lower  pressures  where  the  ideal-gas 
equation  of  state  is  applicable,  P*  ->  P.  In  order  to  complete  the  description  of  the  system,  a 
relationship  must  be  specified  between  P  and  A.  This  is  accomplished  by  noting  that 

V(P)  =  2Vb/A  (3) 

where  the  function  V(P)  is  given  by  the  equation  of  state  and  Vj,  is  the  combined  bubble  volume 
per  unit  sample  area.  Solution  of  Eqs.  (l)-(3)  shows  that  that  A'^^  decreases  linearly  with  time  at 
lower  pressures  where  V(P)  follows  the  ideal  equation  of  state,  while  a  more  rapid  initial 
transient  is  predicted  if  the  starting  pressure  is  high  enough  for  the  gas  to  behave  non-ideally. 
Such  behavior  is  evident  in  the  inset  of  Fig.  7,  where  the  initial  part  of  the  measured  isotherm  is 
plotted  as  A'^^  versus  t.  The  curve  through  the  data  represents  a  solution  of  Eqs.  (l)-(3)  in  which 
the  amplitude  of  the  initial  transient  was  fitted  by  adjusting  Vb  or,  equivalently,  the  initial  bubble 
pressure  Pi,  and  the  variation  at  longer  times  was  fitted  by  adjusting  the  diffusivity-solubility 
product  DxNho  for  Po  =  1  bar.  In  this  way  we  obtained  Pi  =  6  GPa  and  DxNho  = 
2.2x10^  atoms  cm"‘  s“'  for  T  =  886“C;  the  analogous  experiment  at  794°C  yielded  Pi  =  9  GPa 
and  DxNho  =  2.0x10'^  atoms  cm"‘  s"'. 

It  is  apparent  from  the  semilog  plot  in  Fig.  7  that  a  small  fraction  of  the  implanted  H, 
~5  %,  was  released  much  more  slowly  than  predicted  by  Eqs.  (l)-(3).  We  consider  two  possible 
explanations  for  this.  First,  the  residual  H  might  conceivably  exist  in  some  bound  state  more 
stable  than  H2  gas  within  the  bubbles.  A  difficulty,  however,  is  that  we  did  not  find  IR 
absorptions  associated  with  the  H  retained  to  long  times,  nor  did  this  H  exhibit  the  channeling 
effects  in  NRA  that  would  be  expected  for  a  unique  atomic  position  relative  to  the  host  lattice; 
hence,  the  bound  state  in  question  apparently  does  not  involve  N-H  or  Ga-H  bonding.  If, 
alternatively,  the  strongly  retained  H  is  imagined  to  exist  as  H2  molecules,  there  is  the  problem 
of  identifying  a  location  where  the  molecules  are  more  stably  bound  than  the  open  volumes  of 
the  bubbles, 

A  second  interpretation,  and  one  which  we  currently  consider  more  viable,  is  that  the 
release  takes  place  from  H2  bubbles  over  the  entire  anneal  sequence,  but  the  diffusivity-solubility 
product  DxNho  decreases  with  time  due  to  a  shift  in  the  Fermi  level  as  the  H  concentration  in 
solution  decreases.  Theoretical  calculations  reported  for  the  cubic,  zincblende  variant  of  GaN 
[15]  and  a  recent  treatment  of  the  hexagonal,  wurtzite  phase  [16]  both  indicate  that  dissociated  H 
in  solution  exists  predominantly  as  or  H",  depending  upon  the  position  of  the  Fermi  level, 
with  the  neutral  atom  always  being  less  stable.  Additionally,  the  positive  ion  is  predicted  to  be 
much  more  mobile  than  the  negative  ion.  Our  tentative  interpretation  of  the  release  isotherm  is 
then  that,  during  ~95%  of  the  release,  the  solution  concentrations  of  and  H”  exceed  the 
concentrations  of  other  electrically  active  species,  and  as  a  result  the  Fermi  level  is  stabilized  at  a 
position  such  that  [H+]  ~  [H”],  with  DxNho  being  nearly  constant  as  a  result.  In  the  last  stages 
of  the  release,  however,  the  H2  pressure  in  the  bubbles,  and  hence  the  H  chemical  potential, 
decreases  until  the  H  concentration  in  the  lattice  is  less  than  that  of  donors  unrelated  to  H;  at  this 
point,  the  Fermi  level  rises,  reducing  the  fraction  of  mobile  and  increasing  that  of  the  less- 
mobile  H~. 


Bubble-Related  Defect  Microstructure  and 
Its  Evolution  with  Temperature 

By  using  ion-channeling  analysis  in 
conjunction  with  TEM  to  characterize 
implantation-related  defects,  we  elucidated  the 
atomic  processes  associated  with  bubble 
formation  and  defect  annealing.  Figure  8  shows 
channeling  results  for  a  specimen  that  was 
implanted  with  10*^  ^H/cm^  at  50  keV  and  room 
temperature  and  then  subjected  to  a  series  of  1- 
hour  vacuum  anneals  at  increasing  temperature. 

The  exhibited  RBS  spectra  were  produced  by  2- 
MeV  “^He  incident  along  the  [0001]  axis  with 
the  sample  at  room  temperature,  and  an 
unchanneled,  or  random,  spectrum  is  included 
for  reference.  Backscattering  yield  from  the 
implanted  region  appears  at  channels  in  the 
range  90-120,  while  the  surface  corresponds 
approximately  to  channel  140. 

A  direct-scattering  peak  appears  in  the 
channeled  spectrum  after  implantation  and 
before  annealing,  as  indicated  in  the  figure.  As 
discussed  more  fully  elsewhere  [4],  the  presence 
of  this  peak  means  that  Ga  atoms  are  removed  from  substitutional  lattice  sites  into  the  open 
[0001]  channel.  Analysis  of  the  area  under  the  peak  indicates  that  the  areal  density  of  Ga 
interstitials  is  3.0xl0‘^  cm'^  [4];  this  is  equal  within  experimental  uncertainty  to  the  areal  density 
of  Ga  atoms  displaced  by  bubble  formation,  which  we  calculate  from  the  known  H  areal  density 
and  H2  gas  pressure  to  be  3.4x1 0‘^  cm“^.  This  finding  is  consistent  with  the  following  model  of 
bubble  formation:  the  equally  numerous  vacancies  and  interstitials  produced  by  collisional 
atomic  displacements  mostly  undergo  annihilation  by  recombination;  however,  a  small  fraction 
of  the  vacancies  agglomerate  and  collect  H  to  form  high-pressure  H2  bubbles,  thereby 
constraining  the  recombination  and  leaving  a  corresponding  number  of  interstitials  within  the 
lattice. 

Annealing  in  the  temperatures  range  511-709°C  is  seen  in  Fig.  8  to  remove  the  direct- 
scattering  peak  and  introduce  a  dechanneling  step.  This  indicates  a  return  of  Ga  atoms  to 
substitutionality,  accompanied  by  the  formation  of  extended  defects  with  large  strain  fields  to 
produce  the  observed  dechanneling  with  relatively  little  direct  scattering.  Transmission  electron 
microscopy  after  this  evolution  showed  the  predominant  extended  defect  to  be  a  (0001)  stacking 
fault  containing  one  extra  Ga-N  bilayer  and  bounded  by  a  partial  dislocation,  a  configuration 
discussed  in  detail  elsewhere  [17].  A  part  of  one  such  stacking  fault  is  seen  in  the  high- 
resolution  cross-section  TEM  image  of  Fig.  9.  Analysis  of  the  amplitude  of  the  dechanneling 
step  gives  the  density  of  the  stacking  faults.  The  result  indicates  that  only  a  small  fraction  of  the 
Ga  interstitials  present  before  annealing,  about  3%,  agglomerate  in  this  way  [4];  the  remainder 
undergo  annihilation,  presumably  by  migrating  to  the  surface  of  the  film. 


Fig.  8.  Channeled  RBS  spectra  from  GaN 
before  and  after  implantation  and 
annealing,  obtained  using  2-MeV  "^He. 


Hydrogen  Behavior  in  the  Absence  of  Bubbles  at 
Concentrations  aO.1  at.% 


When  GaN  was  implanted  with  50-keV 
at  room  temperature  to  a  dose  of  lO'"’  cm"^,  ion¬ 
channeling  analysis  revealed  that  a  large  fraction  of 
the  occupied  a  well-defined  location  relative  to 
the  host  lattice.  Figure  10  shows  the  nuclear- 
reaction  yield  from  the  as  a  function  of  angle 
from  the  [0001]  direction,  with  the  elastic 
back  scattering  yield  from  Ga  superimposed  for 
comparison;  these  yields  were  produced  by  0.85-  9.  High-resolution  cross-section 

MeV  -'He  and  2-MeV  ^He,  respectively.  The  TEM  image  showing  a  part  of  one 

detected  H  site  is  believed  to  be  defect  related,  stacking  fault  in  H-implanted  GaN  after 

since  the  amplitude  of  the  channeling  peak  rises  annealing  at  886  C. 
markedly  during  initial  impingement  of  the  ^He 

analysis  beam,  and  rises  more  rapidly  when  that  beam  is  tilted  from  the  channeling  orientation  so 
that  more  atomic  displacements  are  produced.  Numerical  simulations  of  the  channeling  indicate 
that  the  narrow  peak  in  the  nuclear-reaction  yield  can  be  produced  only  by  that  is  displaced 
into  the  central  region  of  the  open  [0001]  channel  [4].  During  a  succession  of  1-hour  anneals  at 
increasing  temperature,  this  peak  remained  essentially  unchanged  after  41  TC,  but  decreased  in 
amplitude  with  increasing  temperature  from  51  TC  upward,  becoming  poorly  resolved  by  809°C. 

Previously,  'H  implanted  to  similar  concentrations  in  GaN  was  found  by  IR  spectroscopy 
to  have  local  vibrational  modes  in  the  frequency  range  2983-3150  cm~'  [2].  These  modes  were 
assigned  with  confidence  to  N-H  centers,  which  were  plausibly  hypothesized  to  be  located  in  the 
Ga  vacancy.  The  absorption  spectrum  evolved  with  increasing  anneal  temperature  and 
disappeared  at  about  700°C.  The  similarity  with  our  experiments  raises  the  possibility  that  the 
same  H  state  was  probed  by  the  two  techniques;  this  is  not  necessarily  so,  however,  since  the 
fraction  of  the  implanted  H  contributing  to  the  observed  IR  peaks  may  have  been  as  small  as 
10%  [18].  In  any  case,  the  Ga  vacancy  does  not  appear  viable  for  the  trap  observed  by 
channeling,  since  H  tetrahedrally  bonded  to  a  neighboring  N  would  not  protrude  into  the  [0001] 
channel.  It  therefore  seems  appropriate  to  consider  other  defects,  including  those  of  interstitial 
type,  as  possible  binding  sites. 

Since  the  H  state  or  states  probed  by  the  ion  channeling  and  IR  spectroscopy  disappear 
after  annealing  at  temperatures 


a800°C,  these  are  apparently  not  the 
states  from  which  the  final  release 
near  900“C  oceurs.  The  last  state  of 
the  H  is  also  believed  not  to  involve 
bubbles  or  extended  defects,  since, 
in  cross-section  TEM  of  GaN 
implanted  with  10'”H/cm^  at 
50  keV  and  then  annealed  at  886”C 
for  1  hour,  we  did  not  observe  such 
microstructural  features  produced  by 
the  implantation.  Conceivably,  H2 
forms  within  vacancy-type  defects  at 
the  most  elevated  temperatures. 


Fig.  10.  Channeling  scans  after  implanting 
lO'**  ^H/cm^  into  GaN  at  room  temperature. 


SUMMARY 


We  investigated  the  behavior  of  ion-implanted  H  in  MOCVD  GaN  on  sapphire  at 
concentrations  ranging  from  hundredths  of  an  atomic  percent  to  several  at.%.  The  results  of 
these  experiments  were  interpreted  in  terms  of  underlying  physical  processes,  providing  new 
information  on  fundamental  aspects  of  H  and  defect  behavior. 

At  implanted  concentrations  vl  at.%,  faceted  H2  bubbles  formed  with  (0001)  and  {1011} 
faces  of  N-terminated  polarity,  indicating  that  such  surfaces  were  energetically  preferred. 
Infrared  spectroscopy  showed  localized  vibrational  modes  attributable  to  N-H  on  the  bubble 
walls  at  a  coverage  of  ~1  monolayer.  From  this  we  concluded  that  the  otherwise  highly  reactive 
N-terminated  surfaces  were  passivated  by  H,  and  that  the  attendant  large  reduction  in  surface 
energy  probably  affected  the  observed  selection  of  surfaces.  During  isochronal  annealing,  the 
N-H  state  detected  by  IR  spectroscopy  diminished  at  somewhat  lower  temperatures  than  the  total 
quantity  of  H  measured  by  NRA,  indicating  that  the  chemisorbed  state  was  less  stable  than  the 
H2  gas. 

Hydrogen  was  strongly  retained  within  the  bubbles,  undergoing  release  only  at 
temperatures  v800®C.  By  analyzing  retention-versus-time  isotherms,  the  pressure  within  the 
bubbles  and  the  diffusivity-solubility  product  of  the  H  were  evaluated.  We  provisionally 
hypothesized  that  most  of  the  release  occurred  with  the  Fermi  level  stabilized  by  ionized  H 
atoms  in  solution  in  such  a  way  that  [H"^]  ~  [H~]. 

Our  examination  of  defects  arising  from  the  higher-dose  implantations  and  attendant 
bubble  formation  led  to  several  mechanistic  inferences.  The  added  volume  of  the  bubbles  is 
believed  to  be  accommodated  by  the  agglomeration  of  implantation-generated  vacancies,  and 
this  leaves  a  corresponding  number  of  host-atom  interstitials  within  the  lattice.  These  interstitial 
defects  undergo  substantial  evolution  in  the  approximate  temperature  range  500-700“C;  most  are 
annihilated,  presumably  at  the  surface,  with  a  small  residual  being  incorporated  into  basal-plane 
stacking  faults  bounded  by  partial  dislocations. 

At  implanted  concentrations  aO.1  at.%,  bubble  formation  was  not  observed,  and  the  H 
was  concluded  from  channeling  analysis  to  occupy  a  defect-related  interstitial  site  in  the  [0001] 
channel.  Prior  to  thermal  release  from  the  specimen,  the  H  apparently  moves  to  a  more  stable 
state  that  is  not  characterized  by  a  unique  lattice  sites  and  is  not  IR-active,  conceivably  H2  within 
vacancy  defects. 
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Abstract 

Vibrational  spectroscopy,  photoluminescence,  and  optically  detected  electron  paramagnetic 
resonance  (ODEPR)  have  been  used  to  characterize  the  defects  produced  in  undoped  and  Si- 
doped  GaN  by  the  implantation  of  hydrogen.  Several  new  vibrational  bands  were  found  near 
3100  cm  '  in  GaN  that  had  been  implanted  with  protons.  These  frequencies  are  close  to  those 
predicted  for  Voa-Hn  complexes,  leading  to  the  tentative  assignment  of  the  new  lines  to  Voa 
defects  decorated  with  different  numbers  of  H  atoms.  The  proton  implantation  also  produces  an 
infrared  PL  band  centered  at  0.95  eV  and  the  ODEPR  spectrum  labeled  LEI,  both  of  which  were 
seen  previously  for  electron-irradiated  GaN. 

Introduction 

The  III-V  nitrides  have  eclipsed  alternative  wide  bandgap  semiconductors  for  optoelectronic 
device  applications  in  the  near  UV  and  visible  and  show  promise  for  high  temperature/power 
electronics.''^  These  successes  have  depended,  in  part,  on  an  improved  understanding  and 
control  of  defect  processes  such  as  the  hydrogen  passivation  of  acceptors  in  the  nitrides.  ^  Of 
particular  interest  here  are  recent  studies  of  the  interaction  of  hydrogen  with  native  defects  and 
experimental  results  for  the  defects  introduced  in  GaN  by  high-energy  electron  irradiation.^’'"  In 
this  paper  we  report  results  for  the  defects  introduced  by  the  implantation  of  hydrogen  into  GaN. 
The  defects  created  by  the  implantation  that  are  decorated  by  H  have  been  studied  by  vibrational 
spectroscopy.  PL  and  ODEPR  spectra  have  been  measured  for  the  same  H-implanted  samples 
and  compared  with  recent  results  obtained  for  GaN  irradiated  with  2.5  MeV  electrons."’'" 


Experimental 

The  2.5 |xm  thick  GaN  samples  used  in  our  experiments  were  grown  by  metalorganic 
chemical  vapor  deposition  (MOCVD)  on  sapphire  substrates  at  1040°C  using  trimethylgallium 
and  ammonia.  Nominally  undoped  layers  had  n-type  background  concentrations  of  ~  5x10 
cm'^  A  Si-doped  sample  contained  an  n-type  carrier  concentration  of  ~5  x  lO'^  cm'^  Protons 
(and/or  deuterons)  were  implanted  at  five  different  energies  between  25  and  300  keV  in  order  to 
create  hydrogen  profiles  with  concentrations  in  the  mid-lO'"  cm'^  range  to  a  depth  of  ~2.1|im. 
Annealing  was  performed  in  flowing  N2  at  temperatures  between  300°C  and  700°C.  Absorption 
measurements  were  made  at  both  normal  incidence  and  by  multiple  internal  reflection  so  that 
light  polarizations  both  parallel  and  perpendicular  to  the  c-axis  of  the  epilayer  could  be  studied. 
Infrared  absorption  spectra  were  measured  for  the  range  1800-4000  cm  '  with  a  Bomem  DA.3 
Fourier  transform  spectrometer  equipped  with  an  InSb  detector.  The  measurements  were  made 
near  4.2K  with  a  resolution  of  2  cm  '.  Luminescence  was  excited  with  the  351  nm  line  of  an  Ar- 
ion  laser.  PL  in  the  infrared  was  detected  with  a  North  Coast  Ge  detector  and  PL  in  the  visible 
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Frequency  (cm  ’ ) 


Fig  1 .  Vibrational 
spectra  measured  near 
4.2K  for  (a)  deuterium- 
implanted  GaN  and  (b) 
hydrogen-implanted 
GaN  samples  which 
were  subsequently 
annealed  at  the 
temperatures  indicated. 


was  detected  with  a  UV-extended  Si  detector.  ODEPR  spectra  were  recorded  with  a  35  GHz 
spectrometer  at  1 .7K. 

Vibrational  Spectroscopy 

Spectra  are  shown  in  Fig.  1(a)  for  an  undoped  GaN  sample  that  had  been  implanted  with 
deuterium  and  then  annealed  at  successively  higher  temperatures.  In  as-implanted  samples,  two 
new  vibrational  bands  were  found  at  2254.7  cm’’  and  2329.7  cm  '.  In  the  samples  implanted 
with  hydrogen  [Fig.  1(b)],  two  corresponding  lines  were  found  at  3139.5  cm  '  and  3023  cm''. 
Upon  annealing,  several  weaker  bands  emerge  in  both  the  H-  and  D-implanted  samples.  The 
frequency  ratios  of  the  two  sets  of  vibrational  lines  are  near  1 .344,  i.e.,  close  to  V(mD/mn), 
confirming  that  these  are  hydrogen  vibrations.  The  H  and  D  modes  of  corresponding  defects 
were  identified  and  are  listed  together  in  Table  I.  (Two  weak  D  modes  were  not  well  resolved 
and  are  not  listed.)  Spectra  were  also  measured  for  Si-doped  samples  (No=5  x  lO"^  cm  '')  that 
had  been  implanted  with  H  or  D.  The  same  vibrational  bands  were  seen  in  these  samples,  but 

Table  I.  Frequencies  of  vibrational  bands  observed  in  GaN  that  was  implanted  with  H  or 
D.  The  bands  are  divided  into  three  groups,  each  of  which  shows  similar  behavior  upon 
annealing.  The  frequency  ratio  r  =  ©h/ccid  and  the  annealing  temperatures  where  the 
band  intensities  arc  reduced  to  -50%  of  their  maximum  value  are  given. 


Group 

(Oh 

(cm’) 

(Op 

(cm-'} 

r 

T 

f^C) 

III 

2982.8 

2208.4 

1.351 

675 

I 

3023.1 

2254.7 

1.341 

450 

II 

3043.5 

2270.5 

1.340 

550 

II 

3052.0 

2274.5 

1.342 

550 

II 

3112.8 

2318.0 

1.343 

550 

II 

3124.3 

550 

I 

3139.5 

2329.7 

1.348 

450 

II 

3150.5 

550 

were  shifted  by  ~2  cm'\  presumably  due  to  different  amounts  of  strain  in  the  layers.  Thus  the 
centers  shown  in  Fig.  1  do  not  involve  Si  impurities  that  might  have  been  introduced 
unintentionally  in  the  undoped  GaN  samples. 

Spectra  were  also  measured  for  an  undoped  sample  which  had  been  implanted  with 
overlapping  profiles  of  both  H  and  D  to  probe  whether  any  of  these  vibrational  bands  might  be 
due  to  defects  which  contain  more  than  one  hydrogen  atom.  (Additional  vibrational  lines  can 
appear  for  multi-H  centers  when  complexes  are  formed  that  contain  both  H  and  D).^'  No 
additional  lines  were  observed  in  the  spectra  for  these  samples. 

Fig.  2  shows  the  annealing  behavior  of  several  of  the  vibrational  bands.  Comparing  Fig.  2(a) 
to  2(b),  one  can  see  that  the  bands  we  have  assigned  to  H  and  D  modes  of  corresponding  defects, 
show  similar  annealing  behavior,  supporting  the  associations  we  have  made.  Furthermore,  the 
bands  can  be  divided  into  three  groups  as  indicated  in  Table  I.  Group  I  vibrational  bands  are 
strong  in  the  as-implanted  samples  and  reduced  to  50%  of  their  maximum  by  an  anneal  at  450°C. 
The  group  II  bands  begin  to  grow  in  at  ~  300°C,  and  then  decay  to  50%  of  their  maximum 
intensity  near  550°C.  There  is  a  single  band  labeled  group  HI  that  grows  in  near  450®C  and  then 
decays  to  half  its  maximum  intensity  near  675°C.  (In  the  D-implanted  sample,  the  intensity  of 
this  lowest  frequency  band  at  2208.4  cm’’  was  easy  to  follow  for  the  different  annealing 
temperatures.  However,  in  the  H  implanted  samples,  the  band  at  2982.8  cm  ',  though  seen 
consistently  in  samples  annealed  at  450°  and  above,  was  relatively  weak  and  its  intensity  could 
not  be  characterized  quantitatively.) 

Vibrational  frequencies  have  been  calculated  by  Van  de  Walle  for  Vn-H  and  Voa-Hn 
complexes  in  GaN.^  The  predicted  frequencies  are  3100  cm  '  for  Voa-H  and  3470  cm"'  for  Voa- 
H4  and  are  close  to  the  vibrational  frequencies  we  have  measured.  Van  de  Walle  also  predicted  a 
frequency  of  600  cm  '  for  the  Vn-H  complex,®  much  lower  than  the  vibrational  frequencies  we 
have  seen.  Therefore,  comparison  with  theory  leads  us  to  suggest  that  the  lines  we  have 
observed  correspond  to  nitrogen-dangling-bond  defects  that  are  decorated  by  hydrogen.  The 
vibrational  frequencies  we  have  measured  are  also  close  to  the  frequency  observed  previously  for 
the  passivated  Mg  acceptor  in  GaN  (3125  cm  '),^  where  the  H  is  believed  to  be  bonded  to  one  of 
the  Mg  atom’s  neighbor  N  atoms.^'^  Additional  evidence  that  an  N-H  stretching  mode  is  being 
observed  comes  from  the  isotopic  frequency  ratio  r  =  coh/cod  which  is  sensitive  to  the  atom  to 
which  the  hydrogen  is  attached.  For  the  vibrational  lines  observed  in  H-  and  D-  implanted  GaN, 


Fig  2.  The  intensities  of 
selected  absorption  lines  vs. 
annealing  temperature  for 
GaN  samples  that  were 
implanted  with  hydrogen  (a) 
and  deuterium  (b).  The 
frequency  of  the  band  for 
each  set  of  data  is  shown. 

The  frequencies  given  in 
parentheses  are  for  bands 
with  annealing  behavior  very 
similar  to  the  ones  shown. 
(Curves  are  shown  to  guide 
the  eye.) 


r  =  L344  (the  average  of  the  values  reported  in  Table  I)  which  is  very  close  to  the  ratio 
previously  reported  for  the  Mg-H  complex  in  GaN,  r  =  1 .346,^  where  the  H  is  believed  to  bonded 
to  N.  Further,  these  ratios  are  smaller  than  those  reported  previously  for  Ga-H  bonds  in  Id- 
implanted  GaAs  where  r  ss  1.39,'^  further  confirming  that  the  new  lines  observed  near  3100  cm  ’ 
in  GaN  can  be  associated  with  N-H  bonds. 

The  annealing  behavior  of  the  defects  we  have  observed  in  H-implanted  GaN  is  similar  to 
that  of  defects  seen  previously  in  H-containing  InP.  In  as-grown and  H-impIanted'^  InP 
there  is  a  strong  band  at  2316  cm  '  that  has  been  assigned  to  a  P-H  stretching  mode  of  a  Vin-H4 
complex.'''’'’’’'^  A  lower  frequency  band  at  2201  cm''  has  also  been  assigned  to  a  P-H  stretching 
mode  of  Additional  weak  lines  have  been  seen  between  these  frequencies. 

Ewels  et  have  calculated  the  frequencies  of  the  Vjn-Hn  complexes  and  have  proposed  that  the 
partial  dissociation  of  the  Vin-H4  complex  upon  annealing  leads  to  the  formation  of  Vin-Hn 
centers  with  fewer  H  atoms,  and  thus  lower  frequencies,  to  explain  the  presence  of  several  H- 
stretching  bands.  Similarly,  in  our  GaN  studies,  we  suggest  that  the  N-H  stretching  modes  we 
observe  belong  to  a  family  of  Vca-Hn  complexes.  We  therefore  tentatively  assign  the  highest 
frequency  band  at  3139.5  cm"'  to  a  Vca-Ht  complex.  The  evolution  of  the  spectrum  upon 
annealing  would  therefore  be  due  to  the  successive,  partial  dissociation  of  the  Vcu-Hn  centers  and 
thus  the  weaker  lines  at  lower  frequency  are  due  to  Vca-Hn  complexes  with  fewer  than  four  H 
atoms.  Further  support  for  such  a  scheme  comes  from  the  calculations  of  Van  de  Walle  who 
found  that  the  binding  energy  of  H  decreases  for  the  Vca-Hn  complexes  as  n  increases.^ 

This  assignment  of  the  hydrogen-stretching  bands  and  their  annealing  behavior  appears  not  to 
be  supported  by  our  results  for  the  GaN  samples  that  had  been  co-implanted  with  H  and  D 
because  additional  lines  due  to  centers  that  may  contain  both  hydrogen  isotopes  were  not 
observed.  Results  for  Vin-Hn  complexes  in  InP  provide  further  guidance  here.  In  a  previous 
study  of  H  and  D  implanted  InP,  similar  results  were  obtained  and  no  line  splittings  were 
observed,"’  even  though  the  line  observed  at  2316  cm  '  has  been  assigned  to  a  Vin-H4 
complex. It  was  found  later  that  in  samples  where  H  and  D  had  been  introduced  during 
growth  (which  gives  rise  to  much  sharper  linesi  the  2316  cm  '  band  was  split  into  a  triplet  by  the 
presence  of  both  H  and  D,  but  with  a  line  splitting  of  only  ~  0.5  cm  ',  too  small  to  have  been 
observed  in  the  implanted  samples.'*’  The  line  widths  in  our  proton  implanted  GaN  samples  are 
~  5  cm"'  which  would  also  prevent  the  ob.servation  of  such  small  line  splittings.  Thus,  if  the 
situation  in  GaN  is  similar  to  that  proposed  previously  for  InP,'**  the  lack  of  line  .splittings  upon 
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Fig.  3.  Vibrational  spectra 
measured  by  multiple 
internal  reflection  for  the 
polarization  parallel  to  the 
plane  of  the  sample  or  the 
perpendicular  polarization 
with  a  component  normal 
to  the  epitaxial  layer. 

Also  shown  for 
comparison  is  a  spectrum 
measured  with  the  light 
beam  (unpolarized)  at 
normal  incidence  to  the 
epitaxial  layer. 


the  coimplantation  of  H  and  D  in  our  experiments  on  GaN  does  not  rule  out  the  assignments  for 
the  H-stretching  bands  we  have  suggested  above. 

The  infrared  measurements  described  up  to  this  point  were  measured  with  the  probing 
light  normal  to  the  sample  where  the  polarization  of  the  light  must  be  in  the  plane  of  the  epitaxial 
layer  (i.e.,  the  a-b  plane  of  the  wurtzite  GaN).  Therefore,  vibrational  modes  that  might  have  their 
transition-dipole  moments  perpendicular  to  the  layer  (i.e.,  along  the  c-axis  for  GaN)  cannot  be 
excited.  To  investigate  the  possibility  that  there  might  be  a  preferential  alignment  of  the 
hydrogen- implantation-related  defects  in  the  wurtzite  lattice,  the  ends  of  the  sapphire  substrate 
were  beveled  at  45°  to  fabricate  a  multiple-internal-reflection  (MIR)  prism.  Spectra  measured 
for  normal  incidence  and  by  MIR  with  in-  and  out-of-  plane  polarizations  are  compared  in  Fig.  3. 
Although  the  MIR  geometry  increased  the  signal  to  noise  ratio  of  the  measurements,  no 
significant  difference  was  observed  between  the  different  polarizations.  This  result  suggests  that 
none  of  the  defects  introduced  by  the  proton  implantation  that  we  observe  by  vibrational 
spectroscopy  are  preferentially  aligned  along  the  c-axis  of  the  wurtzite  GaN  or  that  any  possible 
line  splittings  for  different  defect  orientations  are  too  small  to  be  resolved  in  our  experiments. 
Similarly,  Clerjaud  et  al  have  reported  that  for  Mg-H  complexes  in  p-type  GaN,  there  was  no 
difference  observed  for  spectra  measured  by  MIR  for  different  polarizations  of  the  exciting 
light.’ 

Photoluminescence  and  ODEPR 

Nominally  undoped  GaN  samples  have  been  examined  by  PL  and  ODEPR  before  and  after 
the  implantation  of  hydrogen.  The  as-grown  samples  show  the  strong  2.2  eV  yellow- 
luminescence  band  and  the  ODEPR  spectra  previously  attributed  to  the  dominant  donor  and  a 
deep  defect  that  are  seen  in  GaN  [Fig.  4(a)]. The  implantation  of  hydrogen  into  our  samples 
greatly  reduced  the  intensity  of  the  yellow  luminescence.  The  implantation  also  produced  a  near 
infrared  luminescence  band  centered  at  -0.95  eV,  very  similar  to  a  band  reported  previously  that 
is  produced  by  high-energy  electron  irradiation.^’^®’^®  The  near-infrared  PL  spectra  seen  for 
electron- irradiated  and  proton-implanted  samples  are  compared  in  Fig.  5. 


Fig  4.  PLODEPR  spectra  in  (a)  as-grown, 
undoped  GaN,  observed  in  the  2.2  eV  PL 
band  and  (b)  following  H-implantation 
observed  in  the  IR  PL  band 


Fig.  5.  PL  in  the  IR  for  (a)  an  electron-irradiated 
GaN  sample  (2.5  MeV,  1.5x10^^  e/cm^);  an 
undoped  GaN  sample  (b)  before  and  (c)  after  H- 
implantation;  and  (d)  an  additional  H-implanted 
sample. 


In  the  previous  results  for  electron-irradiated  samples  [Fig.  5(a)],  a  broad,  structureless  band 
ranging  from  -0.75  to  l.I  eV  with  its  peak  at  0.95  eV  was  observed.  A  sharply  structured 
band  to  the  low  energy  side  of  this  broad  band  was  also  produced.  Proton  implantation  also 
produced  the  broad  0.95  eV  band  (spectra  b-d).  In  one  proton-implanted  sample  (spectrum  d), 
the  sharply  structured  band  was  seen,  but  only  weakly;  in  other  samples  this  band  was  not 
observed. 

Electron- irradiated  GaN  shows  several  new  ODEPR  spectra  labeled  LE1-LE4  associated 
with  the  near-IR  luminescence.^  '”  Our  proton  implanted  samples  show  only  the  S  =  V2  spectrum 
LEI  [Fig  4(b)].  Spectrum  LE2,  associated  with  the  more  sharply  structured  luminescence  band, 
and  the  two  ODEPR  spectra  attributed  to  displaced  Ga  atoms  were  not  seen  in  our  proton- 
implanted  samples.  At  present,  the  defects  respon.sible  for  the  near-IR  photoluminescence  and 
associated  ODEPR  spectra  have  not  been  identified.  Nonetheless,  the  defects  created  by  proton 
implantation  give  similar  spectroscopic  signatures,  making  the  electron-irradiation  results  an 
interesting  baseline  with  which  to  compare  the  defects  that  result  from  ion  implantation. 

The  work  at  LU  was  supported  by  ONR  Grant  No.  NOOO 14-94- 1-01 17.  The  work  at  UF  was 
partially  supported  by  NSF  Grant  No.  DMR  9421 109. 
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ABSTRACT 

A  systematic  study  of  the  growth  and  doping  of  GaN,  AlGaN,  and  InGaN  by  both 
molecular  beam  epitaxy  (MBE)  and  metal-organic  vapor  phase  epitaxy  (MOVPE)  has  been 
performed.  Critical  differences  between  the  resulting  epitaxy  are  observed  in  the  p-type  doping 
using  magnesium  as  the  acceptor  species.  MBE  growth,  using  rf-plasma  sources  to  generate  the 
active  nitrogen  species  for  growth,  has  been  used  for  Ill-Nitride  compounds  doped  either  n-type 
with  silicon  or  p-type  with  magnesium.  Blue  and  violet  light  emitting  diode  (LED)  test 
structures  were  fabricated.  These  vertical  devices  required  a  relatively  high  forward  current  and 
exhibited  high  leakage  currents.  This  behavior  was  attributed  to  parallel  shorting  mechanisms 
along  the  dislocations  in  MBE  grown  layers.  For  comparison,  similar  devices  were  fabricated 
using  a  single  wafer  vertical  flow  MOVPE  reactor  and  ammonia  as  the  active  nitrogen  species. 
MOVPE  grown  blue  LEDs  exhibited  excellent  forward  device  characteristics  and  a  high  reverse 
breakdown  voltage.  We  feel  that  the  excess  hydrogen,  which  is  present  on  the  GaN  surface  due 
to  the  dissociation  of  ammonia  in  MOVPE,  acts  to  passivate  the  dislocations  and  eliminate 
parallel  shorting  for  vertical  device  structures.  These  findings  support  the  widespread 
acceptance  of  MOVPE,  rather  than  MBE,  as  the  epitaxial  growth  technique  of  choice  for  ni-V 
nitride  materials  used  in  vertical  transport  bipolar  devices  for  optoelectronic  applications. 

INTRODUCTION 

The  recent  development  of  Ill-V  Nitride  semiconductor  devices  for  optoelectronic 
applications  has  been  driven  by  improvements  in  the  epitaxial  growth  of  these  semiconductor 
materials.  Hetero structures  have  been  fabricated  across  a  range  of  AlN-GaN-InN  compositions 
with  bandgaps  ranging  from  6.2  eV  (ultraviolet)  to  1.9  eV  (red)  for  LED,  laser  diode,  and 
photodetector  applications  [1,2].  Heterostructure  epitaxy  has  traditionally  been  performed  using 
either  MBE  or  MOVPE  in  many  semiconductor  material  systems  [3,4];  however,  most  of  the 
recent  device  application  demonstrations  for  III-V  nitrides  have  used  MOVPE,  particularly  in  the 
commercially  driven  work  at  Nichia  Chemical  and  Cree  Research  [5,6].  MBE  growth  for 
optoelectronic  device  applications  has  lagged  behind.  Initially,  this  was  attributed  to  the 
unavailability  of  an  appropriate  source  of  active  nitrogen  species  for  MBE  [1].  Through  the 
development  of  nitrogen  rf  plasma  sources  for  MBE,  the  quality  of  the  resulting  epitaxial  layers 
has  improved  [7,8,9,10].  Despite  these  advances,  demonstration  of  high  quality  vertical  devices 
such  as  laser  diodes  or  high  brightness  LEDs  grown  by  MBE  has  not  occurred  [8,1 1]. 

In  this  work,  we  compare  the  growth  of  III-V  nitride  materials  by  MBE  and  MOVPE  in 
order  to  examine  the  fundamental  differences  in  the  epitaxial  growth  and  the  influence  on 
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resulting  devices.  We  have  studied  three  areas  of  critical  importance  for  light  emitting  devices. 
First  is  the  difference  in  the  epilayer  growth  morphology;  second  is  the  doping  of  GaN  with 
magnesium  for  p-type  conductivity;  and  finally,  the  deposition  of  InGaN  quantum  wells  with 
compositions  in  the  visible  emission  range.  This  comparison  provides  a  twofold  benefit  of 
identifying  critical  areas  for  further  exploration  in  crystal  growth  and  deepening  the 
understanding  of  the  underlying  physical  processes  at  work  in  successful  epitaxial  deposition. 

EXPERIMENTAL  PROCEDURE 

MOVPE  growth  was  performed  in  a  vertical  flow  rotating  wafer  (up  to  2000  rpm)  system 
designed  and  built  at  NCSU.  A  radiatively  heated  substrate  mount,  of  original  high  reliability 
design,  can  achieve  temperatures  up  to  1200°C,  as  measured  by  an  optical  pyrometer.  50-mm 
diameter  sapphire  wafers  were  used  as  the  base  substrate  with  a  typical  low  temperature  GaN 
nucleation  layer.  Trimcthylgallium  (TMGa),  trimethylaluminum  (TMAl),  trimethylindium 
(TMI)  and  ammonia  were  used  as  precursors  with  nitrogen  and  hydrogen  carrier  gases  at  a 
reactor  pressure  of  76  Torr.  Silane  and  bis(cyclopcntadienyl)  magnesium  were  used  as  dopant 
sources.  Growth  temperatures  for  GaN  ranged  from  1060°C  to  1 130°C.  The  conditions  resulted 
in  2D  epitaxial  growth  at  rates  of  1-2  pm/hr.  InGaN  growth  was  conducted  in  a  manner  similar 
to  Yoshimoto  at  temperatures  from  725°C  to  800°C  [12J. 

MBE  growth  was  performed  in  an  EPI  Model  930  system  using  elemental  group  III  and 
dopant  sources.  Rf  plasma  sources  were  used  to  generate  the  active  nitrogen  species.  Pre¬ 
nucleated  GaN/SiC  substrates  were  used  for  the  MBE  deposition.  Growth  temperatures  ranged 
from  750  C  to  900'’C  for  GaN  and  670°C  to  700°C  for  InGaN  resulting  in  growth  rates  of  0.4-2 
pm/hr,  A  modulated  beam  technique  was  used  to  grow  InGaN  as  previously  described  [11]. 

The  MOVPE  and  MBE  were  connected  as  a  multichamber  UHV  cluster  tool.  This 
allows  for  the  growth  of  sophisticated  heterostructures  with  specific  layers  grown  in  either  the 
MBE  or  MOVPE  system  where  applicable.  Characterization  of  epitaxial  layers  included: 
scanning  electron  microscopy  using  a  JEOL  JSM6400  SEM,  photoluminescence  (PL)  using  a  12 
mW  He-Cd  laser  source,  and  Nomarski  microscopy  using  an  Olympus  BX60  microscope  and 
image  capture  system.  Vertical  cross  section  samples  were  studied  in  a  Topcon  002B 
Transmission  Electron  Microscope  (TEM)  with  g=(l  100)  at  200  kV. 

LED  samples  were  prepared  following  standard  lithography  techniques  and  using  Ni/Au 
and  Ti/Al  as  p-type  and  n-type  contact  metals,  respectively. 

RESULTS  AND  DISCUSSION 

Epitaxial  Laver  Surface  Morphology  and  Magnesium  Doping 

The  surface  morphology  of  epitaxially  grown  GaN  exhibits  an  obvious  difference 
between  MOVPE  and  MBE  deposited  material.  As  shown  in  the  SEM  micrograph  in  Figure  la, 
undoped  or  n-type  doped  MBE  grown  GaN  exhibits  a  “wormy”  structure.  This  surface  structure 
has  been  previously  reported  and  the  degree  of  texture  can  be  minimized,  although  not 
eliminated,  through  changes  in  the  nitrogen  plasma  source  operating  conditions  [8,9,10,13,14]. 
The  MOeVD  grown  undoped  material  is  smooth  and  uniform  as  shown  in  Figure  lb. 

Magnesium  was  used  as  a  p-type  dopant  for  both  MBE  and  MOVPE  grown  of  GaN.  For 
MOVPE  growth,  the  surface  of  p-type  material  is  smooth  and  featureless.  However,  in  MBE 
growth,  there  is  a  dramatic  change  in  surface  texture  with  the  evolution  of  a  faceted  surface  with 
increasing  magnesium  flux  as  shown  in  Figures  Ic  and  Id.  Cross  sectional  TEM  studies 
revealed  the  facet  morphology  to  be  related  to  the  pre-existing  dislocation  structure  [4]. 


Figure  1:  Scanning  Electron  Micrographs  of  as  Grown  Surfaces:  a.)  Undoped  GaN  by 
MBE;  b.)  Undoped  GaN  by  MOVPE;  c.)  Magnesium  Doped  GaN  by  MBE;  and 
d.)  Magnesium  Doped  GaN  by  MOVPE. 


The  spacing  of  the  contrast  features  in  the  plan  view  SEM  image  of  this  surface  is 
consistent  with  a  dislocation  density  of  10*-10‘°cm'l  We  feel  that  this  segregation  is  related  to 
the  nature  of  doping  in  the  MBE  environment  from  a  source  that  is  at  a  lower  temperature 
(300°C)  than  the  substrate  (TSO'C).  Based  on  normalized  flux  measurements,  we  estimate  the 
sticking  coefficient  of  magnesium  to  be  almost  two  orders  of  magnitude  less  than  that  of  the 
gallium.  As  previously  reported,  a  further  increase  in  the  magnesium  flux  beyond  a  maximum 
level  results  in  a  reduction  in  magnesium  incorporation,  a  transformation  in  the  growth 
morphology  observed  by  RHEED  to  2D,  and  n-type  conductivity  behavior  [16]. 

Hydrogen  plays  an  important  role  in  the  p-type  doping  of  GaN  grown  by  MOVPE.  The 
formation  of  a  Mg-H  complex,  with  a  characteristic  blue  PL,  during  subsequent  activation 
annealing  is  thought  to  be  the  acceptor  species  responsible  for  p-type  doping  [15].  Ammonia  and 
carrier  gasses  are  the  source  of  hydrogen  to  the  MOVPE  process  in  a  viscous  flow  pressure 
regime.  Although  the  presence  of  hydrogen  in  the  molecular  flow  pressure  regime  of  MBE  may 
have  some  influence  on  the  surface  morphology  of  undoped  GaN  layers,  addition  of  hydrogen  to 
the  nitrogen  plasma  does  not  provide  a  similar  effect  in  the  magnesium  doping  MBE  grown  GaN 
[16,  17].  A  conversion  in  the  PL  spectrum  to  the  characteristic  blue  has  not  been  observed 
following  post-growth  annealing  of  MBE  deposited  magnesium  doped  material. 

Though  these  phenomenon  are  still  not  well  understood,  there  is  a  clear  difference 
between  both  the  incorporation  and  activation  of  magnesium  doped  GaN  grown  by  MOVPE  as 
compared  with  MBE.  Magnesium  doping  by  MBE  results  in  a  featured  surface  which  would 
have  a  negative  impact  on  optoelectronic  devices  grown  by  this  technique. 


InGaN  Growth 


The  growth  of  InGaN  layer,  which  have  a  high  equilibrium  vapor  pressure  of  nitrogen, 
points  to  another  significant  difference  between  MBE  and  MOVPE  growth.  In  MBE,  the  active 
species  of  nitrogen  participating  in  epitaxial  growth  are  atomic  nitrogen  and  excited  molecules, 
which  are  generated  and  injected  from  a  plasma  source.  As  a  result,  the  dissociation  pathways 
for  nitrogen  from  the  InGaN  alloy  can  play  a  dominant  role  and  special  techniques  of  modulated 
beam  growth  have  been  employed  to  stabilize  the  growing  surface  and  limit  the  precipitation  of 
metal  droplets  [11].  This  method  results  in  a  layered  InGaN/GaN  structure  as  shown  in  the  TEM 
image  of  Figure  2.  The  defect  structure  replicates  the  defects  that  are  present  in  the  underlying 
substrate,  with  dislocations  bridging  the  InGaN  layered  structure.  This  InGaN  multiple  quantum 
well  test  structure  was  grown  to  a  50%  indium  composition,  and  emits  the  green  PL  spectrum 
shown  in  Figure  2b.  To  our  knowledge,  this  is  the  highest  reported  mole  fraction  of  optical 
quality  InGaN  grown  by  MBE. 


Figure  2:  MBE  Grown  InGaN  MQW  Structure  a.)  Cross  Sectional  TEM  Image  (200  kV) 
and  b.)  Room  Temperature  PL  Spectrum 


In  MOVPE,  ammonia  is  thermally  dissociated  during  growth  and  is  the  source  of  active 
nitrogen.  While  a  ratio  of  TMI  to  TMGa  of  10  is  necessary  to  achieve  the  desired  InGaN  alloy 
compositions,  it  is  possible  to  directly  deposit  high  quality  InGaN  by  MOVPE  [12].  Using  these 
methods,  blue  and  green  LED’s  have  been  commercially  produced  by  MOVPE  [5]. 

The  use  of  ammonia  as  the  source  for  active  nitrogen  plays  another  important  role  by 
providing  hydrogen  to  the  MOVPE  process.  Hydrogen  appears  to  passivate  the  threading 
dislocations  during  MOVPE  growth  and  render  them  electrically  neutral.  Adding  hydrogen  to 
the  nitrogen  plasma  does  not  appear  to  produce  a  similar  beneficial  effect  in  MBE  [16]. 

InGaN  Quantum  Well  Light  Emitting  Diodes 

LED  test  structures  were  fabricated  from  MOVPE  and  MBE  grown  material.  Test 
structures  were  single  quantum  well  devices  with  similar  doping  levels  and  compositions.  As 
shown  in  Figure  3a  and  3b,  InGaN  alloys  that  emit  light  in  the  blue  and  violet  region  of  the 
spectrum  have  been  grown.  Note  the  two  orders  of  magnitude  difference  in  forward  current  for 


luminescence  to  be  the  clearly  visible  in  room  light,  from  50mA  for  the  MBE  grown  structure 
down  to  only  0.5  mA  for  the  MOVPE  grown  material.  Higher  current  is  consistent  with  the 
presence  of  parallel  conduction  pathways  shorting  across  the  MBE  grown  LED  structure. 

Another  significant  difference  between  MBE  and  MOVPE  grown  LEDs  is  the  typical 
current-voltage  (I-V)  characteristics  shown  in  Figures  3c  and  3d.  MBE  grown  diodes  exhibit  a 
rather  low  reverse  breakdown  voltage.  The  IV  characteristics  for  the  MBE  grown  diode  are  as 
would  be  expected  for  a  diode  with  shorting  pathways  parallel  to  the  diode  junction.  We  feel  this 
to  be  the  critical  difference  limiting  MBE  grown  vertical  device  structures.  While  high  quality 
InGaN  can  be  deposited  by  MBE,  the  pre-existing  dislocations,  ranging  in  density  of  lO^-lO^^cm' 
are  replicated  and  act  as  parallel  shorting  pathways  in  MBE  grown  device  structures.  This  is 
exactly  the  behavior  expected  in  a  traditional  semiconductor,  such  as  GaAs,  possessing  a  high 
dislocation  density.  Fortunately,  in  the  MOVPE  growth  environment,  dislocations  are  rendered 
electrically  neutral,  perhaps  due  to  the  presence  of  hydrogen  from  the  dissociated  anunonia.  As 
a  result,  diode  structures  which  are  free  of  parallel  conduction  pathways  can  be  grown  by 
MOVPE  and  the  fabrication  of  vertical  device  structures  is  possible,  even  with  dislocation 
densities  as  high  as  10^-10^®  cm'^. 


Figure  3:  Spectrum  for  InGaN  quantum  well  LEDs  grown  by  a.)  MBE  and  b.)  MOVPE. 
I-V  curve  trace  for  LEDs  grown  by  c.)  MBE  and  d.)  MOVPE.  Note  the  substantially  lower 
forward  current  and  reduced  breakdown  voltage  for  the  MOVPE  grown  LEDs. 


CONCLUSIONS 


We  have  compared  the  growth  of  III-V  nitride  materials  by  MBE  and  MOVPE.  Critical 
differences  exist  in  the  p-type  doped  GaN  material.  A  textured  surface  evolves  for  MBE  grown 
GaN:Mg,  which  may  be  related  to  the  pre-existing  dislocation  density  of  the  material  coupled 
with  difficulties  in  depositing  magnesium  with  its  high  vapor  pressure  at  this  growth 
temperature.  Although  InGaN  can  be  grown  by  either  method  with  a  bandgap  tailored  to  emit 
light  in  the  visible  range  of  interest  for  devices,  the  presence  of  a  high  density  of  shorting 
dislocations  across  the  diodes  limits  InGaN  QW  LEDs  grown  by  MBE.  This  is  the  significant 
factor  limiting  MBE  growth  and  allowing  the  successful  implementation  of  MOVPE  for  III-V 
nitride  optoelectronic  applications. 
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Abstract 

We  have  estimated  the  characteristic  temperature  Tq  of  GaN-based  vertical-cavity  surface- 
emitting  lasers.  The  density  matrix  theory  including  intraband  relaxation  broadening  has  been  taken 
into  account.  The  estimated  Tq  is  about  300  K,  which  suggests  a  good  temperature  characteristic  in 
GaN-based  lasers. 

Introduction 

Gallium  nitride  (GaN)  and  related  compounds  have  large  bandgap  energies  and  are 
attractive  for  light-emitting  devices  operating  in  blue  to  ultraviolet  spectral  regions  [1,2].  Recently, 
room  temperature  pulsed  operation  of  GaN-based  laser  diodes  (LDs)  has  been  reported  [3].  In  these 
reports,  it  was  shown  that  the  introduction  of  a  quantum  well  (QW)  structure  as  an  active  layer  is 
very  effective  for  realizing  the  GaN-based  laser.  The  characteristic  temperature  of  lasers  is  one  of 
the  important  parameters  for  applications  such  as  to  optical  memories,  from  the  viewpoint  of  high- 
temperature  operation.  A  less  sensitive  temperature  is  preferable  for  wide-ranging  applications.  In 
this  paper,  we  report  the  estimation  of  temperature  sensitivity  for  a  GaN-based  laser  with  a  quantum 
well  structure  as  the  active  layer. 

The  internal  quantum  efficiency  of  GaN  QW  layers  is  one  of  the  important  issues  in  terms 
of  low  power  consumption  and  operation  reliability.  In  the  first  step,  carrier  confinement  in  a  GaN 
QW  layer  is  estimated. 
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Carrier  Confinement  Ratio 

We  have  assumed  the  equilibrium  condition  in  a  single  QW  structure  and  defined  the 
confinement  ratio  as  a  function  of  the  density  of  states,  as  shown  in  the  following  equation. 


K<mf  -  ' 


(1) 


Where,  R,„nf,  N2n)and  are  the  confinement  ratio,  number  of  carrier  in  a  QW  layer  and  barrier 
layers,  respectively.  In  this  estimation,  we  have  assumed  a  quantum  well  with  a  finite  offset.  The 
density  of  states  in  the  single  QW  layer  (2-dimcnsional),  g^pCE)  and  the  barrier  layer  (3- 
dimensional),  g.^pCE)  can  respectively  be  written  as  [4] 
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(2) 
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The  total  carrier  concentration,  N,,,,  in  the  QW  and  barriers  is  expressed  as 


(4) 


Where,  f(E,Ef)  is  Fermi  distribution  function.  From  eqs.  (1)  -  (4),  we  can  derive  the  equation  of  the 
carrier  confinement  ratio. 

The  confinement  ratio  of  the  GaN/AlGaN  QW  structure  as  a  function  of  the  injected  carrier 
density  is  shown  in  Fig.  1.  We  also  show  that  of  the  GaAs/AlGaAs  QW  for  comparison.  We 
assumed  that  the  band  offset  ratios  of  AEc/AEv  are  0.71/0.29  [5,6]  for  GaN/AlGaN  QWs  and 
0.65/0.35  [7]  for  GaA.s/AlGaAs  QWs.  In  the  case  of  GaN-based  VCSELs,  an  injected  carrier 
density  higher  than  5  x  lO'**  cm'^  is  roughly  required  for  laser  operation.  A  high  confinement  ratio  is 
required  at  high  carrier  densities  for  laser  device  application.  If  we  adopt  an  AlGaN  layer  with  an 
aluminum  composition  higher  than  10%  as  the  barrier  layer,  the  confinement  ratio  is  almost  unity, 
which  means  that  all  injected  carriers  are  confined  to  the  QW  layer.  In  this  case,  we  can  regard  the 
QW  layer  as  an  infinite  potential  well. 


Optical  Gain 

The  optical  gain  of  GaN  QW  layers 

is  an  important  parameter  in  the  estimation 

of  the  threshold  current  density.  The  -B 

estimation  of  the  linear  gain  for  GaN  QWs  DC 

is  carried  out  using  the  density-matrix  c 

theory  with  intraband  relaxation  broadening  E 

0 

[8-10].  This  model  is  already  established  for  _c 
GaAs-based  and  InP-based  semiconductor  g 
lasers,  and  the  calculated  results  show  good  ^ 
agreements  with  those  of  experiments.  We 
assumed  the  square  of  the  dipole  moment, 
<R^h^>  to  be  a  function  of  bandgap  energy 
and  GaN  quantum  wells  to  have  an  infinite 
potential  barrier.  The  parameters  used  in  this 
estimation  are  summarized  in  Table  1.  The 
linear  gain  is  given  by  [9] 


Injected  Carrier  Density  (cm’^) 


Fig.  1  Confinement  ratio  as  a  function  of  injected 
carrier  density. 
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CO  denotes  the  angular  frequency,  p  is  the  magnetic  permeability,  8  is  the  dielectric  constant,  n  is  the 
refractive  index  of  the  active  layer.  The  Fermi-Dirac  distribution  in  the  conduction  band  f/E)  and 
valence  band  f,,(E)  are  assumed,  and  Xjn  is  the  intraband  relaxation  time.  and  denote  sub-band 
energy  and  total  energy  of  electron  in  quantized  level,  respectively 


Characteristic  Temperature 

The  maximum  gain  is  plotted  as  a  function  of  the  injected  carrier  density  in  Fig.  2.  At  present,  the 
intraband  relaxation  time  of  a  GaN  system  has  not  yet  been  reported.  Therefore,  we  assumed  that 
the  relaxation  time  is  0.1  ps,  which  is  normally  used  in  the  case  of  estimation  for  GaAs-based 
laser  [8].  In  InGaN  QWs  Lasers,  it  is  reported  that  is  0.05  ps  [10].  Now,  we  assumed  is 
independent  on  temperature,  its  affection  for  the  temperature  dependence  of  threshold  current  is 
negligible.  We  also  assumed  that  the  bandgap  energy  of  GaN  and  the  change  of  the  optical  cavity 
length  have  a  negligible  dependence  on  temperature,  taking  into  consideration  the  small  change 


Table  I  Material  parameters  used  in  the  estimation. 


Materials 

Bandgap  energy 

Effective  mass,  m^. 

Effective  mass,  m, 

Reflective 

index 

GaN 

3.4  eV 

0.2m, 1 

0.8m„ 

2.8 

Alo.|Gau9N 

3.7  eV 

- 

- 

- 

(a)  GaN-based 


Carrier  Density  (x  10'’^  crrr^) 


Fig.  2  Maximum  gain  dependence  on  injected 
GaN  and  GaAs,  respectively. 


(b)  GaAs-based 


Carrier  Density  (x  10''^  cm-3) 


density.  Active  layers  of  (a)  and  (b)  are 


of  temperature  near  300  K  is  considered.  The  blue/ultraviolet  vertical-cavity  surface-emitting  lasers 
(VeSELs)  are  candidates  for  use  in  optical  imaging  systems  such  as  high-density  optical  memories 
and  photolithography  because  these  lasers  have  advantages  in  the  fabrication  of  two-dimensional 
array  structures,  as  well  as  low  power  consumption  fl  1].  The  structure  shown  in  Fig.  3  is  considered 
for  our  estimation  of  the  threshold  current  density.  We  did  not  consider  a  change  of  the  optical 
cavity  length  to  be  a  function  of  the  temperature,  which  indicates  that  the  threshold  current  density 
of  GaN  is  higher  than  that  of  GaAs.  However,  the  temperature  sensitivity  of  a  transparent  carrier 
density  on  GaN  QWs  is  almost  the  same  as  in  the  case  of  GaAs  QWs.  Although  the  required 
threshold  current  density  is  still  high,  the  characteristic  temperature  T,,  of  GaN-based  VCSELs  is 
expected  to  be  ~  300  K  as  shown  in  Fig.  4.  It  has  been  reported  that  the  temperature  sensitivities  of 
stripe-type  InGaN  QW  lasers  are  about  170  [12]  and  320  K  [13].  The  ideal  characteristic 
temperature  of  GaN  QWs  is  comparable  to  that  of  GaAs  QWs.  The  estimation  shows  that  the  GaN- 
based  VeSEL  has  good  operation  reliability  for  application  to  systems. 


Fig.  3  VCSEL  Structure  used  in  this  study. 


Temperature  (°C) 

Fig.  4  Threshold  current  density  dependence 
on  temperature. 


It  has  been  reported  that  the  ideal  characteristic  temperature  of  GaAs  QWs  is  about  330  K 
[14],  which  is  compatible  with  our  estimation  using  the  same  method  as  that  for  GaN  QWs.  On  the 
other  hand,  the  experimental  characteristic  temperature  of  GaAs  is  lower  than  the  estimated  one. 
The  estimated  high  To  in  GaN  LDs  might  be  due  to  the  suppress  a  carrier  leakage  over 
heterobarriers  [14],  or  the  automatic  introduction  of  a  low  dimensional  structure  like  as  a  localized 
state  in  an  active  layer  [13]. 

Summary 

In  summary,  we  have  estimated  the  threshold  current  density  of  GaN-based  VCSELs  using 
QW  layers  as  an  active  layer  and  the  characteristic  temperature  Tq  of  GaN-based  lasers.  However,  a 
high-injected  carrier  density  is  required  for  the  laser  operation  to  achieve  the  estimated  sensitivity  of 
about  300  K,  which  suggests  the  possibility  of  a  high-temperature  operation  of  GaN-based 
VCSELs. 
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ABSTRACT 

We  perform  parametrized  density-functional  calculations  to  predict  the  stability  and  formation 
mechanism  of  GaN  nanotubes.  Strain  energies  of  GaN  nanotubes  are  comparable  to  those  of 
carbon  nanotubes,  suggesting  the  possibility  for  the  formation  of  GaN  nanotubes.  We  note  that 
an  intermediate  phase  with  [4,6,10]  polygons  exist  at  armchair  tube  edge,  which  may  play  as  a 
nucleation  seed  of  further  tube  growth. 

INTRODUCTION 

Carbon  nanotubes  (C-nTs)  have  been  synthesized  during  the  formation  of  fullerenes  using  arc 
discharge  of  graphite  rods  [1].  Recently  single- wall  carbon  nanotubes  have  been  produced  with 
high  yields  by  the  laser  vaporization  of  graphite  powders  mixed  with  small  amount  of  transition 
metals  [2-4].  Since  then,  researchers  on  carbon  nanotubes  have  been  activated.  The  physical 
properties  of  carbon  nanotubes  as  denoted  (n,m)  are  correlated  with  their  diverse  phases. 
Armchair  (n,n)  carbon  nanotubes  are  metallic  [5,6],  while  zigzag  (n,0)  C-nTs  are  semiconductors 
with  a  finite  band  gap  except  the  case  of  n  -  m  =  3k  {k:  integer)  which  is  a  small  band  gap 
semiconductor  [7].  Band  gap  can  be  controlled  by  varying  the  diameter,  thus  allowing  band  gap 
engineering  [5,  8].  Strong  electron  field  emission  from  C-nTs  have  been  observed,  suggesting  the 
applicability  to  flat  panel  displays  [9,  10].  Despite  such  efforts,  applications  of  C-nTs  to  memory 
devices  and  quantum  transport  devices  are  still  challenging. 

With  an  advent  of  epitaxial  growth  techniques  for  GaN,  efficient  blue  light-emitting  diodes 
have  been  realized,  promising  its  application  to  full  color  display  [11].  Although  lUxGaj.xN  has 
been  tried  for  band  gap  engineering  by  varying  In  composition,  it  is  still  difficult  to  grow  and 
control  high  In  composition  due  to  the  strain  between  InGaN  and  substrate  [12].  Therefore,  a 
new  form  of  GaN  structure  is  always  desirable  if  possible. 

In  this  report,  we  propose  a  new  phase  of  GaN,  a  nanotube  (nT),  using  parametrized  density 
functional  (DF)  calculations.  We  will  show  that  GaN  nTs  are  as  stable  as  carbon  nTs  and  can  be 
synthesized  under  some  extreme  conditions.  Pure  boron-nitride  and  boron-carbon- nitride  nTs 
have  been  successfully  produced  by  arc  discharge  [13,  14].  The  existence  of  BN-nTs  suggests 
the  possibility  of  other  nitride  nT  synthesis  such  as  CN  and  GaN.  The  present  calculations  show 
that  the  strain  energies,  the  energy  costs  to  wrap  up  graphitic  GaN  sheets  into  nTs,  are 
comparable  with  those  of  carbon  nTs,  ensuring  again  the  possibility  of  GaN  nT  formation.  Yet, 
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the  initial  nucleation  seeds  for  GaN  nT  formation  will  play  a  crucial  role  for  growth.  We  find  that 
an  intermediate  phase  which  is  composed  of  [4,6,10]  polygons  may  play  as  a  nucleation  seed 
during  the  growth. 

THEORETICAL  APPROACHES 

We  adopt  in  this  work  self-consistent  charge  density-functional-based  tight-binding  (SCC- 
DFTB)  approach.  The  SCC-DFTB  method  uses  a  basis  of  numerically  obtained  s,  p,  and  d 
atomic  orbitals.  Hamiltonian  overlap  matrix  elements  are  evaluated  by  two-center  approach. 
Charge  transfer  is  taken  into  account  through  the  incorporation  of  a  self-consistency  scheme  for 
Mulliken  charges  based  on  the  second-order  expansion  of  the  Kohn-Sham  energy  in  terms  of 
charge  density  fluctuations.  The  diagonal  elements  of  the  Hamiltonian  matrix  employed  arc  then 
modified  by  the  charge-dependent  contributions  in  order  to  describe  the  change  in  the  atomic 
potentials  due  to  the  charge  transfer.  The  off-diagonal  elements  have  additional  charge- 
dependent  terms  due  to  the  Coulomb  potential  of  ions.  They  decay  as  1/r  and  thus  account  for  the 
Madelung  energy  of  the  system.  Further  details  of  the  SCC-DFTB  method  have  been  published 
elsewhere  [15]. 

RESULTS  AND  DISCUSSION 

Various  GaN  crystal  phases  exist  under  different  experimental  growth  conditions  [12].  The 
Wurtzite  phase  is  the  thermodynamically  stable  structure  at  ambient  conditions,  whereas  the 
zincblende  (ZB)  phase  can  be  stabilized  on  various  cubic  substrates  [16,  17].  We  first  calculate 
the  total  binding  energies  of  ZB  and  graphitic  phases  of  GaN  using  SCC-DFTB  method  in  order 
to  study  the  relative  stabilities.  We  choose  a  cubic  supercell  of  216  atoms  for  ZB  GaN  and  200 
atoms  for  the  graphitic  sheet.  Periodic  boundary  conditions  are  applied  along  the  >•-,  and  z- 
directions.  For  the  graphitic  phase,  a  large  vacuum  region  between  graphitic  sheets  is  included. 
Figure  1  shows  total  binding-energy  curves  obtained  by  the  SCC-DFTB  calculations.  The 
binding  energy  of  the  ZB  GaN  is  -5.91  eV/atom  with  the  nearest  neighbor  distance  of  1 .950  A,  or 
equivalently  the  cubic  lattice  constant  of  4.503  A.  The  calculated  bulk  modulus  is  195  GPa,  in 
good  agreement  with  the  reported  local-density-approximation  results  [18].  A  considerable 
amount  of  electron  charge  (0.56  e)  is  tran.sferred  from  Ga  atom  to  N  atom,  resulting  in  an  ionic 
bonding  nature.  The  binding  energy  of  the  graphitic  GaN  is  -5.55  eV/atom  with  the  nearest 
neighbor  distance  of  1.775  A,  smaller  than  that  of  the  ZB  GaN.  This  difference  in  the  binding 
energy  suggests  the  graphitic  GaN  to  be  energetically  unfavorable  over  the  ZB  or  the  wurtzite 
GaN.  Yet  this  small  magnitude  of  the  energy  difference  opens  the  possibility  of  forming 
graphitic  sheets  as  a  metastable  phase. 

We  next  calculate  the  strain  energy  per  atom  required  in  order  to  wrap  up  a  graphitic  sheet  into 
a  tube.  Periodic  boundary  conditions  are  applied  with  vacuum  regions  (10  A)  between  tubes. 
Strain  energies  decrease  with  increasing  the  tube  diameter  as  expected  (Fig.  2).  We  note  that 
strain  energies  of  GaN  nanotubes  are  relatively  insensitive  to  the  detailed  structures,  in  good 
contrast  with  the  fact  that  armchair  carbon  nTs  are  more  stable  than  zigzag  carbon  nTs  [8].  The 
transferred  charges  are  localized  in  p.  orbitals  of  N  sites  [19].  The  circumferential  N-N  distances 
in  GaN  armchair  and  zigzag  nTs  are  2.66  and  3.07  A,  respectively,  much  larger  than  the  C-C 
distances  in  C-nTs  (1.42  and  1.23  A).  This  gives  relatively  less  rehybridization  and  less  bond¬ 
bending,  making  the  strain  energies  in  GaN  nTs  insensitive  to  the  detailed  structures  of  tubes. 
Both  C-nTs  and  GaN  nTs  follow  classical  elasticity  theory  stating  that  the  strain  energy  is 
proportional  to  the  inverse  square  of  the  tube  diameter.  The  fact  that  the  strain  energies  of  GaN 
nTs  are  comparable  to  those  of  C-nTs  ensures  a  possibility  for  the  synthesis  of  GaN  nTs. 


Figure  1.  Total  energy  curves  of  cubic  and  graphitic  GaNs  as  a  function  of  nearest 
neighbor  distance,  calculated  by  SCC-DFTB  method.  The  equilibrium  distance  is 
1.95  A  for  zincblende  and  1.775  A  in  graphitic  sheet.  The  curves  are  fitted  by  the 
cubic-spline  method. 


Figure  2.  Strain  energies  as  a  function  of  diameter  for  armchair  and  zigzag  GaN 
nanotubes.  The  strain  energies  of  carbon  nanotubes  are  also  shown  for 
comparison  [8].  The  curves  are  fitted  by  the  least-square  method. 


The  stability  and  long  tube  formation  strongly  depend  on  the  edge  structures.  For  armchair 
tubes,  the  Ga-N  pairs  are  formed,  as  shown  in  Fig.  3(a).  For  the  edge  energy  calculations  we 
choose  (5,5)  nanotube  with  a  vacuum  region  of  10  A.  Both  open  edges  with  three  more  layers 
from  the  edges  are  fully  relaxed  by  the  steepest  decent  relaxation  scheme.  The  edge  Ga-N  pairs 
are  stabilized  by  forming  asymmetric  dimers  with  a  dimer  bond  length  of  1 .58  A,  shorter  than  the 
surface  bond  length  of  1 .78  A,  and  an  asymmetry  of  0.23  A.  The  N  atoms  where  charges  arc 
accumulated,  form  up-atoms  and  occupied  states.  This  buckling  is  similar  to  that  of  asymmetric 
dimerizations  on  Si(lOO)  surfaces  (20j.  For  zigzag  tubes  we  choose  (9,0)  nanotube  which  has 
similar  diameter  to  (5,5)  nanotubes.  Zigzag  edge  has  either  Ga-terminated  or  N-terminated 
edges.  The  Ga-terminated  and  the  N-terminated  edges  on  both  sides  of  the  edges  arc  chosen  in 
order  to  keep  the  stoicheometry  in  the  calculations.  The  edges  a.e  then  fully  relaxed  similarly  to 
the  armchair  tubes.  The  Ga-terminated  surface  .states  are  degenerate  at  Fermi  level.  Full 
relaxation  of  this  edge  results  in  symmetry-breaking  and  two  Ga-N  pairs  are  formed,  as  shown  in 
Fig.  3(b).  The  N-terminated  edges  arc  stable  with  shorter  bond  lengths  of  1 .69  A,  compared  with 
a  surface  bond  of  1.78  A  (Fig.  3(c)).  The  edge  energy  of  armchair  and  zigzag  tube  is  2.82  and 
4.32  eV/Ga-N  pair,  respectively,  suggesting  that  the  armchair  edge  is  more  stable  than  the  zigzag 
edge. 
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Figure  3.  Atomic  geometries  of  GaN  nanotubc  edges  for  (a)  armchair  edge,  (b)  Ga- 
terminated  zigzag  edge  and  (c)  N-terminated  zigzag  edges.  Lighter  and  darker  atoms 
represent  Ga  and  N  respectively.  The  values  in  parenthesis  is  the  asymmetry.  All  units 
are  in  A. 


We  find  an  intermediate  phase  of  armchair  edges  which  is  formed  during  the  molecular 
dynamics  simulations  at  high  temperature  [19],  as  shown  in  Fig.  4.  Instead  of  forming  buckling 
at  armchair  edge,  the  edges  form  [4,6,10]  polygons  where  the  Ga-N  bonds  at  edges  are  1 .69  and 
1.88  A  at  hexagon  and  square  edges,  respectively.  Weak  bonds  are  formed  with  bond  lengths  of 
1.99  A  between  the  edge  atoms  and  the  second  layer  atoms.  These  weak  bonds  play  an  important 
role  in  the  fragmentation  process  [19].  The  energy  difference  from  fully  relaxed  (5,5)  nanotubc  is 
0.37  eV  per  GaN  edge  pair.  This  intermediate  phase  is  in  fact  similar  to  that  of  BN  nanotubc 
edges  [21].  Depositing  Ga-N  pair  to  the  square  at  edge  will  generate  a  complete  hexagon, 
suggesting  that  [4,6,10]  polygons  may  play  as  a  nucleation  seed  during  the  growth  of  the  GaN 
nanotubes. 


Figure  4.  (a)  Top  and  (b)  side  views  of  an  intermediate  phase  of  (5,5)  GaN  nanotube. 

Brighter  and  darker  atoms  represent  Ga  and  N  atoms,  respectively.  All  units  are  in  A. 

Stability  of  the  edge  can  also  be  examined  by  the  frustration  energy,  i.e.,  the  energy  required 
to  have  a  bond-switching  at  the  edge.  With  a  single  bond-switching  at  armchair  tube  edge,  one 
N-N  and  one  Ga-Ga  bonds  are  generated,  as  shown  in  Fig.  5.  The  N-N  bond  is  stable  with  a  bond 
length  of  1.45  A,  whereas  the  Ga-Ga  bond  is  repulsive.  This  is  understandable  due  to  the  charge 
transfers  from  Ga  atom  to  N  atom,  resulting  in  less  screening  for  Ga  ion-ion  repulsive 
interactions.  The  energy  increased  by  1.58  eV.  The  frustration  at  Ga-terminated  edge  creates  one 
N-N  bond  and  two  Ga-Ga  bonds,  requiring  an  extra  energy  cost  of  3.22  eV.  On  the  other  hand, 
the  frustration  at  N-terminated  edge  generates  two  N-N  bonds  and  one  Ga-Ga  bond.  This 
requires  only  0.02  eV.  This  small  energy  cost  originates  from  the  energy  gain  by  forming  two  N- 
N  bonds.  This  suggests  that  frustration  effect  may  dominate  the  front  growing  edges  in  case  of 
N-terminated  edge  of  zigzag  nanotubes  and  tubes  may  not  grow  further.  Catalytic  growth  similar 
to  the  single- wall  carbon  nanotubes  [2,  14]  may  be  necessary  to  have  a  long  tube  growth  at 
zigzag  GaN  nanotubes. 


Figure  5.  Frustrated  edge  structures  of  (a)  (5,5)  armchair  edge,  (b)  Ga-terminated  zigzag 
edge  and  (c)  N-terminated  zigzag  edge.  Brighter  and  darker  atoms  represent  Ga  and  N 
atoms,  respectively.  All  units  are  in  A. 


CONCLUSION 

In  summary,  we  have  performed  density-functional  based  tight-binding  total  energy 
calculations  to  search  for  the  stability  and  formation  mechanism  of  GaN  nTs.  The  calculations 
for  the  strain  energy  reveal  that  GaN  nTs  are  as  stable  as  C-nTs  and  can  be  formed  at  some 
extreme  conditions.  The  armchair  edge  is  stable  and  an  intermediate  phase  with  [4,6,10] 
polygons  may  play  as  a  nucleation  seed  for  a  long  tube  growth. 
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ABSTRACT 

We  report  experiments  on  hot-electron  stressing  in  commercial  III-V  nitride  based 
heterojunction  light-emitting  diodes.  Stressing  currents  ranging  from  100  mA  to  200  mA  were 
used.  Degradations  in  the  device  properties  were  investigated  through  detailed  studies  of  the  I-V 
characteristics,  electroluminescence,  Deep-Level  Transient  Fourier  Spectroscopy  and  flicker 
noise.  Our  experimental  data  demonstrated  significant  distortions  in  the  I-V  characteristics.  The 
room  temperature  electroluminescence  of  the  devices  exhibited  25%  decrement  in  the  peak 
emission  intensity.  Concentration  of  the  deep-levels  was  examined  by  measuring  the  Deep- 
Level  Transient  Fourier  Spectroscopy,  which  indicated  an  increase  in  the  density  of  deep-traps 
from  2.7  X  lO’^  cm'^  to  4.21  x  lO’'^  cm'^  at  Ej  =  Ec  -  1.1  eV.  The  result  is  consistent  with  our 
study  of  1/f  noise,  which  exhibited  up  to  three  orders  of  magnitude  increase  in  the  voltage  noise 
power  spectra.  Our  experiments  show  large  increase  in  both  the  interface  traps  and  deep-levels 
resulted  from  hot-carrier  stressing. 

INTRODUCTION 

The  III-V  nitrides  family,  AIN,  GaN,  InN,  and  their  ternary  alloys  are  all  wide  direct 
bandgap  semiconductors.  They  have  significant  applications  in  optoelectronics,  particularly  in 
the  blue  to  UV  range  [1-4].  Since  there  are  no  native  substrates  for  epitaxial  growth  of  nitride 
films,  (0001)  sapphire  is  the  most  widely  used  substrate  because  of  its  hexagonal  structure  and 
high  temperature  stability.  The  large  stress  due  to  lattice  mismatch  between  nitride  film  and 
sapphire  substrate  leads  to  defective  film  growth,  such  as  microtwins,  (0001)  stacking  faults  and 
deep-level  defects.  Moreover,  interface  traps  in  the  heterostructure  may  significantly  affect  the 
performance  of  the  devices.  In  this  paper,  we  report  degradations  of  the  optical  and  electrical 
properties  in  III-V  nitride  heterojunctions  due  to  high  current  stressing  and  its  effects  on  deep- 
levels  and  low-frequency  excess  noise. 

Deep-levels  at  the  bulk  regions  of  the  devices  are  examined  by  Deep-Level  Transient  Fourier 
Spectroscopy  (DLTFS).  The  technique  was  first  described  by  Weiss  and  Kassing  [5],  which  is  a 
DLTS  utilizing  Fourier  analysis  of  the  capacitance  transient  collected  as  a  function  of 
temperature.  It  has  significant  advantages  over  both  rate  window  and  lock-in  amplifier  type 
systems  in  terms  of  sensitivity  and  energy  resolution. 

Flicker  noise  in  semiconductor  devices  is  highly  sensitive  to  the  presence  of  crystalline 
defects  [6-10],  however,  it  has  not  yet  received  the  necessary  attention  in  III-V  nitride  based 
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devices.  Experiments  by  the  author  on  Random  Telegraph  Noise  in  GaAs/AlGaAs  double 
barrier  heterostructures  showed  that  the  low-frequency  noise  arise  from  the  thermal  activation  of 
carriers  to  traps  located  at  the  heterointerface  [8].  Flicker  noise  measurement  can,  therefore,  be 
utilized  as  a  sensitive  tool  for  characterizing  defect  states  in  semiconductors  [9,10],  The 
variation  of  the  noise  on  high  current  stressing  will,  therefore,  reflect  the  changes  of  the 
heterointerface  traps  resulting  from  hot-electron  degradation.  These  traps  are  located  at  the 
barrier  layers  and  usually  at  energy  levels  beyond  the  range  that  can  be  detected  by  conventional 
techniques  such  as  DLTS.  By  detailed  examination  of  both  the  DLTFS  and  ]/f  noise  of  the 
devices  we  provide  a  more  complete  picture  on  hot-electron  degradation  of  the  devices. 

EXPERIMENT 

Systematic  study  on  hot-electron  degradation  in  AlGaN/InGaN  heterojunctions  was 
conducted  on  commercial  blue  Light  Emitting  Diodes  (LEDs)  manufactured  by  Nichia  Chemical 
Industries  Ltd.  by  means  of  high  current  stressing  with  a  dc  current  of  200  mA  for  40  minutes. 
Detailed  measurement  of  I-V  characteristics  over  a  wide  temperature  range,  room  temperature 
electroluminescence  (EL),  DLTFS  and  flicker  noise  were  carried  out  before  and  after  the  current 
stress  to  examine  the  degradations  of  the  optoelectronic  properties  of  the  LEDs. 

DLTFS  measurements  were  conducted  from  77  K  to  500  K  using  Bio-Rad  DL8000,  a  high 
sensitivity,  10'\Nd  -  Na)  <  Ndl  <  10 '"’(Nd  -  Na),  system  equipped  with  a  1  MHz  Boonton 
bridge.  To  obtain  the  DLTFS,  the  devices  were  periodically  pulsed  to  1  V  for  trap  filling 
followed  by  the  application  of  a  -5,0  V  reverse  bias,  Vr,  to  the  device.  A  transient  recorder  was 
used  to  sample  data  points  from  the  capacitance  transient,  C(t),  resulting  from  discharging  the 
deep-levels.  Discrete  Fourier  coefficients  of  C(t)  were  computed,  providing  the  basis  for  direct 
evaluation  of  the  time  constant  and  the  amplitude  for  each  transient.  Analysis  by  Weiss  and 
Kassing  [5]  showed  that  the  time  constant  Xdl  is  related  to  the  Fourier  coefficient  given  by  Tdl  = 
TM'^'^nan,  where  a„  and  bn  are  the  n"’  order  cosine  and  sine  coefficients  of  the  capacitance 
transience,  C(0,  and  is  the  period. 

The  low-frequency  noise  of  the  devices,  which  were  biased  with  a  passive  current  source  at 
0.7  mA,  was  characterized  from  room  temperature  down  to  about  120  K.  Detailed  experimental 
set-up  was  described  in  previous  publications  [6,8].  The  current  noise  power  spectra!  density  is 
shown  to  be 


S,  (/)  =  f  N,  (£)  \  dxdydzdE,  (1) 

in  which  Nj{E^  is  the  interface  trap  density,  A/o  is  the  current  fluctuation  due  to  the  capture  of 
one  single  carrier  and  t  is  the  fluctuation  time  constant.  Low-frequency  noise  in  GaAs/AlGaAs 
based  semiconductor  heterostructures  was  shown  to  originate  from  trapping  and  detrapping  of 
carriers  by  localized  states.  The  capture  of  charged  carriers  may  arise  either  from  a  tunneling  or 
thermally  activated  process.  For  flicker  noise  originating  from  the  thermal  activation  of  carriers 
to  localized  states  in  the  energy  barrier,  the  fluctuation  time  constant,  x,  is  a  thermally  activated 
parameter  given  by  x  =Xo  exp(£//:gr),  where  Xo  is  typically  taken  to  be  the  inverse  phonon 
frequency  of  the  order  10'"*  second,  and  E  is  the  activation  energy.  This  stipulates  a  strong 
temperature  dependence  for  x.  The  Lorentzian,  x/(l  +  co^x^),  in  Eq.  1  is  a  sharply  peaked  function 
of  the  activation  energy  at  Ep  =  -  ksT  ln(Xo(o).  Thus,  the  properties  of  flicker  noise  are  highly 
sensitive  to  the  concentration  and  energy  distribution  of  the  traps  at  around  Ep. 


RESULTS 


Typical  I-V  curve  for  the  pre-stressed  device  is  shown  in  curve  A  of  Fig.  1.  The  data  shows 
that  the  I-V  characteristics  of  the  device  are  well  behaved  with  very  low  leakage  current. 
However,  there  was  a  significant  increase  in  the  leakage  current  of  the  same  device  as  a  result  of 
hot-electron  stressing,  as  shown  in  curve  B  of  Fig.  1.  Previous  study  of  Random  Telegraph 
Noise  in  GaAs/AlGaAs  based  heterojunctions  by  the  author  clearly  showed  that  localized  states 
in  the  tunneling  barrier  are  responsible  for  both  the  1/f  noise  and  trap  assisted  tunneling. 
Therefore  such  large  increase  in  the  leakage  current  indicates  a  corresponding  large  increase  in 
the  trap  concentration  in  the  barrier  region  of  the  heterojunction. 


Fig.  1:  Typical  room  temperature  I-V 
characteristics  of  the  LED  before  hot- 
electron  stressing  (curve  A)  and  after  40 
minutes  of  hot-electron  stressing  at  100 
mA  (curve  B). 


Fig.  2:  Typical  room  temperature 
electroluminescence  of  the  device  before 
hot-electron  stressing  (curve  A)  and  after 
40  minutes  of  hot-electron  stressing  at 
100  mA  (curve  B). 


Typical  room  temperature  EL  characteristics  are  shown  in  curve  A  of  Fig.  2,  which  indicates 
a  dominant  peak  at  about  450  nm  and  a  much  smaller  peak  at  about  380  nm.  After  hot-electron 
stressing  we  observe  significant  deviations  of  the  EL  from  its  pre-stressed  values,  which 
demonstrated  approximately  25%  decrease  in  intensity  at  its  peak  emission  wavelength  at 
approximately  450  nm.  The  lowering  in  EL  suggests  that  hot-electron  stressing  led  to  substantial 
increase  in  non-radiative  recombination  centers  in  the  heterostructures.  It  is  noteworthy  that  we 
do  not  observe  any  new  peaks  in  the  EL  due  to  the  stressing  experiment. 

The  DLTFS  results,  as  shown  in  Fig.  3,  show  a  significant  increase  in  the  magnitude  after 
current  stressing  which  is  attributed  to  the  increase  in  the  concentration  of  deep  levels.  The 
results  on  the  optoelectronic  properties  of  the  devices  are  compared  to  the  experimental  data 
from  DLTFS  measurements.  The  first  sine  coefficient,  bi,  of  C(0  is  shown  to  be  comparable  to 
the  conventional  DLTS  signal  with  a  time  constant  of  about  64  ms  [5].  Using  a  reverse  bias  of  Vr 
=  -5.0  V,  the  experimental  data  exhibited  a  deep-level  trap  sA  Ej  =  Ec  -  1.1  eV  with  a 
concentration  of  2.70  x  10^^  cm'^  and  a  capture  cross  section  of  5  x  lO'^*^  cm^.  We  also  observed 
a  shift  towards  lower  temperature  for  the  DLTFS  signal  peak  using  a,  bias  voltage  Vr  =  -6  V. 
This  is  indicative  of  field-enhanced  electron  emission  showing  that  the  deep-levels  were  electron 
states.  Hot-electron  stressing  led  to  increase  in  the  concentration  of  deep-levels.  The  DLTFS 
signal  is  shown  in  curve  B  of  Fig.  3.  From  the  data  we  found  that  Ej  =  Ec  -  1.1  eV  with  a 
concentration  of  4.21  x  lO'^  cm"^  and  a  capture  cross  section  of  5  x  lO'’"*  cm^.  It  is  interesting  to 
note  that  the  DLTFS  signal  in  Fig.  3  shows  that  a  second  deep-trap  may  exist  at  a  shallower 
energy  level.  However,  due  to  limited  temperature  range  that  can  be  accomplished  by  our 


system,  we  did  not  observe  its  peak  in  the  DLTFS  signal  and  therefore  unable  to  evaluate  this 
level  accurately. 


Fig.  3:  DLTFS  signal  for  the  pre-stressed 
device  (curve  A)  and  the  stressed  device 
(curve  B). 


Temperature  (K) 

Fig.  4:  The  frequency  exponent,  y,  of  S\{f) 
versus  device  temperature  before  current 
stressing  (solid  circles)  and  after  stressing 
(solid  squares). 


The  noise  power  spectral  densities  were  found  to  be  proportional  to  ]/  f  where  y  varied 
between  0.85  to  1  as  the  device  temperature  was  lowered  from  room  temperature  to  120  K.  The 
results  are  indicated  by  solid  circles  in  Fig.  4.  After  hot-electron  stressing,  we  observe  a 
dramatic  change  in  the  frequency  exponent,  y.  This  is  sufficient  proof  that  the  observed  //^ noise 
originated  from  a  thermally  activated  process.  There  is  no  alternative  model  that  can  adequately 
explain  the  systematic  temperature  dependence  of  y. 
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Fig.  5:  The  normalized  voltage  noise  power 
spectra,  Sv(f)/V^,  at  f  =  500  Hz  versus  device 
temperature  before  stressing  (solid  circles) 
and  after  stressing  (solid  squares). 
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Fig.  6:  Typical  voltage  noise  power  spectra, 
Sv(f),  for  the  pre-stressed  device  (curve  A) 
and  the  stressed  device  (curve  B)  measured 
with  a  biasing  current  of  0.7  mA. 


The  voltage  noise  power  spectra  were  found  to  be  sensitive  to  temperature  change  as  well. 
Typical  results  for  the  normalized  noise  power  spectra,  S\(f)/V~,  at  /  =500  Hz,  arc  represented  by 
solid  circles  in  Fig.  5.  It  is  found  that  S\if)/V'  decreased  from  7  x  lO  '^  Hz  '  to  about  4  x  lO  '^ 
Hz  '  at  200  K.  Further  lowering  in  the  device  temperature  led  to  an  increase  in  S\{f)/V~  to  about 
8  xlO  '^  Hz  '  at  120  K.  An  increase  by  as  much  as  3  orders  of  magnitude  in  the  noise  power 
spectra  is  observed  over  the  temperature  range  in  which  the  experiment  was  conducted. 


Typical  voltage  noise  power  spectra  before  and  after  the  hot-electron  stressing  experiment 
are  shown  in  curves  A  and  B  of  Fig.  6  respectively.  The  voltage  noise  power  spectra,  were 
measured  at  T  =  147  K  with  the  biasing  current  set  at  0.7  mA.  Such  drastic  increase  in  the  noise 
magnitude  subsequent  to  hot-electron  injection  stipulates  that  the  noise  capture  and  emission  of 
carriers  by  traps  at  the  heterojunctions.  Unfortunately,  without  detailed  information  of  the  device 
calculation  of  the  exact  values  of  the  trap  density  would  be  impossible. 

CONCLUSION 

In  conclusion,  we  have  conducted  systematic  characterizations  of  hot-electron  stressing  on 
the  properties  of  III-V  nitride  LEDs.  The  stressing  experiment  is  seen  to  cause  significant 
degradations  in  both  the  I-V  and  electroluminescence  of  the  devices.  Our  experimental  data 
demonstrate  that  high  dc  current  stressing  leads  to  significant  increase  in  the  concentration  of 
deep  states  at  E}  =  Ec  -  eV.  Within  the  range  of  our  experimental  conditions  we  do  not 
observe  the  generation  of  new  deep  states  at  different  energy  levels.  Flicker  noise  from  the 
devices  was  studied  in  detail  from  room  temperature  to  120  K.  The  results  showed  that  the  noise 
originated  from  the  thermal  activation  of  carriers  to  localized  states  in  the  junction,  leading  to  the 
modulation  of  the  device  conductance.  Hot-electron  stressing  result  in  significant  generation  of 
heterointerface  traps  in  the  heterostructures  leading  to  three  orders  of  magnitude  increase  in  the 
voltage  noise  power  spectra.  Both  the  deep-levels  and  the  hetcrointerface  traps  are  believed  to 
play  significant  roles  in  the  degradation  of  the  optoelectronic  properties  of  the  devices. 
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ABSTRACT 

We  report  systematic  characterizations  of  flicker  noise  in  GaN  based  MODFETs.  Flicker 
noise  was  measured  across  the  channel  of  the  devices  from  room  temperature  to  130  K.  The 
voltage  noise  power  spectra,  Sv(f)  were  found  to  be  proportional  to  l/f,  where  y  depends  on  the 
device  temperature  as  well  as  the  gate  bias.  Study  of  Sv(f)  as  a  function  of  the  biasing  condition 
was  conducted  in  detail  and  was  found  to  vary  as  Vd^KVc-Vt)^  where  p  changes  with 
temperature  from  about  2.1  at  room  temperature  to  about  0.9  at  130K.  Analyses  of  the  data 
showed  that  the  noise  originated  from  thermal  activation  of  carriers  to  localized  states  in  the 
channel  area.  The  data  suggested  that  the  trapping  and  detrapping  of  carriers  did  not  lead  to 
fluctuations  in  the  carrier  concentration  as  postulated  in  the  McWhorter’s  model.  However, 
more  work  is  needed  to  determine  if  surface  mobility  fluctuations  played  key  role  in  the  1// 
noise. 

INTRODUCTION 

In  the  past  several  years,  an  intensive  effort  in  the  development  of  III-V  nitride  based 
devices  has  been  expended  [1].  The  high  electron  saturation  velocity,  large  breakdown  field, 
high  thermal  conductivity,  and  superb  mechanical  stability  of  GaN  are  among  its  properties  that 
make  it  an  excellent  candidate  for  high-temperature  and  high-power  applications  at  high 
frequencies  [2].  The  accomplishments  made  over  the  past  couple  years  clearly  demonstrate  the 
rapid  pace  in  which  III-V  nitride  based  FETs  are  being  developed.  However,  the  investigation 
of  noise  properties,  particularly  low-frequency  noise  has  not  yet  gotten  the  necessary  attention. 

Flicker  noise  is  an  important  figure-of- merit  for  semiconductor  devices.  It  represents  the 
lower  limit  of  the  signal  that  can  be  processed  by  the  device.  Previous  studies  of  the 
phenomenon  had  shown  that  flicker  noise  in  electron  devices  often  arises  from  material  defects 
which  manifest  themselves  as  the  trapping  and  detrapping  of  carriers  by  localized  states  and 
grain  boundary  motion  [3-5].  The  objective  of  our  work  is  to  identify  the  underlying  physical 
noise  processes  to  pave  the  way  for  improving  the  noise  properties  of  the  device.  To  accomplish 
this,  we  studied  the  voltage  noise  power  spectral  density,  5v(/),  over  a  wide  range  of 
temperatures  and  biases  to  investigate  the  role  of  localized  states  in  the  fluctuation  process. 

EXPERIMENT 

Gallium  nitride  based  MODFETs  were  fabricated  with  reactive  MBE  on  (0001)  sapphire 
substrates.  An  800A  AIN  buffer  layer  was  first  grown  at  800“C  followed  by  the  deposition  of  a 
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1.2|im  thick  undopcd  GaN  layer.  The  two-dimensional  electron  gas  was  formed  at  the 
heterointerface  between  the  i-GaN  layer  and  a  30A  i-AlGaN  spacer  layer  which  serves  to 
separate  the  2-dimensional  electron  gas  from  the  ionized  dopants  to  increase  the  mobility  of  the 
carriers.  The  electron  donor  layer  consists  of  a  120A-thick  Si  doped  AlGaN  layer  of 
concentration  5x1 cm‘^.  Ti/AlA’i/Au  (200A/ 1700 A/450 A/550 A)  multilayers  were  deposited 
to  form  ohmic  contacts  to  the  drain  and  source  regions.  The  gate  length  and  gate  width  are  2fim 
and  40|im,  respectively. 

The  low-frequency  noise  of  the  device  was  characterized  from  room  temperature  down  to 
130  K,  with  the  gate  biased  at  a  fixed  voltage  and  the  conduction  channel  was  current  biased 
with  a  passive  current  source.  The  detailed  experimental  .set-up  was  described  in  previous 
publication  [6]. 

RESULTS  AND  DISCUSSIONS 

The  experimental  values  for  S\<f}  at  500Hz  at  Vc  =  0.8V  and  Vp  =  0.2V  were  found  to  be 
relatively  insensitive  to  temperature  change  and  were  about  4x10  V^Hz  '  over  the  entire 
temperature  range  as  shown  in  Fig.  1.  However,  exhibited  strong  dependencies  on  both  the 
gate  and  drain  voltages. 
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Fig.  1:  The  voltage  noise  power 
spectral  density,  5v{/=500Hz), 
over  the  conduction  channel  as  a 
function  of  device  temperature. 


Fig.  2:  LogfSv</’-500Hz)l  is 
plotted  versus  Log(VG  -  Vt)  at  T 
=  290KandT=  160K. 


The  experimental  results  showed  that  Sv(f)  gc  Vd^KVg  -  where  p  varied  between  2.1 
at  room  temperature  to  about  0.9  at  T  =  130K.  Typical  results  of  Log  Sv(f)  versus  Log  (Vg  -  Vt) 
at  T  =  290K  and  160K  are  shown  in  Fig.  2,  which  clearly  indicates  changes  in  p.  Typical  plot  of 
Log  Sv(f)  versus  Log  Vd  at  263K  is  shown  in  Fig.  3  for/=500Hz.  The  slope  of  the  best  fit  is 
2.05,  which  demonstrates  a  quadratic  relationship  with  Vp. 


Fig.  3:  Log[5v<7=500Hz)]  is 
plotted  versus  Log(V£.)  at  Vg  = 
0.6  V  and  T  =  263K. 
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Flicker  noise  in  semiconductor  devices  has  been  a  subject  of  interest  for  many  years 
[6,7].  Of  the  various  models  presented  in  the  past,  the  thermal  activation  model  proposed  by 
Dutta  and  Horn  [7]  stands  out  in  its  success  in  explaining  the  temperature  dependence  of  the 
noise.  Application  of  the  model  in  field-effect  transistors  was  investigated  by  Surya  and  Hsiang 
[6]  who  suggested  that  \/f  noise  arises  from  thermal  activation  of  carriers  to  traps  at  different 
energy  levels.  In  this  case  the  voltage  noise  power  spectral  density  is 


,(f)  =  cldE- 


Nr(E)T 
+  471^ 


(1) 


where  C  is  a  proportionality  constant  and  E  is  the  activation  energy.  It  is  shown  that  the 
Lorentzian  peaks  sharply  at  Ep  -  -^571n(27iTo).  Consequently  1// noise  is  highly  sensitive  to  trap 
distribution  at  Ep.  It  can  be  shown  that  y  =  1  if  is  independent  of  E;  y  >  1  \iNT{E)\E^Ep 

increases  with  E\  and  y  <  1  if  Nt{E^\e<^ep  decreases  with  E.  Since  Ep  varies  linearly  with 
temperature,  traps  at  energy  level  will  be  responsible  for  the  observed  noise  as  the  device 
temperature  is  varied.  Then  y  will  vary  according  to  the  relationship  as  discussed  above  if 

- changes  with  energy. 

dE 

The  observation  of  a  systematic  variation  of  y  as  a  function  of  T  in  our  experimental  data 
is  indicative  of  a  thermally  activated  process  that  underlies  the  noise.  The  experimental  values 
of  y  versus  T  for  Vc  =  0.8  V  and  Vp  =  0.2  V  are  indicated  in  Fig,  4  in  which  y  decreased  from 
1.03  to  about  0.85  when  T  varied  from  room  temperature  to  250K.  Further  decrease  in  the 
device  temperature  led  to  a  gradual  increase  of  y  to  0.98  at  220K.  Below  220K,  y  slowly 
decreased  to  about  0.9  as  the  device  temperature  was  lowered  to  130K. 

Both  traps  at  the  GaAlN/GaN  interface  or  along  the  line  defects  within  the  two- 
dimensional  electron  gas  are  viable  candidates  for  the  observed  1//  noise.  Given  the  high 


concentration  of  line  defects  in  GaN,  the  latter  mechanism  is  highly  probable  for  our  devices.  To 
further  investigate  the  physical  origin  of  the  noise  we  study  the  variations  of  y  as  a  function  of 
Vg.  It  is  observed  that  y  exhibited  a  systematic  dependence  in  the  applied  gate  bias.  Typical 
results  are  shown  in  Fig.  5,  for  Vd  =  0.2V  at  T  =  250K  where  y  decreased  initially  from  0.9  to 
about  0.85  as  Vg  varied  from  0.4V  to  0.6V.  Subsequent  increa.se  in  Vg  led  to  increase  in  y  to 
0.96  at  Vg  =  IV.  This  can  be  explained  by  the  change  in  band  bending  in  the  AlGaN  layer  with 
the  application  of  a  voltage  bias  resulting  in  a  change  in  the  trap  energy  levels  with  respect  to  the 
Fermi  level  in  the  device.  Depending  on  the  actual  distribution  of  N-[{E)  it  may  lead  to  a 
change  in  y.  Base  on  these  results  it  appears  that  the  noise  arises  from  trapping  and  detrapping  at 
GaN/AlGaN  interface. 


Fig.  4:  The  temperature 

dependence  of  the  frequency 
exponent,  y. 


Fig.  5:  Gate  bias  dependence  of 
the  frequency  exponent,  y,  at  T  = 
260K  and  Vd  =  0.2V. 


McWhorter  postulated  that  the  capture  of  an  electron  by  a  trap  causes  the  local 
modulation  of  the  Fermi  Level  leading  to  fluctuations  in  the  local  carrier  concentration. 
However,  it  was  shown  that  the  process  may  also  lead  to  fluctuations  in  the  carrier  mobility  due 
to  Coulombic  scattering.  Studies  on  low-frequency  noise  in  field-effect  transistors  showed  that 
Sv(f)  X  (Vd/(  Vg  -  VT)f  for  noise  dominated  by  number  fluctuations.  On  the  other  hand,  for  \/f 
noise  dominated  by  surface  mobility  fluctuations,  the  dependence  of  S^{f)  on  Vg  arises  from  the 
screening  effect  by  the  two-dimensional  electron  gas  which  generally  demonstrate  a  different  Vg 
dependence  from  number  fluctuations  and  would  exhibit  stronger  dependencies  on  temperature 
due  to  the  variations  of  the  screening  parameter  with  T.  The  experimental  results  in  Fig.  2 
clearly  deviated  from  the  quadratic  relationship  as  .stipulated  by  numbers  fluctuation  model. 
However,  a  more  definitive  study  that  involves  the  characterization  of  random  telegraph  noise, 
which  allows  exact  measurements  of  the  fluctuations  in  the  channel  resistance  resulting  from 


single-electron  events,  is  needed  to  conclusively  prove  the  underlying  fluctuating  quantity  of  the 
noise.  Such  a  phenomenon  is  typically  seen  in  sub-micrometer  size  devices, 

CONCLUSION 

We  have  conducted  systematic  characterizations  of  1/f  noise  in  GaN  MODFETs. 
Detailed  analyses  of  the  magnitudes  and  y  of  the  voltage  noise  power  spectra  showed  that  the 
noise  originated  from  the  thermal  activation  of  carriers  to  localized  states  either  at  the 
AlGaN/GaN  heterointerface  or  line  defects  within  the  two-dimensional  electron  gas.  Our 
experimental  data  suggest  that  trapping  and  detrapping  at  the  heterointerface  dominated  the 
observed  flicker  noise.  In  addition,  it  was  found  that  Sv(f)  «=  Vd^KVg  -  Vjf  where  (3  varied  from 
about  2.1  at  room  temperature  to  about  0.9  at  130K.  This  suggests  that  the  capture  and  emission 
of  carriers  by  interface  traps  did  not  result  in  number  fluctuations.  A  more  detailed  study  of 
random  telegraph  noise  is  needed  to  confirm  if  surface  mobility  fluctuations  due  to  Coulombic 
scattering  played  a  major  part  in  the  observed  noise. 
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ABSTRACT 

Results  of  Monte  Carlo  simulations  of  electron  transport  for  wurtzite  phase  GaN  in 
crossed,  weak  electric  and  magnetic  fields  are  presented.  It  is  found  that  the  Hall  factor,  = 
decreases  monotonically  as  the  temperature  increases  from  77K  to  400K.  The  low 
temperature  value  of  the  Hall  factor  increases  significantly  with  increasing  doping  concentration. 
The  Monte  Carlo  simulations  take  into  account  the  electron-lattice  interaction  through  polar  opti¬ 
cal  phonon  scattering,  deformation  potential  acoustic  phonon  scattering  (treated  as  an  inelastic 
process),  and  piezoelectric  acoustic  phonon  scattering.  Impurity  scattering  due  to  ionized  and 
neutral  donors  is  also  included,  with  the  latter  found  to  be  important  at  low  temperature  due  to  the 
relatively  large  donor  binding  energy  which  implies  considerable  carrier  freeze-out  already  at  liq¬ 
uid  nitrogen  temperature.  The  temperature  dependences  of  the  electron  concentration,  drift 
mobility,  and  Hall  factor  are  calculated  for  donor  concentrations  equal  to  5  x  10^^  cm'^,  10^^ 

cm‘^,  and  5x10^^  cm’^.  The  Monte  Carlo  simulations  are  compared  to  classical  analytical  results 
obtained  using  the  relaxation-time  approximation,  which  is  found  to  be  adequate  at  low  tempera¬ 
tures  and  sufficiently  low  carrier  concentrations  so  that  inelastic  scattering  effects  due  to  optical 
phonons  and  degeneracy  effects  are  negligible.  The  influence  of  dislocations  on  the  Hall  factor  is 
discussed  briefly. 


INTRODUCTION 

Electronic  characterization  of  epitaxially  grown  GaN  relies  on  temperature  dependent  Hall 
measurements  to  accurately  determine  carrier  concentration  and  mobility.  Analysis  of  measured 
Hall  data  has  already  led  to  the  examination  of  several  effects  unique  to  GaN  Hall  measurements. 
Speciflcally,  the  variation  of  the  electron  Hall  mobility  in  the  presence  of  a  highly  conducting 
layer  at  the  interface  between  the  substrate  and  the  epitaxial  GaN  crystal  has  been  resolved^  and 
the  dependence  of  the  Hall  measurement  on  the  orientation  of  the  current  with  respect  to  thread¬ 
ing  dislocations  has  recently  been  explained^.  Also,  the  low  temperature  behavior  of  measured 
electron  mobilities  in  heavily  doped  GaN  has  been  found  to  be  consistent  with  transport  associ¬ 
ated  with  band-tailing  and  impurity-band  states^.  Exceptions  aside,  interpretations  of  GaN  Hall 
data  often  make  the  assumption  that  yinall  -  V-drip  independent  of  temperature^’^.  One  conse¬ 
quence  of  assuming  a  unity  Hall  factor  is  that  total  donor  concentrations  and  donor  activation 
energies  extracted  from  electrical  measurements  are  difficult  to  analyze  with  confidence. 
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We  present  new  calculations  of  the  Hall  factor,  r^,  for  n-typc  wurtzite  GaN  that  predict  a 
monotonic  decrease  with  increasing  temperature  for  fixed  donor  concentrations.  The  presentation 
of  calculated  electron  concentration,  Hall  factor,  and  drift  mobility  is  followed  by  a  comparison  to 
relaxation-time  approximation  re.sults  and  by  a  discussion  of  the  Hall  factor  for  dislocation  domi¬ 
nated  scattering. 


HALL  SIMULATION 

Due  to  thermal  fluctuations  in  the  calculated  drift  velocity  components,  calculations  of 
electron  drift  velocity  in  crossed  electric  and  magnetic  fields  using  the  Monte  Carlo  method  were, 
until  recently,  limited  to  high  electric  and  magnetic  field  conditions^.  Advances  in  computation 
speed  and  in  the  transport  simulation  algorithm  have  enabled  the  application  of  the  Monte  Carlo 
method  to  weak  field  conditions.  Hall  simulations  have  been  reported  for  a  variety  of  semicon¬ 
ductor  materials:  Si  and  Ge^,  InSb  and  other  highly  polar  semiconductors^,  and  GaAs^.  For  GaN, 
electron  drift  velocities  for  both  large  and  small  static  electric  fields  have  been  calculated  in  this 
manner  and  low  field  drift  mobility  expressions  suitable  for  device  modeling  have  been  developed 
for  temperatures  above  300K'^. 

The  present  Hall  factor  calculations  use  the  same  approximate  GaN  analytic  band  struc¬ 
ture  which  has  been  published  previously'®,  although  for  the  present  study  of  low  field  transport 
only  the  parabolic  part  of  the  central  conduction  band  valley  is  relevant.  The  electric  field 
strengths  are  chosen  small  enough  to  ensure  that  ohmic  conduction  is  modeled,  and  the  magnetic 
field  is  held  in  the  low  field  regime  such  that  IBI  =  1.5  x  10'^.  For  instance,  at  liquid  nitrogen 
temperature  and  N^  =  lO’^  cm'^,  the  electric  field  in  the  linear  regime  is  taken  to  be  less  than  0.5 
kV/cm  which  re.sults  in  p  =  2490  cm^  v'sec"'  and,  consequently,  IBl  =  0.06  Tesla.  The  free  flight 
motion  of  the  electrons  in  crossed  electric  and 
magnetic  fields  is  carried  out  in  the  usual  way 
for  Monte  Carlo  simulations®.  The  scattering 
parameters  are  the  same  as  those  in  reference 
10  and  references  therein.  We  favor  acoustic 
deformation  potential  scattering  with  energy 
dissipation  over  the  elastic  approximation. 

This  treatment  of  the  acoustic  phonon  scatter¬ 
ing  prevents  the  simulated  electron  distribu¬ 
tion  from  artificially  skewing  towards  higher 
energies  as  would  otherwise  occur  when  polar 
optical  phonon  scattering  is  negligible.  In 
addition,  neutral  impurity  scattering  is 
included  in  our  calculations.  The  effects  of 
neutral  impurities  become  important  at  low 
temperatures  in  material  that  is  not  dominated 
by  dislocation  scattering. 

In  Figure  1,  the  electron  concentration 
is  plotted  as  a  function  of  temperature  using 


Figure  1;  Electron  concentration  vs.  temperature 
for  GaN  with  donor  doping  densities  of  5x10"'® 
cm‘^  (dash-dotted),  10'^  cm'^  (solid),  and  5  x  10^^ 
cm'^  (dashed). 


the  screened  shallow  donor  binding  energy  results  of  Wang,  et  al  for  different  background  elec¬ 
tron  concentrations^  ^  The  temperature  effects  on  the  carrier  screening  are  taken  into  account  for 
this  calculation.  The  figure  clearly  shows  that  for  uncompensated  GaN  at  liquid  nitrogen  temper¬ 
ature  there  is  a  large  fraction  of  neutral  donor  impurities  present. 

Scattering  due  to  neutral  donors  is  adapted  for  the  Monte  Carlo  method  from  the  relax¬ 
ation-time  result  of  Meyer  and  Bartoli^^.  An  analytic  expression  for  the  total  scattering  rate 
which  is  valid  over  the  entire  energy  range  of  electron  energies  can  be  derived  from  ref.  12.  The 
neutral  impurity  scattering  rate  in  terms  of  the  total  collision  cross  section,  <7^,  is  written  as: 

-  =  (1) 

neut.  imp. 

where 


11.2^1+6 


-h  80.6 w-f  23.7 
(1  +41.3W-H  133w^) 


H;yi2-H8w  +  7w^) 
(l+w)^ 
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is  the  concentration  of  neutral  donor  scattering  centers,  v  is  the  electron  velocity,  Ej)  is  the 
donor  binding  energy,  w  =  {a^k)^  =  E/Ej),  and  =  e^/2KoE0  which  defines  an  effective  Bohr 
radius.  Since  scattering  of  low  energy  electrons  by  neutral  impurities  is  velocity  randomizing,  the 
collision  cross  section  differs  from  the  momentum-transfer  cross  section  of  Meyer  and  Bartoli^^ 
only  for  incident  particles  with  energies  much  greater  than  the  donor  binding  energy.  The  Born 
approximation  is  valid  for  fast  electrons  where  the  term  in  { }  of  equation  (2)  is  dominant.  The 
collisions  are  treated  as  elastic  and  exchange  effects  are  neglected. 

In  the  Monte  Carlo  simulation,  the  final  scattering  states  are  determined  using  the  angular 
distribution  derived  from  the  Born  scattering  amplitude  given  by^^ 


fBorni^)  = - 2 
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where  0  is  the  angle  between  initial  and  final  k-vectors.  It  is  easily  shown  that  the  normalized 
probability  distribution  of  scattering  angles  is 


_  [4  +  w(1-cos0)]2 

|:;|/«„„(ef</cose  "  [2  +  w{l-cos9)]''[12+18w  +  7w2]- 


A  flat  angular  distribution  results  in  the  low  energy  (w  — >  0)  limit.  This  is  consistent  with  the 
velocity  randomizing  behavior  for  low  electron  energy  implicit  in  the  phenomenological  collision 
cross  section  of  equation  (2). 


RESULTS  AND  DISCUSSION 


Figures  1  and  2  display  the  calculated 
free  carrier  concentrations  and  electron  drift 
mobilities  for  fixed  doping  concentrations. 

For  uncompensated  GaN,  Figure  1  indicates 
that  the  ionized  impurity  concentration  at  77 K 
is  a  small  fraction  of  that  at  300K.  In  Figure 
2,  the  temperature  dependent  drift  mobility  is 
plotted  for  ionized  impurity  concentrations 
corresponding  to  Figure  1.  The  dashed  curves 
at  low  temperature  indicate  the  analytical 
relaxation-time  approximation^"^  to  the  drift 
mobility  including  all  of  the  scattering  mecha¬ 
nisms  except  polar  optical  phonon  scattering. 

The  decrease  in  mobility  at  low  temperature  is 
caused  in  part  by  neutral  impurity  scattering. 

For  the  lowest  doping  concentration  consid¬ 
ered  in  this  calculation,  Np  =  5  x  lo’^  cm"^, 
we  find  that  the  neutral  impurity  scattering 
plays  a  large  role  at  low  temperature  because 
of  the  significant  carrier  freeze-out  evident  from  Figure  1.  At  77K,  the  relaxation-time  approxi¬ 
mation  result  for  the  mobility  is  16%  higher  than  that  shown  in  Figure  2  without  the  inclusion  of 
neutral  impurity  scattering  effects.  The  low  temperature  mobility  obtained  by  Monte  Carlo  sim¬ 
ulation  which  includes  energy  dissipation  in  the  acoustic  deformation  potential  scattering  is 
slightly  larger  than  that  obtain  from  the  analytical  relaxation-time  model  which  u.ses  an  elastic 
approximation. 

If  the  mobility  at  77K  was  dominated  solely  by  ionized  impurity  scattering  such  that 
jJ.  ~  ,  the  decrease  in  mobility  at  low  temperatures  would  not  be  as  great  or  would  com¬ 

pletely  vanish  for  uncompensated  GaN.  Conversely,  a  greater  decrease  in  drift  mobility  is  evi¬ 
dent  for  heavily  compensated  GaN  since  the  ionized  impurity  concentration  remains  substantial 
at  low  temperatures’^’^^.  Our  calculations  indicate  that  having  an  acceptor  concentration  of  5  x 
10^^  cm'^  reduces  the  77K  mobility  for  GaN  with  lO’^  cm'^  donors  to  approximately  800  cm^ 
V^s'\  or  by  30%.  Further  reductions  in  mobility  from  dislocation  scattering  have  been  predicted 
and  recently  measured  by  Ng,  et  for  lateral  drift  normal  to  charged  dislocations  in  «-type 
GaN  films. 

The  Hall  factor  determined  from  our  Monte  Carlo  simulation  is  plotted  in  Figure  3  with 
the  error  bars  indicating  the  maximum  deviation  from  the  average  steady-state  value.  In  this  con¬ 
text,  steady-state  was  established  by  simulating  10^  collisions.  The  number  of  collisions  was 
chosen  sufficiently  large  such  that  the  estimated  electron  drift  velocity  perpendicular  to  the 
applied  electric  field  can  be  resolved  above  the  thermal  fluctuations.  Fluctuations  in  the  Monte 
Carlo  drift  velocity  arc  inversely  proportional  to  the  square-root  of  the  number  of  collisions  sim¬ 
ulated.  In  all  three  plots  of  Figure  3,  r^  decreases  with  increasing  temperature  to  a  value 
approaching  1.2.  A  similar  downward  trend  from  1.5  toward  1.2  at  room  temperature  has  been 
calculated  using  a  variational  technique The  increase  in  r^j  at  low  temperatures  is  due  to  dom- 
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Figure  2:  Electron  drift  mobility  vs.  temperature 
for  GaN  with  donor  doping  densities  of  5  x  10"'^ 
cm‘^  (top  line),  10"'^  cm‘^  (middle),  and  5  x  10"'^ 
cm*^  (lowest).  The  dashed  lines  indicate  the  relax¬ 
ation-time  approximation  at  low  temperature. 


inant  impurity  scattering.  We  also  expect  that  r^  should  exhibit  a  similar  trend  at  low  temperature 
for  Hall  measurements  of  mobility  perpendicular  to  the  growth  direction  in  samples  where  scat¬ 
tering  from  threading  dislocations  is  dominant. 

When  the  mobility  is  limited  solely  by  dislocation  scattering  and  this  process  can  be  mod¬ 
eled  by  scattering  from  a  line  charge,  can  be  estimated  by  computing  the  average  momentum 
relaxation  time.  It  follows  from  the  analytic  expression  given  in  reference  2  that, 


8m*rkRT 


2 

rj^=-i!lll^=Nexp(-l/Y)[^2(l/(2Y))r^[8  -h  60y  +  210y^  +  315y^]  ;  Y  = - 

('cJ  h 


(5) 


Here,  K2  is  the  second  order  modified  Bessel  function  and  X  is  the  Debye  screening  length.  In 
Figure  4,  rn  as  obtained  from  equation  (5)  is  plotted  for  drift  perpendicular  to  threading  disloca¬ 
tions  as  a  function  of  temperature.  The  free  carrier  density  used  to  determine  the  screening  length 
is  that  shown  in  Figure  1  for  uncompensated  GaN.  The  region  of  interest  in  Figure  4  is  at  low 
temperatures  where  dislocation  scattering  may  be  dominant'^.  Specifically,  r^  is  smaller  than  but 
close  to  1.93  (the  A.  — >  00  limit).  From  this  estimate,  it  is  reasonable  to  expect  that  when  electron 
mobility  is  dominated  by  dislocation  scattering,  the  Hall  factor  will  tend  to  values  larger  than  the 
room  temperature  value  —  perhaps  to  an  extent  greater  than  the  Monte  Carlo  simulations  for  mate¬ 
rial  without  dislocations  predict  in  Figure  3. 
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Figure  3:  Hall  factor  vs.  temperature  for  fixed  dop¬ 
ing  concentrations  from  Monte  Carlo  simulations. 


In  summary,  Monte  Carlo  simulations 
of  electron  transport  in  crossed  electric  and 
magnetic  fields  are  used  to  compute  mobility 
and  Hall  factor  values  at  various  temperatures 
and  doping  concentrations.  This  technique  is 
particularly  desirable  for  simulating  Hall  trans¬ 
port  governed  by  polar  optical  phonon  scatter¬ 
ing  and  we  show  that  r^  should  be 
approximately  1 .2  for  temperatures  above 
300K.  At  lower  temperatures  r^  deviates  far¬ 
ther  from  unity,  and  the  values  obtained  by 
simulation  are  consistent  with  those  obtained 
from  classical  analytical  approximations.  We 
have  also  addressed  Hall  measurements  of  lat¬ 
eral  mobility,  which  can  be  dominated  by  scat¬ 
tering  from  threading  dislocations  when 
dislocation  densities  are  high.  In  those  cases, 
we  predict  that  r^  will  remain  significantly 
larger  than  unity  at  low  temperature,  especially 
for  low  carrier  concentrations  where  screening 
is  weak. 
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Figure  4:  Hall  factor  resulting  from  dislocation 
scattering  vs.  temperature  with  constant  donor 
doping  densities  of  5  x  10^®  cm'^  (dash-dotted), 
10^^  cm'^  (solid),  and  5x10^^  cm‘^  (dashed). 
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Abstract 

Base  transit  time,  ,  in  abrupt  npn  GaN/InGaN/GaN  and  AlGaN/GaN/AlGaN  double 
heterojunction  bipolar  transistors  (DHBTs)  is  reported.  Base  transit  time  strongly  depends  not 
only  on  the  quasi-neutral  base  width,  but  also  on  the  low  field  electron  mobility,  ,  in  the 
neutral  base  region  and  the  effective  electron  velocity.  Sc,  at  the  edge  of  base-collector 
heterojunction.  and  Sc  are  temperature-dependent  parameters.  A  unity  gain  cut-off 
frequency  of  10.6  GHz  is  obtained  in  AlGaN/GaN/AlGaN  DHBTs  and  19.1  GHz  in 
GaN/InGaN/GaN  DHBTs  for  a  neutral  base  width  of  0.05um.  It  is  also  shown  that  non-stationary 
transport  is  not  required  to  study  for  neutral  base  width  in  the  range  of  O.OSum  for  GaN-based 
HBTs. 


Introduction 

Wide  bandgap  group  Ill-nitride  semiconductors  are  currently  being  pursued  for  possible 
high  temperature  and  high  power  applications.  Current  gain  as  high  as  10^  is  reported  for 
GaN/SiC  HBT  [1].  In  order  to  investigate  high  frequency  performance  the  behavior  of  the  base 
transit  time,  ,  needs  to  be  investigated.  Mohammad  et  al.  [2]  has  reported  the  dependence  of 
on  base  doping  concentration  in  a  graded  GaN/InGaN  HBT. 

The  double  integral  formulation  of  by  Kroemer  [3]  for  HBTs  is  based  upon  the 
assumption  that  excess  minority  carrier  concentration  at  the  edge  of  base-collector  depletion 
layer  is  negligible.  Roulston  [4]  emphasized  upon  the  use  of  a  finite  carrier  velocity  (saturation 
velocity)  at  the  edge  of  the  base-collector  depletion  region,  thereby,  introducing  the  component 
of  base  transit  time  due  to  velocity  saturation.  A  more  general  formulation  for  carrier  velocity  at 
b-c  heterojunction  was  used  by  Hafizi  et  al.  [5].  Jahan  et  al.  [6],  based  upon  a  self-consistent 
calculation  of  thermionic  and  tunneling  components  of  the  total  current,  proposed  a  tunneling 
factor  for  the  determination  of  carrier  velocity  at  the  b-c  junction.  In  this  paper,  the  method 
formulated  by  Jahan  et  al.  [7]  is  used  in  the  determination  of  the  effective  electron  velocity  at 
base-collector  junction  which  affects  the  electrons  transport  across  base-collector  junction. 

In  this  paper,  in  abrupt  GaN/InGaN/GaN  and  AlGaN/GaN/AlGaN  HBT  is  reported. 
The  computation  of  includes  the  effects  of  bandgap  narrowing,  carrier  saturation  and 
partitioning  of  the  total  current  into  thermionic  and  tunneling  components.  Results  obtained  from 
an  ensemble  Monte  Carlo  simulation  are  used  in  the  determination  of  low  field  mobility,  . 
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Theory 


Base  transit  time,  ,  can  be  expressed  as  a  sum  of  +  Zj^j ,  where 


N^s(’:r  D„(y)nih^(y) 


dydx 


(1) 


and 


^  _  1  Nf,g(Wg).v/^  njh^ix)  , 

“  Nab(x)' 


?  7 

where  N j^g( jcj  is  the  base  doping  concentration,  (x)  =  n^/'  exp(  Ag/ kT )  is  the  effective 

intrinsic  carrier  concentration  in  base  region.  The  effective  bandgap  narrowing  across  the 
emitter-base  heterojunction,  A ^  ,  A^)  =  ji: •  (InN)  +  (1  - x)  •  (GaA^)  - x  -  (1  - x)Eg/, 


(Egb=1.0  eV)[8]  where  x  is  the  In-mole  fraction  in  InxGai.^N  and  tij^  is  the  effective  intrinsic 
carrier  concentration  in  emitter  region.  is  the  component  of  the  base  transit  time  due  to 
diffusion  in  the  neutral  base  region  and  ^^2  accounts  for  the  finite  base-collector  Junction 
velocity,  Sc-  The  effective  minority  carrier  velocity,  Sc,  characterizing  electron  transport  across 
the  space-charge  region  at  the  base-collector  junction  is  formulated  as  Sc 
=  vpj  -  y  -expKqv  jp  -  AE^. )/ kT ]  [9],  where  AE^.  is  the  conduction  band  discontinuity,  vjp  is 

the  applied  voltage  drop  at  the  collector,  y  is  the  tunneling  transmission  factor,  and  v,/,  is  the 
thermal  velocity.  The  factor  y  is  determined  by  invoking  the  proper  partitioning  of  the  total 
current  into  tunneling  and  thermionic  components  [7],  WKB  method  is  used  to  compute  the 
transmission  probability  required  in  calculating  the  tunneling  component  of  the  total  current. 


Results  and  Discussions 

5x4  jum^  single  finger  npn  GaN/IUxGai.xN  and  Alo.2Gao  gN  HBTs  are  investigated.  The 
material  parameters  used  in  the  simulation  are  as  follows:  mc(GaN)=0.2m(),  mh(GaN)=0.6m() 
[10],  mc(InN)=0.115mo  [11],  mh(InN)=l .6mo  [12],  mc(AlN)=0.314mo,  mh(AlN)=:0.7 1  mo  [13], 
EgGaN(T)=3. 503+5.08  x  lO^^  x  tV(T-996)  eV,  EginN(T)=2.01-1.8  x  lO"^  x  T  eV,  EgA,N(T)=6.118- 
1.799 X  10’ V/(T+ 1462)  eV  [14],  5:GaN-9.5£-o,  inN “19.6^0  and  £:  ain  =8.5 [13]  where 
£  is  static  dielectric  constant,  mo  is  electron  rest  mass,  T  is  absolute  temperature  (K),  and  o  is 
permittivity  in  vacuum.  Emitter  and  collector  doping  concentrations  equal  5x  lO'^  cm'^.  The 
base  is  O.OSum  wide  and  is  doped  uniformly  lO'^  cm'^.  The  conduction  band  offset,  AEc,  is 
assumed  to  be  75%  of  the  difference  in  bandgaps  of  the  constituting  semiconductor  alloys  [15]. 

In  Fig.  1(a)  the  low  field  mobility,  //„  ,  and  the  diffusion  coefficient,  D„ ,  are  plotted  as  a 

function  of  temperature  for  Ino^Gao.gN  and  GaN  at  a  doping  concentration  of  lO''^  cm'^.  The  low 
field  mobility  data  is  obtained  from  an  ensemble  Monte  Carlo  simulation  which  accounts  for 
piezoelectric,  ionized  impurity,  alloy,  intervalley,  acoustic  and  polar  optical  phonon  scattering 
[16].  The  diffusion  constant  '  I  n)l  where 

=  ( E -  E(.  )jkT is  the  reduced  Fermi  level  for  electrons  and  F+ii2( )  is  the  Fermi-Dirac 
integral.  initially  increases  followed  by  gradual  decrease  beyond  T=200K.  In  Fig.  1(b)  the 
base-collector  electron  junction  velocity,  Sc,  is  plotted  as  a  function  of  base-collector  bias,  Vbc 


for  varying  In-mole  fraction  with  temperature  as  a  parameter.  Due  to  a  smaller  band  offset  at  the 
b-c  junction  Sc  approaches  thermal  velocity  at  lower  Vbc  for  x=0.1  as  compared  to  that  at  x=0.2. 
The  behavior  of  Sc  for  AlGaN/GaN/AlGaN  is  similar  to  that  of  GaN/InGaN/GaN. 


Fig.  1(a)  Low  field  mobility  and  diffusion 
coefficient  Dn  for  Ino.2Gao.8N  and  GaN  as  a 
function  of  temperature  at  a  doping 
concentration  of  lO’^  cm'^  Solid  triangles 
represent  Dn  and  for  GaN. 


Fig.  1(b)  The  effective  electron  velocity  at 
base-collector  junction,  Sc ,  versus  Vbc  for 
In^Gai.xN/GaN. 


In  Fig.  2(a)  the  base  transit  time  Xb  is  plotted  as  a  function  of  Vbe  for  Vbc  =3.0  V.  tb 
decreases  with  increasing  In- mole  fraction  in  GaN/InxGai.xN/GaN  HBTs,  irrespective  of 
temperature  and  this  behavior  can  be  explained  with  the  aid  of  Fig.  1.  A  higher  Sc  at  x=0.1 
results  in  a  lower  Tb2  as  compared  to  that  at  x=0.2  for  Vbc  =  3V.  The  magnitude  of  Xbi  at  x=0.1  is 
slightly  greater  than  that  at  x=0.2.  This  may  be  attributed  to  a  slightly  higher  low  field  mobility 
at  x=0.1  that  results  in  a  lower  diffusion  constant  as  compared  to  that  at  x=:0.2.  The  relative 
magnitudes  of  Xbi  and  Xbz  reflects  the  role  of  the  transport  processes  namely  drift-diffusion  versus 
thermionic  field  emission.  As  seen  from  Fig  2(b),  the  diffusion  controlled  component  of  the  base 
transit  time  Xbi  is  always  the  dominating  time  constant  at  elevated  temperatures.  However,  at 
higher  Dn  at  300K  results  in  a  lower  Xbi  and  a  higher  Xb2-  Or  in  other  words,  at  300K  the 
contribution  of  thermionic  field  emission  related  component  of  the  base  transit  time  Xb2  becomes 
significant.  Xb  for  Al2Ga.8N/GaN  HBTs  at  Vbc  =3.0  V  is  controlled  by  Xb2  and  is  due  to  the  small 
electron  effective  velocity. 

The  dependence  of  x^  upon  base  width  for  a  base  doping  concentration  of  cm‘^  at 
room  temperature  is  shown  in  Fig. 3.  Vbe=2V  and  Vbc=3V  are  assumed.  As  expected,  x^ 
increases  with  increasing  base  width.  For  extremely  narrow  base  widths,  the  dominant 
component  of  x^  is  Xb2.  As  compared  to  InxGaj.xN-based  HBTs,  GaN-based  HBTs  have 
higher  x^  due  to  lower  low  field  mobility  and  lower  effective  electron  velocity  at  base-collector 
junction.  The  above  calculation  is  performed  using  stationary  transport.  The  validity  of  the  above 


approximation  is  shown  in  Fig.  4,  where  the  average  velocity  is  plotted  as  a  function  of  distance. 
As  noted,  the  average  velocity  remains  constant  over  a  base  width  variation  from  0.02}im  to 
O.Sjim  for  both  GaN  and  In.2Ga.RN  in  the  presence  of  an  applied  field  of  500KV/cm.  For 
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Fig.  2(a)  is  plotted  as  a  function  of  Vbc  at 
various  temperature  for  GaN/IUxGai.xN 
HBTs  with  base  doping  concentration  of  lO'^ 
cm'^,  Vbc=3V.  Base  width  equals  0.05um. 
The  inset  shows  x^  for  Alo.2Gao.8N/GaN 
DHBT.  Lines  represent  x=0.1  and  lines  with 
open  triangles  represent  x=0.2. 


VbelV] 


Fig.  2(b)  Shows  and  7^2  f*or 

GaN/Ino.zGao  rN  DHBT.  Lines  represent 
7/,]  and  lines  with  open  squares 
represent  7^2  • 


comparison  a  similar  plot  for  GaAs  is  also  shown  where  the  applied  electric  field  is  lOKV/cm. 
For  GaAs  the  effect  of  non-stationary  transport  is  clear  and  for  base  widths  less  than  Ipm 
assuming  stationary  transport  data  becomes  que.stionable. 

In  Fig.  5,  the  unity  gain  cutoff  frequency  fj-\l(2-7j;-  7^^  )  is  plotted  as  a  function  of 
collector  current  density,  L,  where  7^^  =  transit  time  from  emitter  to  the 

collector,  7^  is  emitter  charging  time,  expressed  as  7^  =  •  Cj^  where  is  the  dynamic 
resistance  and  Cj^  is  the  base-emitter  junction  capacitance.  7^.  =  ■  Cj^  is  the  collector 
charging  time  where  is  the  collector  resistance  and  Cj^.  is  the  collector  junction  capacitance. 

For  collector  current  densities  below  100  A/cm^  Xe  dominant  time  constant,  however  for  current 
densities  above  100  A/cm^  Xb  dominates.  An  fj  of  19.1  GHz  is  obtained  at  500K  for 
GaN/In  2Ga.8N/GaN  DHBT.  A  higher  low  field  mobility  and  b-c  junction  velocity  in 
Alo.2Gao.8N/GaN  DHBT  produce  a  fy  of  10.6  GHz  at  300K 
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Fig.  3  T^is  plotted  as  a  function  of  base 
width  with  In-mole  fraction  as  a  parameter 
for  GaN/InxGai-xN  and  Alo,2Gao,8N/GaN 
HBTs  (solid  triangles).  A  base  doping  of  lO’^ 
cm■^  T=300K,  Vbe=2.0V  and  Vbc=3.0V  are 
considered. 


0  0.2  0.4  0.6  0.8 

Distance  (um) 

Fig.4  Average  velocity  is  a  function  of 
distance  at  high  electric  field  for  GaAs, 
GaN,  and  Ino.zGao.gN. 


Fig.  5  /t'  is  shown  as  a  function  of  collector  current  density  at  various 
temperatures  for  GaN/Ino.2Gao.8N  and  Alo.2Gao.8N/GaN  HBTs.  Base  width 
equals  O.OSum  with  Nab=10’^  cm'^  Solid  lines  represent  T=500K  and 
dashed  lines  represent  T=300K 


Conclusion 


Base  transit  time  in  abrupt  GaN/InGaN/GaN  and  AlGaN/GaN/AlGaN  HBTs  are 
determined  by  accounting  for  bandgap  narrowing,  carrier  degeneracy  and  the  proper  low  field 
mobility.  A  narrow  base  width  with  a  consequently  large  base  resistance  is  recommended  along 
with  a  lower  In-mole  fraction  to  realize  superior  unity  gain  current  cut-off  frequency,  /  j . 

GHz  at  T=500K  for  Alo.2Gao,8N/GaN  HBT  and  fj=  19.1  GHz  at  T=300K  for 
GaN/In{).2Ga().8N  have  been  demonstrated. 
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ABSTRACT 

First  principles  calculations  are  carried  out  for  ZnO,  MgO  and  ZnMg02  in  various  crystal 
structures.  The  nature  of  the  valence  band  ordering  in  ZnO  is  shown  to  depend  strongly  on  the 
Zn3d  band  position.  MgO  in  the  wurtzitic  form  is  found  to  gave  an  unusual  5-fold  coordiated 
structure.  The  band  gap  dependence  in  the  alloy  system  is  found  to  be  in  fair  agreement  with 
experimental  data  and  the  band-offset  is  predicted  to  be  type  I. 

INTRODUCTION 

Recently,  ZnO  has  attracted  attention  not  only  as  a  suitable  closely  lattice- matched  substrate 
for  GaN  but  also  as  a  potentially  useful  active  optoelectronic  material  in  its  own  right  [1,  2,  3,  4,  5] 
This  raises  new  questions  not  only  about  the  basic  properties  of  ZnO  but  also  about  those  of 
related  materials  which  can  be  combined  with  ZnO  in  hetero epitaxial  device  structures.  In  fact, 
one  would  need  a  material  with  a  higher  band  gap  to  use  as  barrier  in  order  to  make  ZnO 
quantum  wells.  Ohtomo  et  al.  [6]  showed  that  it  is  possible  to  grow  Mg^Zni-^O  alloy  films 
with  the  wurtzite  structure  over  a  certain  range  of  concentrations.  This  possibility  was  far  from 
obvious  because  MgO  has  the  rocksalt  rather  than  the  wurtzite  structure. 

In  this  paper,  we  first  re-examine  the  band  structure  of  ZnO.  Although  this  material  has  been 
studied  extensively  in  the  past,  [7,  8,  9,  10]  there  are  some  remaining  open  questions  about  its 
band  structure.  Most  notably,  there  has  been  a  long-standing  controversy  over  the  nature  of  the 
valence  band  ordering.  The  question  is:  is  it  the  usual  Tg  above  Py  as  proposed  by  Park  et  al. 
[13]  or  the  inverse  ordering  as  suggested  by  Thomas  [12].  Recently,  new  results  supporting  Park 
et  al.’s  point  of  view  has  been  obtained  by  Reynolds  et  al.  [14].  We  show  that  this  ordering 
depends  crucially  on  the  position  of  the  Zn3d  bands,  which  is  not  correctly  obtained  in  the  local 
density  approximation  (LDA).  We  also  present  results  of  our  total  energy  results  for  ZnO  in  both 
wurtzite  and  zincblende  structure. 

Next,  we  present  results  of  first-principles  calculations  of  the  relative  stability  of  the  wurtzite, 
zincblende  and  rocksalt  forms  of  MgO  and  obtain  an  estimate  for  the  expected  gap  in  wurtzitic 
MgO.  We  also  present  preliminary  results  for  an  ordered  ZnMg02  structure,  which  allows  us  to 
obtain  a  first  idea  of  the  expected  band  gap  dependence  in  this  system.  Using  the  dielectric  midgap 
energy  charge  neutrality  point  model,  [11]  we  obtain  an  estimate  of  the  band-offset  between  ZnO 
and  MgO. 

METHOD  OF  CALCULATION 

The  computational  method  used  in  this  work  is  the  density  functional  theory  in  the  local 
density  approximation  (LDA).  The  Kohn-Sham  equations  are  solved  using  the  full-potential  linear 
muffin-tin  orbital  (LMTO)  method  developed  by  Methfessel  [15].  Details  of  the  computational 
procedure  (sphere  radii  choice,  angular  momentum  cut-off  paramters,  size  of  basis  sets)  are  similar 
to  those  in  recent  work  on  GaN  and  related  materials  and  were  carefully  checked  for  convergence 
[17]. 

For  the  study  of  the  alloys,  we  used  zincblende  derived  structures  as  a  model  system.  The  gaps 
in  wurtzite  are  usually  slightly  larger  than  those  in  zincblende  forms.  The  differences  between  the 
gaps  in  the  two  structures  typically  vary  linearly  across  the  alloy  system  as  we  found  in  previous 
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Table  I:  Properties  of  ZtiO 


wurtzite 
expt  theory 

zincblende 

theory 

"Ml) 

3.25 

3.21 

eja  (A) 

1.602 

1.608 

u 

0.382 

0.380 

O-cuhic 

4.49 

volume  per  molecule  (A^) 

23.8 

23.4 

22.6 

^coh  (eV/molecule) 

8.9 

8.9 

bulk  modulus  B  (GPa) 

157 

159 

Table  II:  Selected  eigenvalues  (in  eV)  from  the  top  of  the  valence  band. 


present  FP-LMTO 

pseudopotentiaP 

GW'’ 

expt^ 

nv 

-0.7 

-0.85 

-0.8 

-0.85 

T3v 

-3.8 

-4.0 

-5.0 

-4.3 

Ai,3 

-2.1 

-2.37 

-2.48 

-2.0 

-0.4 

-0.43 

-0.43 

-0.45 

Zn  3d  average 

-5.1 

-5.21 

-6.4 

-6.95 

“  Schroer  et  al.  [9] 

^  Massida  et  al.  [10] 

^  Girard  et  al.  [8] 

^  Note  that  we  use  Rashba’s  [19]  notation  for  the  symmetrylabeling  and  thus  our  Fs  and  Fe  are 
interchanged  from  those  in  Girard  et  al.  [8] 

work  on  In^Gai-iN  alloys  [18].  As  a  model  50  %  compound,  we  used  the  chalcopyrite  structure. 
While  this  is  usually  a  low  energy  modification  and  does  not  quite  display  the  properties  of  a 
random  alloy,  it  does  nevertheless  give  some  idea  of  the  band-gap  bowing.  More  extensive  studies 
of  the  disorder  effects  on  band  gap  bowing  are  required  and  are  in  progress. 

The  valence  band  ordering  depends  crucially  on  the  nature  of  the  spin-orbit  coupling.  We 
have  studied  these  within  the  atomic  sphere  approximation  [16]  to  the  LMTO  method.  Prior 
checks  show  that  the  band-structure  without  spin-orbit  coupling  in  this  approximation  is  close 
to  that  obtained  in  the  full-potential  method. 

RESULTS 

ZnO  total  energy  and  band  structure 

Our  calculated  total  energy  and  related  parameters  are  summarized  in  Table  I  and  are  seen 
to  be  in  good  agreement  with  experimental  data. 

In  Table  II,  we  compare  some  of  the  band  structure  energies  with  photoemission  data  by 
Girard  et  al.  [8].  One  may  see  that  the  deeper  eigenvalues  are  slightly  too  high  in  LDA  (except 
for  which  is  a  result  of  the  increasing  self-energy  corrections.  In  particular,  one  may  notice 
the  underestimate  of  the  Zn  3d  bands.  The  latter  is  of  special  importance  because  its  hybridization 
with  the  02p  band  strongly  affects  the  details  of  the  valence  band  meiximum  near  the  gap. 

Table  III  gives  our  results  for  the  eigenvalues  near  the  band  gap.  These  were  obtained  in 
the  ASA  because  we  only  have  spin-orbit  coupling  included  in  that  version  of  our  LMTO  codes. 
However,  the  ASA  band  structure  without  spin-orbit  coupling  is  in  good  agreement  with  that 
obtained  from  the  FP-LMTO  method,  except  for  having  a  slightly  larger  band  gap.  Since  the 
gap  needs  to  be  corrected  anyway,  this  is  not  a  serious  problem. 

We  now  discuss  the  effects  of  the  Zn3d  band  position  on  the  valence  band  maximum.  Accord- 


Table  III:  Band  gaps  and  valence  band  splittings  in  ZnO. 


theory 

Expt.*^ 

without 

with 

Zn  3d  shift 

minimum  gap  at  P 

1.4 

1.8 

3.437 

Ea  -  Eb  (meV) 

37 

9.5 

9.5 

Eb  ~  Ec  (meV) 

80 

34.0 

39.7 

Zn  3d  band  position  (at  P)  (eV) 

-5.05 

-6.25 

-6.95*' 

“  Ref.  [14] 

''  Ref.  [8] 

ing  to  the  Hopfield  model, [20]  the  Tg  -  Tt  splittings  are  given  by 

Et,  -  gr,  =  ±  \/( Ac  +  A,)^  -  ^ A,A,  (1) 

The  As  denotes  the  spin-orbit  splitting  that  would  be  obtained  in  the  cubic  zincblende  struc¬ 
ture  and  is  3  times  the  value  of  the  A2  =  A3  parameters  of  the  Rashba-Shika-Pikus  model 
Hamiltonian.  [17] 

The  experimental  values  for  the  A-B,  and  B-C  splittings,  where  the  A,  B,  and  C  valence  band 
states  are  given  in  order  of  decreasing  energy,  are  given  in  the  last  column  of  Table  III.  Now,  one 
can  interpret  these  with  A  having  Pg  and  B  and  C  having  Py  symmetry,  in  which  case  one  obtains 
as  crystal  field  and  spin-orbit  coupling  parameters  Ac  =  42.0  raeV  and  A^  =  16.7  meV,  or  with 
B  having  Pg  and  A  and  C  having  P7  character,  in  which  case  one  obtains  Ac=43.3  meV  and 
As  =  -13.1  meV.  The  possibility  of  a  negative  spin-orbit  coupling  arises  from  the  hybridization 
with  the  Zn3d  band.  Indeed,  a  lower  lying  d  band  contributes  a  negative  component  to  the 
spin-orbit  splitting.  [21,  22] 

Without  spin-orbit  coupling  and  in  a  pure  LDA  calculation,  we  obtain  a  band  gap  of  1.3 
eV  and  a  crystal  field  splitting  of  the  valence  band  maximum  Pe  —  Pi  of  95  raeV.  The  results 
with  spin-orbit  included  also  indicate  too  large  a  spin-orbit  and  crystal  field  splitting.  When  we 
empirically  shift  the  Zn3d  band  position  in  our  Hamiltonian,  we  find  that  the  gap,  the  crystal 
field  splitting  and  the  spin-orbit  splitting  depend  sensitively  on  the  Zn3d  band  position.  However, 
if  we  shift  the  Zn  3d  band  all  the  way  down  to  its  experimental  position  [8]  of  -6.95  eV,  we  find 
that  the  crystal  field  splitting  becomes  as  low  as  16  meV.  The  best  fit  is  obtained  for  a  shift  of 
about  1.2  eV  and  is  included  in  Table  III.  In  order  to  see  whether  this  case  corresponds  to  a 
negative  or  positive  spin-orbit  splitting,  we  perform  an  analogous  calculation  for  zincblende  ZnO. 
In  that  case,  the  spin-orbit  coupling  splits  the  P15  into  a  quadruplet  Ps  and  a  doublet  P7  and  we 
can  unambigously  determine  the  sign  of  the  spin-orbit  splitting  without  the  need  for  a  tedious 
inspection  of  the  eigenvectors.  When  we  shift  the  Zn3d  band  in  zincblende  to  the  same  position  as 
in  wurtzite,  we  find  a  spin-orbit  splitting  of  -12  meV.  This  is  consistent  with  the  value  extracted 
from  the  wurtzite  case  using  Hopfield’s  model.  Hence,  our  present  results  seem  to  support  a 
negative  spin-orbit  splitting.  Our  calculated  values  extracted  from  column  2  of  Table  III  are 
As  =  —12.9  meV  and  Ac  =  37.4  meV.  However,  we  caution  that  the  results  are  quite  sensitive 
to  the  d-band  position.  A  slightly  larger  d-band  shift  results  in  a  positive  spin-orbit  splitting. 
However,  we  then  would  face  the  problem  of  how  to  explain  the  serious  underestimate  of  Ac-  We 
note  that  our  LDA  calculaton  should  tend  to  overestimate  the  Ac  because  the  underestimate  of 
the  gap  increases  the  repulsive  coupling  between  the  Pi  valence  and  Pi  conduction  band  states. 
Further  work  is  required  to  fully  interpret  the  data  of  Ref.  [14]. 

The  question  now  arises  as  to  why  the  required  shift  of  the  Zn3d  band  appears  to  be  less  than 
that  indicated  by  the  photoemission  data.  This  is  a  rather  subtle  question.  The  origins  of  the 
discrepancies  between  theory  and  experiment  are  the  difference  between  Kohn-Sham  eigenvalues 


Table  IV:  Total  energy  results  for  MgO. 


relaxed 

theory 

ideal 

zinc- 

rock- 

expt.“ 

rock- 

wurtzite 

wurzite 

blende 

salt 

salt 

a  (A) 

3.413 

3.199 

c/a 

1.204 

1.633 

u 

0.5 

0.375 

bond  length  (A) 

1.971  ±  c 
2.055  II  c 

1.959 

1.959 

2.071 

2.1075 

^cubic 

4.524 

4.141 

4.215 

volume  per  molecule  (A^) 

20.7 

17.8 

17.8 

17.8 

18.7 

Bulk  modulus  B  (GPa) 

148 

129 

178 

153-162 

■^coh  (eV/molecule) 

11.56 

11.39 

11.36 

11.67 

10.41 

“  From  Ref.  [25]  and  refs,  therein. 

of  density  functional  theory  and  quasiparticle  energies.  Because  of  the  energy  dependence  of  the 
self-energy  operator,  it  may  be  impossible  to  obtain  both  valence  band  maximum  and  Zn3d  bands 
consistently  from  one  energy  independent  Hamiltonian.  Clearly,  part  of  the  shift  must  arise  from 
a  better  treatment  of  exchange,  one  of  the  main  errors  of  LDA  being  the  incomplete  cancellation 
of  the  self-interaction  by  the  averaged  exchange  [23,  24].  This  can  be  handled  by  an  improved 
energy  independent  Hamiltonian,  (here  obtained  empirically  but  in  possibly  justifiable  by  means 
of  improved  density  functionals).  However,  there  still  remains  an  energy  dependent  part  in  the 
true  quasiparticle  shift,  in  particular  for  deep  localized  narrow  bands  such  as  Zn  3d  bands. 

MgO  wurtzite/rocksalt  stability 

As  a  starting  point  for  investigating  the  rocksalt  versus  wurtzite  relative  stability  in  the  alloy 
system,  we  here  examind  the  end  compound  MgO.  In  Table  IV  we  give  our  total  energy  results 
for  four  structures  of  MgO,  the  equilibrium  structure  (rocksalt),  the  relaxed  (and  ideal)  wurtzite 
structure,  and  the  zincblende  structure.  The  ideal  wurtzite  has  bond  lengths  and  cohesive  energy 
very  close  to  that  of  zincblende.  When  the  structural  parameters  for  MgO  in  a  wurtzitic  lattice 
(c/a  and  u)  are  relaxed,  however,  we  find  that  u  =  1/2.  This  implies  that  the  Mg  and  O  atoms  lie 
in  the  same  plane.  In  other  words  the  buckled  hexagonal  rings  of  the  wurtzitic  basal  plane  become 
flat.  It  also  means  that  the  Mg  is  at  equal  distance  from  the  O  below  and  above  it  along  the 
c-axis.  The  coordination  is  thus  either  3-fold  if  one  only  counts  the  atoms  in  the  plane  or  rather 
5-fold  when  one  includes  the  atoms  above  and  below,  for  which  the  bond  lengths  are  slightly 
larger  than  the  in-plane  ones.  (See  Table  IV).  The  five- fold  coordination  is  consistent  with  the 
tendency  for  ionic  compounds  to  prefer  a  high  coordination.  The  energy  of  this  hypothetical 
structure  is  0.10  eV/molecule  above  that  of  the  rocksalt  structure  and  lower  than  zincblende 
(or  ideal  wurtzite)  by  0.2  eV/molecule.  We  found  that  a  further  continuous  distortion  can  turn 
this  “degenerate”  wurtzitic  structure  into  the  rocksalt  structure.  Calculations  with  the  structure 
confined  to  such  a  transformation  path  indicate  that  there  is  a  barrier  which  would  mean  that 
the  wurtzitic  structure  is  indeed  metastable.  Details  of  this  will  be  presented  elsewhere.  The  c/a 
and  It  parameters  of  MgO  are  thus  very  different  from  those  in  ZnO,  which  are  closer  to  ideal 
wurtzite  and  are  given  in  the  previous  section. 

Alloys 

In  view  of  the  above  noted  complication  of  MgO  and  ZnO  having  very  different  types  of 
c/a  and  u  parameters,  it  is  far  from  obvious  what  will  happen  to  the  structure  at  intermediate 
compositions.  In  order  to  bypass  this  problem,  we  decided  to  first  investigate  the  alloy  band  gap 
bowing  behavior  in  zinblende  alloys  first. 


Table  V:  LDA  band  gaps. 


ZnO 

MgO 

ZnMg02 

zincblende 

0.75 

3.76 

2.115 

wurtzite 

1.27 

3.69 

rocksalt 

5.24 

Our  LDA  band  gaps  for  zincblende  ZnO,  MgO  and  chalcopyrite  ZnMg02  are  given  in  Table 
V  along  with  those  of  some  of  the  other  structural  modifications.  From  the  zincblende  results 
we  obtain  a  slight  bowing  toward  lower  gaps  with  bowing  coefficient  b  of  0.56  eV,  defined  in  the 
usual  manner  by 

Eg{x)  =  (1  -  x)Eg{A)  +  xEg{B)  -  bx{l  -  x),  (2) 

where  A=ZnO,  B=MgO  and  x  is  the  relative  amount  of  MgO  in  the  alloy. 

The  experimental  gap  of  MgO  in  rocksalt  is  7.8  eV,  which  requires  a  gap  correction  of  2.56 
eV.  With  this  correction  applied  to  wurtzitic  MgO,  we  obtain  an  estimated  gap  of  6.25  eV.  This 
is  consistent  with  the  experimental  results  of  Ohtomo  et  al.  [6]  who  obtained  Mg^Zni-^O  alloys 
up  to  x  =  0.4.  Beyond  0.3,  MgO  phase-separation  started  to  occur.  These  results  were  obtained 
by  a  laser  ablation  growth  technique.  The  band  gaps  obtained  from  the  shift  of  the  optical 
transmission  measurements  varied  from  3.3  eV  in  ZnO  to  4.1  eV  at  about  x  =  0.36.  These  are 
ail  room  temperature  gaps  which  differ  from  our  theory  estimates  by  about  0.1  eV.  Using  our 
estimated  value  of  6.25  for  MgO  and  a  gap  of  3.4  eV  for  ZnO,  and  our  bowing  coefficient  of  0.56 
eV  predict  a  gap  of  4.2  eV  at  33  %  MgO,  consistent  with  their  results. 

Band-offsets 

Within  the  dielectric  midgap  energy  model,  the  band-offsets  are  obtained  by  aligning  a  suitably 
defined  midgap  point  which  plays  the  role  of  a  charge  neutrality  point.  In  other  words,  when  this 
level  is  aligned,  negligible  charge  transfer  from  one  material  to  the  other  is  assumed  to  occur. 
This  defines  the  self-consistent  line-up  of  the  two  band  structures.  So,  one  only  needs  to  calculate 
where  the  valence  band  maximum  lies  with  respect  to  this  midgap  point.  Our  midgap  energy 
points  for  relaxed  wurtzitic  MgO  and  ZnO  are  3.03  eV  and  1.55  eV  above  their  valence  band 
maxima  respectively.  This  would  result  in  a  valence  band  offset  between  pure  MgO  and  ZnO  of 
1.48  eV.  With  the  above  estimated  gap  difference  of  2.85  eV,  this  gives  a  conduction  band  offset 
of  1.37  eV.  Taking  into  account  the  various  uncertainties,  the  conduction  band  to  valence  band 
ratio  is  predicted  to  be  about  1.  The  alignment  is  of  type-L 

CONCLUSIONS 

In  summary,  we  have  obtained  total  energy  and  band  structure  results  for  ZnO  and  MgO 
in  various  relevant  crystal  structures.  Our  results  of  LDA  calculations  for  ZnO  total  energy 
properties  and  band  structure  are  in  good  agreement  with  experimental  data,  except  for  the 
details  of  the  valence  band  splitting  at  the  meV  scale  and  the  usual  LDA  shortcomings  regarding 
gaps  and  deep  semicore  like  band  positions.  We  showed  that  the  latter  play  a  crucial  role  in 
determining  the  sign  of  the  spin-orbit  coupling  and  while  we  could  not  definitively  solve  the 
controversy  about  the  valence  band  ordering,  our  present  results  seem  to  support  a  negative  spin- 
orbit  splitting.  We  found  that  MgO  confined  to  the  wurtzite  structure  has  an  unusual  behavior 
with  a  structure  which  is  really  5-fold  rather  than  4-fold  coordinated.  We  found  a  small  gap 
bowing  and  an  overall  gap  dependence  consistent  with  the  data  by  Ohtomo  et  al.  [6].  We  find 
that  the  gap  of  wurtzitic  MgO  is  significantly  lower  than  that  of  rocksalt  MgO.  We  predict  type-I 
band  offsets  between  ZnO  and  Mg^Zni-xO  alloys  with  an  approximately  1/1  valence  band  to 
conduction  offset  ratio. 

Supported  by  the  Office  of  Naval  Research. 
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ABSTRACT 

Growth  kinetics,  mechanisms,  and  material  quality  in  GaN  epitaxial  lateral  over-growth 
(ELO)  were  examined  using  a  single  mask  of  systematically  varied  patterns.  A  2-D  gas  phase 
reaction/diffusion  model  describes  how  transport  of  the  Ga  precursor  to  the  growth  surface 
enhances  the  lateral  rate  in  the  early  stages  of  growth.  In  agreement  with  SEM  studies  of 
truncated  growth  runs,  the  model  also  predicts  the  dramatic  decrease  in  the  lateral  rate  that 
occurs  as  GaN  over-growth  reduces  the  exposed  area  of  the  mask.  At  the  point  of  convergence,  a 
step-flow  coalescence  mechanism  is  observed  to  fill  in  the  area  between  lateral  growth-fronts. 
This  alternative  growth  mode  in  which  a  secondary  growth  of  GaN  is  nucleated  along  a  single 
convergence  line,  may  be  responsible  for  producing  smooth  films  observed  to  have  uniform 
cathodoluminescence  (CL)  when  using  Ipm  nucleation  zones.  Although  emission  is  comprised 
of  both  UV  (~365nm)  and  yellow  (~550nm)  components,  the  spectra  suggest  these  films  have 
reduced  concentrations  of  threading  dislocations  normally  associated  with  non-radiative 
recombination  centers  and  defects  known  to  accompany  growth-front  convergence  lines. 

INTRODUCTION 

GaN  grown  on  sapphire  or  SiC  has  a  high  defect  density  due  to  a  significant  lattice 
mismatch  at  the  substrate-material  interface.  This  high  defect  density  (>10^  per  cm^  [1]) 
contributes  to  the  poor  electrical  and  optical  materials  quality  [2-4].  There  have  been  many 
demonstrations  that  epitaxial  lateral  overgrowth  (ELO)  can  reduce  the  dislocation  density  in  GaN 
films  grown  by  metal-organic  chemical  vapor  deposition  (MOCVD)  [5-7].  This  reduction  is  the 
key  to  fabricating  optoelectronic  and  electronic  devices  with  high  performance  and  reliability. 

It  has  been  shown  that  ELO  feature  morphology  is  influenced  by  several  factors  that 
include  temperature,  V/III  ratio,  and  the  mask  fill  factor  [8-11].  The  manipulation  of  these 
factors  results  in  the  cross-section  morphology  changing  systematically  from  triangles,  to  five¬ 
sided  polygons,  to  rectangles.  The  manner  in  which  these  initial  growth  features  converge  and 
coalescence  into  continuous  films  has  a  direct  effect  on  optical  quality  and  uniformity  of  the 
resulting  smooth  film. 

EXPERIMENT 

A  2  pm  thick  GaN  base  layer  was  grown  by  MOCVD  in  a  rotating  disk  reactor  on  2-in 
diameter  sapphire  wafers  using  a  low  temperature  buffer  layer  followed  by  high  temperature 
planar  growth.  This  was  then  covered  with  1000  A  Si02  or  Si3N4  and  patterned  using  standard 
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photolithography  techniques.  Sub-sets  of  dot  and  line  patterns,  varied  systematically  with  respect 
to  both  nucleation  and  mask  dimensions  were  included  in  a  single  pattern.  The  dimensions  in 
each  sub-set  are  denoted  as  w:m,  where  w  is  nucleation  width  (varied  from  1  pm  to  8pm)  and  m 
is  the  masked  width  (varied  from  1pm  to  32pm).  A  fill  factor  6  is  defined  as  w/(w-i-m).  Line 
and  dot  patterns  were  oriented  both  in  the  preferential  ELO  <l-]00>  direction  and  in  the  <1- 
210>  direction,  which  yields  a  smaller  lateral  to  vertical  growth  ratio  [5].  The  ELO  growth  was 
performed  at  substrate  temperatures  of  1000°C,  1050°C,  or  1090°C  using  H2  as  a  carrier  gas. 

The  total  pressure  was  140  Torr  with  a  TMG  flow  rate  of  1 8  seem  and  44%  NH3.  An  in-situ 
optical  growth  monitor  was  used  to  measure  the  growth  rate  of  a  center  control  section  with  a  1 
cm  diameter  that  contained  no  patterning.  Samples  were  characterized  by  scanning  electron 
microscopy  (SEM)  and  cathodoluminescence  (CL). 


MODEL  OF  ELO  TRANSPORT  LIMITATIONS 


In  ELO,  growth  does  not  occur  on  the  dielectric  masking  material.  Thus,  the  Ga  precursor  is 
not  consumed  (depleted)  above  the  mask,  creating  an  extra  supply  of  reactants  that  can  be 
transported  via  gas-phase  diffusion  to  unmasked  areas.  This  additional  source  of  Ga  species  leads 
to  growth  rate  enhancement  on  the  unmasked  regions,  which  will  drop-off  with  distance  from  the 
mask.  We  have  constructed  a  steady-state  (time-independent)  2-D  finite-difference  model  of  the 
gas-phase  diffusive  transport  and  growth-rate  enhancement  of  GaN  during  ELO. 

The  model  solves  the  diffusion  equation  (Laplace’s  equation)  for  the  Ga  concentration,  n,  in 
2-D, 


dhi  d-n 
dx^  dy^ 


=  0 


(1) 


using  a  simple  iteration  scheme.  The  top  boundary  condition  specifies  that  the  concentration  is  a 
constant  across  the  domain.  Zero-flux  boundary  conditions  are  used  at  the  left  and  right 
boundaries.  At  the  surface,  there  is  a  zero-flux  boundary  condition  on  masked  regions.  For 
exposed  regions,  the  boundary  condition  .states  that  the  diffusive  flux  of  Ga  species  to  the  surface 
equals  the  rate  of  destruction  due  to  deposition  chemistry,  i.e., 

=  (2) 

where  D  is  the  diffusion  constant  (with  units  of  cm^/s),  and  k  is  the  surface  reaction  rate  constant 
(with  units  of  cm/s). 

The  model  calculates  the  growth  rate  enhancement,  i.e.,  the  growth  rate  in  the  unmasked 
region  divided  by  the  normal  growth  rate  when  masking  (ELO)  is  not  used.  The  only  parameter 
needed  in  the  model  is  the  ratio  DA.  The  diffusion  constant  is  estimated  from  previous  work 
modeling  GaAs  growth  [12]  to  be  28.1  cmYs  at  1050  "C  and  140  Torr.  A  surface  reaction 
probability  of  one  for  the  Ga  species  corresponds  to  a  rate  constant  k  of  24,700  cm/s  [13],  which 
yields  a  value  of  DA  of  1 1.4  pm.  Using  a  unit  reaction  probability  might  seem  unreasonable. 
However,  since  the  system  is  transport  limited,  results  of  the  model  are  insensitive  to  the  value  of 
the  rate  constant  used.  Figure  1  shows  the  calculated  growth  rate  (normalized  by  the  growth  rate 
go  for  the  case  of  no  masking)  for  patterns  in  the  series  x:(5-x),  x:(9-x)  and  x:(18-x)  plotted  as  a 
function  of  0. 

A  very  large  growth-rate  enhancement  is  seen  at  small  0,  a  factor  of  6.6  for  a  1  ;8  (0  =  0. 1 1 1 ) 
pattern.  The  growth  rate  slows  dramatically  as  the  ratio  of  the  exposed  to  unexposed  areas 
increases,  dropping  to  3.75  at  0  =  0.222,  for  example.  For  the  range  of  feature  dimensions  that 
we  studied,  the  growth-rate  enhancement  depended  only  on  0,  and  not  on  w  and  m.  For  example. 


the  calculated  growth  rate  on  a  1:8  feature  matches  that  on  a  2:16  feature  to  within  0.5%.  The 
calculated  growth  rate  g  was  empirically  observed  to  have  a  power-law  dependence  on  the  fill- 
factor,  i.e., 

(3) 

where  is  the  growth  rate  where  no  masking  is  used.  The  solid  curve  in  Figure  1  is  the  fit  from 
Eq.  (3),  which  describes  the  2-D  transport  results  almost  exactly. 


Fill-Factor  (e) 


Figure  1.  Growth  rate  g  (normalized  by  the  unenhanced  growth  rate  go)  calculated  hy  the 
2-D  transport  model  as  a  function  of  fill-factor  6.  Solid  line  shows  the  fit  from  Eq.  (3). 

One  interesting  feature  of  the  model  is  that  the  total  growth  rate  averaged  over  both  the 
masked  and  unmasked  regions  is  very  weakly  dependent  on  0,  and  is  very  nearly  go,  the 
unenhaneed  value.  It  is  easily  seen  that  the  average  growth  rate  is 

g  =  s(l  =  sfi°'"\  (4) 

which  is  consistent  with  the  weak  0  dependence. 

During  the  actual  growth  process  the  masked  regions  are  overgrown,  and  the  ratio  of  exposed 
GaN  to  dielectric  material,  i.e.,  0,  decreases  continuously.  These  calculations  show  that  the 
growth  rate  should  drop  dramatically  and  continuously  as  overgrowth  proceeds.  The  growth  rate 
enhancement  due  to  the  transport  effects  should  follow  Eq.  (3)  as  0  drops  throughout  the  fill-in 
process.  The  growth  rate  will  drop  to  go  when  the  gap  is  eompletely  filled. 

This  model  is  confirmed  by  the  series  of  SEM  photos  in  Figure  2,  whieh  shows  the 
overgrowth  from  1:32,  1:16,  and  1:8  mask  patterns  from  the  same  growth  run.  Analysis  of  the 
SEMs  shows  that  the  1:32  area  has  overgrown  the  dielectric  mask  by  d  =  12  pm.  The  features 
from  the  1:16  pattern  have  not  begun  to  touch,  and  thus  have  growth  less  than  d  =  8  pm.  The  1:8 
features  have  touched,  but  are  not  yet  coalesced  into  a  smooth  film,  and  thus  the  lateral  growth 
distance  is  around  d  =  4  pm.  Finally,  GaN  from  a  1:4  pattern  not  shown  coalesced  into  a  smooth 
film,  indicating  that  d  >  2  pm.  Thus,  the  extent  of  lateral  growth  has  dropped  precipitously  with 
fill-factor.  Note  that  the  gap  between  the  upper  and  lower  set  of  features  is  simply  due  to  a  gap  in 
the  lithographically  defined  mask  pattern. 

Equation  (3)  is  the  model  growth  rate  as  a  function  of  0  at  any  point  in  time.  This  simple 
differential  equation  can  be  integrated  to  give  the  growth  front  as  a  function  of  time 

x(<) = [(a +ik  (Kb ■  ra 

where  a=0.862,  L  is  w-Fm  (exposed  plus  masked  distanees),  and  Xo  is  w/2.  Differentiating  Eq.  (5) 
with  respeet  to  time  yields  g  of  Eq.  (3),  where  0  =  2xlL. 


Figure  2.  SEM  micrographs  showing  the  extent  of  lateral  overgrowth  from  patterns  of 
different  masked  dimensions  (a)  1:32  (x600  magnification),  (b)  1:16  (xlOOO),  (c)  1:8  (xl600) 


Figure  3  compares  the  lateral  growth  distance  d  =  x{t)-xo  for  two  sets  of  mask  patterns,  with 
the  masked  lines  running  along  the  1 1(-2)0  and  1(-1)00  directions  in  Figure  3a  and  Figure  3b, 
respectively.  All  of  the  parameters  in  Eq.  (5)  are  known  except  the  unenhanced  growth  rate  ga, 
which  is  determined  from  the  measured  lateral  growth  distance  from  the  1 :32  pattern,  i.e.,  0  = 
0.0303.  Agreement  between  the  model  and  experiment  is  quite  good. 
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Figure  3.  Comparison  of  lateral  growth  distance  as  a  function  of  initial  fill-factor  measured 
from  the  SEM  micrographs  and  calculated  from  Eq.  (5). 


AN  ALTERNATIVE  COALESCENCE  MECHANISM 

SEM  “snap-shots”  reveal  that  coalescence  can  also  occur  via  a  mechanism  quite  different 
from  that  observed  in  previous  ELO  studies.  Typically,  coalescence  of  adjacent  features  results 
from  each  growth  front  progressing  laterally  until  the  region  in  between  is  filled  completely.  [11] 
However  as  shown  in  Figure  4a,  the  adjacent  lateral  growth  fronts  have  only  just  come  to  the 
point  of  convergence  and  yet  the  vertical  height  of  the  coalescence  region  has  nearly  reached  the 
level  of  the  upper-most  surfaces.  This  apparent  enhancement  in  the  local  growth  rate  is 
consistent  with  the  decrease  described  by  the  ELO  transport  model.  Since  the  lateral  rate  is 
reduced  greatly  by  the  time  the  convergence  point  is  reached,  the  creation  of  a  reaction  site  on 
the  surface  more  favorable  to  growth  will  be  conducive  to  a  relatively  greater  rate.  In  this  case,  it 
is  the  point  of  convergence  itself,  where  the  lateral  growth  fronts  first  come  in  contact,  which 
serves  as  the  reaction  site  for  initiating  new  growth.  This  observation  of  local  growth  rate 


enhancement  under  conditions  where  lateral  growth  is  limited  by  TMG  gas-phase  transport,  also 
supports  previous  suggestions  that  competition  by  various  crystal  faces  for  nutrients  diffusing  on 
the  surface  has  an  important  role  in  GaN  growth  [14], 


(a)  (b) 

Figure  4.  (a)  SEM  of  a  selective  area  growth  dot  pattern  showing  that  adjacent  lateral 
growth  fronts  have  only  just  touched,  (b)  Diagram  of  the  step-flow  coalescence  mechanism. 


As  proposed  in  Figure  4b,  the  first  “step”  and  the  first  layer  of  GaN  is  initiated  at  the 
moment  of  contact  between  adjacent  growth  fronts.  This  new  surface  provides  an  avenue  for 
rapid  growth  of  one  layer  at  a  time  since  prior  to  convergence,  the  lateral  progress  of  a  single 
layer  is  inhibited  by  the  inert  mask.  Each  new  surface  then  defines  new  steps  along  the  initial 
growth  fronts  for  the  nucleation  of  each  subsequent  layer,  as  suggested  by  the  slight  upward 
curvature  of  the  vertical  growth  front  end-points  in  Figure  4a.  Thus,  a  step-flow  coalescence 
mechanism  is  responsible  for  the  rapid  lateral  rate.  This  in  turn  drives  the  vertical  rate,  filling  the 
coalescence  region.  Since  crystal  growth  in  the  coalescence  region  begins  at  a  single  point  or 
line,  films  having  more  uniform  properties  may  result.  The  data  in  the  next  section  support  this. 

CATHODOLUMINESCENCE 


Cathodoluminescence  (CL)  with  a  sub-micron  spatial  resolution,  is  a  useful  method  to 
characterize  the  optical  quality  of  GaN  films.  The  CL  was  measured  from  samples  of  both 
planar  GaN  and  smooth  coalesced  films  grown  with  the  ELO  technique.  Using  an  SEM  to  excite 
luminescence  (lOOpA  beam  current  at  10  keV),  [15]  band-edge  or  deep-level  defect  band 
emission  imaging  was  selected  with  filters. 

Figure  5a  shows  band-edge  emission  at  363  nm  for  a  144  pm^  area  of  non-ELO  GaN. 

The  mottled  appearance  is  characteristic  of  GaN  and  has  been  attributed  to  threading  dislocations 
in  the  material  that  appear  as  non-radiative  recombination  centers  [16].  Figure  5b  shows  band- 
edge  emission  for  a  similar  area  of  a  fully  coalesced  ELO  region  grown  using  a  1:1  mask  pattern 
on  the  same  wafer.  SEM  reveals  this  region  to  have  a  smooth  surface,  and  as  shown  in  the 
figure,  the  luminescence  intensity  does  not  show  a  periodicity  corresponding  to  the  underlying 
mask.  In  addition,  the  luminescence  intensity  is  much  more  uniform  than  for  the  planar  GaN, 
suggesting  a  reduction  of  the  threading  dislocation  density  due  to  the  ELO  growth.  The  overall 
luminescence  intensity  of  the  ELO  sample  is  approximately  25%  less  than  the  intensity  of  the 
non-ELO  material.  This  suggests  that  other  types  of  non-radiative  point  defects  may  be 
introduced  that  affect  the  overall  optical  quality  of  the  material. 

Additional  CL  tests  on  samples  with  varying  fill  factor  show  that  as  the  amount  of  ELO 
material  is  increased  relative  to  the  nucleation  area,  the  overall  intensity  of  band-edge  and  deep 
level  emission  increased.  Also,  as  the  amount  of  ELO  material  is  increased,  the  uniformity  of  the 
CL  is  decreased.  This  illustrates  the  important  trade-off  between  luminescence  uniformity  and 
luminescence  intensity  in  the  development  of  a  GaN  base  for  the  fabrication  of  devices. 


(a) 
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Figure  5.  (a)  CL  image  at  363  nm  of  non-ELO  GaN  (4  jxm  grown  at  1050'’C).  (b)  CL  image 
of  ELO  GaN  from  a  1:1  pattern  (4  pm  grown  at  1050°C). 
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ABSTRACT 

The  electronic  band  structure,  structural  and  bonding,  and  some  linear  and  nonlinear 
optical  properties  are  calculated  for  a  new  ternary  nitride  compound  ZnGeN2  using  first- 
principles  methods.  Good  agreement  is  obtained  with  crystallographic  data  and  with 
absorption  data  on  the  band  gap.  The  prospects  for  use  as  nonlinear  optical  material  are 
discussed. 

INTRODUCTION 

The  most  common  way  to  achieve  band-structure  engineering  of  semiconductor 
compounds  is  to  make  alloys  using  cations  or  anions  from  the  same  column  of  the  parent 
compound.  For  example,  GaN  can  be  modified  by  making  InxGai.xN  alloys,  i.e.  replacing 
Ga  by  another  group  III  element  In.  On  the  other  hand,  one  may  also  replace  every  other 
group-III  element  by  a  group  II  and  a  group  IV  element.  This  will  lead  to  a  new  kind  of 
ternary  compounds  II-IV-N2,  such  as,  e.g.  ZnGeNa.  This  kind  of  chemical  substitution  is 
well  known  in  more  traditional  III-V  compounds:  e.g.  GaP  — ^ZnGeP2.  Typically  because 
the  replacement  of  a  group  III  by  a  group  II  and  IV  element  leads  to  stringent  conditions 
on  local  charge  neutrality,  this  leads  to  a  well  defined  cation-ordered  crystal  structure 
rather  than  a  disordered  alloy.  This  may  avoid  the  disadvantages  of  alloy  disorder 
scattering  in  the  transport.  In  addition,  most  semiconductor  alloys  are  in  principle  only 
metastable  and  some  (like  InxGai.xN  alloys)  suffer  from  rather  severe  phase  segregation 
problems.  In  most  IITV  semiconductors  the  III-->(II,IV)  replacement  leads  to  a 
superstructure  of  the  zincblende  structure,  known  as  the  chalcopyrite  structure.  The 
ordering  is  also  typically  accompanied  by  a  local  structural  distortion  of  the  tetrahedral 
first  nearest  neighbor  environment.  In  other  words,  the  anion  makes  different  bond 
lengths  with  each  of  the  two  cations  and  thus  is  displaced  off-center  from  the  cation 
tetrahedron  surrounding  it.  The  latter  may  in  addition  slightly  distort  from  the  regular 
tetrahedron  shape.  This  leads  to  an  overall  c/a  distortion  of  the  tetragonal  lattice.  These 
anisotropies  in  the  structure  translate  in  anisotropies  in  the  electronic  and  optical 
properties.  Among  others,  this  makes  the  chalcopyrites  suitable  for  second  order 
nonlinear  optics:  the  anisotropy  in  index  of  refraction  leads  to  the  possibility  of  phase 
matching  light  beams  of  different  frequencies  that  can  be  generated  by  second-order 
nonlinear  optical  susceptibilities  because  the  structure  is  noncentrosymmetric.  It  also 
splits  certain  degeneracies  in  the  band  structure  and  thus  plays  a  similar  role  as  strain  in 
strained  superlattices  which  is  well  known  to  be  an  efficient  way  to  tailor  the  band 
structure  of  semiconductors.  The  difference  is  that  in  n-rV-V2  compounds,  this  can  be 
done  in  the  bulk  semiconductor  instead  of  only  in  thin  films. 

In  the  case  of  nitrides,  a  similar  family  of  compounds  may  be  conceived  but  because  the 
natural  stacking  favored  by  nitrides  is  hexagonal  (because  of  the  higher  ionicity),  we  now 
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have  to  think  of  structures  derived  from  wurtzitc  by  cation  ordering.  It  turns  out  that  a 
well-defined  ordering  also  exists  and  has  been  found  in  a  number  of  II-IV-N2 
compounds. [t-4]  The  same  cation  ordering  is  also  found  in  LiGa02  [5],  which  can  be 
thought  of  as  a  I-III-VI2  analog  of  ZnO.  As  a  starting  point  for  studying  the  properties  of 
this  family  of  materials  we  here  pre.sent  computational  results  for  ZnGeN2.  ZnGeN:  can 
be  synthesized  in  bulk  form  by  reacting  Zn  or  Zn2N2  with  GC3N4  powders  [1,2]  or  in 
polycrystalline  thin  film  form  by  a  HCl  +NH3  based  process  similar  to  the  one  used  for 
GaN  synthesis  [6]  and  more  recently  has  been  grown  epitaxially  by  MOCVD  [7].  Its 
crystal  structure  was  determined  by  neutron  diffraction  [8].  Here  we  present  the  first 
electronic  structure  study  of  this  material  to  the  best  of  our  knowledge. 

METHOD  OF  COMPUTATION 

The  density  functional  method  is  used  in  the  local  density  approximation  and  solved 
using  the  full-potential  linearized  muffin-tin  orbital  method  [9].  Care  must  be  taken  to 
treat  the  Zn  3d  bands  which  are  overlapping  with  the  bottom  of  the  N2p  valence  band.  In 
order  to  also  treat  the  higher  lying  4d  like  atomic  wave  function  character  mixed  in  with 
the  valence  and  conduction  band  states  a  so-called  coupled  panel  calculations  [10,1 1]  is 
used.  Because  the  interatomic  spacings  in  the  nitrides  is  unusually  small,  and  the 
structure  is  open  because  of  the  tetrahedral  bonding,  fairly  small  Ge  and  Zn  spheres  have 
to  be  used.  This  means  that  it  becomes  advisable  to  treat  even  rather  deep  semicorc  levels 
such  as  Ge3d  as  bands,  which  was  thus  done  here. 


Figure  1 :  Crystal  structure  of 
ZnGeN2:  small  spheres  N,  dark 
medium  spheres  Zn,  light  large 
spheres  Ge. 


Figure  2;  Brillouin  zone  of  ZnGeN2. 
X,  Y,  Z  corre.spond  to  a,  b,  c  with  a 
horizontal,  b  normal  to  the  page,  and 
c  vertical  in  Fig.l  . 


As  far  as  structures  are  concerned,  we  consider  an  idealized  GaN  wurtzite  derived 
structure  with  the  proper  cation  ordering  but  without  bond  relaxation,  a  structure  in  which 
the  anion  position  is  relaxed  inside  its  nearest  neighbor  tetrahedron  without  cation 
sublattice  distortions  and  finally,  the  actual  experimental  crystal  structure.  The  latter  is 
orthorombic  with  space  group  Pna2i.  Its  relation  to  the  wurtzite  can  be  described  as 
follows.  The  a-axis  of  the  orthorhombic  structure  is  along  the  [01-10]  axis  (or  a2-a3)  of 
wurtzite  and  the  unit  cell  is  double  the  lattice  spacing  of  wurtzite  in  that  direction,  i.e. 


approximately  awz^/3  with  awz  the  wurtzite  a-lattice  constant,  the  b-axis  is  along  the 
wurtzite  [1000]  direction  (or  aO  and  also  takes  a  doubled  lattice  spacing,  and  the  c-axis  is 
along  c  of  wurtzite  and  takes  the  same  lattice  spacing  as  wurtzite.  The  actual  lattice 
parameters  are  a=0.545  nm,  b=0.6441  nm  and  c=0.5194  nm,  which  is  close  to  a=0.5524 
nm,  b=0.6378  nm  and  c=0.5185  nm  which  one  would  obtain  from  GaN  lattice  constants 
in  the  above  described  way.  The  crystal  structure  is  shown  in  Fig.  1  and  the 
corresponding  Brillouin  zone  is  shown  in  Fig.  2. 

For  calculating  the  optical  properties  we  use  an  atomic  sphere  approximation  to  the  linear 
muffin-tin  orbital  method.  The  calculation  of  the  imaginary  part  of  the  dielectric  constant 
£2(03)  is  done  in  the  usual  independent  particle  approximation  without  including  local 
field  effects.  From  it  the  index  of  refraction  tensor  and  hence  the  birefringence  is 
obtained  in  the  usual  manner  by  calculating  first  the  real  part  of  the  dielectric  function  by 
Kramers-Kronig  transformation  and  then  taking  the  complex  square  root.  The  method  for 
the  second  harmonic  generation  coefficient  calculations  is  described  elsewhere  [12]. 

RESULTS 

Structure  and  binding  energy 

The  results  of  the  total  energy  calculations  are  summarized  in  Table  I.  The  bond  lengths 
calculated  in  the  model  in  which  only  the  anion  sublattice  relaxes  with  respect  to  a  fixed 
and  undistorted  cation  lattice  is  relaxed  are  close  to  the  average  values  obtained  in  the 
actual  experimentally  determined  structure.  This  indicates  that  this  is  the  most  important 
factor  in  the  relaxation.  In  fact,  we  find  the  cohesive  energy  calculated  at  the 
experimental  lattice  constant  differs  by  less  than  0. 1  eV  from  it.  The  value  for  the  bulk 
modulus  is  close  to  that  of  GaN.  As  usual  for  LDA,  the  volume  per  unit  cell  is  slightly 
underestimated. 


Table  I:  Structural  and  total  energy  properties  of  ZnGeN2. 


Expt  structure 

Ideal  structure 

Anion  relaxed 
Structure 

Average  Zn-N  bond  length  (nm) 

0.2019" 

0.193 

0.2014 

Average  Ge-N  bond  length  (nm) 

0.1885" 

0.193 

0.1857 

Unit  cell  volume  (nm'^) 

0.182 

0.177 

0.178 

Bulk  modulus  (Gpa) 

187 

189 

Cohesive  energy  (eV/atom) 

19.02 

18.66 

19.08 

Formation  enthalpy  (kcal/mol) 

-36 

-36 

LDA  band  gap  (eV) 

1.77 

1.38 

1.98 

a,=dEe/dlnV  (eV) 

-6.3 

a.  Actual  bonds  vary  from  0.2005  to  0.2026  nm 

b.  Actual  bonds  vary  from  0. 1 857  to  0. 1 898  nm 


We  also  calculated  the  enthalpy  of  formation  from  the  elements  in  their  standard  state, 
i.e.  the  reaction  energy: 

Zn(s)+Ge(s)-f-N2(g)-»ZnGeN2.  (1) 

In  order  to  obtain  adequate  cancellation  of  the  typical  overbinding  energies  of  LDA,  the 
cohesive  energies  of  Zn  and  Ge  in  their  standard  solid  forms  (hep  and  diamond  structure, 
respectively)  were  calculated  at  the  same  LDA  level  as  the  right  hand  side  of  the 


Energy  (eV) 


equation.  The  LDA  binding  energy  of  the  N3  molecule  was  taken  from  Jones  and 
Gunnarsson  [13].  The  negative  number  indicates  that  it  is  thermodynamically  favorable 
to  form  the  compound.  Using  the  experimental  enthalpy  of  GC3N4,  we  can  conclude  that 
also  the  reaction 

3Zn(s)  +  Ge3N4(s)+N2  ^3ZnGeN2.  (2) 

is  exothermic  with  enthalpy  30  kcal/mol. 

Electronic  properties 

The  band  gaps  are  rather  sensitive  to  the  structure  and  are  as  u.sual  severely 
underestimated  by  the  LDA.  One  may  expect  a  gap  correction  similar  to  that  of  GaN,  i.e. 
about  1  eV.  This  would  then  lead  to  a  predicted  band  gap  of  about  2.8  eV,  in  fair 
agreement  with  the  value  2.7  eV  obtained  by  optical  absorption  by  Larson  et  al.  [6].  This 
corre.sponds  to  the  middle  of  the  blue  region  of  the  spectrum. The  band  gap  is  found  to  be 
direct.  The  band  structure  is  shown  in  Fig.  3  compared  to  that  of  GaN  with  the  latter 
presented  in  the  same  Brillouin  zone  as  ZnGeN2  to  facilitate  the  comparison. 

The  conduction  band  mass  is  found  to  be  0.23  along  c,  0.25  along  a  and  0.26  along  b, 
implying  a  slightly  larger  mass  in-plane  than  perpendicular  to  the  c-planc  of  the  wurtzitic 
structure,  similar  to  GaN  [11]. 

(a)  (b) 


Figure  3:  LDA  band  structures  of  ZnGeN2  (a),  and  GaN  (b)  in  the  same  Brillouin  zone. 

Optical  properties 

Fig.  4  shows  the  calculated  imaginary  parts  of  the  dielectric  function.  Clearly,  they 
exhibit  anisotropy  in  all  three  directions.  An  analysis  in  terms  of  interband  transitions  will 
be  presented  elsewhere.  Overall,  the  shape  of  the  optical  response  is  similar  to  that  of 
GaN  with  a  relatively  flat  region  above  the  minimum  direct  band  gap  and  an  onset  of  the 
El,  E2  type  transitions  at  about  6-7  eV.  On  the  other  hand,  the  indices  of  refraction 
shown  in  Fig.  5  derived  from  these  .show  an  almost  uniaxial  rather  than  biaxial  behavior. 
The  y  and  z  components  are  quite  close  while  the  x  component  is  different.  The 


Figure  4:  Imaginary  part  of  the  Figure  5:  Indices  of  refraction  of 

dielectric  tensor  of  ZnGeN2  ZnGeNi 

birefringence  is  about  0.03  in  the  static  limit  (i.e.  for  low  frequency  compared  to  the  gap 
but  still  only  containing  electronic  contributions.)  Viewed  in  this  way  as  approximately 
uniaxial,  it  is  a  positive  uniaxial  crystal  because  the  index  of  refraction  along  the  axis 
which  most  differs  from  the  other  two  is  larger  than  the  other  two.  Thus,  it  is  possible  to 
do  type  I  (eeo)  phasematching  for  second  harmonic  or  sum  frequency  generation.  It  is  of 
interest  to  compare  this  with  GaN  for  which  the  birefringence  is  similar,  also  about  0.03 
and  also  positive  uniaxial,  but  now  with  the  c-axis  as  the  optical  axis.  [14]  In  GaN  only 
type  II  (oeo)  phase  matching  using  the  xzx  component  is  possible  because  the  xzz 
component  of  vanishes  by  symmetry.  Note  that  in  the  usual  notation  the  first 
component  in  xzx  indicates  the  sum  frequency  or  doubled  frequency,  while  the  last  two 
indicate  the  fundamental.  In  the  notation  for  phase  matching  however,  it  is  the  last  index 
that  indicates  the  sum  frequency.  In  the  oeo  SHG  phase  matched  process 
[ne(®)+no(co)]/2=no(2co),  so  only  half  the  birefringence  is  effectively  usable,  meaning  that 
the  maximum  frequency  for  which  SHG  is  possible  is  smaller  than  for  the  eeo  process. 
The  calculated  second  harmonic  generation  coefficients  of  ZnGeNj  in  the  static  limit  are 
given  in  Table  II.  The  optimal  coefficient  that  is  phase  matchable  is  the  zxx  component. 
Surprisingly,  these  SHG  coeficients  are  smaller  than  in  GaN  by  an  order  of  magnitude 
[12].  The  reason  for  this  is  not  entirely  clear  but  it  appears  to  be  a  result  of  a  large  degree 
of  cancellation  between  the  so-called  pure  interband  and  mixed  inter-  and  intraband 
contributions.  This  is  illustrated  in  Fig.  6  for  one  of  the  components  of  the  imaginary  part 
of  the  SHG  susceptibility. 


Table  II;  SHG  coefficients  in  ZnGeN2  in  the  static  limit  (in  pnW) 


zzz 

zyy 

zxx 

-0.800 

-0.293 

-0.682 

Figure  6;  Imaginary  part  of 
X2xx^^V2co,co,co)  in  ZnGeN2  and  its 
decomposition  in  intra-  and 
interband  components. 

0  5  10  15 

Energy  (eV) 

CONCLUSIONS 

ZnGeN2  is  found  to  be  a  direct  band  gap  semiconductor  with  a  band  gap  corresponding  to 
blue  light  and  is  a  thermodynamically  stable  compound  in  contrast  to  lOxGai.^N  alloys. 
We  found  that  the  relaxations  from  the  idealized  wurtzite  structure  with  ordered  cations  is 
dominated  by  a  relative  displacement  of  the  anion  versus  the  cation  sublattice  so  as  to 
accommodate  the  different  bond  lengths  of  Zn-N  and  Ge-N.  A  model  which  includes 
only  this  relaxation  gives  results  for  total  energy,  unit  cell  volume  and  average  bond- 
lenghts  of  each  type  in  good  agreement  with  the  experimentally  determined  structure. 
Since  this  material  has  recently  been  grown  in  epitaxial  thin  film  form,  it  would  seem  of 
interest  to  further  study  it  for  optoelectronic  applications.  Supported  by  Ballistic  Missile 
Defense  Organization  Science  and  Technology  through  a  STTR  contract  with  NZ- 
Applied  Technologies. 
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ABSTRACT 

We  report  on  the  electrical  properties  of  defects  as  determined  by  deep  level  transient 
spectroscopy  (DLTS)  introduced  in  epitaxially  grown  n-GaN  by  2.0  MeV  protons  and 
5.4  MeV  He- ions.  After  He-ion  bombardment  three  electron  traps  ER3  (Ec  -  0.196  eV), 
ER4  (Ec  -  0.78  eV),  and  ER5  (Ec  -  0.95  eV)  were  introduced  uniformly  in  the  region  profiled 
by  DLTS  with  introduction  rates  of  3270  +  200,  1510  +  300,  and  3030  + 500  cm  ’ 
respectively.  Capture  cross  section  measurements  revealed  that  the  electron  capture  kinetics 
of  ER5  is  similar  to  that  of  a  line  defect.  A  defect  with  similar  electronic  properties  as  ER3  is 
observed  after  2.0  MeV  proton  irradiation.  The  emission  rate  of  ER3  depends  on  the  electric 
field  strength  in  the  space-charge  region.  This  emission  rate  is  modelled  according  to  the 
Poole-Frenkel  distortion  of  a  square  well  with  a  radius  of  20  +  2  A  or  alternatively,  a  Gaussian 
well  with  a  characteristic  width  of  6.0  +  1  A.  Hence,  we  conclude  that  ERl  is  a  point  defect 
which  appears  to  have  an  acceptor  like  character.  Two  additional  electron  traps,  ERl  (Ec  - 
0.13  eV)  and  ER2  (Ec  -  0.16eV)  with  introduction  rates  of  30  +  10  and  600  ±  100  cm  ’  not 
thusfar  observed  after  electron  or  He-ion  bombardment  were  observed  after  proton  irradiation. 

INTRODUCTION 

Gallium  nitride  has  recieved  a  great  deal  of  attention  due  to  its  unique  properties  and  is 
fast  becoming  an  established  material  for  wide  band  gap  optoelectronic  devices.  It  continues 
to  show  potential  as  a  suitable  material  for  high  temperature  and  power  applications  [1].  It 
has  unique  applications  in  blue,  green  and  ultraviolet  light  emitting  diodes,  detectors  and  blue 
lasers  [2].  The  device  performance  of  several  device  types,  including  fast  switches  [3]  and 
detectors  [4],  has  been  improved  by  subjecting  the  devices  to  controlled  doses  of  particle 
irradiation.  For  this,  and  any  other  form  of  defect  engineering,  it  is  essential  that  the  electronic 
properties  of  the  defects  involved  should  be  known  so  that  their  influence  on  materials 
properties  and  device  behaviour  can  be  calculated.  Further,  the  structure  and  composition  of 
the  defects  should  be  known  so  that  they  can  be  reproducibly  introduced.  In  the  case  of  GaN, 
the  investigation  of  particle  induced  defects  is  stiU  in  its  infancy  and  only  a  few  papers  have 
appeared  concerning  the  electrical  characterisation  of  radiation  induced  defects. 

Regarding  studies  of  defects  induced  in  GaN  by  high  energy  (MeV)  particles,  Linde  et 
al  have  firstly  reported  that  2.5  MeV  electrons  introduced  two  broad  photoluminescence 
bands  in  a  1  pm  thick  GaN/Al203  layer  [5].  Thereafter,  Look  et  al  used  HaU  measurements  to 
detect  and  identify  the  nitrogen  vacancy  at  0.07  eV  below  the  conduction  band  in  GaN, 
introduced  during  irradiation  with  0.7  -  1.0  MeV  electrons.  [6]  Subsequently,  Fang  et  al 
observed,  using  deep  level  transient  spectroscopy,  that  electron  irradiation  introduced  a  defect, 
which  they  labelled  E,  with  a  level  at  0.18  eV  below  the  conduction  band.  [7] 

In  this  paper  we  report  the  introduction  rates  and  electronic  properties  of  defects 
introduced  in  n-GaN  by  5.4  MeV  He-ion  and  2.0  MeV  proton  irradiation.  The  dependence  of 
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the  emission  rate  on  electric  field  strength  of  defect  ER3  is  presented  and  discussed  and  we 
also  present  the  true  capture  cross  section  of  a  deep  lying  defect,  ER5. 


EXPERIMENTAL  PROCEDURE 

For  this  study,  5  pm  thick  GaN  epitaxial  layers  grown  at  1080”C  on  a  250  A  GaN 
buffer  layer  on  sapphire  by  metal-organic  vapor  phase  epitaxy  (MOVPE)  were  either  exposed 
to  5.4  MeV  He- ions  from  a  ^'^'Am  radio-nuclide  source  or  2.0  MeV  protons  from  a  Van  de 
Graaff  accelerator.  The  nominally  undoped  GaN  epitaxial  layer  had  a  free  carrier 
concentration  of  approximately  2  -  3  x  lO'^’  cm  \  After  boiling  the  samples  in  aqua-regia  for 
ten  minutes  the  samples  were  degreased  [8].  Prior  to  ohmic  contact  fabrication  the  oxide  layer 
was  removed  form  the  sample  surface  using  a  HCl :  H2O  (1:1)  solution  for  10  seconds  [91. 
The  composite  ohmic  contact  layer  [10]  was  Ti/Al/Ni/Au  (150  A/2200  A/400  A/500  A).  The 
contact  fabrication  was  followed  by  a  five  minute  anneal  at  500  ”C  in  an  inert  gas  atmosphere. 
Gold  Schottky  barrier  diodes  (SBDs),  0.5  mm  in  diameter  and  3000  A  thick  were  resistively 
deposited,  these  diodes  had  reverse  leakage  currents  of  the  order  of  10"'”  A  at  1  V  and  ideality 
factors  between  1.05  and  1.10.  The  samples  were  exposed  to  5.4  MeV  He-ions  by  placing 
them  on  an  ^‘"Am  foil.  The  activity  of  the  radionuclide  being  192  pCi.cm'^  and  the  dose  rate 
was  7.1  X  10^  cm'^.s"'.  Sampes  exposed  to  2.0  MeV  protons  in  the  Van  de  Graaff  accelerator 
recieved  a  dose  of  (3  ±  1)  x  lO"  cm'^  at  a  dose  rate  of  approximately  1  x  lO'”  cm'V.  A  two- 
phase  lock-in-amplifier-based  (LIA)  deep  level  transient  spectroscopy  (DLTS)  system  was 
used  for  the  defect  characterization  in  the  as-grown  material  and  the  particle  bombarded 
material.  In  order  to  simplify  the  determination  of  the  emission  kinetics  of  ER3  at  different 
electrical  field  strengths  in  the  space-charge  region,  isothermal  DLTS  was  used. 


Figure  1:  Curve  (a);  DLTS  spectrum  of  as-grown 
MOVPE  n-GaN.  Curves  (b)  and  (c):  spectra 
recorded  after  5.4  MeV  He-ion  irradiation. 
Curves  (d)  and  (e);  spectra  recorded  after 
2.0  MeV  proton  irradiation.  Curves  (a)  -  (c)  were 
recorded  using  a  reverse  bias  (V,)  of  2.0  V  and 
filling  pulse  amplitudes  (Vp)  of  2.2  V.  For  curves 
fdt  and  (e).  V.  =  2.0  V  and  V„  =  0.5  V. 


Figure  2:  DLTS  Arrhenius  plots  of  defects  in  as 
grown  n-GaN  (open  circles)  and  high  ebergy  He- 
ion  and  proton  irradiation  (open  squares).  Other 
lines  arc  for  defects  detected  in  GaN  by  other 
authors. 


RESULTS  AND  DISCUSSION 

Fig.  1  depicts  the  DLTS  spectra  of  control  (curve  (a)),  5.4  MeV  He-ion  irradiated 
(curves  (b  &  c))  and  2.0  MeV  proton  irradiated  (curves  (d  &.  e))  epitaxial  n-GaN.  Consider 
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ABSTRACT 

We  report  on  the  electrical  properties  of  defects  as  determined  by  deep  level  transient 
spectroscopy  (DLTS)  introduced  in  epitaxially  grown  n-GaN  by  2.0  MeV  protons  and 
5.4  MeV  He-ions.  After  He-ion  bombardment  three  electron  traps  ER3  (Ec  -  0.196  eV), 
ER4  (Ec  -  0.78  eV),  and  ER5  (Ec  -  0.95  eV)  were  introduced  uniformly  in  the  region  profiled 
by  DLTS  with  introduction  rates  of  3270  ±200,  1510  ±300,  and  3030  ±500  cm' 
respectively.  Capture  cross  section  measurements  revealed  that  the  electron  capture  kinetics 
of  ER5  is  similar  to  that  of  a  line  defect.  A  defect  with  similar  electronic  properties  as  ER3  is 
observed  after  2.0  MeV  proton  irradiation.  The  emission  rate  of  ER3  depends  on  the  electric 
field  strength  in  the  space-charge  region.  This  emission  rate  is  modelled  according  to  the 
Poole-Frenkel  distortion  of  a  square  well  with  a  radius  of  20  ±  2  A  or  alternatively,  a  Gaussian 
well  with  a  characteristic  width  of  6.0  ±  1  A.  Hence,  we  conclude  that  ERl  is  a  point  defect 
which  appears  to  have  an  acceptor  Uke  character.  Two  additional  electron  traps,  ERl  (Ec  - 
0.13  eV)  and  ER2  (Ec  -  0.1 6eV)  with  introduction  rates  of  30  ±  10  and  600  ±100  cm  '  not 
thusfar  observed  after  electron  or  He-ion  bombardment  were  observed  after  proton  irradiation. 

INTRODUCTION 

Gallium  nitride  has  recieved  a  great  deal  of  attention  due  to  its  unique  properties  and  is 
fast  becoming  an  established  material  for  wide  band  gap  optoelectronic  devices.  It  continues 
to  show  potential  as  a  suitable  material  for  high  temperature  and  power  applications  [1].  It 
has  unique  applications  in  blue,  green  and  ultraviolet  light  emitting  diodes,  detectors  and  blue 
lasers  [2].  The  device  performance  of  several  device  types,  including  fast  switches  [3]  and 
detectors  [4],  has  been  improved  by  subjecting  the  devices  to  controlled  doses  of  particle 
irradiation.  For  this,  and  any  other  form  of  defect  engineering,  it  is  essential  that  the  electronic 
properties  of  the  defects  involved  should  be  known  so  that  their  influence  on  materials 
properties  and  device  behaviour  can  be  calculated.  Further,  the  structure  and  composition  of 
the  defects  should  be  known  so  that  they  can  be  reproducibly  introduced.  In  the  case  of  GaN, 
the  investigation  of  particle  induced  defects  is  still  in  its  infancy  and  only  a  few  papers  have 
appeared  concerning  the  electrical  characterisation  of  radiation  induced  defects. 

Regarding  studies  of  defects  induced  in  GaN  by  high  energy  (MeV)  particles,  Linde  et 
al  have  firstly  reported  that  2.5  MeV  electrons  introduced  two  broad  photoluminescence 
bands  in  a  1  pm  thick  GaN/AljOa  layer  [5].  Thereafter,  Look  et  al  used  Hall  measurements  to 
detect  and  identify  the  nitrogen  vacancy  at  0.07  eV  below  the  conduction  band  in  GaN, 
introduced  during  irradiation  with  0.7  -  1.0  MeV  electrons.  [6]  Subsequently,  Fang  et  al 
observed,  using  deep  level  transient  spectroscopy,  that  electron  irradiation  introduced  a  defect, 
which  they  labelled  E,  with  a  level  at  0.18  eV  below  the  conduction  band.  17] 

In  this  paper  we  report  the  introduction  rates  and  electronic  p.operties  of  defects 
introduced  in  n-GaN  by  5.4  MeV  He-ion  and  2.0  MeV  proton  irradiation  The  dependence  of 
\ 

G6.12 

Mat.  Res.  Soc.  Proc.  Vol.  537  ©  1999  Materials  Research  Scciety 


the  spectra  for  the  as-grown  material  (curve  (a)).  In  this  defect  labelling  nomenclature,  "E" 
implies  electron  trap  and  "O"  that  the  material  was  grown  by  MOVPE.  From  the  literature  it 
appears  that  E02  and  E05  are  the  same  as  the  El  and  E2,  respectively,  observed  by  Hacke  et 
al  in  n-GaN  grown  by  hydride  vapor-phase  epitaxy  [11].  These  two  defects  also  have  similar 
sigantures  as  E2  and  E],  respectively,  detected  by  Gdtz  et  al  in  MOCVD  grown  GaN  [12], 

After  exposing  the  GaN  to  5.4  MeV  He-ions,  three  prominent  additional  defects,  ER3,  ER4 
and  ER5,  were  observed  (curves  (b)  and  (c)  in  Fig.  1),  defects,  ER4  and  ER5,  were  detected 
after  recording  DLTS  spectra  using  a  filling  pulse  frequency  of  100  mHz,  i.e.  an  emission  rate 
of  about  0.23  s  ‘.  The  DLTS  signatures  of  ER4  and  ER5  were  determined  (Table  I  and  Fig.  2) 
by  using  pulse  frequencies  of  between  4.6  and  220  mHz.  Note  that  under  "typical"  DLTS 
recording  conditions  (emission  rates  of  50  -  200  s  ')  the  DLTS  peaks  of  ER4  and  ER5  would 
occur  at  (430  -  450  K)  and  (470  -  500  K)  respectively,  which  is  probably  why  they  were  not 
previously  detected. 

The  levels  of  ER4  (Ec  - 
0.78  eV)  and  ER5  (Ec  -  0.95  eV) 
are  the  deepest  radiation  induced 
levels  below  the  conduction  band 
yet  detected  by  DLTS.  The  only 
radiation  induced  defect  related 
transitions  with  roughly  the  same 
energy  as  the  ER4  and  ER5  are 
those  reported  by  Linde  et  al  after 
a  photoluminescence  (PL)  study  of 
electron  irradiated  GaN  [5].  These 
authors  found  that  electron 
irradiation  introduces  two  PL 
bands  centred  around  0.85  and 
0.93  eV,  respectively,  and  using 
optically  detected  magnetic 
resonance,  they  tentatively 
identified  the  latter  as  a  Gai^L 
complex.  Due  to  the  fundamental 
differences  in  the  origin  of  DLTS 
and  PL  spectra,  no  direct 
comparison  between  their  PL  and 
our  DLTS  spectra  is  possible. 


TABLE  I.  Electronic  properties  of  defects  introduced  in 
epitaxial  n-GaN  by  5.4  MeV  He-ion  and  2.0  MeV  proton 
irradiation. 


Defect 

label 

Et 

(eVj 

(cm^) 

'p  (a) 

^  peak 

(K) 

n 

(cm'') 

Similar 

defects 

EOl 

0.21 

4x10'’" 

114 

grown  in 

E02 

0.27 

8x10’^ 

156 

grown  in 

El[ll] 

EOS 

0.45 

7x10’^ 

208 

grown  in 

EOS 

0.61 

IxlO'^* 

322 

grown  in 

E2[ll] 

1  2.0  MeV  PROTON 

ERl 

0.13 

2x10'® 

98 

30+10 

ER2 

0.16 

4x10’^ 

103 

400+150 

ER3 

0.20 

4x10'^ 

121 

600+100 

E[7],VgoN2-[14] 

1  5.4MeVHe-ION  i 

ER3 

0.20 

4x10'^ 

121 

3270+200 

E  [7],  VGaNMl4] 

ER4 

0.78 

1x10'^ 

323^ 

1510+300 

— 

ER5 

0.95 

3x10'" 

3030+500 

Ni  [13]i  VcaNr  [14] 

Peak  temperature  at  a  LI  A  frequency  of  46  Hz,  i.e.  an 
emission  rate  of  108  s  ’.  ’’’’  Peak  temperature  at  0.1  Hz 


However,  since  Ga  interstitials  are  formed  during  irradiation,  they,  or  complexes 
including  them,  are  likely  to  yield  deep  levels  which  can  be  detected  by  DLTS.  Alternative 
possibilities  for  structure  of  ER5  is  the  N-interstitial,  which  was  predicted  to  result  in  levels 
near  the  center  of  the  band  gap  [13],  and  the  VcaNr  and  VcaN;^'  states  with  levels  calculated 
to  be  in  the  upper  half  of  the  bandgap  [14]. 

Curves  (d)  and  (e)  in  Fig.  1,  recorded  using  different  filling  pulse  conditions,  show  that 
proton  bombardment  introduces  the  defects  ERl  -  ER3.  Defect,  ERl  could  only  be  clearly 
detected  when  using  pulse  widths,  fp,  of  less  than  2  ps.  Using  a  filling  pulse  width  of 
fp  =  400ns,  we  have  determined  the  activation  energy  of  ERl  as  0.13±0.01  eV  below  the 
conduction  band  (Fig.  2).  For  pulse  widths  larger  than  1  ps,  the  ER3  peak  appears  and  seems 
to  reach  a  maximum  for  a  pulse  width  of  about  1  ms  at  121  K,  indicating  that  ER3  has  a  small 
electron  capture  cross  section. 


Emission  rate  (s’*) 


As  the  ER3  amplitude  grows  with  increasing  pulse  width,  it  obscures  the  detection  of 
the  much  smaller  ERl  peak.  When  increasing  the  pulse  width  to  above  1  ms,  the  ER3  peak 
showed  a  broadening.  The  extraordinary  large  pulse  widths  required  to  detect  ER2  indicate 
that  its  real  electron  capture  cross  section  is  even  smaller  that  of  ER3  (unlike  their  almost 
identical  apparent  capture  cross-sections). 

The  signature  of  ER3  was  determined  using  /p  =  50  ps.  This  pulse  width  yields  a  strong 
ER3  signal  but  it  is  too  narrow  for  ERl  to  capture  a  significant  amount  of  carriers  and  thus  to 
contribute  to  the  DLTS  signal  at  the  temperatures  where  we  studied  ER3.  The  energy  level 
thus  determined,  Ec  -  O.lOiO.Ol  eV,  is  similar  to  that  of  a  defect,  labelled  E,  with  a  level  at 
Ec-OAS  eV,  observed  by  Fang  et  al  [7]  after  electron  irradiation  of  MOVPE  (metal-organic 
vapor  phase  epitaxy)  grown  GaN.  These  authors  pointed  out  that,  should  this  defect  have  a 
temperature  activated  capture  cross  section,  its  actual  position  in  the  bandgap  may  be  close  to 
that  of  Vn  (Ec  -  0.07)  [6],  but  no  firm  identification  has  yet  been  made.  To  extract  the 
electronic  properties  of  ERl,  spectra  which  were  recorded  at  different  frequencies,  using 
pulses  just  sufficient  to  saturate  ER3,  were  subtracted  from  spectra  recorded  with  a  wide 
enough  pulse  to  clearly  show  the  ERl  signal.  This  procedure  yielded  an  activation  energy  of 
0.16±0.03  eV. 

In  Fig.  3  the  experimentally  measured  emission  rate  of  ER3  as  a  function  of  the  square 
root  of  the  electric  field  in  the  space  charge  region  is  shown.  In  order  to  e.stablish  the  potential 
associated  with  this  defect  the  experimental  data  was  modelled  making  use  of  various  simple 
defect  potential  models.  It  would  appear  that  the  square  well  and  the  gaussian  well  with  their 
particular  physical  dimensions,  both  provide  an  adequate  description  of  defect  ER3.  In  an 
attempt  to  understand  how  both  potentials  describe  the  experimental  results,  a  comparison  of 
the  distortion  of  these  potentials  at  a  reasonably  high  (1.5  x  10*’  V/cm)  electric  field  strength 
was  investigated.  Figure  4  schematically  represents  the  distortion  of  a  square  and  a  gaussian 
well.  It  is  clear  from  this  figure  that  using  either  a  gaussian  or  a  square  well  with  the  specified 
ohvsical  attributes  can  adeauatelv  describe  the  enhanced  emission  kinetics  of  ER3. 


Electric  field  (V/cm)  Wei!  Width  (A) 


Figure  3:  The  experimental  and  modelled  Figure  4:  The  reduction  in  potential  for  a  gaussian 

emission  kinetics  of  defect  ER3  as  a  function  of  and  a  square  well,  when  the  electric  field  strength  in 

electric  field  strength  in  the  space  charge  region.  the  space  charge  region  is  2.5  x  lO'  V/cm. 

Capture  cross  section  (an)  measurements  of  ER5  were  performed  using  pulse  widths, 
tp,  of  between  50  ns  and  50  ms.  As  shown  in  Fig.  5,  the  DLTS  signal  of  ER5  increased 
monotonically  with  tp  for  the  whole  pulse  width  range  investigated.  Because  the  total 
concentration  of  radiation  induced  defects  in  the  sample  used  for  this  measurement  was  much 
lower  than  the  free  carrier  concentration,  this  incomplete  filling  of  ER5  is  not  due  to  a 
competition  for  electrons  between  ER5  and  the  shallow  donors.  The  presence  of  a  straight  line 
region  in  the  plot  of  AC/C  vs  log(/)  in  Fig.  5  is  similar  to  what  has  been  observed  for  carrier 
capture  by  traps  which  are  not  randomly  distributed,  but  which  are  arranged  along  lines  [15]. 


In  such  a  case  the  capture  rate  is  limited  by  a  Coulomb  barrier  which  increases  with  increasing 
charge  capture  onto  the  extended  defects.  The  data  presented  here  strongly  suggests  that  ER5 
is  a  line  defect,  or  an  extended  defect,  where  charge  build-up  governs  the  capture  rate. 

Regarding  the  formation  mechanism 
for  such  a  defect,  it  should  be  noted  that 
5.4  He-ions  can  transfer  sufficient  energy  to 
the  GaN  lattice  to  cause  defect  spikes  or 
extended  regions  of  disorder. 

CONCLUSIONS 

In  conclusion,  we  have  determined 
the  electronic  properties  of  4  electron 
defects  (E01-E03,  E05)  present  in  as- 
grown  MOVPE  n-GaN.  This  material  was 
then  subjected  to  high  energy  He-ion  or 
proton  irradiation,  wherupon  additional 
electron  defects  were  introduced.  After  the 
5.4  MeV  He-ion  irradiation  3  additional 
defects  (ER3  -  ER5)  were  measured.  The 
emission  charateristics  of  defect  ER3  does  not  exhibit  the  typical  dependence  on  F’'"'  that  is 
classicaly  used  to  determine  the  electronic  type  of  the  defect.  The  temperature  dependance  of 
the  capture  cross-section  of  defect,  ER5  suggests  that  it  may  be  a  line  or  an  extended  defect. 
After  2.0  MeV  proton  irradiation  3  defects  (ERl  -  ER3)  were  observed.  Thusfar  the  major 
proton  irradiation  induced  defect  ER2  has  not  been  observed  in  similar  material  exposed  to 
high  energy  He-ions.  Defect  ER3  is  similar  to  that  observed  after  5.4  MeV  He-ion  irradiation. 
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Figure  5;  DLTS  signal  (S(t)  =  AC/C)  as  function 
of  log(t)  for  ER5.  The  error  in  S(t)  is  about  the 
same  as  the  height  of  the  symbol. 
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ABSTRACT 

We  have  used  current- voltage  (I-V)  measurements  to  assess  and  compare  the  electrical 
characteristics  of  resistively  evaporated  and  sputter  deposited  Au  Schottky  contacts  on  epitaxially 
grown  GaN.  These  I-V  measurements  revealed  that  resistively  deposited  Au  contacts  exhibited 
excellent  rectification  properties:  high  barrier  height,  low  reverse  current  and  good  ideality  factor 
(n=  1.04).  In  contrast,  sputter  deposited  contacts  had  poor  characteristics:  low  barrier  height, 
high  reverse  current  and  non-linear  forward  I-V  characteristics.  The  cause  of  this  is  thought  to  be 
defects  introduced  at  and  near  the  surface  during  sputter  deposition.  Deep  level  transient 
spectroscopy  (DLTS)  showed  that  at  least  four  defects,  with  energy  levels  at  0.22±0.02  eV, 
0.30+0.01  eV,  0.40+0.01  eV  and  0.45+0.10  eV  below  the  conduction  band,  were  introduced  in 
the  GaN  during  sputter  deposition.  The  first  of  these  defects  has  similar  electronic  properties  as  a 
radiation  induced  defect  in  GaN,  speculated  to  be  the  nitrogen  vacancy,  while  the  second  appears 
to  be  the  same  as  a  defect  in  the  as-grown  material.  The  latter  two  defects  have  not  previously 
been  observed  in  as-grown  or  processed  epitaxial  GaN. 

INTRODUCTION 

Gallium  nitride  is  a  direct  wide  band-gap  semiconductor  which  has  unique  applications  in 
blue,  green  and  ultraviolet  light  emitting  diodes,  detectors  and  blue  lasers  [1].  Because  of  its  low 
thermal  generation  rates  and  high  breakdown  fields,  an  inherent  property  of  wide  bandgap 
semiconductors,  it  also  has  recently  also  shown  to  be  important  in  the  field  of  high  temperature 
and  power  electronics  [2].  The  fabrication  of  these  electronic  devices  requires,  among  others, 
metallisation  for  ohmic  or  Schottky  contacts  on  the  GaN.  The  metallisation  method  chosen  for 
this  purpose  has  to  fulfil  several  requirements,  including  good  adhesion  of  the  metal  to  GaN. 
Sputter  deposition  is  a  metallisation  method  which  is  frequently  employed  because  sputter 
deposited  layers  exhibit  better  adhesion  compared  to  layers  deposited  by  other  methods  [3].  In 
addition,  sputter  deposition  facilitates  the  stoichiometric  deposition  of  compounds  and 
controllable  deposition  of  high  melting  point  metals,  and  yields  high  deposition  rates.  However, 
due  to  the  energetic  particles  involved,  sputter  deposition  is  damaging  on  an  atomic  scale  and 
causes  lattice  disorder  at  and  below  to  the  semiconductor  surface  [4]. 

It  has  been  reported  that  the  barrier  heights  of  sputter-deposited  Schottky  contacts  on  n- 
type  Si  [5]  and  n-type  GaAs  [6]  are  lower  than  those  of  similar  contacts  deposited  by  other  less 
damaging  processes  (e.g.  resistive  evaporation),  while  for  p-type  Si  [7]  and  p-type  GaAs  [8]  the 


G6.13 

Mat.  Res.  Soc.  Proc.  Vol.  537©  1999  Materials  Research  Society 


opposite  was  found.  Using  deep  level  transient  spectroscopy  (DLTS)  [9],  it  was  shown  that  this 
barrier  height  alteration  was  accompanied  by  the  introduction  of  sputter  deposition  induced 
defects  at  and  below  the  semiconductor  surface,  thought  to  be  the  cause  of  the  barrier  alteration 
[4].  No  studies  have  yet  been  reported  for  GaN  where  the  contact  quality  and  metallization 
induced  defects  are  investigated  as  function  of  the  metallization  process. 

In  this  paper  we  report  the  current- voltage  (I-V)  characteristics  of  resistively  evaporated 
and  sputter  deposited  Au  Schottky  contacts  on  epitaxially  grown  GaN.  We  also  report  the 
properties  of  the  defects,  determined  by  DLTS,  present  in  epitaxially  grown  GaN  before  and  after 
sputter  deposition  of  Au  Schottky  contacts  thereon.  We  show  that  sputter  deposition  introduces 
at  least  four  electron  traps,  two  of  which  have  not  previously  been  observed  in  as-grown  or  in 
processed  epitaxial  GaN. 


EXPERIMENTAL  PROCEDURE 

For  this  study  we  used  epitaxial  GaN  with  a  free  carrier  density  of  (2-3)xl0"’  cm  ‘^,  grown 
by  organo-metallic  vapor  phase  epitaxy  (OMVPE).  Before  contact  fabrication,  the  samples  were 
cleaned  [10]  by  first  boiling  them  in  aqua-regia  and  rinsing  in  de- ionised  water,  and  then 
degreasing  them  by  boiling  in  trichloroethylene  followed  by  rinsing  in  boiling  isopropanol  and 
thereafter  in  de-ionised  water.  Finally,  the  samples  were  dipped  in  HC1:H20  (1:1)  for  10  seconds. 
After  this  cleaning,  Ti/Al/Ni/Au  (150  A/2200  A/400  A/500  A)  ohmic  contacts  [11]  were 
fabricated  on  the  GaN  and  annealed  at  500  "C  for  5  minutes  in  Ar.  Prior  to  Schottky  barrier  diode 
(SBD)  fabrication,  the  samples  were  again  degreased  and  dipped  in  an  HChHiO  (1:1)  solution. 
Following  this,  circular  Au  Schottky  contacts,  0.6  mm  in  diameter  and  1  pm  thick,  were  sputter- 
deposited  on  the  GaN  through  a  metal  contact  mask,  as  close  as  possible  to  the  ohmic  contact  to 
minimise  the  diode  series  resistance.  Sputter  deposition  was  performed  in  DC  mode  at  a  power  of 
0.141  kW  in  an  Ar  pressure  of  4.8x10'^  mbar  at  a  rate  of  4.5  nm  s'V  For  control  purposes,  Au 
SBDs  were  resistively  deposited  next  to  the  sputter  deposited  SBDs. 

Room  temperature  current- voltage  (/-VO  measurements  were  used  to  assess  the  quality  of 
the  Schottky  contacts.  The  sputter  deposition  induced  defects  were  characterised  by  DLTS  using 
a  Stanford  Research  lock-in  amplifier  (model  SR830),  which  facilitates  transient  analysis  at  pulse 
Irequencies  of  as  low  as  1  mHz.  The  energy  level,  Ej  ,  in  the  bandgap  and  apparent  capture  cross 
section,  oIt  ,  of  a  defect,  the  combination  of  which  is  referred  to  as  its  DLTS  "signature",  were 
determined  from  Arrhenius  plots  ofT^/e  vs  \/T,  where  e  is  the  emission  rate  at  a  temperature  T. 

RESULTS  AND  DISCUSSION 
/-V  Measurements 

I-V  measurements  showed  that  resistively  deposited  Au  SBDs  exhibited  excellent 
rectification  properties  (Fig.  1).  The  forward  I-V  curves  of  these  diodes  are  linear  for  at  least 
seven  decades  of  current  and  the  ideality  factor  calculated,  assuming  thermionic  emission,  was 
1 .04.  The  barier  height  of  these  diodes  is  (0.96+0.02)  eV  and  the  current  at  a  1  V  reverse  bias,  /r, 
is  <  10'"  A.  In  contrast.  Fig.  1  shows  that  the  sputter  deposited  contacts  exhibit  poor  rectification 
characteristics:  non-linear  forward  I-V  characteristics  and  high  reverse  currents  (•  2x10“^  A). 
Because  the  forward  log(/)  vs  V  characteristics  of  the  sputter  deposited  diodes  were  non-linear, 
no  ideality  factor  was  calculated.  The  barrier  height  estimated  from  the  reverse  I-V  characteristics 


Figure  1:  Room  temperature  forward  (F)  and 
reverse  (R)  1-V  curves  of  Au  contacts  deposited 
on  n-GaN  by:  (a)  resistive  evaporation  (circles); 
(b)  sputter  deposition  (triangles). 
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Figure  2:  Curve  (a):  DLTS  spectrum  of 
resistively  deposited  SBD  on  epitaxial  n-GaN. 
Curves  (b)  -  (d)  are  for  a  sputter  deposited  SBD 
using  a  lock-in  frequency  of  46  Hz,  a  filling  pulse 
width  of  0.2  ms,  a  reverse  bias  of  1  V  and  filling 
pulse  amplitudes,  Vp,  as  indicated. 


(assuming  thermionic  emission)  of  these  diodes  was  (0.47±0.03)  eV,  which  is  significantly  lower 
than  the  barrier  height  of  resistively  deposited  contacts.  These  I-V  measure-ments  confirm  that,  as 
for  Si  [5]  and  GaAs  [6],  sputter  deposition  of  Schottky  contacts  on  n-GaN  yields  diodes  with  a 
drastically  reduced  barrier  height  and  inferior  rectification  characteristics.  It  should  be  pointed 
out,  however,  that  sputter-deposited  Au  contacts  adhered  much  better  to  the  GaN  than  resistively 
evaporated  Au  contacts. 


DLTS  Measurements 

Fig.  2  depicts  the  DLTS  spectra  of  control  (resistively  deposited)  and  sputter-deposited 
diodes.  Curve  (a)  shows  that  the  control  sample  contained  two  defects,  labelled  E02  and  E05, 
with  energy  levels  at  0.27±0.01  eV  and  0.61+0.02  eV  below  the  conduction  band,  respectively. 
In  this  defect  labelling  nomenclature,  "E"  implies  electron  trap  and  "O"  that  the  material  was 
grown  by  OMVPE.  From  the  literature  it  appears  that  E02  and  E05  are  the  same  as  the  El  and 
E2,  respectively,  observed  by  Hacke  et  al  in  n-GaN  grown  by  hydride  vapor-phase  epitaxy  [12]. 
These  two  defects  also  have  similar  sigantures  as  Ez  and  Ei,  respectively,  detected  by  Gotz  et  al  in 
MOCVD  grown  GaN  [13].  Curves  (b)  -  (d)  in  Fig.  2  show  that  after  sputter  deposition,  defects 
labelled  ESI,  ES2/E02,  ES3  and  ES4  are  detected.  These  curves  also  show  that  the  peak  heights 
of  the  sputter  induced  defects  increase  strongly  with  increasing  filling  pulse  height,  indicating  an 
increase  of  the  concentration  of  the  sputter  induced  defects  towards  the  Au/GaN  interface.  This 


trend  was  also  previously  observed  for  defects  introduced  by  sputter  deposition  of  Schottky 
contacts  on  Si  [5]  and  GaAs  [6],  Note  that  EOS  is  absent  in  the  spectra  of  sputter  deposited 
SBDs,  The  reason  for  this  is  that  the  energy  level  of  EOS  is  0.61  eV  below  the  conduction  band 
whereas  the  barrier  height  of  the  sputter  deposited  SBDs  is  only  0.47  eV,  Therefore,  during  the 
quiescent  DLTS  bias  the  EOS  level  remains  below  the  Fermi  level  [  14]  and,  consequently,  it  does 
not  emit  carriers. 

For  determining  the  defect  signatures,  the  overlapping  peaks  in  Fig.  2  had  to  be  separated. 
To  achieve  this,  we  followed  two  strategies.  Firstly,  we  recorded  spectra  at  fixed  values  of  the 
quiescent  bias,  Vr,  and  filling  pulse  amplitude,  Vp,  but  at  different  filling  pulse  durations,  tp,  in  the 
range  20  ns  <  rp  <  100  ps.  Secondly,  we  kept  K  and  tp  constant  and  recorded  spectra  while 
increasing  Vp  in  steps  of  0.05  V  up  to  the  flatband  condition.  Some  of  these  spectra  are  depicted 
in  Fig.  3.  The  ES2/E02  peak  was  found  to  be  well  defined  for  50  ns  <  tp  <  5  ps  (curve  (b)), 
whereas  the  ES4  peak  is  best  defined  for  500  ns  <  tp  <  5  ps  (curve  (c)).  The  ES3  peak  only 
appears  for  fp  •  10  ps  (curve  (d)).  Spectra  recorded  at  different  Vp,  while  Vr  and  tp  were  kept 
constant,  revealed  the  presence  of  another  defect,  ES 1 ,  for  Vp  •  1 .25  V  (curve  (f)  in  Fig.  3). 

The  separation  between  the  ES  1  and  ES2/E02  peak  positions  was  more  clearly  observed 
at  low  pulse  frequencies  and  therefore  the  signature  of  ES  1  was  determined  using  frequencies  of 
below  10  Hz.  The  defect  signatures  of  ES2/E02,  ES3  and  ES4,  were  determined  using  pulse 
widths  where  their  peak  shapes  were  optimised  as  described  above  and  frequencies  of  1  -  220  Hz. 
From  Fig.  3,  where  we  compare  the 
signatures  of  the  sputter  induced  defects  to 
those  of  radiation-induced  defects  and 
defects  in  as-grown  OMVPE  GaN,  it  seems 
that  two  of  the  defects  observed  after 
sputter  deposition  may  be  the  same  as  other 
defects  previously  reported  in  GaN. 

Firstly,  the  signature  of  ES  1 ,  with  a 
level  at  Ec  -  0.22+0.02  eV,  is  similar  to  that 
of  the  ER3  defect  with  a  level  at  Ec  - 
0.20+0.01  eV,  which  was  observed  after 
5.4  MeV  He-ion  irradiation  and  2  MeV 
proton  irradiation  of  the  same  epitaxial  GaN 
[15].  ER3,  in  turn,  is  thought  to  be  the  same 
as  a  defect,  labelled  E,  with  a  level  at  Ec  - 
0. 1 8  eV,  observed  by  Fang  et  al  [\ 6]  after 
electron  irradiation  of  MBE-grown  GaN. 

These  authors  pointed  out  that,  should  the 
capture  cross  section  of  this  defect  be 
temperature  activated,  then  its  actual 
position  in  the  bandgap  may  be  close  to  that 
of  Vn  (£’c-0.07)  [16],  but  no  firm 

identification  has  yet  been  made.  Secondly, 

ES2,  with  a  level  at  Ec  -  0.30+0.01  eV,  has 
almost  the  same  DLTS  "signature"  as  E02, 
with  a  level  at  F'c  -  0.27+0.01  eV,  which  is 


Figure  3.  DLTS  spectra  of  a  sputter  deposited  Au 
Schottky  contact  on  epitaxial  GaN  recorded  using 
Vr  =  1  V  and  different  pulse  widths,  as  indicated  in 
the  figure.  Spectra  (a)  -  (e)  and  (f)  were  recorded 
at  Vp=l.l  and  1.2  V,  respectively,  and  lock-in 
amplifier  frequencies  of  46  Hz  and  1  Hz, 
respectively. 


present  in  as-grown  GaN.  If  these  defects 
are  the  same,  then  it  imphes  that  sputter 
deposition  resulted  in  an  increase  of  the 
E02  (ES2)  concentration  towards  the  GaN 
surface. 
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The  ES3  and  ES4  defects,  with 
levels  at  Ec  -  0.40+0.01  eV  and  Ec  - 
0.45+0.10  eV,  have  not  been  observed 
before  in  irradiated  or  in  as-grown  epitaxial 
n-GaN.  Their  signatures  also  do  not 
correspond  to  those  of  defects  introduced 
by  nitrogen  implantation  of  GaN,  where  it 
was  suggested  that  one  of  the  defects  thus 
introduced  may  be  a  N  interstitial  [17]. 

These  observations  suggest  that  ESS  and 
ES4  are  not  related  to  the  simple  radiation 
induced  point  defects  detected  up  to  now. 

This  can  be  explained  by  the  fact  that  sputter  deposition  introduced  several  defects,  other  than  the 
point  defects  introduced  by  high-energy  irradiation.  The  formation  of  such  complex  type  defects  is 
the  result  of  energetic  particles,  like  Ar  ions,  entering  the  GaN  during  sputter  deposition  and 
losing  energy  at  a  high  enough  rate  to  create  defects  in  close  proximity  of  each  other  which  can 
combine  or  interact. 
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Figure  4:  DLTS  Arrhenius  plots  of  defects  in  as- 
grown  and  particle-processed  epitaxial  GaN.  Open 
circles  and  triangles  are  for  defects  present  before 
and  after  sputter  deposition,  respectively,  detected 
in  the  present  study. 


The  peak  shape  and  electronic  properties  of  ES4  were  found  to  be  strongly  dependent  on 
the  pulse  height.  Increasing  the  pulse  height  resulted  in  a  broadening  of  the  peak  and  a  shift  to 
lower  temperatures.  The  same  behaviour  could  not  be  induced  when  maintaining  a  fixed  pulse 
level,  and  increasing  the  reverse  bias,  ruling  out  the  possibility  of  this  behaviour  being  due  to 
electric  field  assisted  emission.  This  behaviour  of  ES4  is  similar  to  that  of  defects  introduced 
during  low  energy  Ar  ion  bombardment  of  GaAs  where  it  was  shown  that  those  defects  are 
located  close  to  the  surface  and  have  a  band-hke  energy  distribution  [18]. 


CONCLUSIONS 

We  have  shown  that  sputter  deposition  of  Au  Schottky  contacts  on  n-GaN  results  in 
SBDs  with  poor  rectification  properties  and  introduces  electron  traps,  labelled  ESI  -  ES4.  ESI,  is 
located  at  Ec  ~  0.22+0.02  eV  and  has  a  similar  DLTS  signature  as  the  E  and  ER3  defects, 
introduced  in  epitaxial  GaN  by  high  energy  electron  and  He-ion  irradiation,  respectively.  ES2 
seems  to  be  the  same  as  the  E02  defect  in  as-grown  GaN.  The  concentrations  of  ESI  -  ES4 
increase  strongly  towards  the  interface,  indicating  that  this  is  the  region  where  most  of  the 
sputter-induced  damage  resides.  The  ES3  and  ES4,  with  energy  levels  at  Ec  -  0.40+0.01  eV  and 
Ec  -  0.45+0.10  eV,  respectively,  have  not  previously  been  observed  in  as-grown  or  particle 
bombarded  GaN.  Finally,  it  should  be  stressed  that  the  sputter-deposited  Au  contacts  adhered 
considerably  better  to  GaN  than  resistively  evaporated  Au  contacts. 
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Abstract 


Results  are  presented  on  the  photoluminescence  of  n-GaN  (T=:300  K)  after  surface 
treatment  with  sulfide  (NazS  and  (NH4)2S)  solutions  in  water  or  isopropyl  alcohol. 

It  has  been  shown  that  the  intensity  of  the  n-GaN  photoluminescence  band  is  enhanced  as 
a  result  of  the  surface  treatment  with  alcoholic  sulfide  solutions,  this  enhancement  being  greater 
for  a  strongly  basic  Na2S  solution  than  for  a  weakly  basic  (NH4)2S  solution. 

Introduction 


The  progress  in  UV  semiconductor  optoelectronics  relies  not  only  on  the  advance  of 
fabrication  methods  of  III-V  nitrides  but  on  the  surface  treatment  methods  as  well.  In  the  last 
years  a  number  of  studies  [1-3]  was  published  dealing  with  modification  of  the  electronic 
properties  of  the  GaN  surface  treated  with  liquid  or  gaseous  agents.  For  chemical  treatment  in 
solutions,  both  acids  and  bases  are  used:  HCl,  HE,  NH4F,  HNO3,  H2SO4,  H3PO4,  H2O2,  NH4OH, 
NaOH,  KOH  [3].  Studies  of  the  electronic  properties  of  III-V  semiconductor  surfaces  aim  first  of 
all  at  reducing  the  surface  recombination  velocity,  increasing  the  photoluminescence  quantum 
yield  and  so  on.  To  achieve  modification  of  the  surface  electronic  properties,  aqueous  [4]  or 
alcoholic  [5]  solutions  of  sulfides  (Na2S  and  (NHJgS)  can  be  used. 

In  this  study  an  attempt  was  undertaken  to  apply  the  technology  of  surface  passivation 
employing  alcoholic  sulfide  solutions  in  order  to  improve  the  electronic  properties  of  GaN,  in 
particular,  the  photoluminescence  intensity. 

Experiment 

The  specimens  under  study  were  n-GaN  layers  (n=5xl0’®  cm'^)  of  a  thickness  200-400 
jim  grown  on  sapphire  substrates  by  chloride  gas  transport  epitaxy  [6].  After  termination  of  the 
epitaxial  growth  process  the  layers  were  separated  from  the  substrate  (free-standing  GaN). 

Chemical  treatment  of  the  GaN  surface  was  performed  by  dipping  the  semiconductor 
specimen  at  room  temperature  for  1  min  into  one  of  the  following  solutions:  10%  aqueous 
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solution  of  (NH4)2S,  1%  solution  of  (NH4)2S  in  isopropyl  alcohol  (i-C.^HyOH),  and  saturated 
Na2S  solutions  in  water  or  isopropyl  alcohol. 

The  room  temperature  photoluminescence  was  excited  with  a  pulsed  nitrogen  laser 
(A<=337  nm,  7=20  W).  The  experimental  setup  was  similar  to  that  of  Ref  [7]. 

Results 


The  experimental  results  are  as  follows.  The  photoluminescence  intensity  of  n- 
GaN  increased  as  a  result  of  the  sulfide  treatment  of  the  surface  in  solutions  of  both  sodium 
sulfide  and  ammonium  sulfide  (Fig.l).  The  most  pronounced  intensity  increase  (by  a  factor  of 
3.6)  compared  with  the  intensity  of  untreated  n-GaN  was  observed  for  treatment  with  the 
saturated  solution  of  Na2S  in  isopropyl  alcohol. 


cd 


Fig.  1 .  Photoluminescence  spectra  of  the  n-GaN  surface  after  sulfidizing  in  one  of  the  following 
four  solutions:  10%  aqueous  solution  of  (NH4)2S  (2),  1%  solution  of  (NH4)2S  in  isopropyl 
alcohol  (I-CsHtOH)  (3),  and  saturated  Na2S  solutions  in  water  (4)  or  isopropyl  alcohol  (5).  The 
photoluminescence  peak  intensity  of  untreated  GaN  (1)  is  assumed  to  be  unity. 


The  increase  in  the  GaN  photoluminescence  intensity  following  treatment  with  sulfide 
solutions  in  isopropyl  alcohol  can  possibly  be  explained  using  mechanisms  of  the  chemical 
processes  taking  place  during  sulfidizing  of  GaAs  surface[8].  Sodium  sulfide  is  known  to  be  a  salt 
of  a  strong  base  and  a  weak  acid  whereas  ammonium  sulfide  is  a  salt  of  a  weak  base  and  a  weak 
acid.  It  is  therefore  evident  that  in  the  case  of  treatment  with  alcoholic  solutions  of  sodium  sulfide 
the  rate  of  chemical  reaction  with  the  GaN  surface  should  be  higher  than  for  treatment  in  alcoholic 
solutions  of  ammonium  sulfide.  In  the  chemical  treatment  of  III-V  semiconductor  surfaces 
(GaAs)  the  chemical  reaction  rate  is  the  dominant  factor  affecting  electronic  properties  of  the 
surface  [8],  and  it  can  be  presumed  that  this  should  be  true  in  the  instance  of  III-V  nitrides  as 
well.  Considering  the  fact  that  the  chemical  reaction  rate  for  the  aqueous  sodium  sulfide  solutions 
is  the  lowest  among  the  solutions  used,  it  is  no  wonder  that  the  effect  of  the  chemical  treatment  of 
GaN  surfaces  in  these  solutions  is  practically  unobservable  (Table  I). 

As  seen  from  a  comparison  of  the  photoluminescence  intensity  of  GaN  observed  in  this 
study  and  that  of  GaAs  treated  with  strongly  basic  salts  (NaaS)  and  weakly  basic  salts  ((NH4)2S) 
as  measured  in  Ref.9,  the  photoluminescence  intensity  enhancement  in  both  semiconductors  is  in 
good  agreement  with  the  adopted  reaction  mechanisms  [8]. 

It  should  be  note  that  similar  increasing  of  photoluminescence  intensity  observed  after  the  anneal 
of  GaN  at  a  temperature  of  1000  °C  or  the  sputtering  with  nitrogen  ions  [10]. 


Table  I.  The  observed  intensities  of  the  photoluminescence  peaks  of  GaN  and  GaAs  [9]  after 
various  chemical  treatments  in  sulfide  solutions. 


Treatment 

GoJV 

(n=5xl0V) 

GaAs 

(n=lxl0\*^) 

[9] 

I,  a.u. 

I,  a.u. 

untreated 

1,0 

1.0 

(NHJ^S+HjO 

1,7 

1,5 

(NHJ,S-Hi-C3H,OH 

1,9 

1,7 

Na^S+H^O 

2,9 

1,5 

Na^S+i-C^H^OH 

3,6 

2,3 

Conclusions 


Thus,  a  new  technique  of  GaN  surface  passivation  -  sulfidization  in  alcoholic  solutions  has  been 
suggested.  The  chemical  treatment  of  the  n-GaN  surface  with  sulfide  solutions  in  isopropyl  alcohol  appears  to 
reduce  the  surface  states  density.  The  degree  of  the  photolumunecsence  intensity  increases  reached  with  solutions 
of  the  sulfide  of  a  strong  base  [NaaS]  is  larger  than  that  of  weak-base  sulfide  [(NH4)2S]. 
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ABSTRACT 

Epitaxial  single  crystal  GaN  films  (2.0  pm  thick)  were  implanted  60°  off  the  <000 1>  surface 
normal  with  600  keV  O'"  ions  at  190  or  210  K  over  a  range  of  ion  fluences  fi-om  4.8x10^”^  to 
5.0x10^®  ions/m^.  The  implantation  damage,  as  determined  by  in-situ  Rutherford  Backscattering 
Spectrometry  in  a  <0001  >  channeling  geometry  (RBS/C),  ranged  from  dilute  defects  up  to  the 
formation  of  a  disorder  saturation  state  that  was  not  fully  amorphous.  The  relative  disorder  on  the 
Ga  sublattice  exhibited  a  sigmoidal  dependence  on  ion  fluence.  Results  show  that  GaN  crystals  are 
extremely  resistant  to  the  ion  implantation  damage  as  compared  to  other  ceramic  materials  like 
SiC.  An  asymmetric  shape  in  the  angular  scan  curve  around  the  <0001>  axis,  which  might  be 
associated  with  the  Ga  lattice  distortion  in  the  crystal  structure,  was  observed  for  the  as-irradiated 
material  to  the  highest  ion  fluence  (5.0x10^®  OVm^)  at  210  K.  Comparisons  of  Ga  disorder 
depth-profiles  from  the  experiment  and  SRIM97  simulations  suggest  that  the  damage  peaks  shift 
to  greater  depths  at  the  low  irradiation  temperature  (210  K).  Significant  recovery  of  these  defects 
was  not  observed  in  the  isochronal  annealing  steps  (20-min)  up  to  970  K. 

INTRODUCTION 

Gallium  nitride  (GaN)  is  being  widely  investigated  as  a  material  for  ultraviolet  emitting  lasers 
[1]  and  high-power  or  high-temperature  electronic  devices  [2].  A  fundamental  understanding  of 
ion-implantation  effects  and  damage  recovery  processes  in  GaN  is  important  to  effectively  utilize 
ion-implantation  techniques  in  electronic  device  fabrication.  Much  work  to  date  has  focused  on  n- 
type  and  p-type  implantation  doping  [3-7]  and  the  effects  on  electrical  and  structural  properties 
[3-6].  Oxygen  implantation  is  of  interest  as  a  possible  alternative  n-type  dopant  and  its  role  as  a 
background  impurity  in  as-grown  GaN  [8].  Oxygen-implanted  GaN  has  been  shown  to  exhibit  n- 
type  character  after  1320  K  annealing,  and  no  measurable  change  in  the  oxygen  distribution  is 
observed  even  after  annealing  to  1400  K  [3].  In  the  present  study,  the  effects  of  oxygen 
implantation  on  structure  and  subsequent  annealing  are  investigated  by  in-situ  Rutherford 
Backscattering  Spectroscopy  in  a  channeling  geometry  (RBS/C). 

EXPERIMENTAL  PROCEDURES 

The  n-type  GaN  single-crystal  films  (2.0  pm  thick)  used  in  the  present  investigation  were 
obtained  from  Epitronics  and  were  epitaxially  grown  by  MOVPE  on  a  sapphire  substrate.  The  ion 
implantation  and  in-situ  RBS/C  measurements  on  these  <0001>-oriented  films  were  performed 
using  a  3.4  MV  tandem  accelerator  within  the  Environmental  Molecular  Sciences  Laboratory 
(EMSL)  at  the  Pacific  Northwest  National  Laboratory.  The  600  keV  ions  were  implanted  at  an 
angle  of  60°  relative  to  the  surface  normal  in  order  to  produce  shallow  damage  that  could  be 
readily  measured  by  2  MeV  helium  ion  channeling.  Specimens  were  implanted  at  low 
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temperatures  (190  K  or  210  K)  to  various  fluences  ranging  from  4.8xl0'’-5.0xl0“”  OVm^ 
equivalent  to  0.026-26.7  displacements  per  atom  (dpa)  at  the  depth  of  -0.2  pm  (damage  peak 
position),  where  a  threshold  displacement  energy  of  25  eV  for  both  Ga  and  N  sublattices  have 
been  assumed  in  the  SRIM-97  (full  cascade)  simulations.  The  implanted  areas  (1.2x1. 2  mm^)  had 
uniform  ion  distributions.  Ion  flucnce  integration  was  achieved  by  applying  a  positive  voltage  of 
300  V  to  the  target  in  order  to  prevent  secondary  electron  emissions. 

Subsequent  post-irradiation  and  post-annealing  in-situ  axial-channeling  analyses  were 
performed  along  <000 1>  using  2.0  MeV  He^  beams  at  a  scattering  angle  of  150°,  During 
annealing,  samples  were  heated  by  an  electron  beam  from  a  negatively  biased  filament,  and  a 
steady  flow  of  liquid  nitrogen  provided  sample  cooling.  Specimen  temperatures  were  maintained 
with  an  uncertainty  of  ±5°C  by  adjusting  both  the  filament  current  and  the  bias  voltage  (up  to  a 
maximum  of  -500  V)  between  the  filament  and  the  grounded  sample.  Conventional  chromel- 
alumel  thermocouples  were  used  to  measure  the  temperatures  on  the  sample  front  surfaces. 
Isochronal  annealing  at  different  temperature  intervals  for  20  minutes  was  used  to  follow  the 
damage  recovery  processes  over  the  temperature  range  from  room  temperature  up  to  as  high  as 
970  K.  After  each  isochronal  annealing  step,  a  channeling  measurement  along  the  <0001  > 
direction  was  performed  in-situ  at  a  temperature  below  the  anneal  temperature  to  insure  the 
annealing  process  was  quenched.  For  annealing  steps  above  300  K,  spectra  were  taken  after  the 
sample  cooled  to  room  temperature.  During  the  ion  implantation  and  channeling  measurements, 
the  vacuum  in  the  target  chamber  was  typically  in  the  range  of  10'^  Pa,  where  carbon 
contamination  on  the  sample  surface  was  not  found. 

RESULTS  AND  DISCUSSION 


A  sequence  of  in-situ  RBS/C  spectra  for  GaN/AbO^  irradiated  at  210  K  to  various  O'’ 
fluences  is  shown  in  Fig.  1,  along  with  random-equivalent  and  virgin  (unirradiated)  spectra.  The 


Channel  Number  Depth  {(im) 

Fig.  1.  A  sequence  of  2.0  MeV  He^  RBS/C  2.  Comparison  of  the  experimentally 

spectra  taken  in-situ  for  a  <000 1>  GaN  (2  pm  determined  disorder  density  profiles  (from  Fig.  1) 
thick)  on  sapphire  implanted  (60°  off  surface  sublattice  with  the  normalized  profile  from 

normal)  in  different  areas  with  600  keV  O"  ions  SRIM-97  simulations,  suggesting  the  damage  peak 
at  210  K  (do.se  unit:  07m^).  Also  included  are  a  at  210  K  (dose  unit:  07m'). 

random  spectrum  and  a  channeling  spectrum 
from  a  virgin  area. 


backscattering  yields  are  monotonically  increasing  with  ion  dose  up  to  3.0x10^°  OVm^  (or  16.0 
dpa  at  the  damage  peak).  At  the  highest  dose  (5.0x10^°  07m^),  the  damage  accumulation 
appears  to  have  saturated.  The  result  suggests  that  full  amorphization  cannot  be  achieved  at  this 
temperature  under  ion  irradiation.  In  contrast,  almost  two  orders  of  magnitude  lower  C"  [9]  or 
Sr  [10]  dose  (in  dpa)  would  have  been  sufficient  to  completely  amorphize  SiC  over  a  large  depth 
at  similar  temperatures.  At  lower  irradiation  temperatures  with  heavier  ions,  eomplete 
amorphization  of  GaN  does  oeeur.  For  example,  eomplete  amorphization  in  GaN  at  77  K  is 
reported  after  Sf  ion  fluences  of  2.4x10^°  ions/m^  [4]  and  after  Ar""  and  Ca"^  ion  fluences  of 
6xl0'^  ions/m^  [11]. 

The  density  profiles  of  Ga  atomic  disorder  for  ion  doses  of  3.0x10^°,  7.8x10*^  and  4.2xl0'^ 
07m^  are  extracted  from  the  RBS/C  spectra  (Fig.  1)  under  the  assumption  of  linear  deehanneling 
approximation  [9,12],  and  are  shown  in  Fig.  2  as  a  function  of  depth.  Also  included  in  the  figure 
are  the  normalized  profiles  from  SRIM-97  simulations.  Due  to  saturation  of  damage  and  apparent 
shift  of  the  damage  profile  to  greater  depths,  the  measured  damage  profile  induced  by  3.0x10^® 
07m^  irradiation  does  not  match  the  simulated  damage  profile  for  this  ion  fluence.  However,  at  a 
lower  ion  fluence  (4.2x10^^  07m^),  the  peak  position  of  the  measured  disorder  profile  is  in 
reasonable  agreement  with  the  simulated  profile  predicted  by  SRIM-97.  As  the  ion  fluence 
increases,  the  damage  distribution  appears  to  shift  to  greater  depths.  Since  the  profiles  do  not 
become  wider  and  no  evidenee  of  defeet  diffusion  to  surface  is  found,  the  defects  are  expected  to 
be  immobile  at  this  low  temperature  (210  K).  The  effect  of  damage  peak  shifts  may  be  partly 
attributed  to  the  interaction  of  Ga  sublattice  with  oxygen  dopants,  which  were  implanted  into  the 
depth  region  between  0.2  and  0.5  pm.  Further  investigations  are  planned  to  depth-profile  the 
dopant  in  the  irradiated  sample.  In  a  related  study,  Zolper  and  co-authors  [3]  have  reported  the 
SIMS  profiles  for  implanted  ‘^0  (5x10^®  ionsW)  in  GaN  and  did  not  observe  redistribution  of  the 
implanted  speeies  after  annealing  at  1400  K  for  15  s. 

The  dependenee  of  relative  Ga  atomic  disorder  (at  the  damage  peak)  on  the  ion  dose  (in 
dpa)  is  shown  in  Fig.  3.  Full  amorphization  corresponds  to  1.0  on  the  vertical  scale.  The  190  and 
210  K  irradiations  performed  at  different  times  show  no  difference  within  the  experimental  error 


Fig.  3.  Relative  Ga  disorder  as  a  function  of  ion 
dose  in  displacements  per  atom  (dpa)  at  the 
damage  peak  for  600  keV  implanted  GaN 
crystal  on  sapphire  at  210  and  190  K.  The  solid 
line  is  a  sigmoidal  fit  to  the  data. 


Fig.  4.  Angular  dependence  of  the  normalized 
scattering  yield  of  2.0  MeV  He'^  ions  around 
<000 1>  axis  in  the  GaN  crystalline  film  (2.0  pm 
thick)  on  sapphire  with  various  ion  fluences 
(OVm^)  for  the  as-irradiated  specimen  at  210  K. 


and  give  reproducible  results.  The  maximum  relative  Ga  disorder  at  saturation  under  the 
experimental  conditions  is  -60%  at  the  damage  peak.  The  solid  line  in  Fig.  3  is  a  sigmoidal  fit  to 
the  data.  Similar  sigmoidal  dependence  of  disorder  on  dose  is  observed  in  ion-implanted  SiC 
[9,10,12-14  and  refs,  therein]  at  comparable  low  temperatures;  however,  in  the  case  of  SiC,  full 
amorphization  (100  %  disorder)  is  achieved  at  significantly  lower  doses.  Since  we  have  not  yet 
established  how  much  of  the  disorder  in  Fig.  3  is  due  to  amorphization  and  how  much  is  due  to 
defects  or  chemical  effects  (reactions  with  oxygen),  any  interpretation  of  the  sigmoidal 
dependence  is  premature. 

Figure  4  shows  the  evolution  of  the  angular  scan  curves  around  the  <0001>-axial  direction 
with  ion  fluence.  The  random  level  for  amorphous  GaN  corresponds  to  unity  of  the  normalized 
yield.  Despite  the  independence  of  minimum  yields  on  the  scanning  path,  the  shape  of  the  angular 
curves  could  be  influenced  by  planar  channeling  [15],  particularly  for  high-quality  cry.stalline 
samples.  A  specific  scanning  path  leading  to  a  broad  dip  curve  was  selected  in  this  study  with  a 
half-angular  width  of  -1.7®  for  the  virgin  (unimplanted)  crystal,  which  is  considered  to  help 
observe  the  changes  in  the  atomic  displacements  more  clearly.  The  dip  curves  in  Fig.  4  arc  rather 
symmetric  and  change  slowly  with  increasing  ion  dose  below  1 .0x10"“  OVm^  However,  the  shape 
becomes  asymmetric  for  the  highest  dose  case  (5.0x10"'*  OVm^),  which  might  be  associated  with 
the  disturbance  of  the  Ga  sublatticc  in  the  crystal  structure.  Similar  dip  curves  have  also  been 
observed  for  ion-implanted  6H-SiC  materials  [16]. 

The  minimum  yield  Xmin  and  the  half-angular  width  T'l/:  are  illustrated  in  Fig.  5  as  a  function 
of  ion  fluence.  A  Xmin  of  1.0  indicates  complete  amorphization  of  the  GaN  material.  The  minimum 
yield,  which  reflects  the  level  of  the  atomic  disorder  at  surface,  shows  similar  dependence  on  ion 
dose  as  in  Fig.  3.  However,  the  minimum  yield  has  not  yet  saturated  at  3.0x1  O'**  OVm"  due  to  the 
lower  displacement  dose  at  the  surface  (-7  dpa)  relative  to  the  displacement  dose  at  the  damage 
peak  (-16  dpa)  at  this  ion  fluence.  In  fact,  the  minimum  yield  at  the  surface  for  this  displacement 
dose  is  consistent  with  that  at  the  damage  peak  (Fig.  3)  for  the  same  dose.  This  suggests  that  the 
surface  is  not  significantly  affecting  the  accumulation  of  damage  at  this  dose  level.  The  half- 
angular  width  (^1/2)  in  Fig.  5  decreases  slowly  at  lower  doses  (below  1.0x10"”  07m",  or  -2.3  dpa 
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Fig.  5.  Minimum  yield  (x>i,ii,)  and  half-angular  width 
(4^1/2)  obtained  from  ion  implanted  GaN  crystal  on 
sapphire  at  210  K  with  various  ion  flucnces.  The  solid 
(for  Xmin)  and  da.shed  (for  4^1/2)  lines  are  polynomial 
fits. 


Fig.  6.  Relative  disorder  on  the  Ga  sublattice  at 
damage  peak  as  a  function  of  annealing 
temperature  for  various  ion  fluenccs  (07m^)  at 
210  K.  Symbols  indicate  experimental  data  and 
the  solid  lines  are  polynomial  fits. 


at  surface).  Although  the  decrease  in  T1/2  could  be  contributed  from  dopants  and  localized  lattice 
distortion  [17],  it  might  also  arise  partly  from  the  increase  of  Ga  atomic  spacing  along  the  ion 
track  [16].  The  lattice  expansion  in  Ca'^-  and  Ar'^-implanted  GaN  was  observed  by  XRD 
measurements  [7].  According  to  the  polynomial  curve  fit  (dashed  line)  in  Fig.  5,  the  width  tends 
to  increase  at  ion  fluences  above  2.0x10^®  OVm^,  which  might  again  be  related  to  the  crystalline 
structural  distortion  discussed  above. 

Studies  of  defect  recovery  in  the  ion-implanted  GaN  materials  have  not  been  performed  until 
recently.  It  has  been  found  experimentally  that  defects  produced  by  ST  implantation  do  not 
undergo  significant  thermal  recovery  at  annealing  temperatures  up  to  1070  K  [4]  or  1370  K  [5]. 
However,  rapid  thermal  annealing  (RTA)  studies  at  1420  K  [18]  show  a  considerable  amount  of 
reduction  in  the  Ga  atomic  disorder  produced  by  irradiation  at  liquid  nitrogen  temperature  with 
Mg'^  and  Ca"^  ions.  In  the  present  study,  in-situ  RBS/C  method  is  employed  and  the  isochronal 
thermal  annealing  data  (20-min)  are  shown  in  Fig.  6,  where  four  ion  fluences  have  been  chosen  as 
examples.  The  Ga  atomic  disorder  at  the  damage  peak  for  the  as-implanted  specimens  ranged 
from  ~3%  up  to  -58%  and  only  some  fluctuations  of  the  Ga  atomic  disorder  were  observed  as  a 
result  of  the  annealing  processes.  In  general,  no  significant  annealing  effects  occurred  up  to  970  K 
in  any  of  the  irradiated  samples,  which  covered  the  full  range  of  atomic  disorder  in  this  study.  This 
is  in  contrast  to  gradual  reduction  of  Si  atomic  disorder  in  ST  [10],  [9]  and  He"^  [13]  implanted 

6H-SiC  in  a  comparable  annealing  temperature  range.  The  thermal  stability  of  the  defects  in  GaN 
is  not  yet  fully  understood.  It  might  be  partly  associated  with  the  nature  of  the  defects  produced. 
Optical  measurements  on  these  samples,  to  be  reported  in  a  subsequent  publication,  indicate 
ingrowth  of  a  color  center  near  440  nm  produced  by  the  ion  implantation.  Significant  broadening 
in  the  band  edge  absorption  line  and  an  increase  in  refractive  index  also  were  determined  from 
optical  transmission  and  eUipsometry  measurements.  These  effects  are  consistent  with  ion 
induced  lattice  disorder.  Further  work  is  planned  to  explore  the  nature  of  the  defects  formed  and 
the  attendant  recovery  mechanisms. 

CONCLUSIONS 

It  has  been  shown  that  full  amorphization  of  GaN  may  not  be  possible  under  600  keV  O’^ 
irradiation  at  temperatures  down  to  -200  K.  The  irradiation-induced  damage  profile  shifts  to 
greater  depths  with  increasing  dose,  and  damage  saturates  at  a  value  of  -60  %.  This  may  be  due 
to  a  ballistic  or  chemical  effect,  since  defects  do  not  appear  to  be  mobile  at  this  temperature.  The 
accumulation  of  damage  on  the  Ga  sublattice  exhibits  a  sigmoidal  dependence  on  dose.  An 
observed  asymmetric  shape  in  the  dip  curve  for  an  ion  fluence  of  5.0x10^°  07m^  may  be 
associated  with  a  disturbance  or  perturbation  on  the  Ga  sublattice.  No  significant  defect  recovery 
is  observed  in  GaN  (irradiated  at  210  K)  as  a  result  of  20-min  isochronal  anneals  at  temperatures 
up  970  K. 
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ABSTRACT 

We  designed  and  studied  two  sample  groups:  first,  GaInN/AlGaN/GaN  quantum  wells 
with  asymmetric  barrier  structure  and  secondly,  GaInN/GaN  quantum  wells  with  asymmetrically 
doped  barriers.  Time-resolved  measurements  on  the  asymmetric  structure  reveal  an  enhanced 
oscillator  strength  when  the  AlGaN  barrier  is  on  top  of  the  GaInN  quantum  well,  indicating  a 
better  carrier  confinement  in  such  a  structure.  The  photoluminescence  emission  energy  of  the 
GaInN/GaN  quantum  well  with  doped  GaN  barriers  shifts  towards  higher  energy  than  that  of 
undoped  samples  due  to  screening,  but  only  when  the  GaN  barrier  layer  below  the  quantum  well 
is  doped.  In  contrast,  the  sample  where  only  a  GaN  cap  layer  above  the  quantum  well  is  doped, 
shows  no  blue-shift.  These  results,  showing  asymmetries  in  GaInN/GaN  quantum  wells,  provide 
confirming  evidence  of  the  piezoelectric  field  effect  and  allow  us  to  determine  the  sign  of  the 
piezoelectric  field,  which  points  towards  the  substrate  in  a  compressively  strained  quantum  well. 
Furthermore,  we  performed  model  calculations  of  the  global  band  bending  and  the  screening 
effect,  which  consistently  explain  our  experimental  findings. 

INTRODUCTION 

GaInN/GaN/AlGaN-based  quantum  wells  (QW's)  have  played  a  key  role  in  the  rapid 
development  of  short- wavelength  light  emitters  [1].  But  the  recombination  mechanism  in  the  the 
quantum  wells  has  been  unclear  and  strongly  controversial.  For  some  time,  the  puzzling  optical 
properties  have  been  explained  in  terms  of  localized  excitons  at  potential  minima  due  to 
composition  fluctuations  or  quantum-dot-like  states  due  to  phase  separation  [2,3, 4, 5].  On  the 
other  hand,  a  strain-induced  piezoelectric  field  has  casted  a  fresh  light  on  the  interpretation  of 
the  optical  transitions  in  GaN/GaInN/AlGaN  QW's  [6,7,8, 9].  Now,  in  this  paper,  we  approach 
these  discussions  from  a  new  view  point:  the  piezoelectric  field  breaks  the  inversion  symmetry 
of  the  quantum  well.  Testing  the  lack  of  the  symmetry  is,  therefore,  unambiguously  related  to 
testing  the  existence  of  the  piezoelectric  field.  Samples  designed  on  this  purpose  are  classified  by 
two  groups:  one  with  asymmetric  barriers  and  the  other  one  with  asymmetrically  doped  barriers. 
Our  results  not  only  verified  the  piezoelectric  field  effect,  but  also  revealed  field  screening  due 
to  doping  and  how  to  enhance  carrier  confinement  related  to  the  direction  of  the  field. 

EXPERIMENTAL 

Our  samples  were  grown  on  (OOOl)-oriented  sapphire  substrates  using  low-pressure 
metalorganic  vapor  phase  epitaxy  (LP-MOVPE)  and  employing  an  AIN  nucleation  layer.  The 
GaInN  layers  were  grown  below  temperatures  of  800  ®C  with  N^  as  a  carrier  gas.  Reciprocal 
space  mapping  of  X-ray  diffraction  intensity  shows  that  GaInN  grown  on  GaN  buffers  is 
coherently  strained  up  to  thicknesses  of  some  100  nm  [10].  In  this  study,  two  groups  of  samples 
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were  designed  and  fabricated  to  introduce  an  asymmetry  into  quantum  wells.  First,  a  nominally 
undoped  7  nm  GaInN  QW  was  sandwiched  between  asymmetric  barrier  layers,  which  consist  of 
a  300  nm  GaN  buffer,  a  60  nm  GaN  cap  layer,  and  an  additional  20  nm  AlGaN  layer  below  or 
above  the  quantum  well.  The  AIN  and  InN  mole  fraction  of  AlGaN  and  GaInN  layers  are 
estimated  as  15  %  and  6  %,  respectively.  The  second  sample  group  consists  of  6  nm 
GaInN  QW's  sandwiched  between  doped  or  undoped  GaN  barrier  layers:  in  one  sample  both  the 
GaN  buffer  and  the  GaN  cap  layer  are  doped  with  Si,  and  in  another  one  only  the  GaN  cap  but 
not  the  buffer  layer  is  doped.  The  Si-doping  level  is  estimated  as  (1  -2)  x  10'*^cm  ^  As  reference 
samples,  6  nm  and  3  nm  GaInN  QW's  with  nominally  undoped  GaN  barrier  layers  were  grown. 
Time-resolved  photoluminescence  (TRPL)  spectroscopy  with  resonant  excitation  of  the  quantum 
wells  was  performed  at  5  K  using  a  setup  already  described  elsewhere  [7]. 

RESULTS  AND  DISCUSSION 


Asymmetric  barrier  structure 

This  section  focuses  on  GaInN/GaN  QW's  with  an  additional  AlGaN  barrier  above  or 
below  the  quantum  well.  Low-temperature  photoluminescence  spectra  of  these  two  quantum 
wells  with  asymmetric  barrier  structure  are  summarized  in  Fig.  1.  To  start  with  time-integrated 
spectra  (doted  curves),  the  sample  with  an  AlGaN  barrier  below  the  quantum  well  has  an 
emission  maximum  at  3.060  eV,  and  the  other  one,  in  contrast,  exhibits  a  broad  emission  band 
with  two  maxima  at  3.146  eV  and  3.236  eV.  A  more  detailed  picture  is  given  by  time-resolved 
spectra  (solid  curves).  At  short  delay  times,  both  samples  show  an  emission  line  near  3.245  eV, 
but  their  temporal  behaviors  are  clearly  different  afterwards:  in  the  sample  with  the 
AlGaN  barrier  on  top  of  the  quantum  well,  an  additional  lower-energy  emission  line  emerges 
with  increasing  time  and  finally  reaches  3.146  eV,  i.e.  120  meV  below  the  emis.sion  line  at  early 
times,  but  the  other  sample  with  the  AlGaN-barrier  below  the  quantum  well  shows  a  dramatic 
red-shift  by  about  220  meV,  even  65  meV  below  the  emission  maximum  of  a  simple 
GaInN/GaN  QW  (dot-dashed  line). 

Furthermore,  we  have  a  closer  look  at  the  emission  lines  which  dominate  at  long  delay 
times  and  measure  the  decay  traces  of  each  sample  at  the  luminescence  maxima  in  the  late  time 


photon  energy  (eV)  photon  energy  (eV) 

Figure  1:  Time-integrated  (doted  curves)  and  time-resolved  (solid  curves)  low-temperature 
spectra  of  GaInN/GaN  quantum  wells  with  an  additional  AlGaN  barrier  below  (a)  or  above  (b) 
the  quantum  well.  The  dot-dashed  lines  indicate  the  emission  energy  of  a  simple  GaInN/GaN 
quantum  well  The  insets  show  schematic  pictures  of  the  sample  structures. 


interval.  We  find  that  the  luminescence  intensity  of  the  sample  with  an  AlGaN  barrier  above  the 
quantum  well  decays  much  faster  than  that  of  the  other  one  with  an  AlGaN  barrier  below  the 
quantum  well  (see  Fig.  2).  At  long  delay  times,  we  obtain  a  decay  time  of  77  ns  for  the  former, 
which  is  about  500  times  smaller  than  that  of  34  ps  for  the  latter. 

The  origin  of  these  differences  between  lo®  i - — . . . . — i 
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Figure  2:  Luminescence  decay  in  asymmetric 
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field  points  towards  the  substrate.  Figure  2:  Luminescence  decay  in  asymmetric 

Bearing  in  mind  the  direction  of  the  structures. 
field,  we  performed  numerical  calculations  of 

the  conduction  bands  to  give  a  quantitative  explanation.  An  electrostatic  potential  energy, 
induced  by  a  spatially  inhomogeneous  electron  distribution,  is  calculated  using  a  solution  of 
Poisson's  equation  and  taken  into  account  iteratively  in  solving  the  effective-mass  Schrbdinger 
equation.  At  first,  we  calculated  the  conduction  band  of  a  simple  7  nm  GaInN/GaN  quantum 
well  with  a  piezoelectric  field  of  300  kV/cm.  The  GaN  layers  are  assumed  relaxed  and  have  no 
piezoelectric  field.  A  background  carrier  density  of  5  x  10'^cm  \  which  is  estimated  in  nominally 
undoped  samples,  is  applied.  The  result  of  the  self-consistent  calculation,  which  is  depicted  in 
Fig.3  ,  reveals  a  strong  global  band  bending.  The  band  in  the  GaN  buffer  layer  is  bent  upwards, 
and  electrons  are  depleted.  The  positive  space-charge  in  the  GaN  buffer  layer  and  electrons 
accumulated  in  the  quantum  well  and  the  GaN  cap  layer  build  a  electrostatic  field  (F„)  which 
points  in  an  opposite  direction  to  that  of  the  piezoelectric  field  and  screens  it.  Therefore, 
the  effective  field  in  the  quantum  well  is  smaller  than  the  strain-induced  piezoelectric  field, 
and  this  calculation  results  in  F^^^  of  240  kV/cm,  which  is  reduced  by  about  20  %  of 

The  calculated  band  structures  with  an  additional  AlGaN  barrier  are  more  complex  (see 
Fig.  4).  The  AlGaN  and  GaInN  layer  are  assumed  to  be  in  tension  and  compression, 
respectively.  Strain-induced  piezoelectric  fields  are  estimated  as  350  kV/cm  for  the  former  and 
300  kV/cm  for  the  latter  with  an  opposite  direction.  To  take  a  glance  at  the  conduction  bands, 
the  enhanced  electron  confinement  with  an  AlGaN  barrier  above  the  GaInN  quantum  well  are 
clearly  recognizable  as  expected  previously.  A  further  comparison  between  the  band  structures 
reveals  that  the  potential  energy  drop  over  the  quantum  wells  is  not  equal.  In  case  with  an 
AlGaN  barrier  above  the  quantum  well,  a  depletion  region  is  built  in  the  GaN  buffer  and  cap 
layer.  The  electrons  accumulated  in  the  quantum  well  screen  the  piezoelectric  fields  both  in  the 
quantum  well  and  in  the  AlGaN  barrier.  With  an  AlGaN  barrier  below  the  quantum  well, 
electrons  are  accumulated  in  the  GaN  buffer  layer,  and  the  depletion  region  in  the  GaN  cap  layer 
screens  the  piezoelectric  field  in  the  AlGaN  barrier  but  reinforces  that  in  the  quantum  well.  The 
screening  effect,  therefore,  depends  on  the  placement  of  the  AlGaN  barrier:  is  calculated  as 

240kV/cm  and  330kV/cm  for  the  AlGaN  barrier  above  and  below  the  quantum  well, 
respectively. 
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Figure  3:  Calculated  conduction  band 
structure  of  a  GahiN/GaN  single  quantum  well 
with  a  piezoelectric  field. 
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Figure  4:  Calculated  conduction  hand 

structures  of  samples  with  an  additional  AlGaN 
barrier. 


At  this  point,  the  energetic  po.sition  of  the  emi.ssion  lines  can  be  well  understood.  The 
emission  line  of  the  sample  with  the  AlGaN  barrier  below  the  quantum  well  lies  about  65  meV 
below  the  emission  line  of  the  simple  quantum  well  without  AlGaN  barrier.  The  different 
effective  field  accounts  for  this  emission  energy  difference  (AF):  AF  =  The 

calculated  effective  field  difference  results  in  an  energy  shift  of  about  60  mcV,  which  is  well 
comparable  with  the  experimental  results  if  considering  well  unknown  parameters,  e.g.  the 
electron  concentration.  On  the  other  hand,  the  AlGaN  barrier  above  the  quantum  well  enhances 
the  electron  confinement,  and  therefore  the  increased  confinement  energy  leads  to  an  emission 
energy  higher  than  that  of  the  simple  quantum  well.  The  temporal  red-shift  of  two  the  samples 
can  be  explained  by  the  recovery  of  the  piezoelectric  field  screened  partially  by  carriers  injected 
optically  at  early  times. 


Asymmetrically  doped  quantum  well 


To  test  in  more  detail  the  lack  of  the  inversion  symmetry  due  to  the  piezoelectric  field 
and  screening  effects,  we  study  GaInN/GaN  quantum  wells  with  varied  doping  in  the 
GaN  buffer  and  cap  layer  as  described  in  the  experimental  section.  The  low-temperature 
photoluminescence  spectra  of  these  samples  are  shown  in  Fig.  5.  The  emission  maximum  of  the 
3  nm  GaInN  quantum  well  with  nominally  undoped  GaN  barrier  layers  lies  at  2.875  eV  and 
shifts  toward  2.460  eV  with  increased  well  width  of  6  nm.  This  energy  difference  allows  us  to 
estimate  an  effective  field  of  about  1.4  MV/cm  in  the  quantum  well.  The  emission  energy  of  the 
sample  where  only  a  GaN  cap  layer  is  doped  is  almost  the  same  as  that  of  the  sample  with 
undoped  GaN  barrier  layers.  In  contrast,  the  sample  doped  in  both  the  GaN  buffer  and  cap  layer 
shows  a  blue-shift  of  about  260  meV.  We  observed  in  addition  that  the  stimulated  emission  of 
6  nm  quantum  wells  appears  at  almost  the  same  energetic  position,  confirming  that  there  is  no 
significant  variation  of  In  content  or  well  width  among  our  samples  [11]. 
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Figure  5:  Photoluminescence  spectra  of 
GaInN/GaN  single  QW's  with  and  without  Si-  quantum  well  versus  doping  density  for  a 
doping  in  the  GaN  barriers.  intrinsic  piezoelectric  field  of  1500  kV/cm. 


These  experimental  results  indicate  that  the  piezoelectric  field  is  screened  only  when  the 
GaN  buffer  layer  below  the  quantum  well  is  doped.  Considering  the  calculated  band  structure 
shown  in  Fig.  4,  a  space-charge  region  is  built  in  the  GaN  buffer  layer  and  induces  an 
electrostatic  field  screening  the  piezoelectrie  field  together  with  electrons  accumulated  in  the 
hetero-interface  between  the  quantum  well  and  GaN  cap  layer  due  to  the  piezoelectric  field.  The 
doping  level  of  the  GaN  buffer  layer,  therefore,  has  a  dominant  influence  on  the  screening  but 
not  that  of  the  GaN  cap  layer.  It  is  interesting  to  note  that  this  asymmetry  confirms  the  direction 
of  the  piezoelectric  field  determined  earlier:  unless  it  were  the  case,  the  emission  line  of  the 
sample  where  only  the  GaN  cap  layer  is  doped  would  shift  toward  lower  energy. 

To  caleulate  the  screening  field  analytically,  we  develop  a  simple  model  as  follows. 
Under  the  abrupt  approximation,  the  depletion-region  width  I  below  the  quantum  well  can  be 
expressed  as  I  =  with  a  potential  drop  O  =  over  the  quantum  well.  The 

doping  density  is  assumed  as  spatially  homogeneous,  and  the  electron  concentration  in  the 
depletion  region  is  neglected.  Integrating  over  the  depletion-region  width  gives  the  resultant 
eleetric  screening  field  •  The  effective  field  F  -  F  is  therefore 


F  =  F  +- 

^  ejf  -*  piezo 


1-J1  + 


‘^^O^rFpiezo 


eN^L, 


(1) 


where  and  are  the  permittivity  of  the  vacuum  and  the  dielectric  constant  of  GaN, 
respectively.  For  a  doping  density  of  5  x  10“^  cm'\  an  intrinsic  piezoelectric  field  of  300  kV/cm, 
and  a  well  width  of  7  nm,  an  effective  field  is  given  by  this  equation  as  243  kV/cm  in  good 
agreement  with  the  previous  result  of  numerical  calculation.  The  effective  fields  can  be  therefore 
well  calculated  by  this  simple  analytical  model  in  a  good  approximation. 

Now,  we  apply  this  model  to  the  experimental  results.  A  doping  level  of  (1  -  2)xl0'®cm'^ 
results  in  a  blue-shift  of  about  260  meV  in  a  6  nm  quantum  well,  which  means  a  reduction  of  the 
effective  field  by  440  kV/cm  260  meV/6  nm)  to  940  kV/cm.  Fig.  6  shows  the  values  of  F^^^  as 
a  function  of  the  doping  density  with  a  piezoelectric  field  of  1500kV/cm  according  to  Eq.l. 
Both  the  difference  of  the  effective  field  strength  and  the  corresponding  doping  density  can  be 
very  well  explained  by  the  model. 


SUMMARY 


The  asymmetric  behavior  of  GaInN/AlGaN/GaN  quantum  wells  provide  confirming 
evidence  of  the  piezoelectric  field  effect  and  allow  us  to  determine  the  direction  of  the  field 
which  points  towards  the  substrate.  With  reference  to  the  direction,  an  additional  AlGaN  barrier 
on  top  of  the  GaInN  quantum  well  enhances  the  electron  confinement  leading  to  increased 
oscillator  strength.  The  doping  level  of  the  GaN  buffer  layer  below  the  quantum  well  has  a 
crucial  role  in  screening  the  piezoelectric  field,  but  not  that  of  the  cap  layer  above  the  quantum 
well. 
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Abstract 

Control  of  the  polarity  of  GaN  films  deposited  by  metalorganic  chemical  vapor 
deposition  was  achieved  by  substrate  nitridation  and  subsequent  annealing  of  a  buffer  layer.  The 
surface  morphology  and  optical  properties  of  1.2pm  GaN  films  were  influenced  by  the  different 
growth  mode  due  to  the  polar  direction.  Coaxial  impact  collision  ion  scattering  spectroscopy 
revealed  that  the  polarity  composition  of  a  buffer  layer  on  nitrided  sapphire  varied  by  annealing 
in  a  H2  atmosphere.  It  was  considered  that  the  systematic  variation  of  the  surface  morphology  was 
caused  by  the  polarity  composition  of  the  buffer  layer. 

Introduction 

GaN,  InGaN  and  AlGaN  which  have  been  successfully  used  in  blue  light  emitting 
devices  [1]  have  a  wrutzite  crystal  structure.  Epitaxial  films  of  these  materials  grow  along  the 
polar  c-axis  direction  and  consequently  have  a  polarity  as  illustrated  in  Fig.l.  The  importance  of 
the  polarity  for  understanding  the  fundamental  mechanism  of  spontaneous  and  stimulated  light 
emission  from  the  GaN/InGaN/GaN  quantum  well  structure  has  been  recognized.  Although  the 
polarity  of  GaN  has  been  intensively  studied,  not  all  of  the  results  are  consistent  [2].  In  order  to 
obtain  a  common  view  about  the  polarity  of  GaN  film,  not  only  the  identification  of  polarity  but 
also  the  mechanism  determining  the  polar  growth  direction  must  be  studied. 
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Irrespective  of  such  growth  techniques  as  metalorganic  chemical  vapor  deposition 
(MOCVD)  and  molecular  beam  epitaxy  (MBE),  GaN  epitaxial  films  arc  typically  deposited  on  c- 
plane  sapphire  with  a  buffer  layer  deposited  at  low  temperature  [3].  There  are  many  switching 
steps  during  GaN  growth.  For  example,  sapphire  substrates  are  cleaned  in  a  atmosphere  at 
high  temperature,  the  substrate  temperature  is  ramped  up  after  depositing  the  buffer  layer,  and  the 
gas  flow  ratio  (N2,  H2,  NH3)  in  each  step  is  changed  to  obtain  high  quality  GaN  films. 
Furthermore,  the  substrate  is  occasionally  nitrided  [4][5].  Each  step  involves  the  chemical 
reactions,  which  make  the  polarity  issue  complicated. 

The  polarity  structure  should  be  determined  at  the  initial  stage  of  the  growth,  i.e.,  at  the 
interface  since  the  rest  of  the  film  growth  can  be  considered  as  a  kind  of  homoepitaxy.  The  insert 
of  a  buffer  layer  forms  another  interface  and  substrate  nitridation  moderates  the  surface  state  [6]. 
We  have  investigated  the  influence  of  a  buffer  layer  and  substrate  nitridation  on  GaN  film  growth 
from  the  point  of  view  of  these  interfaces  [7].  As  a  result  of  this  study,  it  was  possible  to  control 
the  polarity  of  GaN  films  on  c-planc  sapphire  [8]. 


(0001 )  Ga-face  (+c)  (0001 )  N-face  (-c) 


Fig.l  Schematic  illustration  of 
wrutzite  GaN  structure  oriented 
along  c-axis.  Left  side  is  (0001)  Ga- 
face  which  is  defined  +c.  Right  side 
is  (0001)  N-face  which  is  defined 
which  is  defined  -c. 


In  this  paper,  GaN  films  with  the  different  polarity  were  deposited  under  the  same 
conditions  except  for  the  annealing  time  of  the  buffer  layer.  The  .systematic  variation  in  the 
surface  morphology  will  be  presented.  The  influence  of  thickness  and  annealing  time  on  the 
polarity  of  buffer  layer  was  investigated  in  order  to  discuss  the  variation  of  surface  morphology. 


Experiment 


GaN  films  with  L2|am  thickness  were  deposited  on  c-plane  sapphire  by  a  two-step 
atmospheric  MOCVD  method.  Prior  to  deposition,  the  substrate  was  thermally  cleaned  in  a  H2 
gas  flow  at  1080°C  for  lOmin.  Substrate  nitridation  was  carried  out  by  heating  at  1080°C  in  NH3 
for  5min.  After  deposition  of  a  160nm  GaN  buffer  layer  at  600°C,  the  buffer  layer  was  annealed 
at  1040°C  for  up  to  lOOmin  under  a  gaseous  mixture  of  N2,  H2  and  NH3.  GaN  films  were 
deposited  on  the  annealed  buffer  layer  at  1040®C  under  the  same  conditions.  The  buffer  layer  as 
thick  as  160nm  was  intentionally  prepared  for  the  purpose  in  this  study.  For  comparison,  high 
quality  GaN  films  with  20nm  buffer  layer  were  also  deposited  on  sapphire  with  and  without 
nitridation.  Identification  of  the  polarity  was  carried  out  by  coaxial  impact  collision  ion  scattering 
spectroscopy  (CAICISS).  The  polarity  of  the  GaN  films  was  determined  by  comparison  with 
CAICISS  results  for  ZnO  which  not  only  has  a  wurtzite  crystal  structure  but  also  lattice  constants 
(a=0.3250nm,  c=0.5207nm)  close  to  those  of  GaN  (a=0.3189nm,  c=0.5185nm)  [9]. 
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Fig.2  Surface  morphology 
of  GaN  films  deposited  on 
the  buffer  layer  whose 
polarity  was  controlled  by 
the  annealing  time  of  (a) 
30min,  (b)40min,  (c)60min 
and  (d)  lOOmin.  GaN 
epilayers  were  deposited 
under  the  same  conditions. 
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Fig.  3  PL  spectra  near  band  edge  at  lOK  for  +c 
and  -c  GaN  films  on  (a)  20nm  buffer  layer, 
(b)160nm  buffer  layer  annealed  for  lOmin.  (c) 
GaN  on  20nm  buffer  and  (d)  160nm  buffer  layer 
annealed  for  60min.  The  substrate  was  nitrided 
in(b)-(d). 

Results  and  discussion 
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Fig.  4  CAICISS  spectra  of  160nm  buffer 
layers  on  a  nitrided  sapphire  for  (b)  20min  and 
(c)  30min.  The  lines  in  (b)  and  (c)  are 
calculated  line  from  the  weight  mean  of  the 
spectra  of  (a)  +c  and  (d)  -c  ZnO  (See  the  text). 


The  surface  morphology  of  GaN  films  on  160nm  buffer  layers  annealed  for  lOmin  was 
featureless,  i.e., smooth  while  those  on  buffer  layers  annealed  for  more  than  30min  were 
hexagonal  facet  as  shown  in  Fig. 2,  The  polarity  of  GaN  films  with  smooth  and  hexagonal  facet 
surface  were  determined  Ga-  (0001)  (+c  polarity)  and  N-face  (0001)  (-c  polarity),  respectively, 
which  was  consistent  with  our  previous  results  [10].  The  “house-shaped”  hexagonal  structures  are 
observed  to  form  hexagonal  “columns”  as  indicated  by  the  arrow  in  Fig.  2(c).  The  ratio  of 
"house-shaped"  structure  with  {1101}  and  (0001)  planes  to  the  hexagonal  column  with  { 1 100} 
and  (0001)  will  be  discussed  later.  The  size  of  the  hexagonal  facet  could  be  systematically 
controlled  up  to  60pm  by  variation  of  the  annealing  time  of  the  buffer  layer.  It  is  important  that 
the  polarity  and  surfaee  morphology  of  GaN  films  deposited  even  under  the  same  conditions 
varied  systematically  with  the  annealing  conditions  of  buffer  layer. 


The  photoluminescence  (PL)  spectra  for  +c  and  -c  GaN  films  are  shown  in  Fig.  3,  As 
can  be  clearly  seen,  the  PL  spectra  varies  significantly  with  the  polarity.  Although  the  peaks  of  +c 
GaN  films  can  be  identified,  those  of  -c  GaN  films  can  not.  PL  properties  should  originate  from 
the  bulk  GaN,  or  in  other  words,  are  never  influenced  by  the  polarity.  Since  the  crystal  structures 
of  -c  GaN  are  comparable  to  those  of  +c  GaN  films  (See  Fig. 6),  the  difference  in  PL  must  be  due 
to  the  different  growth  mode  of  the  polar  direction.  It  is  possible  that  the  amount  of  impurities 
depends  on  the  polarity.  Theoretical  and  experimental  research  about  the  incorporation  of 
impurities  is  presently  under  way. 

In  order  to  consider  the  variations  in  surface  morphology,  the  interfaces  at  the  substrate 
or  buffer  layers  were  investigated.  The  nitrided  substrate  was  investigated  by  reflection  of  high 
electron  energy  diffraction  (RHEED)  and  X-ray  photoelectron  spectroscopy  (XPS).  A  spotty 
RHEED  pattern,  which  could  be  assigned  as  wurtzite  AIN  (1120),  was  observed  in  the  azimuth 
[1100]  of  sapphire.  The  binding  energy  of  nitrogen  from  the  nitrided  sapphire  was  observed  at 
403eV  between  nitrogen  of  AIN  (397eV)  [11]  and  nitrogen  (408eV).  The  nitrogen  was 
incorporated  into  the  substrate  about  one  unit  (L2nm)  from  the  surface.  CAICISS  analysis  by 
Shimizu  et.al.  revealed  that  AIN  formed  by  the  nitridation  had  -c  polarity  (N-face)  terminated 
with  A1  atoms  [12].  Figure  4  (b)  and  4(c)  shows  the  CAICISS  spectra  for  the  buffer  layer 
annealed  for  20  and  30min,  respectively.  The  lines  in  Fig.4  (b)  and  4(c)  are  calculated  form  the 
weight  mean  of  +c  and  -c  ZnO  spectra  of  Fig.4  (a)  and  4(d).  The  ratio  of  +c  to  -c  domains  on  the 
surface  (-l-c:-c  )  was  evaluated  as  50:50  and  20:80  for  Fig.4  (b)  and  4(c),  respectively.  It  was 
verified  that  the  polarity  ratio  at  the  buffer-layer  surface  varied  with  annealing  time. 

The  above  results  leads  us  to  hypothesize  that  the  buffer  layer  on  a  nitrided  sapphire 

should  have  both  +c  and  -c  domains  due  to  imperfect  nitridation.  Since  H2  cleaning  removes 
oxygen,  the  non-nitrided  surface  should  be  covered  with  A1  atoms.  At  the  very  initial  stage  of 
GaN  buffer  growth,  nitrogen  atoms  are  bound  to  A1  atoms  regardless  of  a  nitridation.  Nitrogen 
atoms  are  bonded  to  three  A1  atoms  and  have  one  bond  pointing  upwards  normal  to  the  surface  on 
the  nitrided  sapphire,  reflecting  -c  polarity  of  AIN  formed  by  a  substrate  nitridation.  In  contrast, 
nitrogen  atoms  are  bonded  to  one  A1  atom,  and  Ga  atoms  are  bounded  to  three  nitrogen 


(a)  as-deposited  (b)  during  the  annealing  (c)  Further  annealing 

(transition) 

- - - ► 

Annealing  time 

Fig.  5  Schematic  illustration  of  the  variation  of  buffer  layer  on  a  nitrided  sapphire  by  the 
annealing.  The  annealing  should  enhanced  the  etching,  (a)  as-deposited  buffer  layer  covered 
with  +c  changed  to  the  buffer  layer  with  (c)  -c  polarity  through  the  transition  (b). 

atoms  in  the  direction  away  from  the  surface  on  a  non-nitrided  sapphire.  Both  -fc  and  -c 
nucleation  due  to  imperfect  nitridation  should  take  place  during  the  initial  growth  on  nitrided 
sapphire.  Taking  the  higher  growth  rate  [13]  and  re-evaporation  of  the  +c  domain  into  account 
[7],  we  hypothesized  that  -i-c  domains  could  cover  -c  domains  at  600°C  and  that  the  selective 
evaporation  of  +c  domains  by  subsequent  temperature  ramping  (a  type  of  an  annealing)  would 
leave  -c  domains  in  the  buffer  layer  on  the  nitrided  sapphire  as  illustrated  in  Fig.5. 

In  fact,  the  observed  polarity  of  as-deposited  20nm  buffer  layer  on  nitrided  sapphire  was 
predominantly  +c  polarity  and  it  turned  to  -c  polarity  after  the  annealing.  The  buffer  layer  was  too 
thin  to  detect  the  transition  from  +c  to  -c  polarity.  It  is  expected  that  the  polarity  variation  for  the 
160nm  buffer  layer  should  be  an  characteristic  of  the  buffer  layers  on  nitrided  sapphire.  Since  the 
absorbance  at  3.6eV  from  the  160nm  buffer  layer  decreased  with  increasing  annealing  time,  the 
reduction  in  the  average  thickness  of  the  buffer  layer  was  due  to  evaporation  of  +c  domains  as 
illustrated  in  Fig.5.  Consequently,  the  ratio  of  -i-c  to  -c  domains  at  the  surface  varied  with  the 
annealing  time  as  shown  in  Fig.4.  If  it  is  accepted  that  the  house-shaped  and  column  hexagonal 
structure  represent  +c  and  -c  polarity,  respectively  [13],  the  surface  morphology  of  MOCVD- 
GaN  films  could  represent  the  polarity  composition  at  the  buffer-layer  surface  acting  as  an 
indicator.  Figure  6  shows  that  the  column  hexagonal  facet  of  GaN  films  becomes  dominant  with 


increased  annealing  time.  The  difference  in  the  ratio  between  the  buffer  layer  annealed  for  30min 
and  the  GaN  film  on  it  will  be  pointed  out.  The  transition  in  this  case  probably  takes  place 
critically  during  20-30min  annealing  giving  rise  to  large  experimental  errors,  e.g.,  the  variation 
with  different  batches,  is  considered  to  be  one  of  the  factors  causing  the  difference.  The  polarity 
of  a  buffer  layer  should  determine  the  polarity  and  surface  morphology  of  the  GaN  films. 

Based  on  the  results  in  this 
study,  the  -c  polarity  in  MBE-GaN 
films  [14]  should  be  ascribed  to 
substrate  nitridation  which  is  typical 
for  this  deposition  process,  since 
radical  nitrogen  used  in  MBE 
method  should  be  more  reactive  with 
the  surface  of  sapphire.  However, 
not  all  of  the  nitridation  results  in  -c 
polarity  of  MOCVD-GaN  films.  The 
fact  that  MOCVD-GaN  films  with 
smooth  surface  (+c  polarity)  were 
obtained  in  spite  of  substrate 
nitridation  [5,7]  was  explained  by 
insufficient  evaporation  of  +c 
domains  in  the  buffer  layer.  It  is  reasonable  to  conclude  that  the  polar  direction  of  GaN  film 
growth  on  c-plane  sapphire  is  determined  by  the  mechanism  as  reported  in  this  study. 

Conclusion 

Control  of  the  polarity  of  MOCVD-GaN  was  achieved  by  annealing  of  thicker  buffer 
layers  on  nitrided  sapphire.  The  properties  of  1.2iam  GaN  was  influenced  by  the  different  growth 
mode  of  the  polarity.  The  mechanism  determining  the  polar  direction  of  GaN  films  was 
investigated  from  the  view  point  of  the  substrate  nitridation  and  the  buffer  layer.  The  nitrogen 
atom  to  A1  atom  bonding  configurations  at  the  interface  of  substrate  were  found  to  be  modified 


Annealing  time  of  160nm  buffer  layer  (min) 

Fig.  6  Ratio  of  flat  hexagonal  fact  of  GaN  films 
deposited  on  160nm  buffer  layer  annealed  for  up  to 
lOOmin.  The  sapphire  was  nitrided.  The  values  of  crystal 
structure  for  those  films  and  GaN  film  on  20nm  buffer 
layer  as  a  reference  are  also  plotted. 


by  substrate  nitridation.  Substrate  nitridation,  thickness  of  the  buffer  layer  and  annealing  (gas 
ratio,  temperature  ramp  time  etc.)  after  deposition  of  the  buffer  layer  play  a  dominant  role  in 
determining  the  polarity  and  surface  morphology  of  MOCVD-GaN  films.  The  systematic 
variation  of  the  surface  morphology  was  caused  by  the  polarity  composition  of  the  buffer  layer. 
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ABSTRACT 

Quantum  well  (QW)  material  engineering  has  attracted  a  considerable  amount  of  interest 
from  many  people  because  of  its  ability  to  produce  a  number  of  optoelectronic  devices.  QW 
composition  intermixing  is  a  thermal  induced  interdiffrision  of  the  constituent  atoms  through  the 
hetero-interface.  The  intermixing  process  is  an  attractive  way  to  achieve  the  modification  of  the 
QW  band  structure.  It  is  known  that  the  band  structure  is  a  fundamental  determinant  for  such 
electronic  and  optical  properties  of  materials  as  the  optical  gain,  the  refractive  index  and  the 
absorption.  During  the  process,  the  as-grown  square-QW  compositional  profile  is  modified  to  a 
graded  profile,  thereby  altering  the  confinement  profile  and  the  subband  structure  in  the  QW.  The 
blue-shifting  of  the  wavelength  in  the  intermixed  QW  structure  is  found  in  this  process. 

In  recent  years,  Ill-nitride  semiconductors  have  attracted  much  attention.  This  is  mainly 
due  to  their  large  bandgap  range  from  1.89eV  (wurtzite  InN)  to  3.44eV  (wurtzite  GaN), 
InGaN/GaN  quantum  well  structures  have  been  used  to  achieve  high  lumens  blue  and  green  light 
emitting  diodes.  Such  structures  also  facilitate  the  production  of  full  colour  LED  displays  by 
complementing  the  colour  spectrum  of  available  LEDs. 

In  this  paper,  the  effects  of  thermal  annealing  on  the  strained-layer  InGaN/GaN  QW  will 
be  presented.  The  effects  of  intermixing  on  the  confinement  potential  of  InGaN/GaN  QWs  have 
been  theoretically  analysed,  with  sublattices  interdiffusion  as  the  basis.  This  process  is  described 
by  Pick’s  law,  with  constant  diffusion  coefficients  in  both  the  well  and  the  barrier  layers.  The 
diffusion  coefficients  depend  on  the  annealing  temperature,  time  and  the  activation  energy  of 
constituent  atoms.  The  optical  properties  of  intermixed  InGaN/GaN  QW  structure  of  different 
interdiffusion  rates  have  been  theoretically  analyzed  for  applications  of  novel  optical  devices.  The 
photoluminescence  studies  and  the  intermixed  QW  modeling  have  been  used  to  understand  the 
effects  of  intermixing. 

INTRODUCTION 

Wide-bandgap  semiconductors  such  as  GaN,  AIN,  InN  and  their  ternary  compounds  have 
been  studied  so  as  to  realize  the  semiconductor  blue-green  laser.  As  a  matter  of  fact,  the 
demonstration  of  high-brightness  blue-green  light-emitting  diodes  from  the  wurtzite  GaN 
semiconductor  has  stimulated  a  lot  of  research  on  the  fabrication  of  blue-green  laser  diodes  using 
nitride-based  semiconductors  [1-3].  InGaN/GaN  single-quantum- well  structures  have  been  used 
to  achieve  high-power  blue  and  green  light-emitting  diodes.  Also,  room  temperature  pulsed 
lasing  of  a  strained  InGaN/GaN  multiquantum-well  laser  diode  has  recently  been  demonstrated. 

The  nature  crystal  structure  of  most  of  the  group  III  nitrides  is  wurtzite.  Strain  is  also 
present  in  most  of  the  group  III  nitrides  because  of  the  lack  of  substrate  materials  with  a  matched 
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lattice  constant  and  a  thermal  expansion  coefficient.  Indeed,  fundamental  studies  of  the  effects  of 
strain  on  wurtzite  band  structure  play  an  important  role  in  understanding  the  electronic  and  optical 
properties  of  GaN-based  optoelectronic  materials  and  devices. 

In  order  to  tune  the  interesting  wavelength,  the  concept  of  band-gap  engineering  is  a 
useful  tool  to  accept  the  particular  devices  operation  [4].  Basically,  intermixing  process  is  one  of 
easy  way  to  achieve  the  modification  of  bandstructure.  The  intermixing  process  involves  the 
interdifftision  of  the  constituent  atoms  of  the  heterostructure,  the  process  temperature,  and  time. 
During  the  process  the  as-grown  square-QW  compositional  profile  is  modified  to  a  graded  profile 
thereby  altering  the  confinement  profile  and  subband  structure  in  the  QW.  The  interdilfusion  of 
InGaN/GaN  QW  system  is  more  complex  compared  with  AlGaAs/GaAs  and  InGaAs/GaAs 
because  of  the  immiscibility  of  InN  and  GaN  [5]. 

THEORETICAL  MODEL 

This  paper  presents  a  theoretical  study  of  the  effects  of  interdiffusion  on  a  25A  well/70A 
barrier  of  an  Ino.2Gao.8N/GaN  MQW  structure,  whose  properties  leads  to  the  shift  in  spontaneous 
emission  rate.  The  effects  of  interdiffusion  on  the  strains,  the  splitting  of  the  heavy-hole  (HH),  the 
light-hole  (LH),  the  crystal-field  split-hole  (CH)  subbands,  the  conduction  band  (CB)  and  their 
dispersions,  are  calculated  theoretically,  based  on  the  Hamiltonian  derived  using  the  multi-band 
k«p  model  by  Chuang  and  Chang  [6]. 

The  QW  composition  intermixing  refer  to  the  thermal  induced  interdiffusion  of  the 
constituent  atoms  through  the  hetero-interface.  In  fact,  the  interdiffused  QW  (DFQW)  structures 
created  by  both  impurity  induced  and  impurity-free  vacancy  promoted  processes  have  recently 
attracted  much  attention  [7-9].  The  interdiffiision  mechanism  can  be  a  single-phase  diffusion  for 
two  constituent  atoms  or  it  can  be  a  two-phase  or  multiple-phase  one  and/or  for  multiple  species. 
In  InGaN/GaN  DFQW  structures,  only  the  interdiffusion  of  group-III  atoms,  i.e.  In  and  Ga  atoms, 
occurs  as  there  is  no  N  concentration  gradient  across  the  interface.  The  diffusion  of  group  III 
atoms  in  the  QW  structure  is  usually  de.scribed  by  the  Tick’s  law  with  constant  diffusion 
coefficients  in  both  the  well  and  the  barrier  layers.  The  composition  profile  after  the  interdiffusion 
is  characterized  by  a  diffusion  length  Ld  defined  as  Ld=V(Dt),  where  D  is  the  diffusion  coefficient 
and  t  is  the  annealing  time  of  thermal  processing.  The  In  mole  fraction  across  the  InGaN/GaN 
DFQW  structure  after  the  interdiffusion  is  given  by: 


erf  erf 


4L, 


4L, 


(1) 


where  z  denotes  the  co-ordinate  along  the  crystal  growth  direction,  Lw  is  the  as-grown  well  width 
and  xo  is  the  as-grown  In  mole  Ifaction. 

To  calculate  the  electron  and  hole  wave  functions  in  QW’s,  we  use  the  multiband  effective 
mass  theory.  It  is  a  good  approximation  that  the  conduction  and  valence  bands  are  decoupled.  A 
parabolic  band  model  and  the  Luttinger-Kohn  Hamiltonian  with  strain  components  are  used  for 
the  conduction  and  valence  bands  respectively.  The  envelope  function  scheme  is  adopted  to 
describe  the  slowly  varying  part  of  the  waveftinction.  The  effects  of  the  quantum  well  confinement 
potential  on  the  energies  and  envelope  functions  of  the  electron  and  hole  subband  edge  at  the 
zone  centre  of  the  Brillouin  zone  can  be  calculated  separately,  according  to  the  Ben-Daniel  and 
Duke  model,  using  the  one-dimensional  Schrodinger-like  equation  that  follows: 
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where  \}/ri(z)  is  the  envelope  function  of  the  subband  for  electrons(r=e)  or  holes  (r=hh,  Ih  for 
heavy  hole  and  light  holes  respectively);  mir*(z)  is  the  corresponding  carrier  effective  mass  in  the  z 
direction;  Eri  is  the  subband-edge  energy.  Ur(z)  is  the  confinement  potential  of  the  quantum  well. 
Equation  (2)  is  solved  numerically  using  a  finite  difference  method  with  the  corresponding 
confinement  profile.  The  strain  of  InGaN/GaN  DFQW  is  compressive  in  nature,  pushes  the 
valence  subbands  downwards  and  further  increases  the  bandgap. 

The  in-plane  valence  band  dispersion  of  the  wurtzite-InGaN/GaN  QW  is  calculated  using 
the  parameters  of  GaN,  InN  as  hsted  in  Table  I.  Meanwhile,  alloy  properties  of  InxGai.xN  are 
obtained  by  linear  interpolation,  except  for  the  bandgap  energy,  in  which  a  bowing  parameter  of 
b=1.8eV  for  InGaN/GaN  is  used  [10].  The  partition  ratio  for  the  band  edge  discontinuity  at  the 
heterojunction  for  the  valence  and  conduction  bands  is  assumed  to  be  33:67  for  both  QW 
systems. 

Table  I.  Material  Parameters  used  in  calculating  the  band  structure  of  InGaN/GaN  QW. 


Parameters 

GaN 

InN 

a  (A) 

3.190 

3.544 

Ee(eV)  at  300K 

3.44 

1.89 

A,=A„  (meV) 

10 

27.8 

A2=A3  (meV) 

5.17 

3.9 

me""  (mo) 

0.2 

0.11 

mg'  (mo) 

0.18 

0.1 

A, 

-6.56 

-9.28 

A2 

-0.91 

-0.6 

A3 

5.65 

8.68 

A4 

-2.83 

-4.34 

As 

-3.13 

-4.32 

As 

-4.86 

-6.08 

ac(eV) 

-11.8 

-1.2 

D,  (eV) 

0.7 

0.35 

D2  (eV) 

2.1 

1.05 

Ds  (eV) 

1.4 

1.32 

D4  (eV) 

-0.7 

-0.74 

Ci3  (lO”  dyn  cm'^) 

10 

9.4 

C33  (lO"  dyn  cm’^) 

39.2 

20 

We  assume  that  the  injected  carrier  density  is  1x10*^  cm'^  in  the  InGaN-GaN  DFQW.  The 
spontaneous  emission  rate  is  caleulated  by  integrating  the  emission  rate  over  all  the  electrons  and 
holes  recombination  processes.  The  spontaneous  emission  is  given  by  the  following  equation: 
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where  q  is  the  electric  charge.  Hr  is  the  refractive  index,  Eo  is  the  dielectric  constant  of  the  vacuum, 
c  is  the  speed  of  light,  Lw  is  the  width  of  the  quantum  well,  E  is  the  photon  energy,  ^pq  is  the 
optical  matrix  element,  and  f  and  1^  are  the  Fermi  distribution  functions  for  electrons  in  the 
conduction  subband  and  holes  in  the  valence  subband  respectively.  To  include  the  spectral 
broadening  of  each  transition,  the  total  spontaneous  emission  spectrum  in  a  single  DFQW 
structure  is  obtained  using  some  spectral  lineshape  function  over  all  transition  energies  E’.  Such 
function  is  given  by: 


where  L(E-E’)  is  a  Lorentzian  line-broadening  function  given  by 


LiE-E')  =  - 


A/t,., 
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where  Tin  is  the  intraband  relaxation  time.  Then,  the  spontaneous  emission  spectrum  can  be 
obtained. 

The  spontaneous  emission  spectrum  of  the  InGaN/GaN  DFQW  is  shown  in  Fig.  1 .  The 
light  emission  can  shift  the  photon  energy  from  2.96eV  to  3.02eV  within  the  range  of  Ld=0-4A. 
The  results  show  that  a  magnitude  of  spontaneous  emission  enhancement  of  more  than  5%.  The 
InGaN/GaN  DFQW  can  be  used  in  the  blue  LEDs,  which  can  adjust  the  wavelength  of  the 
emitted  photons  according  to  the  extent  of  intermixing. 


Fig.  1  The  spontaneous  emission  spectra  of  InGaN/GaN  DFQW 


EXPERIMENT 


The  InGaN/GaN  MQW  in  this  study  were  grown  on  c-plane  sapphire  substrates  in  an 
atmospheric  pressure  MOCVD  reactor.  The  MQW  structure  consist  of  a  570A  GaN  layer,  a  10 
period  superlattice  of  25 A  Ino.2Gao.8N  well/70A  Ino.osGao.osN  barrier,  and  a  2300nm  GaN:  Si  layer 
on  a  sapphire  substrate.  The  Si02  film  was  deposited  on  the  sample  surface  using  plasma 
enhanced  chemical  vapor  deposition.  Thermal  annealing  treatment  was  performed  in  a  flowing  N2 
ambient  using  the  diffusion  furnace  at  1060°C  for  bOminutes.  Photoluminescence  spectra  were 
taken  with  the  325nm  line  of  a  15mW  He-Cd  laser  at  lOK.  The  PL  spectra  of  the  as-grown  and 
intermixed  MQW  are  shown  in  Fig.  2.  The  spectrum  of  the  as-grown  MQW  is  dominated  by  the 
intense  localized  exciton  (2.950eV)  related  to  the  very  strong  blue  luminescence.  After  the 
thermal  annealing,  there  are  six  weak  luminescence  peaks  in  the  region  of  2.955-3.45eV.  The 
transition  line  (at  2.955eV)  for  the  InGaN/GaN  MQW  is  due  to  the  localized  exciton  transition 
from  the  InGaN  weU  region  and  the  first  quantized  level  of  exciton  localization  located  at 
3.197eV.  Two  emission  peaks,  at  approximately  3.162  and  3.071eV,  correspond  to  the  LO 
phonon  replicas  (1  and  2LO)  of  the  main  emission  line  at  3.25  leV  from  the  GaN  layer.  The 
energy  positions  are  separated  by  90meV  which  is  close  to  the  longitudinal  optical  (LO)  phonon 
energy  of  bulk  InN  (86meV)  and  GaN  (91meV)  [11].  Also,  the  GaN  layer  is  observed  at  3.45eV. 
The  energy  shift  of  localized  excitons  for  the  as-grown  and  the  intermked  InGaN/GaN  MQW  is 
only  observed  to  be  5meV.  The  effect  of  impurities  enhanced  intermixing  is  required  to  increase 
the  rate  of  diffusion  in  the  system. 


Fig.2  lOK  PL  spectra  of  (a)  the  as-grown  Ino.2Gao.8N  MQW  and  (b)  the  intermixed  Ino.2Gao.8N 

MQW  at  1060°C  for  60minutes 


CONCLUSIONS 


In  this  paper,  the  InGaN/GaN  MQW  intermixed  structure  is  analyzed,  and  used  to  tune  the 
operation  wavelength  of  light  emission  in  the  device.  Theoretically,  the  results  show  that  the 
photon  energy  can  be  shifted  from  2.96  to  3.02eV  within  the  range  of  La  =  0-4A  diffusion  length, 
resulting  in  an  enhancement  of  the  spontaneous  light  emission.  Experimentally,  the  PL  of  the 
intermixed  MQW  obtained  the  energy  shifts  from  2.95eV  to  2.955eV  (5meV  blue-shift). 
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ABSTRACT 

The  incorporation  of  oxygen  onto  the  (3x3)  reconstructed  surface  of  GaN(OOQl)  has  been 
studied  using  X-ray  Photoelectron  Spectroscopy  (XPS).  It  was  found  that  the  (3x3) 
reconstruction  corresponds  to  a  fractional  Ga  adlayer  atop  a  Ga  terminated  GaN  surface.  Our 
measurements  indicate  a  surface  coverage  of  1.15  +  0.2  monolayers  of  relaxed  Ga  on  the  surface. 
The  binding  energy  separation  between  the  relaxed  surface  Ga3d  core  level  and  bulk  Ga3d  level 
was  measured  to  be  1.1  ±0.1  eV.  A  metallic  component  extending  from  the  bulk  GaN  valence 
band  maximum  out  to  0  eV  was  also  present  in  the  XPS  spectrum.  The  separation  between  the 
bulk  valence  band  maximum  and  the  Fermi  level  of  the  metallic  component  was  found  to  be  2. 1  ± 
0. 1  eV.  The  relaxation  of  the  surface  Ga  was  found  to  decrease  with  oxygen  exposure  indicating 
Ga-0  bonding,  with  oxygen  adsorption  terminating  at  1.3  +  0.2  monolayers.  The  Ols  core  level 
was  found  to  have  a  FWHM  of  2.0  ±0.1  eV. 

INTRODUCTION 

Wide  band  gap  semiconductors  have  attracted  considerable  attention  for  applications 
ranging  from  lasers  to  high  power  electronics.  In  the  last  few  years,  substantial  improvement  in 
the  structural  and  electronic  properties  of  GaN  has  been  achieved.  This  has  resulted  in  major 
advances  in  blue-green  light-emitting  diodes  and  lasers  as  well  as  HFET  power  devices.  The 
performance  of  these  devices,  however,  is  still  limited  by  a  number  of  materials  problems  as  well 
as  difficulties  in  producing  low  resistance  contacts.  This  is  particularly  true  of  p-type  GaN  where 
extremely  high  doping  densities  are  required  to  produce  p-type  material.  Reasonably  good  ohmic 
contacts  to  n-GaN  have  been  found,  and  the  interface  chemistry  of  these  contacts  investigated.  [1] 
The  effects  of  adsorbates  on  Fermi-level  pinning  and  Schottky  barrier  heights,  however,  is  not 
well  understood.  A  study  of  the  (1x1)  GaN  surface  has  shown  an  increase  in  electron  affinity  of 
-0.58  eV  due  to  oxygen  chemisorption.  [2]  These  types  of  surface  effects  have  strong 
implications  for  device  fabrication.  We  report  here  a  study  of  the  (3x3)  reconstructed  surface  of 
GaN(OOOi)  including  effects  due  to  oxidation. 

EXPERIMENT 

GaN  was  grown  on  sapphire  (0001)  substrates  by  RF  assisted  molecular  beam  epitaxy 
using  a  low  temperature  GaN  buffer  layer.  The  substrate  temperature  was  held  at  800°C  during 
growth  under  slightly  metal-rich  conditions.  The  surface  morphology  and  reconstruction  were 
characterized  by  reflection  high  energy  electron  diffraction  (RHEED).  The  RHEED  pattern  was 
streaky  during  growth,  and  showed  a  clear  (3x3)  reconstruction  after  cool  down.  The  (3x3) 
reconstruction  has  been  determined  to  correspond  to  N-polar  GaN.  [3]  Nitrogen  polarity 
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Figure  1:  a)  XPS  spectrum  of  Ga3d  area  showing  relaxed  Ga  side  peak  and  corresponding  fit. 
b)  Spectra  showing  metallic  Ga3d  peak  removal  by  oxygen  exposure. 

corresponds  to  a  crystal  structure  in  which  the  bond  parallel  to  the  c-axis  is  from  a  nitrogen  to  a 
gallium  atom,  and  results  in  a  Ga  terminated  surface  having  three  dangling  bonds.  The  polarity  of 
our  sample  was  confirmed  after  data  acquisition  ex-situ  by  etching  in  molten  KOH.  [7]  After 
growth,  the  samples  were  moved  under  vacuum  to  an  XPS  chamber  via  a  UHV  transfer  tube. 

Data  was  then  taken  over  4  regions  of  interest:  the  Ga3d  core  level,  Nls  core  level,  Ols  core 
level,  and  the  valence  band  region.  Data  acquisition  was  alternated  with  in-place  exposure  to  O2 
at  room  temperature  via  a  leak  valve.  The  sample  is  in  line  of  sight  of  a  hot  filament  and  the 
oxygen  can  therefore  be  considered  excited.  Oxygen  exposure  was  measured  by  monitoring 
system  pressure,  and  is  given  in  Langmuirs  (L),  were  lL=10'^Torr  s. 

ANALYSIS 

Several  trends  were  detected  in  the  XPS  spectra  during  oxidation  of  the  (3x3)  surface.  It 
was  found  that  the  (3x3)  reconstruction  of  the  GaN  surface  results  in  a  second  peak  on  the  lower 
binding  energy  side  of  the  bulk  Ga3d  peak  in  GaN  (Fig.  la).  The  shift  to  lower  binding  energy  is 
characteristic  of  metallic  bonding  between  Ga  atoms.  This  implies  that  the  reconstruction 
corresponds  to  a  fractional  Ga  adlayer  atop  a  Ga  terminated  GaN  surface.  This  is  in  agreement 
with  a  previous  in-situ  STM  study  of  GaN  reconstructions.  [3]  The  Ga3d  spectrum  was  fit  to 
determine  the  relaxed  Ga  coverage  of  the  surface.  Figure  la  shows  the  results  of  a  fit  employing 
three  peaks,  one  for  each  state  of  Ga,  and  one  for  the  N2s  state  that  lies  at  ~17  eV.  Each  Ga  peak 
was  fit  by  two  identical  spin-orbit  split  doublets  consisting  of  the  sum  of  a  Lorentzian  and 
Gaussian.  The  splitting  was  held  at  .46  eV  and  the  branching  ratio  was  set  at  .66.  A  Gaussian  was 
used  for  the  N2s  peak.  A  good  fit  was  obtained  over  most  of  the  peak  area  with  the  largest  error 
occurring  on  the  high  binding  energy  side  of  the  Ga3d  peak.  This  may  be  due  to  the  asymmetric 
nature  of  photoemission  from  metallic  core  peaks,  or  possibly  some  residual  inversion  domains 
within  the  sample.  Reference  2  found  growth  of  a  similarly  positioned  state  with  oxygen  exposure 
on  a  (1x1)  reconstructed  surface  of  GaN.  We,  however,  did  not  observe  any  growth  of  this  state 
with  oxygen  exposure,  and  therefore  are  hesitant  to  ascribe  it  to  O-Ga  bonding.  The  effect  of  this 
error  on  determination  of  surface  coverage  should  be  minimal  given  the  small  area  of  the  error. 
From  this  fit,  the  ratio  of  the  bulk  to  metallic  Ga3d  peak  areas  was  found  to  be  4.35±0.2.  For 
calculating  the  surface  coverage,  we  begin  by  assuming  the  measured  intensity  from  a  given  core 
level  of  a  single  layer  of  atoms  m  monolayers  below  the  surface  {Im)  can  be  described  by. 


-m 


(1) 


m 

where  c  is  the  sensitivity  factor  for  the  given  material  and  core  level,  [8]  and  /  is  an  instrumental 
scale  factor  depending  on  primary  beam  current,  detection  efficiency,  etc.  The  inelastic  mean 
free  path  (IMFP)  for  electrons  with  energy  E,  is  denoted  by  X(E),  and  is  expressed  in  atomic 
layers.  The  collection  angle  measured  from  the  surface  normal  (a)  was  set  at  45°  for  this  study. 
We  designate  Io^“^'^=<Tca3dI  as  the  measured  Ga3d  peak  intensity  of  a  single  monolayer  of  Ga  on 
the  surface.  The  measured  intensities  of  the  relaxed  surface  Ga3d  and  bulk  Ga3d  peaks  can  then 
be  expressed  by. 
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Here,  x  is  the  fractional  surface  coverage  of  relaxed  Ga.  By  taking  the  ratio  of  these  intensities, 
and  solving  for  %■>  an  expression  for  the  fraction  of  relaxed  surface  Ga  can  be  obtained. 
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In  eqn.  4,  y^is  the  ratio  of  surface  to  bulk  peak  intensities  (1/4.35  in  our  measurements). 

Although  the  IMFP  for  GaN  has  not  been  measured,  an  estimate  was  obtained  from  a  compilation 
of  previous  IMFP  measurements.  [4]  We  have  used  a  value  of  8.0  monolayers  for  the  IMFP  for 
1467eV  electrons  from  the  Ga3d  region,  where  one  monolayer  is  the  distance  between  Ga  planes 
in  the  crystal.  Using  the  above  values  for  p,  and  a,  eqn.  4  results  in  1.15±0.2  monolayers  for 
the  calculated  surface  coverage.  This  is  larger  than  the  expected  fractional  surface  coverage 
assumed  in  the  above  model.  Accounting  for  this  excess  surface  coverage  results  in  a  value  of 
1.19±0.2  monolayers.  Although  there  is  some  uncertainty  introduced  by  the  lack  of  a  measured 
IMFP  for  GaN,  it  appears  safe  to  conclude  that  the  surface  consists  of  ~1  monolayer  of  relaxed 
Ga.  The  (3x3)  reconstruction  has  been  found  to  consist  of  Ga  adatoms  positioned  in  three  fold 


coordinated  sites  above  a  Ga  termination 
layer.  STM  images  show  the  Ga  adatom 
positioned  just  above  the  valley  between 
three  Ga  atoms  in  the  termination 
layer. [3]  Although  Ga  droplets  can  not 
be  conclusively  ruled  out,  our  data 
indicates  that  the  entire  Ga  termination 
layer  is  relaxed  by  the  addition  of  this  .  1 1 
monolayers  of  Ga  adatoms. 

The  Ga3d  metallic  peak  intensity 
decreases  with  oxygen  adsorption 
indicating  bonding  between  the  Ga  and 
oxygen.  The  valence  band  density  of 
states  (VBDOS)  spectrum  has  the  shape 
and  position  of  the  bulk  GaN  VBDOS 


Figure  2:  XPS  spectrum  of  GaN  valence  band 
showing  metallic  ledge  removal  by  oxidation. 
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Figure  3;  a)  XPS  spectrums  showing  oxygen  Is  peak  groulh  with  oxygen  exposure, 
b)  01  s  to  Ga3d  peak  area  ratio  as  a  function  of  exposure. 


with  an  additional  component  extending  to  0  eV  (Fig. 2).  The  VBDOS  metallic  component  also 
decreases  in  intensity  as  the  sample  is  exposed  to  O2.  This  component  is  therefore  associated  with 
the  metallic  nature  of  the  reconstructed  surface.  Using  a  linear  extrapolation  to  estimate  the 
position  of  the  GaN  valence  band  and  the  half  height  position  of  the  metallic  Fermi  edge  (Ep) 
results  in  Ef-VBM  =2.1  ±  0.2eV.  This  is  in  agreement  with  an  oxygen  adsorption  study  of  the 
(1x1)  surface  by  Bermudez  [2]  in  which  they  measured  Ef-VBM  =  2.4  ±0.2  eV.  The  01  s/Ga3d 
peak  area  ratio  was  measured  as  a  function  of  oxygen  exposure.  The  Ols  peak  position  is  seen  to 
shift  to  higher  binding  energy  relative  to  the  GaLMM  peak  as  oxygen  exposure  increases. (Fig. 3a) 
This  may  indicate  two  states  closely  spaced  in  energy  for  oxygen  adsorption.  The  two  states  may 
be  due  to  the  difference  between  binding  to  the  Ga  termination  layer  versus  binding  to  the  Ga 
adlayer.  The  oxidation  was  found  to  terminate  with  an  Ols  to  Ga3d  peak  area  ratio  of  0.43  ±0.1, 
corresponding  to  an  oxygen  surface  coverage  of  1 .3  ±0.2  monolayers.  This  is  much  too  high  for 
simple  adatom  binding,  therefore  the  Ga  termination  layer  must  participate  in  the  oxidation.  The 
saturation  oxygen  level  suggests  a  single  oxygen  for  each  termination  layer  Ga  atom,  with 
additional  coverage  due  to  bonding  with  adatoms.  The  Ols  peak  was  fit  by  a  Gaussian  and  was 
found  to  have  a  FWHM  of  2.0  ±0. 1  eV  before  deconvolution  of  the  instrumental  broadening. 

This  is  significantly  smaller  than  the  3.2  eV  FWHM  measured  in  [2]  for  the  oxygen  adsorption 
onto  (1x1)  GaN  surfaces. 


CONCLUSION 

In  summary,  we  have  studied  the  (3x3)  reconstruction  of  MBE  grown  GaN  using  X-ray 
photoelectron  spectroscopy.  We  have  characterized  surface  binding  energy  changes,  and 
investigated  the  surface  reaction  with  oxygen  exposure.  We  have  found  a  Ga3d  surface  binding 
energy  change  of  1 .1  ±0.1  eV  and  a  metallic  Ga  adlayer  Fermi-level  to  bulk  valence  band 
maximum  separation  of  2. 1  ±  0.2  eV.  We  have  observed  the  removal  of  surface  relaxation  by 
oxygen  exposure  and  interpreted  this  as  bonding  of  the  surface  Ga  termination  layer  and  adlayer 
with  oxygen.  The  width  of  the  Ols  peak  was  found  to  be  smaller  for  the  (3x3)  surface  than  that 
previously  measured  for  the  (1x1)  surface. 
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ABSTRACT 


We  have  investigated  the  thermal  stability  of  GaN  using  Raman  scattering.  Nonin vasive 
optical  monitoring  of  the  degradation  of  GaN  during  high-temperature  processing  has  been 
demonstrated.  GaN  samples  grown  by  molecular-beam  epitaxy  (MBE)  and  metalorganic  vapor 
phase  epitaxy  (MOCVD)  were  studied.  Characteristic  features  in  the  Raman  spectrum  identify 
three  thermal  stability  regimes:  (1)  annealing  below  900°C  does  not  affect  the  GaN  Raman 
spectrum;  (2)  annealing  between  900°C  and  1000°C  results  in  the  appearance  of  disorder- 
induced  Raman  scattering  between  the  E2  and  Ai(LO)  phonon;  (3)  annealing  at  temperatures 
higher  than  1000°C  gives  rise  to  distinct  Raman  modes  at  630  cm  \  656  cm"’  and  770  cm"’.  The 
evolution  of  the  Raman  spectrum  of  GaN  with  increasing  annealing  temperature  is  discussed  in 
terms  of  disorder-induced  Raman  scattering.  We  find  clear  indications  for  an  interfacial  reaction 
between  GaN  and  sapphire  for  annealing  temperatures  higher  than  1000°C. 

INTRODUCTION 

The  family  of  III-V  nitrides  (GaN,  InGaN,  AlGaN)  has  recently  attracted  much  attention 
because  of  their  wide  spectrum  of  potential  applications  ranging  from  opto-electronic  devices  for 
the  blue-ultraviolet  spectral  region  to  high  temperature  devices  [1,2].  High-temperature 
processing  of  nitrides  is  an  essential  part  of  the  nitride  device  fabrication,  i.e.,  for  the  activation 
of  Mg-acceptors  to  achieve  p-doping  of  GaN  or  for  the  fabrication  of  ohmic  contacts  [3,4]. 
Monitoring  the  thermal  stability  of  GaN  during  high-temperature  annealing  is  therefore  of  great 
interest  [5-7].  Since  changes  in  the  near-surface  stoichiometry  that  deteriorate  electrical 
properties  occur  at  a  temperature,  which  is  about  100°C  lower  than  the  temperature  where  visible 
surface  degradation  occurs,  it  is  essential  to  develop  effective  non-invasive  ex-situ  as  well  as  in- 
situ  monitoring  techniques  to  assess  changes  in  the  quality  of  GaN  and  AlGaN  layers  at  elevated 
temperatures.  So  far  only  time-consuming  techniques  like  atomic  force  microscopy  (AFM)  and 
transmission  electron  microscopy  (TEM)  have  been  used  to  assess  degradation  effects  [6,7]. 

In  this  report,  we  illustrate  the  potential  applications  of  Raman  scattering  (complemented 
by  photoluminescence  experiments)  to  determine  and  monitor  the  degradation  pathway  of  GaN 
during  high-temperature  annealing.  The  results  of  this  study  can  be  employed  for  the  non- 
invasive  optical  monitoring  of  structural  damage  to  GaN  during  high-temperature  processing  as 
well  as  for  the  non-invasive  optical  monitoring  of  passive  and  active  nitride  devices  operating  at 
elevated  temperatures.  Raman  scattering  provides  information  on  vibrational  states  of  GaN, 
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which  are  sensitive  to  microscopic  disorder.  The  crystalline  quality  can  be  judged  from  the  peak 
shapes  and  the  selection  rules.  GaN  normally  crystallize  in  the  hexagonal  wurtzite  structure 
(space  group  C6v'')  with  four  atoms  in  the  unit  cell.  At  k=0  group  theory  predicts  the  following 
eight  sets  of  phonon  modes;  2Ai  +  2Bi  +  2Ei+  2E2  of  which  only  one  A|,  one  Ei  and  two  E2  are 
Raman  active.  One  set  of  A]  and  one  set  of  E|  corresponds  to  acoustic  phonons,  the  B|  modes  are 
silent  [8].  The  activation  of  q^K)  phonons  of  GaN  by  disorder  allows  us  to  probe  and  assess 
noninvasively  changes  in  the  crystalline  quality  of  GaN.  We  find  clear  indications  for  a 
interfacial  reaction  between  sapphire  and  GaN  at  elevated  temperatures. 

EXPERIMENT 


Raman  scattering  and  photoluminescence  spectra  were  recorded  from  high-temperature 
annealed  GaN  layers.  The  samples  were  annealed  in  nitrogen  ambient  in  a  heating  stage  at 
temperatures  from  100°C  to  1  lOO^C  in  50-100°C  steps,  in  a  sequence  of  20min  anneals.  A  small 
amount  of  oxygen  was  present  during  the  annealing.  Raman  spectra  were  collected  after  each 
annealing  step  on  a  Renishaw  Raman  microscope  system  2000  using  the  488nm  line  of  an  Ar"^- 
laser  as  excitation  source.  Photoluminescence  spectra  were  recorded  using  a  Renishaw  ultraviolet 
(UV)  Raman  microscope  system  with  the  244nm  line  of  an  intra-cavity  frequency  doubled  Ar^ 
laser  as  excitation  source.  The  Raman  measurements  were  performed  in  backscattering  Z(Y,Y)L] 
geometry,  however,  when  necessary  a  full  polarization  analysis  was  performed.  The  studied  GaN 
samples,  2  pm  thick,  were  grown  by  molecular-beam  epitaxy  (MBE)  and  metalorganic  vapor 
phase  epitaxy  (MOCVD)  at  growth  temperatures  of  980-1 150°C  on  sapphire  [0001]  substrates, 
after  a  thin  buffer  layer  of  low  temperature  GaN  had  been  deposited  at  550-600°C.  The  MBE 
sample  was  doped  with  Mg,  annealed  in  nitrogen  ambient  at  750°C  for  30  min,  with  a  free 
carrier  concentration  of  about  3xl0'^cm'^  and  a  mobility  of  Scm^A^'s.  The  MOCVD  sample  was 
unintentionally  n-doped. 

RESULTS 

Raman  scattering 

Figure  1  shows  Raman  spectra  of  the  MBE-grown  GaN  layer  after  various  20min 
anneals,  recorded  at  room  temperature  in  backscattering  ZY,Y)Z  geometry.  The  Raman  spectrum 
shows  before  annealing  (lowe.st  spectrum)  the  allowed  E2(high)  phonon  at  567  cm  '  and  the 
Ai(LO)  phonon  at  734  cm''.  We  observe  at  534cm''  the  AftTO)  mode  which  is  usually  not 
allowed  in  this  configuration,  however,  might  be  related  to  a  high  defect  density  or  the  p-doping. 
The  mode  at  750  cm  '  is  a  reminiscent  of  the  Eg  sapphire  mode.  The  shown  spectra  are 
normalized  to  the  E2  phonon  intensity. 

The  Raman  spectrum  of  the  MBE-grown  GaN  layer  remains  unchanged  for  annealing 
temperatures  up  to  800-900°C.  Heat  treatments  at  temperatures  between  900°C  to  1000*^0, 
however,  result  in  a  broad  Raman  peak,  centered  at  610cm  ',  between  the  E2  and  AftLO)  phonon 
lines,  A  polarization  analysis  reveals  that  this  new  feature  in  the  Raman  spectrum  is  present  in 
parallel  and  in  crossed  polarizations  [Z(Y,Y)Z,  Z(X,Y)Z].  The  E2  phonon  shifts  from  567cm'' 
before  annealing  to  570cm  '  after  annealing  at  1000°C  (inset  of  Fig.  1),  whereas  the  Aj(LO) 
phonons  remains  unaffected  within  the  experimental  spectral  resolution. 

Annealing  the  sample  at  a  temperature  higher  than  1000°C  results  in  distinct  Raman 
peaks  at  630cm'',  656cm''  and  770cm'\  Their  intensity  increases  in  the  subsequent  annealing 
steps.  The  AftLO)  phonon  at  734cm''  broadens  and  decreases  in  intensity.  The  Ei(TO)  phonon 


Figure  1:  Raman  spectra  of  the  MBE-grown  GaN  sample  after  20min  anneals  at  various  temperatures, 
recorded  at  room  temperature  in  backscattering  Z(Y,Y)Z  geometry. 


emerges  at  559cm‘^  on  the  low-energy  side  of  the  E2  phonon  (uppermost  spectrum  in  Figure  1). 
We  observe  a  tentative  decrease  in  the  E2  phonon  frequency  for  the  1100°C  anneal  (inset  of 

Fig-1)- 

The  Raman  features  induced  by  the  1000°C  and  1100°C  anneal  are  present  in  all 
polarization  configurations  with  no  evident  polarization  dependence.  We  note  that  the  magnitude 
of  the  broad  Raman  peak  at  610cm'’  after  annealing  at  1100°C  is  sample-to-sample  dependent:  it 
apparently  decreases  in  Figure  1,  whereas  for  other  samples  a  further  increase  was  observed 
during  the  high-temperature  annealing.  The  dramatic  changes  in  the  Raman  spectrum  for  anneals 
higher  than  1000°C  go  along  with  modifications  in  the  surface  morphology.  We  observe  a  pitting 
of  the  surface,  however,  the  surface  remains  visually  mirror-like.  Macroscopic  disorder  appears. 

Additional  Raman  experiments  were  performed  on  the  MOCVD-grown  GaN  sample.  The 
observed  characteristic  changes  in  the  Raman  spectrum  during  the  annealing  sequence  are 
similar  to  the  results  shown  in  Figure  1.  The  temperature  regimes,  however,  appear  to  be 
somewhat  different  for  the  MBE-  and  MOCVD-grown  sample.  Figure  2  compares  Raman 
spectra  obtained  from  the  MOCVD-  and  MBE-grown  GaN  sample  (comparable  layer  thickness) 
in  the  spectral  region  of  the  Ai(LO)  phonon,  after  annealing  the  sample  at  a  temperature  of 
1050°C.  The  emerging  distinct  Raman  peaks  at  630cm'’,  656cm'’  and  770cm'’,  illustrating  the 
severe  degradation  of  the  sample,  seem  to  be  less  pronounced  for  the  MOCVD-grown  GaN 
layer.  The  investigated  MOCVD-grown  GaN  layer  appears  therefore  to  be  thermally  more  stable 
than  the  investigated  MBE-grown  GaN  layer. 
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Figure  2:  Raman  spectra  of  MBE-grown  GaN  and  MOCVD-grown  GaN  annealed  at  1050°C. 


Photoluminescence 


Figure  3  and  4  show  photoluminescence  spectra  of  the  MBE-grown  GaN  sample 
recorded  in  the  spectral  region  of  the  well-known  R-lines  of  sapphire  and  the  GaN  bandgap, 
respectively,  after  the  various  high-temperature  anneals.  Annealing  at  a  temperature  of  1000°C 
and  1 100°C  results  in  a  strong  photoluminescence  signal  around  1.75eV.  Furthermore,  we  detect 
a  shift  and  broadening  of  the  sapphire  R-lines.  Figure  4  shows  the  photoluminescence  spectrum 
of  the  MBE-grown  GaN  sample  in  the  spectral  region  of  the  GaN  bandgap.  Before  annealing  we 
detect  photoluminescence  from  the  GaN  bandgap  at  3.4eV.  Annealing  at  high  temperature  results 
in  a  decreasing  bandgap  photoluminescence  intensity,  a  broadening  of  the  photoluminescence 
signal,  as  well  as  a  shift  of  the  photoluminescence  maximum  towards  higher  photon  energies. 

DISCUSSION 


The  evolution  of  the  GaN  Raman  spectrum  shown  in  Figure  1  allows  us  to  determine  and 
monitor  noninvasively  the  degradation  pathway  of  GaN  during  the  annealing  sequence.  Three 
thermal  stability/degradation  regimes  can  be  identified;  (1)  annealing  temperatures  up  to  800- 
900°C,  (2)  between  900°  and  1000°C  and  (3)  higher  than  ]000°C.  Below  900°C  no  structural 
degradation  of  the  GaN  is  evident  from  the  Raman  spectra.  This  is  consistent  with  previous 
reports  [7,8].  Such  temperatures  are  well  suited  for  high-temperature  processing  as  well  as  active 
and  passive  high-temperature  devices.  Annealing  temperatures  higher  than  900°C  result  in  the 
degradation  of  the  crystalline  quality  of  the  GaN  layer,  which  is  evident  in  the  emerging  broad 
Raman  peak  between  the  E2  and  A|(LO)  phonon  (Figure  1).  Microscopic  defects  created  by  the 
high-temperature  annealing  result  in  the  breakdown  of  the  translational  symmetry  and  the 
activation  of  the  phonon  density  of  states  in  the  Raman  spectrum,  i.e.,  the  participation  of 
phonons  in  the  Raman  scattering  process  (di.sorder-induced  Raman  scattering).  The  broad  Raman 
peak  at  610cm  ’  is  located  in  a  spectral  region  with  a  high  phonon  density  of  states  according  to 
lattice  dynamical  calculations  by  Azuhata  etal.  [9].  It  is  present  in  all  polarization  configurations 
as  expected  for  disorder-induced  Raman  scattering.  Consistently,  we  ob.serve  a  decreasing  band 
edge  photoluminescence  signal  during  the  annealing  sequence  as  shown  in  Figure  4.  Similar 
changes  in  the  GaN  photoluminescence  spectrum  were  reported  by  Lin  et  al.  [10]  in 
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Figure  3:  Photoluminescence  spectrum  of  the  Figure  4:  Photoluminescence  spectrum  of  the 
MBE-grown  GaN  sample,  after  various  20min  MBE-grown  GaN  sample,  after  various  20min 
anneals.  anneals. 


low-temperature  photoluminescence  experiments  on  GaN  samples,  which  were  annealed  at 
900°C  for  30min,  i.e.,  pointing  to  non-radiative  recombination  centers.  Note  that  no  obvious 
modifications  in  the  surface  morphology  are  visible  after  the  annealing.  The  observed  frequency 
shift  of  the  E2  phonon  by  about  3cm''  during  the  annealing  sequence  (inset  of  Figure  1)  reflects 
the  appearance  of  internal  stress  [11]. 

Forbidden  sapphire  modes  were  observed  by  Barker  et  al  [12]  at  633cm'',  652cm''  and 
770cm  '  on  surface-damaged  sapphire.  The  activation  of  the  forbidden  770cm‘'  sapphire  mode 
for  annealing  temperatures  higher  than  1000°C  (Figure  1)  is  therefore  a  clear  indication  for  a 
degradation  of  the  GaN/sapphire  interface  during  the  high-temperature  annealing,  i.e.,  a  reaction 
between  GaN  and  sapphire  at  the  interface.  No  GaN  modes  or  a  high  GaN  phonon  density  of 
states  is  present  around  770cm'’  and  could  contribute  [9].  The  observed  photoluminescence 
signal  at  1.75eV  around  the  sapphire  R-lines  as  well  as  the  shift  and  broadening  of  the  sapphire 
R-lines  (Figure  4)  consistently  illustrate  structural  modifications  at  the  GaN/sapphire  interface 
(defects,  stress)  [13].  We  note  that  no  change  in  the  Raman  or  the  photoluminescence  spectrum 
of  sapphire  was  observed  when  a  plain  sapphire  wafer  was  annealed  under  the  same  conditions. 
The  assignment  of  the  630cm''  and  656cm''  Raman  modes  in  Figure  1  is  more  difficult  since 
both  sapphire  with  its  forbidden  modes  at  633cm''  and  652cm''  as  well  as  GaN  [9]  contribute  in 
this  frequency  range.  Raman  experiments  on  the  side  face  of  an  annealed  6pm-thick  MBE- 
grown  GaN  layer,  however,  indicate  that  the  630cm''  and  656cm''  Raman  modes  mainly  arise 
from  the  GaN/sapphire  interface  region  suggesting  a  larger  contribution  from  the  forbidden 
sapphire  modes.  The  presence  of  the  Ei(TO)  phonon  at  559cm''  after  the  llOO^C  anneal  (Figure 
1)  shows  an  evolving  misorientation  of  the  GaN  layer  during  the  high-temperature  annealing. 


CONCLUSIONS 


We  have  demonstrated  the  great  potential  of  Raman  scattering  to  detect  damage  in  GaN 
induced  by  high-temperature  annealing.  The  results  can  be  applied  to  monitor  noninvasively 
damage  in  GaN  during  high-temperature  processing  as  well  as  to  monitor  passive  and  active 
high-temperature  nitride  devices.  Three  distinct  regimes  of  thermal  damage  where  identified  by 
characteristic  Raman  spectra.  Raman  scattering  reveals  thermal  damage  due  to  microscopic 
defects  for  anneals  between  900°C  and  lOOO^C  based  on  the  appearance  of  a  disorder-induced 
Raman  scattering  signal  between  the  Et  and  Ai(LO)  phonon.  The  evolving  Raman  spectrum 
displays  the  GaN  phonon  density  of  states.  Above  1000°C,  Raman  scattering  probes  an 
interfacial  reaction  between  GaN  and  sapphire,  illustrated  by  the  activation  of  forbidden  sapphire 
modes.  The  investigated  MOCVD-grown  GaN  sample  was  found  to  be  thermally  more  stable 
than  the  investigated  MBE-grown  GaN  sample.  Defect-related  photoluminescence  was  found 
after  the  high-temperature  annealing  of  GaN.  The  Et  phonon  frequency  was  analyzed  to  deduce 
information  on  internal  stress.  Annealing  below  900°C  has  no  effect  on  the  GaN  crystalline 
quality  and  is  therefore  well  suitable  for  high-temperature  applications  of  GaN. 
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Abstract 


Electroluminescence  spectra  of  light-emitting  diodes  based  on 
InGaN/AlGaN/GaN  heterostructures  with  single  and  multiple  quantum  wells  (QWs) 
are  analyzed  by  models  of  radiative  recombination  in  2D-structures  with  band  tails. 
Equations  of  the  model  fit  spectra  quite  good  in  a  wide  range  of  currents.  Parameters 
of  the  fit  are  discussed  and  compared  for  single  and  multiple  QWs.  Tunnel  effects 
play  a  sufficient  role  in  blue  LEDs  with  single  QWs  at  low  currents;  they  can  be 
neglected  in  LEDs  with  multiple  QWs.  A  new  spectral  band  was  detected  at  the  high 
energy  side  of  the  spectra  of  green  LEDs  with  multiple  QWs;  it  is  attributed  with 
large  scale  inhomogenities  of  In  distribution  in  InGaN  QWs.*) 

*)  This  work  proceeds  previous  results  of  our  group  presented  on  EGW-3  [1]. 

Introduction 

The  problems  of  recombination  mechanisms  in  InGaN/AlGaN/GaN  heterostructures  are 
not  fully  understood  in  spite  of  great  progress  in  the  development  of  GaN-based  light-emitting 
diodes  (LEDs).  We  have  studied  luminescence  spectra  of  two  groups  of  LED's  based  on 
structures  with  single  InGaN  quantum  wells  (SQWs,  sent  to  Moscow  University  by  Dr. 
S.Nakamura,  Nichia  Chemical  Co.)  and  multiple  quantum  wells  (MQWs,  sent  to  Moscow 
University  by  Dr.  M.Koike,  Toyoda  Gosei  Co.)  in  a  wide  range  of  currents  [2-6].  A  model  of 
radiative  recombination  in  2D-structures  with  band  tails  caused  by  potential  fluctuations  was 
successfully  applied  to  describe  the  spectra  [2-4];  tunnel  radiative  recombination  was  detected  at 


G6.29 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  537  ©  1999  Materials  Research  Society 


low  currents  [5].  In  this  work  spectra  of  blue  and  green  LEDs  with  SQW  and  MQW  active  layers 
are  compared  and  the  model  of  recombination  is  analyzed.  Changes  of  the  parameters  with 


Experimental  results. 

Both  groups  of  LEDs  were  based  on  heterostructures  grown  on  sapphire  substrates  by  a 
MOCVD  [2,  6].  A  buffer  layer  was  of  GaN  in  Nichia  samples  [2]  and  of  AIN  in  Toyoda  samples 
[6].  The  base  layer  was  n-GaN:Si  (4-5  mm). 

The  active  layers  of  the  structures  were  different:  an  SQW  In^Guj-xN  (>3.5  nm)  in  Nichia 
LEDs  and  MQW  InxGaj.xN/GaN  (5  periods,  a  width  of  the  period  <  8  nm).  Indium  content  (x  in 
In^Gai-xN)  varied  in  both  cases  (near  x  =  0.2  for  green  and  near  x  =  0.4  for  blue  LEDs).  Upper 
layers  p-AlGaN:Mg  and  cap  layers  p-GaN:Mg  have  hole  concentrations  in  the  range  p  =  5.10'^- 
2.10‘®  cm•^  higher  for  blue  SQWs, 


The  spectra  of  blue  and  green  LEDs  with  SQWs  and  MQWs  are  shown  in  a  wide  range  of 
J  (see  Figs.  1,  2).  The  spectra  of  LEDs  with  SQWs  could  be  measured  down  to  15  pA,  that  ones 
with  MQWs  to  0.15  pA.  The  cause  of  this  difference  is  a  tunnel  component  of  nonradiative 
current  most  pronounced  in  blue  LEDs  with  SQWs.  Values  of  ^comax  («2.65  eV)  for  blue  SQWs 
LEDs  do  not  depend  on  J. 

There  is  another  spectral  band  on  the  low  energy  side  of  the  main  blue  line  at  low 
currents  (see  Fig.  la).  The  maximum  of  this  band  is  moving  with  the  current  J  and  voltage  on  the 
active  layer  U:  ^0)n,ax=  elJ+A  (in  the  range  =  2. 1-2.3  eV).  This  band  was  described  as  a  tunnel 
radiative  recombination  [4,5].  There  is  no  tunnel  band  in  blue  LEDs  with  MQWs;  in  this  case  the 
blue  line  is  moving  with  V. 

Values  of  ^comax  for  green  LEDs,  both  SQWs  and  MQWs,  are  moving  with  J  and  V,  but 
in  a  wider  range  for  MQWs:  2.2^2.45  eV.  A  new  band  was  detected  at  the  high  energy  side 
(2.7-i-2.8  eV)  of  the  green  line  of  MQWs  (see  Fig.  2b). 

The  main  spectral  lines  have  exponential  tails:  I(A®inax)  ~  exp(^a)niax/Eo)  on  the  low 
energy  side  and  I(fto)max)  ~  exp(-^Ci)inax/Ei)  on  the  high  energy  side  of  the  peaks.  Values  of  Eo  = 
50^60  meV  did  not  depend  on  the  current  and  temperature  T  in  a  wide  range  of  J.  Values  of  Ei 
were  proportional  to  T:  Ei  =  mkT;  1  <  m  <  2;  m  is  almost  equal  to  unity  for  SQWs  and  is  in  the 
range  m  =  1.5- 1.7  for  MQWs.  Ei  was  growing  at  higher  direct  currents,  J  >5  mA,  due  to  heating 
of  the  LEDs. 


Blue  LEDs 
Green  LEDs 


1,2  -  Single  quantum  wells 


Figure  3.  Distributions  of  charged  centers  in  p-regions  of  p-n-heterojunctions;  points  -  values  of 
Na'  at  V  =  0;  begining  of  abscissa  is  at  the  n-interface.  Blue  (1,3)  and  green  (2,4-6)  LEDs  with 
SQW  (1,2)  and  MQW  (3,  4-6). 
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Figure  4a.  Dependence  of  fitting  Figure  5a.  Dependence  of  fitting 

parameters  (AFn,  Eg*,  /toOmax)  on  the  parameters  (m,  Eq)  on  the  voltage  for  blue 

voltage  for  blue  LED  with  SQW.  LED  with  SQW. 
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Figure  4b.  Dependence  of  fitting  Figure  5b.  Dependence  of  fitting 

parameters  (AFp,  Eg*,  /jQ),„ax)  on  the  parameters  (m,  Eq)  and  quantum 

voltage  for  blue  LED  with  MQW.  efficiency  rje  on  the  voltage  for  blue  LED 

with  MQW. 

Current-voltage  characteristics  J(V)  of  blue  and  green  LEDs  had  an  exponential  part  at 
low  currents,  J  <  10'^  A  at  300  K,  a  steep  exponential  growth  in  the  range  V  =  2. 3-2. 7  V,  a  linear 
part  at  higher  currents,  J  >  20  mA.  Low  currents  could  be  understood  as  a  tunnel  component; 
tunnel  currents  in  these  LEDs  play  some  role  at  J  3-4  orders  of  magnitude  lower  than  that  for 
SQW-based  LEDs  [2-5,7];  J(V)  curves  of  SQW-based  LEDs  differed  from  MQW-based  LEDs 
because  of  a  wider  active  layer  [1]. 

A  good  approximation  of  the  J(V)  curves  for  MQW  LEDs  was  done  when  not  only  a 
series  resistance  at  the  linear  part  at  higher  J  was  taken  into  account,  but  also  the  quadratic 
part:  J  ~  (V-VO^.  The  fit  of  the  curve  J(V)  at  J  >  0.1  mA  by  the  equation: 


V  =  (Pk  +  Ej  -[InCJ/Jo)  +  mf^]  +  J-Rs , 


(1) 


A  part  is  sufficient  between  an  exponential  (injection)  and  a  linear  parts,  in  the 

range  J=2h-30  mA,  at  usual  working  currents  [1]. 

Distributions  of  charged  centers  in  p-  regions  of  InGaN/AlGaN/GaN  p-n- 
hetero structures  with  MQWs  and  SQWs  are  shown,  see  Fig.  3  (see  a  method  of  measurements  in 
[8]).  The  LEDs  with  MQWs  have  wider  space  charge  width  than  ones  with  SQWs  [2-5,7];  in 
both  cases  the  width  for  green  LEDs  is  wider  than  for  blue  ones.  This  fact  corresponds  to  a  low 
probability  of  tunnel  effects  in  the  LEDs  with  MQWs. 

It  seems  that  high  Mg-doping  of  p-  AlGaN  and  GaN-  layers  is  more  difficult  for  higher  In 
concentration  in  InGaN  active  layers. 

Discussion 

We  describe  the  main  lines  in  spectra  with  a  model  previously  applied  for  fitting  the 
spectra  of  LEDs  with  SQW  [1-3].  The  model  implies  that  an  effective  radiative  recombination 
takes  place  when  carriers  of  both  singes  are  injected  into  the  active  layer  at  voltages  on  the  layer 
U  <  V,  U  close  to  (pk-  Optical  transitions  tiG)  are  going  between  states  E(c)  and  E(v)  in  tails  of  2D- 
structure,  caused  by  potential  fluctuations.  A  model  2D-  joint  density  of  states  is 

N  (^Q)-Eg)  =  [l+exp(-(;ico-Eg)/Eo)l'  i  (2) 


an  effective  energy  gap  Eg*  =  Eg(x,T)+AEic-i-AEiv+AEp-Eexc-AED,A, 

where  Eg(x,T)  -  the  energy  bandgap  in  the  active  layer  -  QW,  AE;o,AEiv  -  quantum  size  energy 
levels  in  conduction  and  valence  bands,  AEp-  lattice  deformation  shift,  Eexc-  energy  of  2D- 
exciton,  AEd.a-  donor-aceptor  potential  shift  of  the  effective  bandgap.  The  values  Eg*  received 
from  this  model  are  2.98-3.05  eV  for  blue  and  2.67-2.76  eV  for  green  LED  [3].  Spectral  intensity 
I(/ico)  is  proportional  to  Fermi-ftmctions  of  electrons  and  holes  with  quasi-Fermi  levels  Fn,  Fp  as 
parameters  (details  in  [2,3]); 

2D  * 

I(  h(o)  ~  N  (ha-E^  )  f  (^0),  m,  kT,  F^)  (l-f^(^co,  1-m,  kT,  F^));  (3) 


Examples  of  the  fit  are  shown  in  Figs.  2,  3.  A  change  of  ^Omax  in  some  range  of  J  is 
caused  mostly  by  changes  of  the  parameter  Fn;  states  in  the  tails  are  filled  as  V  and  J  are 
growing  (see  Fig.  4).  Parameters  of  the  fit  E^  ,  Eo,  E]  =  m-kT  can  be  seen  in  Figs.  4,  5  for  blue 
MQWs  and  SQW.  There  is  the  evidence  that  a  mechanism  of  recombination  in  the  2D-tail  of 
states  is  not  changed  in  some  range.  It  is  remarkable  that  when  this  mechanism  begins  the 
quantum  efficiency  Tie  reaches  a  maximum  (see  Fig.  5b).  When  the  states  in  the  active  layers  are 
filled  by  current  carriers  at  high  J,  the  quantum  efficiency  rje  gradually  falls. 

There  is  a  change  of  mechanism  of  recombination  at  lower  currents;  this  can  be 
concluded  from  Fig.  5b  in  spite  of  scattering  of  the  points.  Comparing  speetra  in  the  Figs,  la  and 
lb  we  assume  that  this  change  is  somewhat  connected  with  tunneling. 

A  change  of  mechanism  of  recombination  at  higher  currents  in  green  LEDs,  pronounced 
as  a  new  band  in  Fig.  2b,  can  be  connected  with  nonuniform  distribution  of  Indium  in  the  active 
layers  InGaN  more  probable  at  higher  In  content. 


Conclusions 

Mechanism  of  radiative  recombination  in  2D-  structures  with  band  tails  describe  the  main 
line  in  the  spectra  of  both  groups  blue  and  green  LEDs,  with  SQWs  and  MQWs,  in  a  wide  range 
of  currents.  The  main  difference  in  spectra  of  two  groups  is  a  role  of  tunnel  effects  at  low 
currents  in  LEDs  with  SQWs.  Moving  of  spectra  with  the  voltage  is  more  pronounced  in  green 
LEDs  due  to  higher  content  of  Indium  and  more  pronounced  density  of  states  tails  in  the  active 
InGaN  layers. 
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ABSTRACT 

Hall  effect  measurements  have  been  applied  for  the  electrical  characterization  of  p-type  Mg- 
doped  GaN  grown  by  metalorganic  vapor-phase  epitaxy  on  sapphire  substrates  in  terms  of 
annealing  temperature  for  dehydrogenation  (N2  annealing)  and  hydrogenation  (Ha  annealing)  of 
the  acceptors.  With  the  N2  annealing  temperature  from  600  to  900  °C  for  dehydrogenation,  both 
hole  concentration  and  mobility  increases,  showing  more  activation  of  acceptors  and  less 
incorporation  of  unfavorable  scattering  centers  probably  originating  from  Mg-H  bondings.  The 
Na  annealing  at  higher  than  the  growth  temperature  results  in  reduced  hole  concentration,  but  the 
mobility  gets  higher.  Some  defects  compensating  acceptors  may  be  induced  at  high  temperature 
annealing,  but  they  seem  to  be  no  scattering  centers  and  be  inactivated  by  successive 
hydrogenation  and  re-dehydrogenation  at  the  optimum  dehydrogenation  temperature  900  °C. 
The  electrical  degradation  of  GaN  due  to  thermal  damage  is  not  very  destructive  and  can  be  well 
recovered  by  annealing  treatments. 

INTRODUCTION 

It  is  now  a  common  understanding  that  Mg  acceptors  doped  in  GaN  by  metalorganic  vapor- 
phase  epitaxy  (MOVPE)  are  severely  passivated  with  hydrogen  in  as-grown  layers  and  can  be 
activated  to  achieve  p-type  conductivity  by  post-growth  thermal  annealing  in  N2  atmosphere 
resulting  in  dehydrogenation.  With  referring  the  earliest  reports  by  Nakamura  et  al.  [1],  the 
thermal  annealing  has  been  considered  to  be  effective  at  a  temperature  sufficiently  lower  than 
the  growth  temperature,  e.g.,  at  600  °C  or  slightly  higher.  Although  the  doped  Mg  acceptors  are 
expected  to  be  activated  almost  completely  at  the  present  annealing  conditions,  there  have  not 
been  a  sufficient  number  of  reports  investigating  the  activation  processes  and  the  possible 
defects  induced  by  thermal  damage  during  the  annealing. 

Youn  et  al.[2]  showed  that  there  was  an  optimum  annealing  temperature  resulting  in  the 
highest  hole  concentration,  dependent  on  the  existing  defect  structures  in  Mg-doped  GaN 
(GaN:Mg)  layers.  The  hole  concentration  decreased  at  higher  annealing  temperatures,  different 
from  the  data  in  ref.[l]  showing  the  constant  hole  concentration  with  annealing  temperature 
above  650  °C,  and  this  phenomenon  was  interpreted  by  generation  of  nitrogen  vacancies 
compensating  Mg  at  higher  annealing  temperatures.  As  is  demonstrated  in  this  work,  the 
possibility  of  defect  generation  or  other  thermal  effects  may  be  an  important  factor  to  be  taken 
into  account  in  the  discussion  of  the  activation  process  of  Mg  acceptors. 

In  this  study,  aiming  at  detailed  understanding  of  activation  and  degradation  mechanism  in 
GaN;Mg  layers,  characterization  of  electrical  properties  has  done  in  terms  of  wide  variety  of  the 
annealing  temperature,  including  that  higher  than  the  growth  temperature,  for  dehydrogenation 
in  N2  atmosphere.  Effects  of  successive  hydrogenation  in  H2  atmosphere  and  re- 
dehydrogenation  were  also  investigated. 
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EXPERIMENTS 


Mg-doped  GaN  layers  of  1  pm  in  thickness  were  grown  on  sapphire  substrates  by  MOVPE  at 
around  1000  °C.  The  post-growth  annealing  was  done  either  in  N2  or  H2  atmosphere  at  various 
temperatures  between  600  and  1100  °C,  being  expected  to  result  in  dehydrogenation  or 
(re)hydrogenation,  respectively.  The  electrical  characterization  was  done  by  temperature- 
variable  Hall  effect  measurements  with  Van  der  Pauw  samples,  fabricated  by  evaporating  Au/Ni 
electrodes.  The  AC-component  of  Hall  voltage  was  detected  under  magnetic  field  modulation 
typically  at  50mHz,  which  enabled  the  characterization  of  highly  resistive  samples  as  those  with 
the  resistivity  of  10^  Cl-cm.  The  simple  one  carrier  analysis  method  has  been  applied  for  the 
calculation  of  hole  concentration  and  hole  Hall  mobility  from  the  Hall  effect  measurement  data 
as  a  first  approximation. 

RESULTS  AND  DISCUSSION 

Dehydrogenation 

As-grown  GaN:Mg  samples  have  been  subjected  to  thermal  annealing  in  N2  atmosphere  for  20 
min  at  different  temperatures.  The  Hall  effect  measurements  were  conducted  after  fabricating 
the  Au/Ni  electrodes.  Figure  1  shows  the  temperature  dependence  of  hole  concentration  and 
hole  Hall  mobility  with  the  annealing  temperature  as  a  parameter. 

With  the  annealing  from  600  to  900  °C  the  hole  concentration  slightly  increases  from  1  to 
6x10'^  cm  ^  at  room  temperature  (RT).  The  increase  of  hole  concentration  values  at  lower 
temperatures  may  be  attributed  to  occurrence  of  impurity  band  conduction  [3]  which  makes 
invalid  to  use  the  one  carrier  analysis  method  for  calculating  the  actual  hole  concentrations.  The 
Hall  mobility  at  RT  also  increases  with  the  annealing  temperature.  It  is  worth  noticing  that  the 
mobility  of  600  °C-annealed  sample  exhibits  a  plateau  characteristics  near  RT,  suggesting  that 


Fig.  1  Temperature  dependence  of  hole  concentration  and  hole  Hall  mobility  of 
GaN:Mg  samples  subjected  to  different  dehydrogenation  (N2  annealing)  temperature. 


the  hole  transport  is  severely  suppressed  by  neutral  impurity  scattering.  From  these  mobility 
data,  it  is  speculated  that  the  samples  of  insufficient  acceptor  activation  (i.e.,  those  annealed  at 
lower  temperatures)  contain  unfavorable  scattering  centers  probably  originating  from  Mg-H 
bondings. 

On  the  other  hand,  for  the  samples  annealed  at  1000  or  1100  °C,  which  are  higher  than  the 
growth  temperature,  the  hole  concentration  decreases  to  mid- 10^^  cm‘^.  However,  one  of  the 
noticeable  results  is  that  the  mobility  becomes  higher  than  those  annealed  at  700-900  °C  and 
exhibits  the  more  well-defined  lattice  scattering  characteristics  in  Hall  mobility  data,  i.e.,  that  is 
proportional  to  T"'  ^  from  130  K  to  RT,  The  maximum  mobility  of  the  1000  °C-annealed  sample 
is  32  cmWs  at  130K,  which  is  the  highest  value  among  those  observed  in  all  samples  examined 
here.  If  the  decrease  in  hole  concentration  of  those  high-temperature  annealed  samples  is  due  to 
generation  of  defects  such  as  nitrogen  vacancies,  as  has  been  suggested  in  ref. [2],  the  increased 
mobility  and  its  lattice  scattering  characteristics  cannot  be  explained. 

From  these  investigations,  it  may  be  concluded  that  (i)  with  the  higher  annealing  temperature 
up  to  the  growth  temperature  more  activation  of  acceptors  proceeds  and  unfavorable  scattering 
centers  originating  from  Mg-H  bondings  decrease,  and  (ii)  the  annealing  at  the  temperature 
higher  than  the  growth  temperature  results  in  compensation  but  does  not  enhance  the  generation 
of  scattering  centers.  In  additions  to  those,  it  is  seen  that  the  mobility-temperature 
characteristics,  where  the  mobility  rapidly  decreases  below  200  K  for  all  samples,  are  not 
different  significantly  irrespecive  of  different  contribution  of  the  impurity  band  conduction. 
This  is  probably  because  that  the  conduction  at  low  temperatures  is  dominated  by  native 
crystallographic  characteristics  such  as  grain  boundaries. 

Figure  2  shows  the  low  temperature  (24  K)  photoluminescence  (PL)  spectra  of  the  annealed 
samples.  The  PL  intensity  decreases  with  the  annealing  temperature  from  600  to  900  °C  but  in 
tern  increases  for  1000  °C,  showing  also  no  heavy  degradation  with  generation  of  optical  defects 
for  the  high  temperature  annealing.  The  change  in  the  spectral  shape  may  involve  useful 


Fig.  2  24  K  PL  spectra  of 
GaN:Mg  samples  subjected  to 
different  dehydrogenation  (N2 
annealing  temperature. 


information  on  the  phenomena  occurred  by  the  annealing,  but  the  analysis  has  not  been 
performed  at  present. 

Rehvdrogenation 

Hydrogenation  of  active  Mg  acceptors  in  low  resistive  p-type  GaN  has  been  known  to  result  in 
passivation  of  the  acceptors  and  high  resistivity  [4-6].  In  order  to  investigate  the  hydrogenation 
processes  in  more  detail,  which  is  also  helpful  for  understanding  the  dehydrogenation  processes, 
in  this  work  the  GaN:Mg  samples  subjected  to  dehydrogenation  by  annealing  in  N2  atmosphere 
have  been  then  annealed  in  H2  atmosphere.  The  hydrogenation  for  each  sample  was  done  at  700 
°C  for  20  min. 

Figure  3  summarizes  the  variation  of  hole  concentration  at  RT  against  the  dehydrogenation 
(previous  N2  annealing)  temperature.  The  hydrogenation  results  in  reduction  of  hole 
concentrations  due  to  hydrogen  passivation  of  acceptors.  For  the  samples  experienced  the 
dehydrogenation  by  the  N2  annealing  at  700-900  °C,  as  the  N2  annealing  temperature  is  higher, 
more  incomplete  hydrogenation  or  passivation  seems  to  result  by  the  H2  annealing.  This 
phenomenon  can  easily  be  attributed  to  that  more  dehydrogenation  has  been  proceeded  in  the 
sample  subjected  to  N2  annealing  at  higher  temperatures.  However,  for  the  sample  subjected  to 
dehydrogenation  at  1000  °C,  only  incomplete  hydrogenation  results  compared  to  what  we  can 
expect  from  the  behavior  of  those  dehydrogenated  at  700-900°C.  The  hole  concentration  of  this 
sample  was  about  Ixio'^  cm  ^  which  was  similar  to  that  dehydrogenated  at  700  °C.  After  the 
hydrogenation,  the  hole  concentration  is  still  4xl0'^  cm  ^  which  is  much  higher  that  that  of  the 
latter,  3xl0'^  cm'^.  One  of  the  possible  interpretations  for  this  phenomenon  is  that  the  hydrogen 
dominantly  passivated  the  defects  which  had  been  generated  by  the  thermal  damage  during  the 
N2  annealing  at  1 100  °C  and  compensated  the  Mg  acceptors. 


N2  annealing  temperature  [°C] 

Fig.  3  Variation  of  hole  concentration  at  RT  after  dehydrogenation  (N2 
annealing)  and  successive  hydrogenation  (H2  annealing)  against  the 
dehydrogenation  temperature.  The  hydrogenation  was  done  at  the  same 
condition,  700  °C  and  20  min. 
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Fig.  4  Temperature  dependence  of  hole  concentration  and  hole  Hall  mobility  of 
G^:Mg  samples  experienced  dehydrogenation,  hydrogenation,  and  re¬ 
dehydrogenation,  successively.  The  1st  dehydrogenation  temperatures  are  shown  as  a 
parameter  and  the  succesive  hydrogenation  and  re-dehydrogenation  were  done  at  700  °C 
and  900  °C,  respectively. 


Re-Dehvdrogenation 

For  three  samples  which  had  been  subjected  to  dehydrogenation  at  900,  1000,  and  1100  °C 
and  then  hydrogenation  at  700  ""C,  the  annealing  was  again  done  in  N2  atmosphere  for  re¬ 
dehydrogenation.  In  this  experiment,  the  annealing  temperature  and  time  was  fixed  at  900  °C 
and  20  min,  respectively,  where  from  Fig.  1  the  maximum  dehydrogenation  was  expected. 

The  temperature  dependence  of  the  hole  concentration  and  hole  Hall  mobility  is  shown  in  Fig. 
4.  This  re-dehydrogenation  process  again  activates  Mg  acceptors  in  GaN  and  results  in  p-type 
conductivity.  It  should  be  noted  that  the  sample  experienced  the  previous  dehydrogenation  (1st 
N2  annealing)  at  1100  °C  showed  the  higher  hole  concentration  and  the  higher  Hall  mobility 
compared  to  those  at  900  or  1000  °C.  The  maximum  mobility  seems  to  be  about  40  cmWs  at 
lOOK,  which  is  even  higher  than  all  samples  shown  in  Fig.  1.  This  again  evidenced  that  any 
compensation  centers  generated  in  GaN:Mg  with  annealing  in  N2  at  1100  °C  do  not  seriously  act 
as  scattering  or  trapping  centers  and  are  almost  inactivated  by  the  successive  thermal  annealing 
treatments. 

CONCLUSIONS 

Successive  dehydrogenation  and  hydrogenation  of  Mg  acceptors  in  GaN  have  been  done  by  N2 
and  H2  annealing,  respectively,  at  different  temperatures.  For  the  dehydrogenation  of  as-grown 
GaN:Mg  samples,  the  N2  annealing  at  higher  temperatures  in  the  region  below  the  growth 
temperature  results  in  increase  of  both  hole  concentration  and  mobility,  showing  more  activation 
of  acceptors  and  reduction  in  unfavorable  scattering  centers  associated  with  Mg-H  bondings. 


When  the  N2  annealing  is  higher  than  the  growth  temperature,  the  hole  concentration  reduces. 
However,  the  remarkable  result  is  that  the  mobility  gets  higher.  The  GaN:Mg  layer  may  be 
subjected  to  thermal  damage  which  induces  some  defects  and  these  defects  compensate  the 
acceptors,  showing  reduction  in  the  hole  concentration.  But  these  defects  cannot  be  severe 
scattering  centers  and  inactivated  by  successive  hydrogenation.  Even  if  the  GaN  experiences 
thermal  damage  by  high  temperature  annealing,  it  is  not  destructive  and  can  be  well  recovered 
by  appropriate  hydrogenation/dehydrogenation  treatments  afterwards.  The  phenomena  that 
thermally-induced  defects  do  not  severely  affect  the  electrical  properties  is  an  another  "stable 
nature  of  defects"  in  GaN  crystals,  similarly  to  the  optical  properties  against  dislocations. 
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ABSTRACT 

GaN  implanted  with  donor(Si,  S,  Se,  Te)  or  acceptor  (Be,  Mg,  C)  species  was  annealed  at 
900-1500  °C  using  AIN  encapsulation.  No  redistribution  was  measured  by  SIMS  for  any  of  the 
dopants  and  effective  diffusion  coefficients  are  <2x10’’^  cm^  •  s‘^  at  1400  °C,  except  Be,  which 
displays  damage-enhanced  diffusion  at  900  °C  and  is  immobile  once  the  point  defect 
concentration  is  removed.  Activation  efficiency  of  -90%  is  obtained  for  Si  at  1400  °C.  TEM  of 
the  implanted  material  shows  a  strong  reduction  in  lattice  disorder  at  1400-1500  °C  compared  to 
previous  results  at  1100  °C.  There  is  minimal  interaction  of  the  sputtered  AIN  with  GaN  under 
our  conditions,  and  it  is  readily  removed  selectively  with  KOH. 

INTRODUCTION 

The  study  of  implanted  species  in  GaN  to  this  point  has  focused  on  activation  of  SL  or  O*^  for 
n-type  doping,  Mg^  or  Ca^  for  p-type  doping,  or  use  of  He"^,  N"*"  or  H"^  for  isolation[l-15].  For 
practical  applications,  the  focus  has  been  on  the  use  of  implantation  for  improving  ohmic  contact 
resistance  on  heterostructure  field-effect  transistors[16],  and  to  producing  p-n  junctions  for 
fabrication  of  junction  field-effect  transistors[12]  and  for  light-emitting  diodes[4].  At  high 
implant  doses  (>5x10*'^  cm'^)  it  is  clear  that  conventional  rapid  thermal  annealing  (RTA)  at 
1100-1200  °C  can  activate  the  dopants  but  not  remove  the  ion-induced  structural  damage[14,151. 
At  higher  annealing  temperatures  (>1400  '’C)  it  is  difficult  to  provide  a  sufficiently  high  N2 
pressure  to  prevent  dissociation  of  the  GaN  surface.  Three  different  approaches  have  been 
reported  -  the  first  is  use  of  an  NH3  ambient  in  a  metal  organic  chemical  vapor  deposition 
(MOCVD)  reactor[17],  the  second  is  use  of  a  high  N2  overpressure  (15  kbar)  in  a  GaN  bulk 
crystal  growth  apparatus[14],  and  the  third  is  use  of  an  AIN  encapsulant  to  prevent  nitrogen  loss 
from  the  GaN [18].  The  third  approach  is  clearly  the  most  convenient. 

The  amount  of  residual  lattice  damage  in  the  implanted  GaN  after  annealing  is  a  function  of 
ion  dose  -  for  the  relatively  high  doses  needed  for  source/drain  doping,  it  has  been  shown 
previously  that  annealing  temperatures  of  >1400  °C  are  desirable.  We  have  found  that  Si,  the 
most  common  n-type  dopant,  shows  no  detectable  redistribution  at  1400  °C,  and  that  annealing 
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at  this  temperature  produces  activation  percentages  of  >90%f  19,20].  Annealing  at  1500  °C  led  to 
a  reduction  in  both  sheet  electron  concentration  and  electron  mobility,  which  is  consistent  with 
self-compensation  through  site-switching  of  the  Si.  There  is  no  available  information  on  the 
other  donor  species,  or  on  the  possible  acceptor  dopants,  in  terms  of  their  redistribution  during 
ultra-high  temperature  annealing.  In  this  paper  we  report  on  a  Secondary  Ion  Mass  Spectrometry 
(SIMS)  study  of  GaN  implanted  with  the  group  VI  donors,  S,  Se  and  Te,  and  the  acceptor  species 
Mg,  Be  and  C.  Only  Be  is  found  to  show  redistribution  during  annealing,  emphasizing  the 
extremely  good  high  temperature  stability  of  dopants  in  GaN.  We  have  also  examined  the 
activation  kinetics  of  some  of  the  implanted  species. 

EXPERIMENTAL 

Layers  of  GaN  2-3  pm  thick  were  grown  at  -1040  °C  on  c-planc  AI2O3  by  atmospheric 
pressure  Metal  Organic  Chemical  Vapor  Deposition(MOCVD),  using  triethylgallium  and 
ammonia.  From  x-ray  diffraction  and  photolumincscence  measurements  we  know  this  material  is 
typical  of  the  current  state-of-the-art  heteroepitaxial  GaN. 

The  samples  were  implanted  at  25  °C  with  150  keV  ^^Mg^,  80  keV  ^Be^,  80  keV  200 
keV  300  keV  ^^Se^  or  600  keV  '^^Te"*^  ions,  at  doses  of  3-5x10''^  cm'^.  This  puts  the 
projected  range,  Rp,  of  the  implanted  species  at  least  1500  A  into  the  GaN  in  all  cases,  avoiding 
effects  due  to  near-surface  point  defect  injection.  The  samples  were  capped  with  -1000  A  of 
reactively  sputtered  AIN,  and  annealed  at  temperatures  of  900-1450  °C  under  a  Ni  ambient  in  the 
Zapper™  furnace  described  previously[14].  The  dwell  time  at  the  peak  temperature  was  -10 
secs.  After  annealing,  the  AIN  was  selectively  etched  in  aqueous  KOH  at  80  °C[15].  The  atomic 
distributions  before  and  after  annealing  were  measured  by  SIMS,  and  the  data  quantified  using 
the  as-implanted  sample  as  a  standard.  The  electrical  properties  were  examined  by  Hall 
measurement,  and  the  data  was  recorded  at  25  “C  in  all  cases. 

RESULTS  AND  DISCUSSION 

(a)  Residual  Damage 

Figure  1  shows  a  plan  view  TEM  and  selected  area  electron  diffraction  pattern  from  a  Si- 
implanted  sample  (150  keV,  5x1 0'‘^  cm'^)  after  annealing  at  1100  °C  for  10  secs.  This  is  a  high 
dose  implant  of  the  type  used  for  making  n"^  ohmic  contact  regions,  and  represents  a  worst-case 
scenario  in  terms  of  damage  removal.  The  sample  is  still  single-crystal  as  determined  by  the 
diffraction  pattern,  but  contains  a  high  density  of  extended  defects  (~10'”  cm'^).  This  is 
consistent  with  past  reports  of  high  backscattering  yields  in  implanted  GaN  annealed  at  these 
conditions[14,15].  We  ascribe  these  defects  to  the  formation  of  dislocation  loops  in  the 
incompletely  repaired  lattice. 

By  sharp  contrast,  annealing  at  1400  °C  for  10  secs  brings  a  substantial  reduction  in  the 
implant-induced  defects,  as  shown  in  Figure  2.  The  sample  is  again  single-crystal,  but  the  only 
contrast  in  the  TEM  plan  view  is  due  to  the  lower  density(~10^  cm'^)  of  threading  dislocations 
arising  from  lattice-mismatch  in  the  heteroepitaxy.  This  appears  to  correlate  well  with  the  fact 
that  the  highest  electron  mobility  and  carrier  density  in  these  samples  was  observed  for  1400  °C 
annealing.  Clearly  the  ultra-high  temperature  annealing  is  required  to  completely  remove  lattice 
damage  in  GaN  implanted  with  high  doses.  However  it  may  not  be  needed  in  lower  dose 
material(<5xl0'^  cm’^)  where  the  amount  of  damage  created  is  correspondingly  less. 


Fig.  1.  (a)  TEM  plan  view  and  (b)  selected  area  diffraction  pattern  from  Sf  implanted 
GaN  (5x10^^  cm'^,  150  keV)  after  1100  °C,  10  sec  annealing. 


Fig.  2.  (a)  TEM  plan  view  and  (b)  selected  area  diffraction  pattern  from  Sf  implanted 
GaN  (5x10*^  cm‘^,  150  keV)  after  1400  °C,  10  sec  annealing. 

(bl  Dopant  Activation 

(i)  Donors 

Figure  3(top)  shows  an  Arrhenius  plot  of  S*  activation  in  GaN.  The  sheet  carrier 
concentration  measured  at  25  °C  shows  an  activation  energy  of  3.16  eV  for  the  annealing 
temperature  range  between  1000-1200  °C  and  basically  saturates  thereafter.  The  maximum  sheet 
electron  density,  ~7xl0'^  cm‘^,  corresponds  to  a  peak  volume  density  of  ~5xl0'^  cm'^.  This  is 
well  below  that  achieved  with  Sf  implantation  and  annealing  (>10^*^  cm'^)[17,20].  In  the  latter 
case  the  carrier  density  showed  an  activation  energy  of  5.2  eV.  The  physical  origin  of  this 
activation  energy  contains  several  components  —  basically  it  is  the  energy  required  to  move  an 
implanted  ion  onto  a  substitutional  lattice  site  and  for  it  to  show  electrical  activity.  This  latter 


requirement  means  that  compensating  defects  must  also  be  annealed  out.  Even  though  implanted 
Sr  at  the  same  dose  showed  evidence  of  site-switching  and  self-compensation,  it  still  produces  a 
higher  peak  doping  level  than  the  non-amphoteric  donor  S,  which  is  only  slightly  heavier  vs. 
^**Si).  From  temperature-dependant  Hall  measurements,  we  find  a  donor  ionization  level  of 
48+10  meV,  so  that  the  donors  are  fully  ionized  at  room  temperature. 
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Fig.  3.  Arrhenius  plot  of  sheet  electron  density  in  (top)  or  Te^  (bottom)  implanted 
GaN  versus  annealing  temperature. 

Similar  data  is  shown  in  Figure  3(bottom)  for  Te"^  implantation.  The  activation  starts  around 
the  same  temperature  as  for  S,  but  much  lower  sheet  electron  densities  are  obtained,  the 
activation  energy  is  significantly  lower  (1.5  eV)  and  the  carrier  concentration  does  not  saturate, 
even  at  1400  °C.  It  is  likely  that  because  of  the  much  greater  atomic  weight  of  ‘‘^Te,  even  higher 
annealing  temperatures  would  be  required  to  remove  all  its  associated  lattice  damage,  and  that 
the  activation  characteristics  are  still  being  dominated  by  this  defect  removal  process.  Residual 
lattice  damage  from  the  implantation  is  electrically  active  in  all  III-V  semiconductors,  producing 
either  high  resistance  behaviors(GaAs)  or  residual  n-type  conductivity(InP,  GaN).  The  only  data 
available  on  group  VI  doping  in  epitaxial  material  is  from  Se-doped  MOCVD  material,  where 
maximum  electron  concentrations  of  2xl0'^  -  6xl0'^  cm'^  were  achieved[21 ,22].  These  are  also 
below  the  values  reported  for  Si-doping,  and  suggests  the  group  VI  donors  do  not  have  any 
advantage  over  Si  for  creation  of  n-type  layers  in  GaN.  From  limited  temperature-dependent  Hall 
data,  we  estimate  the  Te  ionization  level  to  be  50+20  meV. 

No  redistribution  of  any  of  the  donor  species  was  observed  during  annealing  up  to  1500  "C, 
suggesting  the  diffusion  coefficient  is  <2xl0  '^  cm^-s  '  for  S,  Sc,  Te  and  Si  at  this  temperature. 

(ii)  Acceptors 

The  effects  of  post-implant  annealing  temperature  on  the  sheet  carrier  concentrations  in  Mg"^ 
and  implanted  GaN  are  shown  in  Figure  4.  There  are  two  important  features  of  the  data:  first. 


we  did  not  achieve  p-type  conductivity  with  carbon,  and  second  only  ~1%  of  the  Mg  produces  a 
hole  at  25  °C.  Carbon  has  been  predicted  previously  to  have  a  strong  self-compensation 
effect[23],  and  it  has  been  found  to  produce  p-type  conductivity  only  in  metal  organic  molecular 
beam  epitaxy  where  its  incorporation  on  a  N-site  is  favorable [24]. Based  on  an  ionization  level  of 
~170  meV,  the  hole  density  in  Mg-doped  GaN  would  be  calculated  to  be  -10%  of  the  Mg 
acceptor  concentration  when  measured  at  25  °C.  In  our  case  we  see  an  order  of  magnitude  less 
holes  than  predicted.  This  should  be  related  to  the  existing  n-type  carrier  background  in  the 
material  and  perhaps  to  residual  lattice  damage  which  is  also  n-type  in  GaN,  At  the  highest 
annealing  temperature  (1400  °C),  the  hole  density  falls,  which  could  be  due  to  Mg  coming  out  of 
the  solution  or  to  the  creation  of  further  compensating  defects  in  the  GaN. 


Annealing  Temperature  (°C) 


Fig.  4.  Sheet  carrier  densities  in  Mg^  or  implanted  GaN  as  a  function  of 
annealing  temperature. 


We  did  not  observe  any  redistribution  of  either  Mg  or  C  for  annealing  up  to  1450  °C, 
indicating  a  diffusivity  of  <2x10  *^  cm^-s'*  at  this  temperature.  In  the  particular  case  of  implanted 
Be,  there  was  an  initial  broadening  of  the  profile  at  900  °C,  corresponding  to  an  effective 
diffusivity  of  -5x10’^^  cm^  sec"^  at  this  temperature.  However  there  was  no  subsequent 
redistribution  at  temperatures  up  to  1200  °C.  Implanted  Be  shows  several  types  of  anomalous 
diffusion  in  GaAs,  including  up-hill  diffusion  and  movement  in  the  tail  of  the  profile,  in  addition 
to  normal  concentration-dependent  diffusion,  which  also  result  from  the  non-equilibrium 
concentrations  of  point  defects  created  by  the  nuclear  stopping  process  of  the  implanted  ions.  It 
appears  that  in  GaN,  the  interstitial  Be  undergoes  a  type  of  transient-enhanced  diffusion  until 
these  excess  point  defects  are  removed  by  annealing,  at  which  stage  the  Be  is  basically 
immobile. 


SUMMARY  AND  CONCLUSIONS 


Common  acceptor  and  donor  species  have  been  implanted  into  GaN  at  room  temperature, 
and  subsequently  annealed  up  to  1500  °C.  With  the  exception  of  Be,  which  shows  an  apparent 
damage-assisted  redistribution  at  900  “^C,  none  of  the  species  show  detectable  motion  under  these 
conditions.  This  is  promising  for  the  fabrication  of  GaN-based  power  devices,  which  require 
creation  of  doped  well  or  source/drain  regions  by  implantation.  The  low  diffusivities  of 
implanted  dopants  in  GaN  means  that  junction  placement  should  be  quite  precise  and  there  will 
be  less  problems  with  lateral  diffusion  of  the  source/drain  regions  towards  the  gate.  Finally,  the 
results  show  the  effectiveness  of  the  AIN  cap  in  protecting  the  GaN  surface  from  dissociation, 
since  if  any  of  the  surface  was  degraded  during  annealing,  the  implant  profiles  would  no  longer 
overlap. 
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ABSTRACT 

Extrinsic  effects  on  the  DC  output  characteristics  of  AIGaN/GaN  HFETs  with  l|im  gate 
lengths  are  examined.  The  devices  investigated  were  fabricated  on  MOCVD-grown  AIGaN/ 
GaN  heterostructures  on  sapphire  substrates.  An  analytical  model  that  takes  into  account 
parasitic  resistances  and  thermal  effects  is  constructed,  and  its  results  are  compared  with 
experimental  data.  With  parameters  determined  from  characterization  experiments  on  the  same 
wafer  and  from  independent  theoretical  results,  the  agreement  between  the  data  and  the  model 
predictions  is  found  to  be  very  good.  The  model  is  then  applied  to  performance  predictions  for 
devices  with  improved  series  resistances  and  heat  sinking. 


INTRODUCTION 

The  group  Ill-nitride  compound  semiconductors  have  considerable  potential  for  the 
fabrication  of  high  frequency/high  power  electronic  devices.  Progress  in  the  growth  and  process 
technology  of  these  materials  has  recently  led  to  the  demonstration  of  very  impressive  results  for 
the  output  current  density,  the  gain  cut-off  frequency,  and  the  output  power  density  of  AIGaN/ 
GaN  heterostructure  field  effect  transistors  (HFETs). [1,2,3]  These  encouraging  results 
notwithstanding,  the  device  design  and  the  fabrication  techniques  are  still  far  from  optimized. 
For  example,  contact  resistances  are  relatively  large  (compared  to  conventional  III-V  materials) 
and  deleterious  thermal  effects  are  likely  to  limit  the  performance  of  the  HFETs  at  high  voltages 
and  currents.  This  is  particularly  the  case  for  devices  fabricated  on  sapphire  substrates,  due  to 
that  material’s  relatively  low  thermal  conductivity. 

In  this  communication  extrinsic  effects  that  limit  the  performance  of  AIGaN/GaN 
HFETs  are  examined  in  the  framework  of  an  analytical  model.  The  results  are  compared  with 
experimental  data  from  AIGaN/GaN  HFETs.  It  is  found  that  significant  improvements  in  output 
current  can  be  expected  if  the  heat  generated  in  the  devices  is  removed  effectively  (for  example 
by  a  flip-chip  bonding  technique,  or  by  the  use  of  a  substrate  with  high  thermal  conductivity) 
and  if  the  source  and  drain  series  resistances  can  be  reduced. 


DEVICE  STRUCTURE 

The  Ill-nitrides  used  in  this  study  were  grown  by  MOCVD  on  sapphire  substrates.  The 
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Figure  1:  Schematic  HFET  diagram. 


Figure  2:  Calculated  values  of  Ad  and  electron 
concentration  in  the  lowest  subband  as  a  function  of 
the  total  sheet  carrier  density. 


material  structure  consisted  of  an  AIN  nucleation  layer,  followed  by  3}im  of  undoped  GaN  and 
200A  of  nominally  undoped  AIq jOuq  jN.  Ohmic  contacts  were  formed  using  alloyed  Ti/Al/Ni/ 
All,  and  the  gate  metallization  was  Pt/Au.  Device  isolation  was  accomplished  through  the  use 
ECR  dry  etching.  The  source-to-drain  spacing  was  5)im  and  the  gate  length  was  Ijim.  A 
schematic  diagram  of  the  HFETs  is  shown  in  Figure  1.  The  devices  tested  consist  of  two  parallel 
gated  channels  of  75iim  width,  for  a  total  gate  width  of  150pm. 


DEVICE  MODEL  AND  KEY  PARAMETERS 

The  device  model  developed  for  this  investigation  is  a  charge-control/gradual-channel 
approximation  model  [4]  that  incorporates  salient  results  of  previous  Monte  Carlo  electron 
transport  simulations  for  GaN  as  a  function  of  the  ambient  temperature. [5]  A  good 
approximation  for  the  relationship  between  the  channel  carrier  concentration,  n^,  and  the  gate 
voltage  is  a  critical  prerequisite  for  an  accurate  charge-control  model.  Therefore,  as  an  initial 
step,  the  capacitance  vs.  voltage  characteristic  (C-V)  of  the  AlGaN/GaN  layer  structure  is 
examined.  A  standard  approximation  that  should  be  monitored  clo.sely  is  to  evaluate  the 
capacitance  per  unit  area  as  C  =  e/(d  +  Ad)  where  d  is  the  thickness  of  the  barrier  (AlGaN)  layer 
and  Ad  is  the  effective  thickness  of  the  two-dimensional  electron  gas  that  forms  the  channel. [6] 
Clearly,  the  approximation  of  treating  Ad  as  a  constant,  independent  of  the  carrier  concentration, 
is  rather  rough.  This  is  seen  immediately  from  a  self-consi.stent  solution  of  the  coupled 
Schroedinger  and  Poisson  equations. [7,8]  By  calculating  the  quasi-two-dimensional  subband 
structure  in  this  way  and  subsequently  estimating  the  effective  thickness  as 

Ad  =  ^|zn(z)dz  (1) 

the  result  shown  in  Figure  2  is  obtained.  Here  n{z)  is  the  total  (three-dimensional)  free  electron 
density  which  is  related  to  the  (two-dimensional)  channel  carrier  density  by  n^.  =  Jn(z)dz.  The 
effective  mass  subband  structure  calculations  arc  done  using  a  self-consistent  potential  in  the 
framework  of  the  local  density  approximation.  Also  taken  into  account  is  the  polarization 
charge  at  the  interface  that  arises  from  the  piezoelectric  effect  in  the  strained  AlGaN  barrier 
layer.  At  room  temperature  only  the  lowest  three  subbands  arc  found  to  be  significantly 
populated.  The  carrier  density  in  the  lowest  subband  which  accounts  for  more  than  80%  of  the 
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Figure  3;  Comparison  of  the  measured  Figure  4:  Measured  (TLM)  contact  resistances 

AIGaN/GaN  heterostructure  capacitance  for  a  75(im  and  l^jsat  an  ungated  device  for  various 
dot  with  calculated  results.  Also  shown  is  the  anneal  times  and  temperatures, 

resulting  Og  vs.  Vg  from  the  subband  calculation 
(dots)  and  from  equation  (2). 

total  is  also  shown  in  Figure  2.  As  is  evident  from  the  figure,  Ad  varies  quite  strongly  with  Ug. 

From  dUg/dV  =  C/q  and  C(n5)  =  8/(d  +  Ad(ng))  the  capacitance  per  unit  area  as  a  function 
of  the  gate  voltage  can  be  found  by  eliminating  n^.  Comparing  the  calculated  capacitance  with 
experimental  data  for  dot-shaped  capacitors  with  75|j.m  diameter  yields  the  agreement  shown  in 
Figure  3.  While  this  result  is  very  satisfactory  from  a  point  of  view  that  focuses  on  the  quantum 
confinement,  it  does  not  provide  a  convenient  closed-form  expression  that  can  be  used  in  a 
charge-control  model.  However,  the  following  analytic  relationship  between  the  channel  carrier 
concentration  and  the  gate-to-channel  voltage,  Vg,  accounts  well  for  the  integrated  C-V  data. 

n^(Vg.  T)  =  MkTlog(exp[(  V,  -  (2) 

Here  M  is  an  effective  two-dimensional  density  of  states,  and  the  remaining  symbols  have  their 
usual  meanings.  The  good  agreement  between  the  simple  expression  (2)  and  the  result  of  the 
self-consistent  solution  of  the  subband  structure  problem  is  shown  in  Figure  3. 

For  the  analytic  calculation  of  the  drain  current  in  the  HFET,  the  relationship  between 
the  electron  drift  velocity,  v,  and  the  longitudinal  electric  field,  E,  is  approximated  as: 


^(T)E 

1+E/(E,(T)) 

Vsat(T) 


E<E,(T) 

E>E,(T) 


(3) 


where  p.(T)  is  the  low  field  mobility  and  Ei(T)  =  Ec/(|lEg/Vsaj  -  1). 


The  low  field  mobility,  the  saturation  (peak)  velocity,  and  the  saturation  (peak)  field 
results  of  Monte  Carlo  simulations  for  electron  transport  in  GaN  have  been  parameterized  as 
functions  of  temperature,  doping  concentration,  and  compensation. [5]  These  results  are  used  in 
the  present  model,  and  the  simple  expression  above  is  found  to  approximate  the  velocity  vs. 
field  curve  quite  well  for  E  <  E^.,  The  GaN  channel  is  taken  to  be  undoped,  yielding  [5]  a  low- 
field  room  temperature  mobility  of  i200cm^V ',sec''.  This  value  is  somewhat  larger  than 
measured  Hall  mobilities  for  the  particular  device  structures  for  which  we  compare  the  model 
results  to  experimental  data  (typical  values  arc  1  lOOcm^V^sec'^  for  n,;  =  9xl0'^cm'^).  Hence, 
the  mobility  is  reduced  by  a  small,  temperature  independent  correction  using  Matthiessen’s  rule. 

The  analytic  expressions  for  the  drain  current,  Ij,  as  a  function  of  the  intrinsic  gate  and 
drain  voltages,  Vg  and  V^,  for  the  so-called  linear  and  saturation  regimes  were  presented  in  ref. 
[4].  The  gate  current  is  negligibly  small  for  the  operating  conditions  to  be  examined  here. 

In  the  pre.sent  effort  of  accounting  for  the  output  DC  characteristics  of  AlGaN/GaN 
HFETs,  two  extrinsic  effects  are  included  in  the  model.  The  first  is  the  additional  voltage  drop 
across  the  source  and  drain  series  resistances,  and  Rj,  which  leads  to  the  following  relations 
between  the  extrinsic  (applied)  voltages  and  the  intrinsic  voltages  that  actually  control  the 
channel. 


^GS-^g  +  ^^s^d  (4) 

^DS  =  +  (^s  +  (5) 

R^  and  Rj  are  comprised  of  the  contact  resistance  and  an  access  resistance  associated  with  the 
rather  large  (2pm)  spacing  between  the  channel  beneath  the  gate  and  the  source  and  drain 


Figure  5:  Comparison  of  the  experimental  (boxes  0 
to  10V  and  diamonds  0  to  20V)  and  calculated 
(lines)  drain  current  vs.  drain-to-source  bias  in  the 
absence  of  illumination.  The  gate  voltages  vary 
from  0  to  -4V. 


Figure  6:  Comparison  of  the  experimental 
(points)  and  calculated  (lines)  drain  current  vs. 
drain-to-source  bias  with  device  illumination.  The 
gate  voltages  vary  from  0  to  -4V. 


contacts,  both  of  which  are  determined  by  separate  TLM  measurements.  Representative  values 
for  the  sheet  resistivity  and  specific  contact  resistance  obtained  for  the  wafer  examined  here  are 
p  =  550..,790Q/Q,  depending  on  the  location  on  the  wafer,  and  =  0.6fl-mm.  Series 

resistances  may  be  reduced  by  lowering  the  contact  resistance  through  improvements  in  the 
process  and  by  lowering  the  access  resistance  through  a  reduction  of  the  source-to-drain 
spacing.  The  former  effect  is  clearly  evident  in  Figure  4  where  measured  contact  resistances  for 
different  alloying  conditions  are  shown.  The  contact  resistance  can  affect  the  current  through  a 
device  as  is  shown  in  Figure  4.  This  data  will  be  discussed  in  a  forthcoming  paper. 

The  second  extrinsic  effect  is  the  self-heating  of  the  device  due  to  power  dissipation.  In 
order  to  obtain  the  ambient  temperature  of  the  channel  which  enters  the  electron  velocity 
through  eq.  (3),  the  device  temperature  is  determined  from  T  =  Tq  +  Rthld^DS-  ^th  the 
thermal  impedance  and  Tq  is  the  temperature  of  the  heat  sink  at  the  backside  of  the  substrate  (Tq 
=  300K).  The  specific  thermal  impedance  of  the  device  structure  is  determined  independently 
by  using  a  two-dimensional  device  simulator  and  is  found  to  be  well  approximated  by  24-(l  + 
(T-To)TO‘^)K  mmAV,  where  the  temperature  dependences  of  the  thermal  conductivities  have 
been  taken  into  account. 

With  its  parameters  determined  either  by  independent  calculations  or  direct 
measurements,  the  HFET  model  is  run  until  self-consistent  solutions  for  given  and  Vqs  are 
reached. 

RESULTS  AND  DISCUSSION 

Figure  5  shows  measured  HFET  output 
characteristics  with  the  device  in  the  dark. 

The  data  are  taken  sequentially,  starting  with 
Vds  sweeps  from  zero  to  V^smax  for  Vqs  = 

0,-1,  -2,  -3V.  The  calculated  results  are  also 
displayed.  All  model  parameters  are 
consistent  with  TLM  ,  C-V,  and  Hall  data 
from  this  wafer.  The  thermal  impedance  is 
obtained  from  a  separate  simulation,  as 
indicated  above.  Clearly  the  agreement 
between  the  data  and  the  model  results  is 
quite  good  for  large  In  particular,  the 

strong  negative  output  conductance  caused 
by  the  self-heating  is  well  reproduced.  For 
small  and  intermediate  V£,s  the  model 
predicts  larger  currents  than  observed 
experimentally.  We  tentatively  attribute  the 
discrepancy  to  trapping  of  (primarily  hot) 
electrons.  Under  high  drain  bias  conditions 
the  traps  are  either  emptied  or  their 
electrostatic  effect  is  reduced  and  the  drain 
current  approaches  the  model  values. 


Figure  7:  Comparison  of  expected  HFET  output 
characteristics  of  a  device  with  decreased  contact- 
to-channel  spacing  and  reduced  contact  resistance 
(dashed  curves)  to  the  results  of  Figure  6  (solid 
curves).  Also  shown  are  the  results  expected  for  a 
perfectly  heat  sunk  device  (dotted  curves). 


A  more  detailed  analysis  of  the  low  voltage  characteristics  shown  in  Figure  5  will  be  the 
subject  of  future  work.  However,  to  substantiate  the  trapping  hypothesis,  the  output 
characteristics  of  the  same  device  under  illumination  by  a  Hg  pen  lamp  are  examined  in  Figure  6 
and  compared  to  the  model  results.  Due  to  the  illumination,  traps  are  unlikely  to  be  occupied  by 
electrons,  the  sheet  resistivity  decreases,  and  the  output  currents  increase,  particularly  at  low 
voltages.  The  agreement  between  the  mode!  and  the  data  over  the  full  drain-to-source  voltage 
range  under  these  conditions  is  very  good.  The  maximum  ambient  temperature  of  the  channel 
region  is  found  to  be  approximately  500K. 

Lastly,  the  limitations  imposed  on  the  device  performance  by  the  series  resistances  and 
by  the  thermal  effects  are  examined  in  Figure  7.  Here,  the  model  results  of  Figure  6  are 
compared  to  the  performance  that  would  be  expected  from  the  same  transistor  structure,  but 
with  a  contact  resistance  of  0.1  ^^■mm,  a  value  that  is  typical  of  AlGaAs/GaAs  HFETs  [9],  and 
gate-to-source  and  gate-to-drain  contact  spacings  of  O.Spm  (dashed  curves).  Also  shown  is  the 
additional  consequence  of  ideal  heat  sinking  that  completely  eliminates  the  thermal  effects 
(dotted  curves).  Clearly,  even  an  improvement  in  series  resistance  alone  can  lead  to  larger  ouput 
currents.  A  very  significant  improvement  is  predicted  if  the  self-heating  of  the  device  can  be 
suppressed. 

The  present  comparison  of  results  from  a  self-consistent  model  that  includes  parasitic 
resistances  and  self-heating  effects  indicates  that  considerable  improvement  in  the  output  current 
densities  of  AlGaN/GaN  HFETs  can  be  expected  even  for  relatively  long  channel  devices.  The 
model  accounts  well  for  experimentally  observed  DC  output  characteristics  without  resorting  to 
the  introduction  of  arbitrary  parameters. 
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ABSTRACT 

Sputter-deposited  W-based  contacts  on  p-GaN  (Na~10*®  cm'^)  display  non-ohmic  behavior 
independent  of  annealing  temperature  when  measured  at  25  °C.  The  transition  to  ohmic  behavior 
occurs  above  ~250  °C  as  more  of  the  acceptors  become  ionized.  The  optimum  annealing 
temperature  is  ~700  °C  under  these  conditions.  These  contacts  are  much  more  thermally  stable 
than  the  conventional  Ni/Au  metallization,  which  shows  a  severely  degraded  morphology  even  at 
700  °C.  W-based  contacts  may  be  ohmic  as-deposited  on  very  heavily  doped  n-GaN,  and  the 
specific  contact  resistance  improves  with  annealing  up  to  ~900  °C. 

INTRODUCTION 

One  of  the  limiting  factors  in  GaN  device  technology  are  the  relatively  high  ohmic  contact 
resistances.  In  the  search  for  improved  contact  characteristics,  a  wide  variety  of  metallizations 
have  been  investigated  on  p-GaN  besides  the  standard  Ni/Au[l-7],  including  Ni[4,5,8], 
Au[4,7,9,10],  Pd[4],  Pd/Au[ll,12],  Pt/Au[6],  Au/Mg/Au[9,13],  Au/C/Ni[14],  Ni/Cr/Au[12,15] 
and  Pd/Pt/Au[6].  This  area  has  been  reviewed  recently  by  Mohney  and  Lau[16],  and  by  Liu  and 
Lau[17].  Typically  Ni,  Pd  or  Pt  is  the  metal  in  direct  contact  with  the  GaN,  and  the  structure  is 
annealed  at  400  -  750  °C.  This  produces  contact  resistances  in  the  10'*  -  10'^  D  cm^  range.  For 
higher  temperatures  severe  degradation  in  contact  morphology  is  observed,  usually  resulting 
from  the  formation  of  the  metal  gallides[16]. 

For  n-type  ohmic  contacts,  the  most  popular  metallization  schemes  have  been  those  based 
on  Al/Ti/n-G^,  often  with  overlayers  of  Au/Ni[16,17].  It  is  believed  that  diffusion  of  A1  to  the 
metal/GaN  interface  is  a  critical  step  in  forming  the  lowest  specific  contact  resistance,  and  that 
TiN  formation  produces  a  high  concentration  of  nitrogen  vacancies  that  lead  to  n^  doping  level 
and  lower  Rc  values[17].  We  have  previously  reported  that  both  W  and  WSix  on  n^  epi  GaN 
layers  (n  ~  10^^  cm'^)  produce  reasonable  contacts  (Rc  ~  8x10'^  Q  cm^),  but  extremely  stable 
behavior[18,19]  -  annealing  at  1000  °C  led  to  a  shallow  reacted  region  of  <  100  A,  and  in 
junction  field-effect  transistor  structures  these  contacts  can  withstand  implant  activation  anneals 
atll00°C[20]. 

In  this  paper  we  report  on  use  of  ion  implantation  to  increase  the  doping  level  in  GaN, 
which  would  be  of  particular  interest  for  creating  n"^  or  p'^  regions  in  device  structures,  and  also 
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on  the  characteristics  of  W  and  WSix  metal  contacts  on  both  n-  and  p-type  GaN.  The  thermal 
stability  of  the  refractory  metal  contacts  is  superior  to  that  of  the  conventional  Ni/Au  scheme 
employed  for  p-GaN. 

EXPERIMENTAL 

P-type  (Na  =  lO'*^  cm'^),  Mg-doped  GaN  layers  1  pm  thick  were  grown  on  AI2O3  substrates 
by  Molecular  Beam  Epitaxy  using  solid  Ga  and  rf  plasma-activated  N2f21].  Strong 
cathodoluminescence  was  observed  at  -385  nm,  with  very  little  deep  level  emission.  Undoped 
GaN  layers  -3  pm  thick  were  grown  on  AI2O3  by  Metal  Organic  Chemical  Vapor  Deposition. 
These  samples  were  implanted  with  100  keV  SC  ions  at  a  dose  of  5  x  10'‘‘  cm  ^  and  annealed 
with  AIN  caps  in  place  to  1400  °C  for  10  secs[22].  This  produced  a  peak  n-type  doping 
concentration  of  -5  x  10^*^  cm"'^,  W  or  WSio45  layers  -  1000  A  thick  were  deposited  using  an 
MRC501  sputtering  system.  The  sample  position  was  biased  at  90  V  with  re.spect  to  the  Ar 
discharge.  Prior  to  sputtering,  the  native  oxide  was  removed  in  a  20:1  H20:NH40H  solution. 
Transmission  line  patterns  were  defined  by  dry  etching  the  exposed  metal  with  SFf/Ar,  and 
forming  mesas  around  the  contact  pads  using  BCI3/N2  dry  etching  to  confine  the  current  flow. 
For  comparison,  on  the  p-GaN,  Au(1000  A)/Ni(500  A)  was  deposited  by  e-beam  evaporation, 
defined  by  lift-off  and  mesas  formed  by  dry  etching.  Both  n-  and  p-type  samples  were  annealed 
for  60  secs  (in  some  experiments  this  was  varied  from  30  -  300  secs)  at  300  -  1000  °C  under 
flowing  N2. 

In  addition,  implantation  of  S,  Se  and  Te  for  creation  of  n-type  doping  and  of  Mg,  Be  and  C 
for  p-type  doping  was  examined  in  undoped  MOCVD-grown  GaN.  Annealing  was  performed  up 
to  1500  "C,  using  AIN  cap  layers  for  surface  protection. 

RESULTS  AND  DISCUSSION 

(a)  Implantation 

Secondary  Ion  Mass  Spectrometry(SIMS)  did  not  detect  any  measurable  redistribution  for 
S,  Se,  Te,  Mg  or  C  at  1450  °C,  implying  effective  diffusivities  of  <2xl0  ''^  cm^  -sec  '  for  each  of 
these  dopants  at  this  temperature.  The  exception  was  Be,  which  displayed  an  apparent  damage- 
assisted  diffusion  at  900  °C,  but  did  not  move  at  higher  annealing  temperatures.  It  appears  that  in 
GaN,  the  intersitial  as-implanted  Be  undergoes  a  type  of  transient  enhanced  diffusion  until 
excess  point  defects  created  by  the  nuclear  stopping  process  of  the  implanted  ions  are  removed 
by  annealing,  at  which  stage  the  Be  is  basically  immobile. 

While  SC  implantation  produced  n-type  doping  levels  up  to  5x10^*^  cm'^,  the  other  donors 
were  less  effective.  The  maximum  doping  achieved  with  implantation  was  ~5xl0’*^  cm^ 
while  with  Te'^  it  was  -1.6x10*^  cm'^. 

It  is  difficult  to  create  p-type  doping  by  implantation  in  GaN  because  of  the  large  ionization 
levels  of  acceptor  species  and  n-type  character  of  residual  lattice  damage.  We  did  not  achieve  p- 
type  conductivity  by  implanting  while  a  maximum  doping  level  of  lO’’  cm  '^  was  obtained 
with  Mg"^  under  the  same  conditions. 


(b)  Contact  Properties 
(i)  p-GaN 


Figure  1  shows  annealing  temperature  dependence  of  the  I-V  characteristics  of  the  Ni/Au, 
W  and  WSi  on  p-GaN,  with  the  measurements  made  at  25  °C  in  all  cases.  Note  that  for  the 
optimum  anneal  temperatures  (700  °C  for  Ni/Au  and  W,  and  800  °C  for  WSiJ,  the  contacts  are 
not  ohmic,  but  are  more  accurately  described  as  leaky  Schottky  diodes.  In  the  case  of  W  and 
WSi,  we  assume  that  annealing  above  the  optimum  temperature  produces  loss  of  N2  and  poorer 
contact  properties. 


Fig.  1.  Annealing  temperature  dependence  of  I-V  characteristics  of  WSi,  W  and 
Ni/Au  contacts  on  p-GaN(60  sec  anneal  times). 

The  contact  morphology  on  the  W  and  WSi  metallization  remained  featureless  to  the 
highest  temperature  we  investigated.  This  is  in  sharp  contrast  to  the  case  of  Ni/Au,  as  shown  in 
Figure  2.  For  the  latter  metallization,  islanding  is  quite  severe  after  700  °C  annealing  due  to 
reaction  of  the  Ni  with  the  GaN[21-23]. 

Since  the  hole  concentration  in  p-GaN  will  increase  rapidly  with  temperature  due  to  the 
higher  ionization  efficiency  for  the  Mg  acceptors,  we  would  expect  an  improvement  in  contact 
properties  at  elevated  temperatures.  For  example,  from  calculating  the  Fermi  level  position  as  a 
function  of  temperature,  we  find  the  ionization  efficiency  improves  from  -10%  at  25  °C  to  -56% 
at  300  °C.  Figure  3  shows  the  I-V  characteristics  for  the  700  °C  (Ni/Au  and  W)  or  800  °C(WSi) 
annealed  samples,  as  a  function  of  the  measurement  temperature(25  -  300  °C).  For  the  Ni/Au,  the 
contacts  become  ohmic  at  >  200  °C,  while  for  W  and  WSix  this  occurs  at  300  °C.  The  Rc  values 
at  300  °C  are  9.2x10'^  O-cm^  (Ni/Au),  6.8xl0  '  Q-cm^  (W)  and  2.6x10'^  Q-cm^  (WSi).  The  TLM 
measurements  showed  that  the  substrate  sheet  resistance  is  reduced  from  1.39x10'^  fl/n  at  200 
°C,  to  8470  n/n  at  250  °C  and  4600  Q/Dat  300  °C,  indicating  that  the  increased  hole 
concentration  plays  a  major  role  in  decreasing  Rc. 


Fig.  2.  SEM  micrographs  of  Ni/Au  contacts  on  p-GaN  after  60  secs  anneals  at 
either  400  °C  (top  left)  or  700  °C  (top  right),  or  W  contacts  after  similar  annealing 
at  400  °C  (bottom  left)  or  900  °C  (bottom  right). 
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Fig.  3.  Measurement  temperature  dependence  of  I-V  characteristics  of  Ni/Au,  W 
or  WSix  contacts  on  p-GaN. 


(ii)  n-GaN 


Figure  4  shows  the  annealing  temperature  dependence  of  Rc  for  W  contacts  on  Si- 
implanted  GaN.  The  specific  contact  resistance  improves  with  annealing  up  to  -950  °C,  which 
appears  to  correspond  to  the  region  where  the  P-W2N  interfacial  phase  is  formed.  Cole  et  al[19]. 
reported  that  W  and  WSi  contacts  on  GaN  annealed  in  the  range  750-850  °C  showed  the 
minimum  degree  of  metal  protrusion  in  the  interfacial  regions  devoid  of  the  P-W2N  phase, 
whereas  at  lower  annealing  temperatures  the  horizontal  spatial  extent  of  this  phase  was  smaller 
and  allowed  more  protrusions  to  develop.  The  excellent  structural  stability  of  the  W  on  GaN  was 
clear  from  both  AES  and  SEM  data  on  annealed  samples. 


Temperature  (“C) 

Fig.  4.  Annealing  temperature  dependence  of  Rc  for  W  contacts  on  Si-implanted  GaN. 


SUMMARY  AND  CONCLUSIONS 

W  and  WSi  ohmic  contacts  on  both  p-  and  n-type  GaN  have  been  annealed  at 
temperatures  from  300  -  1000  °C.  There  is  minimal  reaction  (<  100  A  broadening  of  the 
metal/GaN  interface)  even  at  1000  °C.  Specific  contact  resistances  in  the  10'^  H-cm^  range  are 
obtained  for  W  on  Si-implanted  GaN  with  a  peak  doping  concentration  of  -  5  x  10^°  cm'^,  after 
annealing  at  950  °C.  On  p-GaN,  leaky  Schottky  diode  behavior  is  observed  for  W,  WSix  and 
Ni/Au  contacts  at  room  temperature,  but  true  ohmic  characteristics  are  obtained  at  250  -  300  ®C, 
where  the  specific  contact  resistances  are  typically  in  the  10'^  O-cm^  range.  The  best  contacts  for 
W  and  WSix  are  obtained  after  700  °C  annealing  for  periods  of  30  -  120  secs.  The  formation  of 
3-W2N  interfacial  phases  appear  to  be  important  in  determining  the  contact  quality. 
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Abstract 

A  comparison  of  KOH,  NaOH  and  AZ400K  solutions  for  UV  photo-assisted  etching  of 
undoped  and  n"^  GaN  is  discussed.  The  etching  is  diffusion-limited  (Eg  <  bkCal-mof’)  under  all 
conditions  and  is  significantly  faster  with  bias  applied  to  the  sample  during  light  exposure.  No 
etching  of  InN  was  observed,  due  to  the  very  high  n-type  background  doping  (>  lO^^cm'^)  in  the 
material. 

Introduction 

To  date  relatively  little  success  has  been  achieved  with  wet  chemical  etching  of  GaN  with 
room  temperature  solutions  [1].  Molten  KOH  and  elevated  temperature  H3PO4  can  produce  etch 
pits  on  GaN  [2,3].  Recently  hot  solutions  (90-180°C)  of  KOH  or  NaOH  in  ethylene  glycol  and 
KOH  or  H3PO4  at  similar  temperatures  have  been  used  to  produce  well-defined  crystallographic 
etching  of  wurtzite  GaN  after  initial  formation  of  mesas  by  dry  etching  [4].  If  the  GaN  near¬ 
surface  region  has  been  damaged  by  processes  such  as  dry  etching  or  high  temperature 
annealing,  H3PO4,  NaOH  or  KOH  solutions  have  been  found  to  remove  the  Ni-deficient  material 
and  stop  at  the  underlying  undamaged  GaN  [5].  Both  AIN  [6,7]  and  InN  [8]  can  be  etched  in  hot 
alkaline  solutions  of  NaOH  or  KOH,  but  there  has  been  little  success  with  the  alloy  InGaN  [9]. 

It  has  long  been  recognized  that  the  dissolution  rate  of  semiconductor  materials  may  be 
enhanced  in  acid  or  base  solutions  by  illumination  with  above  bandgap  light  [10-14].  The  basic 
mechanism  for  their  photo-enhanced  etching  is  oxidative  dissociation  of  the  semiconductor  into 
its  component  elements  (thereby  consuming  the  photogenerated  holes)  and  the  subsequent 
reduction  of  the  oxidizing  agent  in  the  solution  by  reaction  with  the  photogenerated  electrons.  In 
most  cases,  n-type  material  is  readily  etched,  in  contrast  to  p-type  samples  where  the  inability  to 
confine  photogenerated  holes  at  the  semiconductor  electrolyte  interface  prevents  etching.  The 
first  photoenhanced  wet  etching  of  GaN  at  room  temperature  was  reported  using  HCI/H2O  and 
KOH/H2O  solutions  with  He-Cd  laser  illumination  [15].  Subsequently  the  Adesida  group  and 
others  [16-24]  employed  broad-area  Hg  lamps  and  solutions  of  KOH,  aqueous  H3PO4  or  tartaric 
acid/ethylene  glycol  to  achieve  maximum  room-temperature  etch  rates  typically  in  the  range 
1000-2000A-min  ^  In  some  cases  the  etched  surfaces  are  smooth,  but  a  more  general  result  is  the 
appearance  of  very  rough  micro  structure.  The  etch  mechanism  appears  to  be  creation  of  Ga203 
on  the  GaN  surface,  and  its  subsequent  dissolution  by  the  acid  or  base  solution. 

In  this  paper  we  compare  KOH,  NaOH  and  AZ400K  (a  photoresist  developer  effective  in 
etching  AIN  because  it  contains  KOH)  solutions  for  photoelectrochemical  (PEC)  etching  of 
undoped  and  n"^  GaN  either  with  or  without  biasing  of  the  samples.  We  find  in  general  that  the 
etch  rates  increase  sharply  when  the  samples  are  biased  during  UV  lamp  exposure.  We  also 
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examined  PEC  etching  of  thin  film  InN.  Since  this  material  is  degenerately  doped  n-type  (> 
5xl0^°cm'^)  due  to  the  presence  of  residual  shallow  donors  (possibly  nitrogen  vacancies),  it 
appears  that  we  are  unable  to  create  enough  photogenerated  carriers  to  enhance  the  oxidative 
dissociation  of  the  InN  and  no  etching  was  observed  in  any  of  our  experiments. 

Experimental 

The  GaN  layers  were  ~  2pm  thick  and  were  grown  on  AI2O3  substrates  at  1040°C  by 
Metal  Organic  Chemical  Vapor  Deposition.  Both  n'^  (n  ~  3xl0'^cm‘^)  and  unintentionally  doped 
(n  ~  3xl0'^cm'^)  layers  were  used  in  these  experiments.  InN  layers  ~  1pm  thick  were  grown  on 
AI2O3  at  ~  650°C  by  Metal  Organic  Molecular  Beam  Epitaxy.  These  films  are  degenerately  n- 
type  (~  lO^^cm'^)  due  to  residual  defects  or  impurities.  Ti  metal  contacts  were  patterned  by  lift¬ 
off  on  the  periphery  of  the  samples,  and  etching  performed  in  a  standard  electrochemical  cell 
consisting  of  a  teflon  sample  holder  and  a  Pt  wire  cathode  [2-6,9-14].  An  unfiltered  450W  Hg  arc 
lamp  ~  15cm  from  the  sample  provided  illumination  of  the  samples,  which  were  immersed  in 
unstirred  KOH,  NaOH  or  H2O/AZ4OOK  solutions.  Etch  depths  were  measured  by  stylus 
profilometry,  while  the  surface  morphology  was  examined  by  both  scanning  electron  microscopy 
(SEM)  and  tapping  mode  atomic  force  microscopy  (AFM). 

Results  and  discussion 


Figure  1  shows  the  temperature  dependence  of  GaN  etch  rate  in  KOH  solutions  either 
with  or  without  bias  and  at  two  different  molarities.  From  separate  experiments  we  determined 
that  molarity  had  little  effect  on  etch  rate  in  this  range,  and  thus  that  biasing  and  doping  level  in 
the  GaN  were  the  key  parameters.  This  is  consistent  with  past  data  on  SiC  [10].  The  n^  GaN  did 
not  etch  at  all  over  a  broad  range  of  KOH  concentrations  (0.{X)5-1M)  when  no  Ti  metal  contact 
was  present  on  the  sample,  probably  due  to  the  inability  to  separate  e-h  pairs  under  these 
conditions. 
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Figure  1.  Temperature  dependence  of  GaN  PEC 
etch  rate  either  with  or  without  1 .5 V  bias  in 
different  molarity  (0.05  or  O.IM)  KOH  solutions. 


Figure  2.  Arrhenius  plot  of  GaN  PEC  etch  rate 
either  with  or  without  1 .5V  bias  in  different 
molarity  (0.05  or  O.IM)  KOH  solutions. 


The  data  is  plotted  in  Arrhenius  form  in  Figure  2.  In  all  cases  the  activation  energies  are  < 
6kCal-mor\  consistent  with  diffusion- limited  etching  whose  other  characteristics  are  a  square- 
root  dependence  of  etch  rate  on  time,  relatively  rough  surfaces  and  a  strong  dependence  of  rate 
on  solution  agitation.  This  is  consistent  with  the  results  of  Youtsey  et.  al.  [16-18,  20] 

There  was  also  a  strong  dependence  of  etched  surface  morphology  on  doping  level  and 
presence  of  bias,  as  shown  in  Figure  3.  Note  that  in  the  case  of  biased  undoped  GaN,  the  etched 
surface  morphology  measured  by  AFM  is  fairly  similar  to  that  of  the  unetched  material.  The  role 
of  the  biasing  may  be  to  provide  more  efficient  separation  of  the  photogenerated  carriers  with  a 
resultant  improvement  in  uniformity  of  the  surface  oxidation  reactions. 

Little  work  has  been  performed  with  NaOH  as  the  electrolyte.  Figure  4  shows  the 
influence  of  solution  molarity  on  the  PEC  etch  rates  of  undoped  and  n^  GaN  at  25°C.  The  rates 
fall-off  dramatically  at  high  molarities  (>  O.IM),  most  likely  due  to  excessive  oxidation  of  the 
surface.  This  effect  is  also  seen  with  KOH  solutions  under  the  same  conditions  [21-23]. 
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Figure  3,  Normalized  surface  roughness  (control 
has  a  value  of  1)  of  PEC  etched  undoped  or  n"" 
GaN  in  KOH  solutions  at  25°C  as  a  function  of 
solution  molarity. 
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Figure  4.  Etch  rate  of  undoped  or  n^  GaN  either  with 
or  without  1.5  V  bias  in  NaOH  solutions  at  25°C  as  a 
function  of  solution  molarity. 


The  temperature  dependence  of  PEC  etch  rates  in  NaOH  solutions  is  shown  in  Figure  5. 
The  application  of  bias  again  strongly  enhances  the  etch  rates,  but  the  temperature  of  the  solution 
has  little  effect  on  n"^  material.  Replotting  this  data  in  Arrhenius  form  (Figure  6)  again  shows  the 
etching  is  diffusion-limited,  as  with  KOH.  Even  the  surface  resulting  from  the  etching  is  rough, 
quite  anisotropic  features  can  be  transferred.  Figure  7  shows  a  SEM  micrograph  of  a  sample 
where  the  entire  GaN  layer  was  etched. 

The  AZ400K  developer  solution  is  a  particularly  convenient  one  since  it  is  so  commonly 
used  in  lithography.  We  found  that  a  5H20:1AZ400K  mixture  provided  similar  PEC  etch  rates  to 
KOH  or  NaOH  solutions  with  low  (0.01-0.  IM)  molarities,  as  shown  in  Figure  8  for  both 
undoped  and  n^  GaN.  There  was  no  discernible  difference  between  the  surface  morphologies 
with  KOH,  NaOH  and  AZ400K.  The  etching  is  again  diffusion-limited  with  latter  solution  as 
shown  in  the  Arrhenius  data  of  Figure  9,  Auger  Electron  Spectroscopy  of  etched  surfaces 
generally  showed  that  the  average  Ga-to-N  ratio  in  the  top  lOOA  of  the  surface  remained  similar 
to  that  of  unetched  control  samples. 
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Figure  5.  Temperature  dependence  of  GaN  PEC 
etch  rate  either  with  or  without  1 .5V  bias  in 
different  molarity  (0.05  or  O.IM)  NaOH 
solutions. 
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Figure  6.  Arrhenius  plot  of  GaN  PEC  etch 
rate  either  with  or  without  1 .5V  bias  in 
different  molarity  (0.05  or  O.IM)  KOH 
solutions. 


Figure  7.  SEM  micrograph 
of  features  etched  into  GaN 
with  1.5V  bias  using  a  Ti 
mask  and  0.02M  NaOH 
solution. 
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Figure  8.  Temperature  dependence  of  GaN  Figure  9.  Arrhenius  plot  of  GaN  PEC  etch  rate 

PEC  etch  rate  either  with  or  without  1 .5V  either  with  or  without  1 .5V  bias  in  H2O; AZ400K 

bias  in  H20:AZ400K  solutions.  solutions. 


Summary  and  conclusions 


The  etch  rate  of  GaN  under  UV-assisted  photoelectrochemical  conditions  in  KOH,  NaOH 
and  AZ400K  solutions  is  found  to  be  a  strong  function  of  solution  molarity,  sample  bias  and 
material  doping  level.  At  high  illumination  intensities,  etch  rates  for  unintentionally  doped  (n  ~ 
3xl0^^cm'^)  GaN  are  >  1000A-min  \  The  etching  is  diffusion-limited  under  our  conditions  with 
an  activation  energy  of  <  bkCal-mof^  The  etched  surfaces  are  rough,  but  retain  their 
stoichiometry.  The  dopant-selectivity  capability  may  be  particularly  useful  in  applications  such 
as  base  mesa  etching  in  heterojunction  bipolar  transistors,  where  exposure  of  a  thin  p'^  base  layer 
is  necessary  in  order  to  make  an  ohmic  contact. 
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ABSTRACT 

Static  induction  transistors  (SITs)  are  short  channel  FET  structures  which  are  suitable  for 
high  power,  high  frequency  and  high  temperature  applications.  GaN  has  particularly  favorable 
properties  for  SIT  operation.  However,  such  a  device  has  not  yet  been  fabricated.  In  this  paper 
we  report  simulation  studies  on  GaN  static  induction  transistors  over  a  range  of  device  structures 
and  operating  conditions.  The  transistor  was  modeled  with  coupled  drift-diffusion  and  heat-flow 
equations.  We  found  that  the  performance  of  the  device  depends  sensitively  on  the  thermal 
boundary  conditions,  as  self-heating  effects  limit  the  maximum  voltage  swing. 

INTRODUCTION 

GaN  is  a  wide-bandgap  semiconductor  (Eg=3.4  eV),  and  therefore  has  a  high  breakdown 
field  [1]  and  low  thermal  generation  rate.  These  properties  combined  with  good  thermal 
conductivity  and  stability  make  GaN  an  attractive  material  for  high  power/  high  temperature  and 
radiation  harsh  environment  electronic  devices.  Monte  Carlo  simulations  predict  a  peak  electron 
velocity  of  3.2x10^  cm/s  and  a  saturation  electron  velocity  of  2.5x10^  cm/s  [2].  This  makes 
possible  high  frequency  operation  of  GaN  devices. 

SIT’s  are  short  channel  FET  structures  in  which  the  current,  flowing  vertically  between 
source  and  drain,  is  controlled  by  the  height  of  an  electrostatically  induced  potential  barrier 
under  the  source  [3].  A  cross-sectional  diagram  of  the  SIT  is  shown  in  Figure  1. 

Source 


Figure  1.  Cross-section  of  static  induction  transistor  (SIT)  structure  considered  in  this  work  and 
the  unit  cell  simulated  with  critical  dimensions  labeled. 

Electrons  are  emitted  from  the  source,  which  is  at  ground  potential,  and  are  accelerated  to 
the  drain,  which  is  biased  at  positive  potential,  where  they  are  collected  [4].  A  very  thin  heavily 
doped  layer  is  deposited  next  to  the  drain  and  source  contacts  in  order  to  form  ohmic  contacts.  A 
grid  structure  is  located  in  the  space  between  the  source  and  drain  electrodes  so  the  charged 
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carriers  can  be  externally  modulated.  The  RF  gain  of  the  device  is  determined  by  the  efficiency 
with  which  the  modulation  is  affected.  The  grid  structure  is  generally  fabricated  using  pn  or 
Schottky  junctions. 

A  range  of  field  effect  transistors  including  MESFET,  MTSFET,  inverted  channel 
AlGaN/GaN  and  MODFET  have  been  developed  with  potential  applications  for  high  power/ 
high  temperature  electronics  [2,5-8].  To  our  knowledge,  the  highest  cut-off  frequency  reported 
for  GaN-based  FET’s  is  52  GHz  [9],  and  the  maximum  frequency  of  oscillations  is  over  97  GHz 
[10].  Significant  results  regarding  the  power  output  of  GaN-based  FET's  have  been  reported  by 
several  groups  [9,  1 1].  Wu  reported  an  output  power  of  3  W/mm  at  1 8  GHz,  with  a  power  added 
efficiency  (PAE)  of  19%  for  a  0.25  pm  gate  AlGaN/GaN  MODFET  [9].  In  comparison,  our  SIT 
simulation  results  show  a  cut-off  frequency  fr  of  24.8  GHz,  a  maximum  frequency  of  oscillations 
fmax  of  75.2  GHz.  Operated  under  class  B,  the  output  power  decreases  from  10.75  W/mm  to  1.95 
W/mm  as  the  operating  frequency  changes  from  2  GHz  to  40  GHz.  Correspondingly,  the  PAE 
changes  from  73.8%  to  9.1  %. 


THEORY 

Basic  simulation  equations  and  physical  models 


We  employed  a  commercially  available  2D  device  simulator  (ATLAS  [12])  which  was 
modified  appropriately  for  GaN,  based  on  experimental  observations  and  theoretical  calculations. 
The  transistor  was  modeled  with  coupled  drift-diffusion  and  heat-flow  equations.  The  effect  of 
lattice  temperature  on  the  performance  of  the  device  was  taken  into  account  by  including  the 
thermoelectric  factor  in  current  density  equations  (1,2)  and  by  adding  the  heat-flow  equation  (3). 


(x,  y)  =  n{x,  y)q/j„E(x,  y)  +  qD,yn(x,  y)  -  qjJjiix,  y)E„  (x,  y)VT(x,  y) 
J,,  (x,  y)  =  p(x,  y)qfj  E{x,  y )  -  qD  Vpix,  y)  -  qp„  p(x,  y)P^,  ( j,  y)VT{x,  t) 


(1) 


(2) 


<2r(x,  y) 

c  \  =V(KVnx,y))  +  Hix,y) 

^  (3) 

where  T  is  the  lattice  temperature,  and  and  Pp  are  thermoelectric  power  coefficients  for 
electrons  and  holes,  respectively,  C  is  the  heat  capacitance  per  volume  (1.97  J/K  cm"^  [13]),  /ris 
the  thermal  conductivity  (1.3  W/cm  K  [14])  and  H  is  the  heat  generation  based  on  Joule  effect. 

The  models  used  in  the  simulation  are  based  on  those  from  Si  and  GaAs,  but  have  been 
modified  to  fit  the  available  data  for  GaN.  The  temperature  dependence  of  bandgap  energy: 
aT^ 

eAT)  =  e^(0)~— 

‘  (4) 

with  E^(0)=3.5  eV,  0^9.39x10'^  eV/K,  and  ()=112  K,  based  on  optical  absorption  measurements 
[15].  The  electron  (hole)  low-field  mobility  as  a  function  of  the  impurity  concentration  (A)  and 
temperature  T  is  given  by  [  1 2]; 

T 


//(iV,E)  =  /i, + 


s 


(5) 


where  ///,  p2,  P,  %  S  and  Ncrit  were  determined  by  fitting  the  values  available  from  the  literature 
for  both  electrons  and  holes  [2,16-19].  For  electrons:  /v/=15  cm^/Vs,  /y2=1800  cm^/Vs,  p=  -3.04, 


)r=  -2.55,  5==  0.66,  Ncrif=  8x10^^  cm'^.  For  holes:  jU]=0A4  cn^/Ws,  //2=880  cmWs,  yS=  -1.5,  y^, 
6=  0.67,  NcriF=^  5.5x10’“^  cm’^.  A  comparison  between  experimental  and  predicted  values  (from 
Monte  Carlo  simulation)  of  low  field  electron  mobility  versus  doping  level  and  the  model  used  in 
our  simulations  is  presented  in  Figure  2a.  Figure  2b  presents  a  similar  comparison  for  the 
electron  low  field  mobility  versus  temperature  [19].  In  our  simulations,  we  employ  a  channel 
doping  of  5xl0'^  cm"^.  The  low  field  electron  mobility  reported  for  such  a  doping  level  is  900 
cm^A^s  [5,20].  However  this  mobility  was  measured  laterally.  There  is  evidence  that  the  lateral 
mobility  is  reduced  due  to  the  scattering  by  charged  dislocations,  while  the  vertical  mobility  is 
significantly  higher  because  the  electrons  are  repelled  from  the  dislocation  lines  by  band  bending 
due  to  the  negative  charge  on  the  dislocations  [21].  In  our  device,  which  is  a  vertical  one,  we 
employ  a  room  temperature  electron  mobility  of  1050  cm^A^s,  which  we  believe  is  a  reasonable 


Figure  2.  Electron  mobility  (a)  versus  doping  level  at  r=300K  [2,  16-19],  and  (b)  versus 
temperature,  for  a  doping  level  of  3x10^^  cm'^  [19]. 


For  high  fields,  we  use  a  simple  model  for  mobility  versus  electric  field,  which  ignores 
the  overshoot  effect.  This  slightly  underestimates  the  current,  but  the  effect  is  minor  for  high 
power  devices  because  they  operate  at  high  fields.  In  high  electric  fields,  the  saturation  velocity 
is  weakly  dependent  on  temperature.  The  saturation  velocity  is  modeled  as  a  function  of 
temperature  by  an  empirical  relation  obtained  by  fitting  the  results  from  Monte  Carlo  simulation 
[18]: 

=  2.87  xlO"^  -  9.8x10^  x  T  (cm/s)  (6) 


We  assumed  that  optical  recombination  is  given  by: 


^opt  —  Copt  (np-fii ) 


(7) 


with  Copt  =3xl0  ’^cm^/s,  from  absorption  experimental  data  and  calculated  electron  energy  band 
dispersion  [15]. 

The  generation  rate  of  electron-hole  pairs  due  to  impact  ionization  is  modeled  according 
to  Selberherr  [22]: 


/7„/ 

G  =  a„  — +  a. 


All 
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(8) 


To  our  knowledge,  there  are  no  experimental  measurements  of  impact  ionization  rates  on  GaN. 
However,  calculations  of  impact  ionization  rates  using  ensemble  Monte  Carlo  simulation 
including  the  full  details  of  all  the  relevant  valence  bands,  based  on  pseudopotential  approach, 
have  been  published  recently  [23].  We  assume  that  the  impact  ionization  rates  («„  and  ap)  are 
dependent  on  the  electric  field  and  temperature  for  both  electrons  and  holes  according  to  the 
formula  [12,  22]: 


a(E,T)  ^  a- exp[-(--)^  ]  {1  +  A[(^)^  - 1] ) 
E  300 

The  critical  electric  field  also  depends  on  T: 


(9) 


300  (10) 

By  fitting  the  results  from  [23],  the  parameters  were  found  to  be:  for  electrons  (cr'^=  4.55  x  10^ 
cm-',  £/'■"=!. 19x]0V/cm,  /?=1),  for  holes  (a"  =  1.48  x  lO""  cm  ',  £o""=8.95xlO^  V/cm,  yft=l). 
Since  there  are  no  available  results  for  T  dependence  of  «,  we  use  the  values  for  silicon  for  both 
electrons  and  holes  (A=0.588,  5=0.248,  M=i  [12]). 


Device  optimization 


In  order  to  optimize  the  SIT  structure  for  operation  at  high  power,  high  temperature  and 
high  frequency,  DC,  small  signal  and  large  signal  analysis  have  been  performed.  Due  to 
symmetry,  we  need  to  simulate  only  one  unit  cell  of  the  transistor  (Figure  1).  In  order  to 
maximize  the  breakdown  voltage  as  well  as  carrier  mobility  we  want  low  doping  in  the  channel, 
and  5xl0'^  cm'^  was  chosen  as  a  value  that  is  achievable  with  current  technology.  As  the 
distance  between  source  and  gate  (dsc)  decreases,  the  voltage  gain  //  as  well  as  transconductance, 
gm  increases.  The  value  of  dsc  is  limited  by  the  need  to  avoid  the  source  to  gate  punch-through, 
when  the  depletion  region  from  gate  extends  to  that  from  the  source.  A  large  distance  between 
gate  and  drain  (dco)  is  desirable  in  order  to  have  a  large  breakdown  voltage.  However  as  den 
increases  the  series  resistance  also  increases  and  this  limits  the  frequency  and  current  response  of 
the  device.  The  half-width  of  the  source  finger  (W5)  determines  the  blocking  voltage  of  the 
transistor,  so  it  controls  the  voltage  swing  in  power  measurements.  By  balancing  the  above 
considerations  we  obtained  the  following  values:  the  channel  is  3  pm  thick  with  a  doping 
concentration  of  5xl0'^  cm'^;  the  n+  layers  are  0.2  pm  thick  and  have  a  doping  concentration  of 
1x1 0'^  cm’^.  The  top  of  the  device  is  modified  in  a  comb  configuration  having  the  following 
dimensions:  source  half-width  ^5=0.5  pm,  gate  half-width  Wg=\ .5  pm,  gate  height  /ig=0.2  pm, 
dsG  =0.6  pm,  dcD  =2.4  pm. 


RESULTS 


Our  simulations  indicate  that  the  performance  of  the  device  is  very  sensitive  to  the 
thermal  boundary  conditions,  as  self-heating  effects  limit  the  voltage  swing.  In  order  to  increase 
the  power  output  we  have  assumed  that  the  device  is  build  on  a  SiC  substrate.  According  to 
Binary  [5]  the  SiC  substrate  allows  about  a  4x  increase  in  power  density  due  to  the  higher 
thermal  conductivity  of  SiC  compared  to  GaN  or  sapphire.  For  the  same  purpose,  a  layer  of 
diamond  paste  is  assumed  to  be  present  on  the  top  of  the  device.  We  have  calculated  the 
equivalent  thermal  impedance  of  the  SiC  substrate  and  diamond  layer,  assuming  that  the  length 
and  height  of  the  SIT  is  much  smaller  than  the  thickness  and  length  of  the  SiC  and  diamond 
layers  [12,24].  For  one  finger  of  the  device,  the  calculations  lead  to  a  thermal  impedance  of  3300 


W/cm^  K  for  drain  contact,  12000W/cm^  K  for  source  contact  and  4050  W/cm^  K  for  gate 
contact.  Simulated  drain  I-V  characteristics  with  the  gate  voltages  varying  from  OV  to  -12V  are 
shown  in  Figure  3  a.  We  notice  that  the  breakdown  voltage  varies  with  the  gate  bias  from  about 
50V  at  OV  gate  bias  to  320V  at  -12V  gate  bias.  The  simulations  indicate  that  the  breakdown  is 
due  to  self-heating  effects.  Our  results  show  that  the  performance  of  the  device  is  not 
significantly  affected  by  thermal  generation  as  long  as  the  maximum  temperature  in  the  device 
does  not  exceed  TOOK.  The  gains  obtained  by  small  signal  ac  simulations  for  a  drain  bias  of 
Vd=100V  and  a  gate  bias  of  Vg=-6V  are  plotted  as  a  function  of  frequency  in  Figure  3b.  The  cut 
off  frequency  is  fT=24.8  GHz  and  the  maximum  frequency  of  oscillations  is  fmax=75.2  GHz. 


Figure  3.  Transistor  characteristics:  (a)  drain  I-V  characteristics,  and  (b)  gain  versus  frequency. 
The  cut-off  frequency  is  fT=24.8  GHz  and  maximum  frequency  of  oscillations  fmax=76.5  GHz. 


Large  signal  analysis  was  performed  under  class  B,  in  order  to  obtain  the  output  power 
and  power  added  efficiency  (PAE).  In  Figure  4  we  present  the  output  power  and  PAE  as 
functions  of  frequency,  with  a  DC  drain  bias  of  Vdd=180V,  load  resistance  of  7.2x10^  ohm  and  a 
gate  bias  voltage  swing  between  0  and  -12  V.  Under  these  conditions,  the  output  power  varies 
from  10.75  W/mm  to  1.95  W/mm  and  PAE  varies  from  73.8  %  to  9.1  %  as  we  increase  the 
operation  frequency  from  2  GHz  to  40  GHz.  The  maximum  theoretical  PAE  for  operation  under 
class  B  is  78.5  %  [4],  Note  that  operation  under  class  B  requires  two  transistors  and  gate 
periphery  of  both  transistors  is  included  in  output  power  calculations. 

CONCLUSIONS 

In  conclusion,  we  modeled  a  static  induction  transistor  based  on  GaN  films.  Our  results 
show  that  with  a  SiC  substrate  and  top  side  diamond  paste  as  thermal  sinks,  the  output  power  can 
be  as  high  as  10.75  W/mm  at  2  GHz  operating  frequency,  with  a  PAE  of  73.8  %.  The  cut-off 
frequency  was  found  to  be  24.8  GHz  and  the  maximum  frequency  of  oscillations  was  75.2  GHz. 
These  results  demonstrate  the  excellent  potential  of  GaN  based  static  induction  transistors  for 
high  power,  high  temperature  and  high  frequency  operation. 

This  work  was  supported  in  part  by  ONR  through  a  subcontract  by  Raytheon. 
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Figure  4.  Output  power  and  power  added  efficiency  (PAE)  versus  frequency. 
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ABSTRACT 

We  report  both  the  device  fabrication  and  characterization  of  InGaN/GaN  single 
quantum  well  LEDs  grown  on  sapphire  substrates  using  multi-wafer  MOVPE  reactor.  To 
improve  current  spreading  of  the  LEDs,  a  self-aligned  process  is  developed  to  define  LED 
mesa  that  is  coated  with  a  thin,  semi-transparent  Ni/Au  (40  A/40  A)  layer,  A  detailed  study  on 
the  ohmic  contact  resistance  of  Ni/Cr/Au  on  p-GaN  versus  annealing  temperatures  is  carried 
out  on  transmission  line  test  structures.  It  was  found  that  the  annealing  temperatures  between 
300  to  500  °C  yield  the  lowest  specific  contact  resistance  rc  (  0.016  O-cm^  at  a  current  density 
of  66.7  mA/cm).  Based  on  the  extracted  rc  from  the  transmission  line  measurement,  we 
estimate  that  the  contact  resistance  of  the  p-type  GaN  accounts  for  ~  88%  of  the  total  series 
resistance  of  the  LED. 

INTRODUCTION 

The  III-V  nitride  semiconductor  materials  system  has  become  increasingly  popular 
among  the  applications  of  UV/blue  light  emitting  diodes  (LEDs),  laser  diodes  (LDs)  and  high- 
temperature  electronic  devices  due  to  its  large  direct  bandgap  energy  (3.4  eV  for  GaN  at  room 
temperature).  Even  though  the  potentials  of  III-V  nitrides  were  well  known  for  more  than  three 
decade,  it  was  only  until  1992  with  the  realization  of  Mg  doped  p-GaN  film  after  the  thermal 
annealing  [1]  could  the  realization  of  high  brightness  blue/green  InGaN/GaN  quantum  well(s) 
LED  [2]  and  the  recent  demonstrations  of  long-lifetime  pulsed  and  CW  blue  LDs  [3]  be 
achieved.  Despite  the  commercialization  of  LEDs,  the  low  p-type  doping  concentration  (and 
hence  high  p-type  resistivity)  in  GaN  still  limits  the  device  performance  in  two  ways:  first  it 
reduces  the  current  spreading  in  the  LED.  This  causes  most  of  the  light  to  emit  in  the  active 
region  directly  underneath  the  p-type  contact,  and  is  therefore  blocked  by  the  p  contact. 
Secondly,  low  p-type  doping  results  in  a  rather  high  and  non-linear  contact  resistance.  While 
the  current  spreading  problem  has  been  effectively  resolved  by  depositing  a  thin  semi¬ 
transparent  metal  layer  on  top  of  the  p-GaN  cap  layer,  high  contact  resistance  is  still  a  problem 
to  be  tackled.  In  the  present  work,  we  report  the  successful  growth  of  single  quantum  well 
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InGaN/GaN  LEDs  on  multi-wafer  MOVPE  reactor  with  high  thickness  uniformity  and  the 
development  of  a  self-aligned  LED  fabrication  process  that  incorporates  a  thin  current 
spreading  layer.  We  also  present  detailed  studies  on  the  variation  of  contact  resistance  of 
Ni/Cr/Au  on  /7-doped  GaN  layer  versus  annealing  temperature. 

EXPERIMENT 

The  InGaN/GaN  LED  samples  were  first  grown  on  the  Aixtron  production  model 
multi-wafer  MOVPE  reactor.  The  structures  consist  of  1.5  pm  «-GaN  layer,  a  thin  InGaN 
quantum  well  (4-8  nm),  and  a  0.5  pm  p-GaN  cap  layer,  all  grown  on  2-inch  (0001)  sapphire 
substrates.  The  growth  uses  standard  precursors  including  TMGa  and  TMIn  for  Group  III  and 
NH3  for  Group  V  elements,  and  silane  and  MgCp2  are  used  for  n-type  and  p-type  dopant 
sources,  respectively.  The  un-intentionally  doped  GaN  is  /?-type  with  carrier  concentration  ~  1- 
3xl0'^/cm^  The  p-type  GaN  with  hole  concentration  of  ~5xlO'Vcm'^  are  routinely  achieved 
after  post-growth  annealing.  The  thickness  uniformity  across  the  diameter  of  a  2-inch  wafer 
was  evaluated  using  spectral  reflectometry  measurement  in  the  range  of  670  to  1100  nm. 

Self-Aligned 


Fig.  1(a)  The  schematics  of  self-aligned  Fig.  1(b)  SEM  of  a  typical  LED 

InGaN/GaN  LED  structure.  Note  that  a  thin  structure  with  a  magnified  view  of  the 

Ni/Au  layer  is  deposited  on  top  of  the  LED  edges  of  mesa  after  RIE  etching, 

mesa  to  improve  the  current  spreading. 

The  process  flow  for  fabricating  a  LED  with  a  structure  shown  in  Fig.  1(a),  is  described 
as  follows.  First,  a  thin  current  .spreading  layer  consists  of  Ni/Au  (40  A/40  A)  was  deposited  on 
the  entire  wafer  using  electron  beam  evaporation.  The  estimated  optical  absorption  due  to  the 
current  spreading  layer  is  ~  38%  [4].  The  sample  is  thermally  annealed  at  500"C  under  N2 
ambient  for  100  seconds.  The  LED  mesa  is  then  defined  by  a  photoresist  pattern.  This  is 
followed  by  ion  milling  to  remove  all  except  the  current  spreading  layer,  and  Reactive  Ion 
Etching  (RIE)  in  a  mixture  of  CI2  and  BCI3  to  remove  the  GaN  all  the  way  to  the  n-layer.  In 
this  way,  the  current  spreading  layer  and  the  mesa  are  formed  in  a  self-aligned  way.  Figure 
1(b)  shows  the  SEM  micrographs  of  the  RIE  etched  surface  around  the  LED  mesa.  Both  the 


bottom  and  lateral  surfaces  of  the  etched  mesa  appear  to  be  very  smooth.  Finally,  Ni/Cr/Au 
(150  A/150  A/1200  A)  were  e-beam  evaporated  to  form  both  n  and  p-type  contact  pads.  LEDs 
without  current  spreading  layer  are  also  fabricated  for  comparison.  By  varying  the  In 
composition  and  the  thickness  of  the  InGaN  quantum  well,  LED  emission  from  420  to  490  nm 
were  obtained. 

To  investigate  the  contact  resistance  to  p-type  GaN,  a  rectangular  shaped,  mesa  isolated 
transmission  line  (TL)  structure  was  fabricated.  The  width  of  the  TL  pattern  is  300  |j,m  while 
the  spacing  between  adjacent  Ni/Cr/Au  contacts  are  varied  from  5  to  50  jam  at  increments  of  5 
jim.  The  TL  pattern  is  defined  using  RIE  etching  similar  to  the  LED  mesa  etching.  The  wafer 
was  then  diced  into  several  pieces  each  containing  4  TL  patterns  and  was  subsequently 
annealed  at  temperatures  from  300T  to  600T  for  100  seconds.  The  TL  structures  are 
measured  at  constant  current  and  the  specific  contact  resistance  re’s  were  extracted  using 
standard  technique  [5].  These  experimental  results  will  be  discussed  in  the  next  section. 

RESULTS  AND  DISCUSSIONS 

Figure  2  shows  a  typical  reflectance  spectrum  and  the  thickness  nonuniformity  across 
the  diameter  of  a  2-inch  LED  sample.  The  thickness  of  n-GaN  layer  for  this  particular  LED 
sample  is  ~  3  p,m.  The  epilayer  thickness,  d  is  calculated  from  d  =  [A,^/(2nAA,)],  where  AX  is  the 
wavelength  separation  between  successive  reflectance  peak,  and  n  is  the  refractive  index  of  the 
GaN  epilayer.  The  thickness  shown  in  Fig.  2  are  averaged  using  AX  from  5  successive 
reflectance  peaks.  Thickness  nonuniformity  of  less  than  <  1%  is  observed  across  the  entire  2- 
inch  wafer.  The  uniformity  result  we  obtained  on  a  typical  LED  device  layer  agrees  reasonably 
well  with  Aixtron’s  own  evaluation  on  2-inch  single-layer  GaN  wafer  [6].  Figure  3(a)  shows 
the  current  vs.  voltage  of  the  same  LED  wafer  with  and  without  the  addition  of  the  current 
spreading  layer.  It  can  be  seen  that  the  incorporation  of  current  spreading  layer  has  drastically 
reduced  the  spreading  series  resistance  of  the  LED,  which  is  caused  by  the  high  resistive  p- 
GaN  cap  layer.  With  the  current  spreading  layer,  the  operating  voltage  of  the  LED  at  20  mA  is 
reduced  to  W  or  below.  The  use  of  self-alignment  process  for  forming  both  the  mesa  and 


Fig.  2  Thickness  uniformity  across  the  diameter  of  a  2-inch  LED  wafer.  A  typical  reflectance 
spectrum  is  also  shown  here. 


current  spreading  layer  ensures  maximum  current  spreading  of  a  LED.  Microscope  observation 
shows  that  uniform  emission  from  the  entire  LED  mesa  except  the  p-contact  pad  is  achieved. 
The  measured  series  resistance  of  9.19x10"^  pm^  LED  is  ~26  Q.  Figure  3(b)  shows  the 
emission  spectrum  of  a  typical  LED  we  fabricated.  For  this  particular  device,  the  emission 
peak  is  ~  490  nm  and  the  FWHM  is  ~  50  nm. 

Owing  to  the  low  carrier  concentration  of  the  />-type  GaN  and  the  relative  large  barrier 
height  between  the  metal  and  p-GaN,  the  I-V  characteristics  of  the  TL  are  non-linear.  That  is, 
the  contact  resistance  depends  on  the  measurement  current.  Figure  4  shows  a  typical  resistance 
vs.  contact  separation  at  two  current  levels.  Figure  5  shows  the  extracted  for  Ni/Cr/Au 
system  at  different  measurement  currents  for  samples  annealed  at  different  temperatures.  In  all 
cases,  the  value  of  r,.  decreases  monotonically  with  increasing  current  density  (current/unit 
length)  in  the  TL  pattern  and  then  approaches  a  saturation  value.  The  specific  contact  resistance, 
rc  is  seen  to  decrease  monotonically  with  increasing  current.  The  optimal  annealing  temperature 
is  observed  to  be  300-500'^C.  Further  increase  in  the  annealing  temperature  at  600"C  and  above 
results  in  an  increase  of  r,..  This  phenomenon  is  likely  caused  by  the  formation  of  nitrogen 
vacancy  that  occurs  when  samples  are  subjected  to  high  temperature  treatments.  The  nitrogen 
vacancy  in  turn  compensates  the  acceptor  dopants  at  the  metalZ/^-GaN  interface.  Several  groups 
have  already  reported  similar  findings  on  these  issues  [7,8,9].  In  addition,  the  presence  of  the 
high  resistive  Ni.iN  and  NpN  phases  at  the  metal-semiconductor  interface  at  the  annealing 
temperature  greater  than  500  ”C  can  also  result  in  higher  contact  resistance  [10].  The  r^- 
measurement  results  are  summarized  in  Table  I.  The  lowest  we  obtained  is  about  0.016 
Q-cm^  (the  resistivity  of  the  TL  sample  extracted  is  on  the  average  of  4.05  ±0.15  D-cm).  The 
values  Vc  we  obtained  are  similar  to  previously  reported  data  on  Ni/p-GaN  system  [1 1,12].  The 
lowering  of  Vc  due  to  thermal  annealing  below  600  ”C  is  not  clear  at  this  stage.  Earlier  studies 
had  suggested  that  thermal  annealing  of  Ni//;-GaN  helps  to  removes  the  contaminants  at  the 


Fig  3  (a)  The  I-V  of  the  LED  with  and  without  the  current  spreading  layer;  and  (b)  the  emission 
spectrum  of  the  LED. 


interface  resulting  in  lowering  of  rc  [12].  Recent  results  on  the  lowering  of  by  aqua  regia 
etching  of  p-GaN  has  strongly  suggested  that  surface  oxide  plays  a  paramount  role  on  the 
specific  contact  resistance  to  p-type  GaN  [13]. 

From  the  LED  I-V,  the  extracted  series  resistance  is  26  Q  measured  between  40  to  80 
mA.  The  current  density  of  the  LED  operating  at  60  mA  corresponds  to  an  average  current 
density  of  ~  31.3  mA/cm  for  the  TL  measurement.  From  Fig.  5,  the  corresponding  extracted 
from  the  TL  measurement  is  0.021  Q-cm^.  The  estimated  contact  resistance  of  the  LED  is 
therefore  ~  22.9  Q.  Based  on  this  estimate,  over  88  %  of  the  series  resistance  of  the  LED 
originates  from  the  p-GaN  contact  resistance. 
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Fig.  5  The  extracted  measured  at  different 
current  levels  and  annealing  temperatures.  The 
width  of  the  rectangular  TL  pattern  is  300  pm. 
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Fig.  4  The  measured  resistance  versus 
spacing  of  the  TL  test  pattern  at  two  different 
measurement  currents. 
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Table  I  The  extracted  average  rc  and  the  corresponding  standard  deviations  from  the  TL  test  pattern  at 
different  current  levels  for  samples  under  different  annealing  temperatures. 


CONCLUSION 


We  report  highly  uniform  growth  (thickness  nonuniformity  <  1%)  of  InGaN/GaN  LED 
on  2-inch  sapphire  substrate  using  a  multi-wafer  MOVPE  reactor.  A  self-aligned  LED 
fabrication  process  is  developed  to  incorporate  a  thin  Ni/Au  metal  for  improved  current 
spreading  of  the  LED  device.  It  is  also  found  that  the  annealing  temperatures  between  300-500 
”C  significantly  reduce  the  contact  resistance  of  as-deposited  Ni/Cr/Au  metals  on  p-type  GaN. 
Specific  contact  resistance  in  the  range  of  0.016  to  0.021  Q-cm^  is  achieved  at  annealing 
temperatures  between  300”C  to  500”C. 
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Abstract 


We  have  studied  crystal  structure  and  associated  defects  in  GaN  films  grown  on  sapphire  under 
nitrogen-deficient  conditions  by  metalorganic  chemical  vapor  deposition  (MOCVD)  and  pulsed 
laser  deposition  (PLD).  The  structural  quality  of  the  PLD  films  grown  at  750  °C  was  comparable 
with  those  grown  by  MOCVD  at  1050  ®C  having  threading  dislocations  density  of  about  10*® 
cm'^  at  a  film  thickness  150-200  nm.  Microstructure  of  the  PLD  films  grown  at  temperatures 
above  780®C  was  found  to  be  similar  to  that  of  nitrogen-deficient  MOCVD  films  indicating  the 
loss  of  nitrogen  due  to  thermal  decomposition  of  the  nitride  layers.  Nitrogen-deficient  MOCVD 
and  PLD  films  exhibit  polycrystalline  structure  with  a  mixture  of  cubic  zinc-blende  and  wurtzite 
hexagonal  GaN  grains  retaining  tetragonal  bonding  across  the  boundaries  and  hence  the  epitaxial 
orientations  and  polarity.  Renucleation  of  the  wurtzite  phase  at  different  {111}  planes  of  cubic 
GaN  results  in  a  rough  and  faceted  surface  of  the  film.  Most  of  the  stoichiometric  films  displayed 
(0001)  Ga-face  polarity,  but  the  renucleated  inclined  wurtzite  grains  grew  in  the  opposite  N-face 
polarity.  The  major  defects  related  to  the  cubic  structural  metastability  are  stacking  faults  and 
microtwins  which  being  nuclei  of  the  metastable  cubic  phase  have  an  extremely  low  energy.  We 
elucidate  that  the  cubic  phase  is  more  stable  under  the  nitrogen  deficiency  and,  therefore,  can 
exist  without  decomposition  at  higher  nitrogen  vacancy  concentrations  in  the  material. 

Introduction 


The  influence  of  critical  growth  parameters  such  as  V/III  ratio  and  substrate  temperature 
on  the  surface  morphology,  electrical  and  optical  properties  of  GaN  films  has  been  studied 
extensively  [1-6].  In  many  cases,  however,  the  obtained  results  are  specific  for  particular  growth 
methods  and  do  not  provide  the  insight  into  general  tendencies  of  the  growth  process.  Therefore, 
it  is  important  to  compare  the  major  characteristics  of  the  films  grown  by  different  processing 
methods.  In  this  paper,  we  will  show  the  influence  of  nitrogen  deficiency  on  the  microstructure 
and  typical  defects  in  the  films  grown  by  atmospheric  pressure  metalorganic  chemical  vapor 
deposition  (MOCVD)  and  pulsed  laser  deposition  (PLD)  techniques.  Compared  to  MOCVD  and 
MBE  methods,  the  PLD  is  highly  nonequilibrium  method.  It  is  known  to  dehver  more  energetic 
(10-100  times  higher  than  MBE)  species  to  the  substrate.  The  stoichiometry  of  the  deposited 
films  is  one  of  the  important  advantages  of  the  PLD.  Due  to  congruent  ablation  of  the  target  and 
close  proximity  of  the  substrate,  the  PLD  transfers  the  composition  of  the  target  to  the  substrate 
almost  without  change  of  the  stoichiometry.  In  the  case  of  PLD  of  group  Ill-nitrides,  the 
stoichiometry  is  affected  by  two  major  factors:  firstly,  a  very  big  difference  in  partial  pressures 
of  the  components;  atomic  nitrogen  and  metal,  and  secondly,  formation  of  stable  nitrogen 
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molecules  which  reduces  atomic  nitrogen  concentration.  Therefore,  special  efforts  should  be 
made  to  increase  nitrogen  incorporation  into  the  growing  layer.  In  the  conventional  processing 
methods  for  III-N  growth,  MOCVD  and  MBE,  the  special  means  for  atomic  nitrogen  generation 
are  utilized,  such  as  high-temperature  pyrolisis  of  ammonia  in  MOCVD,  or  plasma  nitrogen 
sources  in  MBE.  In  the  case  of  laser  ablation,  it  is  in  principle  possible  to  transfer  the 
composition  from  the  stoichiometric  target  to  the  substrate.  In  general,  raising  the  growth 
temperature  is  effective  in  improving  the  crystallinity  and  purity  of  epitaxial  films  unless  it 
causes  thermal  decomposition  of  the  crystal,  which  occur  in  GaN  above  600  ®C.  Therefore,  it  is 
important  to  determine  the  growth  temperature  range  in  which  thermal  decomposition  does  not 
limit  the  properties  of  the  nitrides.  In  this  letter,  we  will  focus  on  structural  properties  of  GaN 
films  grown  by  MOCVD  and  PLD  under  nitrogen-deficient  conditions. 

Experimental  Details 

To  study  the  influence  of  the  stoichiometry  on  the  film  microstructure  we  used  GaN  films 
grown  by  MOCVD  or  pulsed  laser  deposition  (PLD).  These  methods  have  very  different 
thermodynamic  and  kinetic  parameters,  and,  therefore,  comparison  of  the  results  is  crucial  for 
both  studying  growth-property  correlations  as  well  as  understanding  the  mechanisms  of  defect 
formation  under  nonstoichiometric  conditions.  Atmospheric  pressure  vertical  MOCVD  reactor 
with  a  mixture  of  trimethylgallium,  ammonia  and  nitrogen  as  a  carrier  gas  was  used  to  grow  GaN 
films  on  a-A^Oj  (0001)  substrates.  The  details  of  growth  can  be  found  elsewhere  [7].  The 
growth  process  included  nitridation,  growth  of  a  low-temperature  AIN  buffer  layers  and  GaN 
films.  The  latter  films  were  deposited  at  950  V  with  an  average  V/III  mole  ratio  of  1000.  We 
have  also  employed  PLD  to  grow  GaN  on  a-AEOa  (0001).  We  u.sed  KrF  excimer  laser 
(wavelength  -  248  nm,  pulse  frequency  -  10-15  Hz,  pulse  duration  20  ns)  to  ablate  a 
stoichiometric  hot-pressed  target.  Target-substrate  distance  of  4.5  cm,  energy  density  of  3-4 
J/cm^  were  used  to  prepare  150-250  nm  -  thick  films.  The  films  were  deposited  at  a  substrate 
temperature  of  720-800  ®C  in  a  vacuum  chamber  with  a  base  pressure  of  5x10^  Ton*  on  solvent 
cleaned  substrates.  The  details  of  the  target  and  substrate  preparation,  their  characteristics  and 
parameters  of  PLD  are  summarized  elsewhere  [8].  It  should  be  emphasized  that  the  PLD  GaN 
films  are  much  thinner  (<0.3  pm)  than  MOCVD  films  (>0.5  pm)..  The  characterization  of 
defects  and  interfaces  in  the  films  was  carried  out  using  transmission  electron  microscopy 
(TEM).  A  200  keV  Topcon  002B  microscope  with  a  point-to-point  resolution  of  1.8  A  was  used 
for  this  study.  The  cross-sectional  TEM  samples  were  prepared  by  mechanical  polishing 
followed  by  dimpling  to  a  thickness  of  approximately  15-25  pm  with  final  thinning  using  Ar-ion 
milling  at  5  kV.  Convergent  beam  electron  diffraction  (CBED)  patterns  were  obtained  using  a 
focused  probe  of  10-15  nm  with  a  convergence  semiangle  of  2  mrad. 

Results 


Fig.  1  shows  cross-sectional  micrographs  of  two  GaN  samples  grown  by  MOCVD  in  the 
same  run  at  the  same  substrate  temperature  of  950  ”C.  The  sample  shown  in  the  Fig.  1(a)  was 
placed  close  to  the  metalorganic  jet  in  the  MOCVD  reactor  and  consequently  was  grown  under 
ammonia-  (or  nitrogen-)  deficient  conditions.  The  film  in  the  Fig.  1(b)  was  placed  away  from  the 
metalorganic  stream  and  grown  under  group  Ill-deficient  conditions.  The  film  (b)  was  thinner 
than  the  film  (a)  indicating  that  the  film  (b)  was  also  grown  far  from  stoichiometric  surface 
conditions,  but  in  N-rich  conditions.  We  have  estimated  the  effective  mole  ratio  of  the 
components  using  growth  rate  vs.  ratio  calibration  curves.  The  films  in  Figs.  1(a)  and  1(b)  have 
been  grown  at  the  V/III  molar  ratios  of  approximately  2000  and  500,  respectively.  The  film 


Fig.  1.  TEM  cross-sectional  micrographs  of  the  Fig.  2.  TEM  cross-sectional  micrographs 
MOCVD-grown  GaN  at  Ga-rich  (a)  and  N-rich  of  the  PLD-grown  GaN  films  at  750  °C 
(b)  conditions.  (a)  and  780  °C  (b). 

grown  under  N-rich  conditions  has  mirror-like  surface  and  is  very  uniform,  showing  only  tiny 
(~10  nm)  pits  at  the  dislocations  and/or  inversion  domain  boundaries,  unlike  the  N-deficient  film 
which  looks  hazy.  The  TEM  image  of  this  N-deficient  film  shows  a  very  rough  faceted  surface 
with  a  hill-to- valley  roughness  of  about  150  nm.  This  layer  contains  also  misoriented  grain  and 
large  pores  between  the  grains. 

Fig.  2  presents  the  images  of  GaN  films  grown  by  PLD.  The  major  difference  of  these 
two  films  is  the  deposition  temperature.  The  film  in  The  Fig.  2(a)  was  grown  at  780°C  while  the 
one  in  The  Fig.2(b)  was  grown  at  750  °C.  The  film  (a)  exhibits  very  rough  faceted  surface  with 
misoriented  grains  similar  to  the  morphology  presented  in  the  Fig.  1(a).  Note  that  the  PLD  films 
in  the  Fig.  2  are  thinner  than  MOCVD  films  shown  in  the  Fig.  1 .  The  structural  quality  of  the 
PLD  film  grown  at  750  (Fig.  2b)  is  comparable  to  those  grown  by  MOCVD  in  the 
temperature  range  950-1050  ®C.  The  PLD  film  at  lower  temperature  (Fig.  2(b))  displays  a  typical 
columnar  structure  consisting  of  slightly  misoriented  subgrains  bounded  by  threading 
dislocations  with  a  density  of  about  2T0^^  cm'^  at  a  film  thickness  150-200  nm  as  measured  from 
plan- view  TEM  micrographs  [9].  The  threading  dislocation  density  decreases  with  the  thickness 
of  the  film,  and  it  is  quite  close  (factor  3-5  higher)  to  that  for  high-quality  GaN  films  with  a 
similar  thickness.  We  show  in  the  following  that  the  PLD  films  grown  at  higher  temperature  are 
likely  to  be  nitrogen-deficient. 

The  micrographs  in  Figs.  3(a)  and  3(b)  show  the  higher  magnification  cross-sectional 
images  of  GaN  films  grown  by  MOCVD  with  deficient  ammonia  flow  and  by  PLD  at  780^  C, 
respectively.  The  major  microstructural  feature  of  the  both  films  is  the  mixture  of  the  wurtzite 
(hexagonal)  and  zinc-blende  (cubic)  phases.  The  presence  of  the  grains  of  the  cubic  phase  in  the 
films  is  illustrated  by  selected  area  electron  diffraction  in  the  right  inset  of  the  Fig.  3(a) 
(MOCVD  film),  and  the  convergent  beam  electron  diffraction  (CBED)  in  the  inset  of  the  Fig. 
3(b)  (thin  PLD  film).  The  cubic  structure  has  four  equivalent  families  of  close-packed  {111} 


Fig.3.  TEM  images  in  [112  0] 
projection  of  the  GaN  films:  (a)  N- 
deficient  MOCVD  showing  both 
wurtzite  (W)  and  zinc-blende  (ZB) 
grains;  the  insets:  ED  patterns  from 
a  wurtzite  grain  oriented  with  c- 
axis  normal  to  the  surface  (not 
shown  in  the  image),  from  misori- 
ented  "W"-grain,  and  "ZB "-grain; 
(b)  grown  by  PLD  at 
showing  the  mixture  of  wurtzite 
and  zinc-blende  GaN  phases;  the 
inset:  micro-diffraction  pattern  of  a 
small  GaN  grain  with  cubic 
symmetry  in  a  (1 10)  zone. 


planes  while  the  hexagonal  structure  has  a  single  (0001) 
close-packed  plane  orientation.  Two  possible  cubic 
orientations  can  nucleate  on  the  (0001)  hexagonal 
surface  if  the  tetrahedral  bonding  is  preserved  across  the 
interface.  These  orientations  are  schematically  shown  in 
Figs.  4(a)  and  (b).  The  tetrahedron  of  {111}  planes  is 
highlighted  by  the  dashed  lines  for  each  orientation. 
Consequently,  there  are  seven  different  orientations  of 
the  close-packed  planes  (one  plane  is  common  for  both 
tetrahedra)  in  the  cubic  grains  grown  epitaxially  on 
wurtzite  structure.  The  growth  of  cubic  zinc-blende 
phase  can  be  stabilized  during  growth  and  large  grains 
can  be  formed  such  as  indicated  by  "ZB”  in  the  Fig. 
3(a).  Otherwise,  the  wurtzite  phase  can  renucleate  with 
the  basal  plane  parallel  to  on  one  of  the  seven  {111} 
faces  of  the  cubic  grains  with  the  crystallographic 
relationships  (0001)//{  111],  and  <1 1  20>//<l  T 0>. 
Indeed,  as  clearly  seen  in  the  Figs.  3(a)  and  (b),  the 
resultant  microstructure  of  the  film  exhibits  grains  of 
cubic  phase  and  large  wurtzite  grains  misoriented  by 
approximately  70”  corresponding  to  the  angle  between 
{111}  planes  (70.5°)  of  the  cubic  structure.  Due  to 


Fig.  4.  Two  possible  orientations  of  zinc-blende 
cubic  phase  that  can  nucleate  on  the  (0001) 
hexagonal  wurtzite  surface. 


growth  of  these  grains  in  different  directions,  the  resulting  film  surface  is  very  rough  and  faceted. 
The  films,  therefore,  are  polycry. stall ine  but  contain  certain  orientations  of  the  phases.  In 
addition,  as  deduced  from  the  CBED  patterns  (Fig.3(a)-insets),  the  wurzite  grains  have  different 
polarity  depending  on  orientation  (see  below),  that  also  provides  the  evidence  for  the  epitaxial 
origin  of  wurtzite/zinc-blende  interfaces. 


Disscusion 


The  formation  of  the  metastable  zinc-blende  GaN  phase  is  most  likely  due  to  non¬ 
stoichiometry  of  the  growth  conditions.  They  result  from  the  loss  of  nitrogen  at  a  higher 
temperature  in  the  PLD  film  or  from  nitrogen-deficient  conditions  in  the  MOCVD  film.  We 
envision  that  the  cubic  phase  is  more  stable  under  the  nitrogen  deficiency  and,  therefore,  can 


exist  without  decomposition  at  much  higher  nitrogen  vacancy  concentrations  in  the  material.  It  is 
worth  comparing  these  results  with  the  common  procedures  of  cubic  GaN  growth.  A  well- 
established  way  to  form  the  zinc-blende  GaN  is  the  growth  on  a  substrate  with  cubic  symmetry 
such  as  GaAs(OOl)  [3-6].  The  crystal  structure  of  the  GaN  grown  on  GaAs  can  be  controlled  by 
changing  V/III  ratio  in  plasma-assisted  MBE  [4]  or  in  low-pressure  RF-plasma  assisted  MOCVD 
[5]  techniques.  The  cubic  GaN  was  formed  under  N-deficient  conditions,  and  the  hexagonal  GaN 
was  primarily  grown  under  N-rich  conditions.  It  was  also  shown  [6]  that  the  crystalline  and 
optical  quality  of  zinc-blende  GaN  film  grown  by  conventional  low-pressure  MOCVD  improved 
at  low  V/III  ratios.  These  results  also  correlate  with  the  enhanced  stability  of  the  cubic  phase  at 
lower  V/III  ratios. 

The  major  defects  related  to  the  cubic  structural  metastability  are  stacking  faults  and 
microtwins  which  can  be  seen  in  the  N-deficient  films  in  the  Figs.  1  through  3.  These  planar 
defects  lie  in  the  close-packed  (0001)  hexagonal  and  {111}  cubic  planes,  and  being  nuclei  of  the 
metastable  cubic  phase  these  faults  have  an  extremely  low  energy.  A  similar  crystal  structure  of 
the  GaN  films  was  reported  in  a  detailed  study  of  the  microstructure  of  the  nucleation  layer 
grown  by  MOCVD  at  600  °C  [10].  As-grown  20  nm  thick  layers  exhibited  cubic  nature 
predominantly,  and  were  converted  into  hexagonal  upon  exposure  to  1080  °C  annealing  under 
ammonia  flow.  Formation  of  the  cubic  GaN  at  low  temperature  can  also  be  the  result  of  the 
nitrogen  deficiency  because  of  insufficient  pyrolisis  of  ammonia  at  low  substrate  temperatures. 
However,  another  effect  of  low  temperature  growth,  namely  the  increase  of  stacking  disorder  due 
to  slower  adatom  mobility,  cannot  be  ruled  out.  In  any  case,  nonstoichiometric  nitrogen-deficient 
surface  promotes  the  shift  of  the  equilibrium  towards  the  cubic  phase  and  (even  if  it  is  not  the 
primary  factor)  stabilizes  the  growth  of  the  cubic  GaN. 

As  can  be  clearly  seen  from  the  Fig.  4,  the  hexagonal  grains  with  c-axis  normal  to  the 
substrate  surface  and  those  with  the  inclined  c-axis  would  have  opposite  face  polarity,  if  the 
latter  grains  are  nucleated  on  the  cubic  phase  faces  and  the  polarity  is  preserved  across  the  phase 
interface.  We  have  used  CBED  to  determine  the  polarity  of  the  grains  [11].  Due  to  dynamic 
electron  beam  scattering  by  the  non-centro symmetric  specimen,  the  CBED  pattern  loses  the 
inversion  symmetry.  Unlike  a  common  method  involving  simulation  of  the  CBED  contarst  for 
quite  thick  specimen  regions  [12,13],  we  have  proposed  a  technique  based  on  the  study  of  the 
thinnest  (<  150  A)  regions  of  the  wurtzite  grains  [11].  The  simulaton  of  the  CBED  as  well  as 
pendellossung  curves  (beam  intensity  vs.  thickness)  shows  that  the  pattern  from  a  very  thin 
regions  carries  unambiguous  information  about  polarity  as  can  be  seen  in  the  inserts  of  the  Fig. 
3(a).  In  [1120]  orientation  for  the  thinnest  sections,  the  beams  (0002),  (iTOl)  and  (1 102)  are 
stronger  than  (0002),  (T102)  and  (lT02),  respectively,  giving  a  fingerprint  for  the  polarity 
determination.  In  this  case,  the  [0002]  direction  aims  from  Ga  to  N  in  the  wurtzite  structure 
which  corresponds  to  the  Ga-polarity  of  the  (0002)  surface. 

The  smooth  films  grown  under  optimum  or  nitrogen-rich  conditions  by  MOCVD  and  at 
optimum  temperature  by  PLD  have  shown  Ga-face  (0001)  polarity  [11].  The  same  Ga-polarity 
has  been  found  for  the  wurtzite  grains  with  c-axis  normal  to  the  substrate  surface  as  shown  in  the 
left  inset  of  the  Fig.  3(a).  In  the  grains  with  the  inclined  c-planes,  the  outer  surface  correspond  to 
N-face  (right  inset  of  the  Fig.  3(a))  in  agreement  with  the  scheme  in  the  Fig.  4. 

The  polarity  of  the  growing  film  depends  upon  several  factors  including  the  parameters  of 
nitridation  step,  recrystallization  of  low  temperature  buffer  layer  and  the  kinetics  of  growth  of 
two  polarities  [14].  A  detailed  study  of  the  surface  morphology  of  the  GaN  films  with  the 
different  polarities  [15]  has  revealed  that  the  Ga-face  (0001)  surface  is  much  smoother  than  the 
surface  with  N-polarity  (000 1).  Therefore,  films  with  Ga-polarity  are  preferable  for  applications. 
Most  of  the  GaN  films  (both  PLD  and  MOCVD  grown)  that  we  have  investigated,  had  the  Ga- 
polarity  of  the  (0002)  planes,  some  of  them  showed  the  presence  of  columnar  inversion  domains 


[9].  Applying  the  present  study  to  the  initially  polycrystalline  low-temperature  grown  buffer 
layers,  it  should  be  noted,  that  the  polarity  of  the  primary  orientation  of  the  epitaxial  GaN  grains 
cannot  be  altered  by  the  cubic  phase  formation  (Fig.  4).  However,  the  grains  of  the  wurtzite 
phase  with  inclined  c-axis  will  have  the  opposite  polarity  and  under  particular  growth  conditions 
can  attain  higher  growth  rates  and  become  dominant.  This  mechanism  will  contribute  to  the 
roughness  and  defective  micro.structure  of  the  GaN  films. 

Conclusions 


In  conclusion,  we  have  shown  that  nitrogen-deficient  growth  of  GaN  results  in  formation 
of  grains  with  cubic  zinc-blende  structure.  Renucleation  of  the  wurtzite  phase  at  different  {111} 
planes  of  cubic  GaN  leads  to  polycry.stalline  structure  of  the  film  with  rough  and  faceted 
surface.  Grains  having  cubic  or  hexagonal  structure  exhibit  epitaxial  relationships  and  preserve 
polarity  of  the  Ga-N  bonds  across  the  interfaces.  We  elucidate  that  the  cubic  phase  is  more  stable 
under  the  nitrogen  deficiency  and,  therefore,  can  exist  without  decomposition  at  higher  nitrogen 
vacancy  concentrations  in  the  material. 
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ABSTRACT 

We  have  systematically  studied  the  influence  of  Si  doping  on  the  optical  characteristics  of 
InGaN/GaN  multiple  quantum  wells  (MQWs)  using  photoluminescence  (PL),  PL  excitation 
(PLE),  and  time-resolved  PL  spectroscopy  combined  with  studies  of  optically  pumped  stimulated 
emission  and  structural  properties  from  these  materials.  The  MQWs  were  grown  on  1.8-jim-thick 
GaN  layers  on  c-plane  sapphire  films  by  metalorganic  chemical  vapor  deposition.  The  structures 
consisted  of  12  MQWs  with  3-nm-thick  InGaN  wells,  4.5-nm-thick  GaN  barriers,  and  a  0.1-pm- 
thick  Alo.07Gao.93N  capping  layer.  The  Si  doping  level  in  the  GaN  barriers  was  varied  from  1  x 
10^^  to  3  X  10^^  cm'^.  PL  and  PLE  measurements  show  a  decrease  in  the  Stokes  shift  with 
increasing  Si  doping  concentration.  The  10  K  radiative  recombination  lifetime  was  observed  to 
decrease  with  increasing  Si  doping  concentration  (n),  from  ~  30  ns  (for  n  <  1  x  lO'^  cm'^)  to  ~  4 
ns  (for  n  =  3  X  lO’^  cm'^).  To  elucidate  whether  non-radiative  recombination  processes  affect  the 
measured  lifetime,  the  temperature-dependence  of  the  measured  lifetime  was  investigated.  The 
redueed  Stokes  shift,  the  decrease  in  radiative  recombination  lifetime,  and  the  increase  in 
structural  and  interface  quality  with  increasing  Si  doping  indicate  that  the  incorporation  of  Si  in 
the  GaN  barriers  results  in  a  decrease  in  carrier  localization  at  potential  fluctuations  in  the  InGaN 
active  regions  and  the  interfaees. 

INTRODUCTION 

Group  III  nitride  semiconductors  and  their  heterostructures  have  recently  attracted  much 
attention  for  their  versatile  applieations  as  light  emitting  devices,  solar-blind  ultraviolet 
detectors,  and  high  power/high  temperature/high  frequency  devices  [1-6],  Much  interest  has  been 
foeused  on  InGaN/GaN  quantum  wells  (QWs)  because  of  their  applications  as  high  brightness 
light  emitting  diodes  and  cw  blue  laser  diodes  [1,2].  Detailed  knowledge  of  the  effects  of  Si 
doping  on  the  optical  properties  of  these  materials  is  crucial,  especially  for  designing  practical 
devices.  Recently,  the  effects  of  Si  doping  on  the  optical  properties  of  GaN  epilayers  [7,8], 
InGaN/GaN  QWs  [9-11],  and  GaN/AlGaN  QWs  [12,13]  have  been  reported.  However,  the 
influence  of  Si  doping  on  both  optical  properties  and  structural  qualities  in  InGaN/GaN  multiple 
quantum  well  (MQW)  device  structures  is  presently  not  well  understood. 

In  this  study,  we  present  a  comprehensive  study  of  the  optical  properties  of  InGaN/GaN 
MQWs  using  photoluminescence  (PL),  PL  excitation  (PLE),  and  time-resolved  PL  (TRPL) 
spectroscopy,  combined  with  studies  of  optically  pumped  stimulated  emission  (SE)  and 
structural  properties  from  these  materials.  In  particular,  the  influence  of  Si  doping  in  the  GaN 
barriers  on  the  characteristics  of  the  MQWs  is  investigated.  PL  and  PLE  results  show  that 

G6.44 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  537  ©  1999  Materials  Research  Society 


increasing  the  Si  doping  concentration  (n)  reduces  the  Stokes  shift  of  the  InGaN  emission.  TRPL 
experiments  show  the  10  K  recombination  lifetime  decreases  with  increasing  n,  from  ~  30  ns  (for 
«  <  1  X  lO'^  cm'^)  to  ~  4  ns  (for  «  =  3  x  lO’^  cm"'^).  In  addition,  it  is  shown  that  Si  doping 
improves  the  structural  and  interface  properties  of  the  InGaN/GaN  MQW  samples  from  atomic 
force  microscopy  (AFM)  images.  From  the  results,  we  demonstrate  that  Si  doping  in  the  GaN 
barriers  affects  the  interface  quality  of  the  InGaN/GaN  MQW  systems,  and  influences  the  optical 
properties. 

EXPERIMENT 

The  InGaN/GaN  MQWs  used  in  this  study  were  grown  on  c-plane  sapphire  films  by 
metalorganic  chemical  vapor  deposition,  following  the  deposition  of  a  1.8-)im-thick  GaN  buffer 
layer.  The  structures  consisted  of  12  MQWs  with  3-nm-thick  Ino.iGao.gN  wells  and  4.5-nm-thick 
GaN  barriers,  and  a  100-nm-thick  Alo.o7Gao,93N  capping  layer.  Trimethylgallium  (TMGa), 
trimethylindium  (TMIn),  trimethylaluminum,  and  ammonia  were  used  as  the  precursors  and 
disilane  was  used  as  the  «-type  dopant.  The  growth  temperatures  of  the  GaN  base  layer,  the 
superlattice  (SL)  region,  and  the  AlGaN  capping  layer  were  1050,  790,  and  1040°C,  respectively. 
The  TMGa  and  TMIn  fluxes  during  the  SL  growth  were  5  and  14  pmol/min,  respectively,  while 
the  ammonia  flow  was  held  constant  at  0.35  mol/min.  In  order  to  study  the  influence  of  Si 
doping  in  the  GaN  barriers,  the  disilane  doping  precursor  flux  was  systematically  varied  from  0 
to  4  nmol/min  during  GaN  barrier  growth.  Accordingly,  a  doping  concentration  in  the  range  of  < 
1  X  lO'^  to  3  X  lO'^  cm'^  was  achieved  for  the  different  samples,  which  was  determined  by 
secondary  ion  mass  spectroscopy  and  Hall  measurements.  To  investigate  the  effect  of  Si  doping 
on  the  GaN  surface  morphology,  three  reference  7-nm-thick  GaN  epilayers  were  also  grown  at 
800  ‘’C,  which  have  different  disilane  flux  rates  of  0,  0.2,  and  2  nmol/min  during  growth.  The 
surface  morphology  of  the  reference  samples  were  investigated  using  a  Digital  Instruments 
Nanoscope  III  AFM  operated  in  tapping  mode  and  the  root-mean-square  surface  roughness  was 
estimated  by  the  AFM  software.  Details  of  the  growth  procedure  and  the  other  structural 
properties  are  given  elsewhere  [10,14].  PL  and  PLE  spectra  were  measured  using  the  325  nm 
line  of  a  20  mW  cw  He-Cd  laser  and  the  quasi-monochromatic  light  from  a  xenon  lamp 
dispersed  by  a  1/2  m  monochromator,  respectively.  TRPL  measurements  were  carried  out  using 
a  picosecond  pulsed  laser  system  consisting  of  a  cavity-dumped  dye  laser  for  sample  excitation 
and  a  streak  camera  for  detection.  The  output  laser  pulses  from  the  dye  laser  had  a  duration  of 
less  than  5  ps  and  were  frequency  doubled  into  the  UV  spectral  region  by  a  nonlinear  crystal. 
The  overall  time  resolution  of  the  system  is  better  than  15  ps.  The  temperature  of  the  sample  in 
the  experiments  described  above  was  varied  from  10  to  300  K. 

RESULTS  AND  DISCUSSIONS 

Figure  1  shows  10  K  PL  (solid  lines)  and  PLE  (dashed  lines)  spectra  of  the  main  InGaN- 
related  PL  emission  peak  with  the  decay  time  plotted  as  a  function  of  emission  energy  (open 
circles).  The  near-band-edge  emission  from  the  AlGaN  cladding  layer  and  the  GaN  barriers  are 
also  clearly  seen  at  3.60  and  3.48  eV,  respectively.  The  PLE  detection  energy  is  set  at  the  main 
PL  peak  energy.  The  contributions  from  the  GaN  barriers  and  the  AlGaN  capping  layer  are 
clearly  distinguishable,  and  the  band-edge  PLE  positions  are  coincident  with  the  PL  peak 
positions.  A  large  Stokes  shift  of  the  PL  emission  from  the  InGaN  wells  with  respect  to  the  band- 
edge  measured  by  PLE  is  clearly  observed,  which  is  attributed  to  crystal  imperfections  such  as  In 
alloy  fluctuations  and  interface  roughness.  We  observed  that  as  the  Si  doping  concentration 
increases,  the  Stokes  shift  decreases.  The  Stokes  shift  for  the  sample  with  n  =  3  x  lO’^  cm’^  is  ~ 
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Figure  1.  10  K  PL  (solid  lines),  PLE  (dashed 
lines),  and  TRPL  data  (open  circles)  of  12- 
period  InGaN/GaN  MQWs  with  Si  doping 
concentrations  ranging  from  <  1  x  lO”  to  3  x 
lO'^  cm*^  in  the  GaN  barriers.  The  Stokes  shift 
between  the  PL  emission  peak  and  the 
'ui  absorption  band-edge  observed  firom  PLE 

'c  spectra  decreases  significantly  as  the  Si  doping 

^  concentration  increases.  Luminescence  decay 

-B  times  measured  by  TRPL  are  shown  as  a 

>55-  function  of  emission  energy.  With  increasing  Si 

^  doping  concentration,  the  10  K  lifetimes 

^  decrease  from  ~  30  ns  (for  n  <  1  x  lO’’  cm'^)  to 

®  ~  4  ns  (for  n  =  3  x  lO’’  cm'^). 
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120  meV  smaller  than  that  of  the  nominally  undoped  sample  (see  Table  I).  The  effect  of  Si 
doping  on  the  decay  time  of  the  MQWs  was  also  explored  using  TRPL  measurements.  Figure  1 
(open  circles)  shows  the  10  K  decay  time  (Xd)  monitored  at  different  emission  energies.  The 
measured  lifetime  becomes  longer  with  decreasing  emission  energy,  and  hence,  the  peak  energy 
of  the  emission  shifts  to  the  low  energy  side  as  time  proceeds.  This  behavior  is  characteristic  of 
localized  states,  which  in  this  case  are  most  likely  due  to  alloy  fluctuations  and/or  interface 
irregularities  in  the  MQWs  [15].  A  decrease  in  Xd  with  increasing  Si  doping,  from  ~  30  ns  (for  n 
<  1  X  lO'^  cm'^)  to  ~  4  ns  (for  n  =  3  x  10^^  cm‘^),  is  clearly  seen,  which  can  be  attributed  to  a 
decrease  in  the  potential  fluctuations  leading  to  recombination. 

One  should  be  very  careful  interpreting  the  low  temperature  lifetime  results  because  the 
non-radiative  recombination  processes  (which  can  be  caused  by  poor  sample  quality)  may  affect 
the  measured  lifetime.  To  clarify  this  point,  we  investigated  the  temperature  dependence  of  the 
lifetime  as  shown  in  Fig.  2.  For  the  nominally  undoped  sample  with  n  <  1  x  lO'^  cm'^  (open 
symbols),  we  observed  an  increase  of  Xd  with  temperature  (up  to  around  40  ns  for  the  higher 
energy  side  emission)  at  temperatures  below  70  K,  in  qualitative  agreement  with  the  temperature 
dependence  of  radiative  recombination.  As  the  temperature  is  further  increased  beyond  a  certain 
crossover  temperature,  Tc,  which  is  determined  by  the  radiative  and  non-radiative  recombination 
rates,  the  lifetime  starts  to  decrease,  since  non-radiative  processes  predominantly  influence  the 
emission.  Further  evidence  of  this  is  given  by  the  fact  that  the  lifetimes  become  independent  of 
emission  energy  at  higher  temperatures.  We  note  that  Tc  gradually  increases  as  n  increases:  Tc  ~ 
70  K  for  rt  <  1  X  10^^  cm  ^  Tc  ~  100  K  for  n  =  2  x  lO'^  cm"^  (not  shown  here),  and  Tc  ~  140  K  for 
«  =  3  X  10^^  cm'^  This  indicates  that  the  decrease  in  lifetime  is  due  to  a  decrease  of  the  radiative 
recombination  lifetime  itself  rather  than  an  increased  influence  of  non-radiative  recombination 
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Figure  2.  Temperature  dependence  of  decay 
times  monitored  above  (up  triangles),  below 
(down  triangles),  and  at  (circles)  the  emission 
peak  for  the  InGaN/GaN  MQWs  with  «  <  1  x 
lO'^  cm'^  (open  symbols)  and  n  =  3  x  lO'*’  cnr’ 
(closed  symbols)  in  the  GaN  barriers.  The 
characteristic  crossover  temperature,  TV,  (which 
is  determined  by  the  radiative  and  non-radiative 
recombination  rates)  gradually  increases  as  n 
increases:  TV  ~  70  K  for  n  <  1  x  lO’’  cm  ^  T,  ~ 
100  K  for  «  =  2  X  lO"*  cm'^  (not  shown),  and  T,. 
~  140KforH  =  3  X  lO'^cm  ^ 


proce,sses.  Therefore,  we  conclude  that  the  decrease  in  lifetime  with  increasing  n  is  mainly  due  to 
a  decrea.se  in  potential  localization,  and  hence,  a  decrease  in  the  carrier  migration  time  into  the 
lower  tail  states  in  the  MQW  active  regions. 

To  further  study  the  influence  of  Si  doping  on  the  structural  properties,  AFM 
measurements  were  carried  out.  Figure  3  shows  2  pm  x  2  pm  APTvI  images  of  three  reference  7- 
nm-thick  GaN  films  with  different  disilane  flow  rates  during  growth.  The  root-mean-square 
surface  roughness  estimated  from  AFM  images  was  0.49,  0.42,  and  0.22  nm  for  GaN  epilayers 
with  disilane  flow  rates  of  (a)  0,  (b)  0.2,  and  (c)  2  nmol/min  during  growth,  respectively.  Thus, 
smoother  GaN  surfaces  with  more  homogeneous  terrace  length  were  achieved  at  higher  Si 
doping  levels.  In  addition,  the  recent  high-resolution  x-ray  diffraction  (HRXRD)  study  showed 
that  as  n  increases,  the  full  width  at  half  maximum  (FWHM)  of  the  higher-order  SL  satellite 
peaks  narrows:  the  FWHM  of  the  second  order  SL  peaks  was  observed  to  be  589,  335,  and  234 
arcsec  for  n  <  1  x  lO'^  «  =  2  x  10'^  and  n  =  3  x  lO'^  cm‘\  respectively  (see  Table  I)  [14]. 

Table  I.  Observed  Stokes  shift,  measured  lifetime,  T,.,  HRXRD  FWHM,  and  SE  threshold  density  for  InGaN/GaN 
MQW  samples  with  different  Si  doping  concentration  n  by  adjusting  disilane  flow  rate  Fs,. 
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Figure  3.  2  fxm  x  2  nm  AFM  images  of  three  7-nm-thick  GaN  films  with  different  disilane  flow  rates  during 
growth.  The  root-mean-square  surface  roughness  estimated  from  AFM  images  was  0.49,  0.42,  and  0.22  nm  for 
GaN  epilayers  with  the  disilane  flow  rate  of  (a)  0,  (b)  0.2,  and  (c)  2  nmol/min,  respectively.  A  higher  quality 
GaN  surface  morphology  and  a  larger  average  terrace  length  were  achieved  by  increasing  Si  incorporation. 


Accordingly,  we  conclude  that  Si  doping  in  the  GaN  barriers  significantly  improves  the 
structural  and  interface  quality  of  the  InGaN/GaN  MQWs.  Since  the  incorporation  of  Si  atoms 
can  change  the  quality  and/or  surface  free  energy  of  the  GaN  barriers,  it  may  affect  the  growth 
condition  (or  mode)  of  the  subsequent  InGaN  wells  and  the  interfaces  [7,16,17].  The  observed 
experimental  results  such  as  (i)  a  decrease  in  Stokes  shift  and  (ii)  a  decrease  in  radiative 
recombination  lifetime  with  increasing  Si  doping  can  be  explained  in  terms  of  a  decrease  in 
potential  fluctuations  and  enhancement  of  the  interfacial  structural  qualities  with  incorporation  of 
Si  in  the  GaN  layers. 

Finally,  we  note  that  the  influence  of  Si  doping  on  the  emission  efficiency  and  the  SE 
threshold  pump  density  was  also  investigated  for  the  InGaN/GaN  MQWs  with  different  Si 
doping  concentration  in  the  GaN  barriers  [11].  For  all  the  samples,  power  dependent  PL  studies 
show  a  strong  blueshift  of  the  spontaneous  emission  with  increasing  excitation  density  mainly 
due  to  band  filling  of  the  energy  tail  states.  The  blueshift  is  observed  to  cease  shortly  before  the 
onset  of  SE  [18].  The  SE  spectrum  for  the  MQW  sample  with  n  =  2  x  10^®  cm‘^  was  composed  of 
many  narrow  peaks  of  less  than  1  A  FWHM  and  there  was  no  noticeable  broadening  of  the  SE 
peaks  when  the  temperature  was  tuned  from  175  to  575  K.  Interestingly,  only  moderately  Si 
doped  MQW  samples  exhibited  enhanced  luminescence  efficiency  and  a  reduction  of  the  SE 
threshold  (see  Table  I).  That  is,  the  maximum  emission  intensity  and  the  lowest  SE  threshold  (55 
kW/cm^)  were  achieved  for  the  sample  with  n  =  2  x  lO’®  cm'^,  while  a  SE  threshold  of  165 
kW/cm^  was  obtained  for  the  sample  with  «  =  3  x  lO’^  cm'^.  This  fact,  combined  with  the  results 
presented  in  this  paper,  indicates  that  although  Si  doping  improves  the  interface  properties,  it 
does  not  necessarily  enhance  the  SE  properties,  reflecting  the  fact  that  localized  carriers  at 
potential  fluctuations  may  play  an  important  role  in  the  emission  from  the  InGaN/GaN  MQW 
structures  used  for  current  state-of-art  laser  diodes. 


CONCLUSIONS 


We  have  investigated  the  optical  properties  of  InGaN/GaN  MQW  structures  as  a  function  of 
Si  doping  concentration  in  the  GaN  barriers.  As  the  Si  doping  of  the  GaN  barriers  increases,  the 
Stokes  shift  of  the  PL  emission  peak  with  respect  to  the  PLE  band-edge  was  found  to  decrease. 
In  addition,  the  radiative  recombination  lifetime  measured  at  10  K  was  observed  to  decrease 
significantly  from  ~  30  ns  for  n  <  1  x  10^^  cm‘^  to  ~  4  ns  for  n  =  3  x  10*^  cm'^  with  increasing  n. 
The  results  presented  here,  combined  with  the  observed  structural  properties,  are  well  explained 


by  a  decrease  in  carrier  localization  at  potential  fluctuations  with  increasing  Si  doping  of  the 
GaN  barriers.  These  potential  fluctuations  arc  most  likely  a  result  of  In  alloy  fluctuations  and/or 
thickness  variations  of  the  InGaN  well  regions.  The  influence  of  Si  doping  on  the  emission 
efficiency  and  stimulated  emission  threshold  was  also  discussed. 
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ABSTRACT 

We  present  a  theoretical  analysis  of  the  gain  characteristics  of  InGaN/AIGaN  quantum  dot 
(QD)  lasers.  We  calculate  the  elastic  strain  distribution  caused  by  the  lattice  mismatch  between 
the  QD  and  the  barrier  using  an  original  method  which  takes  into  account  the  hexagonal  symmetry 
of  the  structure’s  elastic  properties.  The  method  is  based  on  an  analytical  derivation  of  the  Fourier 
transform  of  the  strain  tensor.  The  proposed  approach  is  combined  with  a  plane-wave  expansion 
method  to  calculate  the  carrier  spectrum  and  wave  functions.  The  many-body  gain  of  a  laser 
containing  a  periodic  array  of  QDs  is  calculated  using  the  Fade  approximation.  We  show  that 
band  gap  reduction  and  the  Coulomb  enhancement  of  the  interband  transition  probability  can 
significantly  modify  the  gain  spectrum  in  InGaN/AIGaN  QD  lasers. 

INTRODUCTION 

Wide-band  gap  semiconductors  are  attracting  considerable  attention  because  of  their  potential 
as  visible  light  emitting  diodes  [1].  At  the  same  time,  advances  in  growth  technology  has 
stimulated  active  investigations  in  the  field  of  zero  dimensional  quantum  dot  (QD)  structures.  The 
first  GaN-based  structures  with  self-organized  QDs  have  been  fabricated  recently  [2-4].  Lasers 
based  on  self-organized  QDs  have  potential  advantages  over  conventional  quantum  well  lasers 
because  of  their  atomic-like  density  of  states.  For  wide-band  gap  heterostructures  additional 
benefits  may  arise  from  using  QD  structures  instead  of  quantum  well  ones.  Firstly,  strain 
relaxation  in  QD  structures  is  easier  and  therefore  defect-free  fabrication  of  strongly  lattice- 
mismatched  heterostructures  may  be  possible.  Secondly,  because  of  the  carrier  localization,  the 
role  of  many-body  effects  may  increase,  resulting  in  a  stronger  gain  enhancement  due  to  Coulomb 
interactions.  Moreover,  recent  publications  [5,6]  demonstrate  that  light  emission  from  InGaN 
quantum  well  lasers  may  originate  from  dot-like  localized  states  formed  because  of  indium 
composition  fluctuations.  It  is  therefore  timely  to  undertake  a  theoretical  investigation  of  the  gain 
characteristics  of  GaN-based  QD  structures. 

We  present  here  a  theoretical  study  of  the  elastic  strain  distribution,  carrier  spectrum  and 
many-body  gain  in  structures  consisting  of  a  periodic  array  of  InGaN  QDs  embedded  in  an  AlGaN 
matrix.  Employing  the  Green’s  function  and  Fourier  transform  techniques  we  find  the  3D  strain 
distribution  in  the  QDs.  To  calculate  the  carrier  spectrum  and  wave  functions  we  use  the  plane- 
wave  expansion  method.  This  method  allows  us  to  take  account  of  the  strain-induced 
modification  of  the  band  structure  using  analytical  expressions  for  the  Fourier  transform  of  the 
strain  tensor.  We  thus  avoid  explicit  calculation  of  the  strain  distribution.  The  calculated  carrier 
spectrum  and  wave  functions  are  used  as  input  for  gain  calculations  including  many-body  effects. 
We  demonstrate  that  band  gap  reduction  and  Coulomb  enhancement  of  the  interband  transition 
probability  significantly  modify  the  gain  spectrum. 

For  ease  of  calculation  we  use  a  model  structure  which  assumes  that  the  QDs  all  have  the 
same  shape  and  size,  and  form  a  periodic  structure  with  periods  dn  and  dz  in  the  lateral  and  growth 
directions  respectively. 
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CALCULATION  OF  STRAIN  DISTRIBUTION  AND  CARRIER  SPECTRUM 


The  calculation  of  the  spatial  strain  distribution  in  a  QD  structure  requires  solving  a  3D 
problem  in  elasticity  theory  for  a  generally  non-trivial  quantum  dot  shape.  This  is  often  achieved 
by  using  finite-difference  methods  or  atomistic  techniques  [7,8].  These  methods  require 
considerable  computational  effort.  A  simple  method  to  calculate  the  strain  field  in  semiconductor 
structures  with  QDs  of  arbitrary  shape  was  presented  in  Ref.  [9]  for  the  case  when  the  elastic 
properties  are  assumed  to  be  isotropic  and  the  elastic  constants  of  the  QD  and  matrix  materials 
are  equal.  The  effects  of  anisotropic  elastic  constants  on  the  strain  distribution  were  included 
later  in  [10]  for  cubic  crystals.  We  briefly  describe  here  the  generalization  of  this  approach  for 
hexagonal  crystals  (details  are  given  in  [11]). 

Consider  a  QD  of  arbitrary  shape  formed  by  embedding  one  kind  of  elastic  material  into  a 
second  elastic  material  with  hexagonal  symmetry.  The  displacement  vector  due  to  the  lattice 
mismatch  between  the  QD  and  matrix  is  expressed  through  the  Green’s  tensor  G,n(r,r’)  of  the 
elastic  equation; 

(1) 

n' 


Here  we  use  the  usual  rule  for  summation  over  1,2,3  (i.e.  x,y,z)  for  repeating  indices;  ^  is  the 
elastic  tensor  of  the  QD  material,  u  is  the  initial  displacement  associated  with  the  strain  tensor 
,.+(£„ -£,.)5 ^38 ^3,  where  £^  =  and  £^  =(c^'  is  the 

lattice  mi.smatch.  Integration  in  (1)  is  carried  out  over  the  QD  surface.  The  Green’s  tensor  is  the 
solution  of  the  equation: 


Using  a  Fourier  transform  technique  we  solve  Eq.  (2)  and  find  the  Fourier  transform  of  the  strain 
tensor  eij  which  corresponds  to  the  displacement  m,  in  the  structure  with  a  single  QD.  When  the 
elastic  constants  of  the  QD  and  matrix  materials  are  equal,  the  solution  of  eq.  (2)  has  the  form 
[11]: 


IQ-FP 


(3) 


where 

e  =(C„  +2C„  +(C„  -2C„  -4C„  +C,,)^;;  /  =(C„  +c„)^;; 

p  =(C„ -2C„  R  =(C,,  +c,,  +c„)e„  +c„(E,.-ej; 

F  =cX  +(C„  +2C,,  S  =(C„  +C„  -C,,  -C,,)E„  +(C„  -C„)(E,  -e„). 

Here  Cy  denotes  the  elastic  constants,  ^  /  are  the  components  of  the  vector  in  the  inverse  space.  In 
Eq.  (3)  Xc)/)  denotes  the  Fourier  transform  of  the  QD  characteristic  function  X(?n(r),  which  is 
equal  to  unity  inside  the  QD  and  zero  outside.  The  strain  tensor  of  the  periodic  array  of  QDs  is 
then  expressed  through  the  Fourier  series: 

e y (r)  =  X ) exp(/k „ .r) ,  (4) 

«1«2«3  n 

where  =  27t(«i/Ji,  ^2/^/2,  n-^ldy),  di  is  the  period  in  the  Lth  direction;  and  the  summation  is 
carried  out  over  all  values  of  n;  except  the  case  when  ni=n2=n3=0  [10]. 

Equations  (3)  and  (4)  give  an  analytical  expression  for  the  strain  tensor  in  a  periodic  array  of 
QDs  of  arbitrary  shape.  It  is  worth  noting  that  the  QD  shape  enters  the  expressions  only  through 
the  form  of  the  Fourier  transform  of  the  characteristic  function  which  can  be  found 

analytically  for  most  dot  shapes  considered  to  date  [10]. 


Figures  1  and  2  show  the  variation  of  through  a  cylindrical  QD  and  a  pyramidal  QD 

respectively.  The  pyramid  has  sharp  edges  along  the  (001)  and  (1 1 1)  directions;  therefore  near  the 
QD  boundary  the  strain  tensor  components  vary  rather  steeply. 


position  for  a  cylindrical  Ino.sGao.sN/ 
Alo.iGao.gN  QD.  The  QD  diameter  is 
lOnm,  height  is  3nm,  lateral  period  is  25nm, 
and  period  along  z  is  10  nm.  Material 
parameters  are  from  Refs. [12, 13]. 


Distance,  nm 


Fig.2  Strain  tensor  dependence  on  space 
position  along  three  different  directions  for  a 
GaN/AlN  pyramidal  QD.  The  QD  base  is 
6x6nm,  the  height  is  3nm,  lateral  period  d// 
=18nm,  and  period  along  z,  dz  =12nm. 
Material  parameters  are  from  Refs. [12, 13]. 


The  multiband  envelope  function  approximation  is  commonly  used  to  calculate  the  carrier 
spectrum  in  semiconductor  quantum  structures.  This  approach  has  proved  to  be  a  convenient  and 
reliable  tool  to  describe  quantum  size  effects  in  quantum  wells  (QWs)  as  well  as  in  QD  structures. 
The  coupling  between  the  conduction  and  valence  bands  in  wide-band  gap  GaN-based  structures 
is  relatively  small  over  the  energy  range  of  interest.  Therefore  we  used  a  simple  one-band  model 
with  parabolic  dispersion  for  the  conduction  band;  the  strain-induced  shift  of  the  band-edge  is 
given  by  acCair).  To  describe  the  valence  band  states  we  used  a  6x6  Hamiltonian  including  strain- 
related  deformation  potentials  [14,15],  but  ignoring  the  strain-induced  piezoelectric  fields.  These 
fields  are  larger  here  than  in  III-V  zinc-blende  crystals,  but  can  still  be  omitted  because  of  the 
small  dot  sizes  considered  below.  Because  the  spin-orbit  constants  in  both  GaN  and  InN  are  only 
of  order  a  few  meV,  we  set  the  spin-orbit  interactions  to  zero,  so  that  the  6x6  Hamiltonian  is  then 
decomposed  into  two  independent  3x3  matrices.  In  contrast  to  GaAs/InAs-based  QD  structures, 
the  effect  of  strain  on  the  valence  band  edge  potential  profile  is  several  times  smaller  in  GaN- 
based  QDs.  Figure  3  shows  the  variation  of  the  HH,  LH  and  CH  valence  band  edges  along  the  z 
and  X  axes  of  the  cylindrical  dot,  including  the  strain-induced  splittings.  In  spite  of  the  relatively 
large  strain  (around  4%),  the  splitting  between  the  (H,L)H  and  CH  bands  is  only  around  150 
meV,  compared  to  several  hundreds  of  meV  for  similar  GaAs/InAs-based  structures.  The  HH  and 
LH  practically  do  not  split  inside  the  QD,  although  a  small  splitting  is  found  outside.  Thus  the 


strain  in  a  cylindrical  QD  does  not  split  the  degeneracy  of  the  HH  and  LH  bands,  although  it  does 
separate  off  the  CH  band,  because  of  its  z-like  character. 


Distance,  nm 


Distance,  nm 


Figure  3.  Spatial  variation  of  the  valence  band  edges,  including  strain-induced  splittings.  The 
structure  parameters  are  the  same  as  in  Fig.l;  the  deformation  potentials  are  assumed  equal  in 
the  QD  and  matrix,  with  D/  =  0.7  eV,  D2  =2.1  eV,  D5  =  -0.7  eV;  the  barrier  height  ratio 
(without  strain)  is  taken  as  Ey/Ec  =7/3  [16]. 


To  calculate  the  carrier  spectrum  and  wave  functions  we  use  a  plane-wave  expansion  method. 
The  idea  of  this  method  is  to  describe  the  carrier  states  as  a  linear  combination  of  a  suitably 
chosen  set  of  bulk  states  associated  with  a  periodic  array  of  bulk  wave  vectors.  The  effective 
Hamiltonian  is  represented  in  the  form 

H=H„-HV  (5) 

where  the  ‘perturbation’  V  describes  the  difference  between  the  potential  in  a  unit  cell  of  the 
periodic  dot  array,  and  the  potential  in  the  bulk  Hamiltonian  H  „  used  to  generate  the  basis  states 
Ik,  a>,  where  k  is  the  momentum  and  a  denote  the  type  of  the  bulk  carrier  state,  i.e.  HH,  LH  or 
CH.  The  operator  matrix  V  in  Eq.(5)  should  be  obtained  from  the  bulk-like  Hamiltonian  by 
making  the  substitution/: Id-,  to  take  account  of  the  spatial  dependence  of  the  band 
parameters.  Details  of  the  interface  boundary  conditions  are  included  by  an  appropriate 
application  of  the  differential  operators  at  each  interface.  The  solution  of  the  initial  Schroedinger 
equation  is  found  by  expanding  in  a  series  with  respect  to  the  plane  waves  Ik,  a>  cc  exp(ik.r). 
The  coefficients  of  this  series  and  the  energies  of  the  carrier  states  in  an  array  of  QDs  are  found 
numerically  as  the  eigenvectors  and  eigenvalues  of  a  matrix  A,  involving  matrix  elements 
Vka,k’a‘=<k’a’IV  Ik,  a>,  which  are  the  Fourier  transforms  of  the  matrix  V  .  The  matrix  elements 
Vka,k’a’  depend  linearly  on  the  strain  components.  Therefore  the  Fourier  transform  of  V  is 
expressed  through  the  Fourier  transform  of  the  strain  tensor  and  the  QD  characteristic  function  % 
qd{t).  This  means  that  using  a  plane-wave  expansion  method  in  conjunction  with  the  Green's 
function  approach  for  strain  calculations,  there  is  no  need  to  calculate  the  full  spatial  strain 
distribution,  unlike  in  other  techniques.  This  simple  trick  considerably  reduces  the  computation 
time  to  set  up  calculations  and  makes  the  plane-wave  method  very  effective  for  the  further  study 
of  QD  optical  properties  and  modeling  of  QD  devices.  We  also  note  that  the  number  of  bulk 
states  ("plane  waves")  which  must  be  included  to  obtain  a  given  level  of  accuracy  is  reduced  in 
periodic  structures  with  partly  coupled  QDs. 

Figure  4  shows  the  calculated  electron  and  hole  energy  levels  for  InGaN/AlGaN  QDs.  As  the 
In  content  increases,  the  barrier  heights  become  larger  both  for  electrons  and  holes  in  the  QD, 
with  the  energy  levels  then  also  shifting  further  away  from  the  barrier  band  edges. 
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Figure  4.  Dependence  of  the  hole  and  electron  energy  levels  on  In  content  in  an  InxGai-xN/ 
AI0.1G0.9N  QD  array.  The  energy  is  measured  form  the  barrier  valence  (a)  or  conduction  (b) 
band  edge.  The  QD  is  cylindrical  with  a  diameter  of  5nm  and  height  of  2nm;  the  periods  are 
diplOnm  and  dz=5nm.  Valence  band  parameters  are  from  [17],  electron  effective  masses  from 
[18],  and  the  band  offset  ratio  for  unstrained  materials  is  taken  as  Ev/Ec=7/3  [16]. 

GAIN  MODELING 

Many-body  effects  [19,20]  such  as  Coulomb  enhancement  of  the  interband  transition 
probability  and  band  gap  renormalization  are  important  for  gain  modeling  especially  for  wide 
band-gap  semiconductors  [21],  because  of  the  high  exciton  binding  energies  in  these  materials. 
We  have  used  the  Fade  approximation  to  model  the  gain  associated  with  a  periodic  array  of  QDs. 
We  considered  a  structure  where  the  dots  are  relatively  close  (the  characteristic  distance  between 
the  dots  is  comparable  to  the  QD  size),  so  that  the  dots  are  partially  coupled  and  form  a  3D  QD 
superlattice  [22].  We  assumed  therefore  that  the  Coulomb  interaction  between  the  carriers  is  3D- 
like  and  used  the  unscreened  Coulomb  potential,  with  V('^)=47reV(8o^^).  We  use  a  Lorentzian  line- 
shape  function  to  take  account  of  broadening  effects.  This  gives  a  reasonable  description  of  the 
higher  energy  side  of  the  gain  spectra  and  of  the  peak  gain  value,  but  is  less  reliable  on  the  lower 
energy  side. 

Figure  5  shows  the  calculated  gain  spectra  for  an  InGaN/AlGaN  QD  laser.  For  comparison, 
the  gain  spectra  calculated  without  Coulomb  enhancement  are  also  shown.  We  see  from  Fig.5  that 
the  Coulomb  enhancement  strongly  affects  the  peak  gain  value.  In  particular,  at  Ne  =  8  x  10*^ 


Figure  5.  Calculated  gain  spectra  for  an 
Ino.5Gao.5N/Alo.1Gao.9N  QD  structure  at 
T=300  K.  Curves  3,  2  and  1  correspond 
to  carrier  densities  (cm'^)  of  4xl0’®, 
6x10^^  and  8x10^®,  respectively.  Dashed 
curves  are  results  without  Coulomb 
enhancement.  The  QDs  are  disk-like;  the 
diameter  and  height  are  5nm  and  2  nm 
respectively.  The  QD  array  periods  are 
diF7.5nm  and  dz=4nm. 


cm'^  the  peak  gain  increases  by  a  factor  of  3.5  when  the  Coulomb  enhancement  is  taken  into 
account  (see  Fig.5).  Thus  we  demonstrate  that  including  many-body  effects  strongly  modifies  the 
gain  spectrum  of  a  laser  based  on  a  periodic  array  of  InGaN  QDs. 

CONCLUSIONS 

In  conclusion,  we  have  presented  a  simple  technique  to  calculate  the  strain  distribution  due  to 
a  quantum  dot  embedded  in  a  host  crystal  with  hexagonal  symmetry.  We  have  used  the  technique 
to  calculate  the  strain  distribution  associated  with  cylindrical  and  pyramidal  (In)GaN  quantum 
dots  embedded  in  an  AlGaN  matrix.  Our  results  for  the  cylindrical  dot  were  then  used  as  input  to 
calculate  the  electron  and  hole  confined  state  energies  in  a  periodic  array  of  cylindrical  Ino  sGao.sN 
quantum  dots  embedded  in  a  Alo.iGao.oN  matrix,  and  these  were  used  to  determine  the  material 
gain  as  a  function  of  carrier  density,  both  including  and  ignoring  Coulomb  interaction  effects.  We 
show  that  the  Coulomb  interaction  considerably  enhances  the  peak  gain  at  a  fixed  carrier  density, 
and  conclude  that  InGaN  quantum  dots  should  provide  a  viable  gain  medium  to  achieve  laser 
emission  in  the  visible  and  near-UV  spectral  regions. 
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Abstract 

Thin  films  of  GaN  grown  by  MOCVD  on  (0001)  sapphire  were  studied  by  transmission 
electron  microscopy  in  order  to  correlate  the  observed  extended  defects  with  crystal  polarity  of 
the  films.  We  propose  relatively  simple  and  unambiguous  method  of  polarity  determination  for 
wurtzite  group  III  nitrides  based  on  the  dependence  of  the  intensity  of  diffracted  beams  upon 
thickness  of  the  specimen.  Due  to  the  dynamic  scattering  by  polar  structure,  the  convergent 
beam  electron  diffraction  patterns  lose  inversion  symmetry  and  become  in  fact  fingerprints  of 
the  structure  carrying  information  about  crystal  polarity.  In  this  study,  we  have  used  the  thinnest 
regions  of  the  specimens  (<  15  nm)  and  multiple  diffraction  spots  in  high-symmetry  orientation 
for  polarity  determination.  The  films  were  found  to  have  Ga-polar  surfaces,  either  being 
unipolar,  or  containing  thin  (10-30  nm  in  diameter)  columnar  inversion  domains  (IDs)  of  N- 
polarity.  The  occurrence  of  IDs  was  correlated  with  specific  types  of  dislocation  distribution  in 
the  films. 

Introduction 


In  recent  years  the  Group  III  nitride  materials  have  generated  tremendous  interest  due  to 
their  potential  applications  in  high-efficiency  LEDs  (light-emitting  diodes)  and  blue  lasers.  For 
device  structures,  high  quality  GaN  and  relative  ternary  alloy  films  and  heterostructures  are 
needed.  The  group  III  nitrides  are  materials  with  non-centrosymmetrical  crystal  structure, 
therefore,  Ga-  (A1-)  polar  or  N-polar  layers  can  be  grown.  Polarity  of  III-V  nitride  thin  films  is 
known  to  be  an  important  factor  in  determining  the  surface  roughness  and  properties  of  the  as- 
grown  material.  Results  of  efforts  of  many  groups  on  the  polarity  study  are  well  reviewed  by 
Heilman  [1].  The  primary  focus  of  our  investigations  was  the  absolute  polarity  determination 
and  correlations  between  the  polarity  and  extended  defects  present  in  the  GaN  films  grown  on 
sapphire.  The  polarity  of  the  layers  was  traditionally  determined  by  convergent  beam  electron 
diffraction  (CBED)  [2-4]  and  multiple  dark  field  transmission  electron  microscopy  (TEM) 
techniques  [5-6].  However,  CBED  method  can  only  be  applied  for  perfect  crystals  of 
considerable  volume,  while  the  GaN  films  often  contain  thin  (of  the  order  of  10  nm  in  diameter) 
pipe-like  domains.  The  multiple  dark  field  TEM  imaging  [5]  allows  to  determine  relative,  not 
absolute  polarity  of  such  domains.  Here  we  used  a  new  method  of  polarity  determination  based 
on  the  different  dependency  of  intensity  vs.  thickness  for  the  specific  diffracted  beams  revealing 
the  non-centrosymmetric  nature  of  the  crystal.  This  allows  the  study  of  polarity  for  very  thin. 
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nanometer  sized  domains  in  GaN  and  other  wurtzite  structures  as  well  as  unambiguous  absolute 
determination  of  film  polarity. 

Experimental 

The  GaN  films  in  our  study  were  grown  on  (0001)  sapphire  by  metalorganic  chemical 
vapor  deposition  (MOCVD)  technique  at  temperatures  around  1000”  C.  The  details  of  the  growth 
are  reported  elsewhere  [7].  The  films  were  found  to  be  device-quality  single-crystal  and  showed 
only  excitonic  bands  in  o_ur  photolurmnescence  studies  [8],  Typical  epitaxial  relationships  of 
(0001  II  (0001  and  [  1 01 0]^.,^  II  H  1  20]^^^  were  observed  for  this  system. 

Multiple  dark  field  technique  was  used  to  establish  the  inversion  character  of  thin  pipe¬ 
like  domains  observed  in  some  samples.  However,  we  were  primarily  interested  in  determining 
the  absolute  polarity  of  the  layers  and  the  inversion  domains  (IDs).  For  non-centrosymmetric 
crystal  structures  the  opposite  diffracted  beams  (those  reflections  of  the  diffraction  pattern  which 
reveal  the  non-centrosymmetry  of  the  crystal  structure)  can  have  an  order  of  magnitude 
difference  in  intensity  due  to  dynamic  (multiple)  diffraction  effects.  Since  the  intensity  of 
diffracted  beams  is  also  a  function  of  a  sample  thickness,  there  is  a  unique  distribution  of 
intensity  vs.  thickness  for  each  diffracted  beam.  The  procedure  to  determine  the  absolute  polarity 
of  the  films  was  to  first  calculate  the  intensities  of  different  diffracted  beams  as  a  function  of 
crystal  thickness  by  multislice  calculations.  Experimental  CBED  patterns  of  different  regions  of 
GaN  films  in  [1210]  orientation  were  obtained  using  small  (about  2-4  nm)  probe  size.  To 
determine  the  absolute  polarity,  we  had  to  e.stimate  the  thickness  of  the  crystal  for  the  region  of 
the  CBED  patterns  to  make  sure  that  the  thickness  was  below  the  critical  for  unambiguous 
results  value.  For  that,  the  high  resolution  TEM  (HRTEM)  images  were  taken  along  with 
CBEDs  and  then  compared  with  the  simulated  high  resolution  image^  obtained  for  wurtzite 
GaN.  The  multislice  calculations  for  wurtzite  GaN  crystal  structure  in  [1  2  zone  were  done 
using  MacTempas*^’  software.  We  also  introduced  into  the  calculations  small  (up  to  1  mrad)  tilts 
of  the  entire  unit  cell  about  the  [1  2  direction.  This  corresponds  to  the  tilt  observed  in  most 
of  the  experimentally  obtained  TEM  images  of  group  III  nitride  films.  The  details  of  the  image 
simulations  in  conjunction  with  polarity  determination  of  wurtzite  structures  are  reported 
elsewhere  [9].  Experimental  high-resolution  TEM  images  and  convergent  beam  diffraction 
patterns  of  GaN  layers  were  obtained  using  Topcon  002B  (200  kV)  electron  microscope  with 
standard  LaB,^  filament.  The  microscope  has  point-to-point  resolution  of  1 .8  A  and  nano-probe 
size  beam  capabilities. 

Results  and  Discussion 


According  to  our  previous  results  [8,  10]  two  types  of  microstructure  were  found  to  be 
characteristic  of  MOCVD  grown  GaN  films.  Density  of  about  lO”  cm'^  was  found  to  be  typical 
for  all  extended  defects  (inversion  domain  boundaries,  pure  edge,  mixed  and  screw  dislocations) 
present  in  the  films  of  the  first  type  (A).  The  films  of  the  seeond  type  (B)  were  found  to  be  free 
from  inversion  domains  and  with  low  (down  to  10^  cm‘)  density  of  screw  and  mixed  type 
dislocations.  Here  low-angle  tilt  sub-grain  boundaries  and  associated  with  them  threading  edge 
dislocations  (density  -  10'”  cm  '^)  were  found  to  be  the  main  defects. 

Fig.  1  (a)  shows  the  typical  cross-sectional  TEM  image  of  an  A-type  GaN  film  grown  on 
basal  plane  of  sapphire.  The  image  was  taken  under  g=0002  weak  beam  dark  field  conditions 
near  the  [1  210]^^^  zone.  It  clearly  shows  the  ~  10  nm  size  columnar  domain  (marked  by  an 
arrow).  From  the  cross-sectional  TEM  micrographs,  the  density  of  these  pipe-type  domains  was 


calculated  to  be  about  10^  cm  I  We  carried  out  multiple  dark  field  TEM  studies  of  these  domains 
[10].  They  showed  inversion  of  the  contrast  in  the  images  formed  under  the  0002^^^^  and 
^matrix  reflections  (near  the  [12  10]^^^  zone)  which  established  them  to  be  domains  of  the 
opposite  with  respect  to  the  matrix  polarity.  To  determine  the  absolute  polarity  of  the  ID  and  the 
matrix  material,  we  carried  out  calculations  of  intensities  of  different  diffraction  beams  for  the 
[1210]  zone  of  GaN  wurtzite  crystal  structure  as  a  function  of  specimen  thickness.  In  our 
calculations,  we  assumed  that  the  positive  [0001]  direction  of  the  structure  corresponds  to  the 


Fig.  1 

(a)  Weak  beam  dark 
field  cross-sectional 
TEM  image  of  a  GaN 
film  grown  on 
sapphire.  The  arrow 
indicates  the  inversion 
domain.  The  image  is 
takOT  near  the 

[11 20]^^  zone. 

(b)  Schematic  represen¬ 
tation  of  a  GaN  crystal 
structure  viewed  in 
[1120]  direction. 


Ga-N  bond  as  it  is  shown  in  the  schematic  representation  of  the  GaN  crystal  structure  in  the  Fig. 
1  (b).  The  plots  in  Fig.  2  (a,  b)  show  the  calculated  intensity  vs,  crystal  thickness  for  0002  and 
1011  GaN  beams,  respectively.  The  calculations  were  done  for  the  reflections  belonging  to  the 
[1210]  zone  of  GaN,  no  tilt  was  introduced  into  the  calculations.  The  intensity  of  0002 
reflection  for  sample  thickness  in  the  range  of  100  A  is  about  an  order  of  magnitude  higher  than 
that  of  the  opposite  0002  beam  (Fig  2  a).  For  the  othe£  reflection  (Fig.  2  (b)),  there  is  again  an 
order  of  magnitude  difference  in  intensity  between  [101  1  ]  and  [1011]  beams,  the  former  being 
stronger  in  regions  about  100  A  thick,  the  latter  being  stronger  for  about  200  A  sample 
thickness.  Similar  plots  were  calculated  for  different  diffracted  beams  of  the  GaN  [1 2 10]  zone 
with  and  with  out  introduction  of  ^1  mrad  tilt.  Hence,  for  the  thinnest  (below  140  A)  regions  jsf 
GaN  we  expect  to  obtain  higher  intensity  of  0002  CBED  disc  as  compared  to  the  opposite  000  2 . 

We  studied  the  polarity  of  many  device-quality  films  grown  by  MOCVD  and  it  was 
found  that  the  layers  had  Ga-polarity  (according  to  schematic  representation  shown  in  the  Fig.  1 
(b)).  In  each  case,  we  took  the  HRTEM  images  along  with  the  CBEDs  in  order  to  determine  the 
thickness  of  the  sample  and  made  sure  that  it  was  below  the  thickness  (-  140  A)  where  dynamic 
diffraction  could  give  confusing  results.  As  we  have  previously  found,  the  samples  containing 
IDs  have  Ga-face  polarity.  The  CBED  patterns  and  HRTEM  images  were  obtained  for  adjacent 
areas  inside  and  outside  of  the  pipe-like  domains.  The  results  of  our  study  are  presented  in  Fig. 
3.  The  small  probe  (about  3  nm  in  diameter)  was  used  to  obtain  CBEDs  outside  (Fig.  3,  a)  and 
inside  (Fig.  3,  b)  of  the  inversion  domain  shown  in  Fig.  3  (c).  The  intensity  of  one  <0002>  type 
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Fig.  2.  Calculated  jntensities  (arbitrary  units)  of  <0002>  and  <1011>  beams  vs.  sample 
thickness  (A)  for  [1  2  10]  zone  of  wurtzite  GaN  crystal  structure. 


Fig.  3.  CBED  patterns  obtained  from  (a)  the  GaN  matrix;  and  (b)  the  inversion  domain  ID.  The 
TEM  image  of  the  corresponding  area  of  the  cross-sectional  GaN  sample  is  shown  in  (c). 
Positions  of  the  electron  beam  for  taking  the  CBEDs  are  shown  by  circles.  White  arrow  indicates 
the  direction  of  film  growth. 

CBED  disk  in  matrix  diffraction  pattern  is  much  higher  than  that  of  the  opposite  disk.  The 
comparison  of  the  experimental  HRTEM  images  taken  in  this  particular  place  of  the  sample  with 
results  of  our  simulations  [9]  allowed  us  to  estimate  the  thickness  of  the  GaN  layer  to  be  about 
70-90  A.  From  the  graph  in  Fig.  2  (a)  for  this  thickness  region,  we  c^  see  that  the  intensity  of 
0002  beam  is  much  stronger  than  that_of  0002.  The  intensity  of  10  1  1  beam  from  Fig.  2  (b)  is 
much  higher  then  the  intensity  of  10  1  1  beam.  The  distribution  of  intensities  of  CBED  discs  in 
Fig.  3  (a)  confirms  that  the  positive  [0002]^^^^,^.^  direction  of  GaN  matrix  is  directed  along  the 
growth  axis  of  the  film  (indicated  by  a  white  arrow  in  Fig.  3  (c)).  The  CBED  pattern  taken  inside 
the  ID  shows  that  the  positive  [0002],,^  direction  is  opposite  to  the  axis  of  growth.  The  simulated 
CBED  pattern  with  indexed  reflections  calculated  for  the  GaN  thickness  of  80  A  is  .shown  in  Fig. 
4,  which  is  in  a  good  agreement  with  the  experimental  result  (Fig.  3  (a)).  It  should  be  noted,  that 


the  effect  of  small  tilt  (within  1  mrad)  can  produce  slight  variation  in  distribution  of  intensities 
of  CBED  disks.  Nevertheless,  general  tendencies  in  the  intensity  vs.  thickness  curves  remain  the 
same.  The  study  was  repeated  on  many  IDs  found  in  several  GaN  films. 


Fig.  4.  Simulated  convergent  beam  electron 
diffraction  pattern  obtained  for  80  A  thickness 
of  the  [1210]  zone  of  GaN  wurtzite  structure. 
The  reflections  are  indexed. 


In  accordance  with  our  previous  studies  [8,  10]  in  unipolar  (Ga-polar)  films  the  major 
defects  were  found  to  be  edge  dislocations  with  the  Burgers  vector  b=l/3[1120]  primarily 
associated  with  low  angle  tilt  sub-boundaries.  No  inversion  domains  were  observed  in  these 
layers.  The  different  type  of  microstructure  is  correlated  with  the  presence  of  inversion  domains 
of  N-polarity.  These  films  were  found  [10]  to  have  approximately  same  density  (about  10®  cm^) 
of  all  extended  defects  present  in  the  layers  such  as:  screw,  mixed  and  edge  dislocations,  IDs  and 
basal  stacking  faults.  We  have  also  studied  the  influence  of  the  layer  polarity  on  surface 
roughness  and  to  establish  the  relative  rates  of  growth  for  different  polarities.  There  are 
observations  of  flat  and  rough  (grainy)  surfaces  in  the  case  of  Ga-polar  GaN  films  containing  no 
IDs,  and  pyramidal-type  surfaces  for  N-polar  GaN  films  [11].  Based  on  the  experimental 
observations,  the  N-polar  GaN  surface  was  suggested  to  grow  slower  than  the  Ga-polar  one  [11]. 
This  could  also  explain  the  observation  of  nanotubes  in  III-V  materials  as  N-polar  domains  grow 
slower  than  the  surrounding  Ga-polar  matrix  and  after  certain  thickness  leaves  empty  tubes  [4, 
12,  13].  However,  in  our  study,  films  were  observed  to  be  of  Ga-polarity  containing  N-polar 
IDs.  The  surface  of  these  ID-containing  films  was  observed  to  be  either  rough  with  gaps  and 
hillocks  up  to  200  nm  or  smooth  within  2  nm  range  depending  upon  the  growth  conditions  [10]. 
Rough  GaN  films  mostly  showed  the  presence  of  N-polar  inversion  domain  just  in  the  middle  of 
a  hillock.  In  the  smooth  ID-  containing  films,  the  IDs  were  threading  through  the  whole  layer 
thickness  ending  at  the  top  surface.  Thus,  from  our  observations  we  can  conclude  that  the 
dependence  of  the  growth  rate  vs.  surface  polarity  of  GaN  can  itself  be  a  function  of  growth 
conditions  such  as  growth  temperature  and  IIIW  flux  ratio. 


Conclusions 


We  have  established  the  predominance  of  the  Ga-polarity  studying  device-quality 
MOCVD  films.  The  films  are  either  unipolar,  or  contain  thin  N-polar  pipe-like  domains  with  the 
diameter  of  10  -  30  nm.  The  polarity  of  thin  areas  of  the  III-V  nitride  samples  has  been 
determined  by  studying  the  distribution  of  intensities  of  the  diffraction  in  high-symmetry  CBED 
patterns.  The  CBED  patterns  lose  inversion  symmetry  due  to  dynamic  scattering  and  become  in 
fact  fingerprints  of  the  structure  carrying  information  about  crystal  polarity.  The  thickness  of  the 


sample  can  be  estimated  by  comparing  the  experimental  HRTEM  images  taken  at  the  same 
places  as  CBEDs  with  results  of  multislice  image  simulations.  The  polarity  of  the  layers  was 
correlated  with  the  surface  roughness.  The  Ga-face  polar  films  containing  IDs  showed  high 
(about  10’  cm^)  density  of  edge  as  well  as  screw  dislocations  randomly  distributed  throughout 
the  layer,  while  the  unipolar  (Ga-polar)  films  had  predominantly  b=l/3[1120]  dislocations  (of 
about  10'"  cm'^  density)  associated  with  low-angle  tilt  sub-grain  boundaries.  Finally,  from  our 
observations  of  Ga-polar  films  with  inclusions  of  IDs  having  both  smooth  (±  2  nm)  and  rough  (± 
200  nm)  surfaces,  we  envisage  that  the  ratio  of  growth  rates  of  different  polarities  in  Group  III 
nitride  films  depends  upon  the  growth  conditions  determining  the  overall  film  growth  velocity. 
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ABSTRACT 

The  dissociation  channels  of  two  prominent  bound  exciton  complexes  in  wurtzite  GaN 
thin  films  are  determined  via  an  extensive  temperature  dependent  photoluminescence  study. 
The  shallow  donor  bound  exciton  dissociation  at  low  temperatures  (T  <  50  K)  is  found  to  be 
dominated  by  the  release  of  a  free  exciton  with  thermal  activation  energy  consistent  with  the 
exciton  localization  energy.  At  higher  temperatures  a  second  dissociation  channel  with 
activation  energy  Ea  =  28  ±  2  meV  is  observed.  The  dissociation  of  a  bound  exciton  complex 
with  exciton  localization  energy  E^ioc  =11.7  meV  is  also  dominated  by  the  release  of  a  free 
exciton.  In  contrast  to  previous  studies  evidence  is  presented  against  the  hypothesis  of  this 
emission  being  due  to  the  exciton  bound  to  an  ionized  donor.  We  find  that  it  originates  most 
likely  from  an  exciton  bound  to  a  neutral  acceptor. 

INTRODUCTION 

Recent  progress  in  the  epitaxial  growth  of  high  quality  GaN  materials  has  permitted  the 
observation  of  new  photoluminescence  (PL)  emissions.  Although  some  of  these  new 
transitions  have  been  positively  identified,  ^2  broad  PL  linewidths  preclude  the  definitive 
identification  of  other  emissions.  A  bound  exciton  emission  located  ~12  meV  below  the  free 
exciton  is  an  example  of  such  emission.  This  emission  has  been  identified  as  a  neutral 
acceptor-bound  exciton  (A°,X)3’4  or  a  neutral  donor-bound  exciton  (D®,X)5  and  more  recently 
was  assigned  to  an  ionized  donor-bound  exciton  (D'^,X).67  The  identification  of  the  various 
emissions  in  GaN  is  essential  to  understanding  and  improving  device  performance  via  better 
dopants  and  more  efficient  luminescence. 

The  temperature  dependence  of  the  PL  intensity  of  a  bound  exciton  complex  can  be 
used  to  identify  the  kinetics  of  its  thermal  dissociation,  and  thus  to  provide  a  valuable  insight 
into  the  origin  of  this  complex.  The  main  channel  of  thermal  decay  is  the  one  with  the  least 
activation  energy,  Ea.  In  the  case  of  a  neutral  donor-bound  exciton  complex  in  GaN  the 
exciton  delocalization  from  the  neutral  donor  (E ^  ~  6  meV)  is  likely  to  be  the  minimum- 
energy  dissociation  channel  of  that  complex.  Temperature  dependent  photoluminescence 
studies  have  been  employed  previously  to  investigate  neutral  donor-bound  exciton  emissions  in 
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GaN  and  other  materials. However,  there  exists  some  discrepancy  in  the  reported  values 
for  the  delocalization  energy  of  the  exciton  bound  to  a  neutral  donor.  The  PL  temperature 
study  can  be  also  used  to  clarify  the  origin  of  the  bound  exciton  emission  with  E^oc  =  1 1 .7 
meV,  which  we  call  Ix  emission.  If  this  emission  is  due  to  the  ionized  donor-bound  exciton 
complex  the  minimum-energy  dissociation  is  expected  to  proceed  through  the  break-off  of  a 
loosely  bound  hole,  and  thus  the  thermal  activation  energy  equals  the  binding  energy  of  the 
hole.  On  the  other  hand,  if  the  Ix  emission  originates  from  a  neutral-impurity-center,  the 
exciton  delocalization  is  expected  to  be  the  lowest  energy  channel  for  thermal  dissociation. 

EXPERIMENT 

We  report  on  two  lightly  Si-doped  GaN  samples,  each  grown  on  (0001)  sapphire  with 
~20  nm  -thick  GaN  buffer  by  metalorganic  chemical  vapor  deposition  (MOCVD).  Sample  A 
has  a  GaN  layer  thickness  of  3.3  pm  and  was  highly  resistive.  Sample  B  has  an  epilayer 
thickness  of  2  pm  and  a  room  temperature  (RT)  carrier  concentration  of  n  =  6.3xl0’^  cm  ^  as 
determined  by  Hall  measurements. 

PL  spectra  were  obtained  using  the  325  nm  line  (3.815  eV)  of  a  cw  He-Cd  la.ser  focused 
to  -300  pm  diameter  resulting  in  -0.5  W/cm^  excitation  power  density.  Samples  were  cooled 
to  liquid-helium  temperatures  in  a  variable  temperature  (1.5  -  300  K)  liquid-helium  optical 
cryostat.  The  PL  signal  was  dispersed  by  a  0.85-m  double  spectrometer  providing  accuracy  of 
0.01  nm,  and  detected  by  a  cooled  S-20  photomultiplier  tube  operating  in  photon-counting 
mode. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  the  low  temperature  PL  emissions  from  both  samples.  Free  exciton 
(FE,X)  emissions  are  identified  by  their  PL  intensity  being  insensitive  to  the  temperature 
compared  to  the  bound  exciton  emissions  (D”,X)  and  Ix  (see  Figure  2).  (D”,X)  emission  is 
identified  by  its  well  known  spectral  position  -6  meV  below  the  A-band  free  exciton  (FEa,X). 

Sample  B  shows  a  (FEa,X)  emission  and  a  dominant  (D°,X)  emission  originating  from 
neutral  Si  donors.  Sample  A  also  exhibits  these  two  emissions.  However  their  absolute 
position  is  blue-shifted  by  -2.5  meV  in  comparison  with  Sample  B.  This  is  likely  due  to  the 
difference  in  the  degree  of  the  residual  stress.  Sample  A  also  exhibits  two  additional  emissions: 
a  B-band  free  exciton  (FEb,X)  (very  weak  in  Sample  B)  and  a  strong  emission  line  labeled  Ix  at 
3.4735  eV,  which  is  located  at  11.7  meV  below  the  A-band  free  exciton  line  (P^a^X).  The  Ix 
emission  is  marked  by  a  strong  LO-phonon  replica  at  3.382  eV,  indicating  a  strong  electron- 
phonon  coupling.  We  determine  an  LO-phonon  energy  of  7?colo  =  91.5  meV,  consistent  with 
the  literature.'  •  In  Sample  A  the  first  excited  state  (25  state)  of  the  A-band  exciton  is  observed 
at  3.5035  eV,  as  also  shown  on  Figure  1.  The  positive  identification  of  this  emission  was 
confirmed  by  a  magneto-spectroscopy  study  which  will  be  published  elsewhere.  From  the 
energy  separation  between  15  and  25  states  we  can  determine  the  free  exciton  binding  energy 
in  the  Coulomb  potential  approximation:  E\  =  4/3x(E2s  -  E^^)  =  24.4  +  0.5  meV,  consistent 
with  other  reports. 2 

To  assess  the  temperature  variation  of  the  integrated  intensity  of  the  (D^,X)  and  Ix 
emissions  all  strong  near-bandedge  lines  have  been  fitted  with  Gaussian  lineshapes  (.see  Figure 
1).  The  low-energy  tails  of  the  (D^,X)  and  Ix  emissions  were  disregarded  during  fitting; 
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Figure  1.  Low-temperature  PL  spectra  of  Samples  A  and  B.  Sample  A  is  marked  by  a 
strong  emission  Ix  at  3.473  eV.  Dashed  lines  represent  the  fit  with  gaussian  lineshapes  (dotted 
lines).  Strong  LO-phonon  replica  of  the  Ix  emission  is  observed  at  3.382  eV.  Transition  at 
3.5035  eV  is  due  to  the  first  excited  state  of  the  A-bandfree  exciton. 


importantly  this  does  not  change  the  character  of  their  temperature  dependence.  A  two-channel 
dissociation  Arrhenius  model  was  used  to  fit  the  temperature  dependence  of  the  PL  integrated 
intensity  of  the  (D'^,X)  emission  in  Sample  B: 

^ _  (1) 

l  +  C,xexp(-^)  +  C,xexp(-^) 

where  I(T)  and  1(0)  are  the  integrated  intensities  of  the  (D°,X)  emission  at  temperature  T  and  0 
K,  respectively,  Eia  and  E2A  are  activation  energies  and  Ci,  C2  are  constants. 

The  temperature  dependence  of  Ix  emission  was  analyzed  using  a  single-channel 
dissociation  Arrhenius  model: 
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Figure  2  shows  the  temperature  dependence  of  the  integrated  intensity  of  the  (FEa,X), 
(D°,X)  and  Ix  emissions,  together  with  the  results  of  the  fitting.  As  shown,  the  temperature 
dependence  of  the  (D°,X)  emission  in  Sample  B  is  well  described  with  the  two-channel 
dissociation  model  of  Eq.  (1).  We  obtain  activation  energies  Eia  =  5.9  ±  0.2  meV  and  E2A  =  28 
±  2  meV.  The  activation  energy  Eia  is  in  excellent  agreement  with  the  energy  of  exciton 


localization  on  a  shallow  donor  E^ioc  =  6.2  ±  0.4  meV  (see  Figure  1).  The  temperature 
dependence  of  the  (D°,X)  emission  in  Sample  A  (fitted  with  a  single-channel  dissociation 
model  due  to  a  limited  temperature  range)  exhibits  thermal  activation  energy  Fa  =  5.6  ±  0.3 
meV,  which  is  also  in  a  very  good  agreement  with  the  exciton  localization  energy  and  the  value 
of  Fia  in  Sample  B.  Therefore,  we  conclude  that  the  dominant  channel  of  thermal  dissociation 
for  the  (D®, X)  complex  at  low  temperatures  (T  <  50  K)  is  the  release  of  a  free  exciton. 
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Figure  2.  Temperature  dependence  of  the  integrated  PL  intensity  of  (FEa,,X)  emission 
(Samples  A  and  B),  (D^,X)  emission  (Samples  A  and  B),  and  Ix  emission  (Sample  A).  The  plots 
are  vertically  displaced  for  the  convenience  of  viewing.  Dotted  and  dashed  lines  represent  fits 
with  Eq.  (1)  and  Eq  (2),  respectively. 


At  higher  temperatures  another  thermal  dissociation  channel  with  activation  energy  E2A 
=  28  meV  is  clearly  observed  (see  Figure  2).  The  second  dissociation  channel  may  be  due  to 
the  decay  of  the  (D*^,X)  complex  via  simultaneous  exciton  delocalization  and  exciton 
dissociation  with  activation  energy  E2A  =  E^b  +  E^ioc  =  30  meV.12  Alternatively,  a  neutral 
donor  ionization  process,  with  activation  energy  E2A  =  Ed  =  29  meV,'^  may  also  affect  the  PL 
intensity  of  the  (D”,X)  emission,  since  it  reduces  the  number  of  the  neutral-donor  centers  to 
which  photo-excited  excitons  can  bind  to  form  the  (D®,X)  complexes.^  A  detailed  study  of 
exciton  kinetics  is  required  to  determine  which  of  these  two  channels  governs  the  temperature 
dependence  of  the  (D",X)  emission  at  higher  temperatures. 

The  temperature  dependence  of  the  Ix  emission  is  well  fit  by  Eq.  (2)  in  the  experimental 
temperature  range,  resulting  in  Ea  =  10.7  +  0.6  meV.  This  activation  energy  is  very  close  to  the 
exciton  localization  energy  of  the  Ix  complex:  E^ioc  =11.7  meV.  This  indicates  that  the  Ix 
bound  exciton  complex  dissociates  by  releasing  a  free  exciton,  similar  to  the  (D^,X)  complex. 

It  has  been  suggested  that  the  Ix  emission  is  due  to  the  exciton  bound  to  the  ionized 
donor.^’^  The  (D'^,X)  complex  is  more  stable  in  systems  with  a  smaller  ratio  of  the  electron  and 


hole  effective  mass  a  =  me/mh.^"^  Maintaining  the  hole  bound  to  the  donor  is  the  weak  link  in 
the  stability  of  the  (D‘*',X)  complex.  A  somewhat  similar  situation  was  reported  in  GaP*^  where 
the  thermal  release  of  the  hole  was  favored  over  the  exciton  delocalization  for  isoelectronic 
traps. 

We  can  estimate  the  binding  energy  of  the  hole  in  the  current  system  by  evaluating  the 
electron-hole  mass  ratio,  o.  From  the  value  of  the  free  exciton  binding  energy  the  exciton 
reduced  mass  can  be  estimated  to  be  p*  =  •  mPh)/(mPe  +  m^)  =  0.162.  Here  all  masses  are 

taken  to  be  polaron  masses  due  to  the  strong  electron-phonon  interaction  in  GaN.  Taking  the 
electron  polaron  mass  m^e  =  0.22^6,  we  find  the  hole  polaron  mass  m^h  =  0.61  and  =  0.36. 
Since  the  value  of  is  smaller  than  Gcrit.  =  0.43, the  (D^,X)  complex  is  theoretically  allowed 
in  GaN.  The  hole  binding  energy  can  be  now  estimated  in  the  approximation  of  the  Coulomb 
potential  using  the  Figure  1  of  Skettrup  et  To  find  an  upper  hmit  for  the  hole  binding 
energy  we  take  a  value  of  the  electron-hole  mass  ratio:  a  =  0.3,  which  is  more  favorable  for  the 
existence  of  the  (D'^,X)  complex.  Let’s  denote  a  neutral  donor  energy  level  Ed  (Ed  =  29 
meV^^)  and  ionized  donor-bound  exciton  energy  level  E(d‘^,x)*  Then  from  the  Figure  1  of 
Skettrup  we  obtain  (E(d^x)  -  Ed)/Ed  =1%  which  yields  a  hole  binding  energy  of  Eh  =  E(d^,x)- 
Ed  =  0.3  meV.  Since  the  distance  between  hole  and  donor  can  be  estimatedi"^  at  -120  A  for  a  = 
0.3  and  the  sum  of  the  polaron  radii  for  electron  and  hole  is  -20  A  in  GaN,  the  electron-phonon 
interaction  is  not  expected  to  affect  the  hole  binding  energy  significantly.  We  may,  therefore, 
conclude  that  the  thermal  dissociation  of  the  (D^,X)  complex  in  GaN  proceeds  via  the  release 
of  a  free  hole,  with  very  small  activation  energy  Ea  ^  1  meV,  which  should  make  the 
observation  of  this  complex  possible  only  at  very  low  temperatures. 

The  results  of  Figure  2  for  the  Ix  emission  do  not  exhibit  Ea  =  1  meV ;  indeed  we 
determine  Ea  =  10.7  meV.  It  is  therefore  very  unlikely  that  Ix  emission  originates  from  a 
(D'",X)  complex.  Since  Ea  =  E\c  =11.7  meV  the  main  channel  of  dissociation  for  the  Ix 
emission  should  be  release  of  a  free  exciton,  which  is  consistent  with  the  neutral  impurity- 
bound  exciton  model.  Since  the  Ix  emission  indicates  a  strong  coupling  to  LO-phonons, 
contrasting  the  (D°,X)  emission  in  our  samples,  we  believe  that  it  originates  from  a  neutral 
acceptor-bound  exciton.  This  hypothesis  is  also  consistent  with  the  fact  that  strong  Ix  emission 
is  observed  only  in  highly  compensated  samples.  We  can  estimate  the  binding  energy  of  this 
acceptor  using  Haynes’  rule  which  has  been  shown  to  be  valid  for  acceptors  in  GaN^^:  Eb  = 
E’^Ioc/O.I  =  120  meV.  Therefore  the  free-to-bound  (e,  A”)  transition  involving  this  shallow 
acceptor  can  be,  in  principle,  observed  around  3.390  eV.  Unfortunately  the  observation  of  (e, 
A°)  emission  is  Likely  to  be  masked  by  the  strong  LO-phonon  replica  of  the  (FEa,X)  emission  at 
3.393  eV.  The  existence  of  such  a  shallow  acceptor  (Eb  =120  meV)  in  GaN  would  be 
significant  since  it  would  provide  a  more  effective  p-type  dopant. 

CONCLUSIONS 

In  summary,  our  temperature  study  of  the  shallow  bound  exciton  emissions  in  GaN 
shows  that  the  activation  energy  of  thermal  dissociation  of  the  (D^,X)  complex  at  low 
temperatures  (T  <  50  K)  is  in  good  agreement  with  the  exciton  locahzation  energy,  thereby 
proving  that  at  low  temperatures  the  main  dissociation  channel  of  shallow  bound  exciton 
complexes  in  GaN  is  the  release  of  a  free  exciton.  At  higher  temperatures  a  second  dissociation 
channel  is  clearly  observed,  which  may  be  due  to  the  process  of  simultaneous  exciton 
delocalization  and  dissociation  and/or  neutral  donor  ionization.  An  analysis  of  the  thermal 
stability  of  the  ionized  donor-bound  exciton  leads  to  the  conclusion  that  the  least-energy 
thermal  decay  of  this  complex  should  proceed  via  the  release  of  a  free  hole,  with  a  very  small 


activation  energy  Ea  ^  1  meV.  This  contradicts  the  results  of  our  temperature  study  for  the 
bound  exciton  emission  with  E^ioc.  =  11.7  meV,  for  which  we  find  the  thermal  activation  energy 
Ea  =  10.7  meV.  Therefore,  the  assumption  of  this  emission  being  due  to  the  exciton  bound  to 
an  ionized  donor  is  not  valid.  Since  the  thermal  activation  energy  and  localization  energy  are 
in  good  agreement  for  this  emission,  similarly  to  the  case  of  the  (D^,X)  emission,  we  conclude 
that  it  originates  from  an  exciton  bound  to  a  neutral  impurity  -  most  likely  a  neutral  acceptor. 
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ABSTRACT 

Single  and  multi-mode  room  temperature  laser  action  was  observed  in  GaN  pyramids 
under  strong  optical  pumping.  The  5-  and  1 5-micron- wide  hexagonal-based  pyramids  were 
laterally  overgrown  on  a  patterned  GaN/AlN  seeding  layer  grown  on  a  (11 1)  silicon  substrate  by 
metal-organic  chemical  vapor  deposition.  The  pyramids  were  individually  pumped,  imaged,  and 
spectrally  analyzed  through  a  high  magnification  optical  system  using  a  high  density  pulsed 
excitation  source.  We  suggest  that  the  cavity  formed  in  a  pyramid  is  of  a  ring  type,  formed  by 
total  internal  reflections  of  hght  off  the  pyramids'  surfaces.  The  mode  spacing  of  the  laser 
emission  was  found  to  be  correlated  to  the  size  of  pyramids.  The  effects  of  pyramid  geometry 
and  pulse  excitation  on  the  nature  of  laser  oscillations  inside  of  the  pyramids  is  discussed. 
Practical  applications  of  the  results  for  the  development  of  light-emitting  pixels  and  laser  arrays 
are  suggested. 

INTRODUCTION 

GaN  and  GaN-based  heterostructures  have  been  extensively  studied  due  to  their  potential 
apphcations  in  the  UV-blue  spectral  region^  in  a  wide  temperature  range.^"*  The  success  in 
fabrication  of  long  lifetime  cw  edge-emitting  laser  diodes  (LDs)  was  largely  due  to  a  significant 
reduction  in  defects  attained  by  using  laterally  grown  GaN  on  sapphire  substrates.^  The  selective 
growth  of  wide  bandgap  semiconductors  is  believed  to  be  one  of  the  most  important  methods  to 
realize  high  performance  LDs  in  the  short  wavelength  region.^’’  However,  because  of  the  large 
physical  dimensions  of  their  resonator  cavities  (several  hundred  microns),  traditional  edge- 
emitting  lasers  may  only  be  used  for  constructing  one-dimensional  arrays.  On  the  other  hand, 
surface-emitting  lasers  or  micro  structure-based  lasers^  (with  a  typical  cavity  of  a  few  microns) 
could  potentially  be  used  for  the  development  of  two-dimensional  laser  arrays.  In  this  work  we 
demonstrate  single-mode  and  multi-mode  room  temperature  (RT)  laser  action  in  two- 
dimensional  arrays  of  hexagonal  GaN  pyramids  grown  on  (111)  Si  by  the  selective  lateral 
overgrowth  technique.  We  show  that  the  geometry  of  each  pyramid  allows  the  formation  of  a 
high-fmesse  cavity  through  the  utilization  of  total  internal  reflection  inside  of  the  pyramids. 

EXPERIMENT 

Samples  used  in  this  study  were  grown  by  low-pressure  metal-organic  chemical  vapor 
deposition  (MOCVD).  First,  a  O.lO-pm-thick  AIN  buffer  layer  was  deposited  on  the  Si  wafer  and 
the  GaN  layer  was  subsequently  grown  resulting  in  a  thickness  of  about  0.15  pm.  To  prepare 
samples  for  selective  growth,  a  0.1-pm-thick  Si3N4  masking  layer  was  deposited  on  the  wafer  by 
plasma-enhanced  chemical  vapor  deposition.  Arrays  of  openings  were  created  by 

G6.48 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  537  ©  1999  Materials  Research  Society 


photolithography  and  reactive  ion  etching.  The  openings  were  arranged  in  a  hexagonal  pattern 
with  a  20  pm  spacing  and  the  average  diameter  of  the  openings  ranged  from  2  to  5  pm 
depending  on  the  size  of  pyramids  to  be  grown.  GaN  growth  was  then  performed  in  the  MOCVD 
reactor  with  the  ammonia  flow  set  at  1.8  slm  and  the  triethylgallium  (TEG)  flow  varying  1.9  to 
5.3  pmol/min  over  the  course  of  3  hours  at  a  temperature  of  1050  ”C.  The  smaller  TEG  flow  for 
the  initial  growth  was  used  to  avoid  nucleation  on  the  mask.  The  growth  conditions  are  described 
elsewhere^  in  more  detail.  The  result  of  the  selective  lateral  overgrowth  was  a  two-dimensional 
array  of  GaN  pyramids.  A  scanning  microscope  image  (SEM)  image  of  one  of  the  samples  is 
shown  in  Fig.  1.  The  base  diameter  of  the  pyramids  was  estimated  to  be  about  5  and  15  pm  for 
the  two  different  arrays  of  pyramids,  which  is  considerably  larger  than  corresponding  2  and  5  pm 
openings  in  the  mask,  indicating  substantial  lateral  growth  of  the  pyramids.  Transmission 
electron  microscope  pictures  revealed  a  drastic  reduction  in  defect  densities. 

The  samples  were  mounted  on  a  translation  stage  that  allowed  3-D  positioning  of  the 
sample  with  ~1  micron  resolution.  The  third  harmonic  of  an  injection-seeded  Nd:YAG  laser  was 
used  as  the  pumping  source.  The  pulse  width  of  the  laser  was  varied  from  5  to  25  ns  by  changing 
the  Q“Switch  delay.  The  laser  beam  was  focused  to  a  diameter  of  4  pm  through  a  microscope 
objective.  The  laser  light  intensity  was  attenuated  continuously  using  a  variable  neutral  density 
filter.  This  study  was  performed  in  a  surface  emitting  geometry  where  emission  from  the  sample 
was  collected  through  the  same  microscope  objective  in  the  direction  normal  to  the  sample 
surface. 


FIG.  1.  SEM  image  of  GaN  pyramids  with  a  15  pm  wide  hexagonal  base, 
grown  on  a  (1 1 1)  Si  substrate  by  selective  lateral  overgrowth. 

The  details  of  the  experimental  configuration  are  described  elsewhere.'®  This  allowed  us 
to  pump,  image,  and  spectrally  analyze  emission  from  separate  pyramids. 


RESULTS  AND  DISCUSSION 


The  RT  emission  spectra  at  different  pump  densities  (~20-ns-pulses)  near  the  lasing 
threshold  for  the  15-jxm-wide  pyramids  are  shown  in  Fig.  2.  At  excitation  densities  below  the 
lasing  threshold,  only  a  spontaneous  emission  peak  with  a  full  width  at  half  maximum  (FWHM) 
of  approximately  14  nm  is  present.  The  energy  position  as  well  as  the  spectral  width  of  the  peak 
are  very  similar  to  that  observed  from  high-quality  single-crystal  GaN  epilayers.^^  As  the  pump 
density  is  increased  to  values  slightly  above  the  lasing  threshold,  a  very  narrow  peak  with  a 
FWHM  of  less  than  0.3  nm  appears  on  the  low  energy  side  of  the  spontaneous  emission  peak. 
Note  that  the  FWHM  of  the  stimulated  emission  peak  in  high-quality  GaN  epilayers  is  typically 
2  nm  at  RT.  The  intensity  of  the  peak  shown  in  Fig.  2  increases  superlinearly  with  excitation 
power.  Both  drastic  narrowing  of  the  spectra  and  the  superlinear  increase  of  intensity  suggest 
that  we  observe  single-mode  laser  action  in  the  pyramids.  The  lasing  threshold  corresponds  to 
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FIG.  2.  Emission  spectra  of  a  pyramid  under  different  levels  of  optical 
pumping  above  and  below  the  lasing  threshold  at  RT.  At  pump 
densities  below  the  lasing  threshold  only  a  14-nm-wide 
spontaneous  emission  peak  is  present  whereas  at  excitation  levels 
above  the  lasing  threshold  a  narrow  single-mode  laser  peak  of  less 
than  0.3  nm  FWHM  is  observed. 


an  incident  pump  density  of  several  MW/cm^.  However,  most  of  the  pump  beam  scatters  off  the 
pyramid  surface.  In  order  to  estimate  the  coupling  coefficient  of  the  pump  beam  one  has  to 
consider  the  surface  roughness  and  geometry  of  each  specific  pyramid. 

For  short  excitation  pulses  it  was  also  possible  to  observe  multi-mode  laser  action  in  GaN 
pyramids,  as  shown  in  Fig.  3.  In  the  case  of  the  IS-pm  wide  pyramids  (Fig.  3a)  the  average  mode 
spacing  was  estimated  to  be  0.89  nm  which  corresponds  to  the  perimeter  of  58  pm  for  either  a 
ring  or  standing-wave  cavity  (we  assume  n^.  =  n  -  dn/dA  =  2.65  for  the  effective  refractive 
index  of  GaN  at  370  nm,  taken  from  Ref. [12]).  For  5-pm  wide  pyramids  (Fig.  3b)  the  mode 
spacing  increased  to  approximately  2.2  nm  which  corresponds  to  a  23  pm  in  cavity  perimeter.  In 
both  cases  the  perimeter  of  the  cavity  appears  to  be  several  times  larger  than  the  diameter  of  the 
pyramid  base.  This  result  suggests  that  the  photon  flux  propagating  in  the  cavity  undergoes 
several  {N  >  4)  reflections  inside  of  the  pyramid  prior  to  completing  one  round  trip.  The 
difference  in  mode  spacing  for  the  two  pyramids  could  be  explained  by  the  difference  in  their 
physical  dimensions. 

To  understand  the  geometry  of  the  cavity  formed  inside  of  a  pyramid  we  have  to  consider 
the  limited  penetration  depth  of  the  pump.  We  expect  that  the  gain  region  can  only  lie  in  the 
vicinity  of  the  surface  rather  than  deep  in  the  body  of  the  pyramid.  The  existence  of  a  highly 
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FIG.  3.  Multi-mode  laser  action  in  (a)  15-pm-wide  and  (b)  5-pm-wide 
pyramids.  The  mode  spacing  corresponds  to  a  cavity  perimeter  of 
58  and  23  pm,  respectively. 


modulated  lasing  spectrum  shown  in  Fig.  3a  with  such  a  short  gain  region  suggests  there  are  very 
small  losses  associated  with  cavity  mirror  reflectivity  and  absorption  at  the  lasing  wavelength. 
For  multiple  reflections,  only  highly  reflective  mirrors  could  provide  a  reasonable  optical 
feedback.  Under  normal  incidence,  a  GaN-air  interface  reflects  back  approximately  R  =  0.2  of 
the  incident  signal.  Having  N  near-normal  reflections  will  result  only  in  <  10'^  (for  A^>  4)  of 
the  transmitted  signal  after  one  round  trip  in  the  cavity,  which  would  require  unrealistically  high 
gain  in  a  standing  wave  cavity  with  normally  oriented  end  mirrors.  Therefore,  the  cavity  inside 
of  the  pyramid  is  most  likely  of  a  ring  type  formed  by  total  internal  reflections  off  the  pyramid 
surfaces.  This  cavity  could  potentially  lead  to  a  large  build-up  of  the  electric  field  in  the  pyramid. 
The  collected  emission  from  the  sample  is  believed  to  be  only  a  scattered  fraction  of  this  field,  as 
in  the  case  of  scattered  stimulated  emission  observed  in  GaN  epilayers.^^ 

We  further  note  that  the  pyramids  used  in  this  work  are  of  much  smaller  size  than 
conventional  edge-emitting  LD  cavities.  Even  though  efficient  carrier  injection  and  coupling  of 
the  emission  have  yet  to  be  developed,  these  GaN  microstructures  could  potentially  be  used  as 
pixel  elements  and  as  high  density  two-dimensional  laser  arrays. The  Si  substrate  used  to 
grow  the  pyramids  might  facilitate  the  integration  of  GaN  micro  structures  into  Si-based 
electronics. 

CONCLUSION 

We  observed  single-mode  and  multi-mode  laser  action  in  GaN  pyramids  under  strong 
optical  pumping  at  room  temperature.  The  pyramids  were  individually  pumped,  imaged,  and 
spectrally  analyzed  through  a  high  magnification  optical  system  using  a  high  density  pulsed 
excitation  source.  We  suggest  that  the  cavity  formed  in  a  pyramid  is  of  a  ring  type,  formed  by 
total  internal  reflections  of  light  off  the  pyramids’  surfaces.  The  mode  spacing  of  the  laser 
emission  was  found  to  be  correlated  to  the  size  of  pyramids.  This  study  suggests  that  GaN 
microstructures  could  potentially  be  used  as  pixel  elements  and  high  density  two-dimensional 
laser  arrays. 
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ABSTRACT 

Based  on  the  criteria  for  the  solid  state  exchange  reaction  with  p-GaN,  we  have 
investigated  the  intermetallic  compound  Niln  as  a  possible  ohmic  contact.  The  contacts  were 
fabricated  by  depositing  Niln  on  p-GaN  films  (p  ~  2  x  10^"^  cm’^)  using  RF  sputtering  from  a 
compound  target.  The  as-deposited,  Niln  contacts  were  found  to  be  rectifying  and  using  I-V 
characterization  a  Schottky  barrier  height  of  0.82  eV  was  measured.  Rapid  thermal  annealing  of 
the  contacts  was  shown  to  significantly  decrease  their  resistance,  with  contacts  annealed  at  800 
'"C  for  1  min  yielding  the  lowest  resistance.  When  annealed  at  800  “C  for  1  min  Niln  contacts 
exhibited  a  specific  contact  resistance  of  8-9  x  10'^  Q  cm^,  as  measured  by  the  circular 
transmission  line  model.  To  allow  a  more  universal  comparison  the  more  traditional  Ni/Au 
contacts,  processed  under  the  same  conditions,  were  used  as  a  standard.  Their  measured  specific 
contact  resistance  (pc  =  1.2  -  2.1  x  10'^  Q  cm^)  was  significantly  higher  than  that  of  the  Niln 
contacts.  Demonstrating  that  Niln  has  promise  as  an  ohmic  contact  to  p-GaN  and  should  be 
studied  in  greater  detail. 

INTRODUCTION 

It  has  long  been  realized  that  the  III-V  nitrides  have  tremendous  potential  for 
optoelectronic  devices  operating  in  the  blue  and  UV  wavelengths  as  well  as  for  use  in  high 
power-high  temperature  semiconductor  devices.  The  III-V  nitrides  form  a  continuous  alloy 
system  whose  direct  band  gap  ranges  from  6.2  eV  (AIN)  to  3.4  eV  (GaN)  to  1.9  eV  (InN)  at 
room  temperature.'  This  potentially  allows  the  fabrication  of  high  efficiency  optical  devices, 
such  as  Light  Emitting  Diodes  (LEDs),  which  can  operate  from  orange  to  the  UV  region.  The 
extension  into  the  green  and  blue  wavelengths  completes  the  visible  spectrum  allowing 
semiconductor  technology  to  be  used  for  applications  such  as  large  full  color  displays  and  traffic 
lights.^’^ 

Early  research  into  the  nitrides  outlined  several  problem  areas,  which  hindered  efforts  to 
produce  devices  based  on  III-V  nitride  technology.  Particularly  the  lack  of  p-GaN  made  the 
fabrication  of  efficient  optical  devices  based  on  p-n  junctions  impossible,  though  some  LEDs 
based  on  metal- insulator-semiconductors  were  fabricated.'’^  Only  recently  due  to  advances  in  p- 
type  doping  has  GaN  started  to  realize  its  potential  and  there  are  now  nitride  based  devices 
available.  However,  the  metal  contact  to  p-GaN  is  an  important  concern  since  high  contact 
resistance  will  substantially  reduce  the  performance  of  GaN  based  devices.  In  fact,  the  high 
resistance  of  the  metal/p-GaN  contact  is  one  of  the  most  significant  issues  limiting  laser  diode 
performance. 

Most  of  the  current  work  on  finding  low  resistance  metallizations  to  p-GaN  has  focused 
on  high  work  function  elemental  metals  deposited  in  multilayer  structures. ' '  This  strategy  is 
based  on  the  Schottky  model,  which  predicts  that  higher  work  function  metals  will  result  in 
lower  Schottky  barriers  to  p-type  semiconductors.  The  limited  experimental  evidence  available 
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on  metal/p-GaN  contacts  suggests  that  the  Schottky  model  is  at  least  partially  applicable.'^  Of  the 
several  contact  schemes  to  p-GaN  that  have  been  studied  Au/Ni  contacts  have  received  the  most 
attention.  Despite  being  used  in  devices,  the  Au/Ni  contacts  typically  exhibit  a  specific  contact 
resistance  (pO  in  the  range  of  10'^  and  10'^  Q  cm^  range^'^’^^  and  show  pK)or  thermal  stability.'’^ 
However,  it  is  known  that  the  specific  contact  resistance  of  p-GaN  depends  on  many  factors  such 
as  the  quality  of  the  bulk  substrate  and  its  surface  preparation  and  processing  conditions. 
Accordingly,  it  is  difficult  to  judge  the  absolute  resistance  values  reported. 

In  an  attempt  to  find  new  metallizations  that  can  be  used  to  form  ohmic  contacts  to  p- 
GaN  the  solid-state  exchange  reaction  was  utilized.  This  reaction  has  been  shown  to  be  a 
systematic  approach  for  tailoring  metal/semiconductor  contact  properties.'^  The  complete 
thermodynamic  and  kinetic  model  for  the  exchange  mechanism  has  been  comprehensively  set 
forth  by  Swenson  et  al.'^  Based  on  the  exchange  mechanism  criteria,  the  intermetallic  compound 
Niln  was  selected  as  possible  ohmic  contact  to  p-GaN. 

The  thermodynamically  stable  phase  of  Niln  (50:50  at  %  ratio)  has  a  CoSn  (B35)  crystal 
structure,  however,  the  metastable  B2  phase  often  forms  and  is  the  structure  of  the  Niln  films 
used  in  this  study.  This  B2  phase  is  thermodynamically  stable  at  high  temperature  in  Ni-In 
alloys  that  have  51  to  58  %  In.'^ 

EXPERIMENTAL  PROCEDURE 

The  GaN  substrates  used  in  this  study  are  1.2  pm  thin  films  of  single  crystal  GaN  grown 
by  metalorganic  vapor  phase  epitaxy  (MOVPE)  on  sapphire  (0001).  The  GaN  epilayer  is  Mg 
doped  and  was  annealed  to  activate  the  dopants.  A  p-type  carrier  concentration  of  2  x  lO'^  cm'^ 
with  a  mobility  of  8  cm/V  s  was  measured  by  Hall  probe  at  room  temperature.  Prior  to 
lithography,  the  substrates  were  ultrasonically  degreased  with  Acetone  and  Methanol  for  10  min 
each.  These  degrea.sed  substrates  were  then  etched  in  HC1:H20  (1:2)  for  4  min  and  then  rinsed  in 
flowing  H2O  for  10  min. 

Using  standard  photolithography  techniques  the  substrates  were  patterned  with  a  circular 
transmission  line  model  (TLM)  pattern  similar  to  the  one  detailed  by  Marlow.^''  Schottky  barrier 
heights  were  measured  by  Current- Voltage  (I-V)  characteri.stics  using  the  140  pm  diameter  pad 
as  the  diode  and  the  large  area  metallization  as  the  ohmic  contact.  The  specific  contact 
resistance  (pc)  measurements  were  conducted  at  5  volts  using  the  circular  TLM  pattern  which 
consists  of  7  different  contact  pads  with  gap  spacing  ranging  from  4  to  25  pm.  Once  patterned, 
the  substrates  were  then  placed  in  a  HC1:H20  (1:4)  solution  for  20  seconds,  blown  dry  with 
Nitrogen  gas  and  immediately  loaded  into  a  vacuum  chamber  with  the  background  pressure  less 
than  2  X  10'^  torr. 

The  Niln  (50:50  at  %  ratio)  was  deposited  by  sputtering  from  a  compound  target  to  a 
nominal  80  nm  thickness.  The  annealed  Niln  films  were  found  by  X-ray  diffraction  to  be  in  the 
metastable  B2  crystal  structure  when  deposited  by  RF  sputtering  under  the  conditions  used.  As  a 
control  standard,  Ni/Au  contacts  were  also  fabricated.  These  films  were  deposited  by  e-beam 
evaporation,  with  Ni  and  Au  film  thickness  of  20  and  100  nm,  re.spectively. 

After  deposition,  the  photoresist  was  lifted  off  in  an  acetone  bath  leaving  the  patterned 
metal  on  the  wafers.  Following  liftoff,  the  contacts  were  annealed  in  an  AG  Associated 
MiniPulse  rapid  thermal  annealing  (RTA)  system  with  flowing  high  purity  Nitrogen  gas.  The 
electrical  properties  of  the  contacts  were  measured  with  a  Keithley  Model  236  electrometer 
employed  as  a  current  source  and  voltage  meter. 


ELECTRICAL  RESULTS 

As  discussed  in  the  introduction,  the  intermetallic  compound  NUn  has  been  selected  for 
study  as  an  ohmic  contact  to  p-GaN.  However,  it  is  difficult  to  compare  the  specific  contact 
resistance  for  different  metallizations  reported  by  different  researchers  due  to  the  wide  variability 
in  p-GaN  substrates  because  these  substrate  differences  can  play  an  important  role  in  the 
measured  properties  of  the  contacts.  Therefore,  in  order  to  allow  a  more  universal  comparison  of 
the  Ndn  metallization  evaluated  in  this  study  we  have  used  Ni/Au  contacts  as  a  standard. 

All  of  the  as-deposited  contacts  exhibited  highly  rectifying  behavior;  and  it  was  decided 
that  the  Schottky  barrier  height  is  a  more  appropriate  measure  of  these  contacts’  electrical 
behavior  than  the  pc  at  a  given  voltage.  By  evaluating  the  I-V  behavior  at  small  voltages  the 
Schottky  barrier  and  ideality  factor  can  be  determined  by  fitting  the  data  to  the  following 
equation: 


7  =  -1)  (1) 

where  A*  is  the  Richardson  constant,  S  is  the  diode  area,  T  is  the  temperature,  q  is  the  electron 
charge,  (j)b  is  the  Schottky  barrier  height,  k  is  the  Boltzman  constant,  V  is  the  applied  voltage  and 
n  is  the  ideality  factor.^’  Schottky  barrier  heights  determined  for  the  contacts  in  the  as-deposited 
state  are  listed  in  Table  1.  To  the  best  of  our  knowledge,  a  value  for  Niln  on  p-GaN  has  not  been 
previously  reported.  However,  the  0.77  eV  value  of  the  Schottky  barrier  height  of  Ni/p-GaN 
determined  in  this  study  is  significantly  higher  than  the  0.5  eV  value  reported  by  Mori,  et  al."^ 
While  the  reason  for  such  a  discrepancy  is  not  known,  Ishikawa,  et  al^^  reported  about  the 
difficulty  in  measuring  the  barrier  height  of  metals  on  p-GaN.  Additionally  the  ideality  factors 
for  all  of  the  contacts  measured  were  significantly  greater  than  1;  showing  that  the  carrier 
transport  mechanism  is  not  entirely  due  to  thermionic  emission  and  suggesting  that  the  interface 
is  not  uniform.^^  For  the  Schottky  barrier  measurement  an  ohmic  contact  is  required  in  addition 
to  the  Schottky  diode.  In  this  study,  the  ohmic  contact  was  approximated  using  a  large  area 
contact  of  the  same  metallization  and  while  this  contact  is  many  times  larger  than  the  diode,  it  is 
not  a  true  ohmic  contact.  Given  the  difficulties  of  measuring  the  barrier  height  of  metals  on  p- 
GaN  and  the  large  ideality  factors,  the  absolute  value  of  barrier  heights  reported  in  this  study 
should  be  interpreted  accordingly. 

Table  1.  Ideality  factors  and  Schottky  barrier  height  for  as-deposited  contacts 


Metallization 

Ideality  Factor  (n) 

Schottky  Barrier  Height 

NHn 

1.22 

0.82  eV 

Ni/Au 

1.16 

0.77  eV 

With  increased  annealing  temperature  the  resistance  of  the  Niln/p-GaN  contacts 
decreased.  The  lowest  contact  resistance  occurs  after  annealing  at  800  °C  for  1  min,  contacts 
subjected  to  a  higher  annealing  temperature,  850  °C  for  1  min  or  increased  annealing  time,  800 
°C  for  5  min  showed  a  higher  resistance  than  the  samples  annealed  at  800  °C  for  1  min.  Table  2 
gives  the  specific  contact  resistance  on  Niln/p-GaN  contacts  at  three  different  annealing 
conditions.  One  possibility  for  the  increased  resistances  at  more  severe  annealing  conditions  is 
oxidation  of  the  Niln  layer.  Scanning  Auger  Microscopy  showed  that  significant  oxidation 
occurred  from  the  surface  into  over  half  of  the  Niln  film  for  contacts  annealed  at  800  °C  for  1 
min.  It  is  possible  that  once  a  significant  level  of  oxidation  is  reached  at  the 
metal/semiconductor  interface  the  contact  resistance  will  increase. 


Table  2.  Specific  Contact  Resistance  for  Niln  contacts 


Annealing  Conditions 

Specific  Contact  Resistance 

750  °C  for  1  min 

6.2  X  lO'^  n  cm^ 

800  °C  for  1  min 

9.5  X  10'^  n  cm^ 

800  °C  for  5  min 

7.4  X  10'^  n  cm^ 

Due  to  the  wide  variability  in  p-GaN  films  and  the  direct  role  the  films  have  in  the 
measured  specific  contact  resistance  we  have  used  Ni/Au  contacts  to  p-GaN  as  a  standard.  Table 
3  shows  a  comparison  of  Niln  contacts  annealed  at  800  °C  for  1  min  to  Ni/Au  annealed  at  750  °C 
for  1  min.  These  contacts  were  subject  to  the  same  processing  conditions  and  the  annealing 
conditions  used  represent  the  optimum  conditions  found  in  this  study  for  the  two  different 
metallizations.  For  both  p-GaN  substrates  used,  the  Niln  contacts  had  a  lower  measured  specific 
contact  resistance  than  the  Ni/Au  contacts.  Figures  1(a)  and  1(b)  show  the  I-V  behavior  of  the 
annealed  Niln  and  Ni/Au  contacts,  respectively.  These  curves  were  measured  on  back-to-back 
140  jim  in  diameter  contacts.  Figures  1(a)  and  1(b)  clearly  show  that  these  contacts  do  not 
exhibit  true  ohmic  behavior. 

Table  3.  A  comparison  of  specific  contact  resistance  Niln  Vs.  Ni/Au _ 


Substrate 

Ndn  (800  °C  for  1  min) 

Ni/Au  (750  °C  for  1  min) 

1 

8.0x  10‘^acm^ 

1.2  x  lO’^Dcm^ 

2 

9.5x  lO'^Ocm^ 

2.1  x  10'^  D  cnr 

These  electrical  results  show  that  Niln  has  potential  as  an  ohmic  contact  to  p-GaN. 
However  to  understand  the  Niln/p-GaN  contacts,  particularly  its  large  resistance  change  upon 
annealing,  will  require  careful  interfacial  characterization.  At  this  time  it  is  not  clear  what 
mechanism  is  responsible  for  the  change  in  contact  resistance  due  to  annealing  and  the  role 
oxidation  may  play  in  the  measured  resistance  is  equally  unknown.  It  is  this  type  of  information, 
which  is  required  not  only  to  increase  our  understanding  but  also  aid  in  the  optimization  of  the 
Niln  contacts. 


contacts  annealed  at  800  °C  for  1  min.  contacts  annealed  at  750  °C  for  1  min. 


CONCLUSIONS 

The  intermetallic  compound  Niln  (50:50  at  %  ratio)  was  selected  based  on  the  criteria  for 
the  exchange  mechanism  as  possible  ohmic  contacts  to  p-GaN.  Contacts  were  fabricated  on  p- 
GaN  films  using  RF  sputtering  from  a  compound  target.  In  the  as-deposited  state  these  contacts 
were  found  to  be  rectifying  and  using  I-V  characterization  a  Schottky  barrier  height  0.82  eV  was 
determined  for  the  contact.  Rapid  thermal  annealing  of  the  Niln  contacts  was  shown  to  decrease 
their  resistance  with  increasing  annealing  temperature.  Contacts  annealed  at  800  °C  for  1  min 
had  the  lowest  resistance  of  the  annealing  conditions  examined  in  this  study.  At  this  annealing 
condition  the  specific  contact  resistance  of  the  Niln  contacts  was  measured  to  be  8  -  9  x  10'^ 
Q embusing  the  circular  TLM  method.  Annealing  at  higher  temperatures  or  longer  times 
resulted  in  an  increase  in  specific  contact  resistance.  It  is  speculated  based  upon  Auger  depth 
profiling  that  oxidation  maybe  responsible  for  this  resistance  increase  at  annealing  conditions 
more  severe  than  800  °C  for  1  min.  The  measured  electrical  properties  of  Niln  are  promising 
since  the  specific  contact  resistance  of  Niln  is  lower  than  the  more  traditionally  used  Ni/Au 
contact  (pc  =  1.2  -  2.1  X  10'^  cm^)  processed  under  the  same  conditions. 
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Abstract 

In  this  paper  we  report  on  the  first  GaN  p-n  diodes  fabricated  by  Mg  ion  implantation 
doping  of  n-type  GaN  epitaxial  layers.  Ion  implantation  was  performed  at  room  temperature. 
Implantation  dose  ranged  from  10^^  to  2x10*^  cm'^.  After  implantation  samples  were  annealed  for 
10-15  s  at  a  wide  temperature  interval  from  600°C  to  1200”C  in  flowing  N2  to  form  p-type  layers. 
Secondary  ion  mass  spectroscopy,  scanning  electron  microscopy  with  electron  beam  induced 
current  and  back  scattered  electron  modes  as  weU  as  current-voltage  and  capacitance-voltage 
measurements  were  used  to  study  structural  and  electrical  characteristics  of  the  Mg  implanted  p-n 
structures. 

Introduction 

Gallium  nitride  is  an  attractive  wide  bandgap  semiconductor  material  for  high- 
temperature/high-power  electronics  and  UV/visible  optoelectronics.  Recently  significant  progress 
has  been  made  in  fabrication  of  Ill-V-nitride-based  laser  diodes  and  blue/UV  LEDs  [1-4].  This 
progress  was  mainly  based  on  the  achievement  of  controlled  GaN  p-doping  during  MOCVD 
epitaxial  growth  followed  by  dehydrogenation  annealing  to  activate  the  Mg-acceptors  [5]. 

It  is  well  known  that  ion  implantation  can  be  used  to  make  devices  based  on  the  wide 
bandgap  semiconductors  such  as  silicon  carbide  [6].  This  method  allows  to  form  selective  doped 
regions  with  different  and  exactly  controlled  profiles  of  impurities  and  the  concentration  of  these 
impurities  is  not  limited  by  their  solubility.  This  fact  is  especially  important  for  creation  of  the  high 
p-type  conductivity  in  wide  bandgap  semiconductors  that  is  connected  with  the  relatively  deep 
ionization  levels  for  acceptor  impurities  in  such  materials  [7].  For  GaN,  the  problem  of  the  high  p- 
type  conductivity  is  also  complicated  by  high  background  shallow  donor  concentration  due  to 
native  defects  and  the  acceptor  impurities  passivation  by  hydrogen  incorporating  from  the  growth 
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ambient  [8,  9].  To  date  there  has  been  a  little  work  in  the  area  of  the  device  applications  of  ion 
implantation  in  GaN,  and  generally  ion  implantation  has  been  used  to  introduce  impurities  in  GaN 
for  study  of  their  optical  properties  as  well  as  the  damage  and  passivation  processes  in  GaN  [10]. 
Recently,  both  n-  and  p-type  GaN,  as  well  as  semi-insulating  (sheet  resistance  of  >5x10’ W/D) 
GaN  have  been  demonstrated  by  using  Si,  Mg/P  and  N  ion  implantation,  respectively,  to  MOCVD 
grown  GaN  with  subsequent  annealing  at  1000-1 100"C  for  10  s  [1  Ij.  In  this  report,  the  sheet  p- 
type  doping  of  9.4x10' '  cm’^  has  been  achieved  at  1 100"C  annealing  with  a  Mg  activation 
percentage  of  -62%,  since  only  1.53xl0'^cm'^  of  the  5x10 cm‘^  implanted  acceptors  were 
ionized  assuming  an  energy  level  of  150  meV  for  Mg.  For  Si  implantation,  the  achieved  sheet  n- 
type  doping  of  4. 25x10'^  cm’^  with  -93%  activation  percentage  at  1050-1 100"C  annealing  has 
been  reported  [12].  In  addition,  high-resistivity  layers  for  increasing  the  Schottky  barrier  height 
were  created  by  implantation  Mg,  Mg/P  and  Ca  into  n-GaN  with  subsequent  activation  annealing 
[13].  The  only  GaN  device  fabricated  with  ion  implantation  doping  up  to  now  is  JFET  with  n- 
channel  and  p-gate  formed  by  Si  (100  keV,  2x10'“^  cm‘^)  and  Ca  (40  keV,  5x10'"*  cm'^)  ion 
implantation,  respectively,  and  a  subsequent  1 150"C  15  s  rapid  annealing  to  activate  the  implanted 
dopants  [14].  Unfortunately,  no  detailed  information  on  obtained  gate  junction  properties  was 
presented  in  that  work. 

In  the  present  work  an  attempt  was  undertaken  to  apply  ion  implantation  of  Mg  into  n- 
GaN  with  subsequent  activation  annealing  to  form  the  p-n  structures. 

Experimental  Procedure 

Epitaxial  n-GaN  layers  were  grown  by  MOCVD  on  6H-SiC  (0001)  substrates  with 
concentration  Nd-Na  =  3x10'*^  cm-^.  The  concentration  of  the  uncompensated  donors,  Nd-Na,  in 
the  GaN  layers  was  (2-3)xl0'^’  cm-^  according  to  evaluation  from  Raman  measurements  like  to 
[15].  Into  these  n-GaN  ]ayers  Mg  was  implanted  at  energy  of  100  keV  and  at  doses  in  the  range 
from  10’3  to  2x10'^’  cm-2.  Samples  were  annealed  for  10-15  s  in  flowing  N2-gas  at  a  temperatures 
in  the  range  from  600  to  1 200‘^C.  The  Ohmic  contacts  to  n-SiC  and  Mg-implantcd  GaN  were 
produced  by  vacuum  thermal  evaporation  of  Cr/Ni  and  Pd/Ni,  respectively.  Ni  in  the  contacts  was 
imployed  as  a  mask  during  the  preparation  of  300  pm  mesas  in  diameter  by  reactive  ion  plasma 
etching  [16]. 

The  thickness  of  the  epilayers,  the  position  of  p-n  junction  inside  the  structure  as  well  as  the 
absence  of  the  buffer  layer  at  the  GaN/SiC  boundary  were  monitored  by  scanning  electron 


microscopy  (SEM).  The  electron  beam  induced  current  (EBIC)  and  back  scattered  electron 
(BSE)  techniques  were  used.  Magnesium  distribution  profiles  across  the  n-GaN  layer  after  ion 
implantation  and  annealing  were  measured  using  secondary  ion  mass-spectroscopy  (SIMS).  The 
activation  process  of  the  Mg  acceptors  by  post-implantation  annealing  was  indicated  with  a  hot 
point  probe  method.  The  current-voltage  (I-V)  characteristics  under  dc  conditions  at  current 
densities  up  to  7  A.  cm-^  and  capacitance- voltage  (C-V)  characteristics  at  a  frequency  of  1  kHz 
were  measured  for  resulting  mesa  structures  at  300  K. 

Results  and  Discussion 

According  to  hot  point  probe  data,  the  stable  p-type  conductivity  was  obtained  for  the 

samples  with  Mg  implantation  doses  more  than  IxlO'^  cm'^  and  annealing  temperature  in  the 

range  1000-1 200°C.  Mg  implanted  at  doses  less  than  1x10^^  cm'^  and  annealed  at  temperatures 

lower  than  1000”C  did  not  produce  a  sharp  n-  to  -p  conversion  in  conductivity.  The  highest  p- 
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type  conductivity  was  fixed  at  a  dose  2x10  cm-2  and  annealing  temperature  1 100^*0  during  15  s. 


Minutes 

Figure  1.  Mg  depth  profiles  in  the  n-GaN 
epitaxial  layer  after  ion  implantation  (curve  1) 
and  after  annealing  (curve  2). 
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Figure  2.  Cross-section  of  the  Mg  doped  GaN 
p-n  junction  (top)  and  BSE/EBIC  signal 
profiles  across  the  p-n  junction  (bottom). 


Figure  1  shows  SIMS  Mg  profiles  as-implanted  in  n-GaN  epilayer  at  a  dose  of  2x1  o'^  cm'“ 
and  energy  of  100  keV  (curve  1)  and  after  annealing  at  1 100"C  during  15  s  (curve  2).  As  seen 
such  annealing  keeps  all  as-implanted  Mg  in  samples  with  maximum  Mg  concentration  of  7x10^' 
cm'^. 

Figure  2  shows  cross-section  of  the  GaN  p-n  structure  formed  under  such  ion  implantation 
and  annealing  conditions  (top).  BSE/EBIC  signal  profiles  across  GaN/SiC  structure  with  p-n 
junction  are  shown  in  Figure  2  (bottom).  According  to  the  EBIC  and  BSE  data  no  buffer  was 
found  at  the  GaN/SiC  boundary.  The  thickness  of  epitaxial  n-GaN  layer  obtained  to  be  4.5  pm. 
The  p-n  junction  position  was  about  0.4  pm.  The  correct  choice  of  the  optimum  parameters  of 
measurements  in  SEM  provided  of  the  high  precision  in  a  determination  of  the  position  of  p-n 
junction.  Accelerating  voltage  was  10  keV  and  electron  beam  current  was  ~  5x10  "  A. 

Figure  3  shows  (C-V)  characteristic  for  300  pm  p-n  mesa-structures  in  diameter  formed 
by  Mg  ion  implantation  at  a  do.se  of  2x10 cm'^  at  energy  of  100  keV  followed  by  annealing  at 


3  4  5  6  7 

lI+Uc,(V) 


VOLTAGE  (V) 


Figure  3.  Capacitance-voltage  characteristic 
for  the  GaN  p-n  junction  fabricated  by  Mg 
ion  implantation. 


Figure  4. 1-V  characteristic  of  the  Mg  doped 
GaN  p-n  junction. 


1 100°C  during  15  s.  As  follows  from  the  analysis  of  (C-V)  characteristics,  the  capacitance  is 
proportional  to  the  quantity  (U+U^)  where  n  is  a  constant  for  a  given  sample  characterizing 
the  stepness  of  (C-V)  characteristic,  U  -  the  applied  reverse  voltage  to  p-n  junction,  Uc  -  the 
contact  potentials  difference.  Measured  value  of  n=3  indicates  that  Mg  ion-doped  GaN  p-n 
junctions  are  nearer  to  linearly-graded  ones.  The  C-V  characteristics  in  V-C'^  co-ordinates  were 
straight  lines  with  cut-off  voltage  about  2.8  V. 

Current- voltage  characteristic  under  dc  conditions  for  such  p-n  mesa-structures  is  showed 
in  Figure  4.  The  breakdown  voltage  estimated  as  the  value  of  the  reverse  voltage  corresponding 
to  the  current  value  of  10’^  A  and  was  equal  to  15  V.  The  p-n  junction  diodes  had  good  rectifying 
properties:  a  rectification  factor  was  no  less  than  10^  at  a  voltage  of  3V. 

Conclusion 

Conditions  for  ion  implantation  with  Mg  to  n-GaN  and  subsequent  annealing  have  been 
established  yielding  stable  p-type  conductivity  layers.  It  has  been  shown  that  by  ion  implantation 
with  Mg  to  n-GaN,  p-n  junctions  can  be  obtained  at  a  specified  depth  and  with  reproducible 
electrical  characteristics.  Rectification  factor  no  less  than  10^  has  been  obtained  for  such  p-n 
junctions.  These  results  evidence  the  opportunity  of  investigating  the  fundamentals  of  ion 
implantation  into  III-V  nitrides  and  develop  a  new  technological  method  for  device  formation. 
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ABSTRACT 

Optically  pumped  stimulated  emission  (SE)  from  InGaN/GaN  multiple  quantum  wells 
(MQWs)  grown  by  metalorganic  chemical  vapor  deposition  has  been  systematically  studied  as  a 
function  of  excitation  length  (Lexc).  Two  distinct  SE  peaks  were  observed  from  these  structures: 
one  that  originates  at  425  nm  at  10  K  (430  nm  at  300  K)  and  another  that  originates  at  434  nm  at 
10  K  (438  nm  at  300  K).  The  SE  threshold  for  the  high  energy  peak  was  observed  to  always  be 
lower  than  that  of  the  low  energy  peak,  but  the  difference  was  found  to  decrease  greatly  with 
increasing  Lexc-  A  detailed  study  of  the  emission  intensity  of  these  two  SE  peaks  as  a  function  of 
excitation  density  shows  that  the  two  peaks  compete  for  gain  in  the  MQW  active  region. 

INTRODUCTION 

GaN-based  semiconductors  and  related  heterostructures  are  attracting  an  ever-increasing 
amount  of  attention  due  to  their  large  direct  band  gaps,  which  make  them  promising  materials  for 
UV-blue-green  light  emitting  devices,*’^  solar-blind  UV  detectors,^  and  high  power  and  high 
temperature  devices.^’^  In  particular,  the  realization  of  high  brightness  blue  and  green  light 
emitting  diodes’  and  cw  blue  laser  diodes^  based  on  InGaN/GaN  multiple  quantum  wells  (MQWs) 
has  focused  the  efforts  of  many  research  groups  on  these  structures.  Although  a  considerable 
amount  of  research  has  been  conducted  on  the  optical  properties  of  these  materials,  there  is  stiH 
much  left  unknown  about  the  optical  processes  associated  with  stimulated  emission  (SE)  and 
lasing.  To  aid  in  a  fundamental  understanding  of  the  processes  leading  to  optical  gain  in  these 
structures,  excitation  length  dependent  studies  of  optically  pumped  SE  have  been  performed  and 
illustrate  dramatically  different  SE  behavior  for  changes  in  the  experimental  conditions  that  would 
typically  be  insignificant  in  other  semiconductor  materials. 

Recently,  a  considerable  amount  of  attention  has  been  given  to  the  potential  role  of 
strongly  localized  band  tail  states  on  the  SE  and  lasing  processes  in  InGaN  MQWs.^'"  Although 
there  exists  a  sizable  amount  of  data  to  support  localized  carrier  recombination  as  the  mechanism 
leading  to  spontaneous  emission  in  these  materials,*’^’^  ’^  the  results  for  SE  behavior  in  the 
Uterature  are  varied  and  often  contradictory.  This  has  led  some  research  groups  to  assign  the 
spontaneous  emission  peak  to  recombination  of  localized  carriers,  and  the  SE  peak  to  a  more 
traditional  recombination  mechanism:  that  of  an  electron-hole  plasma  originating  from  free 
carriers,’^  while  others  claim  that  strongly  localized  carriers  are  the  origin  of  both  spontaneous 
and  SE.^  ”  With  the  recent  observation  of  two  different  SE  peaks  from  InGaN/GaN  MQWs 
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grown  by  Nichia  Chemical  Industries”  we  see 
the  possibility  that  some  of  the  varied  results 
reported  in  the  literature  may  stem  from  slightly 
different  experimental  conditions,  which  are 
shown  here  to  result  in  significant  changes  in 
the  SE  behavior.  We  report  the  results  of  a 
detailed  study  of  the  SE  behavior  of  these  two 
SE  peaks  as  a  function  of  excitation  length 
(Lcxc)  and  excitation  density  (kxc)  and  illustrate 
dramatically  different  SE  behavior  in  InGaN 
MQWs  for  relatively  small  changes  in  the 
experimental  conditions.  The  observation  of 
these  two  distinct  SE  peaks  from  InGaN/GaN 
MQWs  grown  under  different  conditions  by 
separate  research  groups  suggests  this  SE 
behavior  is  a  general  property  of  present  state- 
of-the-art  InGaN  based  blue  laser  diodes.  As 
such,  a  better  understanding  of  the  SE  and 
lasing  behavior  of  these  structures  is  important 
for  the  development  and  optimization  of  future 
laser  diode  structures. 


tnGaN/GaN  fE  .,q  ^ 

MOW 


Wavelength  (nm) 


Figure  1:  10  K  stimulated  emission  spectra  (solid  lines) 
from  an  InGaN/GaN  MQW  subjected  to  several 
excitation  densities,  where  I<,  =  100  kW/cm^  The  low 
power  PL  (dashed  line)  and  PLE  (dotted  line)  spectra 
are  also  shown  for  comparison.  The  SE  spectra  have 
been  normalized  and  displaced  vertically  for  clarity. 


EXPERIMENT 


The  InGaN/GaN  MQWs  used  in  this  study  were  grown  by  metalorganic  chemical  vapor 
deposition  (MOCVD)  on  1.8  pm  thick  GaN  buffer  layers  grown  on  (0001)  oriented  sapphire 
substrates.  The  active  regions  were  made  up  of  12  quantum  wells  consisting  of  3  nm  thick 
Ino.2Gao.8N  wells  and  4.5  nm  thick  GaN  barriers.  The  structures  were  capped  by  0.1  pm  thick 
Alo.oyGao.wN  layers.  A  detailed  description  of  the  growth  conditions  is  given  elsewhere.'^  The 
InGaN  MQWs  were  optically  pumped  by  the  third  harmonic  of  an  injection  seeded  Nd:YAG  laser 
(355  nm,  30  Hz,  ~  6  ns  pulse  width).  The  excitation  beam  was  focused  to  a  line  on  the  sample 
using  a  cylindrical  lens  and  the  excitation  length  was  varied  using  a  mask  connected  to  a  computer 
controlled  stepper  motor.  The  emission  was  collected  from  one  edge  of  the  sample,  coupled  into 
a  1 -meter  spectrometer,  and  spectrally  analyzed  using  an  optical  multi-channel  analyzer. 

RESULTS 


Typical  power  dependent  emission  spectra  at  10  K  are  shown  in  Fig.  1  for  Lexc  =  1300  pm. 
At  low  Icxc,  we  observe  a  broad  spontaneous  emission  peak  centered  at  ~  441  nm,  consistent  with 
low  power  cw  photoluminescence  (PL)  spectra.  As  Lxe  is  increased,  a  new  peak  emerges  at  ~  428 
nm  [designated  here  as  SE  peak  (1)]  and  grows  superlinearly  with  increasing  Lxe  If  we  continue 
to  increase  Lxe,  we  observe  another  new  peak  at  ~  433  nm  [designated  here  as  SE  peak  (2)]  which 
also  grows  superlinearly  with  increasing  Lxc.  SE  peak  (1)  is  observed  to  be  the  statistical 
distribution  of  a  multitude  of  narrow  (<  0.1  nm)  emission  lines.  No  significant  broadening  of 
these  emission  lines  was  observed  as  the  temperature  was  tuned  from  10  K  to  over  500  K.  This  is 
illustrated  in  Fig.  2.  SE  peak  (2)  is  observed  to  always  be  considerably  narrower  than  SE  peak 
(1).  Both  SE  peaks  are  seen  to  originate  on  the  high  energy  side  of  the  low  power  spontaneous 
emission  peak  (given  by  the  dashed  line  in  Fig.  1 )  and  are  seen  to  be  redshifted  by  more  than  30 
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Figure  2:  Stimulated  emission  spectra  of  SE  peak  (1)  at  (a)  200  K,  (b)  300  K,  and  (c)  450  K  illustrating  SE 
peak  (1)  is  composed  of  a  multitude  of  narrow  (<  0.1  nm)  stimulated  emission  peaks  that  do  not  noticeably 
broaden  with  increasing  temperature.  The  SE  spectra  shown  were  collected  for  excitation  densities  twice  the 
SE  threshold  for  the  respective  temperatures.  The  spontaneous  emission  spectra  (dotted  lines)  are  also  shown 
for  excitation  densities  half  that  of  the  SE  threshold  at  each  temperature.  The  SE  spectra  have  been  normalized 
for  clarity. 

nm  below  the  start  of  the  “soft”  absorption  edge.  Both  SE  peaks  were  found  to  be  highly  TE 
polarized,  with  a  TE  to  TM  ratio  of  ~  200.  SE  peak  (2)  has  been  the  subject  of  previous 
experiments  performed  by  the  authors  and  has  been  attributed  to  stimulated  recombination  of 
localized  states  through  the  use  of  energy  selective  optically  pumped  SE  studies  showing 
“mobility  edge”  type  behavior  in  the  SE  spectra  as  the  excitation  photon  energy  is  varied,*^  and 
through  nanosecond  nondegenerate  optical  pump-probe  experiments  showing  the  onset  of  SE  has 
a  direct  impact  on  the  bleaching  dynamics  of  the  band  tail  states  in  these  samples.’^ 

Figure  3(a)  shows  the  SE  thresholds  (hh )  of  SE  peaks  (1)  and  (2)  as  a  function  of  Lexc- 
We  note  that  hh  for  peak  (2)  is  larger  than  that  of  peak  (1)  for  all  excitation  lengths  employed,  but 
approaches  that  of  peak  (1)  with  increasing  Lexc-  The  high  SE  threshold  of  peak  (2)  with  respect 
to  peak  (1)  and  its  increased  presence  for  longer  Lexc  suggest  that  it  results  from  a  lower  gain 
proeess  than  that  of  peak  (1).  Fig.  3(b)  shows  the  peak  positions  of  SE  peak  (1)  and  SE  peak  (2) 
as  a  funetion  of  Lexc  at  10  K.  For  Lexc  less  than  ~  500  p.m,  only  SE  peak  (1)  is  observed.  It  has  a 
peak  emission  wavelength  of  ~  425  nm  (430  nm)  and  a  SE  threshold  of  ~  100  kW/cm^  (475 
kW/cm^)  at  10  K  (300  K).  As  Lxc  is  increased  and/or  Lexc  is  increased,  a  new  SE  peak  [SE  peak 
(2)]  at  434  nm  (438  nm  at  RT)  emerges.  The  peak  positions  were  measured  for  Lxc  fixed  relative 
to  the  SE  thresholds  of  the  respective  peaks;  i.e.  Lxc  =  2  x  hh .  As  Lexc  is  inereased,  SE  peak  (1) 
shifts  to  longer  wavelengths  (due  to  a  re-absorption  process),  while  the  peak  position  of  SE  peak 
(2)  is  observed  to  be  weakly  dependent  on  Lexc-  The  apparent  blueshift  of  SE  peak  (2)  with 
increasing  Lexc  seen  in  Fig.  3(b)  is  a  result  of  the  experimental  eonditions.  Since  the  SE  threshold 
of  SE  peak  (2)  is  a  strong  function  of  Lexc,  the  peak  positions  shown  for  small  Lexc  are  for  Lxc 
considerably  higher  than  for  large  Lexc.  The  slight  redshift  of  SE  peak  (2)  with  inereasing  Lxc  due 
to  many-body  effects  and  lattice  heating  then  manifests  itself  as  the  apparent  blueshift  seen  in  Fig. 
3(b).  The  same  phenomenon  is  observed  at  room  temperature,  as  shown  in  the  inset  of  Fig.  3(b). 
The  redshift  of  SE  peak  (1)  with  increasing  Lexc  can  be  explained  by  gain  and  absorption 
eompetition  in  the  “soft”  absorption  edge  of  the  InGaN  active  regions,  where  gain  saturation  with 
longer  Lexc  combined  with  the  background  absorption  taU  leads  to  the  observed  redshift.  The  fact 
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Figure  3:  (a)  Stimutated  emission  threshold  as  a  function  of  excitation  length  for  SE  peaks  (1)  and  (2)  at 
10  K.  (b)  Peak  position  of  SE  peaks  (1)  and  (2)  as  a  function  of  excitation  length  at  10  K.  The  insets  show 
the  behavior  observed  at  room  temperature.  The  solid  lines  are  given  only  as  guides  for  the  eye. 

that  SE  peak  (2)  does  not  experience  a  re-absorption  induced  redshift  with  increasing  Lexe  is 
explained  by  the  significant  reduction  of  the  absorption  tail  in  this  spectral  region  (see  Fig.  1). 

The  gain  saturation  behavior  of  SE  peak  (1 )  is  consistent  with  the  observation  of  Kuball  et 

al.'^  of  a  high  gain  mechanism  in  the  band  tail  region  of  MQWs  with  similar  active  regions.  The 

large  spectral  range  exhibiting  gain  is  explained  by  compositional  fluctuations  inside  the  active 

region.  The  redshift  of  SE  peak  (1)  with  increasing  Uxe  is  consistent  with  observations  of  a 

redshift  in  the  optical  gain  spectrum  with  increasing  Uxe  reported  by  Mohs  et  It  is  also 

consistent  with  the  observation  by  Nakamura^®  that  the  external  quantum  efficiency  of  his  cw  blue 

laser  diodes  decreases  with  increasing 

cavity  length.  These  similarities, 

combined  with  the  relatively  low  SE 

threshold  of  SE  peak  (1)  with  respect 

to  SE  peak  (2)  and  its  similar  spectral 

position  with  laser  emission  from 

diodes  of  similar  structure,^'  suggests 

that  lasing  in  current  state-of-the-art 

cw  blue  laser  diodes  originates  from 

the  gain  mechanism  responsible  for  SE 

peak  (1).  The  microscopic  origin  of 

this  gain  is  the  subject  of  continuing 

research,  but  is  shown  here  to  be 

different  than  the  localized  state 

recombination  responsible  for  SE  peak 

(2).  Its  origin  may  lie  in  an  entirely  Wavelength  (nm) 

different  degree  of  carrier  localization.  i  , 

®  .  ,  Figure  4:  10  K  modal  gam  spectra  of  an  InGaN/GaN  MQW  at 

Further  experiments  are  needed  to  excitation  densities.  The  excitation  densities  are  given 

clarify  this  issue.  with  respect  to  the  SE  threshold  measured  for  long  (~  2.5  mm) 

excitation  lengths. 


The  modal  gain  spectra 
measured  by  the  variable-stripe 
method  of  Shaklee  and  Lehen/^  are  ^ 

shown  in  Fig.  4  at  10  K.  The  spectra 
were  taken  for  Lexc  less  than  200  |im  ^ 

to  minimize  re-absorption  induced  ^ 

distortions  in  the  spectra.  The  c 

excitation  densities  in  Fig.  4  are  s 

given  with  respect  to  the  SE  S 

threshold  measured  for  long  .e 

(~  2.5  mm)  excitation  lengths.  A  iij 

clear  blueshift  in  the  gain  peak  is 
seen  with  increasing  excitation.  This 
blueshift  was  observed  to  stop  for 
lexc  >  12  X  Ith.  Further  increases  in 
lexc  resulted  only  in  an  increase  in  the 
modal  gain  maximum.  The  maxima  5:  Emission  intensity  of  SE  penis  (1)  and  (2)  as  a  function 

-  ^  i  u  of  Optical  excitation  density  at  10  K,  illustrating  gain  competition, 

of  the  gam  spectra  are  seen  to  be  excitation  length  is  1300  pm.  The  respective  SE  thresholds, 
redshifted  by  more  than  20  run  with  gg  peaks  (1)  and  (2)  are  indicated  for  completeness.  The 

respect  to  the  start  of  the  “soft”  solid  lines  are  given  only  as  guides  for  the  eye. 
absorption  edge.  The  large  shift  in 

the  gain  maximum  to  higher  energy  with  increasing  lexc  is  consistent  with  band  filling  of  localized 
states  in  the  InGaN  active  regions.  We  note  that  the  fully  blueshifted  gain  spectrum  covers  the 
entire  spectral  region  in  which  SE  was  observed.  Similar  behavior  was  observed  at  room 
temperature. 

The  dependence  of  the  emission  intensity  of  peaks  (1)  and  (2)  on  lexc  is  shown  in  Fig.  5  for 
Lexc  =  1300  pm  at  10  K.  The  emission  of  peak  (1)  increases  in  a  strongly  superlinear  fashion  (~ 
lexc^  ^ )  until  the  SE  threshold  of  peak  (2)  is  reached,  at  which  point  it  turns  linear,  indicating  that 
peak  (2)  competes  for  gain  with  peak  (1).  This  is  most  likely  a  result  of  competition  for  carriers 
or  re-absorption  of  the  emitted  photons.  The  presence  of  SE  peak  (2)  is  therefore  seen  to  be 
deleterious  to  SE  peak  (1).  The  same  process  is  observed  at  room  temperature  and  for  various 
excitation  lengths.  This  gain  competition  may  limit  this  material’s  performance  in  high  power 
laser  diode  applications,  where  increased  driving  current  and/or  longer  cavity  lengths  may  result  in 
a  shift  in  the  dominant  gain  mechanism  and  a  drastic  change  in  the  emission  behavior. 

CONCLUSIONS 

In  summary,  the  dependence  of  stimulated  emission  on  excitation  length  in  MOCVD 
grown  InGaN/GaN  MQW  structures  has  been  studied.  Two  distinctly  different  SE  peaks  were 
observed  with  different  dependencies  on  excitation  length.  The  high  energy  SE  peak  exhibits  a 
strong  redshift  with  increasing  excitation  length  due  to  competition  between  an  easily  saturable 
gain  mechanism  and  a  background  absorption  tail.  The  lower  energy  SE  peak  does  not  exhibit 
this  re-absorption  induced  redshift  with  increasing  excitation  length.  The  presence  of  the  lower 
energy  SE  peak  has  been  shown  to  be  detrimental  to  the  higher  energy  SE  peak  due  to  gain 
competition  in  the  InGaN  active  region.  This  competition  may  prove  to  be  an  obstacle  in  the 
design  of  InGaN  based  high  power  laser  diodes,  where  high  current  densities  and/or  long  cavity 
lengths  can  lead  to  a  shift  in  the  dominant  gain  mechanism  and  a  change  in  the  emission 
characteristics. 
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Abstract 


The  role  of  additive  noble  gases  He,  Ar  and  Xe  to  Cb-based  Inductively  Coupled 
Plasmas  for  etching  of  GaN,  AIN  and  InN  were  examined.  The  etch  rates  vv^ere  a  strong  function 
of  chlorine  concentration,  rf  chuck  power  and  ICP  source  power.  The  highest  etch  rates  for  InN 
were  obtained  with  Cb/Xe,  while  the  highest  rates  for  AIN  and  GaN  were  obtained  with  Cb/He. 
Efficient  breaking  of  the  Ill-nitrogen  bond  is  crucial  for  attaining  high  etch  rates.  The  InN 
etching  was  dominated  by  physical  sputtering,  in  contrast  to  GaN  and  AIN.  In  the  latter  cases, 
the  etch  rates  were  limited  by  initial  breaking  of  the  Ill-nitrogen  bond.  Maximum  selectivities  of 
~  80  for  InN  to  GaN  and  InN  to  AIN  were  obtained. 

Introduction 


There  have  been  a  number  of  studies  of  high  density  plasma  etching  techniques  for 
patterning  of  Ill-nitrides  for  photonic  device  applications  such  as  laser  diodes  and  light-emitting 
diodes  (LEDs)  [1-12].  Essentially  all  of  the  LEDs  and  a  majority  of  the  lasers  are  ridge  wave 
guide  structures  in  which  the  mesas  are  formed  by  dry  etching  [13].  Most  of  the  previous  etching 
studies  have  been  focused  on  obtaining  relatively  the  large  etch  depths  (2~4p,m)  typical  of  ridge 
or  facet  heights  in  LEDs  or  laser  diodes,  where  the  final  surface  morphology  on  the  field  is  less 
important.  There  is  increasing  interest  in  the  development  of  GaN-based  high  power/high 
temperature  electronics  for  power  switching  and  transmission  applications  [14-18].  In  these 
devices,  the  etch  depth  is  much  shallower,  but  smooth  morphologies  and  high  selectivities  for 
InN  over  the  other  nitrides  are  required  because  layers  based  on  InN  will  probably  be  used  to 
obtain  low  ohmic  contact  resistance. 

Shul  et  al.  [1,10]  first  reported  Inductively  Coupled  Plasma  (ICP)  etching  of  GaN,  AIN, 
InN,  InAIN  and  InGaN  at  low  dc  biases  (<  -lOOV)  with  Cb,  CH4/H2,  Cb/Ar,  Cb/N2  and  Cb/H2 
plasma  chemistries.  They  controlled  the  etch  rates  in  the  range  of  500-1 500 A/min  for  electronic 
device  structures,  and  obtained  maximum  etch  selectivities  of  ~  6  at  higher  ICP  source  powers 
(850W)  for  InN  over  the  other  nitrides. 

In  this  paper,  the  influence  of  the  inert  gas  species  (He,  Ar  and  Xe)  in  chlorine-based  ICP 
etching  of  GaN,  AIN  and  InN  was  studied  for  various  plasma  parameters.  The  results  are 
explained  in  a  systematic  way  based  on  calculated  ion  fluxes  at  the  sheath  edge,  Bohm  velocity 
and  sheath  thickness.  The  ICP  discharges  are  well  suited  for  achieving  controllable  etch  rates 
(500-1500A/min)  and  high  selectivities  (up  to  80)  for  InN  over  AIN  and  GaN,  using  simple 
Cb/neutral  gas  chemistries. 
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Experimental 


The  AIN  and  InN  samples  were  grown  by  Metal  Organic  Molecular  Beam  Epitaxy 
(MOMBE)  on  AI2O3  substrates  at  800°C  and  575°C,  respectively  in  an  Intevac  Gen  11  system 
[19,20].  The  GaN  was  grown  at  1040°C  on  AI2O3  substrates  by  Metal  Organic  Chemical  Vapor 
Deposition  (MOCVD).  Total  layer  thicknesses  were  ~  1pm  for  the  AIN  and  InN,  and  2-3pm  for 
the  GaN. 

The  samples  were  patterned  with  Apiezon  wax  and  etched  in  a  Plasma-Therm  ICP  790 
system.  The  temperature  of  the  back-side  cooled  chuck  was  held  at  23°C.  The  rf  chuck  power 
was  varied  between  50  and  350W,  and  ICP  source  power  between  300  and  1000  W.  The  process 
pressure  was  held  constant  at  5mTorr,  while  the  total  flow  rate  of  CB-additive  gas  was  15 
standard  cubic  centimeter  per  min  (seem).  Etch  rates  were  calculated  from  stylus  profilometry 
measurements  of  the  etched  samples  after  the  removal  of  the  mask  material.  The  error  of  these 
measurements  is  approximately  ±5%.  The  selectivity  was  calculated  for  InN  over  AIN  and  GaN. 

Results  and  discussion 


We  first  examined  the  effect  of  discharge  composition  for  the  three  chemistries.  Figures  1 
shows  the  effect  of  CI2  concentration  on  etch  rates  of  InN,  AIN  and  GaN  in  Cb/He,  C^/Ar  and 
Cb/Xe  discharges  at  5mTorr,  750W  source  power  and  250W  rf  chuck  power.  It  is  seen  that  the 
effects  of  noble  gas  additives  are  strongly  dependent  on  the  particular  Ill-nitride  material:  the 
highest  etch  rates  for  InN  were  obtained  with  C^/Xe  (Figure  1,  top)  and  for  AIN  (center)  and 
GaN  (bottom)  with  Cl2/He.  It  is  also  seen  that  etch  rates  of  AIN  and  GaN  were  much  lower  in 
chlorine-based  plasmas  compared  to  InN.  The  high  rates  for  the  latter  are  similar  to  the 
previously  reported  results  observed  for  InP  where  efficient  ion-assisted  desorption  of  the  InCfr 
occurs  under  ICP  conditions  [21].  These  results  indicate  that  etch  mechanism  is  dependent  on  the 
material  bond  strengths  and  on  the  particular  plasma  chemistry  employed,  and  optimization  of 
the  ICP  etching  process  is  crucial  for  obtaining  the  best  results. 

The  highest  etch  rates  for  AIN  and  GaN  at  these  low  bias  conditions  were  obtained  with 
CE/He  discharges.  Ion  fluxes  and  Bohm  velocities  at  the  sheath  edge  at  66.7%  CI2  are, 
respectively,  1.59xl0' W^s'*  (CE/Ar),  1.84xl0'WV'  (CE/He)  and  1.92xlO'^cm'V'  (CE/Xe), 
and  l,740m/s  (CE/Xe),  2,350m/s  (CE/Ar)  and  2,660m/s  (CE/He).  In  other  words,  the  CE/Xe 
discharges  showed  the  highest  ion  flux  at  the  sheath  edge,  while  the  ions  created  by  CE/He 
discharge  have  the  greatest  Bohm  velocity.  It  is  interesting  to  see  that  the  ion  fluxes  and  sheath 
edge  velocities  are  in  the  same  order  as  we  expected  based  on  ionization  energy  [Ar  (15.76eV)  > 
He  (13.6eV)  >  Xe  (12.13eV)]  [22]  and  atomic  mass.  The  predicted  ion  fluxes  and  Bohm 
velocities  explain  why  the  etch  rates  with  CE/Ar  are  the  lowest,  while  the  highest  are  obtained 
with  CE/He.  Ions  created  in  the  CE/He  discharge,  having  the  fastest  velocity,  arrive  at  the 
surface  with  higher  velocities,  helping  activate  the  nitride  surface  for  the  coincident  reactive 
chlorine  neutral  flux.  They  also  provide  the  impetus  for  directional  etching.  In  the  ICP  system, 
the  sheath  layer  near  the  sample  position  is  determined  mainly  by  the  capacitively  coupled  power 
because  the  sheath  thickness  due  to  the  inductively  coupled  power  is  much  smaller.  The  values 
of  sheath  thickness  predicted  at  66.7%  CE,  750W  ICP  and  250W  rf  powers  are  0.62cm  in 
CE/He,  and  0.44cm  in  CE/Xe  discharges.  Although  the  heavier  Xe  ions  are  accelerated  within 
the  sheath  region,  the  sheath  thickness  is  not  long  enough  for  them  to  reach  the  energy  carried  by 
the  fast-moving  ions  created  by  the  CE/He  discharge.  This  partially  explains  the  difference  in 
etch  rates  between  the  different  chemistries. 

The  effect  of  rf  chuck  power  on  the  etch  rates  is  shown  in  Figure  2.  The  etch  rates  of  InN 
with  CE/Xe  and  CE/He  discharges  increased  up  to  250  W  and  decreased  at  higher  power  (Figure 
2,  top),  but  increased  monotonically  with  CE/Ar  as  the  rf  power  increased.  The  increase  in  etch 
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Figure  1.  Effect  of  chlorine  concentration  on  etch  rates  of 
InN  (top),  AIN  (center)  and  GaN  (bottom)  with  Cl2/He, 
Cl2/Ar  and  Cl2/Xe  plasma  chemistries  (750W  source 
power,  250W  rf  chuck  power,  5mTorr). 


Figure  2.  Effect  of  rf  chuck  power  on  etch  rates  of 
InN  (top),  AIN  (center)  and  GaN  (bottom)  with 
2Cl2/13He,  2Cl2/13Ar  and  2Cl2/13Xe  plasma 
chemistries  (750W  source  power,  5mTorr). 


rate  can  be  attributed  to  enhanced  sputter  desorption  of  etch  products  as  well  as  dominant 
physical  sputtering  of  the  InN  surface.  The  etch  rates  of  AIN  increased  monotonically  as  the  rf 
power  increased  with  all  Cb-based  discharges  (Figure  2,  center).  However,  GaN  etching  in 
Cb/He  and  Cb/Ar  showed  relatively  constant  etch  rates  with  some  fluctuations,  and  increased 
rapidly  in  the  Cb/Xe  chemistry  as  the  rf  power  increased  (Figure  2,  bottom).  Again,  He  and  Xe 
additives  resulted  in  overall  better  etch  rates  than  Ar. 

The  monotonic  increase  in  AIN  etch  is  mainly  due  to  the  higher  bond  strength  of  AIN 
(1 1.52eV)  compared  to  InN  and  GaN,  indicating  that  AIN  etch  rate  is  limited  by  breaking  the  Al- 
N  bond.  In  order  to  initiate  etching,  breaking  the  group  Ill-nitrogen  bond  is  crucial,  since  this 
must  precede  the  formation  of  etch  products.  Bond  energies  are  in  the  order  of  InN  (7.72eV)  < 
GaN  (8.92eV)  <  AIN  (11.52eV)  [22].  The  etch  rate  is  also  related  to  volatilities  of  the  etch 
products.  In  chlorine-based  plasmas,  the  boiling  points  are  AICI3  (183°C)  <  GaCb  (201®C)  < 
InCb  (600°C)  [22].  In  addition  to  the  experimental  results,  from  the  view  points  of  bond 
strength  and  boiling  point,  two  conclusions  may  be  drawn:  1)  the  etch  rates  of  InN  are  dominated 
by  physical  sputtering,  due  to  the  relatively  low  bond  strength,  but  possibly  limited  by  desorption 
of  etch  products  due  to  the  lowest  volatility  of  InCb  and  2)  lower  etch  rates  of  GaN  and  AIN  are 
limited  by  initial  breaking  of  the  Ill-nitrogen  bond.  The  dc  bias  increased  monotonically  with 
increasing  rf  chuck  power  from  50  to  350W,  but  the  ion  flux  at  the  sheath  edge  increased 


slightly.  Ion  fluxes  in  CXjlWt  and  Cb/Xe  discharges  were  ~  1.9xl0'^cm^  s  ’  at  750W  source 
power,  while  that  with  Cb/Ar  was  lower,  ~  1.6xl0'^cm^-s'’. 

The  effect  of  the  rf  power  on  ion  fluxes  at  the  sheath  edge,  respectively,  generated  by 
capacitive  and  inductive  coupled  discharges  with  chlorine-based  chemistries  was  calculated  from 
a  simple  model  (Figure  3).  The  ion  flux  generated  by  the  capacitive  discharge  increases 
substantially  with  increasing  rf  power,  while  that  in  the  counterpart  by  the  inductively  coupled 
discharge  maintains  an  essentially  constant  value.  The  rf  power  increases  the  ion  bombarding 
energy,  resulting  in  an  increase  in  etch  rate  with  increasing  the  chuck  power.  However,  the 
predicted  ion  flux  (or  bulk  ion  density)  showed  that  the  contribution  of  the  capacitive  discharge 
to  total  ion  flux  in  the  ICP  etching  process  is  less  than  2%,  indicating  that  the  main  role  of  the 
chuck  power  is  to  increase  the  ion  bombarding  energy. 
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The  effect  of  ICP  source  power  on  etch  rate  is  shown  in  Figure  4.  The  influence  of 
additive  noble  gases  was  dependent  on  Ill-nitride  materials:  the  best  etch  rate  for  InN  was 
obtained  with  Cb/Xe  (Figure  4,  top),  while  the  overall  highest  rates  for  the  other  materials  were 
achieved  with  Cb/He.  InN  showed  higher  etch  rates  again  than  AIN  and  GaN.  The  etch  rates  of 
InN  with  Cb/He  and  Cb/Xe  discharges  increased  up  to  750W  ICP  power,  and  decreased  at  > 
750W.  However,  the  Cb/Ar  discharge  showed  the  highest  etch  rate  of  InN  at  1000  W.  AIN  etch 
rate  increased  slightly  with  the  source  power,  but  resulted  in  low  etch  rates.  GaN  etch  rates  with 
Cb/He  and  Cb/Ar  chemistries  showed  maxima  as  the  source  power  increased,  but  relatively 
constant  etch  rates  with  Cb/Xe.  The  increase  in  etch  rate  with  increasing  source  power  is  due  to 
the  higher  concentration  of  reactive  species  in  the  plasma,  suggesting  a  reactant-limited  regime, 
and  to  higher  ion  flux  to  the  substrate  surface.  Increased  numbers  of  ions  also  make  the  surface 
more  active  with  respect  to  the  reactive  neutrals.  The  decrease  in  etch  rate  with  further  increase 
of  the  ICP  power  is  attributed  either  to  lower  ion  energies  or  ion-assisted  desorption  of  the 
reactive  species  at  the  substrate  surface  prior  to  etch  reactions.  The  dc  bias  of  the  sample  chuck 
was  decreased  as  the  ICP  power  increased  mainly  due  to  the  increased  ion  density. 

In  order  to  reduce  the  currently  high  contact  resistance  in  GaN-based  heterostructure  field 
transistors  [23],  and  eventually  heterojunction  bipolar  transistors,  it  is  expected  that  InN-based 
contact  layers  will  be  necessary  [24-26],  in  analogy  to  InGaAs  on  GaAs.  In  such  a  case,  the 
ability  to  selectively  etch  InN  relative  to  the  other  nitrides  will  be  crucial.  Figures  5  shows  some 
selectivity  data  as  functions  of  rf  power  in  chlorine-noble  discharges.  As  the  rf  power  increased, 
the  Cb/Ar  discharge  showed  overall  the  best  selectivity  of  InN  over  GaN,  but  the  Cb/He 
chemistry  yielded  the  lowest  selectivities  for  InN  over  AIN  as  well  as  over  GaN.  The  selectivity 
data  obtained  in  this  work  showed  overall  higher  selectivity  characteristics  for  InN  over  GaN  and 
AIN  in  Cb/He,  Cb/Ar  and  Cb/Xe  than  that  previously  reported  [1,12]. 
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Figure  4.  Eifect  of  ICP  source  power  on  etch  rates 
of  InN  (top),  AIN  (center)  and  GaN  (bottom)  with 
2Cl2/13He,  2Cl2/13Ar  and  2Cl2/13Xe  plasma 
chemistries  (250W  rf  chuck  power,  5mTorr). 
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Figure  5.  Effect  of  rf  chuck  power  on  the  selectivity 
for  InN  over  GaN  and  AIN  (750W  source  power, 
5mTorr,  2C12/13  noble  gas). 


Summary  and  conclusions 

The  effect  of  the  noble  gas  additive  to  CI2  ICP  discharges  was  examined  for  etching  of 
GaN,  AIN  and  InN.  The  etch  rates  were  greatly  affected  by  chlorine  concentration,  rf  chuck 
power  and  ICP  source  power.  The  influence  of  the  additive  gases  was  much  dependent  on  the 
particular  Ill-nitride  material,  with  InN  showing  higher  etch  rates  than  the  other  nitrides. 
Efficient  breaking  of  the  Ill-nitrogen  bond  is  crucial  for  achieving  high  etch  rates.  The  InN 
etching  was  dominated  by  physical  sputtering  because  of  the  low  volatility  of  InCls,  while  GaN 
and  AIN  etching  was  limited  by  initial  breaking  of  the  Ill-nitrogen  bond.  The  contribution  of  the 
capacitive  discharge  to  total  ion  flux  in  the  ICP  etching  process  is  less  than  2%,  indicating  that 
the  main  role  of  the  chuck  power  is  to  increase  the  ion  bombarding  energy.  The  etch  rates 
increased  with  increasing  ICP  source  power  due  mainly  to  increased  ion  flux.  Selectivities  up  to 
~  80  for  InN  over  GaN  and  AIN  were  achieved. 
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ABSTRACT 


We  have  investigated  the  use  of  focused  ion  beam  (FIB)  etching  for  the  fabrication  of 
GaN-based  devices.  Although  work  has  shown  that  conventional  reactive  ion  etching  (RIE)  is  in 
most  cases  appropriate  for  the  GaN  device  fabrication,  the  direct  write  facility  of  FIB  etching  —  a 
well-established  technique  for  optical  mask  repair  and  for  IC  failure  analysis  and  repair  -  without 
the  requirement  for  depositing  an  etch  mask  is  invaluable.  A  gallium  ion  beam  of  about  20nm 
diameter  was  used  to  sputter  GaN  material.  The  etching  rate  depends  linearly  on  the  ion  dose  per 
area  with  a  slope  of  3.5xl0'^pm^/pC.  At  a  current  of  3nA,  for  example,  this  corresponds  to  an 
etch  rate  of  l.OSpmVs.  Good  etching  qualities  have  been  achieved  with  a  side  wall  roughness 
significantly  below  0.1pm.  Changes  in  the  roughness  of  the  etched  surface  plane  stay  below 
8nm. 

INTRODUCTION 

Tremendous  effort  has  been  made  in  recent  years  in  developing  GaN-based  devices  due 
to  their  wide  spectrum  of  potential  applications  ranging  from  short-wavelength  light  emitters  and 
lasers,  solar-blind  detectors  to  high  temperature  devices  [1-4].  GaN-based  devices  reported  to 
date  have  mostly  been  fabricated  using  reactive  ion  etching  (RIE)  [5],  RIE-etched  side  walls, 
however,  often  suffer  from  a  significant  surface  roughness,  which  is  a  major  concern,  e.g.,  for 
laser  diodes  since  optical  losses  in  the  laser  end  mirrors  increase  the  threshold  current.  Because 
of  the  difference  in  the  cleavage  plane  between  GaN  (1100)  and  the  commonly  used  sapphire 
substrate  (1102)  it  is  difficult  to  achieve  flat  cleaved  end  mirrors.  The  development  of  improved 
etching  techniques  is  therefore  essential  to  enhance  the  performance  of  GaN-based  devices  [6- 
8].  Furthermore,  it  will  be  necessary  to  find  etching  techniques  which  allow  the  fabrication  of 
GaN  on  the  nanometer  scale  for  the  development  of  novel  device  structures,,  e.g.,  for  integrating 
laser  diodes  with  wavelength  selective  electro- absorbers  [7]. 

Focused  ion  beam  (FIB)  etching  is  not  only  the  most  promising  technique  for  the  fine 
patterning  of  GaN-based  devices,  but  also  for  improving  the  quality  of  laser  facets.  A  focused 
gallium  ion  beam  of  5-20nm  size  is  used  in  FIB  to  sputter  material.  The  direct  write  facility  of 
focused  ion  beam  (FIB)  etching  —  a  well-established  technique  for  optical  mask  repair  and  for  IC 
failure  analysis  and  repair  -  without  the  requirement  for  depositing  an  etch  mask  is  invaluable. 
This  allows  the  nanometer  scale  fabrication  of  nitride  devices.  Focused  ion  beam  (FIB)  etching 
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has  also  great  potential  for  the  post-processing  of  devices  and  has  been  successfully  applied  to 
achieve  polarization  control  in  red  GaAs-based  vertical  cavity  surface  emitting  lasers  (VCSELs) 
[9,10].  In  this  report,  we  determine  basic  parameters  for  the  FIB-etching  of  GaN.  We  investigate 
the  quality  of  FlB-etched  GaN  structures  using  atomic  force  microscopy  and  scanning  electron 
microscopy. 

EXPERIMENT 


GaN  layers,  1.2pm  thick,  were  grown  by  metalorganic  vapor  phase  epitaxy  (MOCVD)  on 
sapphire  substrates.  The  layers  were  unintentionally  n-doped  with  a  carrier  concentration  of 
6xl0'^cm'^  and  a  carrier  mobility  of  360cm^/Vs.  Patterns  were  etched  in  the  GaN  layer  using  a 
focused  gallium  ion  beam  of  20nm  diameter  size.  The  instrument  used  comprises  an  FEI 
focused  gallium  ion  gun  with  a  magnetic  sector  mass  analyser,  a  Thomley  Everhard  secondary 
electron  detector  and  peripheral  components.  It  enables  the  user  to  capture  an  image  of  the 
sample  at  high  magnification  using  the  scanned  focused  ion  beam  and  secondary  electron 
detector,  and  then  to  delineate  or  import  arbitrary  patterns  in  two  dimensions  to  be  etched  into 
the  specimen  with  the  same  beam. 

Furthermore,  an  integrated  mass  spectrometer,  a  double-focusing  electric  and  magnetic 
sector  unit,  can  be  used  to  provide  secondary  ion  mass  spectrometry  (SIMS)  analysis,  and  so  the 
instrument  can  be  employed  as  an  analytical  tool  in  its  own  right,  or  the  SIMS  detector  can  be 
used  to  provide  end-point  detection  during  etching,  particularly  on  devices  with  multi-layered 
structures.  The  spatial  resolution  of  the  system  is  below  lOOnm  at  50pA;  the  main  component 
limiting  the  available  resolution  being  noise  and  vibration.  The  spectral  resolution  of  the  SIMS 
detector  is  M/AM=2000. 

The  fabricated  samples  were  investigated  using  an  atomic  force  micro.scope  from 
TopoMetrix  and  a  JEOL-6400  scanning  electron  microscope  to  determine  the  etch  depth  and 
surface  roughness  of  the  fabricated  GaN  structures. 

RESULTS  AND  DISCUSSION 

Square  patterns  of  about  7pm  size  were  etched  in  the  1 .2pm-thick-GaN  layer  by  FIB  at 
different  Ga-ion  doses.  Figure  1  displays  the  secondary-electron  image  of  the  specimen  after 
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Figure  1:  Focused  ion  beam  (FIB)-etched  pattern  in  GaN  layer,  fabricated  using  Ga-ion 
doses  of  (a)  500,  (b,d)  1000,  (c)  1500,  and  (e)  2000pC/pml 
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Figure  2:  Atomic  force  microscopy  (AFM)  image  of  FTB-etched  structure  in  GaN. 

the  etching,  obtained  while  scanning  the  Ga-ion  beam  over  the  sample  surface  at  a  very  low 
dose.  The  individual  square  patterns  were  etched  with  ion  doses  of:  (a)  500pC/pm^,  (b,d) 
lOOOpC/pm^,  (c)  1500pC/pm^,  and  (e)  2000pC/ixm^.  The  pattern  (b)  and  (d)  were  etched  at  a 
different  current,  InA  and  3nA,  respectively.  Note  that  no  etch  mask  is  necessary  for  the  etching. 
The  pattern  is  written  directly  onto  the  specimen  by  scanning  the  20nm-wide  gallium  ion  beam 
over  the  sample  surface.  This  direct  write  facility  of  focused  ion  beam  (FIB)  etching  is  illustrated 
by  the  etched  arrow  on  the  left  side  of  Figure  1 .  The  etched  lines  of  the  arrow  are  less  than  1pm 
wide.  The  achievable  minimal  line  width  is  only  limited  by  the  diameter  of  the  gallium  ion  beam 
and  the  vibrational  stability  of  the  FIB-instrument. 

Increasing  the  gallium-ion  dose  results  in  an  increasing  etch  depth  in  the  GaN  layer  as 
seen  Figure  1 .  Atomic  force  microscopy  (AFM)  images  were  recorded  from  the  various  square 
patterns  to  determine  the  etch  depth  as  function  of  ion  dose.  Figure  2  shows  an  AFM  image  of 
the  etched  pattern  (e)  of  Figure  1.  The  determined  etch  depth  as  function  of  gallium  ion  dose  per 
area  is  displayed  in  Figure  3.  The  etching  rate  depends  linearly  on  the  gallium-ion  dose  with  a 
slope  of  3.5xlO‘^pm^/pC.  At  a  current  of  3nA,  for  example,  this  corresponds  to  an  etch  rate  of 
l.OSpmVs.  We  note  that  the  etching  rate  shows  a  minor  dependence  on  the  gallium-ion  currents 
used.  Figure  3  shows  the  results  obtained  at  a  low  gallium-ion  current.  Increasing  the  current 
from  InA  to  3nA  at  a  constant  dose  of  1000  pC/pm^  in  Figure  1  (b,d),  i.e.,  decreasing  the  etch 
time,  results  in  an  decrease  in  the  etching  rate  by  about  10-20%.  The  underlying  mechanism  is 
currently  not  known  and  is  part  of  ongoing  investigations. 

Figure  4  shows  the  change  in  the  RMS  roughness  of  the  GaN  surface  after  etching,  i.e., 
inside  the  etched  square  pattern  in  Figure  1,  as  function  of  the  gallium  ion  dose,  determined  from 
the  AFM  images  to  evaluate  the  quality  of  the  FIB  etching  of  GaN.  The  RMS  surface  roughness 
increases  up  to  gallium  ion  doses  of  lOOOpC/pm^,  however,  saturates  at  higher  ion  doses.  Note 
that  the  RMS  roughness  of  the  GaN  layer  is  only  8nm  larger  after  the  FIB  etching  at  a  dose  of 
2000pC/pm^  than  on  the  as-grown  sample  (RMS=:17nm). 

Figure  5  shows  a  scanning  electron  microscopy  image  of  an  edge  of  a  deep  square  pattern 
etched  by  FIB  at  a  gallium-ion  dose  of  3000pC/pm^  at  a  current  of  3nA.  The  image  allows  us  to 
estimate  the  obtained  side  wall  roughness  achievable  with  FIB.  The  side  wall  roughness  stays 
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Figure  3:  Etch  rate  as  function  of  gallium  ion  dose. 


Figure  4:  Change  in  the  root  mean  square  (RMS)  of  the  GaN 
surface  roughness  after  the  FTB  etching. 


Figure  5:  Scanning  electron  microscopy  images  of  FIB-etched  edge. 


well  below  0.1  jim.  This  result  is  very  promising  for  use  of  FIB  etching  for  the  fabrication  of 
smooth  GaN  laser  facets.  Note  that  the  pattern  shown  in  Figure  5  was  etched  at  a  high  gallium 
ion  current.  The  result  can  even  be  improved  by  lowering  the  current.  A  large  beam  current 
results  in  an  increased  gallium  beam  diameter,  a  reduced  spatial  resolution  and  therefore  a 
reduced  etch  quality.  A  closer  examination  of  Figure  5  shows  consistently  rounded  top  edges 
(top  of  Figure  5).  Reducing  the  Ga-ion  current  significantly  improves  the  etching  quality  as 
indicated  in  Figure  1  when  comparing  the  pattern  (b)  and  (d)  fabricated  at  a  current  of  InA  and 
3nA,  respectively. 

The  good  quality  of  the  FIB-etched  GaN  surfaces  as  well  as  of  the  side  walls  illustrates 
that  FIB-etching  is  well  suited  for  the  fabrication  of  GaN-based  devices.  The  achieved  surface 
roughness  and  side  wall  roughness  is  comparable  or  better  than  etching  results  obtained  with 
reactive  ion  etching  (RIE)  reported  in  the  literature  [11].  The  superiority  of  FIB  for  the 
fabrication  of  GaN  laser  diode  end  facets  has  recently  been  illustrated  by  Mack  et  al  [8].  FIB- 
post-processed  GaN  laser  diodes  showed  a  reduction  in  the  threshold  current,  i.e.,  reduced 
optical  losses  in  the  end  facet  mirrors.  The  direct  write  facility  of  FIB  is  invaluable  for  the 
fabrication  of  nanometer  size  features  in  GaN  (see  e.g.  Figure  1). 

CONCLUSIONS 


We  have  demonstrated  the  great  potential  of  focused  ion  beam  (FIB)  etching  to  fabricate 
GaN-based  devices.  Parameters  for  the  FIB  etching  of  GaN  were  determined.  The  etching  rate 
increases  linearly  with  ion  dose  with  a  slope  of  B.SxlC^pmVpC.  The  obtained  side  wall 
roughness  stays  well  below  0.1pm.  The  direct  write  facility  of  FIB  was  demonstrated.  Arbitrary 
nanometer  scale  features  were  etched  in  a  GaN  film.  Since  FIB  etching  is  intrinsically  a  serial 
process,  FIB  etching  is  slower  than  high-density  plasma  etching  techniques.  However,  the  high 
etching  quality  of  FIB  as  well  as  its  high  versatility  makes  FIB  etching  highly  attractive  for  the 
post-processing  of  GaN-based  devices  where  only  a  small  area  has  to  be  modified. 
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ABSTRACT 

DC  and  intrinsic  small  signal  parameters  are  reported  for  AIGaN/GaN  high  electron  mobility 
transistors.  The  calculations  are  based  upon  a  self-consistent  solution  of  Schrodinger  and 
Poisson’s  equation  to  model  the  quantum  well  formed  in  GaN.  Transport  parameters  are  obtained 
from  an  ensemble  Monte  Carlo  simulation. 

INTRODUCTION 

AIGaN/GaN  high  electron  mobility  transistors  (HEMTs)  have  recently  attracted  much 
attention  with  the  large  available  band  gap  of  the  channel  material  (GaN)  and  excellent  thermal 
properties  for  possible  applications  in  high  power  and  high  temperature  microwave  devices. 

Some  of  the  HEMT  structures  reported  by  Binari  et.  al.  [1-2]  and  Redwing  et.  al.  [3]  had 
appreciable  two  dimensional  electron  gas  (2DEG)  concentration  though  the  AlGaN  supply  layer 
was  undoped.  Dangling  bonds  at  the  AIGaN/GaN  heterointerface  may  give  rise  to  interface 
charge  that  could  explain  the  observed  2DEG  concentration.  Recently,  an  alternative  explanation 
of  the  formation  of  the  2DEG  concentration  using  the  piezoelectric  effect  has  been  proposed  by 
Asbeck  et.  al.  [4].  However,  as  shown  by  the  present  authors  [5]  the  calculation  of  2DEG 
concentration  as  a  function  of  Al  mole  fraction  is  in  excellent  agreement  with  the  experimental 
data,  even  though  the  piezoelectric  effect  was  not  incorporated  in  the  calculation. 

The  dc  and  small  signal  parameters  and  the  rf  performance  can  be  investigated  once  the 
quantum  well  (QW)  properties  and  the  transport  properties  of  the  channel  material  are  known.  In 
this  paper  the  dc  and  small  signal  parameters  are  calculated  using  results  obtained  from  an  exact 
quantum  calculation  modeling  the  QW  formed  at  the  AIGaN/GaN  heterointerface  along  with 
transport  data  obtained  from  an  ensemble  Monte  Carlo  simulation.  The  rf  performance  can  then 
be  obtained  by  evaluating  the  small  signal  model. 

THEORY 

The  electron  concentration,  ns,  in  the  QW  formed  in  GaN  is  determined  by  solving  the 
Schrodinger  and  Poisson’s  equations  self-consistently  [5].  The  calculated  average  distance  of  the 
electron  cloud  from  the  heterointerface,  Xavg,  and  the  position  of  the  Fermi  level,  Ef,  are  expressed 
by  the  following  functional  forms  and  are  used  in  the  evaluation  of  the  dc  and  small  signal 
parameters  [6,  7,  8]: 


(1) 
(2) 
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x^^  ^  a  +  b-ln(n^)  (A) 
Ep=Ep(0)  +  yln(nJ  (eV) 


where  the  constants  a,  b,  Ef(0)  and  y  are  determined  from  the  results  of  the  quantum  calculation. 
The  drain-source  current  Ids  can  then  be  written  as  [5]  : 
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where  Go  =  eZvs/dcff,  dcfr  =  d  +  Ad  with  d  and  Ad  being  the  thickness  of  AlGaN  layer  and 
effective  channel  thickness,  respectively.  Z  is  the  width  of  the  gate  and  Li  is  the  length  of 
unsaturated  region  of  the  channel.  The  above  equation  incorporates  the  effect  of  the  quantum  well 
through  eqs.  1  and  2  via  reduced  potentials,  s  and  p.  Also  implicit  in  eq.  3  is  the  use  of  a  velocity- 
electric  field  characteristic  of  the  form  Vd=po  £’/((Vs/|io)^+  E)'^  where  Vj  is  the  drift  velocity,  po  is 
the  low  field  mobility,  Vs  is  the  saturation  velocity  and  E  is  the  electric  field.  The  velocity-electric 
field  characteristics  are  obtained  from  an  ensemble  Monte  Carlo  simulation  using  the  following 
scattering  mechanisms:  acoustic  phonon,  optical  phonon,  intervalley,  alloy,  ionized  impurity  and 
piezoelectric  scattering  The  evaluation  of  dc  and  small  signal  parameters  follows  the  treatment 
presented  in  Ref  [5]. 

RESULTS  AND  DISCUSSION 

The  QW  formed  in  GaN  in  an  Alo25Gao75N/GaN  heterostructure  is  considered.  The 
electron  effective  masses  in  GaN  and  AIN  are  assumed  to  be  0.1 9mo  and  0.23  mo,  respectively, 
where  mo  is  the  free  electron  mass.  The  electron  effective  mass  of  Al^Ga,  ^N  is  obtained  by  a  linear 
interpolation  between  the  values  for  GaN  and  AIN.  Based  on  a  calculated  valence  band  offset  in 
AlxGai-xN/GaN,  it  is  found  that  the  conduction  band  offset  may  be  given  as:  AE^,  =  0.75AE^_ , 
where  AE^,  is  the  difference  in  bandgaps  of  GaN  and  Al^Ga,  ^N  [5].  The  temperature  dependent 
bandgap  for  GaN  is  given  as  E^^^(T)  =  3.056  +  5.08  x  10“T' /  (T  -  996)  [9].  The  bandgap  of 
AIN  is  assumed  to  be  5.1  eV. 

Fig.l  shows  the  conduction  band  profiles  obtained  by  solving  the  Schrodinger  and 
Poisson’s  equations  self-consistently  for  300K  and  500K.  On  the  same  plot  the  2DEG 
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Fig.  1  Conduction  band  profile  and  2DEG  concentration  at  300K  and 
500K. 


distributions  are  also  plotted.  The  plots  are  obtained  for  a  2DEG  concentration  of  1,8  x  10'^  cm  ^ 
and  the  corresponding  positions  of  the  Fermi  level  are  0.092  eV  and  0.052eV  above  the  tip  of  the 
conduction  band  discontinuity  at  300K  and  500K,  respectively.  The  conduction  band  profiles  can 
be  explained  by  the  fact  that  n,(300K)  is  12  orders  of  magnitude  less  that  n,(500K).  This 
difference  in  n,  is  due  to  the  higher  effective  density  of  states  at  higher  temperatures  and  a 
decrease  in  bandgap  of  GaN  with  increasing  temperature.  Moreover,  the  conduction  band  offset 
increases  from  0.313eV  at  room  temperature  to  0.361eV  at  500K.  Assuming  fully  ionized 
acceptors  in  GaN  at  both  temperatures,  the  Fermi  level  moves  closer  to  the  intrinsic  Fermi  level  at 
the  higher  temperature.  Therefore,  less  band  bending  in  GaN  is  required  to  obtain  the  same 
2DEG  concentration  at  500K  that  at  300K.  At  room  temperature  a  higher  fraction  of  the  2DEG 
concentration  is  in  the  first  subband  due  to  the  close  proximity  of  the  Fermi  level  to  the  first  eigen 
energy.  On  the  other  hand,  at  500K  a  larger  separation  between  the  first  eigen  energy  and  the 
Fermi  level  implies  a  lesser  degree  of  occupation  of  the  first  subband,  allowing  the  higher 
subbands  to  be  populated. 

In  Fig.  2,  the  average  distance  of  the  electron  cloud  from  the  first  heterointerface,  Xav,  and 
the  position  of  the  Fermi  level,  Ef,  with  respect  to  the  tip  of  the  conduction  band  are  plotted  as  a 
function  of  the  2DEG  concentration,  At  room  temperature  for  Us  >  1  x  lO”  cm'^  ,  Xav  and  Ef 
can  be  expressed  by  the  following  relationships: 

=  1740  -  104  logio  (nO  A  (4) 

Ef  =  -5.232  0.4363  logio  (Hs)  eV  (5) 
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r  Fig.  2  Xav  and  Ef  as  a  function  of  the  2DEG  concentration. 


Fig.  3  Velocity-electric  field  characteristics  for  undoped  GaN  with 
temperature  as  a  parameter. 


The  simulated  electron  drift  velocity  is  plotted  in  Fig.  3  as  a  ftinction  of  applied  electric 
field  in  undoped  bulk  GaN  with  temperature  as  a  parameter.  A  peak  velocity  of  2.6x10^  cm/s  is 
obtained  at  a  field  strength  of  145  kV/cm  for  undoped  GaN  at  room  temperature  .  The  position  of 
the  peak  velocity  moves  from  140  kV/cm  at  lOOK  to  170  kV/cm  at  500K.  It  is  interesting  that  the 
low  field  mobility  increases  as  the  temperature  is  lowered,  whereas,  the  saturation  velocity  does 
not  show  such  a  pronounced  temperature  dependence.  This  can  be  explained  by  noting  that  the 
low  field  mobility,  which  is  dominated  by  acoustic  phonons  and  polar  optical  phonon  absorption, 
shows  improvement  due  to  the  suppression  of  these  scattering  process  at  lower  temperatures.  The 
high  field  transport  on  the  other  hand,  is  dominated  by  polar  optical  phonon  emission  and 
intervalley  scattering,  both  of  which  have  a  weak  lattice  temperature  dependence.  The  room 
temperature  low  field  mobility,  p,  obtained  from  the  initial  slope  of  the  velocity  field  curves, 
changes  firom  590  cm^/V-s  at  IxlO'^  cm’^  to  440  cm^/V-s  at  IxlO’^  cm'^  for  GaN.  The 


Drain  voltage  (v) 


Fig.  4  DC  current-voltage  characteristics  of  AlGaN/GaN  HEMT. 


simulations  show  that  the  temperature  dependence  of  the  low  field  mobility  for  a  doping  level  of 
1x10^’  cm'^  can  be  given  as  p(T)  =  1 156  -  2,75T  +  0.002T^  cm^A^-s.  With  increasing  doping  the 
peak  in  the  low  field  mobility  decreases  and  shifts  towards  higher  temperature.  This  behavior  is 
attributed  to  the  strong  influence  of  ionized  impurity  scattering. 

The  current  voltage  characteristics  of  a  1.2  pm  x  20pm  Alo.25Gao,75N/GaN  HEMT  at  room 
temperature  are  plotted  in  Fig.  4.  A  low  field  mobility  of  600  cmW-s  and  a  saturation  velocity  of 
1x10^  cm/s  are  assumed  for  the  undoped  GaN  channel.  The  AlGaN  epilayer  thickness  is  assumed 
to  be  220  A.  The  threshold  voltage  is  calculated  to  be  -3.75  V,  and  the  barrier  potential,  q)b 
=l.leV. 

In  Fig.  5,  the  saturation  drain  current  and  the  transconductance  of  a  1.2  pm  x  20  pm  gate 
HEMT  are  plotted  as  a  function  of  the  gate-source  potential  at  Vds=2.0V.  A  transconductance  of 
100  mS/mm  is  obtained  at  Vgs  =2.0  V.  In  Fig  5  (b),  the  small  signal  gate  capacitance  and  the 
drainresistance  are  shown.  These  small  signal  parameters  predict  a  maximum  unity  current  gain 
cutoff  frequency,  fr,  of  12  GHz  at  room  temperature  that  reduces  to  10  GHz  at  500K. 


Vgs  (V) 

Fig.  5  (a)  Saturation  drain  current  and  transconductance  (b)  drain 
resistance  and  gate-source  capacitance  are  plotted  as  a  function  of  gate 
bias. 


CONCLUSION 


A  physics  based  intrinsic  model  for  AlGaN/GaN  HEMTs  has  been  presented.  The  model  is  based 
a  self-consistent  solution  the  Schrodinger  and  Poisson’s  equations  as  well  as  channel  material 
transport  properties  obtained  from  a  Monte  Carlo  simulation.  The  resulting  small  signal  model 
predicts  a  high  transconductance  of  1 00  mS/mm  with  a  unity  current  gain  cutoff  frequency  of  1 2 
GHz.  Transistors  with  these  characteristics  will  be  useful  in  microwave  applications  at  high 
temperatures. 
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ABSTRACT 

Ensemble  Monte  Carlo  calculations  of  electron  transport  at  high  applied  electric 
field  strengths  in  bulk,  wurtzite  phase  InN  are  presented.  The  calculations  are  performed 
using  a  full  band  Monte  Carlo  simulation  that  includes  a  pseudopotential  band  structure, 
all  of  the  relevant  phonon  scattering  agents,  and  numerically  derived  impact  ionization 
transition  rates.  The  full  details  of  the  first  five  conduction  bands,  which  extend  in  energy 
to  about  8  eV  above  the  conduction  band  minimum,  are  included  in  the  simulation.  The 
electron  initiated  impact  ionization  coefficients  and  quantum  yield  are  calculated  using 
the  full  band  Monte  Carlo  model.  Comparison  is  made  to  previous  calculations  for  bulk 
GaN  and  ZnS.  It  is  found  that  owing  to  the  narrower  band  gap  in  InN,  a  lower  breakdown 
field  exists  than  in  either  GaN  or  ZnS. 

INTRODUCTION 

Wide  band-gap  semiconductors  are  becoming  of  increasing  importance  in  many 
emerging  optoelectronic  and  electronic  device  applications.  Among  these  applications  are 
ultraviolet  (UV)  photodetectors,  blue  and  UV  light  emitters,  and  high  frequency,  high 
power  electronic  devices.  Of  the  emerging  wide  band-gap  semiconductors,  the  most 
promising  candidates  for  power  field  effect  transistors,  FETs,  are  SiC  and  the  Ill-nitrides. 
It  is  well  known  that  SiC  or  GaN  based  transistors  offer  significantly  higher  maximum 
output  power  than  comparable  structures  made  from  GaAs  or  Si  [1,2].  Owing  to  their 
relatively  wide  and  direct  energy  band-gap,  the  Ill-nitride  semiconductors  are  in  addition 
particularly  useful  for  UV  and  blue-light  photonic  detectors  and  emitters.  The  Ill-nitrides 
offer  an  additional  advantage  since  heterostructures  can  be  made  from  these  materials. 
Along  with  GaN,  the  InN  ternary  alloy,  InGaN,  has  found  application  in  a  variety  of 
heterostructure  based  opto-electronic  devices.  In  spite  of  its  potential  application,  Uttle 
information  is  available  about  the  transport  properties  of  InGaN  or  its  constituent  binary 
materials,  InN  and  GaN.  Some  progress  has  been  made  on  GaN  [3-10],  but  only  a  single 
limited  study  of  electron  transport  in  InN  [11]  has  yet  been  performed. 

It  is  the  purpose  of  this  paper  to  present  the  first  theoretical  study  of  the  high  field 
electronic  transport  properties  of  bulk  InN.  The  calculations  are  performed  using  a  full 
band,  ensemble  Monte  Carlo  simulation  that  includes  a  numerical  formulation  of  the 
interband  impact  ionization  transition  rate  [12].  The  electron  initiated  impact  ionization 
coefficients  are  calculated  as  a  function  of  applied  electric  field  strength. 
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MODEL  DESCRIPTION 


The  band  structure  of  InN  used  within  the  Monte  Carlo  simulation  is  calculated 
using  the  empirical  pseudopotential  method.  Though  ab  initio  methods  have  been  applied 
to  the  study  of  InN  [13],  the  empirical  pseudopotential  method  is  employed  herein  since 
it  offers  a  computationally  efficient  and  reasonably  accurate  accounting  of  the  band 
structure.  The  band  structure  derived  from  the  pseudopotential  model  is  shown  in 
Figure  1. 


Fig.  1  Calculated  pseudopotential  band-structure  of  wurtzite  InN 

Electron-phonon  and  impurity  scattering  form  the  other  principal  input  into  the 
Monte  Carlo  model.  Polar-optical,  acoustic  phonon,  ionized  impurity,  and  piezoelectric 
scattering  are  included  for  electron  energies  below  0.9  eV.  The  acoustic  phonon 
scattering  is  formulated  inelastically.  Above  0.9  eV,  only  polar  optical,  deformation 
potential  and  impact  ionization  scatterings  are  included.  This  choice  is  made  to  avoid 
using  intervalley  scattering  explicitly  since  the  intervalley  deformation  potentials  are 
unknown.  By  substituting  a  general  deformation  potential  scattering  mechanism  in  place 
of  the  many  intervalley  mechanisms,  the  parametrization  can  be  greatly  reduced. 
Therefore,  only  one  isotropic  deformation  potential  scattering  mechanism  based  on  the 
realistic  density  of  states  is  employed  at  electron  energies  greater  than  0.9  eV.  The 
coupling  constant  for  this  deformation  potential  scattering  is  determined  by  matching  the 
low  energy  and  high  energy  rates  at  0.9  eV.  The  material  parameters  used  to  calculate  the 
scattering  rates  are  collected  in  Table  I.  The  interband  impact  ionization  transition  rate  is 
computed  numerically  from  the  pseudopotential  band  structure  using  a  wave-vector 
dependent  dielectric  function  following  the  approach  of  Kolnik  et  al.  [12].  The  wave- 
vector  dependent  rate  is  computed  on  a  924  point  grid  for  the  first  five  conduction  bands 
within  the  irreducible  wedge  of  the  fir.st  Brilloiun  zone.  The  total  transition  rate  is  then 
determined  by  averaging  the  wave- vector  dependent  rate  over  constant  energy  surfaces. 


Table  I.  Bulk  material  parameters  used  in  the  phonon  scattering  rate  calculations  for 
wurtzite  type  InN. .  . . 


Parameter 

Value 

Lattice  constant  (A)  [14] 

a=3.54  c=5.7 

Low  frequency  dielectric  constant  [14] 

15.4 

High  frequency  dielectric  constant  [14] 

8.4 

Energy  band  gap  (eV)  [15] 

1.86 

Longitudinal  Sound  velocity  (cm/s)  [14] 

6.24  10^ 

Transverse  Sound  velocity  (cm/s)  [14] 

2.55  10^ 

Density  (g  cm’^)  [14] 

6.81 

Effective  mass  at  T  (m  /mo)  [15] 

0.11 

Nonparabolicity  at  Y  (eV*)  [15] 

0.419 

Intravalley  acoustic  deformation  potential  (eV)  [14] 

7.1 

Optical  phonon  energy  at  T  (  eV )  [14] 

0.089 

Piezoelectric  coupling  constant  K  av  [16] 

0.0652 

CALCULATED  RESULTS 

The  ionization  coefficients  are  calculated  using  the  Monte  Carlo  simulator.  It  is 
well  known  that  the  ionization  coefficients  depend  strongly  on  the  high  energy  phonon 
scattering  rate.  Unfortunately,  little  information  about  the  high  energy  scattering  rates  is 
known  even  for  the  most  studied  semiconductors.  The  high  energy  electron-phonon 
scattering  rate  is  dominated  by  deformation  potential  scattering.  Deformation  potential 
scattering  is,  to  lowest  order,  isotropic  and  proportional  to  the  final  density  of  states.  The 
deformation  potential  scattering  rate  is  generally  calculated  assuming  a  single,  constant, 
energy  independent  coupling  constant  whose  value  is  ascertained  by  comparison  of  the 
Monte  Carlo  coefficients  to  experimental  data.  In  the  present  situation,  no  experimental 
information  about  the  ionization  coefficients  exists  so  no  comparison  to  experimental 
data  is  possible.  Instead,  we  select  a  baseline  value  for  the  deformation  potential  constant 
such  that  the  high  and  low  energy  scattering  rates  match  at  0.9  eV  as  mentioned  above. 
By  varying  the  deformation  potential  constant  from  this  baseline  value,  the  sensitivity  of 
the  ionization  coefficients  to  the  choice  of  the  scattering  rate  can  be  assessed. 


The  calculated  ionization  coefficients  for  fields  applied  along  the  (110)  and  (001) 
directions  in  bulk  InN  are  plotted  in  Figure  2.  The  solid  curves  shown  in  Figure  2 
correspond  to  the  calculated  coefficients  using  the  baseline  phonon  scattering  rate. 


Inverse  Electric  Field  {10'^cmA') 

Fig.2  Calculated  impact  ionization  coefficients  for  wurtzite  InN 

There  exists  a  substantial  anisotropy  in  the  ionization  coefficients.  Notice  that  the 
ionization  coefficients  are  significantly  lower  for  an  applied  field  along  the  (001 ) 
direction  than  along  the  (110)  direction.  Since  the  present  model  assumes  an  isotropic 
high  energy  phonon  scattering  rate,  the  anisotropy  in  the  ionization  coefficients  most 
likely  is  due  to  differences  in  the  band  structure  along  these  two  directions.  Inspection  of 
the  band  structure  shows  that  the  first  two  conduction  bands  are  well  separated  from  the 
third  and  higher  bands  except  near  the  K  point.  For  fields  applied  along  the  (110) 
direction,  the  electrons  can  readily  drift  to  states  from  which  they  can  be  scattered  into 
the  third  and  higher  conduction  bands.  The  ionization  transition  rate  is  substantially  larger 
within  the  third  and  higher  conduction  bands  than  within  the  first  or  second  bands. 
Therefore,  when  an  electron  transfers  into  the  third  or  higher  bands,  it  is  highly  likely  to 
undergo  an  impact  ionization  event.  Conversely,  when  the  field  is  applied  along  the 
(001)  direction,  the  electrons  cannot  directly  drift  to  states  from  which  they  can  transfer 
into  the  third  and  higher  conduction  bands.  Given  the  large  separation  of  the  energy 
bands  along  this  direction  far  fewer  electrons,  on  average,  then  will  transfer  into  the  third 
and  higher  bands.  As  a  result,  the  ionization  coefficients  are  substantially  lower  for  an 
applied  field  along  the  (001)  direction. 

The  top  end  of  the  error  bars  shown  in  Fig.2  represents  the  variation  of  the 
ionization  coefficient  for  a  5%  decrea.se  in  the  high  energy  scattering  rate.  The  bottom 
end  of  the  error  bars  represents  the  variation  of  the  ionization  coefficient  for  a  5% 
increase  in  the  high  energy  scattering  rate.  The  total  variation  of  the  ionization  coefficient 
is  of  the  order  of  -25%  in  the  (1 10)  direction  and  -45%  in  the  (001)  direction.  As  is 


generally  observed,  the  ionization  coefficient  is  highly  sensitive  to  variations  in  the 
scattering  rate. 

It  is  usefiil  to  farther  characterize  the  relative  hardness  of  the  threshold  energy.  A 
hard  threshold  implies  that  upon  reaching  the  minimum  energy  for  which  an  ionization 
event  occurs,  a  carrier  soon  suffers  an  impact  ionization  event.  Most  semiconductor 
materials  seem  to  exhibit  relatively  soft  thresholds,  i.e.,  the  carriers  drift  to  energies 
substantially  above  the  minimum  necessary  for  an  ionization  event  before  impact 
ionizing.  The  character  of  the  threshold  can  best  be  ascertained  from  the  quantum  yield. 
The  quantum  yield  is  defined  as  the  average  number  of  impact  ionization  events  caused 
by  a  high  energy  injected  carrier  until  its  kinetic  energy  relaxes  below  the  ionization 
threshold  through  scattering  and/or  impact  ionization.  The  calculated  quantum  yield  for 
electrons  in  InN  is  shown  in  Figure  3.  As  can  be  seen  from  Fig.  3,  a  substantial  number  of 
carriers  survive  to  energies  of  5.5  -  6  eV,  nearly  three  times  the  energy  gap,  before 
suffering  an  impact  ionization  event.  This  is  an  indication  of  a  relatively  soft  threshold, 
significantly  softer  than  that  of  either  GaN  [7]  or  ZnS^^. 


Fig.3  Calculated  quantum  yield  for  wurtzite  InN  as  a  function  of  the  energy. 

CONCLUSIONS 

This  paper  presents  the  first  study  of  high  field  electron  transport  in  bulk,  wurtzite 
InN.  Theoretical  results  based  on  a  full  band,  ensemble  Monte  Carlo  model  are  presented. 
It  is  found  that  there  exists  a  substantial  anisotropy  in  the  ionization  coefficients,  with  the 
rate  for  fields  applied  along  the  (001)  direction  significantly  less  than  for  the  (110) 
direction.  It  is  further  found  that  the  threshold  is  relatively  soft,  significantly  softer  than 
either  GaN  or  ZnS. 
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ABSTRACT 

The  quasi-LO  and  quasi-TO  modes  of  AIN  crystallite  were  investigated.  The  analysis 
indicates  that  the  Raman  mode  behavior  concurs  with  Loudons’  model  of  mode-mixing  in 
wurtzite  (WZ)  structure  crystals  which  is  due  to  the  long-range  electrostatic  field.  Phonon- 
lifetimes  of  GaN  and  AIN  crystallites  were  studied  via  Raman  lineshape.  It  was  found  that  the 
low  energy  E2  mode  lifetime  is  about  an  order  of  magnitude  longer  than  that  of  the  other  modes, 
and  that  impurities  impact  significantly  the  phonon-lifetimes. 

INTRODUCTION 

Due  to  the  long  range  electrostatic  field  associated  with  LO  phonons,  various  types  of 
interactions  are  possible  in  WZ  semiconductors.  Among  them  is  the  interaction  between  polar 
modes  belonging  to  different  symmetry  groups  which  results  in  the  creation  of  new  mixed- 
symmetry  phonons,  referred  to  as  quasi  modes  [1-2].  The  first  part  of  this  paper  presents  a  study 
of  the  LO  and  TO  quasi  modes  in  AIN  crystallite  which  originate  from  the  interaction  of 
phonons  belonging  to  the  A1  and  El  symmetry  groups;  the  study  focuses  on  the  mode-selection 
rules  and  mode-frequency  calculations  as  well  as  on  the  Raman  technique  which  enables  the 
observation  of  the  quasi-modes  [3].  The  second  part  of  the  paper  focuses  on  Raman  analyses  of 
the  lifetimes  of  phonons  in  GaN  and  AIN  crystallites  [4].  The  lifetime  analyses  indicate  that  the 
phonon  lifetimes  in  AIN  as  well  as  in  GaN  fall  into  two  main  time  regimes:  a  relatively  long 
time  of  the  low  energy  E2  mode,  which  will  be  referred  to  as  E2(low),  and  the  much  shorter 
times  of  the  high  energy  E2  mode  (referred  to  as  E2(high))  and  the  El(TO),  Al(TO),  and 
Al(LO)  modes.  The  lifetime  shortening  due  to  impurities  was  also  studied:  the  lifetimes  of  the 
Raman  modes  of  an  AIN  crystallite  which  contains  about  two  orders  of  magnitude  more  Si  and 
C  impurities  relative  to  the  concentration  of  the  high  quality  crystallite  were  found  to  be  50  % 
shorter. 

RESULTS  AND  DISCUSSION 

The  theory  developed  by  Loudon  formulates  that  in  uniaxial  materials  the  polar  phonon 
characteristics  may  be  affected  via  two  interaction  mechanisms:  one  due  to  the  long  range 
electrostatic  field,  and  the  other  due  to  the  short  range  field  which  exhibits  the  anisotropy  of  the 
vibrational  force  constants  [2].  The  phonon  dynamics  and  thus  the  Raman  spectra  depend  on 
which  of  the  two  mechanism  is  the  dominant  interaction. 

For  the  case  where  the  long  range  electrostatic  field  is  the  dominant  mechanism,  the 
interaction  of  the  polar  phonons  with  the  long  range  electrostatic  field  may  result  in  a  significant 
frequency  separation  between  the  group  of  the  TO  phonons  relative  to  that  of  the  LO  phonons. 
Moreover,  the  TO  phonons  belonging  to  different  symmetry  are  grouped  together  in  a  relatively 
narrow  frequency  range;  the  same  holds  for  the  LO  phonons.  One  consequence  of  the  dominant 
electrostatic  field  interaction  is  that  under  certain  propagation  and  polarization  conditions, 
phonons  of  mixed  A1  and  El  symmetry  character  exist  and  can  be  observed  in  the  Raman 
spectra.  These  mixed  symmetry  modes  are  termed  quasi-LO  and  -TO  modes.  The  frequencies 
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of  such  quasi  modes  are  predicted  by  the  theory  to  be  between  the  values  of  the  pure- A 1  and  the 
pure-El  for  each  of  the  LO  and  the  TO  bands.  Alternatively,  for  tbe  case  where  the  short 
range  interatomic  forces  are  dominant,  the  LO-TO  splitting  will  be  small  and  in  this  case  the  TO 
and  LO  mode  of  each  symmetry  group  will  occur  in  a  relatively  narrow  band. 

In  AIN  the  El  (TO)  and  Al(TO)  Raman  frequencies  are  grouped  together  in  ~60  cm 
frequency  range,  the  El(LO)  Al(LO)  in  -20  cm  '  range,  and  the  LO-TO  group-splitting  is  -220 
cm'  .  The  frequency  scheme  of  AIN  thus  implies  the  dominance  of  the  long  range  electrostatic 
force  interaction.  The  mode-mixing  in  AIN  may  occur  if  the  propagation  direction  (q-vector)  of 
the  quasi-polar  phonons,  their  polarization  LO,  and  one  of  their  two  TO’s,  lie  in  the  plane  which 
spans  between  tbe  c  and  the  a,  (or  a^)  crystallographic  axes  [1].  This  plane  is  referred  as  to  the 
mixing  plane.  For  example,  the  pure-Al  phonon  has  a  c-direction  polarization  while  the  pure- 
El  phonon  is  polarized  in  the  basal  plane;  thus  a  quasi-phonon  with  the  q-vector  between  the  c 
and  the  aj  axes  would  exhibit  a  mixed  polarization  of  A 1 -El  symmetry.  When  the  q-vector  lies 
along  the  crystallographic  axes  or  in  the  plane  only  pure  phonons  are  observed  in  the 
spectra. 

In  this  study  we  observed  the  AIN  quasi-TO  and  -LO  modes  by  rotating  the  crystallite 
relative  to  the  laboratory  coordinate  system  as  schematically  depicted  in  Figure  1 .  In  the  figure, 
the  X,  Y,  and  Z  are  the  axes  of  the  fixed  coordinate  laboratory  system  (where  X  is  out  of  the 
paper  plane),  while  the  c,  a,  and  a^  are  the  axes  of  the  rotating  coordinate  system  of  the  crystal 
(where  a^  is  out  of  the  paper  plane  and  is  coincided  with  the  X-axis),  and  N  is  the  normal  to  the 
crystallite  surface  (and  is  coincided  with  the  a.-axis).  The  AIN  crystallite  was  rotated  through  an 
angle  0  about  the  X-axis  such  that  the  quasi-phonon  propagation  direction,  the  q-vector  (q),  as 
well  as  its  LO  and  one  of  its  two  TO  components  lay  in  the  mixing  c-a,  plane  (the  other  TO  is 
along  the  X-axis).  The  micro-Raman  spectra  was  acquired  in  a  back  scattering  geometry  from 
the  Y-axis  for  various  values  of  9. 

In  order  to  investigate  the  polarization  conditions  upon  which  the  quasi  modes  appear  in 


the  spectra,  the  Raman  tensors.  Re,  of  the  rotating  crystal  (relative  to  a  fixed  X,  Y,  Z  laboratory 
coordinate  system)  are  calculated  via  the  rotational  transformation  equation  [5]: 
Rff  -  TxRTx'^  where  T^^  is  the  rotation  matrix  about  the  X-axis.  The  Raman  tensors  of  the  WZ 
structure  take  the  form: 
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The  tensors  describe  the  in-crystal  projections,  due  to  the  rotation,  of  the  incident  and  scattered 
polarization  of  the  light.  Moreover,  for  each  polar  mode  the  direction  of  the  polarization  is 
indicated  in  the  subscripts:  A1  is  polarized  along  the  c  axis  while  El  is  polarized  along  a^  and  a^, 
the  latter  which  coincides  with  the  X-axis  (El^^).  The  polarization  direction  of  the  polar  modes, 
like  the  Raman  tensors,  can  be  expressed  in  terms  of  the  laboratory  coordinate  system;  however, 
it  is  not  necessary  for  the  present  study.  For  G=0  the  crystal  coordinate  system  coincides  with 
that  of  the  laboratory  (a  =Y  and  c=Z,  see  Fig.  1),  and  Eq.  1  takes  the  usual  form  [1-2]. 

For  the  first  set  of  experiments  we  chose  the  Raman  setup  such  that  the  incident  light  is 
polarized  along  the  X-axis  and  the  scattered  light  has  both  X  and  Z  polarization  directions. 


expressed  in  Porto  notation  [6]  as:  Y|^X  2J  Y .  This  choice  of  polarization  implies  that  the  XX 

and  the  XZ  components  of  each  of  the  Raman  tensors  will  contribute  a  Raman  signal  provided 
they  are  not  zero.  Figure  2  presents  the  Raman  spectra  for  this  setup  for  rotations:  0  =  0°,  35°, 
and  70°.  Inspection  of  Eq.l  indicates  that  the  E2  mode  should  appear  in  the  spectra  since  the 
XX  and  the  XZ  components  of  its  tensors  are  not  zero;  our  spectra  display  the  E2  mode  at  655 
cm  This  mode  is  non-polar  and  as  such  no  change  in  frequency  is  expected  as  a  function  of 
the  rotation.  The  XZ  component  of  the  El^  is  non-zero,  and  although  the  q- vector  of  the  mode 
lies  in  the  a-c  mixing  plane  its  polarization  is  not:  it  is  in  the  X-direction  (TO  component)  and 
thus  no  symmetry  mixing  is  expected.  This  analysis  indicates  that  the  spectra  should  exhibit  the 
pure-El(TO)  with  no  change  of  frequency  upon  rotation.  The  pure-El(TO)  in  our  spectra  is  at 
669  cm'^  and  is  independent  of  rotation. 

Next  we  investigated  the  A1  mode  which  contributes  a  signal  to  the  Raman  spectra  via 
the  non-zero  value  of  its  XX  tensor  component.  The  pure- A 1  mode  has  solely  c-polarization; 
however,  upon  rotating  the  crystal  quasi  modes  are  created  for  which  their  TO  and  LO 
components  have  a  c-polarization  component  of  A1  symmetry  as  well  as  an  a, -polarization 
component  of  El  symmetry.  This  situation  is  schematically  depicted  in  the  inset  to  Figure  1.  In 
the  figure,  the  TO  component  of  the  quasi-mode  lies  in  the  mixing  plane  and  is  composed  of  A1 
and  El  polarization  symmetry  components;  the  quasi-TO  mode  will  have  mostly  A1  symmetry 
for  q- vectors  near  the  a-axis  and  mostly  El  symmetry  for  q- vectors  near  Ae  c-axis.  The 
frequency  of  the  quasi-TO,  according  to  Loudons’  theory,  should  be  between  the  frequency  of 
the  pure-Al(TO)  mode  and  that  of  the  pure-El(TO)  mode  [2].  As  can  be  seen  in  Figure  2,  the 
frequency  of  the  Al(TO)  mode  shifts  from  its  pure  value  at  608  cm '  towards  that  of  the  El  (TO) 
mode  as  a  function  of  the  rotation  angle:  for  0=35°  the  peak  of  the  quasi-TO  is  at  614  cm  and 
for  0=70°  is  at  620  cm  '.  The  spectrum  of  0=70°  exhibits  a  small  peak  of  the  pure-Al(TO)  and 
is  attributed  to  an  internal  reflection. 

The  frequencies  of  the  quasi-TO  can  be  calculated  via  the  relation  [1-2] 

®Q(TO)  “  (90 -P)  (2) 

where  p  (see  Fig.  1)  is  the  propagation  angle  of  the  q- vector  of  the  quasi-phonon  (q)  in  the 
crystallite,  and  is  related  to  the  angle  of  rotation,  0,  via  Snell’s  law  and  the  momentum- 
conservation  law  of  the  Raman  scattering  effect  as  is  discussed  next.  The  conservation  law 
states  that  in  the  scattering  medium  q  =  k,  -  kg  where  kj  and  kg  are  wavevectors  of  the  incident 
and  scattered  photons  respectively  [2].  Thus,  for  our  backscattering  geometry  the  q-vector  lies 
along  the  same  path  as  that  of  the  incident  and  scattered  photons.  To  find  the  angle,  P,  of  that 
path  the  index  of  refraction  has  to  be  taken  into  account  via  Snell’s  law:  n,sin0=n2sinp,  where 
for  air  nj=l  and  for  AIN  03=2.2  which  is  the  accepted  value  in  the  visible  range  and  of  negligible 
anisotropy  [7].  Our  calculations  yield  a  value  of  P=15°  for  the  rotation  0=35°,  and  from  Eq.  2, 
®Q(TO)  “  ^  value  which  concurs  with  our  experimental  finding  of  614  cm’ .  For  the  70° 

rotation,  P=25°  and  a)Q(TO)  =  ^19  cm  ',  a  value  which  is  similar  to  the  experimental  result  of  620 
cm'. 

Lastly  we  investigated  the  quasi-LO  Raman  mode.  In  order  to  observe  this  mode  the 
incoming  polarization  of  the  light  was  set  at  the  Z-direction  such  that  the  Raman  geometry  was 

y(^Z  ^  Y  .  This  Raman  geometry  enables  the  observation  of  the  quasi-LO  modes  since  the  ZZ 

component  of  the  El^  Raman  tensor  is  non-zero  for  0>O  as  is  indicated  by  Eq.  1.  In  this 

1 

configuration  the  q-vector  of  the  phonon  as  well  as  its  polarization  directions  lie  in  the  mixing 
plane.  Figure  3  presents  the  Raman  spectra  of  the  quasi-LO  mode  for  0=15°,  35°,  and  70°,  and 
the  pure  Al(LO)  mode  at  0=90°;  the  Raman  peak  positions  are  at  913  cm  ‘,  912  cm  ',  908  cm  ', 
and  890  cm '  respectively.  Taking  into  account  the  index  of  refraction  and  utilizing  the  equation 
for  the  quasi-LO  frequencies  [1-2], 


Raman  Intensity  (A.U.) 


Y 


of  A I  symmetry 

Fig.  1 .  The  experimental  setup.  The 
laboratory  system:  X  (out  of  the  paper),  Y, 
and  Z.  The  rotating  crystal  system:  c,  a,.  N 
is  the  normal  and  0  is  the  rotation  angle 
about  the  X-axis,  P  is  the  angle  of  refraction 
and  defines  phonon  propagation.  The  dashed 
line  represents  the  phonon  q-vector  the 
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Fig.  2.  The  quasi-TO  modes;  620,  and 
614  cm the  pure  Al(TO)  is  at  608  cm  '. 
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Fig.  4.  The  quasi-mode  frequency  as  a 
function  of  the  phonon-propagation 


Fig.  3.  The  quasi-LO  modes:  913,  912,  direction.  The  lines  represent  Loudons’ 

and  908  cm  '.  The  pure  Al(LO)  is  at  890  model,  the  dots  our  data,  and  the  x’s  are 

cm  '.  from  [9]. 


®ko)  =  ®ii(LO)Cos^(50-P)+®li(LO)Sin^(90-P)  W 

where  is  890  cm  *  and  (Dg^Lo^  916  cm  '  [8],  we  found  the  calculated  quasi  frequencies  to 
be  915  cm^,  914  cm  ',  and  911  cm  ,  which  agree  well  with  the  above  experimental  values. 

Figure  4  summarizes  our  findings.  In  the  figure  the  lines  denote  the  TO  and  LO  quasi¬ 
frequencies  calculated  utilizing  Loudons’  model  (Eqs.  2  and  3),  and  the  dots  represent  our 
experimental  values  for  the  modes.  The  additional  data  points  of  the  quasi-TO  modes, 
represented  by  X’s,  are  from  Filippidis  et  al  who  were  the  first  to  observe  the  quasi-TO  modes  in 
AIN  [9];  our  results  are  in  agreement  with  theirs.  Moreover,  as  depicted  in  the  figure,  our  study 
of  the  quasi-TO  as  well  as  the  quasi-LO  concur  with  Loudons’  model,  implying  the  presence  of 
a  long  range  electrostatic  field  which  is  active  in  the  coupling  of  modes  belonging  to  the 
different  symmetry  groups. 

PHONON-LIFETIMES 

In  order  to  obtain  the  phonon-lifetime  via  the  Raman  spectral  linewidth,  the  linewidth 
has  to  be  corrected  for  the  contribution  of  the  instrumental  bandpass  broadening.  In  order  to  do 
so,  the  Raman  spectra  were  acquired  at  successive  slit  widths  ranging  from  400  pm  down  to  100 
pm;  the  measured  linewidth-values,  W„,  were  plotted  as  a  function  of  the  slit  width,  Wg,  and 
extrapolated  to  the  zero  slit- value,  Wp,  via  the  relation: _ 

Wm  =  +(W5  *  9.2  *  10"’^  (4) 

The  second  term  in  Eq.  4  is  the  instrumental  bandpass,  i.e.,  the  slit  width  multiplied  by  the 
monochromator  linear  dispersion,  9.2*10'  cm  '/pm.  This  method  yields  the  actual  phonon 
linewidth,  Wp,  from  which  the  phonon  lifetime  can  be  calculated. 

In  general,  two  main  mechanisms  control  the  phonon  lifetimes:  the  phonon  anharmonic 
interactions  in  which  a  phonon  decays  into  other  phonons,  and  the  phonon  scattering  at  impurity 
or  defect  centers  [10-11].  The  energy  conservation  law  of  the  anharmonic  decay  requires  that 
the  energy  of  the  decay  phonon  be  equal  to  the  sum  of  the  energies  of  the  created  phonons.  In 
the  following  we  present  a  study  of  phonon-lifetime  in  two  types  of  AIN  crystallites,  referred  to 
as  blue  and  transparent,  which  differ  mainly  in  their  impurity  contents:  the  blue  crystallite 
contains  about  two  orders  of  magnitude  more  Si  and  C  impurities  then  the  transparent  AIN  [12]. 

In  order  to  calculate  the  phonons  lifetime  via  the  Raman  linewidths,  the  linewidths  were 
plotted  as  a  function  of  the  slit  width  and  a  curve  fit  was  obtained  via  Eq.  4.  The  results  are 
presented  in  Fig.  5:  the  dots  represent  the  data  taken  from  the  transparent  AIN  while  the  squares 
data  from  the  blue  crystallite.  It  is  evident  from  the  figure  that  the  linewidth  of  all  the  Raman 
modes  are  strongly  correlated  with  the  impurity  concentration.  The  values  of  the  Raman 
linewidths  at  the  zero  slit  width  may  be  used  to  evaluate  the  phonons  lifetime,  x,  via  the  energy¬ 
time  uncertainty  relation:  AE/^  =  l/x.  Where  AE  is  the  Raman  linewidth  in  units  of  cm  ',  and  h 
=5.3*10  ’"  cm '-sec.  Table  I  summarizes  the  results:  for  each  sample  the  zero  slit  linewidth  is 
presented  along  with  the  calculated  lifetime  of  the  Raman  modes.  Two  main  conclusions  can  be 
drawn  from  the  above  results:  the  lifetimes  are  correlated  with  the  impurity  concentration,  and 
the  E2(low)  mode  of  both  samples  has  a  significantly  longer  lifetime  than  that  of  the  E2(high), 
El  (TO),  Al(TO),  and  Al(LO)  modes.  The  lifetimes  of  an  high  quality  GaN  crystallite  were 
analyzed  as  well;  the  lifetimes  computed  via  the  above  described  method  are  summarized  in 
Table  I.  Similar  to  the  AIN  lifetimes,  the  E2(low)  mode  of  the  GaN  has  a  significantly  longer 
lifetime  than  that  of  the  E2(high),  El  (TO),  and  Al(TO)  modes.  The  Al(LO)  was  not  observed 
in  the  spectra  and  its  absence  is  attributed  to  the  plasmon  damping.  The  relatively  long  lifetime 
of  the  E2(low)  mode  is  attributed  to  its  small  anharmonic  decay  probability.  Unlike  the  other 
modes,  the  energy  of  the  E2(low)  mode  lies  at  the  low  energy  regime  of  the  wurtzite  dispersion 
curve,  and  only  the  acoustical  phonons  are  available  as  a  channel  of  decay  [13].  Inspection  of 
the  dispersion  curves  reveals  that  in  order  for  the  energy  conservation  to  hold  the  E2(low)  mode 
is  allowed  to  decay  into  acoustical  modes  of  very  low  density  of  state.  This  implies  the  small 
probability  of  decay  and  thus  the  long  lifetime;  a  model  calculation  will  be  presented  at  a  later 
date. 


Table  I.  Linewidth  F  (cm  ‘)  and  lifetime  t 
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CONCLUSIONS 

The  analyses  indicate  that  the  Raman  mode  behavior  in  AIN  concurs  with  Loudons’ 
model  of  mode-mixing  in  WZ  structure  which  is  due  to  the  dominance  of  the  long-range 
electrostatic  field.  Phonon-lifetimes  of  GaN  and  AIN  crystallites  were  studied  via  Raman 
lineshape.  It  was  established  that  the  E2(low)  mode  lifetime  is  about  an  order  of  magnitude 
longer  than  that  of  the  other  modes,  and  that  impurities  significantly  shorten  the  phonon- 
lifetimes. 
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ABSTRACT 

The  symmetry  of  the  recombining  electrons  and  holes  in  lightly  photo-excited  InGaN  LEDs 
revealed  through  ODMR  is  related  to  the  physical  structure,  band  structure  and  defects  present. 
Calculations  of  the  electron-g  within  the  k»p  formalism  give  the  average  shift  from  the  free- 
electron  value  for  GaN  but  are  not  fully  reconciled  with  the  anisotropy.  This  theory  is  also 
extended  to  InGaN  alloys  for  both  pseudomorphic  and  relaxed  layers.  The  average  shift  is  close 
to  the  experimental  values  for  the  green  LED.  The  strongly  reduced  hole  anisotropies  seen 
experimentally  are  explained  by  a  recently  published  theory  for  acceptors  in  GaN. 

INTRODUCTION 

Advances  in  nitride  materials  have  led  to  the  development  of  state-of-the-art  LEDs  in  the  visible 
range  and  lasers  in  the  near  uv  [1].  While  the  success  of  these  nitride  devices  has  been 
remarkable,  there  is  a  need  for  an  improved  understanding  of  the  recombination  process.  Interest 
at  the  moment  is  focused  on  the  influence  of  the  spontaneous  polarization,  the  piezoelectric 
effect  arising  mismatch-induced  strain  and  the  potential  fluctuations  associated  with  the  tendency 
in  InGaN  alloys  toward  phase  separation.  Numerous  studies  of  these  effects  have  been 
published.  Among  the  optical  characterizations  are  studies  of  photoluminescence, 
photoluminescence  excitation  and  photoluminescence  decay  [1-5].  These  studies  reveal  the 
effects  of  charge  separation  of  the  electron  and  hole  in  the  growth  direction  and  localization  of 
the  carriers  or  excitons  by  potential  fluctuations  in  the  growth  plane. 

Optically  detected  magnetic  resonance  (ODMR)  has  recently  been  observed  in  green  and  extra¬ 
blue  InGaN  single-quantum  well  diode  structures  [6].  The  distinct  electron  and  hole  resonances 
denote  significant  charge  separation  in  the  lightly  photo-excited  structures.  Analysis  of  the 
frequency  dependence  of  the  ODMR  for  magnetic-dipole  microwave  transitions  gives  long 
lifetimes  [7].  The  ODMR  technique  is  particularly  valuable  since  the  g-factors  directly  reflect 
the  symmetry  of  the  recombining  electron  and  hole.  This  symmetry  reveals  the  detailed  structure 
determining  the  electron-  and  hole-states. 

This  paper  explores  the  link  between  the  symmetry  as  revealed  by  ODMR  and  the  vertical  and 
lateral  structure  of  the  InGaN  LED.  Theories  for  the  g-factor  of  electrons  and  localized  holes  are 
presented,  extended  and  compared  with  experiment.  For  the  electron,  the  present  extensions  of 
the  theory  are  still  inadequate  to  achieving  a  good  understanding  of  the  data.  For  the  hole,  new 
spectral  data  is  presented  and  discussed  using  a  recent  theory  for  acceptors  in  GaN  [8].  The 
analysis  shows  that  the  hole  states  are  affected  by  strong  in-plane  strain. 
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SYMMETRY  OF  THE  ELECTRON 


The  g-factor  for  a  conduction  electron  in  a  direct-gap  semiconductor  can  be  calculated  using  kmp 
theory  [9].  The  g-values  for  GaN  were  calculated  within  a  cubic  approximation  [10].  It  is 
necessary  to  include  both  the  valence  bands  and  the  upper  conduction  bands  in  order  to  achieve 
agreement  with  experiment.  The  experiments  in  InGaN  LEDs  show  changes  in  the  average  g- 
factor  and  in  the  anisotropy  of  the  g-factor[6].  Hence  it  is  necessary  to  extend  the  calculations 
to  include  the  wurtzitic  crystal  fields,  the  changes  in  band  structure  in  moving  from  GaN  to  the 
InGaN  alloy,  and  effects  due  to  the  quantum  well  and  differing  barrier  layers.  The  following 
paragraphs  address  these  issues. 

First,  the  anisotropic  g-tensor  for  electrons  in  wurtzitic  GaN  is  calculated.  Two  sets  of  band 
parameters  were  chosen  [11].  The  first  is  a  “best”  set  from  a  mix  of  theory  and  experiment 
within  a  quasi-cubic  approximation.  The  second  is  a  frill  set  of  calculated  values.  The  energy 
differences  ,  crystal-field  and  spin-orbit  splittings  and  interband  matrix  elements  are  shown  in 
Fig.  1  and  collected  in  Table  1.  For  coupling  between  the  lowest  conduction  band  and  the 
uppermost  valence  band,  the  expressions  for  the  g-factors  are 
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Similarly,  the  contributions  from  the  upper  conduction  bands  were  calculated  using  the  same 
equations  with  the  upper  conduction  band  parameters  replacing  the  valence  band  contributions. 
The  contributions  from  both  bands  add  and  are  of  the  same  magnitude.  The  resulting  total  g- 
factors  are  given  in  Table  2  for  both  the  “best”  parameters  and  the  calculated  parameters.  The 
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Figure  1.  Band  structure  for  wurtzitic  nitrides.  Figure  2.  Electron  g-factors  in  InGaN.  The 

dashed  lines  are  calculated  for  relaxed  and 
pseudomorphic  layers.  The  circles  are  gn  and 
the  triangles  gi. 

average  shift  from  the  free-electron  g-factor  is  predicted  well.  The  anisotropy  is  of  the  right 
order  but  with  differing  signs:  disagreeing  with  experiment  for  the  “best”  parameters  but  with  the 
right  sense  for  the  calculated  parameters.  Thus  the  anisotropy  in  wurtzitic  GaN  depends  in  a 
delicate  way  on  the  band  parameters. 

Table  1.  Band  parameters  used  in  the  k»p  calculations. 
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Table  2.  Electron  g- values  in  wurtzitic  GaN. 


gii 

g± 

Experiment 

1.9510 

1.9483 

Best 

1.952 

1.953 

Calculated 

1.955 

1.954 

In  previous  work  the  g- values  have  been  calculated  for  In-mole  Iractions  up  to  0.4  [6,7].  The 
calculations  were  done  for  unstrained  alloys  assumed  to  be  cubic.  Here  these  calculations  are 
improved  by  incorporating  the  recent  results  for  the  energy-gap  dependence  on  alloy 
composition  [12].  The  new  relationship  allows  a  comparison  of  the  g-factors  with  calculations 
for  both  pseudomorphic  and  fully  relaxed  InGaN. 


The  new  calculations  were  done  by  combining  the  gap  equation  with  a  k»p  calculation  within  a 
quasi-cubic  approximation.  The  equation  for  the  energy  gap  is 

Eg  =  3.42  (  1  -  X  )  +  1 .89  X  -  b  X  (  I  -  X  ),  (4) 

where  the  bowing  parameter,  b,  is  2.6  eV  for  a  pseudomorphic  layer  and  3.8  eV  for  a  fully 
relaxed  layer.  Since  the  original  estimates  for  x  for  the  green  and  extra-blue  diodes  were  made 
with  a  bowing  parameter  of  1  eV,  these  need  to  be  revised.  The  green  changes  from  0.43  to  0.22 
and  the  extra-blue  from  0.3  to  0.16.  The  band  parameters  for  InN  are  shown  in  Table  1.  The 
interband  matrix  elements  are  taken  from  GaN.  Eq’  and  A2’  are  scaled  from  GaN  using  the  ratio 
of  the  values  of  atomic  transitions.  Aj  and  A2  for  InN  are  taken  from  first-principles  calculations 
[13].  For  the  pseudomorphic  layers,  strain  introduces  a  A|  by  a  deformation  potential  taken  also 
from  the  first-principles  calculations.  Ai,  A2,  A2’  and  Eo’  are  then  scaled  to  different  In  mole 
fractions  by  a  virtual  crystal  approach.  The  g-shifts  versus  mole-fraction  obtained  in  this  way 
needed  to  be  scaled  by  1 5  %  to  match  at  GaN. 

The  calculated  g-factors  versus  mole  fraction  for  both  relaxed  and  pseudomorphic  layers  arc 
plotted  along  with  the  data  in  Fig.  2.  The  experimental  values  for  the  green  diode,  expected  to  be 
relaxed,  fall  close  to  the  calculated  values.  However,  the  g-values  for  the  extra-blue  diode  lie 
substantially  above  the  calculated  lines.  From  the  reversal  in  anisotropy  for  this  structure  and  its 
lower  mole-fraction,  the  extra-blue  diode  is  expected  to  be  pseudomorphic.  Thus  while  the 
calculation  approximates  the  g-factors  for  the  green  diode,  other  interactions  must  be  important 
for  the  extra-blue  diode. 

The  next  step  in  this  analysis  is  to  consider  the  effect  of  the  quantum  well  potential.  Theories 
have  been  developed  for  other  heterostructure  systems  [14].  The  strain,  confinement  and 
piezoelectric  effect  present  in  the  InGaN  LED  structure  certainly  provide  enough  interactions  to 
produce  the  reversal  in  symmetry  observed  experimentally.  Hence,  it  does  seem  likely  that  a 
clear  understanding  of  the  symmetry  of  the  electronic  state  can  be  deduced  from  the 
experimental  data. 

SYMMETRY  OF  THE  HOLE 

The  g-factors  for  an  acceptor  in  a  wide-bandgap  semiconductor  have  been  calculated  [8]  for  an 
acceptor  including  both  Coulomb  and  central-cell  potentials.  Formulation  of  the  problem  in  k- 
space  avoids  a  divergence  at  the  origin.  The  calculation  is  first  done  in  a  spherical 
approximation  with  only  the  Coulomb  and  central-cell  potentials.  The  Coulomb  interaction 
gives  a  binding  energy  of  200  meV.  The  crystal  field  is  introduced  as  a  strain  in  the  [111] 
direction  which  corresponds  to  a  crystal-field  splitting  of  37  meV,  Spin-orbit  interaction  is  then 
added  to  produce  a  splitting  of  12  meV.  This  reproduces  the  conditions  in  GaN  with  perfect 
crystal  structure  and  leads  to  highly  anisotropic  g-values.  Since  previous  ODMR  studies  of 
acceptors  in  GaN  revealed  g- tensors  which  are  only  weakly  anisotropic  [15,16],  the  authors  then 
consider  an  additional  strain  which  lowers  the  symmetry  at  the  acceptor  from  axial  to  rhombic 
and  produces  a  reduction  in  the  g-anisotropy.  The  authors  attribute  the  reduction  in  symmetry  to 
the  Jahn-Teller  effect  but  the  symmetry  lowering  could  arise  from  other  sources. 

The  results  of  this  theory  can  be  summarized  by  considering  the  g-factors  as  a  function  of  the 
symmetry-lowering  strain  energy  (See  Fig.  3).  For  an  acceptor  in  purely  axial  symmetry  gn  is  - 
3.3  and  g±  is  0.  In-plane  strain  becomes  important  as  its  associated  energy  becomes  comparable 
to  the  spin-orbit  splitting  of  12  meV.  For  large  in-plane  strain,  the  g-tensor  becomes  less 
anisotropic  and  reverts  to  the  free-electron  value  of  2.00. 


When  all  the  luminescence  is  collected  from  the  green  LED,  the  g-tensor  for  the  hole  is  gii  —2.08 
(1)  and  gj.  =  1.996  (3)[6].  The  anisotropy  is  strongly  reduced  from  that  expected  for  holes  in 
purely  axial  symmetry.  Using  filters,  a  spectral  study  has  been  performed  which  reveals  that  the 
gii  changes  for  emission  at  different  energies  (See  Fig.  4).  In  the  study,  long-pass  filters  were 
used  to  detect  all  the  emission  across  the  green  band  and  the  emission  from  the  lower-energy  half 
of  the  band.  A  subtraction  reveals  the  part  characteristic  of  the  upper  energy-range  with  gn  = 
2.20  and  the  one  filter  gives  the  lower  range  with  gn  =  2.09.  There  is  a  direct  correlation  between 
decreasing  energy  and  decreasing  g-value.  This  may  arise  in  part  from  a  changing  hole  g-factor 
with  changing  In-concentration.  However,  the  character  of  the  hole  may  also  be  changing. 
Since  a  deepening  in  energy  is  expected  with  increasing  in-plane  strain,  the  reduction  in 
anisotropy  with  energy  may  also  arise  from  increased  in-plane  strain. 

In  summary,  the  g-tensor  for  holes  in  lightly  photo-excited  InGaN  reveals  states  which  differ 
from  those  of  the  band  edge  and  those  for  bound  holes  in  purely  axial  symmetry.  The  binding 
could  arise  from  either  an  acceptor  or  a  fluctuation  in  composition  of  the  alloy.  The  theory 
which  describes  the  changes  in  g-tensor  for  different  values  of  in-plane  strain  provides  a  solid 
framework  to  interpret  the  data.  Spectral  studies  of  the  g-factor  show  that  the  anisotropy 
decreases  with  decreasing  emission-energy.  Compositional  change  and  greater  non-axial  strain 
produce  the  reduction  in  anisotropy.  These  results  are  consistent  with  the  behavior  of  acceptors 
in  other  semiconductors  [17]. 
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Figure  3.  Hole  g-factors  in  GaN  versus  the 
energy  associated  with  an  in-plane  strain.  The 
measure  of  the  energy  is  the  spin-orbit 
splitting. 


Figure  4.  Spectral  decomposition  of  the 
ODMR  for  the  Green  LED.  The  two 
experimental  curves  are  subtracted  to  give  the 
difference  spectrum. 


SUMMARY 


The  symmetry  of  the  g-factors  of  recombining  electrons  and  holes  in  InGaN  is  related  to  the 
band  structure  and  local  perturbations  of  that  structure.  For  GaN,  the  average  g-factor  for 
electrons  can  be  deduced  from  known  band  parameters  but  the  anisotropy  is  difficult  to  calculate. 
Improved  calculations  are  made  for  both  pseudomorphic  and  relaxed  InGaN.  Again  the 
anisotropy  is  beyond  the  current  calculations.  The  hole  g-anisotropy  is  strongly  reduced  from 
that  for  the  band  edge.  A  recent  theory  for  acceptors  in  GaN  demonstrates  the  experimental 
features  and  reconciles  them  with  strong  in-plane  strain. 

ACKNOWLEDGEMENTS 

The  work  at  NRL  was  supported  by  ONR.  We  thank  I.  Merkulov  for  helpful  conversations. 
PPR  thanks  W.R.L.  Lambrecht  for  unpublished  GaN  band  structure  data. 

REFERENCES 

1.  Nakamura  and  Fasol,  The  Blue  Laser  Diode  (Springer,  Berlin,  1997). 

2.  K.P.  O’Donnell,  T.  Breitkopf,  Hl.Kalt,  W.  Van  Der  Stricht,  I.  Moerman,  P.  Demeester  and 
P.G.  Middleton,  Appl.  Phys.  Lett.  70,  1843  (1997). 

3.  S.F.  Chichibu,  A.C.  Abare,  M.S.  Minsky,  S.  Keller,  S.B.  Fleischer,  J.E.  Bowers,  E.  Hu,  U.K. 
Mishra,  L.A.  Coldren,  S.P.  DenBaars  and  T.  Sota,  Appl.  Phys.  Lett.  73,  2006  (1998). 

4.  Yong-Hoon  Cho,  G.H.  Gainer,  A.J.  Fischer,  J.J.  Song,  S.  Keller,  U.K.  Mishra  and  S.P. 
DenBaars,  Appl.  Phys.  Lett.  73,  1370  (1998). 

5.  T.J.  Schmidt,  Yong-Hoon  Cho,  G.H.  Gainer,  J.J.  Song,  S.  Keller,  U.K.  Mishra  and  S.P. 
DenBaars,  Appl.  Phys.  Lett.  73,  1892  (1998). 

6.  E.R.  Glaser,  T.A.  Kennedy,  W.E.  Carlos,  P.P.  Ruden  and  S.  Nakamura,  Appl.  Phys  Lett  73 
3123  (1998). 

7.  W.E.  Carlos,  E.R.  Glaser,  T.A.  Kennedy  and  Shuji  Nakamura,  J.  Electron  Mater.,  to  be 
published. 

8.  A.V.  Malyshev,  I. A.  Merkulov  and  A.V.  Rodina,  Phys.  Solid  State  40,  917  (1998). 

9.  C.  Hermann  and  C.  Weisbuch  in  Optical  Orientation,  F.  Meier  and  B.P.  Zakharchenya, 
editors  (North  Holland,  Amsterdam,  1984),  p.  463. 

10.  W.E.  Carlos,  J.A.  Freitas,  Jr.,  M.  Asif  Khan,  D.T.  Olson  and  J.N.  Kuznia,  Phys.  Rev  B  48 
17,878  (1993). 

11.  Kwiseon  Kim, Walter  R.L.  Lambrecht,  Benjamin  Segall  and  Mark  van  Schilfgaarde,  Phys 
Rev.  B  56,  7363(1997). 

12.  C.  Wetzel,  T.  Takeuchi,  S.  Yamaguchi,  H.  Katoh,  H.  Amano  and  I.  Akasaki,  Appl.  Phys 
Lett.  73, 1994  (1998). 

13.  Su-Huai  Wei  and  Alex  Zunger,  Appl.  Phys.  Lett.  69,  2719  (1996). 

14.  E.L.  Ivchenko  and  A. A.  Kisilev,  Sov.  Phys.  Semicond.  26,  827  (1992). 

15.  M.  Kunzer,  J.  Baur,  U.  Kaufmann,  J.  Schneider,  H.  Amano  and  I.  Akasaki,  Solid-State 
Electron.  41,  189  (1997). 

16.  E.R.  Glaser,  T.A.  Kennedy,  K.  Doverspike,  L.B.  Rowland,  D.K.  Gaskill,  J.A.  Freitas,  Jr.,  M. 
Asif  Khan,  D.  T.  Olson,  J.N.  Kuznia  and  D.K.  Wickenden,  Phys.  Rev.  B  51,  13,326  (1995). 

17.  T.N.  Morgan,  Proceedings  of  the  Tenth  International  Conference  on  the  Physics  of 
Semiconductors  (U.S.  Atomic  Energy  Commission,  1970),  p.  266. 


FABRICATION  OF  SMOOTH  GaN-BASED  LASER  FACETS 


D.  A.  Stocker,*  E.  F.  Schubert,*  K.  S.  Boutros,**  J.  M.  Redwing** 

*Center  for  Photonics  Research,  Boston  University,  Boston,  MA  02215 
**Epitronics,  Phoenix,  AZ  85027 

Cite  this  article  as:  MRS  Internet  J.  Nitride  Semicond.  Res.  4S1,  G7.5  (1999) 
ABSTRACT 

A  method  is  presented  for  fabricating  fully  wet-etched  InGaN/GaN  laser  cavities  using 
photoenhanced  electrochemical  wet  etching  followed  by  crystallographic  wet  etching. 
Crystallographic  wet  chemical  etching  of  n-  and  p-type  GaN  grown  on  c-plane  sapphire  is 
achieved  using  H3PO4  and  various  hydroxides,  with  etch  rates  as  high  as  3.2  pm/min.  The 
crystallographic  GaN  etch  planes  are  {0001},  {1010},  {101  1  },  {1012},  and  {1013}.  The 
vertical  {lOTO}  planes  appear  perfectly  smooth  when  viewed  with  a  field-effect  scanning 
electron  microscope  (FESEM),  indicating  a  surface  roughness  less  than  5  nm,  suitable  for  laser 
facets.  The  etch  rate  and  crystallographic  nature  for  the  various  etching  solutions  are 
independent  of  conductivity,  as  shown  by  seamless  etching  of  a  p-GaN/undoped,  high-resistivity 
GaN  homojunction. 

INTRODUCTION 

Most  post-growth  processing  of  the  Ill-nitrides  is  currently  done  by  dry  plasma  etching.*’^ 
There  are  several  disadvantages  to  dry  etching,  including  the  generation  of  ion-induced  damage 
and  difficulty  in  obtaining  smooth  etched  sidewalls,  which  are  required  for  lasers.  The  typical 
root-mean-square  (RMS)  roughness  of  sidewalls  produced  by  dry  etching  is  on  the  order  of 
50  nm,"^'^  although  recently  surfaces  with  an  RMS  roughness  as  low  as  4-6  nm  have  been 
reported.^  Photoenhanced  electro-chemical  (PEC)  wet  etching  has  also  been  demonstrated  for 
etching  of  GaN.^'^”  PEC  etching  has  the  advantage  of  low  surface  damage  and  low  equipment 
cost,  but  a  method  for  producing  smooth  vertical  sidewalls  by  this  method  has  not  yet  been 
found.  Recently,  a  two-step  process  including  crystallographic  wet  chemical  etching  has  been 
demonstrated  for  n-type  GaN.'^  This  process  involves  one  conventional  etching  step,  such  as  dry 
etching  or  PEC  etching,  followed  by  a  second,  crystallographic  wet  etching  step.  The  two-step 
process  provides  smooth  surfaces  and  can  be  used  to  create  undercut,  overcut,  or  vertical 
sidewalls. 

EXPERIMENT 

The  first  of  the  two  etching  steps  in  the  crystallographic  etching  process  is  used  to 
establish  the  etching  depth,  and  it  can  be  performed  by  several  common  processing  methods, 
including  dry  etching,  PEC  etching,  and  cleaving.  This  first  step  is  required  because  the  c-plane 
{0001}  is  impervious  to  all  chemical  agents  investigated, except  at  defect  sites  where  etch 
pits  occur.’"^’’^  In  the  second  step  the  semiconductor  sample  is  immersed  in  a  hot  chemical 
etchant  that  is  able  to  crystallographically  etch  GaN.  This  etching  step  can  produce  smooth 
crystallographic  surfaces,  and  the  resulting  etching  planes  are  controlled  by  varying  the 
orientation  of  the  first  step  and  the  chemical  agents  and  temperature  of  the  second  step.  The  etch 
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rates  and  crystal  planes  observed  for  all  chemicals  used  in  this  work  arc  summarized  in  Table  I. 
The  etching  planes  listed  in  this  table  are  those  that  appear  during  the  etch. 

In  all  cases  the  etch  rate  in  the  “vertical”  [0001]  direction  is  immeasurably  small,  but 
etching  occurs  “horizontally,”  i.e.,  normal  to  [0001].  Because  the  c-plane  is  impervious  to  all  of 
the  chemicals  used  in  this  study,  no  etch  mask  is  required  for  the  crystallographic  etching  step; 
the  c-plane  itself  acts  as  a  mask.  An  etch  mask  may  be  necessary,  however,  if  long  etching  times 
are  used,  to  prevent  the  development  of  etch  pits  at  defect  sites.  For  this  purpose  we  have 
successfully  used  both  titanium  masks  annealed  at  900°C  for  30  seconds  in  a  nitrogen 
atmosphere  and  nickel  masks  annealed  at  650°C  for  2  minutes  in  a  nitrogen  atmosphere. 


RESULTS 


The  {1010}  plane  shown  in  Fig.  1  was  produced  by  etching  in  10%  KOH  by  weight 
dissolved  in  ethylene  glycol  at  170°C.  This  plane  has  been  examined  using  a  high  resolution 
field-effect  scanning  electron  microscope  (FESEM)  with  a  resolution  of  5  nm  at  2.5  kV,  and  the 
surface  appears  perfectly  smooth.  This  indicates  that  wet  chemical  etching  may  be  a  valuable 
tool  for  producing  high-quality  laser  facets  with  reflectivities  close  to  the  ideal  for  a  perfectly 
smooth  surface.'^ 

For  this  etching  method  to  be  useful  for  fabricating  pn-junction  laser  diodes,  the 
dependence  of  etch  rate  and  surface  morphology  on  doping  must  be  determined.  A  scanning 
electron  microscope  (SEM)  image  of  p-type  GaN  after  anisotropic  wet  etching  in  molten  KOH  at 
a  temperature  of  195°C  is  shown  in  Fig.  2.  Only  the  top  portion  of  the  epilayer  is  doped  p-type; 
the  lower  1  pm  is  undoped.  The  seamless  morphology  of  the  surface  displayed  in  Fig.  2 
indicates  that  the  change  in  doping  does  not  affect  the  etch  plane  or  the  etch  rate.  The  quality  of 
the  crystallographically  etched  surfaces  is  generally  lower  in  the  p-type  material  than  in 


Table  I:  Etch  rates  and  observed  etching  planes  for  various  chemicals 


Chemical 

Temperature 

(°C) 

Etch  Rate 
(pm/min) 

Etching  Planes 
Observed 

Acetic  Acid  (CH3COOH) 

30 

<0.001 

None 

Hydrochloric  Acid  (HCl) 

50 

<0.001 

None 

Nitric  Acid  (HNO3) 

81 

<0.001 

None 

Phosphoric  Acid  (H3PO4) 

108-195 

0.013-3.2 

(1012], {1013} 

Sulphuric  Acid  (H2SO4) 

93 

<0.001 

None 

Potassium  Hydroxide  (KOH),  molten 

150-247 

0.003-2.3 

{ioTo],{ioTT) 

50%  KOH  in  H2O 

83 

<0.001 

None 

10  -  50%  KOH  in  Ethylene  Glycol 
(CH2OHCH2OH) 

90-182 

0.0015-1.3 

{loTo} 

50%  NaOH  in  H2O 

100 

<0.001 

None 

Tetramethylammonium  Hydroxide 
(TMAH) 

76 

0.013 

{IOT2  I 

Tetraethylammonium  Hydroxide 
(TEAH) 

91 

0.007 

{1012} 

20%  NaOH  in  Ethylene  Glycol 

178 

0.67-1.0 

None 

FIG.  1:  High-resolution  field-effect  SEM  image  of  a  vertical  {1010}  plane 
etched  in  n-GaN  by  KOH  dissolved  in  ethylene  glycol  at  a  temperature  of 
170°C. 


FIG.  2:  SEM  image  of  a  { 10 1 0 }  surface  made  by  crystallographic  wet  etching  in 
molten  KOH  at  195°C.  The  upper  portion  of  the  epilayer  is  p-GaN,  while 
the  lower  1  pm  is  highly  resistive  GaN. 


the  n-type  material;  in  many  cases,  the  only  distinct  crystal  plane  left  after  etching  is  the  c-plane. 
The  reason  for  this  difference  is  unclear  at  the  present  time.  It  seems  to  be  unrelated  to  crystal 
quality;  the  crystals  are  of  similar  quality,  as  indicated  by  x-ray  rocking  curve  full-width-at-half- 
maxima  of  800  -  900  arcsec  and  by  etch  pit  densities  on  the  order  of  5  x  10^  cm“^  after  etching  in 
molten  KOH.  The  difference  is  also  not  related  to  the  doping,  since  the  p-type  material  etches 
seamlessly  with  the  undoped  material  on  which  it  is  grown. 

We  are  currently  using  photoenhanced  electrochemical  (PEC)  etching  and 
crystallographic  wet  etching  to  fabricate  fully  wet-etched  laser  cavities  in  an  InGaN:Si/GaN 
double  heterostructure.  The  structure  consists  of  an  initial  10-fim-thick  buffer  layer  of  GaN 
grown  on  c-plane  sapphire  by  HVPE,  and  a  0.5  pm  GaN  bottom  cladding  layer,  a  1000  A 
Ino,o9Gao.9iN:Si  active  region,  and  a  2200  A  GaN  top  cladding  layer  grown  by  MOVPE.  This  is 
the  same  structure  which  we  have  previously  used  to  demonstrate  optically  pumped  cleaved- 
facet  lasers.'^  Waveguide  calculations  reveal  that  the  heterostructure  is  a  single-mode 
waveguide  with  an  active  region  confinement  factor  of  6%.  The  guided  mode  is  confined  mainly 
to  the  upper  portion  of  the  epilayers,  with  50%  of  the  intensity  carried  in  the  top  2  pm. 

180-nm-thick  annealed  Ni  masks  are  used  to  define  cavities  with  lengths  varying  from 
50  pm  to  500  pm.  The  unusually  thick  Ni  layer  is  used  to  minimize  the  light  penetrating  into  the 
masked  area  during  PEC  etching.  The  edges  of  the  masks  are  aligned  with  the  (1120)  direction 
of  the  GaN,  so  that  the  resulting  PEC-etched  sidewalls  correspond  with  the  {lOTO}  plane  for 
subsequent  crystallographic  etching. 

The  PEC  etching  is  done  under  voltage  biased  conditions  in  a  0.03  M  KOH  solution  at 
room  temperature.  During  etching,  the  samples  are  clamped  against  a  nickel  bar  and  immersed 
along  with  a  gold  wire  cathode  in  the  aqueous  KOH  solution.  Voltage  and  current  are  both 
monitored  and  a  DC  power  supply  is  used  to  apply  a  bias  voltage  of  -2  V  on  the  anode.  The  bias 
voltage  has  been  found  to  improve  the  uniformity  of  the  etching  process,  minimizing  the 
roughness  which  is  commonly  seen  when  using  PEC  etching  with  GaN.  Ultraviolet  illumination 
is  provided  by  a  200W  Hg  lamp,  and  a  silicon  wafer  is  used  as  a  cold  mirror  to  reduce  heating  by 
increasing  the  ratio  of  UV  to  IR  illumination.  The  time  required  to  produce  vertical  sidewalls 
extending  down  to  the  sapphire  substrate  under  these  conditions  is  4  hours.  A  typical  PEC- 
etched  sidewall  in  this  material  is  shown  in  Fig.  3(a).  The  nickel  mask  is  visible  at  the  top  of  the 
image,  and  is  allowed  to  remain  in  place  throughout  the  subsequent  crystallographic  etching.  As 
the  image  shows,  the  PEC-etched  sidewall  is  extremely  rough  and  has  a  fibrous  texture,  although 
the  sapphire  surface  has  etched  cleanly.  The  clean  sapphire  surface  shows  the  effectiveness  of 
the  bias  voltage  in  eliminating  the  islands  often  formed  on  the  sapphire  substrate  by  uneven  PEC 
etching  of  the  GaN.  Note  that  there  are  some  deep  holes  in  the  top  1  pm  of  the  structure,  near 
the  InGaN  layer.  These  holes  form  during  PEC  etching,  but  the  etching  mechanism  is  not  yet 
understood. 

The  sidewall  produced  by  PEC  etching  is  far  too  rough  to  be  used  as  a  laser  facet,  since 
the  reflectivity  is  strongly  dependent  upon  surface  roughness.'^  Crystallographic  etching  in 
molten  KOH  is  used  to  smooth  the  PEC-etched  surface  to  improve  the  reflectivity.  The  series  of 
SEM  images  in  Fig.  3(b)-3(d)  shows  the  effect  of  etching  in  175°C  molten  KOH  on  the  PEC- 
etched  sidewall.  The  etch  rate  at  this  temperature  is  approximately  0.05  pm/min.  The  fibrous 
PEC-etched  surface  shows  considerable  smoothing  after  only  1  minute  of  crystallographic 
etching,  as  can  be  seen  in  Fig.  3(b).  Further  improvement  is  observed  in  Fig.  3(c)  after  three 
minutes  of  crystallographic  etching.  After  five  minutes  of  etching,  no  further  smoothing  occurs; 
the  image  shown  in  Fig.  3(d)  after  nine  minutes  of  etching  is  very  similar  to  images  taken 


10  i^m 

FIG.  3:  Smoothing  of  a  surface  produced  by  photo-enhanced  electrochemical 
(PEC)  etching  of  an  InGaN/GaN  double  heterostructure.  The  10  urn  bar 
underneath  the  figure  is  valid  for  all  of  the  SEM  images,  (a)  PEC-etched 
surface  before  smoothing  by  crystallographic  etching  in  molten  KOH  at 
175°C.  (b)  PEC-etched  surface  after  smoothing  for  1  min.  (c)  After 
smoothing  for  3  min.  (d)  After  smoothing  for  9  min. 

anywhere  in  the  range  of  five  to  ten  minutes.  Note  that  the  density  of  holes  in  the  top  1  p,m  does 
not  tend  to  change  during  crystallographic  etching.  Horizontal  steps  like  those  across  the  center 
of  Fig.  3(d)  are  common  features  produced  by  crystallographic  etching  in  KOH.  These  may  be 
due  to  anisotropy  of  etch  rate  in  the  [0001]  and  [0001]  directions. 

The  usefulness  of  these  wet-etched  sidewalls  for  laser  facets  is  currently  under 
investigation.  We  believe  that  the  horizontal  steps  will  not  have  a  significant  effect  on  the 
reflectivity,  since  the  waveguide  confines  the  guided  mode  mostly  in  the  upper  part  of  the 
epilayers. 

CONCLUSIONS 

We  have  presented  a  method  for  fabricating  fully  wet-etched  laser  facets  for  GaN-based 
laser  structures.  Photoenhanced  electrochemical  (PEC)  etching  is  used  to  produce  rough  vertical 
facets  which  are  aligned  with  the  { lOTO]  planes  of  the  GaN.  Crystallographic  wet  chemical 
etching  is  used  to  smooth  the  rough  PEC-etched  surfaces.  The  resulting  facets  have  large  areas 
where  the  roughness  is  less  than  5  nm,  the  smoothest  etched  vertical  sidewalls  which  have  been 


reported  to  date.  The  crystallographic  etching  used  to  produce  the  vertical  { 101  0)  facets  is 
independent  of  carrier  concentration,  which  suggests  its  usefulness  in  fabricating  wet-etched 
laser  diodes. 
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ABSTRACT 

Gallium  nitride  wafer  epitaxy  on  large  diameter  substrates  is  critical  for  the  future 
fabrication  of  large  area  UV  linear  or  2D  imaging  arrays,  as  well  as  for  the  economical 
production  of  other  GaN-based  devices.  Typical  group  Ill-nitride  deposition  is  now  performed 
on  2-inch  diameter  or  smaller  sapphire  substrates.  Reported  here  are  visible  blind,  UV  GaN  p-i- 
n  photodetectors  which  have  been  fabricated  on  3-inch  diameter  (0001)  sapphire  substrates  by 
RF  atomic  nitrogen  plasma  MBE.  The  uniformity  across  the  wafer  of  spectral  responsivity  and 
shunt  resistance  (Ro)  for  the  p-i-n  photodetectors  has  been  characterized.  Spectral  responsivity 
and  1//  noise  as  a  function  of  temperature  exceeding  250°C  will  be  presented  for  the  GaN  p-i-n 
photodetectors.  Spectral  response  with  >0.17  A/W  at  peak  wavelength  and  having  4-6  orders  of 
magnitude  visible  rejection  has  been  achieved.  1// noise  typically  less  than  A/Hz'^^  at  room 
temperature  also  has  been  achieved  with  GaN  p-i-n  photodiodes.  The  results  have  been 
correlated  with  proposed  models  for  dark  current  and  1// noise  in  GaN  diodes. 

INTRODUCTION 

Gallium  nitride  (GaN)  and  its  alloys  with  aluminum  are  the  most  promising 
semiconductors  for  development  of  ultraviolet  (UV)  photodetectors  for  applications  such  as 
combustion  monitoring,  space-based  UV  spectroscopy  and  missile  plume  detection.  With  a 
direct  bandgap  energy  of  approximately  3.39  eV  (366  nm),  GaN  is  an  ideal  material  for  the 
fabrication  of  photodetectors  capable  of  rejecting  near  infrared  and  visible  regions  of  the  solar 
spectrum  while  retaining  near  unity  quantum  efficiency  in  the  UV.  GaN  is  also  an  extremely 
robust  semiconductor  suitable  for  high  temperature  (>200°C)  applications. 

GaN  devices  are  normally  fabricated  on  sapphire  substrates  with  diameters  of  two  inehes 
or  less.  The  growth  and  fabrication  of  GaN  UV  photodetectors  on  larger  diameter  substrates  is 
important  for  the  realization  of  cost  effective  discrete  detectors,  linear  detector  arrays  and  2- 
dimensional  imaging  arrays.  Other  reports  on  GaN  p-n  UV  photodetectors  have  included  0.05 
mm^  junction  area  devices  with  0.07  AAV  peak  responsivity  [1],  0.04  mm^  junction  area  devices 
[2],  and  0.25  mm^  junction  area  devices  with  0.1  A/W  peak  responsivity  [3].  Presented  here  is 
the  first  reported  performance  data  for  GaN  p-i-n  UV  photodetectors  with  0.59  mm^  junction 
areas  fabricated  on  3-inch  diameter  substrates. 

EXPERIMENT 

The  GaN  p-i-n  ultraviolet  (UV)  photodiodes  were  grown  on  (0001)  basal-plane  3-inch 
sapphire  substrates  by  molecular  beam  epitaxy  (MBE)  using  an  RF  atomic  nitrogen  plasma 
source  [4].  Details  of  the  growth  process  have  been  previously  reported  [5-6].  The  deteetor 
epitaxial  layers  consisted  of  a  5T0‘^  em'^  «-GaN  layer  followed  by  a  5000  A  intrinsic  region 
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with  unintentional  n-type  doping  in  the  lO’'^  cm‘^  decade.  The  topmost  epitaxial  layer  consisted 
of2000  A  MO'^  cm  '^  p-GaN.  Mesas  reaching  the  /i-GaN  cathode  contact  layer  were  formed  by 
inductively  coupled  plasma  (ICP)  plasma  etching  with  chlorine-based  chemistry.  Ohmic 
contacts  to  the  «-type  and  p-type  GaN  were  made  by  Ti-based  and  Ni-based  metallizations, 
respectively.  All  of  the  GaN  p-i-n  UV  detectors  were  fabricated  with  an  optical  detection  area  of 
0.5  mm^  and  a  p-i-n  junction  area  of  0.59  mm^,  which  is  considerably  larger  (>12.5  times)  than 
other  GaN  p-n  detectors  reported  with  noise  measurements  [1-3]. 

Shunt  resistance  and  spectral  responsivity  data  were  collected  using  on-wafer  probing. 
The  shunt  resistance  was  determined  by  the  linear  trace  of  the  current-voltage  (IV)  characteristic 
from  -10  mV  to  -I- 10  mV.  The  spectral  responsivities  of  the  UV  photodiodes  were  measured  in 
photovoltaic  mode  (zero  bias)  using  a  75  W  xenon  arc  lamp  chopped  at  700  Hz  and  filtered  by  a 
1/8  meter  monochromator  set  to  a  5  nm  bandpass.  The  power  of  the  monochromatic  light  was 
measured  with  a  calibrated,  NIST  traceable,  silicon  photodiode  and  then  focused  onto  the  3” 
GaN  wafers  resting  on  a  micropositioner  stage.  The  GaN  p-i-n  diode  photocurrent  was 
amplified,  and  the  power  spectral  density  in  a  1  Hz  bandwidth  at  the  modulation  frequency  was 
monitored  with  a  FFT  spectrum  analyzer.  Measurements  of  incident  power  and  photodiode 
current  were  made  in  10  nm  intervals. 

For  high  temperature  testing,  individual  GaN  p-i-n  photodiodes  chips  were  diced  from 
the  wafers  and  mounted  on  a  heated  stage.  All  measurements  were  performed  in  an  oxidizing, 
open  air  environment.  The  temperature  dependent  spectral  responsivities  were  performed  as 
described  above.  The  1//  noise  measurements  were  performed  with  both  the  dice  and  heated 
stage  mounted  in  an  enclosure  designed  to  suppress  electromagnetic  interference.  For  1// 
measurement,  the  signal  from  a  battery  powered,  trans impedance  amplifier-photodiode  circuit 
was  input  into  the  FFT.  The  operational  amplifier  in  the  circuit  was  specified  with  a  1  kHz  input 
noise  current  of  0.16  fA/Hz'^,  and  the  minimum  noise  power  density  of  the  measurement  setup 
was  approximately  4- 10'^'*  AVHz. 

RESULTS 

All  GaN  UV  photodector  responsivity  measurements  reported  here  were  obtained  with 
the  devices  operating  in  the  unbiased,  photovoltaic  mode.  Shown  in  Figure  1  is  a  25  °C  spectral 
responsivity  curve  for  a  UV  photodetector  with  0.194  A/W  peak  responsivity  and  4  orders  of 


Fig.  1:  Typical  GaN  p-i-n  UV  photodetector  unbiased  spectral  response. 


Fig.  2:  Variation  plot  of  unbiased  peak 
responsivity  normalized  with  the  mean  value. 


Fig.  3:  Mean  normalized  unbiased  peak 
responsivity  contour  plot  for  UV 
photodetectors  verses  position  on  a  3-inch 
GaN  p-i-n  wafer. 


magnitude  visible  rejection.  The  statistical  distribution  of  the  photodetector  devices  on  a  3” 
wafer  is  illustrated  with  the  variation  plot  in  Figure  2.  The  peak  responsivity  variation  was 
normalized  by  the  average  of  all  functioning  devices,  and  as  a  result  of  a  very  high  yield,  the 
single  wafer  data  set  numbered  in  the  thousands.  The  standard  deviation,  ±la,  of  the  peak 
spectral  responsivity  was  calculated  to  be  ±13%  of  the  average  peak  responsivity.  Therefore,  a 
3-inch  GaN  epitaxial  wafer  of  UV  photodetectors  with  0.17  AAV  peak  responsivity  would  yield 
devices  within  the  ±la  deviation  range  with  0.15-0.19  AAV  peak  responsivity.  60%  of  the  UV 
photodetectors  on  the  3-inch  GaN  epitaxial  wafer  functioned  within  the  ±1ct  range.  Further, 
nearly  all  of  the  UV  photodetectors,  with  the  exception  of  electrically  shorted  failed  devices, 
functioned  within  the  ±2a  range. 

The  2-dimensional  (2D)  data  for  the  normalized  peak  responsivity  is  presented  in  the 
contour  plot  of  Figure  3.  A  diameter  of  more  than  60  mm,  or  greater  than  2  inches,  enclosed  a 
circle  representing  a  large  number  of  photodectors  with  peak  responsivities  that  were  near  the 
average  of  the  wafer  set.  Small  patches  of  devices  with  peak  responsivities  between  the  mean 
and  -  Is  were  present  without  any  identifiable  or  expected  pattern.  An  unexpected  result  was  the 
increasing  peak  responsivity  of  the  devices  near  the  wafer  edge.  The  2D  distribution  of  the  shunt 
resistance,  which  has  a  strong  influence  on  noise  and  sensitivity  but  not  on  responsivity,  was 
more  varied.  The  contour  plot  of  Figure  4  illustrates  the  shunt  resistance  pattern,  normalized  by 
the  mean,  of  the  GaN  p-i-n  photodetectors  on  the  3-inch  wafer.  Higher  shunt  resistance  (up  to  3 
times  the  mean)  detectors  were  positioned  in  the  wafer  center,  and  photodetectors  with  lower 
shunt  resistance  (as  little  as  0.2  times  the  mean)  were  distributed  around  the  wafer  edge.  The 
majority  of  the  GaN  photodetectors  exhibited  a  shunt  resistance  that  was  within  the  same  decade 
of  one  another. 

The  high  temperature  spectral  responsivity  of  a  randomly  selected  GaN  UV 
photodetector  chip,  previously  fabricated  and  diced  from  a  different  wafer  lot,  is  presented  in 
Figure  5.  No  significant  increase  in  visible  responsivity  was  detectable  above  the  noise  level  of 
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Fig.  4:  Contour  plot  of  mean  normalized  UV  photodctcctor  shunt  resistance 
on  a  3-inch  GaN  p-i-n  wafer. 

the  test  setup  as  the  device  temperature  increased  from  25°C  to  300°C.  The  peak  responsivity 
shifted  with  the  bandgap  edge  from  359  nm  at  25°C,  to  365  nm  at  150°C,  to  372  nm  at  300°C. 
The  GaN  UV  photodetector  chip  fully  recovered  the  25°C  spectral  responsivity  characteristic 
after  being  tested  at  300°C  in  the  oxidizing  environment  of  open  air.  The  slight  differences  in 
spectral  responsivity  magnitudes  are  within  the  error  of  the  high  temperature  test  setup  which 
experienced  focusing  and  position  perturbations  during  measurement  as  a  result  of  thermal 
expansion. 

The  temperature  dependent  1;^  noise  characteristics  for  the  GaN  p-i~n  photodetectors  are 
presented  in  Figures  6  and  7.  In  Figure  6,  the  noise  power  density  in  photovoltaic  mode  is 
plotted  over  the  frequencies  including  100  Hz  to  1  kHz  at  temperatures  ranging  from  25°C  to 
300°C.  A  measurable  1//  noise  signal  was  not  present  until  the  photodetector  reached  150°C, 
and  an  room  temperature  extrapolation  of  the  GaN  p-i-n  photodctcctor  noise  power  density  at 
100  Hz  is  presented  in  Figure  7.  Based  on  the  fit  shown,  the  room  temperature  noise  power 
density  for  the  GaN  p-i-n  photodetectors,  with  a  0.59  mm^  junction  area,  was  approximately 
3.0-10‘^”  A^/Hz  (1.7-10'''^  A/Hz'^^  noise  current  density)  at  zero  bias. 

Johnson  noise,  equal  to  the  formula  4kT/Ro,  cannot  fully  explain  the  zero  bias  presence  of 
the  Mf  noise  in  the  GaN  UV  photodetectors  at  higher  temperatures.  The  1// noise  power  density, 
which  is  normally  modeled  by  a  relation  including  the  dark  current,  suggests  the  presence  of  a 
thermally  generated  dark  current  in  the  photodetectors  at  zero  bias.  At  temperatures  as  high  as 
300°C,  thermocouple  voltages  and/or  thermally  ionized  electron-hole  pairs  may  yield  diffusion 
and  recombination  in  the  p-i-n  junction  under  equilibrium.  Additional  characterization  and 
comparison  with  theory  are  required  to  fully  explain  the  high  temperature  noise  characteristics  of 
the  GaN  devices. 
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Fig.  5:  Temperature  dependent,  unbiased  spectral  responsivity  for  GaN  UV 
photodetector  chips  up  to  300°C. 


CONCLUSIONS 

UV  photodetectors  with  an  optically  active  surface  area  of  0.5  mm^  and  a  junction  area  of 
0.59  mm^  have  been  fabricated  on  3-inch  diameter  GaN  p-i-n  epitaxial  wafers  and  characterized 
for  the  first  time.  Wafer  maps  of  photodetector  peak  responsivity  indicated  that  more  than  60% 
of  all  the  GaN  UV  photodetectors  performed  within  the  ±1ct  statistical  range,  which 
corresponded  to  a  ±13%  deviation  from  the  average  peak  responsivity.  The  remaining  UV 
photodetectors  on  the  3”  GaN  epitaxial  wafer  were  distributed  within  the  ±2a  range.  Further,  the 
vast  majority  of  GaN  UV  photodetectors  were  characterized  with  shunt  resistances  that  were 
within  one  decade  of  each  other. 

High  temperature  testing  of  the  GaN  p-i~n  photodetectors  up  to  300°C  indicated  no 
significant  increase  in  visible  spectral  responsivity  or  short  term  degradation.  The  room 
temperature  spectral  responsivity  of  the  GaN  photodetectors  was  fully  recovered  after  300°C 
testing.  The  300°C  GaN  photodetector  1//  noise  power  densities  were  measured  to  be  6.6- 
and  2.M0'^^  A^/Hz  at  100  Hz  and  1  kHz,  respectively.  The  room  temperature,  100  Hz  noise 
power  density  of  the  GaN  photodetectors  was  extrapolated  to  be  3.0- 10'^°  A^/Hz  (1.7*10  ’^ 
noise  current  density). 

ACKNOWLEDGEMENT 

The  authors  wish  to  acknowledge  the  assistance  of  Dr.  Steve  Pearton  at  the  University  of 
Florida,  Gainesville,  for  performing  the  ICP  etching  of  the  GaN  wafers. 

REFERENCES 

1.  G.  Xu,  A.  Salvador,  A.  E.  Botchkarev,  W.  Kim,  C,  Lu,  H.  Tang,  H.  Morkoc,  G.  Smith,  M. 
Estes,  T.  Dang,  and  P.  Wolf  in  Materials  Science  Forum,  Part  2  (264-268,  Trans  Tech, 
Enfield,  NH,  1998)  pp.  1441-1444. 

2.  D.  V.  Kuksenkov,  H.  Temkin,  A.  Osinsky,  R.  Gaska,  and  M.  A.  Khan,  in  1997  International 
Electron  Devices  Meeting  Technical  Digest  (IEEE,  Piscataway,  NJ,  1997)  pp.  759-762. 


Fig.  6:  Typical  1// noise  power  density  for  a  Fig.  7:  The  GaN  p-i-n  UV  photodetector 
0.59  mm^  GaN UV  photodetector  plotted  noise  power  density  at  100  Hz.  The 
at  temperatures  up  to  300°C.  The  data  were  measurements  below  400  K  were  limited  by 
collected  at  zero  bias. 

3.  A.  Osinsky,  S.  Gangopadhyay,  R.  Gaska,  B.  Williams,  and  M.  A.  Khan,  Appl.  Phys.  Lett.  71 
(16),  2334(1997). 

4.  J.  M.  Van  Hove,  G.  J.  Cosimini,  E.  Nelson,  A.  M.  Wowchak,  and  P.  P.  Chow,  J.  Cryst. 
Growth  150,  908  (1995). 

5.  J.  M.  Van  Hove,  P.  P.  Chow,  R.  Hickman,  A.  M.  Wowchak,  J.  J.  Klaassen,  and  C.  J.  Policy 
in  III-V  Nitrides,  edited  by  F.  A.  Ponce,  T.  D.  Moustakas,  I.  Akasaki,  and  B.  A.  Monemar 
(Mater.  Res.  Soc.  Proc.  449,  Pittsburgh,  PA,  1996)  pp.  1227-1231. 

6.  J.  M.  Van  Hove,  R.  Hickman,  J.  J.  Klaassen,  and  P.  P.  Chow,  Appl.  Phys.  Lett.  70  (17),  2282 
(1997). 


MONITORING  AND  CONTROLLING  OF  STRAIN  DURING 
MOCVD  OF  AlGaN  FOR  UV  OPTOELECTRONICS 


Jung  Han*,  M.  H.  Crawford,  R.  J.  Shul,  S.  J.  Heame,  E.  Chason 
J.  J.  Figiel,  and  M.  Banas 

Sandia  National  Laboratories,  Albuquerque,  NM  87185 

Cite  this  article  as:  MRS  Internet  J.  Nitride  Semicond.  Res.  4S1,  G7.7  (1999) 


ABSTRACT 

The  grown-in  tensile  strain,  due  to  a  lattice  mismatch  between  AlGaN  and  GaN,  is  responsible 
for  the  observed  cracking  that  seriously  limits  the  feasibility  of  nitride-based  ultraviolet  (UV) 
emitters.  We  report  in-situ  monitoring  of  strain/stress  during  MOCVD  of  AlGaN  based  on  a 
wafer-curvature  measurement  technique.  The  stram/stress  measurement  confirms  the  presence  of 
tensile  strain  during  growth  of  AlGaN  pseudomorphicaUy  on  a  thick  GaN  layer.  Further  growth 
leads  to  the  onset  of  stress  relief  through  crack  generation.  We  find  that  the  growth  of  AlGaN 
directly  on  low-temperature  (LT)  GaN  or  AIN  buffer  layers  results  in  a  reduced  and  possibly 
controllable  strain. 

INTRODUCTION 

Thus  far  the  optoelectronic  effort  of  the  Ill-nitride  community  has  focused  primarily  on 
InGaN-based  visible  light  emitting  devices  for  display  and  data  storage  applications  [1].  Most  of 
these  devices  were  grown  on  sapphire  substrates  with  thick  GaN  layers  of  2  to  4  |ims  inserted  for 
improved  structural  and  morphological  quality.  (Thick  n-GaN  layers  are  also  required  for  low- 
resistive  electrical  injection.)  The  active  region  typically  consists  of  (higher  fi-action)  InGaN- 
based  quantum  wells  (QWs)  and  (lower  fraction)  InGaN  barriers  for  electrical  confinement. 
Further  electrical  and  optical  confinement  is  attained  through  the  use  of  wide  bandgap  AlGaN 
layers  (Figure  la).  Substantial  lattice  mismatches,  however,  exist  among  the  Ill-nitrides;  the 
mismatches  (in  the  in-plane  lattice  constant)  of  InN  (a  ~  0.354  nm)  and  AIN  (a  =  0.3112  nm)  to 
the  thick  and  presumably  relaxed  GaN  (a  =  0.3188  nm)  layers  are  11%  compression  and  2.4% 
tension,  respectively  [2].  So  far  most  of  the  strain-related  studies  have  focused  on  the  optical  [3] 
and  structural  [4]  properties  of  thick  GaN  epilayers  on  sapphire  or  SiC  substrates. 

A  simple  analysis  of  the  state  of  strain  energy,  denoted  here  as  strain-thickness  product  in 
Figure  Ic,  reveals  the  benefit  of  the  alternating  AlGaN/InGaN  heterolayers  (Figure  la)  in 
balancing  the  tensile  and  compressive  components  to  avoid  excessive  strains  and  to  maintain  a 
pseudomorphic  growth  (dashed  line  in  Figure  Ic).  Recently  we  have  reported  the  growth  and 
device  operation  of  an  AlGaN/GaN  QW-based  UV  LED  on  a  thick  GaN  layer  [5].  The  use  of 
various  AlGaN  confinement  layers,  in  the  absence  of  any  InGaN  layers  (Figure  lb),  results  in  a 
steep  accumulation  of  grown-in  tensile  strain  (solid  line  in  Figure  Ic).  Indeed  cracking  was 
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observed  during  fabrication  of  AlGaN/GaN  UV  LEDs  with  thick  AlGaN  barriers  (Figure  2a). 
The  presence  of  cracking  causes  a  significant  variation  of  current-voltage  characteristics  among 
the  tested  devices  and  contributes  to  a  large  leakage  current  under  reverse-bias  conditions  (Figure 
2b).  It  is  worth  noting  that  cracking  of  AlGaN  layers  on  thick  GaN  has  been  reported  previousl'/ 
[6,7]. 
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Figure  1.  Schematic  diagram.s  of  a  blue  laser  diode  (a)  and  a  UV  LED  (b).  The  indium-containing  layers  are 
labeled  in  blue  and  the  AlGaN  layers  are  colored  in  red.  (c)  Strain-thickness  product  along  the  growth  direction 
for  the  structures  of  (a)  (dashed  line)  and  (b)  (solid  yellow  line).  InGaN  layers  tend  to  move  the  curve  toward  blue 
(compression)  and  AlGaN  layers  to  red  (tension). 
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Figure  2.  (a)  Top  view  of  an  etched  circular  mesa  (100  pm  diameter)  showing  the  presence  of  a  high  density  of 
cracks,  (b)  Diode  I-V  curves  taken  from  various  devices  across  the  same  cracked  sample. 

An  additional  complication  arises  for  AlGaN  grown  on  sapphire,  the  most  common  substrate 
of  choice,  as  the  sapphire  (linear  thermal  expansion  coefficient  a  -  7.6x10'^  k  ')  exerts  a 
compressive  strain  to  the  AlGaN  layers  (a  ~  5.6x10'^  k  ')  during  cool  down  which  tends  to  mask 
the  grown-in  tensile  strain  due  to  lattice  mismatch.  Most  of  the  post-growth  ex-situ  strain 
characterizations  [8-13]  would  in  this  case  measure  a  combination  of  a  tensile  stress  due  to  lattice 
mismatch  and  a  compressive  component  due  to  thermal  expansion  mismatch.  In  an  attempt  to 


isolate  these  two  competing  factors  by  directly  probing  the  grown-in  strain,  we  have  employed  an 
in-situ  stress/strain  monitor  based  on  wafer-curvature  measurement  [14].  In  this  paper  we  will 
report  the  monitoring  and  subsequent  control  of  grown-in  strain  of  AlGaN  on  sapphire  using 
different  buffer  layer  schemes. 


EXPERIMENT 


A  high-speed  (1200  rpm),  inductively  heated,  rotating  disk  reactor  (RDR)  was  used  to  deposit 
GaN  lilms  (nominally  1-3  pm  thick)  onto  2”  diameter,  330pm  thick,  (0001)  sapphire  wafers. 
Trimethylgallium,  trimethylaluminum,  and  ammonia  where  used  as  the  precursors,  with  hydrogen 
as  the  carrier  gas.  A  detailed  description  can  be  found  in  Ref.  [15].  A  two-step  deposition 
process  was  used.  Initially,  a  LT  buffer  of  GaN  (~550”C)  or  AIN  (~600“C)  was  grown.  The 
buffer  was  then  heated  to  lOSO^C  and  stabilized  for  1  minute  prior  to  deposition  of  the  high 
temperature  (HT)  layer. 

Real  time  wafer  curvature  measurements  were  performed  with  a  multi-beam  optical  stress 
sensor  (MOSS)  [16]  modified  for  use  on  our  reactor.  To  determine  the  wafer  curvature,  the 
divergence  of  an  array  of  initially  parallel  laser  beams  is  measured  on  a  CCD  camera  after 
reflection  of  the  array  from  the  film/substrate  surface.  Changes  in  wafer  curvature  induce  a 
proportional  change  in  the  beam  spacing  on  the  camera.  This  technique  provides  a  direct 
measurement  of  the  stress  during  deposition  and  is  described  in  detail  in  Ref.  [17]. 

The  relation  between  film  stress  (o/),  and  substrate  curvature  (/c),  is  given  by  Stoney’s 
equation  [18], 


M.h: 


-K  , 


(1) 


hf  and  h,  are  the  film  and  substrate  thickness,  respectively  and  M,  is  the  substrate  biaxial  modulus. 
Curvature  is  directly  proportional  to  the  product  of  the  film  stress  and  film  thickness  (ojhf),  both 
of  which  vary,  in  general,  during  growth.  Equation  1  can  be  derived  by  balancing  the  forces  and 
bending  moments  in  the  film  with  those  in  the  substrate,  and  assuming  the  film  is  much  thinner 
then  the  substrate  [18].  We  also  simultaneously  obtain  information  on  the  surface  roughness  and 
film  thickness  during  deposition  by  monitoring  the  intensity  of  one  of  the  reflected  laser  beams, 
similar  to  the  method  described  in  Ref.  [19]. 


RESULTS  AND  DISCUSSION 

Figure  3  shows  the  stress-thickness  product  (ojhf)  and  the  reflected  beam  intensity  as 
functions  of  growth  time  (see  the  following  explanation)  during  growth  of  an  AlGaN  (Al~15%) 
layer  on  a  0.6  pm  GaN  layer  grown  at  1050°C.  We  have  reported  that  [19]  in-situ  reflectance 
could  provide  the  information  of  growth  rate  from  the  periodicity  of  Fabry-Perot  interference. 
Such  information  in  turn  enables  the  conversion  of  time  axis  into  film  thickness  (hf).  On  a  plot  of 
q^/ versus  hf,  the  slope  is  simply  the  grown-in  stress  {<7/).  A  positive  slope  on  such  a  plot  denotes 
a  tensile  stress  throughout  this  paper. 

A  slight  slope  of  the  q^/ curve  during  GaN  growth  (in  Figure  3)  was  observed  which  suggests 
the  presence  of  a  slight  tensile  stress.  The  grown-in  stress  of  GaN  on  sapphire  is  the  subject  of 
another  publication  [14].  After  a  growth  transition  in  adjusting  the  reactor  parameters  for  the 
growth  of  AlGaN  (an  artifact  of  an  abrupt  decrease  in  the  ajhf  curve  was  therefore  generated),  a 
steady  slope  of  1.33  GPa  was  established  which  agrees  well  with  the  expected  value  assuming  a 


pseudomorphic  growth.  After  the  growth  of  approximately  0.6  pm  of  AlGaN,  however,  a  step 
decrease  of  the  a//i/ curve  was  recorded.  Tentatively  this  feature  is  designated  to  be  the  relief  of 
grown-in  tensile  stress  due  to  the  occurrence  of  cracking.  (Cracking  was  indeed  observed  from 
Nomarski  microscopy.)  One  implication  is  that  the  use  of  a  thick  GaN  bottom  layer,  a  common 
practice  shared  by  the  InGaN-based  heterostructures,  could  lead  to  a  build-up  of  excessive  tensile 
strain  in  the  case  of  AlGaN-based  heterostructures  for  UV  optoelectronics. 

Direct  growth  of  AlGaN  on  sapphire  via  LT  buffer  layers  becomes  attractive  as  a  means  to 
circumvent  and  alleviate  the  mismatch-induced  tension  imposed  inevitably  by  the  two-dimen.sional 
growth  mode  (i.e.  AlGaN  on  a  HT  GaN  layer).  In  Figures  4  and  5,  ojhf  and  reflectance  versus 
thickness  are  presented  for  the  growth  of  AlGaN  (Al~17%  in  both  cases)  on  LT  GaN  and  AIN 
buffer  layers,  respectively,  on  sapphire  substrates.  Even  though  a  tensile  stress  (0.82  GPa)  was 
still  measured  for  AlGaN  on  LT  GaN  buffer  (Figure  4),  it  is  interesting  to  note  that  this  value  is 
less  than  half  of  the  expected  stress  due  to  the  mismatch  between  Alo.iyGaosiN  and  GaN.  One 
could  speculate  that  the  conventional,  mismatch-induced  strain  constraint  is  somewhat  relaxed 
under  a  possibly  three-dimensional  island  growth  mode. 

In  the  case  of  direct  growth  of  AlGaN  on  a  LT  AIN  buffer  (Figure  5),  the  ajfif  curve  first 
moves  downward,  indicative  of  a  compressive  stress,  before  assuming  a  relatively  flat  (stress  free) 
growth  mode.  The  origin  of  the  compre.ssive  strain  during  the  initial  growth  of  AL  nGao.s.^N  is 
currently  under  investigation.  A  plausible  cause  is  that  the  AIN  nucleation  template  has  a  smaller 
lattice  constant  than  that  of  AlGaN.  The  compressive  stress  was  estimated  to  be  around  1 .3  GPa, 
much  less  than  the  full  mismatch  between  Alo.17Gao.83N  and  AIN  (around  9  GPa). 

CONCLUSIONS 

Using  a  novel  in-sitii  stress  monitor,  we  measured  the  grown-in  strain  of  AlGaN  on  various 
layers.  It  was  found  that  AlGaN  grown  on  a  thick  HT  GaN  layer  has  a  tensile  strain  well 
predicated  by  the  pseudomorphic  lattice  mismatch  before  strain  relaxation  occurs.  Growth  on  a 
LT  GaN  buffer  layer  resulted  in  a  relaxation  of  more  than  50%  of  the  coherent  tensile  strain.  The 
use  of  a  LT  AIN  buffer  caused  a  compressive  strain  during  the  initial  (first  0.1  pm)  growth  of 
AlGaN.  The  combination  of  LT  GaN  and  AIN  buffer  schemes  could  lead  to  the  control  of  strain 
during  AlGaN  growth  for  UV  optoelectronics. 
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Figure  3  Stress-thickness  product  and  reflectance  versus  thickness  during  growth  of  AlGaN 
(Al~0.15)  on  a  0.6  pm  GaN  layer 


Figure  4  Stress-thickness  product  and  reflectance  versus  thickness  during  growth  of  AlGaN 
[Al~0.17)  directly  on  a  LT  GaN  buffer  on  sapphire 
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Figure  5  Stress-thickness  product  and  reflectance  versus  thickness  during  growth  of  AlGaN 
(Al~0.17)  directly  on  a  LT  AIN  buffer  on  sapphire 
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Abstract 


Low  frequency  noise  measurements  are  a  powerful  tool  for  detecting  deep  traps  in 
semiconductor  devices  and  investigating  trapping-recombination  mechanisms.  We  have  performed 
low  frequency  noise  measurements  on  a  number  of  photoconducting  detectors  fabricated  on 
autodoped  n-GaN  films  grown  by  ECR-MBE.  At  room  temperature,  the  noise  spectrum  is 
dominated  by  1/f  noise  and  thermal  noise  for  low  resistivity  material  and  by  generation- 
recombination  (G-R)  noise  for  high  resistivity  material.  Noise  characteristics  were  measured  as  a 
function  of  temperature  in  the  80K  to  300K  range.  At  temperatures  below  150K,  1/f  noise  is 
dominant  and  at  temperatures  above  150K,  G-R  noise  is  dominant.  Optical  excitation  revealed 
the  presence  of  traps  not  observed  in  the  dark,  at  room  temperature. 

Introduction 


The  Ill-Nitrides  is  an  important  class  of  materials  for  the  development  of  optoelectronic 
devices  and  electronic  devices  for  operation  at  high  speeds  and  high  temperatures  The 
performance  of  most  of  these  devices  is  strongly  influenced  by  the  presence  of  defects  and  traps  in 
the  material.  Several  techniques,  such  as  Deep  Level  Transient  Spectroscopy  (DLTS)^’"*,  Photo 
Induced  Capacitance  Transient  Spectroscopy  (PICTS)^  ThermaUy  Stimulated  Current  (TSC)^ 
and  Thermal  Admittance  Spectroscopy  (TAS)^  have  been  used  to  investigate  and  characterize  the 
deep  defects  in  GaN.  In  this  paper,  we  describe  the  technique  of  noise  spectroscopy  to  study  the 
presence  of  deep  levels  in  GaN  films  grown  on  sapphire.  Noise  spectroscopy  has  been  used  as  a 
tool  to  investigate  traps  in  silicon*  and  III- As/P  compounds,  and  to  study  the  influence  of  the  deep 
levels  on  performance  of  devices  such  as  JFETs^  and  MODFETs’'^’ It  has  also  been  used  to 
characterize  the  performance  of  GaN  p-n  junctions.  To  the  best  of  our  knowledge,  this  is  the 
first  report  of  using  noise  measurements  to  study  deep  levels  in  GaN  photoconductors. 

Theory 

Photoconducting  detectors,  typically,  exhibit  three  types  of  noise:  1/f  noise  which  is 
associated  with  contacts  and  surfaces,  generation-recombination  (G-R)  noise  which  is  associated 
with  the  trapping  and  emission  of  charges  from  deep  traps  and  thermal  or  Johnson  noise,  which  is 
associated  with  the  resistance  of  the  material.  Generation-recombination  noise  arises  because  the 
trapping  and  emission  of  charges  from  the  deep  levels  causes  fluctuations  in  the  dc  dark  current. 
This  excess  current  decays,  on  an  average,  with  a  time  constant  x,  so  that  the  average  current  as  a 
function  of  time  t  will  be  given  as 

i{t)  =  /o  exp  {f  y^) 

G7.8 
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(1) 


The  time  constant  t  is  a  characteristic  of  the  deep  level  and  is  related  to  its  emission  (Tc)  and 
capture  (Xc)  time  constants  according  to  the  relation'^ 


When  the  noise  arises  from  deep  levels  with  a  well-defined  time  constant  the  observed  noise 
spectrum  has  a  Lorentzian  shape  which  can  be  described  as 


A  *  A/ 


(3) 


where  fo  =  1/271t  is  the  characteristic  frequency  associated  with  the  time  constant  i  and  A  is  the 
amplitude  of  the  noise  current  at  frequencies  f«ft  ,  and  referred  to  as  the  zero  frequency  noise 
plataeu.  It  is  from  the  variation  of  the  zero  frequency  plataeu  value  A  and  the  time  constant 
T  with  temperature  that  the  activation  energy  of  deep  levels  can  be  determined.  If  the  variation  of 
the  free  carrier  concentration  n  as  a  function  of  temperature  is  also  known,  other  trap  parameters 
such  as  its  density,  degeneracy  and  capture  cross  section  can  also  be  deduced.  Furthermore,  multi¬ 
level  spectra  can  be  decomposed  into  separate  Lorentzians,  such  that  each  Lorentzian  contains 
information  of  a  single  trap,  if  the  Fermi  level  is  a  few  kT  away  from  the  trap  level  and  the 
concentration  of  mobile  carriers  is  larger  than  the  concentration  of  impurities  . 

The  zero  frequency  amplitude  increases  as  the  temperature  increases  until  the  Fermi-level 
crosses  the  trap  level,  and  then  decreases  rapidly. The  temperature  dependence  of  x  is 
obtained  from  the  following  relation’^. 


1 

—  =  an 
T 


Be\p 


(4) 


where  a  is  the  recombination  coefficient,  B  and  Ft  are  the  degeneracy  factor  and  depth  of  the  trap 
respectively,  Ef  is  the  dark  Fermi-level,  n  is  the  free  carrier  concentration,  k  is  Boltzman’s 
constant,  T  is  the  temperature.  In  the  low  temperature  limit,  when  the  Fermi-level  lies  above  the 
trap  level,  the  exponential  in  Eq.  (4)  is  small  compared  to  unity  and  the  characteristic  time 
constant  is  virtually  constant.  As  the  temperature  increases,  and  the  Eermi-level  is  below  the  trap 
level,  the  exponential  dominates,  and  a  strong  temperature  dependence  is  observed. 

In  order  to  extract  trap  parameters,  we  followed  the  method  derived  by  Copeland  .  In 
brief,  the  method  consists  of  combining  the  three  temperature  dependent  experimentally  observed 
parameters  A,  x  and  n  into  a  single  function  of  temperature  F(T),  such  that 


F(T)^  ^ 
r 

From  the  slope  of  the  plot  of  ln(F(T))  versus  1/T,  the  trap  activation  energy  and  other  parameters 
can  be  determined. 


Experimental  Methods 


Noise  measurements  were  performed  on  photoconducting  detectors  fabricated  on  n-GaN 
films  grown  on  c-plane  sapphire  by  the  electron  cyclotron  resonance  microwave  plasma  assisted 
molecular  beam  epitaxy  (ECR-MBE)  method.  The  photoconducting  detectors  were  fabricated  by 
patterning  interdigitated  electrodes,  with  inter-electrode  spacing  ranging  from  5  pm  to  20pm, 


using  standard  photolithography  and  lift-off  techniques.  For  the  noise  measurements,  we  studied 
two  types  of  devices:  (i)  devices  fabricated  on  low  resistivity  material  (p  =  lO^ohm-cm)  and  (ii) 
devices  fabricated  on  high  resistivity  material  (p  =  lO^ohm-cm).  The  noise  characteristics  of  the 
GaN  photoconducting  detectors  were  measured  in  the  lOHz  to  50KHz  range  using  a  low  noise 
current  preamplifier  and  a  signal  analyzer.  The  device  was  mounted  in  a  temperature  controlled 
cryostat  and  the  temperature  was  varied  from  80K  to  320K.  The  bias  voltage  on  the  sample 
varied  from  0.5V  to  1.5V.  In  order  to  illuminate  the  photoconductors,  a  lOmW  He-Cd  laser, 
emitting  at  325nm  was  used. 

Experimental  Results 

In  this  section,  we  shall  illustrate  (i)  the  effect  of  the  position  of  the  dark  Fermi-level,  (ii) 
the  effect  of  optical  excitation  and  (iii)  the  effect  of  thermal  excitation  on  the  noise  characteristics 
of  GaN  photoconducting  detectors. 
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Figure  1:  Noise  characteristics  at  room  temperature  for  GaN  photoconducing  detectors 
fabricated  on  (a)  low  resistivity  material  and  (b)  on  high  resistivity  material.  Dotted 
lines  are  (a)  linear  and  (b)  lorentzian  fit  to  the  data. 


Figure  la  shows  the  noise  spectrum  at  room  temperature  for  a  GaN  photoconducting 
detector  fabricated  on  low  resistivity  material.  The  spectrum  is  dominated  by  1/f  noise  in  the  low 
frequency  range  (f<500Hz)  and  by  thermal  noise  at  higher  frequencies  (f  >500Hz).  The  dark 
Fermi-level,  at  room  temperature,  was  estimated  to  be  0.1 8eV  below  the  conduction  band.  Since 
the  noise  measurement  is  sensitive  to  levels  within  a  few  kT  of  the  Fermi-level,  this  measurement 
senses  shallow  traps,  which  typically  have  higher  characteristic  frequencies.  Since  the  thermal 
noise  is  quite  large,  the  G-R  noise  from  these  shallow  levels  is  obscured  at  the  higher  frequencies. 
Figure  lb  shows  the  noise  spectrum  for  a  GaN  photoconducting  detector  fabricated  on  high 
resistivity  material,  measured  under  identical  conditions.  In  this  case,  the  spectrum  shows  1/f  noise 
in  the  lOHz  -lOOHz  range  and  a  strong  contribution  of  G-R  noise  in  the  lOOHz-lOKHz  range.  In 
this  case  the  dark  Fermi-level  was  estimated  to  be  0.38eV  below  the  conduction  band  edge.  Thus 
it  measures  G-R  noise  from  the  deep  levels,  within  a  few  kT  of  the  Fermi-level.  In  addition,  the 
thermal  noise  level,  evident  at  frequencies  greater  than  20KHz  is  much  lower.  By  fitting  a 


Lorentzian  to  the  measured  spectrum  (dotted  line),  we  deduced  a  characteristic  frequency  of 
1.5KHz  for  this  trap,  corresponding  to  a  characterisitic  time  constant  of  106ps. 

The  effect  of  illumination  is  to  excite  traps  throughout  the  gap  and  the  traps  for  which  the 
G-R  noise  contribution  is  greater  than  the  thermal  noise,  will  be  observed.  Figure  2  illustrates  the 
noise  characteristics  from  optically  excited  traps  for  both  samples  discussed  earlier.  We  find  that 
the  low  resistivity  sample  shows  a  G-R  noise  component  with  a  characteristic  frequency  of  about 
l.SKHz  upon  optical  excitation.  The  high  resistivity  device  shows  two  G-R  noise  components:  (i) 
with  a  characteristic  frequency  at  l.SKHz  as  seen  by  thermal  excitation  and  an  additional 
shallower  level  with  a  characteristic  frequency  of  about  lOKHz,  which  was  not  observed  by 
thermal  excitation  alone  at  room  temperature. 


Figure  2:  Noise  characteristics  of  the  GaN  photoconductors  when  illuminated  with  He-Cd  laser. 

From  the  similarity  in  the  characteristic  frequency  for  the  two  samples,  we  may  infer  that 
the  same  trap  level  is  present  in  both  detectors  and  responsible  for  the  G-R  noise  observed. 

The  temperature  dependence  of  the  noise  characteristics  of  the  high  resistivity  detector  in 
the  80K  to  300K  range  was  also  investigated.  At  temperatures  below  120K,  the  noise  spectrum 
was  dominated  by  1/f  noise  and  thermal  noise,  and  no  G-R  noise  component  was  observable.  At 
temperatures  higher  than  120K,  a  gradual  increase  in  the  G-R  noise  component  was  increased.  An 
increase  in  the  zero-frequency  plataeu  value  and  and  shift  in  the  characteristic  frequency  was 
observed.  Figures  3a  and  3b  show  the  noise  characteristics  at  lOOK  and  160K.  The  same  at  300K 
are  shown  in  figure  lb.  In  addition,  we  also  measured  the  variation  in  the  dark  resistance  of  the 
detector  as  a  function  of  temperature  in  the  80K-300K  range,  to  obtain  an  independent 
measurement  of  the  free  electron  concentration  n.  From  the  variation  of  A,  fo  and  n,  we 
calculated  the  function  F(T)  and  estimate  the  depth  of  the  trap  to  be  0.38eV.  In  addition,  from 
the  measurement  of  the  characteri.stic  frequency  and  the  measurement  of  the  free  carrier 
concentration  at  room  temperature,  we  can  calculate  the  depth  of  the  trap  using  Eq.  (4). 


Using  this  expression,  with  a=3xlO‘^'cmVs,‘'^  n=1.5xl0*^cm^  B=l,  T=300K,  we 
calculated  the  depth  of  the  trap  to  be  0.4eV  below  the  conduction  band.  This  value  is  in  good 
agreement  with  the  observation  of  a  deep  level  in  the  0.4eV-0.5eV  range  by  several  researchers 


Figure  3:  Noise  characteristics  of  the  resistive  device  at  (a)  lOOK  and  (b)  160K.  Dotted  lines  are 
(a)  linear  and  (b)  Lorentzian  fits  to  the  data. 

using  other  techniques  such  as  DLTS,  PICTS  and  TAS,  on  samples  grown  by  MOVPE^^  and 
MBE.^  and  in  GaN  p-n  junctions  operating  in  the  forward  bias,  grown  by  MOCVD,  and  studied 
used  techniques  similar  to  those  described  in  this  paper. 

From  the  relation  t  =  1/VthSn,  where  Vth  is  the  thermal  velocity  of  electrons,  we  have 
calculated  the  capture  cross-section  to  be  S=  2x10'^^  cm^  which  indicates  that  the  trap  is  a 
coulombic  center.  However,  we  believe  that  measurements  above  300K  are  necessary  to  observe 
the  sharp  decrease  in  i  and  A  with  temperature,  as  the  Fermi-level  crosses  the  trap  level. 
Unfortunately,  we  could  not  measure  the  noise  characteristics  at  higher  temperatures,  at  this  time, 
due  to  exeessive  1/f  noise  in  our  high  temperature  apparatus 

Conclusions 


In  conclusion,  we  have  investigated  the  noise  behavior  of  GaN  photoconductors  in  the 
10Hz-50KHz  range  and  was  found  that  it  is  dominated  by  1/f  md  thermal  noise  for  low  resistivity 
(p=10^ohm-cm)  devices  and  by  G-R  noise  fpr  high  resistivity  devices  (p=10®ohm-cm)  at  room 
temperature.  A  deep  level  was  identified,  with  a  time  constant  of  106|is,  and  its  activation  energy 
was  estimated  to  be  in  the  0.3eV-0.4eV  range.  The  capture  cross-section  of  this  trap  was  found 
to  be  2xl0  ’^cm^,  suggesting  that  it  is  a  coulombic  center.  In  addition,  optical  excitation  revealed 
the  presence  of  a  similar  trap  in  the  low  resistivity  material,  which  was  not  seen  by  thermal 
excitation.  However,  noise  measurements  need  to  be  performed  at  temperatures  higher  than 
300K,  to  determine  the  full  temperature  dependence  of  t  and  to  confirm  the  trap  properties.  To 
the  best  of  our  knowledge,  this  is  the  first  report  of  using  noise  measurements  to  study  deep  levels 
in  GaN  photoconductors. 
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ABSTRACT 

Patterning  the  group-III  nitrides  has  been  challenging  due  to  their  strong  bond  energies  and 
relatively  inert  chemical  nature  as  compared  to  other  compound  semiconductors.  Plasma  etch 
processes  have  been  used  almost  exclusively  to  pattern  these  films.  The  use  of  high-density 
plasma  etch  systems,  including  inductively  coupled  plasmas  (ICP),  has  resulted  in  relatively  high 
etch  rates  (often  greater  than  1.0  |Lun/min)  with  anisotropic  profiles  and  smooth  etch 
morphologies.  However,  the  etch  mechanism  is  often  dominated  by  high  ion  bombardment 
energies  which  can  minimize  etch  selectivity.  The  use  of  an  ICP-generated  BCI3/CI2  plasma  has 
yielded  a  highly  versatile  GaN  etch  process  with  rates  ranging  from  100  to  8000  A/min  making 
this  plasma  chemistry  a  prime  candidate  for  optimization  of  etch  selectivity.  In  this  study,  we 
will  report  ICP  etch  rates  and  selectivities  for  GaN,  AIN,  and  InN  as  a  function  of  BClj/Cl^  flow 
ratios,  cathode  rf-power,  and  ICP-source  power.  GaN:InN  and  GaN: AIN  etch  selectivities  were 
typically  less  than  7:1  and  showed  the  strongest  dependence  on  flow  ratio.  This  trend  may  be 
attributed  to  faster  GaN  etch  rates  observed  at  higher  concentrations  of  atomic  Cl  which  was 
monitored  using  optical  emission  spectroscopy  (OES). 


INTRODUCTION 

Etch  selectivity  for  the  group-III  nitrides  has  become  important  as  interest  in  high  power, 
high  temperature  electronic  devices  has  increased.  For  example,  the  formation  of  low  resistivity 
ohmic  contacts  or  a  gate  recess  for  high  electron  mobility  transistors  (HEMTs)  and 
heterojunction  bipolar  transistors  (HBTs)  requires  accurately  stopping  the  etch  on  a  specific 
contact  layer.  Patterning  the  group-III  nitride  films  has  improved  significantly  despite  their  inert 
chemical  nature  and  strong  bond  energies  primarily  due  to  the  use  of  high-density  plasma  (HDP) 
etch  systems.  HDP  etch  systems  operate  under  high  plasma  flux  conditions  which  improve  the 
III-N  bond  breaking  efficiency  and  the  sputter  desorption  of  etch  products  from  the  surface. 
Unfortunately,  the  best  etch  results  i.e.  anisotropic  profiles,  smooth  surface  morphology  and  high 
etch  rates,  are  often  obtained  under  energetic  ion  bombardment  conditions  which  can  minimize 
etch  selectivity.  However,  by  reducing  the  ion  energy  or  increasing  the  chemical  activity  in  the 
plasma,  etch  selectivity  can  often  be  improved. 

The  chemical  activity  of  an  etch  process  and  therefore  the  etch  characteristics  can  be  strongly 
effected  by  the  choice  of  reactive  source  gas  (Cl^,  BCI3,  SiCl^,  IBr,  BBrj,  CH^/H^,  ICl,  CHF3 
etc.)."^  Table  I  shows  the  boiling  points  of  possible  etch  products  for  group-III  nitride  films 
exposed  to  halogen-based  plasmas.  Etch  rates  are  often  limited  by  the  volatility  of  the  group-in 
halogen  etch  product.  Therefore,  chlorine-,  iodine-,  and  bromine-based  chemistries  are  preferred 
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to  etch  Ga-  and  Al-containing  materials  due  to  the  high  volatility  of  the  etch  product  as  compared 
to  fluorine-based  chemistries.  Chlorine-based  plasmas  have  been  the  most  widely  used  to  etch 
Ga-containing  compound  semiconductors  since  they  are  less  corrosive  than  iodine-  or  bromine- 
based  plasmas  and  typically  yield  fast  rates  with  anisotropic,  smooth  etch  profiles.  For  In- 
containing  species,  etch  rates  obtained  in  room  temperature  chlorine-based  plasmas  tend  to  be 
slow  with  rough  surfaces  due  to  the  low  volatility  of  the  InCI,  etch  products  and  preferential  loss 
of  the  group-V  species.  However,  under  high  plasma  flux  conditions  the  InCl,  etch  products  are 
sputtered  away  before  they  can  passivate  the  surface  resulting  in  improved  etch  rates  and  surface 
morphology.’^  Also,  at  elevated  substrate  temperatures  (>130°C),  the  volatility  of  InCl,  etch 
product  increases  thus  improving  the  etch  results.'^  ” 

Several  selectivity  studies  have  recently  been  reported  for  the  group-III  nitrides.^"’*’  GaN:AlN 
and  GaN:InN  etch  selectivities  were  typically  <7:1,  however  Smith  and  co-workers  reported  an 
etch  selectivity  >  38:1  for  GaN:AlN  in  an  inductively  coupled  plasma  (ICP)  etch  system  at  -20  V 
dc-bias.^'  Plasma  chemistries  can  have  a  significant  effect  on  etch  selectivities  due  to  the 
differences  in  volatility  of  the  etch  products.^"  For  example,  GaN:AlN  and  GaN:InN  etch 
selectivities  were  typically  >  1:1  in  Clj-based  plasmas  and  <  1:1  in  BCl^-based  plasmas.  This 
was  attributed  to  higher  concentrations  of  reactive  Cl  generated  in  Cl^-based  plasmas  as 
compared  to  BClj-based  plasmas  and  thus  faster  GaN  etch  rates.  Alternatively,  InN  and  AIN 
etch  rates  showed  much  less  dependence  on  the  Cl  concentration  and  were  fairly  comparable  in 
Clj  and  BCl^-based  plasmas. 

The  use  of  an  ICP-generated  BCl/Cl^  plasma  has  yielded  a  highly  versatile  GaN  etch  process 
with  rates  ranging  from  100  to  8000  A/min’’’'^”  making  this  plasma  chemistry  a  prime  candidate 
for  optimization  of  the  group-III  nitride  etch  selectivity.  In  this  study,  we  will  report  ICP  etch 
rates  and  selectivities  for  GaN,  AIN,  and  InN  as  a  function  of  BCiyCl^  flow  ratios,  cathode  rf- 
power,  and  ICP-source  power. 


Table  I.  Boiling  points  for  possible  III-N  etch  products  in  halogen-based  plasmas. 


Etch  Products 

Boiling  Points  (°C) 

AlCl, 

183 

AIF, 

na 

AIT 

360 

AlBr, 

263 

GaCl, 

201 

GaF, 

1000 

GaT 

sublimes  345 

GaBr, 

279 

InCl, 

600 

InF, 

>1200 

InT 

na 

InBr, 

sublimes 

NCT 

<70 

NT 

explodes 

NF, 

-129 

EXPERIMENT 


The  GaN  films  etched  in  this  study  were  grown  by  metal  organic  chemical  vapor  deposition 
(MOCVD),  whereas  the  AIN  and  InN  samples  were  grown  using  metal  organic-molecular  beam 
epitaxy  (MO-MBE).  The  ICP  reactor  was  a  load-locked  Plasma-Therm  SLR  770  which  used  a  2 
MHz,  3  turn  coil  ICP  source.  All  samples  were  mounted  using  a  thermally  conductive  paste  on 
an  anodized  A1  carrier  that  was  clamped  to  the  cathode  and  cooled  with  He  gas.  The  ion  energy 
or  dc-bias  was  defined  by  superimposing  a  rf-bias  (13.56  MHz)  on  the  sample.  Samples  were 
patterned  with  AZ-4330  photoresist.  Etch  rates  were  calculated  from  the  depth  of  etched  features 
measured  with  an  Alpha-step  stylus  profilometer  after  the  photoresist  was  removed.  Depth 
measurements  were  taken  at  a  minimum  of  3  positions.  Samples  were  ~1  cm  and  were  exposed 
to  the  plasma  for  1  to  3  minutes.  Run-to  run  repeatability  was  typically  better  than  ±10%  while 
the  uniformity  across  the  sample  was  typically  better  than  ±5%.  One  exception  was  InN 
samples,  which  yielded  a  uniformity  closer  to  ±25%  due  to  the  rough  surface  morphology  of  the 
as-grown  sample.  Surface  morphology,  anisotropy,  and  sidewall  undercutting  were  evaluated 
with  a  scanning  electron  microscope  (SEM).  The  root-mean-square  (rms)  surface  roughness  was 
quantified  using  a  Digital  Instruments  Dimension  3000  atomic  force  microscope  (AFM)  system 
operating  in  tapping  mode  with  Si  tips. 

Optical  emission  spectra  (OES)  were  obtained  for  most  of  the  plasma  conditions  reported  in 
this  paper.  Due  to  limited  optical  access  immediately  above  the  sample  surface,  spectra  were 
obtained  through  a  window  mounted  on  the  top  of  the  ICP  plasma  generation  region. 
Consequently,  the  conclusions  drawn  from  the  OES  results  may  be  only  qualitatively  applicable 
to  the  conditions  at  the  sample  surface,  especially  where  mean-free  paths  were  sufficiently  short 
to  enable  several  collisions  between  the  plasma  generation  region  and  the  sample  surface. 
Atomic  emission  intensities  from  Cl  species  were  normalized  by  the  intensity  of  the  Ar  emission 
at  750  nm  to  correct  for  variations  in  excitation  efficiency  under  different  plasma  conditions. 


RESULTS  AND  DISCUSSIONS 

A  characteristic  OES  spectra  is  shown  in  Figure  1  for  an  ICP-generated  BClj/Cl^  plasma 
under  the  following  conditions;  2  mTorr  chamber  pressure,  125  W  cathode  rf-power  with  a 
corresponding  dc-bias  of  -235  V,  500  W  ICP-power,  32  seem  Cl^,  8  seem  BCI3,  and  5  seem  Ar. 
Strong  emission  from  excited  neutral  Cf  atoms  was  obtained  at  726,  741,  755,  775,  808.3,  and 
837.5  nm.  Strong  emissions  were  also  observed  from  excited  CT  species  at  413  nm.  This 
implied  that  both  Cl  neutrals  and  ions  were  prominent  in  the  group-III  nitride  etch  process 
whereas  our  earlier  study  showed  only  weak  CT  emission.^*  In  general,  etch  rate  data  for  GaN 
tracked  with  the  Cl  neutral  and  ion  emission  peaks  while  the  AIN  and  InN  etch  rates  were  less 
dependent  on  Cl  concentration. 

Changes  in  the  plasma  gas  composition  can  have  a  strong  effect  on  the  chemical-to-physical 
components  of  the  etch  mechanism  and  thus  etch  selectivity.  In  Figure  2  GaN,  AIN,  and  InN 
etch  rates  are  plotted  as  a  function  of  fcCl^  in  the  BClj/Cl^  ICP  plasma.  Plasma  parameters  were 
2  mTorr  pressure,  500  W  ICP  power,  and  125  W  cathode  rf-power  with  corresponding  dc-bias 
ranging  from  -230  to  -285  V.  The  dc-bias  initially  increased  as  Cl^  was  added  to  the  BClj/Ar 
plasma  and  then  decreased  at  higher  Cl^  concentrations.  GaN  etch  rates  increased  up  to  ~4390 
A/min  at  80%  Cl^  due  to  higher  concentrations  of  reactive  Cl.  This  was  confirmed  using  OES 
where  the  CT  and  Cf  emission  intensity  increased  up  to  80%  Cl^  (see  Figure  3).  Slower  GaN 
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Figure  1.  OES  of  ICP  generated  BCyCl^  plasma. 
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Figure  2.  GaN,  InN,  and  AIN  etch  rates  as  a  function  of  %Cl^  in  a  BClj/Cl/Ar  ICP  plasma. 
Plasma  conditions  were:  2  mTorr  pressure,  500  W  ICP-source  power,  1 25  W  cathode  rf-power, 
and  25°C  cathode  temperature. 
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Figure  3.  OES  showing  the  increase  in  CP  and  Cf  emission  normalized  to  Ar  as  a  function  of 
%Cl2  concentration. 

etch  rates  observed  at  100%  Cp,  were  attributed  to  lower  CP  and  CP  emission  and  less  efficient 
sputter  desorption  of  the  etch  products  from  the  surface  in  the  absence  of  the  heavier  BCl^  ions. 
Lee  and  co-workers  saw  a  similar  trend  where  the  maximum  GaN  etch  rate  was  obtained  at90% 
Clj.'"  Using  OES  and  a  Langmuir  probe,  they  observed  higher  ion  current  densities  and  Cl 
radical  densities  as  the  %Cl2  increased. 

InN  etch  rates  initially  increased  as  the  Cp  concentration  increased  and  then  decreased  above 
20%.  The  AIN  etch  rates  increased  up  to  40%  Cp  concentration  and  then  remained  relatively 
constant.  Above  50%  Cp,  InN  and  AIN  etch  rates  were  much  slower  than  GaN.  For  InN,  this 
may  be  attributed  to  the  low  volatility  of  the  InCp  etch  products,  however  for  AIN  the  volatility 
of  the  AlCp  etch  product  is  quite  high.  Therefore,  slow  AIN  etch  rates  were  attributed  to  their 
strong  bond  energy,  1 1.52  eV/atom,  as  compared  to  8.92  eV/atom  for  GaN  and  7.72  eV/atom  for 
InN.  The  etch  selectivities  for  GaN: AIN  and  GaN:InN  are  shown  in  Figure  4  as  a  function  of 
%C1  concentration.  In  both  cases  the  selectivities  increased  as  the  concentration  of  Cp  increased 
due  to  higher  GaN  etch  rates.  At  low  Cp  concentrations  the  GaN:InN  selectivity  was  less  than  1. 
A  maximum  selectivity  of  6.3:1  was  obtained  for  GaN:  AIN  in  a  pure  Cp  plasma. 

Another  method  of  changing  the  chemical-to-physical  component  of  the  etch  mechanism  is  to 
vary  the  energy  of  the  ions  which  bombard  the  substrate  surface.  In  Figure  5,  etch  rates  for  GaN, 
AIN,  and  InN  are  shown  as  a  function  of  cathode  rf-power  (which  corresponds  to  ion  energy). 
Plasma  etch  conditions  were  2  mTorr  pressure,  32  seem  Cp,  8  seem  BCp,  5  seem  Ar,  and  500  W 
ICP  source  power.  In  general,  etch  rates  for  all  3  films  increased  monotonically  as  cathode  rf- 
power  increased  due  to  more  efficient  breaking  of  III-N  bonds  and  sputter  desorption  of  the  etch 
products  at  higher  ion  energies.  The  decrease  in  etch  rate  for  GaN  at  350  W  cathode  rf-power 
may  be  due  to  sputter  desorption  of  reactant  species  from  the  surface  prior  to  reaction.  Faster 
InN  etch  rates  at  higher  ion  energies  were  attributed  to  efficient  sputter  desorption  of  the  InCp 


Figure  4.  GaN:A]N  and  GaN:InN  etch  selectivities  as  a  function  of  in  a  BCl3/Cl/Ar  ICP 
plasma.  Plasma  conditions  were:  2  mTorr  pressure,  ICP-source  power  500  W,  125  W  cathode  rf- 
power,  and  25 °C  cathode  temperature. 


Figure  5.  GaN,  InN,  and  AIN  etch  rates  as  a  function  of  cathode  rf~power  in  a  BClj/Cl/Ar  ICP 
plasma.  Plasma  conditions  were:  2  mTorr  pressure,  ICP-source  power  500  W,  32  seem  Cl^,  8 
seem  BClj,  and  25°C  cathode  temperature. 


etch  products  prior  to  passivation  of  the  etch  surface  by  the  non-volatile  InClj.'*  The  etch-rate 
dependence  on  dc-bias  did  not  correlate  well  with  Cl°  emission  intensity  which  was  somewhat 
scattered  over  the  conditions  studied.  However,  the  etch  rates  tracked  fairly  well  with  the  Cr 
emission  intensity.  Etch  rates  were  slightly  slower  than  our  earlier  results^*  due  to  differences  in 
the  chamber  conditions  as  well  as  slightly  lower  dc-biases  under  comparable  cathode  rf-power. 
The  GaNrInN  etch  selectivity  decreased  as  a  function  of  cathode  rf-power  (see  Figure  6)  due  to 
efficient  sputter  desorption  of  the  InClj  at  higher  ion  energies.  The  GaNiAlN  etch  selectivity 
remained  relatively  constant  at  approximately  3:1. 


Figure  6.  GaN:AlN  and  GaN:InN  etch  select! vities  as  a  function  of  cathode  rf-power  in  a 
BClj/Clj/Ar  ICP  plasma.  Plasma  conditions  were:  2  mTorr  pressure,  ICP-source  power  500  W, 
32  seem  CI2,  8  seem  BCI3,  and  25°C  cathode  temperature. 

By  varying  the  ICP  source  power,  the  chemical  (reactant  neutral  flux)  and  physical  (ion  flux) 
components  of  the  etch  mechanism  can  be  changed.  As  the  ion  flux  increases  so  does  the 
efficiency  of  III-N  bond  breaking  and  the  sputter  desorption  of  etch  products  from  the  surface.  In 
Figure  7,  GaN,  InN,  and  AIN  etch  rates  are  plotted  as  a  function  of  ICP  source  power.  The 
plasma  conditions  were  2  mTorr  pressure,  125  W  cathode  rf-power  with  corresponding  dc-bias 
ranging  from  -160  to  -300  V,  32  seem  Cl^,  and  8  seem  BCI3.  For  all  3  films  the  etch  rate 
initially  increased  up  to  500  W  ICP  source  power  and  then  stabilized  and  even  decreased  at 
higher  powers.  The  decrease  in  etch  rate  may  be  attributed  to  sputter  desorption  of  reactants 
from  the  surface  before  they  have  time  to  react  and/or  lower  dc-biases  (lower  ion  energies) 
observed  at  higher  ICP  power.  Once  again,  the  GaN  etch  results  were  significantly  slower  than 
those  obtained  in  our  earlier  studies.^®  Etch  rates  tracked  identically  with  the  Cf  (413  nm)  and 
the  Cl”  (837.5  nm)  emission  intensity  as  determined  by  OES  indicating  that  both  the  physical  and 


Figure  7.  GaN,  InN,  and  AIN  etch  rates  as  a  function  of  ICP  source  power  in  a  BClj/Cl/Ar 
plasma.  Plasma  conditions  were:  2  mTorr  pressure,  125  W  cathode  rf-power  with  corre.sponding 
dc-bias  ranging  from  -160  to  -300  V,  32  seem  Cf,  8  seem  BCI3,  and  25°C  cathode  temperature. 

chemical  components  of  the  etch  are  significant.  Additional  Cl"  emission  lines  increased  slightly 
with  ICP  source  power.  In  Figure  8,  GaN:AlN  etch  selectivity  remained  relatively  constant, 
whereas  the  GaNiInN  increased  slightly  with  ICP  power. 

AFM  was  used  to  quantify  the  etched  surface  morphology  as  rms  roughness  for  many  of  the 
plasma  conditions  reported  in  this  paper.  Rough  etch  morphology  often  indicates  a  non- 
stoichiometric  surface  due  to  preferential  removal  of  either  the  group-III  or  group-V  species. 
The  rms  roughness  for  the  as-grown  samples  were  1.00  nm  for  GaN,  5.98  nm  for  AIN,  and 
239.97  nm  for  InN.  For  GaN,  the  surface  morphology  remained  smooth,  (<  5. 1  nm)  as  a  function 
of  %Cl2,  ICP  source  power,  and  cathode  rf-power  implying  stoichiometric  etching.  RMS 
roughness  for  GaN,  InN,  and  AIN  is  plotted  as  a  function  of  %Cl2  concentration  in  Figure  9.  The 
largest  GaN  rms  roughness  was  obtained  in  pure  BCl^  where  the  physical  component  of  the  etch 
was  greatest  due  to  higher  mass  ions  and  then  remained  relatively  constant  at  <  1.7  nm  as  Cl^  was 
added  to  the  plasma.  The  InN  rms  was  normalized  to  the  as-grown  rms  and  scanned  over  a  40  x 
40  pm  area  (as  compared  to  10  x  10  pm  for  GaN  and  AIN)  due  to  the  as-grown  sample’s  rough 
surfaces.  The  InN  surface  remained  relatively  smooth  as  a  function  of  plasma  gas  ratio  again 
implying  stoichiometric  etching.  However,  the  AIN  rms  roughness  increased  to  a  maximum  of 
34.2  nm  at  50%  Cl^  and  then  smoothed  out  as  the  Cl^  concentration  increased.  This  trend  may  be 
attributed  to  the  high  bonding  energy  for  AIN  and  demonstrates  the  need  to  balance  the 
chemical-to-physical  ratio  of  the  etch  mechanism. 


ICP  power  (W) 


Figure  8.  GaNiAlN  and  GaNiInN  etch  selectivities  as  a  function  of  ICP  source  power  in  a 
BCyCI/Ar  plasma.  Plasma  conditions  were:  2  mTorr  pressure,  125  W  cathode  rf-power  with 
corresponding  dc-bias  ranging  from  -160  to  -300  V,  32  seem  Cy  8  seem  BClj,  and  25°C 
cathode  temperature. 
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Figure  9.  GaN,  AIN,  and  normalized  InN  rms  roughness  as  a  function  of  %C\^.  ICP  etch 
conditions  were  32  seem  CI2,  8  seem  BCI3,  5  seem  Ar,  500  W  ICP  source  power,  and  2  mTorr 
pressure. 


In  general,  etch  profiles  ranged  from  highly  anisotropic  and  smooth  to  undercut  and  rough 
dependent  upon  the  plasma  etch  conditions.  For  example,  in  Figure  10,  SEM  micrographs  are 
shown  for  GaN  samples  etched  at  a)  -50,  b)  -150,  and  c)  -300  V  dc-bias  under  the  following 
conditions;  32  seem  Cl^,  8  seem  BCl^,  5  seem  Ar,  500  W  ICP  source  power,  and  2  mTorr 
pressure.  The  etch  anisotropy  improved  as  the  dc-bias  increased  from  -50  to  -150  V  dc-bias  due 
to  the  perpendicular  nature  of  the  ion  bombardment  energies.  However,  at  -300  V  dc-bias  a 
tiered  etch  profile  with  vertical  striations  in  the  sidewall  was  observed  due  to  erosion  of  the 
mask-edge  under  high  ion  bombardment  energies.  GaN  etch  profiles  declined  as  either  the  ion 
energy  or  plasma  flux  increased.  This  was  attributed  to  breakdown  of  the  mask  edge.  For  InN 
and  AIN  the  range  of  plasma  conditions  yielding  anisotropic  smooth  etching  was  much  less  than 
GaN.  This  trend  may  be  attributed  to  GaN  being  more  reactive  in  Cl-based  plasmas,  higher 
quality  of  as-grown  material,  low  volatility  of  the  InN  etch  products,  or  the  higher  bonding 
energy  of  AIN. 


(a)  (b)  (c) 

Figure  10.  SEM  micrographs  for  GaN  etched  at  a)  -50,  b)  -150,  and  c)  -300  V  dc-bias.  ICP  etch 
conditions  were  32  seem  Cl^,  8  seem  BCl,,  5  seem  Ar,  500  W  ICP  power,  and  2  mTorr  pressure. 

CONCLUSIONS 

In  summary,  the  BCl^/Cl^  plasma  chemistry  appears  to  provide  a  very  versatile  etch  process 
for  the  group-III  nitrides.  However,  the  etch  selectivity  for  GaN:AlN  and  GaN:InN  is  typically 
low  <7:1  as  a  function  of  %C1^  in  a  CI2/BCI3  plasma,  ICP  source  power,  and  cathode  rf-power. 
Selectivity  seemed  to  improve  as  the  concentration  of  reactive  Cl  increased  due  to  the  strong 
dependence  of  the  GaN  etch  rate  on  the  neutral  and  ion  Cl  flux  which  had  very  little  effect  on 
AIN  and  InN.  Etch  selectivity  for  the  group-III  nitrides  was  much  less  dependent  on  ion-to- 
neutral  flux  and  ion  energy.  A  wide  range  of  plasma  conditions  were  observed  which  yielded 
highly  anisotropic  etch  profiles  with  smooth  etch  morphologies  for  GaN  with  a  more  limited 
range  for  InN  and  AIN. 
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ABSTRACT 

Fabricating  device  structures  from  the  ni-N  wide  bandgap  semiconductors  requires 
anisotropoic  dry  etching  processes  that  leave  smooth  surfaces  with  stoichiometric  composition 
after  transferring  high-resolution  patterns  with  vertical  sidewalls.  The  purpose  of  this  article  is  to 
describe  results  obtained  by  a  new  low-damage  dry  etching  technique  that  provides  an  alternative 
to  the  standard  ion-enhanced  dry  etching  methods  in  meeting  these  demands  for  processing  the 
ni-N  materials. 

INTRODUCTION 

The  Group  DI  nitride  wide  bandgap  semiconductors  hold  the  potential  for  important 
technological  innovations  in  optoelectronics  and  in  high  power,  high  frequency 
microelectronics.'  ^  ^  Blue  and  green  Light  Emitting  Diodes  (LEDs)  are  available,''  ^  and  blue 
Laser  Diodes  have  been  reported.^  Moreover,  transistors  fabricated  from  the  m-N  materials 
operate  at  much  higher  temperatures  and  under  more  adverse  conditions  than  similar  devices 
based  on  more  familiar  materials,  because  of  the  combination  of  wide  bandgap,  strong  chemical 
bonds,  and  relative  chemical  inertness.^  These  same  properties  of  high  chemical  bond 
energies  and  relative  chemical  inertness  lead  to  difficulties  in  processing  the  III-N  materials  by 
standard  lithographic  and  etching  processes.^  Since  only  very  limited  wet  etching  reactions  have 
been  identified  for  these  materials,^  fabrication  of  even  large  structures  requires  dry  etching. 
Reactive  Ion  Etching  (RIE)  gives  very  slow  rates  and  requires  unusually  high  ion  energies;  the 
results  are  ion  bombardment  damage,  modified  stoichiometry  in  surface  and  near-surface 
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regions,  and  a  tendency  toward  the  overcut  etch  profiles  and  trenching  effects  familiar  in  ion- 
dominated  dry  etching  processes.  High-density  Electron  Cyclotron  Resonance  (ECR) 

microwave  plasmas  at  modest  power,  sometimes  accompanied  by  heating  the  sample  to  200°C, 
produce  acceptable  etch  rates;  however,  further  increase  of  plasma  power  and  rf  bias  on  the 
sample  to  increase  etch  rate  again  creates  ion-induced  damage,  alters  stoichiometry,  and 
roughens  the  surface.’^  Depending  on  plasma  power  and  rf  bias,  ECR  etching  of  GaN 
produces  RMS  surface  roughness  from  4  nm  to  85  nm.‘®  Chemically  Assisted  Ion  Beam  Etching 
(CAIBE),  in  which  Ar"^  ion  beams  at  500  eV  are  directed  to  the  etching  surface  through  a 
background  pressure  of  reactive  gases,  has  produced  vertical  profiles  on  features  2.0  pm  wide 
(but  not  on  sub-micrometer  features),  but  with  N  depletion  at  the  etched  surfaces.’^  Two 

recent  comprehensive  reviews  summarize  results  achieved  for  the  III-N  materials  with  these 
standard  ion-enhanced  dry  etching  techniques  and  provide  references  to  numerous  specific 
studies.^^ 

The  difficulties  faced  by  the  ion-enhanced  dry  etching  techniques  trace  largely  to  the  need 
for  energetic  ions  to  overcome  the  strong  chemical  bond  energies  in  the  III-N  materials. 
Alternative  dry  etching  techniques  that  avoid  energetic  ions  must  then  be  considered,  especially 
to  achieve  surface  smoothness  and  selectivity  between  different  ni-N  films. 

A  very  attractive  alternative  is  the  new,  low-damage  dry  etching  technique  called  Low 
Energy  Electron  Enhanced  Etching  (LE4)  in  which  electrons  at  energies  1-15  eV  and  reactive 
species  at  thermal  velocities  arrive  at  the  surface.  These  electrons  impart  negligible  momentum 
to  the  etching  surface,  and  thereby  avoid  the  ion  bombardment  damage  intrinsic  to  RIE,  ECR, 
and  CAIBE,  while  “enhancing”  the  etch  chemistry  to  give  anisotropic  pattern  transfer.  In  earlier 
work,  we  demonstrated  LE4  of  Si(100)^‘’  and  GaAs(lOO)^^  in  a  DC  hydrogen  or 
hydrogen/chlorine  plasma  with  good  anisotropy,  high  selectivity  relative  to  the  masking 
materials,  and  very  smooth  surfaces;  the  etch  rate  ranged  from  20  nm  min  '  to  5  pm  min  ' 
depending  on  the  reactive  gas  composition  and  temperature. 

The  first  studies  of  LE4  on  GaN  demonstrated  anisotropic  pattern  transfer,  smooth 

surfaces,  and  stoichiometric  surfaces  for  1.0  pm  thick  films  of  GaN  on  Si(l(X))  substrates,  and 

for  2.0  pm  thick  films  of  GaN(OOOl)  deposited  on  a(6H)-SiC(0001)  with  a  buffer  layer  of 
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AlN(OOOl)  between  film  and  substrate.  Results  reported  here  illustrate  the  capability  of  LE4  to 
produce  anisotropic  etching  and  smooth  surfaces  in  samples  with  stacked  interfaces. 


EXPERIMENTAL  METHODS 

LE4  was  conceived  as  a  damage-free  alternative  to  RIE  and  ECR  for  fabricating 
nanostructures  in  Si  and  compound  semiconductors.  The  feasibility  of  LE4  was  first 
demonstrated  in  UHV  surface  science  type  experiments  with  a  beam  of  molecular  hydrogen  and 
a  beam  of  low  energy  electrons  simultaneously  incident  on  an  atomically  clean,  non-masked 
sample,  with  in  situ  mass  spectrometry  and  surface  spectroscopy.^^  Recently  LE4  has  been  used 
to  transfer  a  hexagonal  array  of  18-nm  holes  on  a  22-nm  lattice  constant  from  a  biologically 
derived  pattern  into  Si(lOO).  High  resolution  cross-sectional  transmission  electron 
microscopy  showed  Si  lattice  fringes  at  the  perimeter  of  the  etched  holes.  TEM  images  of 
identical  samples  intentionally  briefly  ion  bombarded  with  2  keV  Ar  ions  before  LE4  showed  an 
amorphous  damaged  layer  surrounding  the  perimeter  of  the  etched  holes.  These  experiments 
together  demonstrate  that  LE4  does  not  inflict  lattice  displacement  damage  on  the  substrate.  For 
device  applications,  as  described  here,  LE4  is  carried  out  by  placing  the  sample  on  the 
(grounded)  anode  of  a  DC  glow  discharge.  Temperature  of  the  sample  is  controlled  by  and 
measured  at  the  sample  stage.  The  apparatus  is  described  in  moderate  detail  in  References  25 
and  26.  Typical  process  pressures  were  2  -  10  Pa;  pure  chlorine,  pure  hydrogen,  or  mixtures  of 
chlorine  and  hydrogen  were  studied,  at  flow  rates  of  10  -  30  seem..  GaN  samples  were  masked 
by  deposition  of  a  200  nm  Si02  film  [by  plasma  enhanced  chemical  vapor  deposition  (PECVD)]. 
Patterns  were  defined  in  the  oxide  mask  layer  by  standard  photolithography  techniques  followed 
by  either  wet  etching  or  RIE  through  the  oxide  layer. 

RESULTS 
Etch  Profile. 

Figure  1  shows  an  SEM  image  of  the  edges  of  lines  2  pm  wide  on  a  2.5  pm  thick  single 
crystal  GaN(OOOl)  sample  patterned  by  RIE  of  the  oxide  layer,  and  etched  at  6.6  Pa  pure  chlorine 
and  150  mA  cm'^  discharge  current.  The  result  is  highly  anisotropic  etching,  as  evidenced  by 
straight  side  walls,  no  overcut,  no  trenching,  and  no  “pedestal”  at  the  base  of  the  line.  The  etched 
open  field  areas  between  lines  appears  quite  smooth  in  the  SEM  image.  The  samples  patterned 
by  photolithography  and  wet  etching  of  the  oxide  layer  showed  mask  undercutting  during  wet 
etching,  which  led  to  mask  edge  erosion  and  mask  edge  roughness.  These  imperfections  in  the 
mask  were  faithfully  transferred  to  the  sample  during  LE4,  and  did  not  show  anisotropy 
comparable  to  that  in  Figure  1. 


Fig.l.  Anisotropic  etching  of  GaN  film  with  Si02  mask  patterned  by  RIE.  The  sample  was 
etched  in  6.6  Pa  of  chlorine  for  20  minutes  at  a  current  density  of  150  mA/cm^.  (Ref.28) 

Surface  Morphology. 

AFM  of  this  sample  before  etching  showed  RMS  surface  roughness  was  8.5  -  10  A.  After 
LE4,  RMS  surface  roughness  is  2.5  A,  and  the  difference  between  highest  and  lowest  features  is 
2.2  nm.  Nearly  identical  images  were  obtained  at  several  locations  on  the  etched  surface.  By 
comparison,  ECR  etching  of  GaN  produces  RMS  surface  roughness  from  4  nm  to  85  nm, 
depending  on  plasma  power  and  rf  bias.^’ 

It  is  significant  that  LE4  smoothened  the  surfaces  of  the  as-grown  GaN  material  in  these 
experiments.  Similar  experimental  conditions  in  our  earlier  LE4  studies  of  Si(lOO)  and 
GaAs(lOO)  cited  above  produced  measured  RMS  surface  roughness  of  2  -  3  A  after  LE4,  nearly 
identical  to  the  values  measured  on  the  polished  wafers  from  which  the  samples  were  cut.  Under 
these  intermediate  conditions  of  pressure  and  current  density,  LE4  can  accomplish  surface 
polishing  as  well  as  etching.  This  re.sult  is  not  seen  in  ion  enhanced  etching,  which  roughens 
surfaces  during  etching.  The  mechani.sm  of  the  smoothening  process  remains  to  be  explained. 


Figure  2  shows  results  of  etching  such  a  sample  to  a  depth  of  2.75  pm.  In  this  case  the 
etch  passed  completely  through  the  GaN  layer  and  the  AIN  buffer  layer,  exposing  the  SiC 
substrate.  It  is  notable  that  LE4  produced  reasonably  anisotropic  (clearly  limited  by  the  mask) 
and  clean  sidewalls  and  a  very  smooth  etched  surface  while  passing  through  three  such  disparate 
materials  separated  by  two  very  challenging  interfaces.  This  result  suggests  that  LE4  processes 
can  be  designed  to  produce  vertical,  smooth,  and  damage-free  sidewalls  for  edge-emitting 
complex  multi-layer  structures  such  as  LEDs  or  laser  diodes  in  which  the  active  layer  is  a  multi¬ 
quantum  well  structure. 


Fig.2  Deep  etching  of  GaN  film  with  Si02  mask  defined  by  photolithography  and  wet  etching. 
The  sample  was  etched  in  6.6  Pa  of  chlorine,  with  current  density  of  150  ma/cm^. 

Surface  Composition. 

Using  the  GaN/Si(100)  samples  grown  by  MOMBE  in  LE4  with  pure  hydrogen  plasma, 
we  qualitatively  evaluated  the  effects  of  different  LE4  conditions  on  surface  composition  by 
Auger  electron  spectroscopy.  The  lack  of  reliable  GaN  standards  for  comparison  precludes 
rigorous  quantitative  Auger  analysis,  and  roughness  of  the  samples  makes  questionable  any  semi- 
quantitative  analyses  based  on  tabulated  Auger  sensitivity  factors.  Thus  our  qualitative  estimates 
of  surface  composition  were  obtained  by  comparing  the  relative  intensities  of  the  gallium 


L3M45M45  line  at  1068  eV  and  the  nitrogen  KL23L23  line  at  384  eV  measured  on  samples  before 
and  after  etching.  Within  the  limits  of  this  comparison  method,  the  stoichiometry  of  etched 
surfaces  is  essentially  the  same  as  for  unetched  samples.  In  other  studies,  this  simple  qualitative 
comparison  method  has  shown  that  ion-enhanced  etching  processes  deplete  N  relative  to  Ga  at 
the  surface.^^ 

Etch  Rate. 

We  observed  a  strong  temperature  dependence  of  the  GaN/Si(100)  etching  rate  in 
hydrogen  plasma,  ranging  from  70  A/min  at  50°C  to  525  A/min  at  250°C;  details  are  presented 
in  Reference  27.  The  Arrhenius  plot  is  fit  by  a  single  straight  line  with  activation  energy  of  160 
meV.  Temperature  dependence  of  the  etch  rate  for  III-V  compounds  usually  gives  Arrhenius 
plots  with  double  slopes  when  both  group  HI  and  group  V  elements  are  solids  at  the  process 
temperature,  signifying  the  need  for  two  independent  reactions  to  volatilize  the  III  and  V  atoms. 
At  present,  we  do  not  know  the  chemical  identity  of  the  actual  etch  products  in  the  LE4  of  GaN. 
But  since  the  temperature  dependence  appears  to  determine  the  activation  energy  for  a  single 
chemical  reaction,  and  since  nitrogen  does  not  need  to  form  a  compound  to  become  volatile,  we 
speculate  that  the  products  are  GaH3  or  GaCl3and  N2. 

All  GaN(0001)/SiC  samples  in  the  present  study  were  etched  in  pure  chlorine  plasma  at 
room  temperature  at  moderate  etch  rates  of  50  -  70  nm  min  '  in  order  to  ensure  controllable  etch 
results  on  the  thin  film  materials.  Nonetheless,  the  LE4  apparatus  allows  the  plasma  current 
density  to  be  increased  by  an  order  of  magnitude.  Besides  this,  according  to  our  previous 
experiments  on  GaAs,  anisotropic  etching  is  maintained  up  to  30  Pa  of  the  process  pressure  while 
the  etch  rate  increases  substantially  at  higher  pressures  due  to  the  greater  density  of  the  reactive 
species.  According  to  our  estimates,  it  is  therefore  possible  to  achieve  LE4  rates  exceeding  150 
nm  min''  at  room  temperature  while  maintaining  good  etch  results  such  as  anisotropy,  surface 
morphology  and  stoichiometry.  Preliminary  results  indicate  that  the  rate  increases  substantially 
with  temperature.  Quantitative  studies  and  process  optimization  have  yet  to  be  carried  out. 
SUMMARY  AND  DISCUSSION 

The  results  obtained  to  date  indicate  that,  within  the  moderate  ranges  of  gas  pressure  and 
current  density  used  here,  LE4  of  GaN  samples  is  intrinsically  anisotropic,  with  the  quality  of 
etched  profiles  determined  primarily  by  the  quality  of  the  Si02  mask  material  and  sharpness  of 
the  mask  edges.  In  all  our  studies  of  LE4  on  Si,  GaAs,  and  GaN  samples,  we  have  never 
observed  trenching  effects  or  overcut  profiles,  which  are  associated  with  ion-induced  degradation 


of  the  mask  in  ion-enhanced  etching  processes.  This  excellent  result  is  inherently  characteristic 
of  LE4,  since  LE4  was  developed  specifically  to  achieve  anisotropic  etching  without  ion 
bombardment,  in  order  to  eliminate  ion  bombardment  damage  to  both  mask  and  substrate  during 
etching. 

Excellent  anisotropy  has  been  achieved  at  the  same  time  as  acceptable  rate,  and  with  no 
etch-induced  surface  roughening  or  degradation  of  surface  stochiometry.  The  vertical,  smooth, 
damage-free  sidewalls  should  serve  as  excellent  laser  cavity  mirrors,  and  the  smooth, 
stoichiometric  etched  surfaces  are  well  suited  for  ohmic  contacts. 

However,  several  questions  remain  to  be  studied.  It  is  necessary  to  extend  these  results 
systematically  to  a  wider  variety  of  ni-N  materials  (including  alloys  and  heterostructures)  grown 
on  different  substrates.  Etch  rate,  surface  roughness,  etch  profile,  and  surface  composition  must 
be  explored  over  broad  ranges  of  process  chemistry  and  temperature.  Since  LE4  presumably 
proceeds  via  material-specific  energy  thresholds  for  electron  energy  transfer  instead  of  the 
indiscriminate  momentum  transfer  of  ion-surface  collisions,  LE4  processes  that  are  highly 
selective  between  materials  can  be  designed.  This  will  require  careful  consideration  of 
temperature  to  guarantee  that  the  necessary  reactants  can  be  adsorbed  and  the  resulting  products 
removed  while  the  electron  energy  is  in  the  appropriate  range  for  a  particular  material. 
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ABSTRACT 

High  quality  Ga-face  and  N-face  AlGaN/GaN  based  heterostructures  have  been  grown  by  plasma 
induced  molecular  beam  epitaxy.  By  using  Ga-face  material  we  are  able  to  fabricate  conventional 
heterojunction  field  effect  transistors.  Because  the  N-face  material  confines  electrons  at  a 
different  heterojunction,  the  resulting  transistors  are  called  inverted.  The  Ga-face  structures  use  a 
high  temperature  AIN  nucleation  layer  to  establish  the  polarity.  Structures  from  these  materials, 
relying  only  on  polarization  induced  interface  charge  effects  to  create  the  two-dimensional 
electron  gases,  are  used  to  confirm  the  polarity  of  the  material  as  well  as  test  the  electrical 
properties  of  the  layers.  The  resulting  sheet  concentrations  of  the  two  dimensional  electron  gases 
agree  very  well  with  the  piezoelectric  theory  for  this  materials  system.  Hall  mobilities  of  the 
two-dimensional  gases  for  the  N-face  structures  are  as  high  as  1150  cmWs  and  3440  cmWs  for 
300  K  and  77  K  respectively,  while  the  Ga-face  structures  yield  room  temperature  mobilities  of 
1190  cmWs.  Both  structures  were  then  fabricated  into  transistors  and  characterized.  The 
inverted  transistors,  which  were  fabricated  from  the  N-face  material,  yielded  a  maximum 
transconductance  of  130  mS/mm  and  a  current  density  of  905  mA/mm.  Microwave 
measurements  gave  an  ft  of  7  GHz  and  an  f^ax  of  12  GHz  for  a  gate  length  of  1  pm.  The  normal 
transistors,  fabricated  from  the  Ga-face  material,  produced  a  maximum  transconductance  of 
247  mS/mm  and  a  eurrent  density  of  938  mA/mm.  Microwave  measurements  gave  an  ft  of 
50  GHz  and  an  f^ax  of  97  GHz  for  a  gate  length  of  0.25  pm.  This  shows  that  using  plasma 
induced  molecular  beam  epitaxy  N-face  and  Ga(Al)-face  AlGaN/GaN  heterostructures  can  be 
grown  with  structural  and  electrical  properties  very  suitable  for  high  power  field  effect 
transistors. 

INTRODUCTION 

The  polarity  of  group  Ill-nitrides  is  a  subject  that  has  seen  much  research  recently.'  The 
fact  that  the  material  has  wurtzite  crystal  symmetry  means  that  there  exists  a  polarity  in  the 
growth  direction,  yielding  either  Ga-face  (0001)  or  N-face  (0001)  material.  This  polarity  issue 
has  several  important  consequences,  some  of  which  are  the  differing  materials  properties  of  the 
different  polarities  as  well  as  how  the  different  polarities  can  be  achieved  fi'om  a  growth  point  of 
view.  The  polarity  also  determines  the  orientation  of  the  spontaneous  and  piezoelectric 

G  8.4 

Mat  Res.  Soc.  Symp.  Proc.  Vol.  537  ©  1999  Materials  Research  Society 


polarization  inside  the  material,  which  has  drastic  effects  on  device  design.  The  devices  under 
study  are  piezoelectric  HFETs  grown  by  Plasma  Induced  Molecular  Beam  Epitaxy  (PIMBE). 
The  transistor  structures  are  intentionally  undoped  and  therefore  rely  on  polarization  induced 
interface  charge  effects  to  create  a  two-dimensional  electron  gas  (2DEG).  Depending  on  the 
polarity  of  the  material  grown,  the  2DEG  will  be  confined  at  different  interfaces.  Thus  by 
determining  at  which  interface  the  electrons  are  confined,  it  is  possible  to  probe  the  polarity  of 
the  layers  grown.  These  structures  are  also  useful  for  comparing  the  electrical  quality  of  the 
different  polarities.  We  will  show  that  high  quality  N-face  epitaxial  layers  can  be  deposited  that 
are  suitable  for  inverted  transistors  which  can  be  used  in  high  frequency  applications.  We  will 
further  show  that  PIMBE  Ga-face  HFETs  can  achieve  state-of-the-art  frequency  response  as 
well  as  excellent  DC  results. 

EXPERIMENTAL  DETAILS 

The  structures  in  this  study  consist  of  GaN/AlGaN/GaN  heterostructures  deposited  by 
PIMBE.  Two  separate  MBE  machines  were  used  to  obtain  this  material.  The  N-face  material, 
which  was  used  to  achieve  the  inverted  HFETs,  was  deposited  in  a  Tectra  MBE,  which  uses 
conventional  effusion  cells  for  the  Group  Ills.  This  system  is  equipped  with  an  Oxford  Applied 
Research  CARS  25  RF  plasma  source.  A  more  detailed  description  of  the  machine  and  the 
typical  growth  conditions  can  be  found  in  Reference  2.  The  transistor  structure  using  the  N-face 
material  is  unintentionally  n-type,  therefore  a  2.5  pm  Mg  doped  buffer  layer  is  employed.  By 
using  this  compensation  technique,  a  background  doping  concentration  in  the  lO'^  cm'^  range  is 
achievable  as  measured  by  capacitance  voltage  profiling  and  Hall  measurements.  A  60  nm 
A1.28Ga  72N  layer  is  then  deposited,  followed  by  a  30  nm  GaN  top  layer. 

The  Ga-faced  layers  used  for  conventional  HFETs  in  this  research  were  deposited  in  a 
turbo-pumped  Varian  Genii  MBE  which  also  uses  conventional  effusion  cells  for  Ga  and  Al. 
The  nitrogen  radicals  for  this  machine  are  supplied  via  an  EPI  Uni-Bulb  RF  plasma  source.  A 
more  detailed  description  of  the  machine  and  the  typical  growth  conditions  can  be  found  in 
Reference  3.  The  Ga-face  device  consists  of  a  nominally  7  nm  AIN  nucleation  layer,  followed  by 
a  1.2  pm  GaN  buffer  layer.  Unlike  the  aforementioned  structure,  this  buffer  layer  has  a 
background  doping  concentration  in  the  lO’^  cm'^  range,  so  no  compensation  is  needed.  This 
buffer  layer  is  followed  by  a  20  nm  AbGa.sN  layer  and  a  2  nm  GaN  cap  layer.  It  should  be 
noted  that  the  only  way  Ga-face  material  was  achievable  was  through  the  use  of  the  AIN 
nucleation  layer. 

Capacitance  voltage  profiling  is  used  to  probe  the  free  carrier  profiles  of  the 
materials  grown.  This  profiling  was  done  using  an  HP  4275A  multi-frequency  LCR  meter  and  a 
standard  mercury  probe.  The  normal  biasing  range  is  from  0.4  to  —10.0  V  with  200  steps  and  a 
small  signal  frequency  of  10  kHz  is  used. 

THEORY 

The  group  Ill-nitrides  commonly  occur  in  the  wurtzite  crystal  structure  and  lack 
inversion  symmetry  along  the  c-axis.  This  asymmetry  allows  for  the  possibility  of  a  built-in 
spontaneous  polarization  directed  along  the  c-axis.  Calculations  have  shown  that  the  group 
Ill-nitrides  have  a  strong  spontaneous  polarization.'^  In  the  case  of  GaN,  the  direction  of 


polarization  points  from  the  N  atom  to  the  Ga  atom  along  the  c-axis  bond.  As  shown  in  Figure  1, 
N-faced  material  corresponds  to  N  in  the  upper  position  of  the  (0001)  bi-layer  and  the  direction 
of  the  spontaneous  polarization  points  toward  the  surface,  opposite  the  (0001)  direction.  In  the 
case  of  Ga-faced  material,  Ga  occupies  the  top  position  of  the  (0001)  bi-layer.  In  this  case,  the 
spontaneous  polarization  points  toward  the  substrate.  Strain  perpendicular  to  the  c-axis  deforms 
the  crystal  and  modifies  the  polarization.  This  is  the  piezoelectric  effect.  Details  of  the 
calculation  of  the  piezoelectric  polarization  and  induced  sheet  charges  can  be  found  in 
Reference  5.  To  determine  the  total  polarization  of  a  given  epi-layer  the  spontaneous 
polarization  of  the  relaxed  material  is  added  to  the  change  in  polarization  due  to  the  strain.  A 
more  complete  treatment  of  our  calculations  including  the  spontaneous  polarization  will  be  found 
in  Reference  6. 

N-face  Ga-face 


the  placement  of  the  Ga  and  N  atoms. 


The  polarity  of  the  device  structure,  N-face  or  Ga-face,  determines  where  a  2DEG  will 
form.  As  can  be  seen  in  Figure  2,  the  total  polarization  (P)  in  the  AlGaN  is  flipped  for  the  case 
of  differing  material  polarity.  The  spontaneous  polarization  of  the  relaxed  GaN  layers  points  in 
the  same  direction  as  the  AlGaN  layer,  but  is  weaker.  The  large  change  in  polarization  from  one 
material  to  the  other  creates  a  positive  bound  charge  Paigen  -  Pgen)  at  one  of  the  interfaces. 
This  charge  creates  a  strong  electric  field  at  the  interface  that  confines  electrons  and  a  2DEG  will 
form.  For  the  case  of  the  Ga-faced  material,  one  expects  the  positive  bound  charge  and  the  2DEG 
to  be  located  at  the  lower  AlGaN/GaN  interface.  This  is  the  conventional  HFET  structure  and  is 
referred  to  as  a  "normal"  structure.  In  contrast,  the  N-face  material  will  confine  the  2DEG  at  the 
upper  GaN/AlGaN  interface,  and  is  referred  to  as  an  "inverted"  structure.  Since  the  location  of 
the  2DEG  can  be  determined  through  the  capacitance-voltage  profiling  technique,  the  polarity  of 
the  material  can  be  determined. 


RESULTS  AND  DISCUSSION 


While  two  separate  machines  were  used  to  obtain  the  different  materials,  it  should  be 
noted  that  both  machines  were  able  to  obtain  N-face  material  without  the  use  of  the  AIN 
nucleation  layer.  The  superior  quality  of  the  N-face  material  obtained  from  the  Tectra  MBE  was 
more  suitable  for  devices  however.  It  should  also  be  noted  that  recent  growths  from  the  Tectra 
MBE  confirm  the  ability  of  the  AIN  nucleation  layer  to  switch  the  polarity  of  the  films 


deposited,  and  similar  material  properties  were  measured  on  Ga-face  material  from  both 
machines. 

The  first  structure  to  be  studied  was  the  inverted  HFET.  The  measured  Hall  mobility  for 
this  device  was  1 150  cmVVs  at  300  K  and  3440  cmVVs  at  77  K  with  a  constant  sheet  density  of 
6.0  X  lO'^  cm'^.  The  existence  and  position  of  the  2DEG  was  verified  using  capacitance  voltage 
profiling.  As  can  be  seen  in  Figure  3,  the  position  of  the  2DEG  is  at  the  upper  heterointerface, 
which  agrees  with  the  piezoelectric  theory  for  N-face  material.  Inverted  HFETs  were  then 
fabricated  from  this  layer  structure  and  tested.  DC  measurements  on  devices  with  a  gate  length 
of  1.0  |im  and  a  gate  width  of  40  pm  yielded  a  maximum  transconductance  of  130  mS/mm  and  a 
peak  current  density  of  905  mA/mm.  Frequency  tests  were  then  performed  on  the  devices,  from 
which  an  ft  of  7  GHz  and  an  f^a^  of  12  GHz  were  obtained. 
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Figure  2.  Schematic  layer  structure  for  GaN/AlGaN/GaN  heterostructures  showing  both  the  total 
polarization  (P)  in  the  AlGaN  layer  and  the  interfaces  at  which  the  2DEG  will  be  confined.  The 
N-face  yields  a  2DEG  at  the  upper  interface  and  hence  is  called  an  inverted  structure,  while  the 
Ga-face  confines  carriers  at  the  bottom  interface  and  is  called  a  normal  structure. 

The  Ga-face  material  under  study  gave  a  Hall  mobility  of  1 190  cmWs  at  300  K,  with  a  sheet 
density  of  1.0  x  lO’-^  cm'l  Results  of  capacitance  voltage  profiling  of  this  structure  are  shown  in 
Figure  4.  This  data  proves  the  existence  and  position  of  a  2DEG,  only  this  time  the  confinement 
is  at  the  lower  heterointerface,  which  agrees  with  the  piezoelectric  theory  for  Ga-face  material. 
Conventional  HFETs  were  then  fabricated  from  this  material  and  tested,  the  results  appear  in 
Figure  5.  DC  measurements  on  devices  with  a  gate  length  of  0.25  pm  and  a  gate  width  of  100  pm 
yielded  a  maximum  transconductance  of  247  mS/mm  and  a  peak  current  density  of  938  mA/mm. 
With  a  -6  V  bias  applied  to  the  gate  contact,  breakdown  voltages  as  high  as  60  V  from  source  to 
drain  were  attained.  Microwave  measurements  were  then  performed  on  the  devices,  from  which 
an  ft  of  50  GHz  and  an  of  97  GHz  were  obtained,  as  shown  in  Figure  5,  however  values  of  ft 
as  high  as  60  GHz  were  measured  for  the  devices  with  slightly  smaller  gate  lengths. 
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Figure  3.  Capacitance  voltage  profile  for  the  inverted  HFET.  The  graphs  clearly  show  a  2DEG 
that  is  confined  at  the  upper  interface.  This  agrees  perfectly  with  the  piezoelectric  theory  for  N- 
face  material. 


Figure  4.  Capacitance  voltage  profile  for  the  normal  HFET.  The  graphs  clearly  show  a  2DEG 
that  is  confined  at  the  lower  interface.  This  agrees  perfectly  with  the  piezoelectric  theory  for  Ga- 
face  material. 

CONCLUSION 

Several  important  issues  have  been  covered  in  this  research.  Firstly,  it  has  been  shown 
that  capacitance  voltage  profiling  can  be  used  as  a  tool  to  determine  the  polarity  of  the  GaN 
material  in  question  by  determining  at  which  interface  the  2DEG  is  confined.  Secondly,  it  has 
been  shown  that  piezoelectric  HFETs  are  possible  in  both  polarities  of  (Al)GaN  material.  Both 
the  N-face  and  Ga-face  material  appear  to  have  a  single  polarity  across  the  entire  wafer  and  no 
evidence  of  inversion  domain  boundaries  is  seen  by  Hall  measurements,  C-V  profiling,  or  device 
testing.  While  the  N-faee  material  in  this  study  is  of  excellent  electrical  quality,  it  is  possible  to 
attain  Ga-face  material  with  PIMBE  by  utilizing  an  AIN  nucleation  layer.  This  Ga-face  material 


can  be  used  to  create  state-of-the-art  HFETs  with  frequency  response  that  is  comparable  to  the 
best  attainable  in  (Al)GaN  by  MOCVD.’ 
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Figure  5.  Results  from  DC  and  microwave  measurements  on  a  normal  HFET  with  a  gate  length 
of  0.25  pm  and  a  gate  width  of  100  pm.  For  the  DC  curves,  the  gate  bias  starts  at  +  1.0  V  and 
drops  by  1 .0  V  for  each  increment. 


ACKNOWLEDGEMENTS 


Dr.  Ambacher  would  like  to  thank  the  Alexander  von  Humboldt  Stiftung  for  a  Feodor 
Lynen  fellowship.  The  work  done  at  Cornell  University  is  supported  by  the  Office  of  Naval 
Research  under  Contracts  No.  N00014-96-1-1223  and  NOOO 14-95- 1-0926  under  the  direction  of 
Dr.  John  Zolper.  The  work  done  at  the  Walter  Schottky  Institute  was  funded  by  the  Deutsche 
Forschungsgemeinschaft  (Stu  1 39/2). 

REFERENCES 

’E.  S.  Heilman,  MRS  Internet  J.  Nitride  Semicond.  Res.  3,  1 1  (1998). 

^R.  Dimitrov,  L.  Wittmer,  H.  P.  Felsl,  A.  Mitchell,  O.  Ambacher  and  M.  Stutzmann,  phys.  stat. 
sol.  168,  R7(1998). 

^M.  J.  Murphy,  K.  Chu,  T.  J.  Eustis,  J.  Smart,  H.  Wu,  W.  Yeo,  W.  J.  Schaff,  O.  Ambacher,  J.  R. 
Shealy  and  L.  F.  Eastman,  “MBE  growth  of  normal  and  inverted  two-dimensional  electron  gases 
in  AlGaN/GaN  based  heterostructures,”  in  print  J.  Vac.  Sci.  Tech.  B. 

'^F.  Bernardini,  V.  Fiorentini,  and  D.  Vanderbilt,  Phys.  Rev.  B  56,  16  (1997). 

^P.  M.  Asbeck,  E.  T.  Yu,  S.  S.  Lau,  G.  J.  Sullivan,  J.  Van  Hove,  and  J.  Redwing,  Elec.  Lett.  33, 
1230(1997). 

^O.  Ambacher,  J.  Smart,  J.  R.  Shealy,  N.  G.  Weimann,  K.  Chu,  M.  Murphy,  W.  J.  Schaff,  and  L. 
F.  Eastman  “Two  dimensional  electron  gases  induced  by  spontaneous  and  piezoelectric 
polarization  charges  in  N-  and  Ga-face  AlGaN/GaN  heterostructures,”  in  print  J.  Appl.  Phys. 

’K.  K.  Chu,  J.  Smart,  J.  R.  Shealy,  and  L.  F.  Eastman,  SOTAPOCS,  1998. 


Part  IX 

Quantum  Dots  and 
Processing 


PIEZOELECTRIC  PROPERTIES  OF  GaN  SELF-ORGANIZED  QUANTUM 

DOTS 

B.  Daudin”^,  F.  Widmann’',  J.  Simon*,  G.  Feuillet*,  J.  L.  Rouviere*,  N.  T. 
Pelekanos*,  G.  Fishman** 

*Departement  de  Recherche  Fondamentale  sur  la  Matiere  Condensee,  CEA/ 
Grenoble,  SPMM,  17  rue  des  Martyrs,  38054  Grenoble  Cedex  9,  France, 
daudin@drfmc.ceng.cea.fr 

**Laboratoire  de  Spectrometrie  Physique,  UMR  C5588,  Universite  J.  Fourier- 
Grenoble  1-  CNRS,  BP  87,  38402  St.  Martin  d'Heres  Cedex,  France 

Cite  this  article  as:  MRS  Internet  J.  Nitride  Semicond.  Res.  4S1,  G9.2  (1999) 
ABSTRACT 

It  is  demonstrated  that  GaN  quantum  dots  with  the  wurtzite  structure 
grown  by  molecular  beam  epitaxy  on  AIN  exhibit  optical  properties  which, 
depending  on  the  size  of  the  dots,  may  be  dominated  by  piezoelectric  effects.  In 
"large"  quantum  dots  with  an  average  height  and  diameter  of  4.1  and  17  nm, 
respectively,  the  photoluminescence  peak  is  centered  at  2.95  eV,  nearly  0.5  eV 
below  the  bulk  GaN  bandgap,  which  is  assigned  to  a  piezoelectric  field  of  5.5 
MV/ cm  present  in  the  dots.  The  decay  time  of  the  photoluminescence  was  also 
measured.  A  comparison  is  carried  out  with  theoretical  calculation  of  the 
radiative  lifetime. 

INTRODUCTION 

Despite  the  successful  realization  of  blue  LDs  by  Nakamura  et  al.,  serious 
problems  are  still  to  be  overcome,  related  to  the  lack  of  adapted  substrate.  In 
particular,  a  reduction  in  the  number  of  cristallographic  defects  is  highly 
desirable  in  order  to  improve  the  lifetime  and  to  reduce  the  threshold  current  of 
the  LDs.  This  is  partly  achieved  through  the  recent  development  of  lateral 
overgrowth  for  GaN  which  leads  to  the  reduction  of  the  dislocation  density  by 
several  orders  of  magnitude  [1].  Alternately,  the  realization  of  devices  with 
quantum  dots  (QDs)  in  the  active  layer  appears  promising,  based  on  the 
iheoretical  prediction  of  a  low  threshold  current  and  of  a  weak  temperature 
dependence  of  the  threshold  current  [2].  Furthermore,  due  to  the  reduced  size  of 
the  QDs,  they  are  expected  to  be  virtually  perfect,  with  most  cristallographic 
defects  out  of  the  dots,  which  should  result  in  a  decrease  in  non  radiative 
recombination.  It  is  the  aim  of  this  article  to  adress  this  point  in  the  case  of  self- 
assembled  GaN  QDs,  with  a  particular  attention  paid  to  the  peculiar  properties 
resulting  from  the  presence  of  a  huge  piezoelectric  field  which  is  one  of  the  most 
fascinating  aspect  of  nitrides  [3,4]. 
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EXPERIMENT 


The  samples  were  grown  by  molecular  beam  epitaxy  (MBE)  in  a 
commercial  MECA  2000  machine.  The  substrate  was  (0001)  sapphire.  After  the 
nitridation  step  of  the  sapphire,  a  low  temperature  AIN  layer,  about  15  nm  thick, 
was  deposited  followed  by  the  growth  of  a  1.5  pm  thick  AIN  buffer  layer.  The 
details  of  the  growth  procedure  have  been  published  elsewhere  [5].  The  GaN 
QDs  were  grown  by  depositing  the  equivalent  of  3  monolayers  of  GaN  on  AIN 
at  700°C  (Ref.  6,  7).  Next,  they  were  covered  by  AIN  in  order  to  smooth  the 
surface  again  and  the  operation  was  repeated  several  times  to  obtain  a 
superlattice  of  GaN  QDs  layers.  The  size  of  the  dots  was  varied,  depending  on 
whether  they  were  «  ripened  »  under  vacuum  or  not  before  further  covering 
with  AIN.  The  «  large  »  dots  were  ripened  under  vacuum  during  about  one 
minute  before  further  capping  with  AIN.  They  were  typically  4.1  ±  0.  4  nm  high 
(17  nm  diameter).  The  «  small  »  unripened  dots  were  capped  with  AIN  with  no 
growth  interruption.  They  were  2.3  ±  0.2  nm  high  (8  nm  diameter).  These  figures 
were  extracted  from  the  analysis  of  high  resolution  electron  microscopy  (HREM) 
pictures.  As  shown  in  Fig.l,  analysis  of  the  HREM  pictures  taken  along  two 
directions  rotated  by  30°  allowed  to  conclude  that  the  GaN  quantum  dots  are 
coherently  matched  to  the  (0001)  plane  of  AIN,  then  experiencing  a  strong 
biaxial  stress.  As  a  consequence  of 


Fig.l  HREM  images  of  the  same  GaN  island  taken  along  (a)  the  l/3[2,-l,-l,0]  and  (b)  the 
[1010]  directions,  differing  from  30° 


the  biaxial  stress  and  of  the  cristallographic  symmetry,  a  strong  piezoelectric 
field  is  expected  to  be  present  in  the  dots  [3,4]. 

This  hypothesis  was  confirmed  by  measuring  the  photoluminescence  of 
the  large  dots.  The  result,  plotted  in  figure  2,  reveals  that  the  PL  peak  of  the  large 
dots  is  observed  at  2.95  eV,  i.e.  0.5  eV  below  the  bulk  GaN  energy  gap. 


Figure  2:  Photoluminescence  of  «  large  »  GaN  QDs 

Actually,  it  has  been  shown  elsewhere  that  the  photoluminescence 
emission  energy  of  GaN  QDs  was  dramatically  dependent  on  the  QD  size  [8], 
with  the  «  small »  QDs  exhibiting  a  PL  peak  centered  at  3.75  eV,  nearly  0.3  eV 
higher  than  the  GaN  bandgap.  Consistent  with  the  HREM  results,  this  striking 
QD  size  effect  was  attributed  to  the  presence  of  a  giant  piezoelectric  field  in  the 
QDs  along  the  c-axis  [8].  This  hypothesis  was  supported  by  PL  experiments  as  a 
function  of  excitation  power  which  revealed  an  increasing  blue  shift  for 
increasing  power,  as  an  evidence  of  the  screening  of  the  piezoelectric  field  for  an 
increased  density  of  photocreated  carriers.  Finally,  theoretical  calculations  were 
performed,  allowing  to  conclude  that  the  GaN  QDs  matched  to  the  AIN  matrix 
experience  a  piezoelectric  field  as  high  as  5.5  MV/cm,  consistent  with  the 
experimental  data  available  on  the  piezoelectric  field  values  in  GaN  and  related 
alloys  [9-11]. 

The  strong  localization  effects  resulting  from  the  reduced  size  of  the  GaN 
QDs  was  further  confirmed  by  measuring  the  photoluminescence  intensity  as  a 
function  of  temperature.  As  shown  in  figure  3  ,  it  was  foimd  that,  by  contrast  to 
quantum  wells  or  Mg-doped  bulk  GaN,  the  PL  intensity  of  large  dots  was 
practically  unaffected  by  temperature  and  was  even  increasing  slightly,  as  an 
evidence  of  strong  localization  effects. 

The  hypothesis  of  a  strong  piezoelectric  field  to  account  for  the  energy 
position  of  the  PL  peak  of  large  dots  was  supported  by  optical  power  dependent 
PL  spectra,  the  center  of  gravity  of  the  PL  peak  being  significantly  blueshifted 
for  increased  power  density  [8].  This  behaviour  is  typical  of  piezoelectric 
nanostructures  and  is  due  to  partial  screening  of  the  piezoelectric  field  by  the 
photoexcited  electron-hole  (e-h)  pairs.  In  the  case  of  large  dots,  a  70  meV 
blueshift  was  observed  as  the  power  density  varies  from  60  to  450  W/cm^. 

Further  evidence  of  the  strong  piezoelectric  field  present  in  the  GaN  QDs 
is  provided  by  PL  decay  measurements.  The  time-resolved  PL  experiments 
presented  here  were  performed  with  a  standard  streak  camera  setup  at  T=10K 


on  a  QD  sample  with  72  layers  of  "  small  "  QDs.  In  this  sample,  a  relatively 
broad  QD  size  distribution  is  available  as  manifested  by  the  500meV-broad  PL 
spectrum  centered  at  3.6eV.  The  excitation  was  provided  by  265nm  pulses  of 
l.Sps  duration  at  76MHz  repetition  rate,  resulting  from  frequency-tripling  a 
795nm  line  of  a  picosecond  Ti-Sapphire  laser.  Typical  average  power  densities 
used  in  these  measurements  were  SOW/cm^  and  the  corresponding  sheet  exciton 
density  created  per  pulse  is  estimated  to  be  about  lO^km'2,  which  is  several 
times  smaller  than  the  QD  density.  In  Fig.  4,  we  plot  by  solid  squares  the 
measured  PL  decay  times,  x^,  as  a  function  of  photon  energy.  On  the  high  energy 
side,  we  observe  a  continuous  increase  of  the  PL  decay  time  with  decreasing 
photon  energy.  This  is  consistent  with  the  picture  of  piezoelectric  QDs,  since  the 
piezoelectric  field  in  the  larger  dots  is  more  efficient  in  separating  the  electron 
and  hole  wavefunctions  and  hence  increases  their  radiative  recombination  time. 
However,  as  the  photon  energy  is  further  decreased  we  observe  that  the  PL 
decay  times  reaches  a  plateau  not  exceeding  the  3.6ns.  We  attribute  this  plateau 
to  the  presence  of  nonradiative  channels  and  set  XNR=3.6ns.  If  we  assume  that  Xnr 
is  independent  of  energy,  then,  based  on  the  equation  1/xnr+1/xr  ,  we  can 

tentatively  estimate  the  radiative  recombination  time  Xr  as  a  function  of  energy. 
The  result  is  plotted  as  open-cross  squares  in  Fig.  4.  The  most  striking  feature  is 
the  dramatic  increase  in  the  decay  time  which  is  observed  for  decreasing  energy. 
In  particular,  when  extrapolating  down  to  3  eV,  corresponding  to  «  large  »  dots 
emitting  in  the  blue  range  a  very  large  decay  time  is  expected. 
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Figure  3:  Temperature  dependence  of 
the  photoluminescence  for  a)  bulk  GaN, 
b)  quantum  wells  and  c)  large  quantum 
dots 


Figure  4:  Photoluminescence  decay  time  as  a 
function  of  energy.  Crossed  squares  are  an 
estimation  of  xr  deduced  from  the 
experimental  data  (full  squares)  by 
substracting  the  influence  of  Xnr 


DISCUSSION  AND  CONCLUSION 


In  an  attempt  to  understand  the  above  results,  the  influence  of  the 
piezoelectric  field  on  the  oscillator  strength  was  investigated.  We  first  calculated 
the  exciton  radiative  lifetime  t  in  the  bulk  semiconductor  using  the  usual 
approach  [12,13].  It  was  foimd  that  in  GaN  i  was  of  the  order  of  25  ns.  Then,  in 
order  to  determine  the  radiative  lifetime  in  a  QD,  we  use  the  model  of  Ref.l4, 
which  allows  to  calculate  the  oscillator  strength,  and  therefore  the  radiative 
lifetime,  in  a  cubic  box  provided  that  the  bulk  radiative  lifetime  is  known.  For 
that  purpose,  we  have  defined  an  equivalent  cubic  box  which  has  the  same 
volume  as  the  pyramidal  QD  of  heigth  h.  The  radiative  lifetime  without 
piezoelectric  field  was  then  obtained.  In  a  further  step,  the  piezoelectric  field  F 
was  taken  into  account  via  a  two-dimensional  quantum  well,  as  reported  in  Ref. 
8.  Note  that  this  approach  is  meaningful  as  the  exciton  Bohr  radius  parallel  to  the 
quantum  well  is  smaller  than  the  side  of  the  equivalent  cubic  box  (this  would  not 
apply  to  very  small  pyramids).  We  then  obtain  the  relations  linking  \  and  t, 
where  is  the  radiative  lifetime  in  a  QD  taking  into  account  a  piezoelectic  field 
F  =  5  MV/cm.  The  last  step  of  the  calculation  is  to  link  the  size  of  the  pyramid  to 
the  transition  energy  [8].  The  final  result  is  shown  in  Fig.5.  The  key  information 
is  that  the  influence  of  the  piezoelectric  field  is  not  very  important  (an  increase  in 
the  lifetime  by  a  factor  of  about  2  at  4  eV,  h  =  20  A)  for  a  small  box  (large  energy). 
By  contrast,  this  influence  is  very  large  in  a  large  box  (an  increase  in  the  lifetime 
by  a  factor  of  about  200  at  3eV,  h  =  40A). 


Figure  5:  Theoretical  calculation  of  the  radiative  lifetime  in  GaN  QDs  as  a  function  of  the 
photon  energy,  with  and  without  piezoelectric  field 


In  conclusion  it  has  been  experimentally  and  theoretically  demonstrated 
that  the  optical  properties  of  GaN  quantum  dots  with  wurtzite  structure  grown 
on  AIN  by  MBE  of  GaN  result  from  the  competition  between  confinement  and 
piezoelectric  effects.  The  piezoelectric  effects  were  found  to  be  dominant  for  QD 
height  larger  than  3nm.  This  is  a  very  unique  situation  resulting  from  the 
combined  effect  of  the  QD  crystallographic  symmetry  (wurtzite  with  a  [0001] 
growth  direction)  and  of  the  huge  piezoelectric  coefficients  specific  to  the  nitride 
family.  The  photoluminescence  decay  time  was  theoretically  calculated  and 
found  to  be  strongly  dependent  on  the  piezoelectric  field,  consistent  with 
experimental  data.  Finally,  these  results  open  the  way  to  the  achievement  of  high 
efficiency  blue  light  emitting  devices  with  no  In. 
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ABSTRACT 

We  report  on  the  first  artificial  fabrication  of  self-assembling  AIGaN  quantum  dots  (QDs)  on 
AIGaN  surfaces  using  metal  organic  chemical  vapor  deposition  (MOCVD).  The  AIGaN  QDs  are 
fabricated  using  a  growth  mode  change  from  2-dimensional  step-flow  growth  to  3-dimensional 
island  formation  by  modifying  the  AIGaN  surface  energy  with  Si  anti-surfactant.  The  average 
lateral  size  and  the  thickness  of  fabricated  AIGaN  QDs,  as  determined  by  AFM,  are  approximately 
20  nm  and  6nm,  respectively.  The  dot  density  was  found  to  be  controlled  from  5x10^°  cm'^  down  to 
2x10^  cm'^  by  increasing  the  dose  of  Si  anti-surfactant.  We  obtained  the  photoluminescence  (PL) 
from  AIGaN  QDs  embedded  with  Alo.38Gao.62N  capping  layers.  The  A1  incorporation  in  AIGaN 
QDs  was  controllable  within  the  range  of  1-5  %. 

INTRODUCTION 

GaN  and  related  nitrides  are  currently  of  great  interest  for  the  application  to  optical  devices  in  the 
visible  and  ultraviolet  (UV)  energy  range.  The  progress  of  blue  laser  diodes  (LDs)  or  blue-green 
light-emitting  diodes  (LEDs)  are  extremely  remarkable  in  recent  years  [1-3].  High-power  and  long¬ 
lifetime  InGaN  multi-quantum  well  lasers  was  already  achieved[l]. 

AIGaN  alloy  is  useful  material  for  UV  optical  devices,  because  of  wide  bandgap  direct  transition 
emission  between  3.4eV  (GaN)  and  6.2eV  (AIN).  The  wide  transition  range  of  AIGaN  covers  the 
lasing  wavelength  range  achieved  by  UV  gas  or  solid  state  lasers,  for  example,  XeCl(308nm)  or 
KrF(248nm)  excimer  lasers,  N2(337nm),  He-Cd(325nm)  or  SHG-Ar(257nm)  lasers.  UV 
semiconductor  lasers  are  very  attractive  in  comparison  with  gas  or  solid  state  lasers  because  of 
small  size,  long  lifetime,  high  efficiency,  low  driving  power  and  CW  lasing  operation.  CW-UV 
lasers  using  AIGaN  material  in  the  near  future  will  take  the  place  of  UV  gas  or  solid  state  lasers. 

For  the  realization  of  the  UV  semiconductor  lasers,  we  should  clear  several  technical  barriers  such 
as  current  injection  through  high  A1  content  AIGaN  crystals  or  efficient  UV  emission  from  AIGaN 
alloy.  Especially,  the  realization  of  high  optical  gain  in  UV  emission  range  of  AIGaN  alloy  is  most 
important  for  using  it  as  active  region  of  UV  lasers.  However,  it  is  theoretically  predicted  that  the 
reduction  of  the  transparency  carrier  density  is  difficult  in  Ill-nitride  material  lasers  because  of  a 
large  effective  mass  [4]  in  comparison  with  GaAs  or  InP  based  materials. 

In  order  to  realize  the  high  optical  gain  necessary  in  UV  semiconductor  lasers,  the  use  of  low 
dimensional  quantum  structures  is  quite  useful.  Optical  gain  enhancement  using  a  exciton-related 
emission  is  theoretically  predicted  and  expected  even  at  room  temperature,  due  to  the  large  binding 
energy  of  exciton  in  GaN-related  quantum  dot  structures  [5].  It  has  been  reported  that  the  quantum 
efficiency  of  InGaN-based  quantum  well  lasers  is  enhanced  by  the  effect  of  localized  excitons  in 
nano-scale  In  segregated  (In-rich)  regions  of  the  quantum  well  [6].  It  is  desirable  to  obtain  a  strong 
exciton-related  emission  from  AIGaN  quantum  dot  (QD)  structures  in  order  to  achieve  UV  lasers. 
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Recently,  we  have  succeeded  in  the  fabrication  of  self-assembling  GaN  and  InGaN  QD  on  AlGaN 
surfaces  using  metal  organic  chemical  vapor  deposition  (MOCVD)  and  observed  a  strong 
photoluminescence  (PL)  emission  from  QD  structures  [7] [8].  We  also  achieved  optical  pumping 
stimulated  emission  from  GaN  QDs  sandwiched  with  AlGaN  optical  confinement  layers[9].  The 
QDs  were  fabricated  using  a  growth  mode  change  from  2-dimensional  step-flow  growth  to  3- 
dimensional  island  formation  by  modifying  the  surface  energy  balance  of  AlGaN  with  a  Si  anti¬ 
surfactant.  Contrary  to  Stranski-Krastanov  (SK)  growth  mode,  the  QD  formation  using  this  method 
is  based  on  the  surface  energy  balance.  Then,  this  method  is  especially  useful  for  the  QD  formation 
on  the  interfaces  of  small  lattice  mismatch  system. 

In  this  report,  we  demonstrate  the  first  fabrication  of  self-assembling  AlGaN  QDs  on  AlGaN 
surfaces  using  MOCVD.  The  formation  of  AlGaN  QDs  on  AlGaN  surfaces  is  relatively  difficult  in 
comparison  with  the  cases  of  GaN  or  InGaN  QDs,  because  AlGaN  easily  forms  a  film  on  GaN  or 
AlGaN  surfaces  due  to  large  surface  energy  of  AlGaN.  The  use  of  Si  anti-surfactant  was  not  enough 
to  obtain  a  growth  mode  control  to  3-dimensional  nano-scale  dot  formation  in  high  growth 
temperature.  In  addition  to  the  use  of  anti-surfactant,  we  reduced  the  growth  temperature  of  AlGaN 
QDs  in  order  to  control  the  migration  of  precursors  on  AlGaN  surface,  and  as  a  result,  we  succeeded 
in  the  fabrication  of  nano-scale  AlGaN  QDs. 

EXPERIMENTS  AND  DISCUSSIONS 

The  structures  were  grown,  at  76  Torr  on  the  Si-face  of  an  on-axis  6H-SiC(0001)  substrate,  by  a 
conventional  horizontal -type  MOVPE  system.  As  precursors  ammonia  (NH.O,  tetraethylsilane 
(TESi),  trimethylaluminum  (TMAl),  and  trimethylgallium  (TMGa)  were  used  with  Hi  as  carrier 
gas.  N2  gas  was  also  independently  supplied  by  a  separate  line  and  mixed  with  the  H2  just  before  the 
substrate  susceptor.  Typical  gas  flows  were  2  standard  liters  per  minute  (SLM),  2  SLM,  and  0.5 
SLM  for  NH3,  H2,  and  N2,  respectively.  The  molar  fluxes  of  TMG  and  TMA  of  Al().3HGao.62N 
growth  for  buffer  and  capping  layers  were  38  and  13  pmol/min,  respectively.  At  this  condition,  the 
growth  rate  was  approximately  2.5  pm/h.  The  molar  fluxes  of  TMG  and  TMA  of  Alo,o.iGa().95N 
growth  for  fabrication  of  QD  structure  were  7.2  and  0.47  pmol/min,  respectively.  The  growth  rate 
used  for  QD  formation  was  approximately  0.4  pm/h.  The  substrate  temperature  during  the  growth 
was  measured  with  a  thermocouple  located  at  the  substrate  susceptor. 

The  sample  structure  is  shown  in  Fig.l .  In  order  to  achieve  a  surface  suitable  for  growth  of  AlGaN 
QDs,  first  an  approximately  400-nm-thick  Alo.38Ga(),62N  buffer  layer  was  deposited  on  a  6H-SiC 
substrate  at  1140°C.  The  buffer  layer  was  found  to  provide  a  step-flow  grown  surface  as  confirmed 
by  atomic  force  microscopy  (AFM).  Prior  to  the  AfGaj.xN  dot  growth,  TESi  was  intentionally 
supplied  for  the  deposition  of  silicon  anti-.surfactant  modifying  the  surface  properties  at  1I40°C. 
Then  the  sample  was  cooled  to  the  AfGai.^N  dot  growth  temperature,  i.e.,  around  900°C.  The 
AlxGai.xN  QDs  were  grown  by  a  short  supply  of  TMAl/TMGa  using  H2  as  carrier  gas.  The 
equivalent  layer  thickness,  based  on  the  growth  rate,  was  determined  to  be  3  nm.  This  resulted  in  a 
three-dimensional  nano-scale  island  growth  which  was  not  observed  in  the  case  without  any  silicon 
dose.  Then  an  approximately  5-nm-thick  Alo.38Gao.62N  capping  layer  was  grown  on  ARGai  xN  QDs. 

In  this  experiment,  we  used  relatively  low  growth  temperature  even  for  AlGaN  QD  formation  in 
order  to  control  the  surface  migration  of  precursors.  So,  we  confirmed  at  first  the  atomically  flat 
surface  of  AlGaN  grown  with  low  temperature.  Figure  2  .shows  AFM  views  of  the  surface  of 
Alo.o.sGao.QsN  quantum  film  without  using  anti-surfactant  grown  at  900°C.  A  step-flow  image  is 
observed  on  the  surface  of  AlGaN  quantum  film  even  in  low  growth  temperature  as  seen  in  Fig.  2. 


A1oj8^^.62N  Cap 
*^Alo.o5Gao.95N  Quantum-Dot 
Aloj8Giao.62N  Buffer 
6H-SiC(0001)  Subs. 


Fig.l.  Schematic  view  of  fabricated  AlGaN  quantum  dot  sample. 


Fig.2.  A  Step-flow  image  of  the  surface  of  Alo.05Gao.95N  quantum  film  grown  without  using  anti¬ 
surfactant  at  900°C  observed  by  AFM. 

Figures  3(a)-(d)  show  the  AFM  images  just  after  the  growth  of  Alo.05Gao.95N  on  Si  deposited 
surfaces.  The  growth  temperature  Tg  and  the  Si-dose  amount  are  1100®C  and  0.04pmol,  1100°C 
and  0.2^rmol,  900°C  and  0.04|imol,  and  900°C  and  0.2|u.mol  for  Fig.  3(a),  (b),  (c)  and  (d), 
respectively.  3-dimensional  growth  is  seen  on  the  samples  using  anti-surfactant.  For  high  growth 
temperature  of  1100°C,  we  could  not  obtain  nano-scale  dot  structures  as  shown  in  Fig.  3(a)  and  (b). 
We  can  see  an  network-like  morphology  on  the  grown  surface  for  small  amount  of  Si-dose  of 
0.04pmol  which  is  enough  large  amount  for  the  fabrication  of  GaN  or  InGaN  nano-scale  QDs.  We 
obtained  large  dot  struetures  when  increasing  the  Si-dose  amount  by  5  times  as  seen  in  Fig.  3(b).  In 
this  case,  the  typical  lateral  size  of  the  dot  was  100-200nm.  Therefore,  the  surface  energy  control  by 
using  Si  anti-surfactant  was  not  enough  to  obtain  a  growth  mode  change  to  3-dimensional  nano¬ 
scale  QD  formation  for  AlGaN. 


Fig.  3(a)-(d).  AFM  images  just  after  the  growth  of  Alo.o^Gao.g-sN  on  Si  deposited  surfaces.  The 
growth  temperature  Tg  and  the  Si-dose  amount  are  (a)1100°C  and  0.04pmol,  (b)1100°C  and 
0.2pmol,  (c)900°C  and  0.04pmol,  and  (d)900°C  and  0.2|imol. 


On  the  other  hand,  the  AIGaN  dot  was  controlled  to  nano-scale  structure  by  reducing  the  QD 
growth  temperature  to  900°C  as  seen  in  Fig.  3(c)  and  (d).  The  average  lateral  size  and  the  height  of 
fabricated  AIGaN  dots  grown  at  900°C  were  estimated  to  be  approximately  20  nm  and  6  nm, 
respectively,  by  AFM  views.  The  dot  density  is  found  to  be  controlled  from  5x10^*^  cm'^  down  to 
2x10^  cm‘^  by  increasing  the  dose  of  Si  anti-surfactant  from  0.04pmol  to  0.2|xmol. 

We  are  investigating  the  GaN  QD  formation  mechanism  on  AIGaN  surfaces  in  detail  [10]. 
However,  the  detailed  formation  mechanism  is  still  very  difficult  to  observe.  It  was  found  from  our 
experiment  that  very  small  amount  of  Si  atom  deposited  on  the  steps  of  AIGaN  (several  %  of  mono- 
layer)  inhibit  the  step-flow  growth  of  GaN,  because  the  Ga  atom  is  hard  to  be  adsorbed  around  Si 
atom.  The  disordering  process  of  step-flow  growth  makes  a  state  of  chaotic  wandering  and  may 
stimulate  the  transition  to  3-dimensional  GaN  growth.  We  guess  that  A1  atom  is  much  easily  to  be 
adsorbed  around  Si  in  comparison  with  Ga  atom,  therefore,  the  transition  to  3-dimensional  growth 
mode  is  hard  to  occur.  The  successful  formation  of  nano-scale  AIGaN  QDs  may  be  due  to  the 
enhanced  effect  of  step-flow  inhibition  with  the  reduction  of  A1  migration  on  the  surface. 

We  obtained  the  photoluminescence  from  AIGaN  QDs  embedded  with  Alo.38Gao.62N  layers.  Figure 
4  shows  77K  PL  spectra  from  AIGaN  QDs  with  capping  layers  fabricated  at  900°C  with  the  Si  dose 
of  0.04pmol  for  various  TMAl  flow  rate.  The  emission  intensity  was  the  same  level  as  those  of  GaN 
QDs  fabricated  with  the  same  growth  condition.  The  blue  shift  of  QD  emission  due  to  the  increase 
of  A1  incorporation  was  observed.  A1  molar  fraction  in  QDs  are  estimated  to  be  0.01,  0.03  and  0.05 
for  the  TMAl  flow  rate  of  0.19,  0.38  and  0.47|j,mol/min,  respectively,  taking  into  account  the 
quantum  confinement  level  shift. 
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Fig.  4.  77 K  PL  spectra  from  AIGaN  QDs  with  capping  layers  fabricated  at  900°C  for  various 
TMAl  flow  rate. 


At  this  moment,  the  half  width  of  the  AlGaN  QD  emission  is  still  large  which  may  be  mainly 
caused  by  the  size  fluctuation  of  QDs.  Also  the  emission  intensity  is  week  for  high  A1  content  QDs. 
The  emission  intensity  and  size  fluctuation  of  QD  may  be  much  improved  even  for  high  A1  content 
QDs  by  increasing  the  growth  temperature  of  QDs  and  by  optimizing  the  growth  condition  of  buffer 
and  capping  layer.  We  are  now  trying  high  temperature  AlGaN  QD  growth  by  controlling  the 
surface  migration  of  precursors  with  the  use  of  more  heavy  carrier  gas. 

CONCLUSION 

We  demonstrated  the  first  artificial  fabrication  of  self-assembling  AlGaN  QDs  on  AlGaN  surfaces 
using  low  pressure  MOCVD  system.  The  AlGaN  QDs  were  fabricated  using  a  growth  mode 
change  from  2-dimensional  step-flow  growth  to  3-dimensional  island  formation  by  modifying  the 
surface  energy  balance  of  AlGaN  with  Si  anti-surfactant.  The  average  lateral  size  and  the  thickness 
of  the  AlGaN  QDs,  as  determined  by  AFM,  were  approximately  20  nm  and  6nm,  respectively.  The 
dot  density  was  found  to  be  controlled  from  5xl0'°  cm'^  down  to  2x10^  cm'^  by  increasing  the  dose 
of  anti-surfactant.  We  obtained  the  photoluminescence  from  AlGaN  QDs  embedded  with 
Alo.38Gao.62N  layers.  The  A1  content  of  AlGaN  QDs  was  controllable  within  the  range  of  1-5  %. 
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ABSTRACT 

InGaN  alloys  with  indium  compositions  ranging  from  0-40%  have  been  grown  by 
molecular  beam  epitaxy.  The  dependence  of  the  indium  incorporation  on  growth  temperature  and 
group  Ill/group  V  ratio  has  been  studied.  Scanning  tunneling  microscopy  images,  interpreted 
using  first-principles  theoretical  computations,  show  that  there  is  strong  indium  surface 
segregation  on  InGaN.  Based  on  this  surface  segregation,  a  qualitative  model  is  proposed  to 
explain  the  observed  indium  incorporation  dependence  on  the  growth  parameters, 

INTRODUCTION 

Ternary  In^Ga,^N  alloys  are  widely  used  in  the  development  of  GaN-based  optoelectronic 
devices.'  To  achieve  high  quality  layers  with  desired  optical  properties,  it  is  important  to  un¬ 
derstand  and  control  the  indium  incorporation  efficiency  and  uniformity.  In  conventional  ni-V 
semiconductors,  surface  segregation  of  metal  species  (Ga,  In,  or  Al)  is  known  to  be  an  important 
process.^  In  this  paper,  we  present  results  for  the  indium  incorporation  in  InGaN  during  growth 
by  molecular  beam  epitaxy  (MBE),  with  the  characterization  performed  by  x-ray  diffraction 
(XRD),  Auger  spectroscopy,  and  scanning  tunneling  microscopy  (STM).  The  dependence  of  the 
indium  incorporation  on  growth  parameters  is  studied.  STM  images  reveal  strong  surface 
segregation  of  the  indium,  from  which  a  model  is  proposed  to  explain  the  incorporation  kinetics. 

EXPERIMENT 

The  studies  described  here  were  performed  in  a  combined  MBE/surface  analysis  system. 
The  growth  chamber  contains  gallium  and  indium  effusion  cells,  an  RF-plasma  nitrogen  source, 
and  a  reflection  high  energy  electron  diffraction  (RHEED)  system.  Growth  is  performed  on 
solvent-cleaned  sapphire  (0001)  substrates,  heated  first  to  700°C  for  15  min,  then  exposed  at 
1050°C  to  the  nitrogen  plasma  with  a  power  level  of  550  W  and  pressure  of  7.0  x  10'^  Torr,  for 
30  min.  First  a  GaN  buffer  layer  of  about  20  nm  thickness  is  grown  at  550°C  using  a  nitrogen 
pressure  of  1.5  x  10'^  Torr.  The  growth  temperature  is  then  increased  to  720°C  for  the  remainder 
of  the  GaN  growth.  The  total  thickness  of  GaN  was  in  the  range  200-400  nm.  Following  the 
GaN  growth,  the  substrate  temperature  is  lowered  to  620-670°C  for  the  InGaN  deposition. 
Typical  growth  rates  for  the  GaN  and  InGaN  are  200  nm/h.  Gallium  and  indium  flux  rates  were 
calibrated  with  an  in  situ  crystal  thickness  monitor.  The  substrate  temperature  was  measured  by  a 
optical  pyrometer  with  emissivity  set  to  be  0.7;  care  was  taken  to  ensure  a  clean  viewport 
between  the  pyrometer  and  the  sample.  From  our  previous  work,^  it  is  known  that  GaN  films 
prepared  in  the  above  manner  are  nitrogen  polar. 
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RESULTS  AND  DISCUSSION 


Indium  Incorporation  Dependence  on  Growth  Parameters 

Several  series  of  samples  have  been  grown  with  different  growth  parameters.  After  the 
growth,  XRD  were  performed  to  measure  the  indium  incorporation.  For  the  analysis  of  the  XRD 
data,  we  assume  that  InGaN  layer  is  fully  strain  relaxed  (the  thickness  of  InGaN  is  typically  200 
nm),  and  Vegard’s  law  applies. 

First,  we  consider  variation  of  the  growth  temperature,  keeping  the  indium,  gallium,  and 
nitrogen  flux  all  constant.  Results  are  shown  in  Fig.  1.  For  the  set  of  samples  whose  XRD  results 
are  shown  in  Fig.  1(a),  the  indium  incident  flux  is  about  22%  of  the  total  metal  (that  is,  In+Ga) 
flux.  It  can  be  seen  from  the  XRD  data  that  indium  incorporation  decreases  when  the  growth 
temperature  is  increased.  The  XRD  study  of  the  sample  grown  at  660°C  was  performed  in  triple 
axis  mode  to  increase  the  re.solution,  while  the  other  scans  were  performed  with  a  0.8  mm  slit  in 
front  of  the  detector.  The  fringes  seen  in  the  former  are  the  thickness  fringes  of  the  GaN  layer.  A 
summary  of  the  temperature  dependent  results  is  given  in  Fig.  1(b);  an  additional  set  of  data  is 
shown  there  with  In/(In+Ga)  flux  ratio  of  36%.  Both  of  the  data  sets  show  a  similar  dependence 
of  the  indium  incorporation  on  growth  temperature.  Similar  re.sults  have  been  observed  in  both 
MOCVD  and  MBE  growth  by  other  groups.'* 


Figure  1.  (a)  X-ray 

diffraction  20-c>  scans  for 
a  series  of  InGaN  films 
grown  with  a  In/(ln+Ga) 
flux  ratio  of  22%.  Indium 
incorporation.  deduced 
from  the  x-ray  re.sults,  is 
indicated  for  each  fdm.  (b) 
Summary  of  the  indium 
incorporation  dependence 
on  growth  temperature. 
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Let  us  now  consider  variation  of  the  group  Ill/group  V  ratio  while  keeping  the  In/Ga  ratio 
constant.  The  set  of  samples  whose  results  are  shown  in  Fig.  2(a)  were  grown  at  640°C,  with  the 
In/(In-i-Ga)  flux  ratio  being  about  36%.  We  find  that  when  the  metal  flux  is  increased  from  3.4  x 
lO*'*  em'^s  '  to  4.4  X  lO*'*  ernes  ’,  indium  incorporation  decreases  from  23%  to  8%.  However, 
comparing  the  two  samples  grown  with  2.5  x  10'^  em'^s  '  and  3.4  x  10'^  em'^s  '  metal  flux,  there  is 
a  small  increase  in  indium  incorporation  with  increasing  metal  flux.  For  the  sample  grown  with 
4.4  X  10*'*  emV  metal  flux,  there  is  an  XRD  peak  at  32.9°,  arising  from  indium  droplet  (101) 
planes  which  are  parallel  to  the  GaN  (0001 )  planes.  The  results  are  summarized  in  Fig.  2(b);  two 
additional  sets  of  data  are  shown  there  with  different  growth  temperatures. 

Also  indicated  in  Fig.  2(b)  is  a  dashed  line  indicating  the  transition  point  between  N  rich 
and  group  III  rich  growth  regimes.  This  transition  point  is  obtained  from  studies  of  GaN  growth 
in  the  absence  of  indium,’  where  a  transition  from  rough  to  smooth  morphology  {i.e.  spotty  to 
streaky  RHEED  pattern)  is  found  as  a  function  of  gallium  flux.  In  the  present  work,  using  the 
same  nitrogen  pressure  as  for  the  InGaN  growth  and  a  temperature  of  720°C,  we  find  this  tran¬ 
sition  gallium  flux  to  be  about  2.9  x  10*'*  em'^s  *.  This  value  varies  slightly  between  the  data  sets 
in  Fig.  2(b),  because  the  nitrogen  flux  varies  slightly  from  set  to  set.  For  the  case  of  InGaN 


growth,  we  find  that  there  is  no  such  clear  transition  from  rough  to  smooth  growth,  so  we  use  the 
transition  flux  determined  from  the  GaN  growth  as  an  approximate  reference.  From  Fig.  2(b),  we 
see  that  in  the  nitrogen  rich  regime  the  indium  incorporation  increases  when  the  metal  flux  is 
increased.  In  contrast,  we  find  in  the  group  III  rich  region  that  the  indium  incorporation 
decreases  when  the  metal  flux  is  increased.  We  actually  have  much  more  data  in  this  region,  and 
they  all  show  the  same  trend.  This  behavior  is  different  from  what  have  been  reported  for 
MOCVD  growth,^  where  indium  incorporation  consistently  increases  when  metal  flux  is  in¬ 
creased. 
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Figure  2.  (a)  X-ray 

diffraction  20-o)  scans  for 
a  series  of  InGaN  films 
grown  with  varying  In+Ga 
flux,  .  with  J„  =  10'' 
cm'^s',  at  640°C.  The 
In/(In+Ga)  flux  ratio  was 
kept  constant  at  36%.  (b) 
Summary  of  the  indium 
incorporation  dependence 
on  (In+Ga)  flux. 


Figure  3  shows  an  STM  image  of  an  InGaN  surface,  prepared  by  growth  at  670°C  with 
In/(In+Ga)  flux  ratio  of  20%.  As  mentioned  earlier,  the  samples  we  studied  here  are  nitrogen 
polar,  in  which  case  we  know  that  the  surface  layer  consists  of  an  adlayer  of  metal  atoms 
(gallium  and/  or  indium).^  An  XRD  scan  of  this  sample  showed  no  InGaN  peak,  meaning  that 
there  is  negligible  indium  incorporation  in  the  bulk.  In  the  middle  of  the  STM  image,  there  is  a 
step,  and  the  image  shows  two  separate  terraces.  Each  terrace  displays  two  types  of  regions,  one 
bright  and  the  other  dark.  In  this  type  of  STM  constant-current  image,  roughly  speaking,  the 
bright  areas  are  higher  in  morphology  and  dark  areas  are  lower.  As  can  be  seen  from  the  line  cut, 
the  height  difference  between  bright  and  dark  area  is  0.30  ±  0.05  A.  As  described  below,  we 
identify  the  bright  areas  to  be  indium  covered  regions  and  dark  areas  to  be  gallium  covered 
regions. 

For  the  sample  imaged  in  Fig.  3,  Auger  spectroscopy  showed  that  there  is  a  significant  in¬ 
dium  signal,  with  a  In/Ga  signal  ratio  of  about  0.5.  Although  our  Auger  system  is  not  well 
calibrated,  so  quantitative  determination  of  surface  concentration  is  difficult,  the  result  certainly 
shows  that  there  is  a  significant  amount  of  indium  on  the  surface.  Furthermore,  theoretical 
computations  have  been  performed  which  permit  the  identification  of  the  bright  and  dark  areas  in 
the  STM  image.  Those  results  are  pictured  in  Fig.  4.  The  total  energy  calculation  is  performed 
within  the  local  density  functional  theory  using  first-principles  pseudopotential  methods  for 
various  GaN(000l)lxl:GayIn,^  adlayer  structures.  The  calculations  are  performed  in  a  2x2  unit 
cell  with  various  numbers  of  In  and  Ga  atoms  in  the  top  site.  The  equilibrium  adlayer  In-N  bond 
length  is  found  to  be  about  2.23  A  while  the  equilibrium  Ga-N  bond  in  the  adlayer  is  1.99  A. 
These  values  are  essentially  independent  of  y.  From  explicit  examination  of  charge  density 
contours  for  states  located  near  the  Fermi-level,  we  find  that  the  different  height  of  the  adatoms 
above  the  surface  (~0.2  A)  is  manifested  in  a  corrugation  in  the  charge  density  of  a  similar 
magnitude  at  a  height  of  several  A  above  the  adatoms.  Based  on  these  two  reasons,  and  on  our 


previous  experience  on  the  study  of  GaN  surface,  we  identify  the  bright  regions  as  arising  from 
indium  atoms  in  the  surface  adlayer,  and  the  dark  regions  as  arising  from  gallium  atoms  in  the 
adlayer. 


Figure  3.  STM  image  of  the  InGaN(OOOl  )  surface,  obtained  from  a  sample  with  negligible 
indium  incorporation  in  the  bulk.  The  image  was  acquired  with  sample  bias  voltage  of  -0.5  V  and 
tunnel  current  of  0.075  nA.  The  grey  scale  range  is  0.6  A  for  each  terrace.  A  line  cut,  taken  at  the 
position  of  the  arrows  in  the  figure,  is  shown  on  the  right  side  of  the  figure. 
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Figure  4.  Schematic  view  of  the  InGaN 
surface  in  an  (1100)  projection,  showing 
theoretical  results  for  atomic  positions.  The 
.surface  adlayer  consists  of  15%  In  plus 
25%  Ga.  in  a  2x2  arrangement.. 


From  the  STM  image  of  Fig.  3  it  is  clear  that  the  InGaN  surface  is  mostly  covered  with  in¬ 
dium  atoms,  whereas  for  the  same  sample  there  is  negligible  indium  incorporation  in  the  bulk. 
Thus  there  is  strong  surface  segregation  of  indium  on  the  InGaN.  We  have  observed  similar 
surface  segregation  on  other  samples,  including  those  containing  significant  amounts  of  indium 
in  the  bulk.  Indium  surface  segregation  has  been  attributed  in  large  part*^  to  the  fact  that  the  InN 
bond  is  weaker  than  the  GaN  bond  (1.93  eV  for  InN  and  2.24  eV  for  GaN).^  In  the  bulk,  a  metal 
atom  forms  four  bonds  with  nitrogen  atoms,  whereas  on  the  surface,  for  N-polar  InGaN,  a  metal 
atom  forms  only  one  bond  with  a  nitrogen  atom.  Therefore  it  is  energetically  favorable  for  a 
gallium  atom  on  the  surface  to  switch  sites  with  an  indium  atom  in  the  bulk. 


Model 


Figure  5  illustrates  the  near  surface  region  of  a  N-polar  InGaN  film,  showing  a  typical 
distribution  of  metal  atoms  (indium  and  gallium)  on  the  surface  and  in  the  bulk.  From  prior 
studies  in  the  absence  of  indium,  it  is  known  that  the  surface  is  terminated  with  a  monolayer  of 
metal  atoms  (layer  2  in  Fig.  5),  and  a  few  additional  metal  atoms  (layer  1)  may  reside  on  top  of 
this  adlayer.’  The  population  of  metal  atoms  in  layer  1  depends  on  how  metal  rich  the  growth  is. 
For  GaN  growth,  it  is  known  that  the  gallium  atoms  in  layer  1  diffuse  quickly, and  the  ob¬ 
servation  of  step  flow  growth”’^  implies  that  the  gallium  atoms  (and  presumably  also  the 


nitrogen  atoms)  diffuse  to  surface  steps  where  they  incorporate.  For  the  present  case  of  InGaN 
growth,  the  observed  surface  segregation  reveals  that  layer  2  contains  mainly  indium  atoms.  This 
surface  composition  will  affect  the  growth  in  several  ways.  First,  the  atomic  diffusivity  will 

increase  on  an  indium  covered  (0001)  surface  compared  with  a  gallium  covered  surface.''^ 
Second,  a  gallium  atom  in  layer  1  may  simply  switch  sites  with  an  indium  atom  in  layer  2 
without  diffusing  to  a  step  edge,  and  that  particular  gallium  atom  could  possibly  further  switch 
positions  with  an  indium  atom  in  the  bulk.  Therefore  the  growth  kinetics  for  Ga  incorporation  in 
InGaN  growth  may  be  different  from  that  in  GaN  growth.  Third,  if  the  nitrogen  source  is  NHj, 
rather  than  an  RF-plasma  source,  the  decomposition  rate  of  NH3  may  be  affected  by  the  surface 
metal  species. 
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Figure  5.  Schematic  view  of  the  InGaN(000 1 )  surface  layers,  in  a  (1 1  2  0)  projection:  layer  1,  the 
metal  adatoms  residing  on  top  of  the  metal  adlayer;  layer  2,  metal  adlayer  on  nitrogen;  layers  3 
and  5,  nitrogen  atoms;  layers  4  and  6,  metal  atoms. 


Since  there  is  a  strong  surface  segregation  of  indium  atoms,  the  gallium  atom  population  on 
the  surface  is  small,  under  the  condition  that  the  growth  is  not  overly  metal  rich.  Then,  the  gal¬ 
lium  evaporation  will  also  be  small,  and  most  of  the  incident  gallium  flux  will  incorporate  into 
the  bulk.  For  indium  atoms,  the  incident  flux  can  proceed  in  one  of  several  kinetic  pathways. 
One  is  to  be  incorporated  into  the  bulk.  The  second  possibility  is  to  evaporate,  including 
evaporation  from  layer  2  (which  is  actually  decomposition  of  InN)  or  evaporation  from  layer  1 
(the  rate  of  which  depends  on  the  numbers  of  atoms  in  that  layer).  We  denote  the  concentration 
of  indium  atoms  in  the  ith  layer  as  [In],  and  the  rate  of  indium  evaporation  from  the  ith  layer  as 
R,^..  When  the  metal  flux  is  increased  while  keeping  the  nitrogen  flux  constant,  the  metal  atom 
population  in  layer  1  will  increase  and  so  R,„,  will  increase  to  keep  the  metal  flux  in  balance. 
When  the  metal  flux  is  further  increased,  the  layer  1  metal  population  is  so  high  that  metal 
droplets  will  form,  which  is  the  third  pathway  for  the  incident  indium. 

Based  on  this  model,  the  dependence  of  indium  incorporation  on  group  Ill/group  V  ratio 
which  was  described  in  the  earlier  section  can  be  explained.  In  the  metal  rich  region,  the 
maximum  amount  of  In-i-Ga  which  can  be  incorporated  into  the  bulk  is  limited  by  the  active 
nitrogen  flux.  When  the  metal  flux  is  increased,  those  additional  gallium  atoms  will  compete  to 
go  into  bulk.  Since  there  is  a  strong  indium  surface  segregation,  those  additional  gallium  atoms 
will  mostly  go  into  bulk  and  kick  out  indium  atoms,  so  that  the  indium  incorporation  will 
decrease.  Excess  indium  atoms,  formed  from  the  increased  metal  flux  as  well  as  the  decreased 
bulk  incorporation,  will  tend  to  increase  [In,],  and  so  R,„|  will  increase.  Thus,  the  excess  indium 
will  evaporate,  or  alternatively,  it  will  form  droplets  if  there  is  too  much  indium.  In  the  nitrogen 
rich  region,  however,  the  number  of  metal  atoms  in  layer  1  is  minimal.  Thus,  metal  evaporation 
proceeds  mainly  via  R,^^’  which  is  almost  constant  for  a  given  temperature.  Therefore  with  the 
loss  of  indium  being  constant,  an  increase  of  both  indium  and  gallium  flux  while  keeping  their 
ratio  constant  will  lead  to  an  increase  in  the  indium  incorporation. 


CONCLUSION 


The  dependence  of  indium  incorporation  on  temperature  and  metal  flux  has  been  studied 
during  MBE  growth  of  InGaN.  It  is  found  that  the  incorporation  decreases  when  the  growth 


temperature  is  increased,  it  decreases  when  the  group  Ill/group  V  flux  ratio  is  increased  under 
metal  rich  conditions,  and  it  increases  as  a  function  of  this  flux  ratio  under  nitrogen  rich 
conditions.  STM  images  show  that  InGaN  surface  is  mostly  covered  with  indium  atoms, 
revealing  a  strong  surface  segregation  of  the  indium.  Based  on  this  surface  segregation,  a  model 
is  proposed  to  explain  the  indium  incorporation  dependence  on  the  growth  parameters. 
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ABSTRACT 

Structural  transformations  in  Ni/Si-based  contacts  to  GaN  occurring  under  heat 
treatment  have  been  studied  using  transmission  electron  microscopy  and  secondary  ion  mass 
spectrometry.  Transition  from  non-ohmic  to  ohmic  behavior  correlates  with  reaction  between  Ni 
and  Si,  and  decomposition  of  the  initially  formed  interfacial  Ni;Ga:N  layer.  Transport  of  dopant 
atoms  from  metallization  into  GaN  testifies  in  favour  of  the  SPR  process  of  ohmic  contact 
formation 

INTRODUCTION 

One  of  the  key  problems  in  GaN-based  devices  is  a  poor  quality  of  ohmic  contacts  to  p- 
GaN.  The  commonly  adopted  procedure  for  making  ohmic  contacts  involves  the  use  of  high- 
work-function  metallization  schemes.  These  contacts  convert  fi'om  Schottky  to  ohmic-like  after 
annealing,  yielding  resistivities  of  about  10‘^Qcm^  [1]. 

In  order  to  reduce  the  contact  resistivity,  procedures  enhancing  the  concentration  of  the 
active  dopant  in  the  semiconductor  superficial  region  should  be  considered.  To  achieve  that,  we 
have  adopted  the  idea  of  Sands  et  al.  [2]  of  the  incorporation  of  a  dopant  into  the  subcontact 
region  by  solid-state  dissolution  and  subsequent  regrowth  (SPR).  We  have  used  Ni/Si 
metallization,  with  Mg  as  a  dopant  to  produce  contacts  to  p-GaN.  For  n-GaN,  Si  was  the 
intended  donor  dopant.  It  has  been  shown  that  these  contacts  became  ohmic  after  annealing  at 
temperatures  ranging  from  400  to  600°C,  with  resistivity  of  ~  l*10'^Qcm^  on  p-type  GaN  with 
hole  concentration  3*10‘^  cm'^  [3]. 

In  order  to  further  elucidate  structural  changes  that  take  place  during  the  formation  of 
ohmic  contacts,  a  study  of  the  microstructure  of  Ni/Si-based  contacts  has  been  performed.  We 
have  used  transmission  electron  microscopy  (TEM)  methods  and  SIMS.  The  high  spatial 
resolution  of  TEM  provides  details  about  the  morphology  of  metal/semiconductor  interfaces, 
phase  compositions  and  crystallographic  relationships  in  the  contact  region.  SIMS  was  applied  to 
probe  the  elemental  depth  profiles.  The  question  of  dissimilarities  in  the  behavior  of  p-type  and  n- 
type  metallizations  during  the  formation  of  ohmic  contacts  has  been  of  special  concern. 

EXPERIMENTAL  PROCEDURE 

Contacts  under  investigation  have  been  made  to  (0001)  oriented  GaN  epilayers,  1-2  pm 
thick,  grown  via  organometallic  vapour  phase  epitaxy  on  AIN  buffer  layers  predeposited  on  6H- 
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SiC  substrates  [4].  Prior  to  metal  deposition,  the  samples  were  etched  in  buffered  HF  and  in 
NH40H;H20  (1:10),  The  cleaning  was  finished  in  the  deposition  chamber  by  heat  treatment  at 
400”C  for  10  min.,  under  UHV  conditions,  for  thermal  desorption  of  hydrocarbon  contaminants. 
The  metallization  in  the  form  of  sandwich  structures  Ni/Mg/Ni/Si  and  Ni/Si/Ni/Si  for  p-  and  n- 
type  GaN,  respectively,  was  deposited  by  e-beam  evaporation.  The  thickness  of  consecutive 
metallization  films  was  25  nm/8  nm/25  nm/240  nm. 

In  view  of  a  high  thermal  stability  of  GaN,  contacts  were  fabricated  in  a  two-step  process. 
The  first  layer  of  nickel  was  evaporated  onto  the  substrate  held  at  350”C,  then  the  sample  was 
cooled  down  to  room  temperature,  and  the  deposition  of  the  metallization  was  completed.  Finally, 
heat  treatment  was  carried  out  in  flowing  N2,  at  temperatures  200-400‘’C  for  30  min. 

The  microstructure  of  contacts  was  investigated  by  cross-sectional  transmission  electron 
microscopy  (XTEM)  and  high  resolution  imaging  (FIREM)  combined  with  energy  dispersive  x-ray 
spectroscopy  (EDX).  TEM  observations  were  performed  using  a  JEOL  JEM  3010  microscope 
operating  at  300  keV.  A  microprobe  beam  size  of  -10  nm  was  used  for  EDX  analysis. 

SIMS  profiling  was  performed  in  a  Cameca  6F  instrument  with  a  caesium  primary  ion 
beam  and  detection  of  CsMi"^  secondary  cluster  ions,  which  enabled  the  analysis  with  reduced 
matrix  effects.  To  follow  the  thermally  activated  displacement  of  nickel  and  magnesium  atoms 
relative  to  the  contact  interface  in  contacts  to  p-GaN,  Ni-Ga  and  Mg-Ga  cluster  ions  were 
analyzed  as  well.  To  examine  the  interaction  between  GaN  and  nickel  in  as-deposited  samples,  the 
Ni-Ga-N  complex  was  also  monitored  with  negative  secondaries. 

RESULTS 

TEM  micrographs  of  as-deposited  contacts  to  p-and  n-type  GaN  are  presented  in  Fig.  1  (a) 
and  Fig.2(a).  Both  as-deposited  contacts  consist  of  four  distinct  layers.  In  both  contacts  the  upper 
Si  layers  are  amorphous,  and  the  intermediate  Ni  films  are  polycrystalline.  No  sign  of  reaction 
between  these  layers  was  observed. 

The  high  resolution  micrographs  of  metal/semiconductor  interfaces  are  shown  in  Fig.  1  (b) 
and  Fig.2(b).  In  p-type  metallization,  the  Mg  film  is  polycrystalline  and,  as  proved  by  EDX 
analysis,  accommodates  some  amount  of  Ni,  while  in  n-type  contacts,  a  thin  film  of  Si  in-between 
Ni  layers,  is  amorphous. 

In  both  contacts  the  layer  adjacent  to  GaN  is  very  uniform,  20-25  nm  thick,  and  crystalline 
in  nature.  Fourier  transforms  of  the  lattice  fringes  are  consistent  with  a  face-centred  cubic  phase 
with  lattice  parameter  a=0.341  nm,  which,  within  the  resolution  of  our  measurements,  suggests 
Ni.  In  our  previous  publieation  [3]  we  speculated  on  the  formation  of  a  highly  textured  Ni3Ga2 
phase.  This  work  gives  evidence  for  the  presence  of  nickel.  Because  of  the  small  lattice  expansion 
for  the  Ni-Ga  and  Ni-N  solid  solutions  [5],  the  incorporation  of  a  few  atomic  percent  of  Ga  and  N 
into  the  Ni  film  is  below  the  detection  limit  of  the  applied  method. 

No  oxide  at  metal/semiconductor  interface  was  observed. 

The  progress  of  the  contact  reaction,  as  registered  by  SIMS,  is  shown  in  Fig.3.  SIMS 
analysis  reveals  evidence  for  the  expected  interaction  in  as-deposited  contacts  between  Ni  and 
semieonductor.  The  Ni-Ga  cluster  peak,  Fig.3.(a),  and  Ni-Ga-N  complex,  Fig.3.(b),  apparently 
coincide  with  the  superficial  region  of  GaN. 

Annealing  at  350^C,  which  is  50^C  below  the  onset  of  the  ohmic  behavior,  causes 
migration  of  Mg  towards  the  contaet  interface  and  movement  of  Ni  in  the  opposite  direction, 
Fig.3.(c).  This  trend  is  preserved  after  annealing  at  400”C.  The  concentration  of  Mg  in  the 
interfacial  layer  has  further  increased,  while  the  position  of  Ni,  which  now  forms  only  one  distinct 
layer,  coincides  with  that  of  Si,  Fig. 3(d). 
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Fig.  1.  XTEM  micrographs  of  p-GaN/Ni/Mg/Ni/Si  contacts: 

a)  as-deposited  contact,  b)  HREM  lattice  image  of  the  interface  of 
the  as-deposited  contact,  c)  contact  annealed  at  400°C. 


Fig.  2.  XTEM  micrograph.s  of  n-GaN/Ni/Si/Ni/Si  contacts: 

a)  as-deposited  contact,  b)  HREM  lattice  image  of  the  interface  of 
the  as-deposited  contact,  c)  contact  annealed  at  400"’C. 
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Fig.  3.  SIMS  in-depth  profiles  for  p-GaN/Ni/Mg/Ni/Si  contacts: 

a)  and  b)  as-deposited  contact  -  profiles  obtained  with  positive  and  negative 
secondary  ions,  respectively,  c)  annealed  at  350°C,  d)  annealed  at  400°C. 


The  microstructures  of  contacts  after  annealing  at  400”C  for  30  min.  are  presented  in 
Fig.  1(c)  and  Fig. 2(c).  In  both  contacts,  amorphous  planar  interlayers,  ~10  nm  thick,  are  formed 
along  the  interface  separating  the  semiconductor  and  the  metallization.  Careful  EDX  analysis 
revealed  that  in  p-type  contact  this  layer  contains  Mg,  and  some  amount  of  Ni  and  Ga.  Small 
crystalline  voids  of  Ni  are  present  throughout  this  film.  In  the  n-type  contact.  Si  is  the  only 
component  of  the  interfacial  film.  The  main  constituent  of  each  contact  consist  of  nickel  silicide. 
Excess  of  unreacted  amorphous  Si  is  detected  in  the  outermost  layer.  The  contact  interfaces  are 
sharp  and  abrupt. 

DISCUSSION  AND  CONCLUSIONS 

From  the  experimental  observations  of  two  Ni/Si-based  contacts  to  GaN  some  common 
structural  transformations  are  apparent.  During  the  deposition,  Ni  reacts  with  GaN  and  forms  a 
highly  ordered  Ni  layer  containing  some  amount  of  Ga  and  N.  This  reaction  provides  a  very  good 
oxide-free  interface.  Upon  annealing  the  interfacial  film  decomposes,  and  Ni  is  transported  toward 
the  outer  Si  layer.  At  the  same  time,  the  dopant  atoms  (Mg  or  Si)  move  in  the  direction  of  the 
semiconductor  substrate  and  finally  form  a  continuous  film  at  the  interface. 

As  for  electrical  properties,  the  transition  from  non-ohmic  to  ohmic  behavior  in  GaN/NiSi 
contact  system  takes  place  when  the  initial  interface  interlayer  Ni:Ga:N  decomposes  as  a  result  of 
Si-Ni  reaction.  The  NiSi  phase  is  not  in  direct  contact  with  GaN  when  the  contact  become  ohmic, 
so  it  can  not  be  responsible  for  the  ohmic  behavior.  On  the  other  hand,  the  presence  of  Mg  in  the 
superficial  film  of  the  semiconductor,  in  the  applied  temperature  range,  can  not  be  explained  in 
terms  of  diffusion.  The  contact  reaction  is  probably  accompanied  by  a  regrowth  of  the 
decomposed  volume  of  the  semiconductor.  Since  the  semiconductor  surface  layer  reacted  with  Ni 
is  very  thin,  the  observed  ohmic  behavior  must  be  due  to  a  few  monolayers  thick  regrown  GaN 
film.  The  growth  of  an  amorphous  layer  at  the  surface  of  GaN  could  lower  the  barrier  height 
across  the  metal/semiconductor  interface,  and  thus  facilitate  the  formation  of  the  low-resistance 
contact.  The  interface  of  Ni/Si-based  contacts  to  GaN  appears  to  be  sharp  as  opposed  to  a 
continuous  diffuse  interface,  characteristic  of  the  presently  used  alloyed  contacts.  In  terms  of 
electronic  properties,  interface  and  surface  morphologies,  the  Ni/Si  contact  scheme  appears  to  be 
promising  for  device  applications. 
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ABSTRACT 

In  organometallic  vapor  phase  epitaxial  growth  of  group  III  nitrides  on  sapphire,  insertion  of  a 
low  temperature  interlayer  is  found  to  improve  crystalline  quality  of  AlxGai.xN  layer  with  x  from 
0  to  1.  Here  the  effects  of  the  low  temperature  deposited  GaN  or  AIN  interlayers  on  the  structural 
quality  of  group  III  nitrides  is  discussed. 

INTRODUCTION 

From  the  late  60’s  to  the  early  70’s  Maruska  and  Tietjen  [1],  Pankove  et  al  [2]  and  Monemar 
[3]  demonstrated  the  significant  potential  of  GaN  as  a  solid  source  blue  light  emitter.  However, 
the  difficulty  in  growing  high  crystalline  quality  GaN  free  of  cracks,  and  in  fabricating  p-type 
GaN,  have  long  prevented  the  practical  application  of  GaN.  The  use  of  low-temperature- 
deposited  buffer  layer  (LT-BL)  [4,5]  and  the  realization  of  p-type  GaN  [6,7]  triggered  the  vast 
expansion  of  nitride  research  worldwide  [8].  Today,  bright  blue  light  emitting  diodes  (LEDs), 
green  LEDs  and  white  LEDs  based  on  nitrides  have  been  commercialized,  and  purple,  deep 
purple  and  even  UV  laser  diodes  have  been  fabricated.  Microwave  field  effect  transistor  (FET) 
and  solar- blind  UV  detectors  are  also  available.  These  results  are  remarkable  considering  the  16% 
lattice  mismatch  between  GaN  and  sapphire,  which  were  accommodated  by  the  LT-BL  approach. 

Nevertheless,  GaN  grown  on  sapphire  using  a  LT-BL  still  contains  high  threading  dislocations 
(TDs)  densities  on  the  order  of  lO^-lO’^^cm'^  that  originate  at  the  interface  between  GaN  and  the 
LT-BL  and/or  sapphire  substrate  [9,10].  TDs  affect  performances  of  several  devices  such  as 
LEDs  or  FETs  because  some  of  the  TDs  act  as  non-radiative  recombinaiton  centers  [11]  and/or 
scattering  centers  in  the  transport  of  electrons  [12]. 

Recently,  we  found  that  insertion  of  low-temperature-deposited  GaN  or  AIN  interlayers  (LT- 
GaN  IL  or  LT-AIN  IL)  between  high-temperature-grown  GaN  (HT-GaN)  layers  reduces  TD 
densities  of  HT-GaN  [13-15].  We  also  found  that  the  low  temperature  interlayer  is  effective  not 
only  for  the  improvement  of  the  crystalline  quality  of  the  HT-GaN  layer,  but  also  for  that  of  HT- 
AlGaNandHT-AlN. 

In  this  study.  X-ray  diffraction  (XRD),  transmission  electron  microscopy  (TEM)  as  well  as 
microscopic  observations  were  performed  to  investigate  the  effects  of  LT-ILs  on  the  structural 
properties  of  the  topmost  GaN,  AlGaN  and  AIN  layers. 


G10.1 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  537  ©  1999  Materials  Reseatxih  Society 


EXPERIMENTS 

Nominally  undoped  GaN,  AlGaN  and  AIN  layers  were  grown  on  (0001)  sapphire  substrates  in 
a  horizontal  reactor  [16].  TMGa,  TMAl  and  ammonia  were  used  as  Ga,  A1  and  nitrogen  source 
gases,  respectively,  at  around  140  Torr  growth  pressure. 

Fig.l  schematically  shows  the  structure  of  the  sample  used  in  this  study.  In  this  paper,  the  LT- 
layer  between  sapphire  substrate  and  HT-GaN  is  called  buffer  layer  (BL),  while  the  LT-layer 
between  HT-nitride  is  called  interlayer  (IL). 

Just  after  thermal  annealing  of  the  sapphire  (0001)  substrate  in  a  hydrogen  flow  at  1,150°C,  the 
graphite  susceptor  was  cooled  down  to  500°C  in  order  to  deposit  either  a  LT-AIN  BL  or  a  LT- 
GaN  BL  on  the  sapphire  substrate.  The  thickness  was  ~-20nm.  HT-GaN  was  grown  at  1,050°C  on 
the  LT-BL.  The  thickness  of  the  first  HT-GaN  layer  was  fixed  at  ~1  pm.  The  deposition 
conditions  for  LT-AIN  IL  or  the  LT-GaN  IL  was  just  the  same  as  that  for  the  first  LT-BL.  HT- 
nitrides  were  grown  on  top  of  the  LT-IL.  For  comparison,  HT-AlGaN  and  HT-AIN  were  also 
grown  on  LT-BL  or  on  HT-GaN  not  covered  with  a  LT-IL. 


additional 


Fig.  1  Schematic  drawing  of  the  structure  of  the  samples  used  in  this  study. 

LT  :  low  temperature 
HT  :  high  temperature 
BL :  buffer  layer 
IL :  Interlayer 


Plan  view  and  cross  sectional  transmission  electron  microscopy  (TEM)  observations  were 
carried  out  to  measure  the  density  of  TDs  using  a  HITACHI  H-9000  TEM  system  with  an 
acceleration  voltage  of  300  kV.  In  order  to  determine  the  density  of  TDs  of  the  uppermost  layer 
by  plan  view  TEM,  the  samples  were  thinned  from  the  back  side.  A  focused  ion  beam  technique 
was  used  to  prepare  the  cross  sectional  TEM  samples. 

X-ray  diffraction  was  performed  by  a  Philips  X’Pert  system  to  characterize  the  crystalline 
quality  of  the  samples. 

RESULTS 

HT-GaN/LT-IL/HT-GaN/LT-BL/Sapphire 

Fig.  2  shows  a  multi-beam  dark  field  cross  sectional  TEM  image  of  the  GaN  grown  by  the 
newly  developed  LT-IL  technique.  It  is  clearly  seen  that  several  TDs  originated  at  the  interface 
between  HT-GaN  and  the  LT-AIN  BL  and/or  sapphire  were  annihilated  at  the  LT-AIN  IL.  In  this 
case,  LT-AIN  IL  was  used.  We  confirmed  that  LT-GaN  IL  is  also  effective  to  reduce  TDs. 
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Fig.2  Multi  beam  dark  field  cross  sectional  TEM  image  of  GaN  grown  by  using 
a  LT-AIN  IL.  TDs  are  indicated  by  triangles. 


Fig.  3  shows  the  plan  view  TEM  images  of  the  top  HT-GaN  grown  on  sapphire  (a)  using  five 
LT-AIN  IL  and  one  LT-AIN  BL,  and  (b)  using  conventional  one  LT-AIN  BL.  In  fig.  3  (b),  plenty 
of  TDs  can  be  seen  while  in  fig.  3  (a),  TDs  can  hardly  be  observed. 


(a) 


Fig.  4  shows  the  density  of  TDs  measured  by  plan  view  TEM  of  the  top  HT-GaN  layer  as  a 
funetion  of  number  of  LT-layers.  A  reduction  in  the  TDs  density  is  always  observed  with  an 
increased  number  of  LT-ILs.  This  result  is  independent  of  the  interlayer  material.  In  other  words, 
both  LT-AIN IL  and  LT-GaN  IL  act  as  TDs  filters. 

Comparing  the  LT-AlN  IL  and  LT-GaN  IL  as  TDs  filters,  they  seem  to  show  similar  effects. 
However,  in  case  of  LT-GaN  IL,  the  HT-GaN  tends  to  crack  when  the  number  of  IL  repetition 
exceeds  a  certain  value.  In  the  case  of  LT-GaN  ILs,  a  cracking  network  is  clearly  visible  when  the 
repetition  exceeds  8  times.  On  the  contrary,  no  cracks  are  observed  in  HT-GaN  grown  by  using 
LT-AlN  ILs.  From  in-situ  stress  monitoring  with  a  multi-optical  beam  stress  sensor  system 
[15,17,18],  it  was  found  that  HT-GaN  is  grown  under  tension,  and  the  magnitude  of  tensile  stress 
increases  with  increasing  number  of  repetitions  of  the  LT-GaN  IL.  Therefore,  it  is  natural  to  think 
that  cracks  are  generated  during  the  growth  when  the  tensile  stress  exceeds  some  critical  value.  In 
comparison,  in  the  case  of  the  LT-AlN  IL,  the  magnitude  of  tensile  stress  during  growth  is  almost 
constant  irrespective  of  the  number  of  repetitions  of  the  LT-AlN  IL.  Details  will  be  give 
elsewhere[15]. 

The  LT-IL  method  is  different  from  the  thermal  cyclic  annealing,  because  in  this  newly 
developed  process  either  GaN  or  AIN  is  deposited  at  low  temperature.  Actually,  even  though 
thermal  cyclic  annealing  was  performed,  due  probably  to  the  high  thermal  stability  of  dislocations 
in  nitrides,  no  improvement  of  the  crystalline  quality  of  HT-GaN  was  observed. 


Number  of  LT-layers 

Fig.  4  Density  of  TDs  measured  by  plan  view  TEM  as  a  function  of  number  of  ILs. 
Up  and  down  triangles  show  the  LT-AlN  and  LT-GaN  cases,  respectively. 


HT-AlGaN/LT-IL/HT-GaN/LT-BL/Sapphire 


One  of  the  advantages  of  the  LT-IL  method  is  that  it  can  be  applicable  not  only  for  the  growth 
of  GaN  but  also  for  the  growth  of  Al-containing  alloys.  To  verify  this  superiority  of  LT-IL 
method,  HT-AlosGao^N  or  HT-AIN  was  grown  on  HT-GaN  covered  with  LT-AIN  IL.  Both  HT- 
Alo.sGao-sN  and  HT-AlN  grown  on  LT-GaN  IL  or  on  HT-GaN  showed  a  cracking  network  as 
shown  in  figs.  5  (b)  and  5  (d).  On  the  other  hand,  as  shown  in  figs.  5  (a)  and  (c),  no  cracking  was 
observed  on  the  surface  of  HT-AIN  grown  on  a  LT-AlN  IL. 

The  improvement  of  the  crystalline  quality  of  HT-AIN  by  the  use  of  the  LT-AIN  IL  method 
was  confirmed  by  X-ray  rocking  curve  (XRC)  measurements.  As  shown  in  fig.  6,  the  crystalline 
quality  of  HT-AIN  grown  on  LT-AIN  IL  is  far  superior  to  that  of  HT-AIN  grown  on  HT-GaN  or 
on  LT-AIN  BL  on  sapphire.  We  verified  the  same  results  on  the  growth  of  HT-ALGai  ^N  on  LT- 
AIN  IL  within  the  entire  composition  range. 
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Fig.  5  Differential  interference  contrast  micrographs  of  the  surface  of  HT- 
Alo.5Gao..5N((a),  (b))  and  HT-AIN  ((c),  (d))  grown  on  (a),(c)  LT-AIN  IL/HT- 
GaN/LT-AlN  BL/Sap.,  and  (b),(d)  HT-GaN/LT-AlN  BL/Sap. 


Fig.  6  FWHMs  of  X-ray  rocking  curve  of  (0002)  diffraction  from  HT-AIN  on  (a)  LT- 
AIN  IL/HT-GaN/LT-AlN  BL/Sap.,  (b)HT-GaN/LT-AlN  BL/Sap.,  and  (c)  LT-ALN 
BL/Sap. 


SUMMARY 

The  effect  of  the  insertion  of  low  temperature  interlayers  on  the  improvement  of  the  crystalline 
quality  of  the  upper  nitride  layers  were  investigated.  The  low  temperature  interlayer  method  is 
applicable  not  only  for  the  growth  of  GaN,  but  also  for  the  growth  of  high  crystalline  quality 
AlGaN  including  binary  AIN  free  of  cracks.  Therefore,  application  of  low  temperature  interlayers 
is  not  limited  to  the  improvement  of  the  performance  of  the  GaN  based  devices,  but  is  quite 
useful  for  the  fabrication  of  novel  devices  such  as  distributed  Bragg  reflectors,  vacuum  UV 
detectors  or  UV  emitting  devices,  all  of  which  include  high  AIN  content  AlGaN  layers. 
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Abstract 


Epitaxial  growth  on  GaN  single  bulk  crystals  sets  new  standards  in  GaN  material  quality. 
The  outstanding  properties  provide  new  insights  into  fundamental  material  parameters  (e.g. 
lattice  constants,  exciton  binding  energies,  etc.)  being  not  accessible  by  heteroepitaxial  growth 
on  sapphire  or  SiC.  With  MOVPE  and  MBE  we  realized  unstrained  GaN  layers  with  dislocation 
densities  about  six  orders  of  magnitude  lower  than  in  heteroepitaxy.  Those  layers  revealed  an 
exceptional  optical  quality  as  determined  by  a  reduction  of  the  photoluminescence  linewidth 
from  5  to  0. 1  meV  and  a  reduced  XRD  rocking  curve  width  from  400  to  20  aresec. 

Only  recently,  progress  in  surface  preparation  allowed  morphologies  of  the  layers  suitable 
for  device  applications.  We  report  on  InGaN/GaN  MQW  structures  as  well  as  the  first  GaN  pn- 
and  InGaN/GaN  double  heterostructure  LEDs  on  GaN  single  bulk  crystals.  Those  LEDs  are 
twice  as  bright  as  their  counterparts  grown  on  sapphire.  In  addition  they  reveal  an  improved  high 
power  characteristics,  which  is  attributed  to  an  enhanced  crystal  quality  and  an  increased 
p-doping.  Time  resolved  electroluminescence  measurements  proof  that  band/band  recombination 
is  the  dominant  emission  mechanism  for  the  InGaN/GaN  LEDs. 

Introduction 


Due  to  its  excellent  optical  and  electrical  properties,  GaN  attracts  worldwide  attention  for 
devices  and  fundamental  research.  The  wide  direct  bandgap,  the  high  luminescence  efficieney 
and  the  thermal,  mechanical,  and  chemical  robustness  make  group  Ill-nitride  semiconductors  the 
superior  material  system  for  optoelectronic  devices  in  the  UV  to  visible  range.  Despite 
exceptional  progress,  group  Ill-nitrides  technology  still  suffers  from  mismatched  heteroepitaxial 
growth.  Mismatch  in  lattice  constants  and  thermal  expansion  coefficients  between  substrate 
(mostly  sapphire  or  SiC)  and  epitaxial  layer  inhibit  perfect  crystal  formation,  resulting  in  10^  to 
10^*^  threading  dislocations  per  cm^. 

Homoepitaxial  growth  of  GaN  has  proven  its  tremendous  potential  to  achieve  superior 
material  quality  resulting  in  extremely  narrow  photoluminescence  (PL)  linewidths  [1],[2]  and  a 
reduction  of  the  dislocation  densities  by  six  orders  of  magnitude.  These  material  qualities  can 
only  be  attained  using  a  substrate  which  is  identical  in  crystal  structure,  lattice  parameter  and 
thermal  expansion  eoefficient.  Under  those  conditions,  two-dimensional  layer-by-layer  growth 
can  be  obtained  and  the  generation  of  dislocations  can  be  inhibited.  Additional  process  steps 
such  as  nitridation  and  nucleation  layers,  mandatory  in  heteroepitaxy  of  GaN,  are  no  longer 
required,  thus  significantly  simplifying  the  growth  process.  Besides  the  fundamental  advantages 
of  homoepitaxy,  GaN  substrates  have  a  high  thermal  conductivity  facilitating  high  power 
applications.  Since  they  are  electrically  conductive,  too,  they  provide  additional  freedom  for  the 
device  design  (e.g.  vertical  current  transport)  and  simplify  the  device  processing.  Beside  above 
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mentioned  advantages,  GaN  substrates  are  of  particular  interest  for  GaN-based  blue  laser,  since 
simple  facet  cleaving  [3]  becomes  feasible  and  the  far  field  pattern  will  be  improved  due  to  the 
relative  high  index  of  refraction  of  the  GaN  substrates.  These  outstanding  properties  justify  the 
enormous  endeavor  conducted  at  several  laboratories  on  the  growth  of  single  crystal  GaN 
substrates  [4], [5], [6].  Even  when  the  effort  for  those  substrates  is  probably  too  high  for  mass 
products  such  as  LEDs,  it  might  be  worth  for  high  power  laser  applications. 

Experimental 

Substrate  preparation 

The  GaN  substrates  have  been  grown  in  a  high-temperature  high-pressure  process  where 
the  GaN  is  formed  at  N2  pressures  up  to  20  kbar  and  at  temperatures  up  to  1600°C  from  atomic 
nitrogen  dissolved  in  a  Ga  melt.  At  a  growth  rate  of  approximately  100  pm/h  perpendicular  to 
the  c-plane,  the  wurtzite  crystals  are  grown  up  to  areas  of  some  100  mm^  at  a  thickness  of  about 
200  pm.  Undoped  crystals  used  in  this  study  reveal  an  flat  (000-1)  surface  (i.e.  N-polarity)  and  a 
rough  (0001)  surface  (i.e.  Ga-polarity),  following  E.  Heilman’s  convention  on  the  orientation  [7]. 
The  (000-1)  surface  can  be  mechano-chemically  polished  to  achieve  an  atomically  flat  surface. 
The  initial  roughness  of  the  (0001 )  side  requires  a  polishing  for  device  quality  growth.  Due  to  the 
chemically  inertness  of  the  (0001)  surface  this  can  only  be  achieved  by  mechanical  polishing. 

The  crystal  quality  of  the  GaN  substrates  is  excellent  as  indicated  by  x-ray  rocking  curve 
measurements  [8].  Using  CxiKax  radiation,  linewidths  of  20  arc  sec  are  obtained  for  the 
(0002)  reflex.  The  excellent  structural  properties  are  also  pointed  out  by  very  low  dislocation 
densities  ranging  from  10^  -  10'^  cm'^.  The  optical  quality  however  is  poor,  near-bandgap 
excitonic  transitions  are  not  visible,  weak  PL  at  380  nm  and  at  530  nm  is  observed  at  room 
temperature  (RT). 

Epitaxial  growth 

The  homoepitaxial  growth  of  GaN  is  performed  in  a  horizontal,  RF  heated,  water  cooled 
quartz  MOVPE  reactor  (AIXTRON  AIX  200  RF)  operated  at  low  pressures.  Trimethylgallium 
(TMGa),  Trimethylindium  (TMIn),  Trimethylaluminum  (TMAl),  ammonia  (NH3),  silan  (SiH4) 
and  bis-cyclopentadienylmagnesium  (Cp2Mg)  are  used  as  precursors,  hydrogen  is  used  as  carrier 
gas.  The  one  side  polished  GaN  substrates  (approximately  8x6  mm^  in  size)  were  healed  to 
1060®C  under  a  steady  flow  of  ammonia  to  avoid  surface  degradation.  During  growth,  the  flow 
rates  of  NH3  and  TMGa  were  kept  at  2.0  slm  and  17  pmol/min,  respectively.  The  Cp2Mg  flow 
rate  was  90  nmol/min  for  p-type  doping.  After  growth,  thermal  annealing  under  nitrogen  ambient 
at  750°C  was  performed  for  5  min  to  obtain  p-type  conductivity. 

Characterization 

Photoluminescence  measurements  at  RT  and  4  K  are  performed  using  a  HeCd  laser 
(7.  =  325  nm)  with  an  excitation  density  of  approx.  10  mW/mm^.  X-ray  diffraction  (XRD)  with 
C\iKa  I  radiation  is  used  to  characterize  the  structural  quality  of  the  binary  layers  as  well  as  the 
composition  of  the  ternary  ones.  Hall  measurements  of  the  epitaxial  layers  are  inhibited  by  the 
highly  conductive  GaN  substrate. 

Devices 

LEDs  are  fabricated  taking  advantage  of  the  vertical  device  structure.  Ni/Au  contacts 
(50/200  nm)  are  evaporated  as  p-contacts.  Dicing  is  achieved  by  simple  cleaving,  since  layer  and 
substrate  are  identical  in  their  crystal  structure  and  orientation.  Subsequently,  the  devices  are 
mounted  on  a  copper  plate  using  silver  glue  as  backside  contact  material  (n-type).  The  LEDs  are 


characterized  by  I-V  measurements,  their  output  power,  and  their  electroluminescence  spectra 
under  cw-  as  well  as  ns-short-pulse-excitation. 

Results  and  Discussion 


Surface  orientation  and  preparation 

Both  orientations  (N-polarity  (000-1)  and  Ga-polarity  (0001))  of  undoped  single  crystal 
substrates  have  been  investigated  in  this  study.  Figure  1  compares  the  photoluminescence  of 
GaN  layers  grown  under  identical  conditions  on  GaN  substrates  of  both  orientations. 


Fig  1.:  Photoluminescence  of  epitaxial  GaN  layers  (MBE)  on  (000-1)-  and  (OOOl)-oriented  GaN 
substrates.  Linewidth  is  as  low  as  0.5  meV  for  the  (OOOl)-orientation. 

At  a  PL  linewidth  of  approx.  2  meV  the  material  quality  of  the  epitaxial  layer  grown  on 
(000-1)  oriented  substrates  compares  favorably  to  heteroepitaxial  growth.  However,  the 
properties  of  epitaxial  films  deposited  on  (0001)  oriented  substrates  are  clearly  superior.  Due  to 
the  outstanding  material  quality  achieved  on  the  (0001)  oriented  substrates  (0.5  meV  for  the 
bound  excitons  in  this  MBE  grown  layer),  this  orientation  has  been  used  for  the  subsequently 
described  work.  The  differences  between  both  orientations  can  be  traced  back  to  the  significantly 
different  free  surface  energies  of  the  orientations.  From  ab-initio  calculations  it  is  determined 
that  the  free  surface  energy  of  the  (000-1)  surface  is  significantly  higher  than  the  one  of  the 
(0001)  surface  [9].  From  this  point,  the  (0001)  orientation  provides  a  more  stable  surface  with  a 
lower  probability  of  dopant  incorporation  [10]. 

For  the  following  experiments  the  Ga-terminated  side  was  mechanically  polished  to 
remove  the  initial  roughness  of  the  (0001)  surface.  This  process,  however,  is  known  to  create 
sub- surface  damage  which  interferes  with  high  quality  epitaxial  growth  on  such  treated 
substrates.  In  conventional  III-V  technology,  this  damage  is  chemically  removed,  an  approach 


not  accessible  for  the  nitrides,  as  there  is  no  suitable  etchant  known.  Therefore,  chemically 
assisted  ion  beam  etching  (CAIBE),  a  dry  etching  technique  where  the  physical  and  chemical 
components  of  the  etching  process  can  be  controlled  fairly  independently,  is  used  to  remove 
residual  sub-surface  damage.  For  direct  comparison  one  half  of  a  sample  is  CAIBE  treated, 
whereas  the  other  part  is  left  unetched.  Therefore,  the  substrate  surface  is  partially  coated  with 
photoresist,  acting  as  an  etch  mask.  Argon  and  chlorine  gas  are  used  as  physical  and  chemical 
etching  components,  respectively.  Within  10  minutes  an  etch  depth  of  approx.  300  nm  was 
achieved  using  an  ion  energy  of  400  eV  which  is  reduced  to  100  eV  towards  the  end  to  minimize 
the  ion  damage.  Nevertheless,  the  process  is  supposed  to  create  an  ion  damage  up  to  a  depth  of 
8  A.  Since  the  etch  rate  depends  only  weakly  on  the  chlorine  flux,  the  process  is  regarded  to  be 
dominated  by  the  physical  component,  i.e.  sputtering.  Figure  2a  shows  a  SEM  micrograph  of  a 
homoepitaxial  GaN  layer  grown  on  a  substrate  which  has  been  treated  as  described  above. 
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Fig  2.:  SEM  image  (2a),  corresponding  cathodoluminescence  (CL)  intensities  (2b)  and  local  CL 
spectra  (2c)  obtained  from  an  epitaxial  GaN  layer  grown  on  partially  CAIBE  treated  (0001)- 
oriented  GaN  substrates.  CL  by  F.  Bertram,  T.  Riemann,  and  J.  Christen  (Univ.  Magdeburg). 

The  micrograph  depicts  the  surface  of  a  MOVPE  grown  GaN  film  just  at  the  borderline 
between  the  etched  and  overgrown  part  (upper  part)  and  the  overgrown  part  which  was  not 
previously  etched  (lower  part).  The  CAIBE-etched  part  of  the  sample  reveals  a  significantly 
improved  surface  topology  with  almost  no  visible  scratches,  trenches,  or  holes.  Figure  2b  shows 
the  corresponding  CL  intensity  distribution  of  the  same  region  of  the  sample.  On  the  etched  part, 
the  intensity  variation  is  almost  negligible.  In  contrast,  the  area  being  not  etched  yields  only 
weak  CL  signals  (1000  times  less  in  intensity)  which  also  fluctuate  locally.  The  comparison  of 
the  local  CL  spectra  reveals  large  differences.  The  measured  linewidth  of  the  spectrum  taken 
from  the  etched  region  (fig.  2a,  area  A)  is  ten  times  narrower  than  that  of  the  non-etched  region 
(fig.  2a,  area  B).  However,  the  narrow  CL  spectra  obtained  from  area  A  are  still  clearly 
resolution  limited  by  the  employed  setup.  The  following  mechanism  is  proposed  to  be 
responsible  for  the  observations  [11].  After  mechanical  polishing,  the  bulk  GaN  substrates  reveal 
a  smooth  and  mirror-like  surface,  however,  sub-surface  damage  is  induced  by  the  polishing.  By 
heating  the  substrates  to  growth  temperature  under  ammonia  during  the  MOVPE  process,  the 
damage  becomes  obvious  revealing  the  observed  trenches  and  scratches  in  the  surface  (fig.  2a, 
lower  part).  This  experimental  finding  can  be  understood  by  dissociation  and  subsequent 
desorption  of  the  damaged  GaN.  Eventually,  during  the  heat  up  phase  of  the  MOVPE  growth,  the 
substrate  temperature  of  about  1 100°C  becomes  high  enough  to  achieve  chemical  etching 
(dissociation)  under  NH-"^  even  of  non-deteriorated  GaN  layers  [12].  Whenever  CAIBE  is  applied 
before  annealing,  the  originally  mirrorlike  surface  morphology  is  kept  mirrorlike  during  the 
mostly  physical  etching  process  and  thereby  transferred  into  the  undisturbed  part  of  the  substrate. 
However,  ion-beam  induced  damage  is  created  by  the  CAIBE  process.  This  damage. 


nevertheless,  is  distributed  homogeneously  over  the  sample  surface.  During  annealing  in  the 
MOVPE  system  this  damage  will  dissociate  revealing  an  almost  perfect  and  smooth  surface. 
Excess  metallic  Ga  left  on  the  surface  is  desorpt  due  to  the  exceptional  high  growth  temperature 
of  the  group  Ill-nitrides. 

The  necessity  of  the  CAIBE  treatment  for  devices  based  on  single  crystal  substrates  can 
best  be  seen  in  Fig.  3  showing  evaporated  Ni/Au  metal  contacts  on  a  GaN  pn-junction  LED  in  an 
area  without  (Fig.  3a)  and  with  prior  CAIBE  treatment  (Fig  3b).  The  region  of  the  device  which 
was  not  CAIBE-treated  reveals  deep  trenches  as  described  earlier.  Since  the  depths  of  the 
trenches  is  above  the  typical  thickness  of  the  p-GaN  layer  any  metallization  covering  the 
sidewalls  of  the  trenches  will  short  circuit  the  pn-junction  of  the  device. 


Fig.  3:  SEM  micrograph  of  the  surface  of  a  homoepitaxial  GaN  pn-junction  LED  with 
evaporated  Ni/Au  metal  contacts,  without  (3a)  and  with  (3b)  CAIBE  treatment  prior  to  growth 
(different  areas  of  the  same  sample). 


Binary  and  ternary  layer  properties 

Homoepitaxial  GaN  layers  with  outstanding  properties  have  been  achieved  using  above 
described  CAIBE  technique  (Fig.  4).  PL  at  4.2  K  reveals  free  excitons  A,  B,  C  as  well  as  excited 
states  of  those  excitons,  where  the  identification  is  verified  by  reflectance  measurements 
included  in  the  figure.  The  linewidth  of  the  bound  excitons  (3.464  -  3.474  eV)  is  as  low  as 
0.1  meV. 

The  structural  quality  of  the  homoepitaxial  GaN  layers  is  extremely  high  as  indicated  by 
the  narrow  linewidth  of  approx.  20  arcsec  ((0002)  reflex),  revealing  the  low  dislocation  density 
and  the  negligible  mosaicity  of  the  GaN  layers  grown  on  single  crystal  GaN  substrates.  A  minor 
lattice  mismatch  of  approx.  Aa/a  ~  10"^  between  layer  and  substrate  is  due  to  the  high  carrier 
concentration  of  the  substrates  [8].  The  outstanding  xray  data  confirm  that  homoepitaxial 
growth  conserves  or  even  improves  the  excellent  structural  quality  and  low  dislocation 
density  of  the  GaN  substrates,  as  expected 

Ternary  III-N  compounds  have  been  investigated  as  building  blocks  for  double¬ 
heterostructure-  (DH)  and  MQW-LEDs.  The  PL  of  50  nm  thick  InGaN  layers  is  shown  in  Fig  5. 
For  comparison  the  PL  of  a  heteroepitaxially  layer  grown  under  identical  conditions  (but 
employing  a  nucleation  layer)  is  included.  The  observed  shift  in  the  emission  wavelength  can  be 
understood  by  a  different  surface  temperature  between  the  highly  heat  conductive  and  partially 
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Fig.  4:  High  resolution  photoluminescence  (log.  scale)  and  reflectance  (lin.  scale)  of  a  2  pm 
epitaxial  GaN  layer  grown  on  CAIBE  treated  (OOOl)-oriented  GaN  substrates.  Measurements  by 
K.  Kornitzer,  K.  Thonke,  and  R.  Sauer  (Univ.  Ulm,  Dept,  of  Semiconductor  Physics). 

absorbing  GaN  substrate  and  the  sapphire.  This  causes  a  higher  surface  temperature  for  the  GaN 
substrates  at  a  nominally  identical  susceptor  temperature,  leading  to  a  reduced  In  incorporation 
and  the  observed  slightly  lower  emission  wavelength.  Fig  6.  reveals  a  analogously  comparison 
for  InGaN/GaN  (3nm/3nm)  multiple  quantum  well  structures. 

Light  emitting  diodes 

Initial  LED  structures  have  been  homotype  pn-junction  LEDs.  Only  the  regions  of  the 
device  which  underwent  a  CAIBE  treatment  yield  functional  devices,  as  becomes  obvious  from 
Fig.  3.  The  EL  of  those  devices  is  depicted  in  Fig.  7  for  various  current  densities.  The  LEDs 
show  an  intense,  single  peak  emission  at  about  420  nm  wavelength  with  a  linewidth  of  60  nm  for 
low  currents.  UV  emission  is  not  observed  even  under  the  highest  current  densities.  It  is 
remarkable  that  the  emission  wavelength  is  constant  at  approx.  425  nm  up  to  current  densities  of 
3000  kA/cm  .  As  was  initially  pointed  out  by  S.Nakamura  et  al.  for  GaN  p«-junction  LEDs  this 
is  a  clear  indicative  of  the  high  quality  of  the  p-type  material  obtainable  by  homoepitaxial  growth 
[13].  With  increasing  free  hole  concentration,  the  PL  transition  at  425  nm  is  found  to  increase  in 
intensity  [14], [15].  Only  a  very  high  density  of  those  recombination  centers  can  guarantee  an 
emission  at  425  nm  in  EL  even  under  high  current  densities.  Once  the  injected  carriers 
outnumber  these  recombination  centers  the  surplus  carriers  recombine  under  emission  of  UV 
light  at  about  380  nm  [16].  The  EL  obtained  from  heteroepitaxial  LEDs  grown  on  sapphire  under 
identical  conditions  is  also  included  for  comparison  (dashed  line). 
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Fig.  5:  Room  temperature  photoluminescence  of  approx.  50  nm  InGaN  layers  grown  on 
GaN-  and  sapphire-substrates,  respectively. 
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Fig.  6:  Photoluminescence  of  InGaN/GaN  (3nm/3nm)  multiple  quantum  well  structures  grown 
on  GaN-  and  sapphire-substrates,  respectively  (20  K). 


The  heteroepitaxial  devices  reveal  a  clear  shift  towards  shorter  wavelengths  which  is  attributed 
to  an  inferior  quality  of  the  p-material  at  the  pn-junction.  Furthermore,  the  homoepitaxial  LED  is 
approx,  twice  as  bright  as  their  counterpart  on  sapphire. 
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Fig.  7:  Electroluminescence  (EL)  of  a  GaN  homojunction  pn-LED  grown  on  GaN  substrate. 
Emission  spectra  at  various  current  densities.  At  a  given  current  density,  the  homoepitaxial 
devices  are  twice  as  bright  as  comparable  LEDs  grown  on  sapphire  (dashed  line). 


In  addition  to  above  homojunction  LEDs,  first  InGaN/GaN  DH-LEDs  have  been 
fabricated  using  single  bulk  crystal  substrates.  The  EL  of  those  devices  is  depicted  in  Fig.  8. 
Even  at  low  current  densities  of  6  A/cm^  decent  EL  is  observed  revealing  a  significant  lower 
density  of  non-radiative  recombination  centers  than  in  their  on-sapphire-grown 
counterparts.  Time  resolved  EL  is  measured  to  reveal  the  recombination  mechanisms  (Fig.  9) 
[17].  A  single  exponential  decay  with  a  time  constant  as  low  as  1  ns  clearly  identifies  band/band 
recombination  to  be  the  dominant  emission  mechanism,  since  defect-  as  well  as  DAP-related 
electroluminescence  transitions,  as  localized  states,  reveal  a  two  order  of  magnitudes  longer 
decay  time  (about  100  ns)  [18]. 
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Fig.  8:  Electroluminescence  (EL)  of  a  InGaN/GaN  DH-LED  grown  on  GaN  substrate.  Excellent 
EL  is  achieved  at  low  current  densities,  revealing  a  low  density  of  non-radiative  defects. 
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Fig.  9:  Time  resolved  electroluminescence  (EL)  of  a  InGaN/GaN  DH-LED  grown  on 
GaN  substrate.  Depicted  is  the  EL  after  short-pulse-excitation  at  50  V  for  10  ns  (pulse  being  also 
depicted).  Exponential  decay  time  is  as  short  as  1  ns  indicating  band/band  recombination.  The 
pulse-signal  delay  of  35  ns  is  caused  by  the  experimental  setup. 


The  current  through  the  LED  as  depicted  in  Fig.  10  is  obviously  limited  by  the  series 
resistance  (i.e.  contact  and  sheet  resistances)  of  the  devices,  which  can  be  deduced  to  about  1  kQ 
from  the  currents  at  high  voltages  (Ud  larger  than  a  few  (nkBT)/q).  The  voltage  drop  at  the  series 
resistance  is  most  likely  caused  by  the  imperfect  housing  of  the  LEDs,  since  the  devices  have 


just  been  glued  to  a  metal  base  using  silver  glue.  The  current  then  is  then  passed  through  the  200 
-  300  pm  thick  substrate  of  the  vertical  device.  Further  improvements  are  expected  using  a  more 
elaborated  contact  and  housing  technology. 
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Fig.  10;  Current/voltage  characteristics  of  a  GaN  InGaN/GaN  DH-LED.  The  curve  reveals  a 
good  breakdown  behavior  and  turn-on- voltage  but  still  a  rather  high  series  resistance.  The  later  is 
probably  originated  by  contributions  from  the  silver  glue  (^-contact  metal)  and  the  200  -  300  pm 
thick  rt-layer  (i.e.  mostly  the  substrate). 


Summary 

After  introduction  of  a  CAIBE  dry-etching  step  GaN  layers  with  outstanding  optical 
qualities  and  excellent  morphologies  have  been  achieved  on  bulk  GaN  single  crystal  substrates. 
Thick  InGaN  layers  as  well  as  InGaN/GaN  MQWs  are  clearly  superior  to  their  counterparts 
grown  on  sapphire.  Homoepitaxial  GaN  LEDs  reveal  single-peak  blue  emission  at  420  nm,  with 
a  linewidth  of  60  nm.  The  excellent  quality  of  the  homoepitaxial  LEDs  grown  on  GaN  substrates 
is  revealed  by  a  comparison  with  heteroepitaxially  LEDs  on  sapphire.  The  homoepitaxial  devices 
are  twice  as  bright  as  the  LEDs  grown  on  sapphire.  This  and  the  wavelength  shift  of  the  LED  on 
sapphire  are  indications  for  a  higher  hole  concentration  of  the  homoepitaxial  device.  First 
InGaN/GaN  DH-LEDs  have  been  fabricated  and  reveal  excellent  electroluminescence  at  455  nm 
even  at  low  current  densities,  indicating  a  low  density  of  non-radiative  defects.  Time  resolved  EL 
measurements  performed  on  those  devices  clearly  evince  band/band  recombination  to  be  the 
dominant  mechanism  in  those  devices. 
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ABSTRACT 

Nitride-based  device  structures  for  electronic  and  optoelectronic  applications  usually  incor¬ 
porate  layers  of  Al;tGa7.;rN,  and  n-  and  p-type  doping  of  these  alloys  is  typically  required.  Ex¬ 
perimental  results  indicate  that  doping  efficiencies  in  ALGa^.jcN  are  lower  than  in  GaN.  We  ad¬ 
dress  the  cause  of  these  doping  difficulties,  based  on  results  from  first-principles  density- 
functional-pseudopotential  calculations.  For  n-type  doping  we  will  discuss  doping  with  oxygen, 
the  most  common  unintentional  donor,  and  with  silicon.  For  oxygen,  a  DX  transition  occurs 
which  converts  the  shallow  donor  into  a  negatively  charged  deep  level.  We  present  experimental 
evidence  that  oxygen  is  a  DX  center  in  ALGa7.;cN  for  x>~0.3.  For  p-type  doping,  we  find  that 
compensation  by  nitrogen  vacancies  becomes  increasingly  important  as  the  A1  content  is  in¬ 
creased.  We  also  find  that  the  ionization  energy  of  the  Mg  acceptor  increases  with  alloy  compo¬ 
sition  X.  To  address  the  limitations  on  p-type  doping  we  have  performed  a  comprehensive  inves¬ 
tigation  of  alternative  acceptor  impurities;  none  of  the  candidates  exhibits  characteristics  that 
surpass  those  of  Mg  in  all  respects. 

INTRODUCTION 

Significant  theoretical  and  experimental  attention  has  been  devoted  to  doping  of  GaN: 
which  dopants  to  use,  how  to  increase  doping  efficiency,  what  sources  of  compensation  may  oc¬ 
cur,  etc.  For  practical  electronic  and  optoelectronic  devices,  however,  it  is  essential  to  be  able  to 
control  not  just  doping  of  GaN,  but  also  of  AlGaN  alloys.  For  instance,  AlGaN  alloys  form  the 
thick  cladding  layers  in  nitride-based  injection  lasers,  and  the  resistivity  of  these  layers  plays  a 
major  role  in  the  device  characteristics.  Most  research  to  date  has  indicated  that  AlGaN  alloys 
are  more  difficult  to  dope  than  pure  GaN,  and  the  ability  to  dope  AlGaN  alloys  significantly  de¬ 
creases  with  increasing  A1  content. 

Several  experimental  studies  have  indicated  a  decrease  in  n-type  conductivity  of  ALGa^-jcN 
with  increasing  x.  Koide  et  al}  reported  a  decline  in  free  electron  concentration  for  x>0.2.  For 
unintentionally  n-type  doped  AlGaN,  Lee  et  al?  reported  a  rapid  decrease  in  conductivity  for 
x>0.4.  McCluskey  et  al?  found  a  significant  decrease  in  conductivity  for  r>0.3  in  unintentionally 
doped  AlGaN  samples;  they  were  able  to  attribute  the  unintentional  conductivity  to  oxygen. 
McCluskey  et  al  also  found  that  intentional  doping  with  silicon  produced  highly  conductive 
material  for  x=0.44.  Bremser  et  n/.'^'^also  achieved  intentional  n-type  doping  with  silicon  up  to 
.x=0.42,  but  for  x>0.42  addition  of  Si  resulted  in  highly  resistive  films. 
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The  decrease  in  doping  efficiency  with  increasing  A1  content  is  even  more  dramatic  for  p- 
type  AlGaN.  While  p-type  doping  of  pure  GaN  was  originally  a  problem,  those  difficulties  have 
largely  been  overcome  due  to  the  use  of  the  Mg  acceptor  and  the  understanding  of  the  role  of  hy- 
drogen.^’^  For  A^Ga/.^rN,  however,  Bremser  et  al^'^  reported  a  failure  to  achieve  p-type  conduc¬ 
tivity  with  Mg  doping  for  jr>0.13.  Other  studies  have  also  found  a  decrease  in  achievable  hole 
concentration  when  the  A1  content  of  the  AlGaN  alloy  is  increased. 

Useful  information  about  the  doping  characteristics  of  nitride  semiconductors  can  be  ob¬ 
tained  by  performing  first-principles  calculations.  We  previously  performed  comprehensive 
studies  of  doping  in  n-type"’’^  and  p-type^'^’*^  GaN.  In  order  to  address  doping  of  AlGaN,  we 
have  first  performed  comprehensive  studies  of  native  defects  and  dopant  and  impurities  in  AIN.'"^ 
Many  useful  results  for  AlGaN  alloys  can  be  obtained  by  “interpolating”  between  the  binary 
compounds. 

First-principles  calculations  for  native  defects  in  AIN'*^  '*’’''’  have  yielded  conclusions  similar 
to  those  for  GaN:  self- interstitials  and  antisites  are  high  in  energy — with  the  exception  of  the  A1 
interstitial  in  cubic  AIN,  which  is  a  triple  donor  and  could  act  as  a  compensating  center  in  p-type 
material.  The  nitrogen  vacancy  is  a  high-energy  defect  in  «-type  AIN,  but  has  a  relatively  low 
energy  in  p-type  AIN,  The  behavior  of  Vai  is  similar  to  Vca  in  GaN,  but  because  of  the  larger 
band  gap  of  AIN  the  formation  energy  of  Vai  becomes  significantly  lower  than  Vca  for  Fermi- 
level  positions  high  in  the  gap.  The  consequences  of  the  behavior  of  these  defects  for  doping 
will  be  explored  in  subsequent  sections. 

Our  results  identify  two  mechanisms  that  can  reduce  the  «-type  doping  efficiency:  (i)  in 
the  case  of  doping  with  oxygen  (the  most  common  unintentional  donor),  a  DX  transition  occurs 
which  converts  the  shallow  donor  into  a  negatively  charged  deep  level^  '^;  and  (ii)  cation  vacan¬ 
cies  (Voa  or  Vai)  act  as  triple  acceptors  and  increase  in  concentration  with  alloy  composition  x. 
For  p-type  doping,  we  find  that  (i)  nitrogen  vacancies  act  as  compensating  centers  and  are  more 
easily  formed  in  AIN  than  in  GaN;  and  (ii)  the  ionization  energy  of  the  Mg  acceptor  increases 
with  alloy  composition  x. 

The  large  ionization  energy  of  Mg  (around  200  meV)  poses  severe  limitations  on  the  ability 
to  dope  GaN,  and  this  problem  increases  with  increasing  A1  content  in  AlGaN  alloys.  It  would  be 
highly  desirable  to  identify  other  p-type  dopants  that  do  not  suffer  from  the  limitations  imposed 
by  Mg.  We  have  performed  extensive  investigations  for  a  wide  range  of  candidate  acceptor  spe¬ 
cies,  addressing  criteria  such  as  solubility,  ionization  energy,  and  potential  compensation  due  to 
interstitial  configurations  of  the  acceptor  impurity;  the  results  of  this  investigation  will  be  dis¬ 
cussed  in  the  section  on  p-type  doping. 

METHODOLOGY 

Our  first-principles  calculations  are  based  on  density-functional  theory  within  the  local 
density  approximation  (LDA)  and  using  the  pseudopotential-plane- wave  method. We  em¬ 
ploy  a  supercell  approach  and  use  a  tight-binding  initialization  scheme  for  the  electronic  wave 
functions.^®  Supercells  containing  32  atoms  were  used  to  study  the  zinc-blende  phase,  and  up  to 
96  atoms  for  the  wurtzite  phase.  An  energy  cutoff  of  40  Ry  was  used  for  AIN,  with  two  or  three 
special  k  points  in  the  irreducible  part  of  the  Brillouin  zone.  The  pseudopotentials  were  created 
using  the  scheme  of  Troullier  and  Martins.^' 

The  formation  energy  of  a  defect  in  charge  state  q  is  expressed  as 

EH‘^)  =  E'“,„(q)-Y,n,^l,+qE,  (I) 

where  (<?)  is  the  total  energy  of  the  defect  and  nx  and  fix  are  the  number  and  chemical  po¬ 
tential  of  atoms  of  species  X,  respectively.  Ef  is  the  Fermi  energy  which  is  set  to  zero  at  the  va- 


lence-band  maximum.  In  evaluating  the  chemical  potentials,  which  depend  on  the  experimental 
growth  conditions,  we  assume  thermal  equilibrium:  +  jUN  =  /tGaN  for  GaN,  and  /Zai  + 

I-In  =  i^AiN  for  AIN.  For  convenience,  we  will  display  results  for  metal-rich  conditions:  /toa  is  put 
equal  to  the  energy  of  bulk  Ga,  or  jUai  is  put  equal  to  the  energy  of  bulk  Al.  N-rich  conditions 
would  correspond  to  the  chemical  potential  jin  being  determined  by  the  energy  of  an  N2  mole¬ 
cule.  The  chemical  potentials  for  the  impurity  species  (O,  Si,  and  Mg)  are  fixed  by  invoking 
equilibrium  with  Ga203,  Si3N4,  and  MgsNi.  For  Li,  Na,  K,  Be,  Zn,  and  Ca,  the  chemical  poten¬ 
tials  of  Li3N,  Na,  K,  Be3N2,  Zn3N2,  and  Ca3N2  were  used.  Formation  energies  for  general  values 
of  the  chemical  potential  can  always  be  obtained  by  referring  back  to  Eq.  (1). 

RESULTS  FORA-TYPE  DOPING 

Our  first-principles  studies*'  as  well  as  those  of  others'^’^^  have  shown  that  the  formation 
energy  of  the  nitrogen  vacancy  in  n-type  GaN  is  too  large  for  this  defect  to  occur  in  any  appre¬ 
ciable  concentrations.  We  obtain  similar  results  for  the  nitrogen  vacancy  in  AIN.  Figure  1  dis¬ 
plays  formation  energies  for  native  defects  and  donor  impurities  relevant  for  n-type  AIN.  For 
each  defect  we  only  show  the  line  segment  corresponding  to  the  charge  state  that  gives  rise  to  the 
lowest  energy  at  a  particular  value  of  Ef.  The  change  in  slope  of  the  lines  therefore  represents  a 
change  in  the  charge  state  of  the  defect  [see  Eq.  (1)].  Figure  1  applies  to  the  zinc-blende  phase 
and  shows  Ef  spanning  the  theoretical  (GW)  band  gap  for  zinc-blende  AIN,^^  which  is  larger 
than  the  LDA  band  gap  in  our  calculations  (3.15  eV).  Results  for  the  wurtzite  phase  are  very 
similar. 

Figure  1  clearly  shows  that  the  formation  energy  of  the  nitrogen  vacancy  is  significantly 
higher  than  that  of  oxygen  and  silicon,  which  behave  as  shallow  donors.  This  indicates  that  the 
nitrogen  vacancy  is  not  the  dominant  center  responsible  for  the  «-type  conductivity  of  Al;cGa7.;cN. 


Figure  1:  Formation  energies  as  a  func¬ 
tion  of  Fermi  level  for  defects  and  impu¬ 
rities  relevant  for  n-type  AIN,  obtained 
from  first-principles  calculations  for  the 
zinc-blende  phase,  and  assuming  Al-rich 
conditions. 


Unintentional  doping  -  oxygen 


Nitrogen  vacancies  were  traditionally  thought  to  be  responsible  for  the  large  background  n- 
type  conductivity  in  GaN.  In  1994  we  proposed  that  not  the  nitrogen  vacancy  but  oxygen  and 
silicon  impurities  are  responsible  for  unintentional  n-type  conductivity  in  GaN.'^  Oxygen  had 
been  proposed  as  a  potential  source  of  n-type  conductivity  in  GaN  as  early  as  1983.^’^  Still,  the 
prevailing  conventional  wisdom,  attributing  the  n-type  behavior  to  nitrogen  vacancies,  proved 
hard  to  overcome.  Recent  experiments  have  confirmed  that  unintentionally  doped  n-type  GaN 
samples  contain  silicon  or  oxygen  concentrations  high  enough  to  explain  the  electron  concentra¬ 
tions.  Gotz  et  reported  electrical  characterization  of  intentionally  Si-doped  as  well  as  un¬ 

intentionally  doped  samples,  and  concluded  that  the  n-type  conductivity  in  the  latter  was  due  to 
silicon.  They  also  found  evidence  of  another  shallow  donor  with  a  slightly  higher  activation  en¬ 
ergy,  which  was  attributed  to  oxygen.  Secondary-ion  mass  spectroscopy  (SIMS)  on  hydride  va¬ 
por  phase  epitaxy  (HVPE)  material  also  shows  levels  of  oxygen  or  silicon  in  agreement  with  the 
electron  concentration  determined  by  electrical  measurements.^^’ 

Contaminating  impurities  may  have  many  sources:  water  is  the  main  contaminant  of  NH3, 
the  most  frequently  used  source  in  metal-organic  chemical  deposition  (MOCVD).  The  fact  that 
even  high-purity  (99.999%)  NH3  can  be  a  significant  source  of  oxygen  contamination  was 
documented  in  the  case  of  InGaN  growth  by  Finer  et  Fortunately,  purification  can  remove 
most  of  the  water.  In  MBE,  oxygen  may  enter  as  a  contaminant  in  the  nitrogen  source  gas;  or  it 
may  be  due  to  the  quartz  lining  of  certain  components,  for  instance  plasma  sources.  We  note  that 
Gbtz  et  and  Look  and  Molnar^^  have  pointed  out  potential  pitfalls  in  extracting  informa¬ 

tion  about  dopant  concentrations  and  ionization  energies  from  Hall-effect  measurements.  Ex¬ 
periments  on  unintentionally  doped  HVPE-grown  layers  indicated  the  presence  of  a  thin,  highly 
conductive  layer  near  the  interface  with  the  sapphire  substrate.  This  layer  acts  as  a  parasitic,  par¬ 
allel  conduction  path.  Gotz  et  suggested  oxygen  contamination  may  be  responsible  for  the 
high  conductivity  of  this  layer. 

The  activation  energy  of  oxygen  has  been  determined  from  variable-temperature  Hall  effect 
measurements^®  to  be  29  meV  for  a  donor  concentration  A^d=1x10'*^  cm  ‘\  This  activation  energy 
decreases  with  increasing  donor  concentration.  Gotz  et  al.  also  reported  that  the  total  oxygen 
concentration  (measured  by  SIMS)  was  significantly  higher  than  the  donor  concentration.  We 
suggest  that  such  additional  oxygen  may  occur  in  the  form  of  Ga203  precipitates. 

Hydrostatic  pressure  offers  a  very  useful  tool  to  explore  the  cause  and  behavior  of  n-type 
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conductivity  in  GaN.'  Freeze-out  of  carriers  was  reported  under  application  of  hydrostatic 
pressure  greater  than  20  GPa.  These  findings  can  be  explained  by  the  behavior  of  oxygen,  which 
undergoes  a  transition  from  a  shallow  to  a  deep  DX  center  in  wurtzite  GaN  under  pressure. 

The  stable  shallow  center  at  the  equilibrium  volume  of  GaN  corresponds  to  oxygen  at  the  sub¬ 
stitutional  nitrogen  site.  The  DX  geometry  corresponds  to  an  oxygen  atom  moving  off  the  sub¬ 
stitutional  position  along  the  [0001]  direction.  This  geometry  becomes  stable  under  hydrostatic 
pressure.  The  associated  induced  electronic  state  is  a  highly  localized  deep  level.  In  the  DX  con¬ 
figuration  the  defect  is  negatively  charged,  i.e.,  it  is  a  deep  acceptor,  and  will  therefore  trap  free 
carriers.  The  stability  of  the  localized  deep  DX  state  is  attributed  to  interactions  between  the 
negatively  charged  oxygen  impurity  and  a  third-nearest-neighbor  cation  along  the  c  axis:  we 
have  proposed  that  a  Coulombic  attraction  is  the  driving  force  for  the  large  lattice  relaxation  that 
stabilizes  the  DX  geometry.’^  In  the  zinc-blende  structure,  these  third-nearest-neighbor  atoms 
occur  in  different  positions  in  the  lattice;  the  formation  of  the  DX  configuration  is  correspond¬ 
ingly  suppressed  in  the  zinc-blende  phase. 


displacement  (A) 


Figure  2:  Configuration  coordinate  diagram  for  oxygen  displacements  along  [0001]  in  AlGaN, 
based  on  first-principles  calculations  for  GaN:0  and  A1N:0.  £opt  is  the  optical  ionization  energy; 
Ec  and  Eg  are  the  capture  and  emission  barriers. 


Alloying  with  AIN  increases  the  band  gap  of  GaN  in  a  similar  way  to  hydrostatic  pressure. 
DX  center  formation  is  therefore  also  expected  to  occur  in  AljtGa/-;cN.  Indeed,  our  computational 
studies  showed  that  the  DX  configuration  is  the  stable  state  for  the  oxygen  impurity  in  wurtzite 
(but  not  zinc-blende)  AIN.’’  Figure  2  shows  a  configuration  coordinate  diagram  for  oxygen  dis¬ 
placements  in  AlGaN.  The  data  points  were  obtained  from  first-principles  calculations  for  oxy¬ 
gen  in  GaN  and  in  AIN,  based  on  an  interpolation  for  the  case  where  the  DX  configuration  is  0. 1 
eV  lower  in  energy  than  the  substitutional  donor. 

The  configuration  coordinate  diagram  is  characteristic  of  a  metastable  center:  for  zero  dis¬ 
placement,  the  impurity  is  located  on  the  substitutional  site  and  behaves  as  a  shallow  donor. 
However,  a  second  minimum  occurs  in  the  diagram,  corresponding  to  a  large  displacement  of  the 
impurity  (close  to  1  A)  and  a  different  (negative)  charge  state.  For  jc<0.3,  this  second  minimum 
is  higher  in  energy  than  the  on-site,  shallow-donor  configuration.  However,  for  x>0.3,  the  sec¬ 
ond  minimum  becomes  lower  in  energy,  as  illustrated  in  Fig.  2.  The  DX  state  is  then  the  lowest- 
energy  state  of  the  system;  however,  electrons  can  be  emitted  out  of  the  DX  state,  and  since  there 
is  a  barrier  (Ec)  to  capturing  them  again,  one  expects  to  observe  persistent  photoconductivity,  at 
least  at  low  temperatures.  The  mechanism  to  release  electrons  out  of  the  DX  state  can  be  either 
thermal  (with  an  activation  energy  Eg)  or  optical,  with  a  threshold  Eopu 

Experimental  confirmation  for  this  model  has  come  from  Hall  effect  and  persistent  photo¬ 
conductivity  measurements  on  unintentionally  doped  AlGaN  samples  with  A1  content  up  to 
x=0.39?  The  samples  were  MOCVD  grown,  with  a  thickness  of  1  }im,  and  A1  concentrations 
were  determined  by  x-ray  diffraction,  assuming  relaxed  layers  and  Vegard’s  law.  Concentrations 
of  Si  and  oxygen  impurities  were  measured  by  SIMS.  Unintentionally  doped  AlGaN  showed 


oxygen  concentrations  of  approximately  10*^  cm'^  and  silicon  concentrations  of  lO'*^  cm’^,  indi¬ 
cating  that  the  conductivity  of  the  samples  was  due  to  oxygen.  Variable-temperature  Hall  effect 
measurements  showed  a  freezeout  of  the  free  electrons  with  decreasing  temperature,  character¬ 
ized  by  an  activation  energy  that  increased  with  A1  concentration  in  the  alloy.  The  activation  en¬ 
ergy  Em  was  determined  by  exponential  fits  to  the  Hall  effect  data.  The  decrease  in  the  free 
electron  concentration  can  be  explained  by  an  increase  in  Edx-  This  increase  in  the  donor  bind¬ 
ing  energy  is  consistent  with  a  deep  DX  level  which  becomes  stable  (has  a  lower  energy  than  the 
conduction-band  minimum)  for  jc>0.27,  in  good  agreement  with  the  theoretical  prediction.  This 
result  is  also  consistent  with  the  experiments  on  GaN:0  under  pressure:  the  band  gap  of  GaN  at 
20  GPa  is  approximately  0.8  eV  higher  than  at  ambient  pressure,  and  a  similar  increase  in  band 
gap  is  found  when  alloying  with  AIN  with  x  between  0.3  and  0.4. 

Persistent  photoconductivity  is  a  direct  manifestation  of  metastability,  characteristic  of 
centers  with  a  large  difference  in  lattice  relaxation  between  two  metastable  states.  Persistent 
photoconductivity  was  observed  in  Al.vGa/.;rN  epilayers  with  x>0.39  at  temperatures  below  150 
K.  The  persistent  photoconductivity  decreases  with  time,  because  oxygen  centers  return  from 
the  shallow  to  the  deep  state.  In  doing  so,  they  need  to  surmount  the  barrier  (Fig.  2).  The  tem¬ 
perature  range  in  which  this  transition  was  observed  was  between  120  and  150  K;  this  is  consis¬ 
tent  with  the  barrier  Ec  of  about  0.4  eV  emerging  from  our  calculations. 

To  measure  the  optical  cross  section  of  absorption  for  the  DX  centers,  the  photocurrent 
was  measured  for  photon  energies  from  1.0  to  1.5  eV.  An  optical  threshold  of  about  1.3  eV  was 
found,  again  in  good  agreement  with  the  theoretical  prediction  shown  in  Fig.  2. 

While  the  observation  of  persistent  photoconductivity  is  one  of  the  distinguishing  features  of 
metastable  DX  centers,  it  should  be  pointed  out  that  observations  of  persistent  photoconductivity 
are  not  necessarily  indicative  of  the  presence  of  DX-like  centers.  Various  groups  have  reported 
persistent  photoconductivity  in  n-type  GaN.^'*’^'^  Those  observations  show  photoconductivity  at 
room  temperature,  while  our  observations  for  DX  centers  only  show  photoconductivity  for  tem¬ 
perature  below  150  K.  In  addition,  the  optical  absorption  threshold  was  found  to  be  greater  than 
2  eV,  again  inconsistent  with  the  observations  for  DX  centers.  The  behavior  observed  in  Refs. 
34  and  35  may  be  due  to  other  types  of  point  defects,  or  to  the  presence  of  defective  regions  near 
extended  defects. 

For  oxygen,  we  must  conclude  that  it  cannot  be  used  as  a  shallow  donor  in  AbGa/.vN  with 
joO.3.  Even  if  another  donor  impurity  is  used  (such  as  silicon,  see  below)  that  does  not  exhibit 
DX  behavior,  the  presence  of  oxygen  in  the  layer  could  be  detrimental  to  n-type  conductivity: 
indeed,  once  oxygen  undergoes  the  DX  transition  it  behaves  as  an  acceptor,  and  therefore  coun¬ 
teracts  the  electrical  activity  of  other  donors.  Control  of  oxygen  incorporation  in  AhGa/,vN  with 
high  A1  content  is  therefore  essential. 

Doping  with  Silicon 

Silicon  is  almost  universally  used  for  intentional  n-type  doping  of  GaN,  AlGaN,  and  InGaN. 
Silicon  doping  is  typically  achieved  by  flowing  SiHj  during  MOCVD  growth,  or  using  a  solid  Si 
source  in  MBE.  The  formation  energies  shown  in  Fig.  1  show  that  the  formation  energy  of  sili¬ 
con  is  quite  low  in  AIN,  and  therefore  it  is  readily  incorporated  in  AIN  as  well  as  in  GaN.  The 
activation  energy  of  silicon  in  GaN  derived  from  variable-temperature  Hall  effect  measure- 
ments^'*’’^®  is  17  meV  for  Vo=3xl0'’  cm'^.  As  pointed  out  in  the  case  of  oxygen,  the  ionization 
energy  is  sensitive  to  the  concentration  of  the  dopant. 

Our  calculations  for  silicon  in  GaN  under  pressure,  and  in  AIN,  indicate  that  silicon  donors 
do  not  exhibit  the  DX  transition.’^  The  difference  with  oxygen  can  be  understood  on  the  basis  of 
the  different  location  in  the  lattice.  While  oxygen  substitutes  on  a  nitrogen  site,  silicon  sits  on  a 


substitutional  cation  site.  In  that  position,  the  third  nearest  neighbor  is  a  nitrogen  atom.  In  the 
DX  state,  the  silicon  would  become  negatively  charged,  and  would  thus  experience  a  Coulomb 
repulsion  from  the  third-nearest-neighbor  anion;  this  repulsion  suppresses  the  DX  formation. 
Silicon  was  indeed  experimentally  found  to  remain  a  shallow  donor  in  GaN  under  pressure  up  to 
25  GPa.^^  For  AhGa/.;rN  alloys  with  x=0A4  we  found  that  intentional  doping  with  silicon  re¬ 
sulted  in  a  free-electron  concentration  close  to  the  silicon  concentration  (8x10^*  cm’^,  as  meas¬ 
ured  by  SIMS).  It  was  also  found,  however,  that  even  in  the  intentionally  Si-doped  sample  a 
background  of  oxygen  was  present  (at  a  level  of  3x10^*  cm'^).  Those  oxygen  atoms  can  still  un¬ 
dergo  the  DX  transition,  effectively  becoming  compensating  centers.  It  is  important,  therefore, 
to  suppress  oxygen  incorporation  when  growing  Si-doped  A^Ga^-jcN  with  high  x. 

The  negative  impact  of  unintentional  oxygen  incorporation  on  the  conductivity  of  Si-doped 
AlGaN  is  a  likely  explanation  for  the  experimental  observations  of  Polyakov  et  They 

found  that  the  free  electron  concentration  decreases  with  increasing  A1  content  of  the  alloy.  The 
increase  in  A1  content  also  led  to  an  increase  in  the  density  of  defects  with  energy  levels  deeper 
than  silicon,  leading  to  increased  difficulty  in  «-type  doping  of  the  alloy.  Polyakov  et  al  also 
reported  persistent  photoconductivity  in  their  samples.  The  observations  of  Polyakov  et  al.  can 
be  consistently  explained  by  assuming  that  oxygen  is  unintentionally  incorporated,  a  possibility 
that  was  recognized  by  Polyakov  et  al.  The  decrease  in  electron  concentration  for  x  >0.3  is  then 
due  to  the  formation  of  oxygen  DX  centers;  in  the  negatively  charged  DX  state,  oxygen  effec¬ 
tively  acts  as  an  acceptor,  compensating  the  «-type  conductivity  introduced  by  the  Si  donors. 
The  characteristics  of  the  persistent  photoconductivity  (capture  and  emission  barrier,  and  optical 
ionization  energy)  are  consistent  with  those  obtained  for  oxygen  DX  centers^  and  in  our  first- 
principles  calculations  (see  Fig.  2). 

Unintentional  incorporation  of  oxygen  may  also  explain  the  decrease  in  «-type  conductivity 
in  Si-doped  ALcGa/.^rN  for  joO.42  observed  by  Bremser  et  al.'^’^  We  should  point  out,  however, 
that  even  in  the  absence  of  oxygen  a  compensation  mechanism  may  occur,  namely  due  to  cation 
vacancies.  In  GaN,  compensation  of  Se  donors  by  Ga  vacancies  was  observed  by  Yi  and  Wes- 
sels.^^  The  calculated  defect  formation  energy  for  the  Al  vacancy  is  shown  in  Fig.  1,  for  Al-rich 
conditions  in  AIN.  For  «-type  conditions  {Ef  high  in  the  gap),  silicon  donors  will  suffer  from 
some  degree  of  compensation  by  triply  ionized  Al  vacancies.  The  behavior  of  Vai  is  similar  to 
Vca  in  GaN,*^  but  because  of  the  larger  band  gap  of  AIN  the  formation  energy  of  Vai  in  AIN  be¬ 
comes  significantly  lower  than  that  of  Vca  in  GaN  for  Fermi-level  positions  high  in  the  gap.  Ca¬ 
tion  vacancies  thus  become  an  increasingly  important  source  of  donor  compensation  as  the  Al 
content  x  is  increased  in  Al^GajcN. 

RESULTS  FOR  F-TYPE  DOPING 

Magnesium  has  emerged  as  the  p-type  dopant  of  choice  for  GaN.  Still,  the  hole  concentra¬ 
tion  that  can  be  achieved  is  lower  than  desired,  particularly  for  applications  such  as  high  p-type 
doping  near  metal  contacts  for  improved  Ohmic  contact  behavior.  In  addition,  the  hole  concen¬ 
tration  that  can  be  achieved  with  Mg  doping  has  been  observed  to  decrease  rapidly  with  increas¬ 
ing  Al  content  x  in  Al;(Ga;-;tN.^’^’^’^®  Magnesium  exhibits  no  tendency  to  form  deep  levels  (so 
called  AX  levels,  analogous  to  DX  for  donors), thus  ruling  out  a  shallow-deep  transition  as  the 
source  of  the  drop  in  hole  concentration.  We  also  found,  for  Mg  in  GaN,  that  incorporation  of 
Mg  on  interstitial  sites,  or  on  nitrogen  sites,  is  energetically  unfavorable.^^  The  main  issue  lim¬ 
iting  the  hole  concentration  achievable  with  Mg  in  GaN  is  the  solubility. 

Our  calculations  for  the  Mg  acceptor  in  AIN  indicate  that  its  ionization  energy  (0.4  eV)  is 
higher  than  in  GaN  (0.2  eV),  as  can  be  seen  from  Fig.  3  (the  ionization  energy  corresponds  to  the 
Fermi  level  positions  where  the  formation  energies  of  Mg°  and  Mg"  are  equal).  This  increase  in 


the  ionization  energy  leads  to  a  decrease  in  doping  efficiency.  Based  on  an  analysis  of  tempera¬ 
ture-dependent  Hall  data  Tanaka  et  al.  found  the  Mg  activation  energy  to  be  35  meV  deeper  in 
Alo.08Gao.92N  than  in  GaN.^  Assuming  linearity,  this  would  make  the  Mg  acceptor  in  AIN  0.44 
eV  deeper  than  in  GaN. 

Compensation  by  native  defects  is  another  important  mechanism  that  may  contribute  to  the 
decline  in  hole  concentrations.  Fig.  3  shows  that  two  defects  with  low  formation  energies  may 
inhibit  successful  /?-type  doping  of  AfGa/.^N,  namely  the  nitrogen  vacancy  and  the  cation  inter¬ 
stitial.  The  cation  interstitial  has  a  low  formation  energy  in  zinc-blende  material,  but  is  much 
higher  in  energy  in  wurtzite.  The  nitrogen  vacancy  has  a  strikingly  lower  formation  energy  in 
AIN  than  in  GaN,  and  it  may  play  an  important  role  in  ;2-type  GaN  and  AlGaN.  The  formation 
energy  of  the  nitrogen  vacancy  is  too  high  for  it  to  be  incorporated  in  n-type  GaN,  but  as  can  be 
seen  from  Fig.  3,  this  formation  energy  becomes  significantly  lower  in  /7-type  material.  During 
MOCVD  growth  the  formation  of  nitrogen  vacancies  is  suppressed  because  hydrogen  also  be¬ 
haves  as  a  compensating  donor,  and  has  a  lower  formation  energy.^  Still,  a  certain  concentration 
of  nitrogen  vacancies  will  be  incorporated,  and  we  propose  that  these  vacancies  are  at  least  par¬ 
tially  responsible  for  the  decreased  doping  efficiency  of  Mg  when  the  Al  content  is  raised  in 
AfrGay.jfN  alloys. 

For  certain  values  of  the  Fermi  level,  some  formation  energies  in  Figs.  1  and  3  become 
negative;  one  may  wonder  about  the  physical  meaning  of  negative  formation  energies.  Inspec¬ 
tion  of  the  plots,  however,  will  make  clear  that  physically  meaningful  positions  of  the  Fermi 
level  will  always  produce  positive  formation  energies.  Indeed,  the  Fermi  energy  is  determined 
by  the  condition  of  charge  neutrality;  for  Fermi-level  positions  far  from  the  band  edges,  this  re¬ 
quires  having  equal  numbers  of  positively  and  negatively  charged  defects  or  impurities  (if  they 
are  singly  charged).  The  Fermi  level  will  therefore  be  pinned  near  the  point  where  the  formation 
energies  of  the  dominant  donor  and  acceptor  are  equal.  The  plots  then  show  that  this  value  of  the 
Fermi  level  corresponds  to  positive  formation  energies. 


Figure  3:  Formation  energies  as  a  func¬ 
tion  of  Fermi  level  for  defects  and  im¬ 
purities  relevant  for  /7-type  AIN,  ob¬ 
tained  from  first-principles  calculations 
for  the  zinc-blende  phase,  and  assuming 
Al-rich  conditions.  We  note  that  the 
formation  energy  of  Alj  is  significantly 
higher  in  wurtzite  AIN. 
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The  nitrogen  vacancy  (Vn)  behaves  as  a  donor  v^^hich  can  donate  one,  two,  or  three  elec¬ 
trons.  Only  the  and  Vn^'^  charge  states  are  found  to  be  stable;  the  state  is  unstable,  pre¬ 
senting  a  so-called  negative- f/  effect.  This  behavior  is  similar  to  that  calculated  for  nitrogen  va¬ 
cancies  in  GaN."^®  However,  the  -I-/3-I-  transition  level  occurs  at  a  higher  position  in  the  band  gap 
in  the  case  of  AIN  (around  1  eV).  Because  the  formation  energy  decreases  much  faster  with  de¬ 
creasing  Fermi  level  in  the  3-i-  charge  state,  the  nitrogen  vacancy  becomes  much  more  favorable 
for  low  Fermi-level  positions  in  AIN. 

The  -I-/3+  transition  is  characterized  by  a  large  lattice  relaxation.'^'^  Defects  with  large  lattice 
relaxations  are  often  responsible  for  persistent  photoconductivity  (as  we  saw  in  the  case  of  oxy¬ 
gen  DX  centers).  The  presence  of  nitrogen  vacancies  may  therefore  be  responsible  for  the  ob¬ 
served  persistent  photoconductivity  effects  in  /?-type  The  nitrogen  vacancy  may  also 

give  rise  to  the  blue  lines  (around  2.9  eV)  commonly  observed  by  photoluminescence  in  Mg- 
doped  GaN.  33,43,44.45,46  appearance  and  disappearance  of  photoluminescence  (PL)  lines  dur¬ 
ing  post-growth  annealing  of  Mg-doped  layers  grown  by  may  be  related  to  the  in¬ 

teractions  of  hydrogen  with  nitrogen  vacancies.  Complexes  between  hydrogen  and  nitrogen  va¬ 
cancies  can  form  during  growth'^^  the  calculated  binding  energy  of  the  VnH^^  complex,  ex¬ 
pressed  with  respect  to  interstitial  H  in  the  positive  charge  state,  is  1.56  eV.  Dissociation  of  this 
complex,  producing  isolated  nitrogen  vacancies,  may  explain  the  behavior  of  PL  lines  during  an¬ 
nealing  for  acceptor  activation."^^ 

Alternative  Accentors 

Despite  the  successes  achieved  with  Mg,  /?-type  doping  levels  in  GaN  and  AlGaN  alloys  are 
lower  than  desirable  for  low-resistance  cladding  layers  and  Ohmic  contacts.  Achieving  higher 
hole  concentrations  with  Mg  as  the  dopant  has  proved  difficult.  It  would  therefore  be  desirable 
to  identify  acceptors  that  are  superior  to  Mg. 

The  performance  of  an  acceptor  can  be  judged  on  the  basis  of  three  main  criteria;  (i)  solu¬ 
bility;  (ii)  stability  against  compensation  by  other  configurations  of  the  acceptor  dopant  (e.g.,  in¬ 
terstitials);  and  (iii)  depth  of  the  acceptor  level  (ionization  energy).  Each  of  these  aspects  can  be 
addressed  on  the  basis  of  results  obtained  from  first-principles  calculations.  The  solubility  of  a 
substitutional  acceptor  corresponds  to  the  equilibrium  concentration  of  the  impurity  in  the  lattice, 
which  is  determined  by  the  formation  energy.  The  formation  energy  of  the  impurity  in  configu¬ 
rations  other  than  the  substitutional  site  determines  the  likelihood  of  incorporation  on  those  sites. 
Interstitial  configurations  tend  to  be  favorable  for  elements  with  a  small  atomic  radius,  such  as  Li 
or  Be. 

Previous  theoretical  investigations'^  '^^’^”  have  not  produced  any  candidate  with  characteris¬ 
tics  exceeding  those  of  Mg  in  all  respects.  Our  own  results  show  that  the  column-II  acceptors 
perform  noticeably  better  than  those  from  column  I;  the  latter  suffer  from  poor  solubility.  Lith¬ 
ium  also  suffers  from  incorporation  on  interstitial  sites,  where  it  acts  as  a  donor.  Among  col¬ 
umn-II  acceptors,  Ca  and  heavier  elements  also  have  high  formation  energies  and  hence  poor 
solubility.  The  calculated  ionization  energies  for  Zn  and  Ca  are  larger  than  for  Mg.  The  smallest 
column-II  element.  Be,  has  a  solubility  comparable  to  Mg.  Its  calculated  ionization  energy  is 
slightly  smaller  than  Mg,  but  the  difference  is  within  the  error  bar  of  the  computation  and  hence 
not  conclusive.^®  Because  it  is  a  small  atom,  Be  may  suffer  from  incorporation  on  interstitial 
sites,  where  it  acts  as  a  donor,  thus  causing  self-compensation. 

Experimental  work  on  acceptors  other  than  Mg  has  been  very  limited.  Bergman  et  al  used 
photo  luminescence  (PL)  to  derive  an  ionization  energy  of  0.34  eV  for  Zn.^’  Doping  with  Zn  has 
not  resulted  in  p-type  conductivity,  presumably  due  to  the  large  ionization  energy  of  the  Zn  ac¬ 
ceptor.  Experimental  results  about  Be  are  inconclusive:  Brandt  et  al.  have  reported  high  levels 


of  /?-type  doping  using  Be  in  MBE,  provided  oxygen  is  present  as  a  co-dopant.^^  This  result  is 
difficult  to  understand  based  on  equilibrium  thermodynamics,  as  pointed  out  by  Bernardini  et 
al.^^  Other  work  has  indicated  Be  indeed  acts  as  an  acceptor;  results  about  the  ionization  energy 
are  based  on  luminescence,  with  Salvador  et  al  finding  a  relatively  large  ionization  energy  (250 
meV),^'*  Ronning  et  al  finding  150  meV,^'^  and  Sanchez  et  al  deriving  a  much  smaller  value  (90 
meV).^^ 

To  our  knowledge,  experimental  studies  of  other  acceptor  impurities  have  only  been  per¬ 
formed  using  ion  implantation  (see,  e.g.,  Ref.  57).  Unfortunately,  implantation  damage  is  very 
difficult  to  remove  by  annealing  in  GaN,  due  to  the  hardness  of  the  lattice  and  the  low  diffusiv- 
ity.  The  presence  of  implantation  defects  then  makes  it  difficult  to  reliably  assess  the  properties 
of  the  implanted  acceptors,  and  in  our  opinion  no  conclusive  results  have  been  obtained. 

CONCLUSIONS 

We  have  reported  a  comprehensive  investigation  of  impurities  and  defects  in  AIN  and 
GaN,  fi-om  which  we  have  drawn  conclusions  about  the  limitations  on  doping  in  ALGa/ ^N  al¬ 
loys.  Our  first  principles  calculations  indicate  that  the  DX  behavior  of  oxygen  and  compensation 
by  the  cation  vacancy  are  re.sponsible  for  the  decrease  in  n-type  conductivity  in  AhGa/.vN  with 
increasing  x  With  respect  to  p-type  doping  of  AhGa/..,N,  our  results  show  that  the  nitrogen  va¬ 
cancy  becomes  an  increasingly  dominant  compensating  center  as  v  increases.  We  also  observe 
an  increase  in  the  Mg  ionization  energy  with  increasing  Al  content.  Investigations  of  a  wide 
range  of  potential  alternative  acceptors  show  that  none  emerge  as  being  superior  to  Mg;  Be  may 
be  a  possibility,  but  could  suffer  from  compensation  by  Be  interstitials. 
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ABSTRACT 

As  III-V  nitride  devices  advance  in  technological  importance,  a  fundamental  understanding  of 
device  processing  techniques  becomes  essential.  Recent  works  have  exposed  various  aspects  of 
etch  processes.  The  most  recent  advances  and  the  greatest  remaining  challenges  in  the  etching  of 
GaN,  AIN,  and  InN  are  reviewed.  A  more  detailed  presentation  is  given  with  respect  to  GaN 
high  density  plasma  etching.  In  particular,  the  results  of  parametric  and  fundamental  studies  of 
GaN  etching  in  a  high  density  plasma  are  described.  The  effect  of  ion  energy  and  mass  on 
surface  electronic  properties  is  reported.  Experimental  results  identify  preferential  sputtering  as 
the  leading  cause  of  observed  surface  non-stoichiometry.  This  mechanism  provides  excellent 
surfaces  for  ohmic  contacts  to  n-type  GaN,  but  presents  a  major  obstacle  for  Schottky  contacts  or 
ohmic  contacts  to  p-type  GaN.  Chlorine-based  discharges  minimize  this  stoichiometry  problem 
by  improving  the  rate  of  gallium  removal  from  the  surface.  In  an  effort  to  better  understand  the 
high  density  plasma  etching  process  for  GaN,  in-situ  mass  spectrometry  is  employed  to  study  the 
chlorine-based  high  density  plasma  etching  process.  Gallium  chloride  mass  peaks  were 
monitored  in  a  highly  surface  sensitive  geometry  as  a  function  of  microwave  power  (ion  flux), 
total  pressure  (neutral  flux),  and  ion  energy.  Microwave  power  and  pressure  dependencies 
clearly  demonstrate  the  importance  of  reactive  ions  in  the  etching  of  wide  band  gap  materials. 
The  ion  energy  dependence  demonstrates  the  importance  of  adequate  ion  energy  to  promote  a 
reasonable  etch  rate  (>  100-150  eV).  The  benefits  of  ion-assisted  chemical  etching  are 
diminished  for  ion  energies  in  excess  of  350  V,  placing  an  upper  limit  to  the  useful  ion  energy 
range  for  etching  GaN.  The  impact  of  these  results  on  device  processing  will  be  discussed  and 
future  needs  identified. 


INTRODUCTION 


The  family  of  nitride  semiconductors  has  undergone  amazing  growth  and  development  in  the 
last  decade  and  is  now  poised  to  play  a  pivotal  role  in  a  wide  range  of  advanced  semiconductor 
devices.  This  family,  comprised  of  the  binary  semiconductors  InN,  GaN,  and  AIN  and  their 
ternaries,  is  now  being  applied  in  light  emitting  diodes  that  emit  from  UV  to  the  amber  regions  of 
the  visible  electromagnetic  spectrum  and  to  blue  lasers.  Aside  from  these  landmark 
optoelectronic  device  realizations,  nitride  semiconductors  are  also  undergoing  extensive  research 
and  development  efforts  for  application  in  high  frequency,  high  temperature,  and  high  power 
microelectronic  devices.  In  practically  all  of  these  applications,  the  ability  to  pattern  the  nitride 
semiconductor  is  required. 

As  a  result  of  many  of  the  properties  that  make  nitride  semiconductors  attractive  in  the 
aforementioned  electronic  and  optoelectronic  device  applications,  they  have  proven  notoriously 
difficult  to  etch.  This  situation  has  placed  energetic  pattern  transfer  processes  in  the  lead  for 

G10.5 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  537  ©  1999  Materials  Research  Society 


nitride  device  development.  It  has  also  placed  some  restriction  on  acceptable  masking  materials 
for  lithography  -  with  more  robust  silicon  dioxide  and  nitride  often  being  chosen  over 
photoresist.  These  requirements  for  etch  processing  of  the  nitrides  clearly  differentiates  them 
from  silicon,  gallium  arsenide  and  indium  phosphide,  the  only  semiconductors  with  reasonably 
well  understood  etch  processes.  As  a  result,  considerable  research  and  development  will  be 
required  to  realize  production-quality  etch  processes  for  the  nitrides. 

In  this  work,  the  progress  in  developing  etch  proces.ses  for  the  nitrides  is  reviewed  and  the 
remaining  etch  process  issues  are  identified.  The  review  starts  with  a  brief  overview  of  wet 
etching  techniques  and  then  moves  on  to  cover  the  more  prominent  ion-assisted  etching 
techniques.  The  first  ion  assisted  technique  addressed  is  the  conventional  reactive  ion  etching 
processes.  The  review  then  moves  on  to  discuss  the  bulk  of  nitride  etching  efforts  where  high 
density  plasmas  have  been  employed.  Also  in  this  section,  detailed  results  of  experiments 
investigating  the  damage  resulting  from  and  the  ftindamentals  of  high  density  plasma  etching 
will  be  discus.sed.  The  highlights  of  these  efforts  are  then  summarized  and  the  most  important 
remaining  issues  identified. 


WET  ETCHING  METHODS 


As  a  result  of  their  high  bond  energies,  group  III  nitrides  typically  are  not  etched  by  wet 
etching  methods.  The  efforts  to  date  are  well  reviewed  in  a  recent  chapter  by  Pearton  and 
Shul[l].  Wet  etchants  are  generally  only  successful  on  poor  quality  nitride  films  deposited  by 
sputtering  or  reactive  evaporation.  For  these  poor  quality  films  both  acid  and  base  solutions  are 
moderately  successful  at  elevated  temperatures.  If  such  films  are  first  annealed  to  improve  their 
quality,  etch  rates  drop  by  up  to  an  order  of  magnitude.  For  single  crystal  nitrides  it  is  very 
difficult  to  find  reliable,  effective  wet  etchants.  For  single  crystal  GaN  and  InN  there  are  no  wet 
etchants  that  are  effective  under  80°C.  For  AIN,  however,  photoresist  developer  and  strong 
KOH  solutions  are  effective  at  lower  temperatures. 

Since  standard  wet  etches  are  largely  ineffective,  there  have  been  a  number  of  efforts 
examining  assisted  wet  etching  techniques.  The  most  successful  has  been  photoelectrochemical 
etching  of  n-GaN  grown  on  SiC.  A  description  of  the  apparatus  is  given  elsewhere  [21,  but  is 
basically  electrochemical  etching  in  KOH  under  broad  area  illumination  from  a  Hg  arc  lamp. 
The  above  bandgap  light  creates  electron-hole  pairs  that  in  n-GaN  provides  a  hole  flux  to  the 
surface  where  the  holes  assist  in  the  chemical  attack.  The  technique  is  not  effective  for  p-GaN  as 
holes  are  unable  to  reach  the  surface  due  to  the  specific  band  bending  in  the  material  [21.  Highly 
anisotropic,  high  rate  (>3000A/min)  etching  is  achieved  at  room  temperature  in  0.04  M  KOH 
with  50mW/cm^  light  intensity  (measured  at  365  nm).  The  process  becomes  diffusion  limited  in 
these  solutions  for  light  intensities  greater  than  20mW/cm^  [3].  Very  smooth  surfaces  are 
achievable  (1.5nm  roughness  vs.  0.3  nm  as-grown)  with  0.02  M  KOH  solutions  at  40mW/cm^ 
light  intensities  at  365nm.  The  smoothness  is  a  very  sensitive  function  of  the  molarity  of  the 
solution  [4].  These  same  solutions  have  recently  been  used  as  a  threading  and  mixed  dislocation 
identification  tool  for  counting  low  defect  density  GaN  (such  as  lateral  epitaxially  overgrown 
films)  with  the  same  high  degree  of  sensitivity  on  the  molarity  of  the  solution  [5]. 


DRY  ETCHING  METHODS 


Reactive  Ion  Etching 

Conventional  reactive  ion  etching  (RIE)  using  parallel  plate  electrodes  and  capacitively 
coupled  13.56  MHz  plasma  generation  power  has  long  been  the  primary  technique  for  pattern 
transfer  in  silicon  and  gallium  arsenide  device  technologies.  In  these  reactors  the  plasma  density 
and  energy  of  impinging  ions  on  the  substrate  are  tightly  coupled  with  higher  applied  rf  powers 
resulting  in  higher  densities  and  energies.  Low  damage  etch  processing  using  RIE  is  possible  in 
the  Si  and  GaAs  systems  with  low  applied  rf  power  levels.  Despite  the  associated  drop  in 
density,  etch  rates  remained  reasonable  due  to  the  low  binding  energy  of  these  semiconductors. 
In  the  nitrides,  with  their  much  higher  binding  energies,  this  is  not  the  situation  as  a  quick  review 
of  research  efforts  will  show. 

The  results  of  a  representative  set  of  studies  on  RIE  of  the  III-V  nitrides  are  summarized  in 
Table  I.  The  bulk  of  RIE  efforts  have  centered  on  the  application  of  halogen  chemistries 
(predominantly  chlorine)  and  have  involved  high  coupled  rf  powers[6-10].  This  is  consistent 
with  higher  plasma  densities  and  high  dc  bias  levels  or  ion  energies.  In  all  cases  nitride  etch 
rates  are  seen  to  increase  monotonically  with  increasing  rf  power  and  decrease  with  increasing 
pressure  -  signifying  the  importance  of  the  ion  driven  or  physical  component  to  the  etch  process. 
Demonstrated  etch  rates  have  maximum  values  of  -lOOOA,  with  the  notable  exception  of  GaN  in 
CI2  chemistries.  Most  of  these  works  have  been  performed  with  resist  masks  that  were  relatively 
thick  in  order  to  withstand  the  high  ion  energies  used  in  processing.  Under  such  conditions  etch 
selectivities  between  the  mask  material  and  the  nitride  are  low.  These  conditions  are  also  likely 
to  result  in  considerable  surface  damage  to  the  nitride.  Halogen-based  chemistries  give  higher 
etch  rates  than  methyl  based  chemistries,  except  for  InN,  which  is  consistent  with  arsenide 
semiconductor  processing  observations.  A  final  note,  is  that  processing  with  Si-containing 
precursors  can  render  the  nitride  surface  Si-doped.  This  generates  the  need  for  post-etch 
processing  to  recover  the  original  nitride  surface  properties. 

Based  upon  these  efforts,  the  application  of  RIE  to  pattern  transfer  processing  in  the  III-V 
nitrides  faces  considerable  difficulties.  Primarily,  the  rates  are  very  low  prohibiting  application 
to  the  etching  of  light  emitting  diode  and  laser  diode  structures  due  to  the  required  depth  of  the 
etch.  Furthermore,  the  high  ion  energies  required  to  achieve  even  these  modest  rates  have 


Table  I.  Summary  of  select  RIE  efforts  in  the  III-V  nitrides. 


Plasma 

Chemistry 

Bias  or 
Power 
Density 

Etch  Rates 
[A/min] 

Masking 

Material 

Comments 

Ref 

CHF3 

100-500W 

50-200(GaN) 

ShipleyI813 

6k-9k  A  resist,  100  mTorr 

6 

C2CIF5 

“ 

“ 

“ 

“ 

6 

BCI3 

0.3-0.9  WW 

150-730(AlGaN) 

Ni 

AlGaN/Ni  selectivity  =  4/1 

7 

SiCl4/SiF4 

-400  V 

500  (GaN) 

Smooth,  anisotropic 

8 

Clz/Ar 

450  W 

2800  (GaN) 

200  (AIN) 

200  (InN) 

Resist 

9 

CH4/H2/Ar 

450W 

400  (GaN) 

350  (AIN) 

300  (InN) 

Resist 

9 

HBr/Hz/Ar 

-400V 

400-600  (GaN) 

AZ5214,Ni/ 

.  Si02 

10 

serious  negative  consequences  for  surface  damage  and  for  selectivities  between  mask  and 
substrate  and  heterojunction  layers.  These  consequences  place  substantial  challenges  to  the 
application  of  RIE  in  nitride  device  processing. 


High  Density  Plasma  Etching 


General  Overview  of  Efforts 


High  density  plasma  reactors  have  a  significant  advantage  over  the  reactive  ion  etching 
reactors  of  the  previous  section  -  the  ion  density  or  plasma  density  can  be  de-coupled  from  the 
bias  applied  to  the  substrate.  This  permits  the  high  ion  flux  densities  that  data  from  RIE 
experiments  have  shown  enhances  nitride  etch  rates,  but  with  low,  adjustable  ion  energies  (>20 
eV).  This  characteristic  enables  higher  selectivity  in  the  etch  process  and  lower  damage  levels  to 
the  semiconductor  surface  while  maintaining  reasonable  etch  rates. 

The  family  of  high  density  plasma  reactors  essentially  consists  of  electron  cyclotron 
resonance  (ECR)  microwave  plasma  sources  and  inductively  coupled  plasma  (ICP)  sources. 
However,  it  is  appropriate  to  include  magnetically  enhance  reactive  ion  etching  (MERIE) 
systems  because  of  the  similarities  in  the  discharges  in  terms  of  plasma  density. 

The  efforts  to  etch  III-V  nitrides  using  high  density  plasma  sources  are  summarized  in  Table 
II.  As  can  be  seen,  the  etch  rates  achieved  with  these  methods  is  nearly  an  order  of  magnitude 
higher  than  in  conventional  RIE  methods.  The  bulk  of  these  efforts  have  involved  halogen  based 
chemistries  including  chlorine-  [11-17],  iodine-  [18],  and  bromine-based  [14,17]  chemistries. 
There  have  also  been  efforts  in  mixed  halogen  chemistries  such  as  ICI  [19]  and  CCI2F2  [17]. 
Based  upon  successful  application  to  the  etching  of  other  III-V  compound  semiconductors, 
methyl-based  chemistries  have  also  been  investigated  [14,17].  The  fastest  etch  rates  are 
generally  achieved  at  high  microwave  powers  in  halogen  ba.sed  chemistries.  The  ICI  chemistry 
has  produced  the  faste.st  reported  etch  rates  for  all  three  nitrides:  1.3pm/min  for  GaN, 
1.15pm/min  for  InN,  and  7000A/min  for  AIN  (notably,  at  a  bias  of -275  V). 

Because  of  the  ion  driven  nature  of  the  etch  process  for  the  nitrides  achievement  of  vertical 
sidewalls  in  etched  features  is  mostly  dependent  on  the  robustness  of  the  mask  material.  When 
the  mask  is  sufficiently  robust  to  the  etch  process,  perfectly  vertical  sidewalls  are  achieved. 
When  the  mask  is  eroded  by  the  etch  process  the  features  are  overcut  and  critical  dimensions  are 
compromised.  A  remaining  challenge  is  the  introduction  of  a  controlled  degree  of  isotropy  to  the 
process.  This  is  important  in  the  fabrication  of  field  effect  and  bipolar  junction  devices  which 
require  conformal,  uniform  metal  gate  deposition  over  etch  steps  to  avoid  a  reduction  in  the 
breakdown  voltage  of  the  device. 

High  selectivity  between  the  nitrides  is  important  in  the  processing  of  heterojunction 
structures  used  in  lasers,  field  effect,  and  bipolar  junction  transistor  devices.  The  maximum 
selectivities  reported  to  date  are  as  follows:  GaN/InN  -11  in  an  ECR  Cf/Ar  plasma  at  low  bias, 
GaN/AIN  -6  in  an  ECR  ICl/Ar  plasma  at  high  bias,  and  InN/GaN  -6.5  in  an  ECR  CH4/H2/Ar 
plasma  at  low  bias[19].  These  levels  are  generally  5-10  times  smaller  than  desired  for 
heterojunction  device  processing.  Thus,  improved  etch  selectivities  are  another  area  in  need  of 
substantial  research  and  development  efforts. 


Table  II.  Summary  of  select  High  Density  Plasma  Etching  Efforts  in  the  lU-V  Nitrides. 


Chemistry 

Technique 

Etch  Rate 
(A/min) 

Source  Power 
(Watts) 

Bias 

(Volts) 

Ref 

BClj 

MERIE 

3500(GaN) 

0.5W/cm' 

-75 

11 

SiCb 

ECR 

960(GaN) 

300W 

-280 

12 

Ch 

ICP 

4000(GaN) 

2000(A1N) 

2200(InN) 

500W 

-250 

13 

Ch 

ICP 

1200(GaN) 

200(A1N) 

4800(InN) 

1500W 

1500W 

lOOOW 

-100 

14 

BCI3 

ICP 

3000{GaN) 

2200(A1N) 

2600(InN) 

500W 

-250 

13 

Cb/BCb 

ICP 

8500(GaN) 

600W 

-120 

15 

CI2/CH4/H2 

ECR 

2340(GaN) 

960(A1N) 

2300(InN) 

850W  (170“C) 

-180 

16 

HI/H2 

ECR 

I  lOO(GaN) 
1250(A1N) 
lOOO(InN) 

lOOOW 

-150 

18 

HBr/H. 

ECR 

900(GaN) 

700(A1N) 

200(InN) 

lOOOW 

-150 

18 

ICl 

ECR 

13000(GaN) 

7000(A1N) 

1 1500(InN) 

lOOOW 

-275 

19 

CCI2F2 

ECR 

300(GaN) 

90(A1N) 

90(InN) 

200W 

-250 

17 

CH4/H2 

ECR 

75(GaN) 

25(A1N) 

lOO(InN) 

200W 

-300 

17 

CH4/H2 

ICP 

1250(GaN) 

200(A1N) 

1250(InN) 

500W 

-225 

14 

Damage  Studies 

In  addition  to  the  above  considerations,  one  of  the  most  critical  figures  of  merit  for  etch 
processing  of  devices  is  the  damage  imparted  to  the  remaining  semiconductor.  To  date,  most 
reports  on  etch  damage  in  the  III-V  nitrides  have  centered  on  topographic  or  stoichiometric 
changes  imparted  to  the  surface  [13,20-23].  In  these  representative  reports,  smooth  etched 
surfaces  are  identified  as  generally  achievable,  with  the  exception  of  “etch  pit”  formation  on  the 
surfaces  of  nitride  films  grown  on  basal  plane  sapphire  [13].  Smooth  sidewall  surfaces  are  also 
reported  to  be  contingent  upon  a  robust  mask  -  erosion  of  the  mask  edges  leads  to  striations  in 
the  sidewall  in  these  high  fidelity  processes  [13]. 

Although  such  damage  reports  are  important  to  the  development  of  low  damage  processes  for 
the  nitrides,  it  is  the  effect  of  etch  processing  on  the  electronic  properties  of  nitride  surfaces  that 
is  essential  to  the  creation  of  high  quality  devices.  Despite  this  importance  there  have  been  far 
fewer  reports  on  electronic  damage  [24-29].  The  general  conclusions  from  these  efforts  are  that 


high  density  plasma  etching  renders  the  n-type  GaN  surface  less  conductive  (due  primarily  to 
mobility  reduction)  and  semi-insulating  GaN  surfaces  n-type  conducting  and  that  the  degree  of 
conduction  enhancement  or  degradation  is  a  strong  function  of  incident  ion  energy  and  mass. 
This  result  is  often  beneficial  to  ohmic  contacts  to  n-type  GaN,  but  presents  a  challenge  for 
reproducible  ohmic  contacts  to  p-type  GaN  or  Schottky  contacts  to  either  extrinsic  type.  This 
result  is  consistent  in  InN-based  semiconductors  where  ion  energies  >  300  eV  resulted  in  a 
reduction  in  carrier  concentrations  -  presumably  the  result  of  deep  trap  introduction  [27].  As 
with  other  III-V  compound  semiconductors  hydrogen  has  been  shown  to  passivate  shallow 
dopants  in  the  nitrides  [30,31]. 

We  have  performed  detailed  experiments  on  ECR  plasma  etching  damage  in  n-type  GaN  (Si- 
doped  to  mid  lO'®  cm'^)  and  highly  resistive  GaN  films  grown  by  MOCVD  on  sapphire  [29].  The 
GaN  wafers  used  in  this  study  were  grown  by  metal  organic  chemical  vapor  deposition 
(MOCVD)  on  c-plane  (000 1 )  oriented  sapphire  substrates.  The  surface  of  the  sample  was  smooth 
(~  5  nm  rms  roughness  by  atomic  force  microscopy)  and  the  thickness  of  the  layers  was  2-3  pm. 
The  wafers  were  cut  into  ~  0.4  cm^  samples  and  the  individual  samples  were  evaluated  using 
Hall  measurements  before  and  after  exposure  to  the  etching  environment.  Electron  beam 
evaporated  W/10%Ti  alloy  thin  films  deposited  on  the  comers  of  the  samples  served  as  both 
ohmic  contacts  and  as  etch  masks.  Semi-insulating  GaN  film  resistances  were  determined  by  I-V 
measurements  using  removable  liquid  Ga/In  eutectic  contacts.  Etch  depths  were  measured  with  a 
Tencor  AlphaStep  250  stylus  profilometer. 

All  plasma  etching  was  performed  in  an  electron  cyclotron  resonance  microwave  plasma 
reactive  ion  etching  system  described  previously  [32].  In  these  experiments,  the  total  pressure 
was  held  at  ImTorr  while  total  flows  of  12.8  seem,  9.6  seem,  6.8  seem  and  9.0  seem  were  used 
for  (2.8/6.873.2  flow  fractions),  (2. 8/6. 8),  H2  and  CI2  chemistries, 

respectively.  Microwave  powers  of  300-400W  and  200W  were  used  for  hydrogen-containing 
and  chorine-based  chemistries,  respectively.  The  capacitively  coupled,  rf-induced  dc  bias  level 
of  the  substrate  platen  ranged  from  -150  V  to  -400  V  (corresponding  to  rf  power  densities  from 
0.8  W/cm^  to  3.4  W/cm^)  for  all  of  the  studies  performed  here.  The  substrates  were  placed  32 
cm  downstream  of  the  position  of  the  electron  cyclotron  resonance  condition,  defined  by  the  on- 
axis  location  of  the  875  G  magnetic  field  intensity  contour. 

Rapid  thermal  annealing  experiments  were  performed  to  evaluate  the  response  of  electrical 
parameters  to  annealing  treatments.  In  these  experiments,  the  wafer  is  placed  face  down  on  a  Si 
wafer  with  the  GaN  surface  in  contact  with  the  smooth  Si  surface.  Annealing  was  performed  in 
flowing  N^  gas.  The  sample  was  first  annealed  at  4(X)°C  for  30  sec  and  then  a  room  temperature 
Hall  measurement  was  performed.  The  annealing  was  continued  at  higher  temperatures  in  100°C 
increments,  each  of  30  sec  duration.  After  each  anneal  the  electrical  parameters  were 
determined. 

In  these  efforts,  we’ve  found  that  ‘etching’  in  inert  gas  plasmas  renders  the  surface  of  n-type 
films  more  resistive  and  that  the  degree  of  resistivity  is  dependent  on  ion  energy  and  mass  - 
heavier  ions  (Ar)  at  higher  energies  (400  eV)  resulting  in  the  most  resistive  films.  The  resistivity 
increase  is  largely  attributed  to  a  drastic  decrease  in  the  mobility.  Similar  observations  are  made 
on  GaN  films  etched  in  CH4/H2/Ar  ECR  plasmas.  Films  etched  at  300  eV  in  hydrogen  shown 
only  modest  increases  in  resistivity,  and  decreases  in  mobility.  Films  etched  in  CI2  ECR  plasmas 
etched  at  the  fastest  rates  (>2000A/min)  and  showed  no  change  in  the  surface  electrical 
properties.  Supporting  results  of  surface  stoichiometry  (Auger  Electron  Spectroscopy)  and 
topography  (Atomic  Force  Microscopy  and  Scanning  Electron  Microscopy)  show  that  heavily 
damaged  surfaces  are  well  decorated  with  ‘etch  pits’  (Figure  1)  and  are  gallium  rich  (with  pre¬ 
etch  Ga:N  ratios  of  2  and  post-etch  ratios  of  3.2).  This  damage  could  be  annealed  away  with 
rapid  thermal  anneals  of  120  sec  duration  at  temperatures  as  low  as  450°C.  These  observations 


support  a  combination  of  preferential  sputtering  and 
compensating  defects.  Preferential  sputtering 
increases  the  depth  of  disorder  to  ~  2000A.  The 
addition  of  a  strong  chemical  component,  as  in  CI2 
etching,  reduces  the  disorder  by  removing  it  at  a  rate 
comparable  to  its  introduction  leaving  the  surface 
effectively  undamaged.  Similar  dependencies  on 
etch  gas,  ion  mass,  and  ion  energy  are  observed  in 
highly  resistive  films  (undoped,  Rq  >  10^  H)  except 
that  the  surfaces  were  rendered  more  n-type 
conducting. 


Figure  1.  SEM  micrograph  of  GaN  surface 
morphology  after  20  min.  exposure 
to  150  eV  Ar  ions. 


Fundamentals  of  Nitride  Etching  Studies 


to  150  ev  Ar  10ns.  We’ve  also  performed  preliminary  studies 

investigating  the  fundamentals  of  etching  of  GaN  in 
an  effort  to  understand  the  etching  process  in  terms  of  process  conditions  most  suited  to  ion- 
assisted  etching  at  minimal  damage  levels.  These  studies  have  involved  the  use  of  mass 
spectrometric  sampling  through  the  substrate  platen  with  and  without  the  substrate  present. 
Studies  without  the  substrate  were  performed  to  evaluate  the  make-up  of  the  incident  plasma  flux 
as  a  function  of  process  conditions  (pressure  and  microwave  power)  [33].  Studies  with  un¬ 
patterned  GaN  films  (grown  by  MOCVD  on  sapphire)  were  performed  to  evaluate  the  rate  of 
etch  product  formation  as  a  function  of  variations  in  the  plasma  flux  and  the  incident  ion  energy. 
The  sampling  technique  has  been  shown  to  be  extremely  sensitive  to  the  surface  chemistry  and, 
therefore,  provides  an  unambiguous  sampling  of  surface  chemistry  through  monitoring  of  etch 
products  that  evolve  from  the  surface  [34,35]. 

The  GaCl2  etch  products  at  139  (^^Ga^^Cb),  141  (^^Ga^^Cl^^Cl  and  ^^Ga^^Cb),  143 
(’^Ga^^Cl^^Cl,  ^^Ga^^Cl),  and  145  (^’Ga^^Cb)  are  used  to  monitor  the  etch  product  formation  rate 
as  a  function  of  changes  in  the  plasma/surface  interaction  region.  As  microwave  power  is 
increased  from  300-600  W,  Figure  2,  we  see  a  monotonic  increase  in  the  mass  peak  intensities  of 
the  etch  products  with  a  particular  jump  between  400  and  450  W.  Flux  characterization 

measurements  show  that  for  >  300  W 
MICROWAVE  DEPENDENCE  microwave  power  the  flux  is  nearly  fully 
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dissociated,  consistent  with  other  reports. 
For  >  400  W  microwave  power,  the  flux 
is  dominated  by  CF  and  Ar"^.  Figure  3 
shows  the  dependence  of  etch  product 
formation  on  the  process  pressure.  We 
see  a  dramatic  decrease  in  the  mass  peak 
intensities  of  the  etch  products  as 
pressure  is  increased  from  0.25  to  2 
mTorr.  Over  this  same  pressure  range, 
flux  characterizations  show  that  the  ion 
fraction  of  the  flux  drops  rapidly  to 
background  levels  at  2  mTorr  as  the 
pressure  is  increased  and  that  neutral 
species  rise  monotonically  over  this 


Figure  2.  Variation  in  etch  product  mass  intensities  pressure  range  with  Cb  and  Ar 

with  coupled  microwave  power.  domination  for  pressures  >  ImTorr. 
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Figure  3.  Variation  in  etch  product  mass  intensities 
with  process  pressure. 


Taken  together,  these  observations  with 
variations  in  process  conditions  indicate  a 
clear  need  for  a  high  ion  and  atomic 
chlorine  fluxes  at  the  substrate  to  promote 
reasonable  etch  rates,  this  requires  process 
conditions  of  high  microwave  powers  and 
low  process  pressures.  These  requirements 
should  be  met  with  care,  however,  as  they 
will  reduce  selectivity.  The  pressure 
requirement  is  well  aligned  with  the  highly 
anisotropic  nature  of  etch  processing  at 
these  pressures  due  to  increased 
directionality  of  incident  ions.  Both 
requirements  further  support  high  density 
plasma  tools  as  the  tool  of  choice  for 
nitride  etch  processing. 

The  critical  parametric  dependence  for 
understanding  the  driving  force  behind 
surface  chemistry  in  these  etch  processes  is 


the  dependence  of  etch  product  formation  rate  on  incident  ion  energy.  Figure  4  shows  the 
dependenee  of  the  GaCl2  mass  peak  intensities  on  incident  ion  energy,  as  determined  by  the  level 
of  the  capacitively  coupled  rf  bias  power.  As  can  be  seen  in  the  figure,  there  is  effectively  no 


etching  of  GaN  for  ion  energies  up  to  75-100  eV.  Above  that  level,  the  etch  product  formation 
rate  begins  to  slowly  increase  up  to  energies  of  200  eV,  indicative  of  ion-assisted  product 


formation.  This  ion-assist  is  substantially  enhanced  for  ion  energies  in  the  200-350  eV  range  as 


ION  ENERGY  (eV) 

Figure  4.  Variation  in  etch  product  ma.ss  intensities  with  substrate  bias. 


the  product  mass  peak  intensities  increase  rapidly  over  this  range.  For  ion  energies  greater  than 
350  eV  there  is  a  considerable  decrease  in  the  product  mass  peak  intensities,  almost  to 
background  levels  by  450  eV.  Over  this  same  range  of  energies,  we  have  seen  and  others  have 
shown  that  the  GaN  etch  rate  continues  to  increase.  Combining  these  observations,  we  see  that 
at  350  eV  the  etch  process  transitions  from  the  desired  ion-assisted  chemistry  to  physical 
sputtering.  The  best  results  are  therefore  expected  when  the  ion  energy  is  in  the  range  from  150- 
350  eV.  Excellent  anisotropy  can  be  expected  over  this  entire  range,  while  the  higher  end  of  this 
range  will  give  faster  etch  rates  with  poor  selectivity  and  high  damage  levels  and  the  lower  end 
of  the  range  will  give  better  selectivities  and  lower  damage  levels. 


SUMMARY  &  FUTURE  DIRECTIONS 


Various  plasma-based  etching  techniques  for  III-V  nitrides  have  been  reviewed. 
Conventional  reactive  ion  etching  techniques  using  a  capacitively-coupled  parallel  plate 
geometry  are  capable  of  etching  the  nitrides,  but  etch  rates  are  very  low  even  at  relatively  high 
ion  energies  (400  eV).  This  situation  has  serious  negative  implications  on  selectivity  and 
damage,  but  demonstrates  the  importance  of  ions  to  the  etching  process  in  the  III-V  nitrides.  As 
a  whole,  high  density  plasma  etching  has  many  advantages  for  etch  processing  of  the  nitrides. 
Etch  rates  approaching  Ipm/min  are  being  realized  in  chlorine-based  chemistries.  Perfect 
anisotropy  is  possible  due  to  the  strong  ion  dependence  of  the  etching  mechanism.  The  limit  on 
anisotropy  is  the  robustness  of  the  mask  material,  if  the  mask  erodes  the  profiles  will  be  overcut. 
A  remaining  challenge  is  the  introduction  of  some  degree  of  controlled  isotropy  to  the  process 
for  device  technologies  requiring  rounded  trench  bottoms.  Etch  selectivity  between  the  nitrides 
is  quickly  becoming  a  daunting  issue,  also  a  result  of  the  strong  ion  dependence  of  the  etching 
mechanism.  Maximum  selectivities  are  6-10  and  higher  selectivities  are  desired  for  ease  of 
processing  heterojunction  devices,  particularly  the  microelectronic  versions.  Etch  damage  to 
GaN  surfaces  is  strongly  influenced  by  ion  energy  and  mass.  This  is  partially  attributed  to 
preferential  sputtering  of  nitrogen.  The  addition  of  a  chemical  component  to  the  etch  greatly 
reduces  the  effect  by  rapidly  removing  the  residual  gallium  from  the  surface.  Fundamental 
studies  in  high  density  plasma  etching  have  shown  that  GaCl  product  formation,  presumably  the 
limiter  -  although  the  true  limitation  is  likely  the  breaking  of  the  GaN  bond  to  permit  formation 
of  GaCl  -  is  most  efficient  for  Cl,  CF  dominated  plasma  fluxes  to  the  substrate.  This  is 
consistent  with  high  plasma  powers  and  low  pressures.  These  studies  have  also  shown  that  the 
most  effective  ion-assisted  etching  is  for  incident  ion  energies  in  the  150-350  eV  range. 
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ABSTRACT 

Damage-free  etching  of  GaN  by  Cb,  assisted  by  an  ArF  (193  nm)  excimer  laser,  is 
demonstrated.  At  low  temperatures,  photo-assisted  etching  can  provide  a  better  etch  rate  and 
largely  improve  the  surface  morphology  and  quality,  AFM  results  show  that  the  etched  GaN 
surface  is  obtained  with  a  root-mean- square  roughness  of  1.7  nm.  As  compared  with  the 
photoluminescence  spectra  of  photoelectrochemical  wet  etched  GaN,  the  photo-assisted 
cryogenic  etching  is  proved  to  be  a  damage-free  dry  etching  technique. 

INTRODUCTION 

GaN  and  related  substrates  have  good  thermal  stability  and  excellent  chemical  inertness 
because  of  their  strong  bond  strengths.  This  has  made  it  difficult  to  develop  controlled  etch 
processes  to  successfully  realize  Ill-nitride  based  devices.  Most  of  the  previous  work  has  been 
directed  toward  mesa  formation  in  UV/blue/green  laser  diodes,  where  etch  depths  are  relatively 
large  (2-4  •m)  and  the  final  surface  morphology  is  relatively  unimportant.  Most  attention  is  paid 
to  a  smooth  vertical  facet.  On  the  other  hand,  the  etching  requirements  for  high  power/high 
temperature  electronics  are  quite  different.  With  shallower  etch  depths,  the  fabrication  of  these 
devices  is  on  retaining  smooth  surface  morphologies  and  obtaining  high  etch  selectivity  for  one 
material  to  another.  In  the  past,  chemically  assisted  ion  beam  etching  (CAIBE)\  reactive  ion 
etching  (RIE)^  and  inductively  coupled  plasma  (ICP)^  etching  techniques  have  been  used  to  etch 
GaN  and  related  compounds.  Despite  high  etch  rates  and  good  anisotropy  etching  have  been 
obtained  from  these  techniques,  it  is  difficult  to  produce  a  perfect  facet  and  damage-free  sidewall 
and  bottom  surface  due  to  the  bombardment  of  energetic  ions. 

Based  on  the  above  discussions,  photo-assisted  etching  appears  to  be  an  alternative  method 
to  resolve  these  problems.  Photo-induced  etching  is  initiated  as  a  result  of  direct  absorption  of 
photons  by  adsorbate  molecules  on  the  semiconductor  substrate.  Subsequently,  the  photo- 
stimulated  chemical  reaction  occurs  to  form  volatile  products,  which  may  desorb  from  the  surface 
and  are  exhausted  out  by  the  pumping  system  to  complete  the  etching  process.  Desorption  of 
product  species  plays  a  key  role  in  determining  the  etching  characteristics.  By  cryogenic  cooling 
of  the  substrate  during  photo-assisted  etching,  thermal  reaction  and  desorption  are  suppressed.  It 
provides  a  route  for  an  anisotropic  etching  process  with  the  damage-free  surface.  The  advantage 
of  etching  at  low  temperatures  also  includes  the  fact  that  the  sticking  coefficient  of  Ch  on  the 
substrate  is  increased. 

In  previous  work,  Shih  et  al.'*  presented  a  technique  for  cryogenic  chlorine  etching  of  GaAs. 
Leonard  and  Bedair^  also  obtained  successful  realization  of  photoassisted  etching  of  GaN  in  HCl 
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by  using  a  193  nm  ArF  excimer  laser.  In  Leonard’s  experiment,  HCl  etchant  with  a  base  pressure 
of  ~5xl0''^  Torr,  a  sample  temperature  between  200  and  400  and  a  laser  fluence  of  1400 
mJ/cm^  were  combined  to  produce  an  etch  rate  of  8  nnVmin.  In  this  letter  we  will  show  the 
preliminary  results  and  demonstrate  the  improved  GaN  surface  quality  using  photo-assisted 
cryogenic  etching  laser  in  Cb  ambient  with  an  ArF  excimer.  Photoelectrochemical  (PEC)  etching 
experiments  is  also  performed  to  compare  with  the  results  of  photo-assisted  cryogenic  (PAC) 
etching. 


Table  I.  A  Li64'^  Taguchi  orthogonal  design  of  various  parameters  in  PAC  etching. 


Parameter 

Laser  Power 
(mJ) 

Cb  pressure 
(mTorr) 

Repetition  Rate 
(Hz) 

Temperature 

("C) 

1 

270 

0.1 

1 

-t-100 

2 

300 

0.5 

2 

-t-25 

3 

210 

1 

4 

-60 

4 

240 

5 

8 

-170 

EXPERIMENT 

A  high  vacuum  etching  .system  was  composed  of  a  load  lock,  a  preparation  chamber  and  the 
main  etching  chamber.  The  main  chamber  was  turbo  pumped  maintaining  a  base  pressure  of  8  x 
10’^  Torr  when  the  system  was  not  in  use.  Cb  was  introduced  into  the  chamber  via  a  leak  valve 
doser.  Liquid  nitrogen  was  u.sed  to  cool  down  the  sample  holder  to  100  K.  For  the  purpo.se  of 
studying  the  relationship  between  various  parameters  and  etch  rate,  a  sixteen-run  experiment 
using  Li64‘*  Taguchi  orthogonal  design  was  employed.  The  experimental  parameters  in  this  study 
are  listed  in  Table  I. 

The  light  source  was  a  Lambda  Physik  LPX-200  ArF  excimer  laser  (193  nm).  The  n-type 
GaN  (<  5x  10“’  cm‘^)  samples,  epitaxially  grown  on  the  sapphire  substrate,  were  purchased  from 
CREE  Corporation.  Prior  to  the  sample  mounting,  the  samples  were  .solvent  cleaned.  A  stainless 
plate  with  small  holes  was  used  to  serve  as  the  overlaid  mask.  Before  introducing  the  laser  beam 
through  a  quartz  window  into  the  etching  chamber,  one  reflection  mirror  and  one  focus  lens  of 
15-cm  focus  length  were  arranged  to  direct  the  beam  path.  The  beam  output  power  measured  in 
front  of  the  quartz  window  was  210-300  mJ/pulse.  The  focus  lens  reduced  the  laser  beam  spot 
size  on  the  substrate  to  10%  of  its  original  3  x  1  cm^  dimensions. 

For  the  damage  identification  study,  PEC  etched  samples  were  prepared  to  compare  with 
that  obtained  from  PAC  etching.  The  illumination  source  for  PEC  etching  was  an  ORIEL  1000  W 
Hg  lamp,  which  was  generally  operated  at  600  W.  To  avoid  the  heating  problem  from  the 
electrolyte  absorption,  a  water  reservoir  was  mounted  in  front  of  the  exit  window  of  the  Hg  lamp 
to  filter  out  the  infared  radiation.  The  samples  were  clipped  between  a  Pt  electrode  plate  with  a  4 
mm  hole  and  a  Teflon  holder.  A  Teflon  mask  with  a  3  mm  hole  was  used  to  cover  and  prevent  the 
Pt  electrode  from  UV  illumination.  The  electrolyte  was  prepared  by  dissolving  potassium 
hydroxide  (KOH)  pellets  in  deionized  water  to  form  a  0.02  M  aqueous  solution.  The  standard  lift¬ 
off  lithography  technique  was  used  to  form  the  100  ‘m  square  Ti  metal  ma.sk  that  served  as  an 
ohmic  contact  for  better  photocurrent  conduction. 

A  continuous  wave  He-Cd  laser  with  *0X0=325.0  nm  was  used  in  the  photoluminescence 
(PL)  mesurement.  All  PL  spectra  were  recorded  using  a  monochrometer  and  a  photomultiplier. 


RESULTS  AND  DISCUSSION 
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Figure  1 .  Etch  depth/pulse  as  a  function  of  (a)  temperature  and  (b)  Ch  pressure. 
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Figure  2.  SEM  and  AFM  photographs  of  photo-assisted  cryogenic  etched  GaN  surfaces. 

Figure  1(a)  shows  the  GaN  etch  rates  as  a  function  of  temperature.  The  etch  depth  is 
measured  using  an  alpha-step  and  a  maximum  etch  rate  of  84  nm/mim  is  obtained  at  210K.  As 
compared  with  Leonard  and  Bedair’s  results^,  the  increased  etch  rate  may  be  attributed  to  the 
higher  efficiency  of  Cl  radical  production  since  the  Cl-Cl  binding  energy  (242.58  kJ/mol  at  298  K) 
is  smaller  than  that  of  the  H-Cl  (431.62  kJ/mol  at  298  K).®  In  order  to  prevent  the  volatile  product 
from  residing  on  the  surface  during  the  course  of  etching,  the  surface  must  be  kept  above  the 
desorption  temperature  to  assure  the  etching  to  proceed.  The  etch  rate  also  increases  with  the 
increase  of  laser  power  density.  The  linear  dependence  of  the  etch  rate  on  the  Ch  pressure  is 
shown  in  Fig.  1(b).  The  etch  rate  increases  with  the  decrease  of  temperature  and  the  increase  of 
Ch  pressure.  This  suggests  that  the  etching  process  is  initiated  by  Cl  atoms  photogenerated  from 
the  physisorbed  chlorine  layer  on  the  substrate.  At  lower  temperature,  more  molecular  chlorine  is 
condensed  on  the  surface,  which  is  photodissociated  and  reacts  with  the  GaN  substrate.  However, 
the  etch  rate  becomes  saturated  at  a  Ch  pressure  of  -ImTorr  and  then  decreases  at  higher 
pressures.  The  threshold  of  laser  power  density  is  estimated  to  be  about  600  mJ/cm^.  No 
appreciable  etching  is  observed  when  the  substrate  is  exposed  to  Ch  without  laser  illumination  or 
a  laser  illumination  without  Ch  introduction.  The  combination  of  both  Ch  and  ArF  laser  energy  is 
a  necessary  condition  to  proceed  the  photo-assisted  etching.  It  is  also  found  that  the  ablative 
etching  occurs  at  the  power  density  of  more  than  1000  mJ/cm^. 


Table  II.  A  comparison  of  the  roughness  of  the  etched  GaN  surface  in  the  previous  studies  and 
this  work. 


Gas 

Roughness  (nm) 

Etch  technique 

References 

Cl2/H2/CH4/Ar 

65.2 

ICP 

10 

CF/Hj/CHVAr 

19.3 

RIE/ECR 

10 

Cb/Ar 

5.4 

ICP 

3 

BIs/Ar 

~10 

ICP 

11 

BBr3/Ar 

~3 

ICP 

11 

CI2 

-1.7 

PAC 

This  work 

As  shown  in  Figure  2,  SEM  and  atomic  force  microscopy  (AFM)  photographs  indicate  that 
the  root-mean-square  roughness  of  1.7  nm  can  be  achieved  on  GaN  surface  etched  at  210  K.  The 
surface  roughness  of  GaN  etched  at  low  temperatures  is  much  better  than  that  obtained  at  room 
temperature.  It  can  be  inferred  that  the  higher  sticking  coefficient  of  CU  at  low  temperatures  helps 
to  etch  the  substrate  more  efficiently.  Compared  with  the  results  using  RIE/ECR-RIE/ICP  dry 
etching  techniques,  photo-assisted  cryogenic  etching  produces  the  smoothest  surface.  Table  II 
lists  some  roughness  data  reported  in  the  previous  studies  using  other  etching  techniques  and 
conditions. 

Figurs  3(a)  shows  the  room  temperature  PL  spectrum  of  PAC  etched  GaN  surfaces.  The 
3.41  eV  peak  is  attributed  to  the  near-band-edge  emission  and  the  1.705  eV  peak  is  its  second 
harmonic  conterpart.  A  broad  yellow  luminescence  (YL)  is  observed  for  the  GaN  surface  etched 
at  room  temperature,  which  is  centered  at  2.2  eV.  But  it  does  not  appear  at  the  GaN  surface 
etched  at  low  tempertures.  For  further  investigation  on  this  broad  band  emission,  PL  spectra  of 
PEC  etched  GaN  surfaces  are  shown  in  Figure  3(b).  All  PEC  etched  surfaces  show  a  broad  band 
emission  and  its  relative  intensity  increases  with  the  increase  of  the  UV  radiation  power.  On  the 
GaN  surface  etched  under  the  irradiation  of  700  W  UV,  the  peak  shifts  from  3.41  eV  to  the  lower 
energy.  The  origin  of  yellow  luminescence  has  attracted  much  attention  and  several  mechanisms 
have  been  proposed.  Neugebauer  and  Van  De  Walle’  investigated  the  native  vacancy  defect  and 
vacancy-impurity  complexes  and  suggested  that  the  main  defect  source  is  attributed  to  Vca  (Ga 
vacancy)  forming  an  acceptor-like  defect  level.  From  the  first-principle  calculation,  they 
concluded  that  Vca  is  easier  to  form  due  to  its  lower  formation  energy  and  is  possibly  the  origin  of 
YL.  During  the  photo-assisted  etching  of  GaN,  Ga  is  removed  as  volatile  GaClx  products  via  a 
photo-stimulated  reaction  while  N  is  most  likely  removed  as  a  free  atom.  This  process  creates  a 
Ga-deficient  surface  and  results  in  the  acceptor-like  native  defect,  namely,  gallium  vacancy  that  is 
the  origin  of  YL  as  proposed  by  Neugebauer  and  Van  De  Walle.  The  use  of  cryogenic 
temperatures  for  the  substrate  increases  the  range  of  usable  molecular  adsorbates  and  suppresses 
unwanted  thermally  active  reactions  that  normally  occur  at  room  temperature.  Hence,  the  defect 
center  is  largely  reduced  and  no  YL  band  is  observed  on  the  photo-assisted  cryoetched  GaN 
surfaces.  On  the  other  hand,  Minsky  et  al.*  proposed  that  the  PEC  etching  of  GaN  occurs  through 
the  oxidative  decomposition,  in  which  photogenerated  holes  assist  the  oxidation  and  the 
subsequent  dissolution  of  the  semiconductor  into  aqueous  solution.  Youtsey  et  al.’  postulated  that 
the  oxidation  reaction,  2GaN  +  6h*  ->  2Ga‘^''  +  N2 ,  is  responsible  for  the  decomposition  of  GaN. 
While  in  our  wet  etching  condition,  we  tentatively  conjecture  that  YL  may  result  from  deep  level 
Voa  and  Vgh-On  defect-impurity  complexes.  During  the  PEC  etching,  the  oxidation  reaction  takes 
away  Ga  and  N  atoms  (Vca  and  Vn)  and  incorporates  O  atoms  into  N  sites  to  form  the  Vgu-On 


complexes,  in  which  UV  irradiation  provides  the  enough  formation  energy.  However,  further 
experimental  studies  are  needed  to  confirm  this  conjecture. 


-A  -  600  mj/cm''2, 120  K,  1  mTorr 

-  B  -  800  mJ/cm'‘2, 120  K.  1  mTorr 

-  C  -  800  mJ/cm''2,  R.T.,  1  mTorr 

-  D  -  Unetched  GaN  surface 
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-  A  -  Unetched  GaN  surface 

-  B  -  PEC  etched  GaN  surface  at  470  W 

-  C  -  PEC  etched  GaN  surface  at  600  W 

-  D  -  PEC  etched  GaN  surface  at  700  W 

KOH  concen.  =  0.02  M 
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Fig.  3.  PL  spectra  of  (a)  cryogenic  photo-assisted  and  (b)  photoelectrochemical  etched  GaN. 


Fig.  4(a)  SEM  picture  of  photoelectrochemical  etched  Ino.25Gao.75N  at  the  elevated  temperature  in 
the  KOH  electrolyte  with  magnetic  stirring,  (b)  SEM  picture  of  photoelectrochemical  etched  GaN 
after  a  photo-assisted  post-treatment.  The  post-treatment  was  conducted  under  1  mTorr  CI2  at 
R.T.,  with  a  laser  power  of  240  mJ/pulse  and  a  repetition  rate  of  8Hz  for  10  mins. 

We  have  also  employed  PAC  and  PEC  techniques  to  etch  InGaN  samples.  Like  the  GaN 
substrate,  PAC  etching  of  InGaN  can  produce  a  smooth  vertical  sidewall.  But  in  the  PEC  etching, 
an  indium  oxide  layer  grows  during  etching  and  causes  to  slower  the  etching  process.  After 


stirring  the  electrolyte  at  the  elevated  temperature,  we  can  continue  the  etching  process  and 
obtain  a  vertical  sidewall  as  shown  in  Figure  4(a).  It  is  also  found  that  whiskers  is  formed  on  the 
GaN  surface  after  PEC  etching*^.  A  post-treatment  by  CI2  dry  etching  under  the  laser  illuminaton, 
followed  by  PEC  etching,  can  obtain  a  much  improved  smooth  surface  as  shown  in  Figure  4(b). 

CONCLUSIONS 

In  this  study,  PAC  and  PEC  techniques  are  used  to  etch  GaN  and  InGaN.  The  photo- 
assisted  cryogenic  etching  technigue  can  produce  smooth  and  vertical  sidewall  features  and 
resolve  the  yellow  luminescence  problem.  Photoelectrochemical  etching  of  GaN  at  room 
temperature  is  hindered  by  the  formation  of  indium  oxide.  After  stirring  the  KOH  electrolyte  at 
the  elevated  temperature,  the  vertical  sidewall  features  can  be  achieved.  The  post-treatment  of 
PEC  etched  GaN  under  a  CI2  ambient  with  the  excimer  laser  illumination  provides  an  alternative 
to  obtain  vertical  and  smooth  etched  surfaces. 
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ABSTRACT 


Ga"^  and  Au^  focused  ion  beams  (FIB)  are  used  to  micromachine  GaN  films.  The  GaN 
micromachining  has  been  studied  at  energies  from  30-90  keV,  incident  angle  from  0-30°,  and 
number  of  repetitive  scans  from  10  to  50  scans.  Trenches  milled  in  GaN  have  vertical  and 
smooth  side-walls  and  very  smooth  bottoms.  The  micromachining  rate  was  found  to  be  fairly 
independent  of  ion  dose,  ranging  from  0.4  to  0.6  jimVnC  for  Ga*  and  1  to  2  pmVnC  for  Au"^. 
This  translates  into  an  effective  yield  of  of  6-7  atoms/ion  for  Ga"^  and  21-26  atoms/ion  for  Au"^. 
This  represents  the  highest  direct  FIB  removal  yield  reported  to  date.  We  have  also  investigated 
the  micromachining  of  GaN  substrate  material:  c-face  sapphire.  Using  FIB  Ga\  sapphire  has  an 
effective  yield  of  ~2-2.5  atoms/ion,  or  approximately  1/3  of  the  GaN  sputtering  yield.  For  the 
materials  investigated,  we  found  the  sputtering  yield  to  be  inversely  proportional  to  the  strength 
of  the  material  chemical  bond.  We  also  describe  the  application  of  the  FIB  pmachining 
technique  to  the  fabrication  of  small  period  Distributed  Bragg  Reflector  (DBR)  mirrors  for  a 
short  cavity  GaN  laser  structure. 

INTRODUCTION 


GaN  and  its  alloys  are  of  great  interest  for  visible  and  UV  light  emitting  devices  because 
of  their  applications  for  displays,  scanners,  printers,  optical  disks,  etc.  Recently,  commercialized 
laser  diodes^  have  been  announced  using  GaN-based  structure  grown  on  sapphire  and  SiC 
substrate.  Most  of  the  research  and  development  to  date  is  focused  on  GaN  grown  on  sapphire 
substrates  because  of  good  crystal  quality.  However,  there  still  remain  some  fabrication  issues 
concerning  sample  preparation  and  processing.  In  particular,  suitable  cavity  and  high  reflectivity 
mirror  facets  are'  hard  to  obtain  by  conventional  processing  procedures  due  to  the  large 
misalignment  between  sapphire  and  GaN-based  materials.  Currently,  facets  are  formed  by  either 
the  cleaving  method  (which  cannot  provide  lower  roughness  on  the  sidewalls),  or  by  dry  plasma 
etching"^  (which  generates  high  ion-induced  damage  and  smooth  etched  sidewalls).  Therefore,  it 
is  important  to  find  a  simple  and  efficient  processing  technique  in  order  to  fabricate  low  mirror 
loss  and  mode  selection  of  laser  diodes. 

Conventional  edge-emitting  semiconductor  lasers  fabricated  by  cleaving  result  in  the  low 
mirror  reflectivity  in  the  range  of  ~0. 3-0.4.  Even  though  there  are  distributed  feedback  (DFB)  or 
distributed  Bragg  reflector  (DBR)^'^  in  the  ends  of  the  laser  cavity,  the  overall  mirror  reflectivity 
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still  remains  low.  Recently  several  research  groups  ’  ’  reported  an  alternative  method  to 
increase  the  mirror  reflectivity  of  semiconductor  lasers  by  introducing  a  short  (but  deep)  stack  of 
DBR  grating  consisting  of  multilayers  of  semiconductor  materials  and  air.  This  is  attractive 
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since  the  large  refractive  index  difference  between  semiconductor  materials  and  air  provides  a 
very  high  reflectivity  and  reduces  the  length  of  cavity  at  the  same  time. 

The  Focused  Ion  Beam  (FIB)  technique  has  been  applied  to  many  aspects  of 
microelectronic  device  fabrication.  In  particular,  FIB  is  successfully  used  in  the  areas  of 
micromachining  and  ion-induced  mixing  ,  with  applications  to  photonic  components  such  as 

waveguides,  mirrors,  gratings  and  laser  cavity  in  the  GaAs/AlAs  and  InP  materials  .systems. 
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Recently,  there  are  several  groups  ’  who  have  applied  FIB  micromachining  to  produce  flat  and 
smooth  mirror  facets  for  GaN  laser  diodes.  Nonetheless,  no  quantitative  analysis  of  GaN 
micromachining  has  been  reported  to  date.  In  this  paper,  we  present  the  results  on  FIB 
micromachining  of  GaN  and  related  substrates  under  various  experimental  parameters  of  energy, 
incident  angle  and  scan  strategy.  We  also  apply  FIB  micromachining  for  the  fabrication  of  GaN 
laser  with  short-period  cavity  with  scmiconductor/air  DBR  mirrors. 

EXPERIMENT 

Liquid  metal  ion  source  (LMIS)  of  Ga^  and  Au*  were  used  with  the  MBI  (MicroBeam 
Inc.)  NanoFab  150  system  of  FIB.  This  system  has  two  sets  of  electrostatic  lenses  and  ExB 
mass  separation.  The  total  emission  current  was  typically  set  at  3  pA  for  Ga^  and  15  pA  for  Au^ . 
The  target  current  of  Ga^  was  -170  pA  for  measuring  milling  rate,  ~220pA  for  fabricating  the 
waveguides  and  -22  pA  for  grating  fabrication.  The  Au*  target  current  was  -185  pA  for 
measuring  milling  rate.  The  total  dose  used  in  the  experiments  for  the  milling  rate  analysis 
reported  here  was  kept  constant  at  lxl0'**cm^  We  used  2.5x1 0'*cm‘  for  waveguide  and 
gratings.  Multiple  number  of  scans  with  FIB,  ranging  from  10,  20  and  50,  are  made  to  achieve 
this  dose.  The  GaN  micromilling  was  investigated  using  Ga^  ions  with  energy  ranging  from  30 
to  70  keV,  and  Au"^  ions  from  30  to  90  keV,  respectively.  The  ion  beam  angle  of  incidence  was 
varied  between  0°  (normal  incidence)  and  30°  for  Ga\  while  Au"^  is  incident  to  the  normal 
surface  of  GaN. 

The  primary  GaN  material  used  for  milling  experiments  was  grown  by  hydride  vapor 
phase  epitaxy  (HVPE)  on  sapphire  substrates.  The  GaN  film  was  relatively  thick  (~20pm) 
which  allowed  for  milling  experiments  to  be  performed  without  encountering  any  substrate 
effects.  However,  since  in  practice  thinner  GaN  layers  are  grown  on  various  substrates  for 
fabricating  devices,  we  have  inve.stigated  the  FIB  Ga^  milling  for  the  primary  substrate  material: 
c-face  sapphire.  We  fabricated  the  waveguides  and  gratings  on  GaN  (thickness  =  2  pm),  grown 
on  sapphire  by  MOCVD. 

Scanning  electron  microscopy  (SEM)  was  used  to  observe  the  structures  of  laser  cavity, 
mirror  facets,  and  gratings  on  GaN  samples.  Another  useful  instrument  to  measure  the  depth 
profiles  of  milled  pattern  is  the  Atomic  Force  Microscope  (AFM),  which  measures  detailed 
information  in  the  milling  depth,  side-wall  angles  and  roughness  of  surface  and  bottom  of  the 
GaN  pattern.  AFM  images  and  data  were  obtained  by  using  Nanoscope  II  and  Dimension  3100 
systems  from  Digital  Instruments. 

RESULTS 


Fig.  1(a)  shows  an  SEM  microphotograph  of  a  GaN  pattern  micromilled  using  90kV  Au^ 
FIB  with  a  dose  of  IxlO'^cm'^  at  normal  incidence,  and  10  FIB  scans.  The  total  area  of  the 
pattern  FIB-micromilled  into  GaN  is  200  pm^  which  requires  approximately  30-35  min 
exposure  for  a  IxlO'^'cm’^dose.  The  milling  depth  of  GaN  experiments  ranged  between  -0.6  to 
1  pm  for  Ga^,  and  -2.3  to  3  pm  for  Au.  The  “writing”  strategy  is  that  of  serpentine  .scan. 


Fig.  1  The  Ga"  FIB  micromachined  pattern:  (a)  SEM  photograph  of  GaN  pattern  micromachined  using  90kV 
Au"  FIB  with  a  dose  of  lxlO'*cm\  at  normal  incidence,  and  10  scans;  (b)  schematic  diagram  of 
serpentine  scan. 


illustrated  in  Fig.  1(b),  where  the  scan  direction  is  reversed  after  each  pass  to  minimize 
redeposition  effects.  A  sharply  defined  milled  region  is  obtained,  with  a  uniform  depth,  a 
smooth  milled  surface,  and  with  minimum  redeposition  of  material.  A  deeper  trench  is  observed 
where  the  two  rectangles  of  the  pattern  have  a  slight  overlap. 

In  Fig.  2,  we  compare  the  Ga"^  milling  rate  as  a  function  of  off-axis  angle  from  the 
normal  target  surface  at  different  energy  from  30  to  70  keV  and  10  FIB  scans.  We  found  that 
the  milling  rate  increases  with  the  Ga^  incident  angle  in  all  cases.  For  the  normal  angle  (i.e.  0°), 
increasing  the  ion  energy  results  in  an  increasing  the  milling  rate.  For  15°  and  30°  the  incident 
angles,  the  milling  rate  is  weakly  independent  of  ion  energy.  Fig.  3  shows  the  effect  of  changing 
the  number  of  scans  on  the  milling  rate  for  various  incident  angles  at  a  fixed  ion  energy  of  50 
keV,  The  milling  rate  is  independent  of  FIB  scans  at  0°.  For  angles  of  15°  and  30°,  the  milling 
rate  becomes  larger  as  the  number  of  FIB  scans  increases.  A  similar  effect  was  also  observed  at 
30  and  70  keV. 


Fig.  2  Ga^  milling  rate  of  GaN  versus  angle  of  Fig.  3  Ga"^  milling  rate  of  GaN  versus  angle  of 
incidence  for  different  energies  in  10  FIB  incidence  for  different  scan  conditions  at  50 

scans,  (total  dose:  IxlO'W^)  keV.  (total  dose:  IxlO'W') 


Ion  Energy  (KeV) 


Fig.  4  Au*  milling  rate  of  GaN  versus  ion  energy  for  Fig.  5 
different  scan  conditions  in  the  normal 
incidence,  (total  do.sc:  lxlO"‘cm‘) 


Comparison  of  Ga^  and  Au^  milling  rate  of 
GaN  and  sapphire  as  a  function  of  ion  energy, 
(total  dose;  lxlO'’*cm%  normal  incidence,  10 
scans) 


The  milling  rate  of  ions  for  energies  from  30  to  90  keV  and  different  repetitive  scans 
under  the  condition  of  normal  incident  angle  (0  degree)  is  observed  in  Fig.  4.  The  milling  rate 
increased  with  ion  energy  increasing  from  30  to  70  keV,  decreased  at  90  keV.  For  Au^  ion,  the 
physical  limitation  of  milling  rate  is  at  70  keV.  The  reason  is  that  for  most  of  ion  energy  over 
70  keV,  the  ions  will  be  implanted  into  the  target  instead  of  milling  the  target.  The  increase  of 
scan  speed  (i.e.  number  of  scans)  reduces  the  milling  rate  for  all  energies.  In  Fig.  5,  we  compare 
the  sputtering  yield  of  Au"^  ions  for  GaN  with  Ga'"  ion  for  GaN  and  sapphire.  As  expected,  the 
Au"^  ion  which  is  heavier  than  Ga""  ion  has  a  much  higher  sputtering  yield.  For  example,  the 
sputtering  yield  of  Au^  ion  at  conditions  of  70  keV  and  10  FIB  scans  is  26  atoms/ion,  which  is 
almost  4  times  larger  than  Ga"  ion  under  the  same  conditions.  The  drawbacks  of  Au^  FIB 
milling  add  more  redeposition  on  the  side-wall  and  a  wider  beam  diameter.  From  Fig.  1(a),  we 
can  see  that  there  is  some  redeposition  on  the  side-wall  and  bottom  surface  of  the  milled  pattern. 
The  Ga^  sputtering  yield  of  GaN  is  about  3  times  larger  than  that  of  sapphire  substrate.  The  fact 
that  the  GaN  milling  rate  is  always  higher  than  sapphire  is  of  assistance  in  terminating  the 
milling  process  without  removing  excessive  amounts  of  substrate  material.  We  have  observed 
that  an  increase  in  scan  speed  causes  a  decrease  in  sputtering  yield  of  Au"  ions  at  normal 
incidence,  which  is  similar  to  the  same  result  with  Ga^  ions  shown  in  Fig.  3. 

We  have  applied  FIB  milling  to  the  fabrication  of  short  cavity  lasers  which  utilize 
air/semiconductor  DBR  grating  mirrors.  With  this  DBR  structure,  the  mirrors  formed  by  grating 
structures  can  offer  better  reflectivity  than  conventional  cleaved  mirrors.  In  Fig.  6,  we  show  the 
SEM  photographs  for  the  DBR  gratings  and  short  cavity  laser  structures  fabricated  in  GaN  using 
Ga"*"  ion  FIB  micromachining.  The  cavity  length  is  120  pm  and  the  cavity  width  is  18  pm,  shown 
in  Fig.  6(a).  The  DBR  grating  shown  in  Fig.  6(b)  is  a  5th  order  grating,  with  a  grating  period  of 
675  nm  and  spacing  of  200  nm.  The  SEM  photographs  indicate  that  FIB  is  a  very  precise 
technique  for  the  fabrication  of  DBR  gratings  and  other  optoelectronic  and  photonic  applications 
in  GaN. 


Fig.  6  The  SEM  photographs  of  the  GaN  laser  with  DBR  gratings  by  FIB  micromachining:  (a)  the 
overview  of  laser  structure,  cavity  length  is  120  pm;  (b)  the  5th  order  grating  structure,  the  period 
IS  675  nm  and  spacing  is  200  nm.. 


CONCLUSION 

In  conclusion,  we  have  reported  the  Ga  and  FIB  micromachining  characteristics  of 
GaN.  We  have  compared  the  milling  rate  and  sputtering  yield  of  GaN  by  two  potential  ion 
species,  Ga^  and  Au^  under  various  experimental  conditions  (ion  energy,  numbers  of  FIB  scans, 
angle  of  incidence).  The  high  FIB  milling  rate  of  GaN  (significantly  higher  than  that  of 
common  sapphire  substrate)  has  positive  implications  for  future  fabrication  of  GaN  devices.  We 
also  demonstrated  that  FIB  micromachining  has  the  capability  to  fabricate  DBR  gratings  in  order 
to  obtain  better  reflectivity  for  laser  diodes.  We  believe  that  FIB  micromachining  is  a  very 
promising  technique  for  GaN  laser  fabrication.  The  authors  gratefully  acknowledge  the  HVPE 
GaN  material  provided  by  R.  Molnar  and  the  support  of  this  work  by  MRL/NSA. 
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ABSTRACT 

The  III-V  nitride  semiconductors  appear  to  be  excellent  host  materials  for  optical  device 
applications  involving  thin  films  doped  with  rare  earth  atoms.  In  particular,  GaN  epUayers  doped 
with  Er  ions  have  shown  a  highly  reduced  thermal  quenching  of  the  Er  luminescence  intensity 
from  cryogenic  to  elevated  temperatures.  The  remarkable  thermal  stability  of  the  light  emission 
may  be  due  to  the  large  energy  bandgap  of  the  material,  as  well  as  to  the  optical  inactivity  of 
material  defects  in  the  GaN  film.  In  this  paper  we  present  recent  developments  concerning  the 
luminescence  characteristics  of  Er-doped  GaN  thins  films.  We  have  used  two  methods  for  doping 
GaN  films  with  Er  ions,  ion  implantation  and  in-situ  incorporation  during  gas  source  metal- 
organic  molecular  beam  epitaxy  (MOMBE).  Bandedge  (at  ~  0.34  pm)  and  infrared  (at  ~  1.54 
pm)  photoluminescence  (PL)  spectra  have  been  measured  for  both  types  of  Er-doped  GaN  films. 
Considerably  different  emission  spectra  have  been  observed  depending  upon  the  incorporation 
method  and  the  heat  treatment  procedure.  In  situ  Er-doped  GaN  layers  have  been  processed  into 
hybrid  light  emitting  devices  and  emission  spectra  at  1.54  pm  have  been  measured. 

Erbium  in  Semiconductors  and  Thermal  Quenching 

The  optical  properties  of  rare  earth  ions  in  insulating  materials  have  been  extensively  studied 
for  applications  in  solid  state  lasers  and  optical  fiber  amplifiers  [1].  Solid  state  lasers,  such  as 
Nd^'^iYAG,  are  based  on  the  4f  intra-subsheU  transitions  of  the  rare  earth  trivalent  ions  (RE^^) 
which  exhibit  a  very  stable  lasing  wavelength  and  minimum  temperature  dependence.  Because  of 
these  characteristics,  such  lasers  have  found  widespread  applications  in  laboratory  and  military 
systems.  Er-doped  silica  fibers  are  being  used  for  amplification  of  optical  signals  in  wavelength 
division  multiplexing  (WDM)  communication  systems  operating  at  1.54  pm  and  Pr-doped  fibers 
are  being  developed  for  use  at  1.3  pm  [2]. 

Investigations  of  the  optical  properties  of  rare  earth-doped  III-V  semiconductors  have  begun 
relatively  recently.  Beginning  with  the  work  of  Ennen  et  al.  in  1983  [3],  the  luminescence  of  rare 
earth  ions  in  III-V  compound  semiconductors  has  received  considerable  attention.  The  main  goal 
of  this  work  has  been  to  develop  electrically  pumped  optical  sources  and  amplifiers  for  use  in 
optical  communication  systems.  Studies  of  rare  earth  ions  in  a  variety  of  different  semiconductors 
have  been  conducted  [4,5,6].  Due  to  the  importance  of  the  1.54  pm  region  for  optical 
communications,  Er  has  been  the  main  rare  earth  element  to  be  investigated. 
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Favennec  et  al.  studied  the  dependence  of  the  emission  intensity  of  the  ions  on  the 
bandgap  of  the  host  semiconductor  and  on  the  sample  temperature  [7].  Several  different 
semiconductors  were  implanted  with  Er^  ions  and  the  emission  intensity  was  measured  at  different 
temperatures.  It  was  found  that  the  intensity  decreased  at  higher  temperatures.  This  thermal 
quenching  of  the  emission  intensity  was  more  severe  for  the  smaller  bandgap  materials,  such  as  Si 
and  GaAs.  The  wide  bandgap  II-VI  compounds,  such  as  ZnTe  and  CdTe,  exhibited  the  least 
temperature  dependence. 

Since  the  wider  bandgap  semiconductors  lead  to  less  thermal  quenching  of  the  Er‘^^  emission, 
the  III-V  nitride  alloys  appear  to  be  especially  promising  host  materials  for  rare  earth  doping. 
These  alloys  have  a  bandgap  ranging  from  1.9  eV  for  InN  to  3.4  eV  for  GaN  and  6.2  eV  for  AIN. 
However,  due  to  a  lack  of  a  lattice  matched  substrate,  present  III-V  nitride  epilayers  contain  a 
high  density  of  dislocation  defects  and  various  impurity  elements.  Nevertheless,  very  encouraging 
results  have  been  obtained  with  Er-doped  III-V  nitride  materials. 

Erbium  Doping  Methods 

Several  different  methods  have  been  used  for  incorporating  Er  atoms  into  III-V 
semiconductor  materials,  mainly  ion  implantation  and  epitaxial  growth.  Each  method  presents 
certain  advantages  as  well  as  difficulties.  Apparently,  there  are  no  reports  of  Er  incorporation 
into  these  semiconductor  materials  during  bulk  growth  or  by  diffusion.  Ion  implantation  has  been 
widely  used  in  processing  integrated  electronic  circuits  and  optoelectronic  devices.  Because  this 
method  is  a  non-equilibrium  process,  it  is  not  limited  by  solubility  constraints  or  by  surface 
chemistry.  Wilson  et  al.  [8]  were  the  first  to  introduce  Er  into  GaN  and  AIN  materials  using  ion 
implantation.  They  observed  strong  infrared  luminescence  centered  at  1.54  pm.  However,  co¬ 
implantation  with  O  and  subsequent  furnace  annealing  was  needed  to  achieve  this  luminescence. 
Subsequently,  several  other  research  groups  used  ion  implantation  to  dope  III-N  semiconductors 
with  Er  atoms  [9,10,1 1]. 

Three  different  methods  of  epitaxial  growth  have  been  used  successfully  for  doping  III-N 
semiconductors  with  Er  atoms:  gas  source  Gen  11  metal-organic  molecular  beam  epitaxy 
(MOMBE)  [12];  hydride  vapor  phase  epitaxy  (HVPE)  [11],  and  solid  source  molecular  beam 
epitaxy  (MBE)  [13].  However,  with  each  of  these  techniques,  there  have  been  difficulties 
incorporating  Er  atoms  into  the  epilayers  and  obtaining  optically  active  centers.  The  maximum 
concentration  of  Er  in  these  epilayers  has  been  on  the  order  of  lO'*^  cm'\  Nevertheless,  high 
quality  epilayers,  doped  with  Er  ions,  have  been  achieved  and  good  luminescence  characteristics 
have  been  observed. 

Optical  Excitation  Spectroscopy 

Photoluminescence  (PL)  spectroscopy  has  been  the  main  optical  technique  used  to 
characterize  the  emission  of  Er-doped  III-N  semiconductor  materials.  This  technique  involves 
optical  excitation  of  the  Er^^  ions  and  measurement  of  the  spectrum  of  the  light  emission  as  a 
function  of  intensity  and  energy.  In  a  simplified  view,  optical  excitation,  at  above-bandgap  energy, 
leads  to  creation  of  electron-hole  pairs.  Some  of  the  electron-hole  pairs  may  transfer  energy  to  the 
Er^^  ions,  exciting  the  4f-electrons  to  higher  energy  states  and  resulting  in  optical  emission.  Most 
of  the  PL  measurements  of  Er-doped  semiconductors  have  involved  use  of  a  laser  operating  at  an 
energy  above  that  of  the  bandgap  of  the  host  semiconductor.  This  corresponds  to  an  indirect 
excitation  of  the  Er^^  ions  by  electron-hole  pairs.  A  few  experiments  have  been  carried  out  in 


which  the  ions  have  been  excited  directly  by  the  optical  pump  radiation  [14].  In  this  case,  the 
Er^^  ions  are  excited  directly  by  the  optical  pump,  with  the  energy  of  the  laser  radiation  equal  to 
that  of  one  of  the  higher  energy  states  of  the  Er^^  ion.  Defects  and  impurities  in  the  material  serve 
as  non-radiative  recombination  centers  which  can  reduce  the  light  emission.  Recent  studies 
[15,16]  have  shown  that  defects  can  also  serve  as  absorption  centers  transferring  below-bandgap 
optical  energy  to  the  Er^''  ions,  resulting  in  emission  at  1.54  pm.  The  exact  mechanism  for 
transferring  optical  energy  to  the  Er^""  ions,  either  through  electron-hole  pairs  or  by  defects  is  not 
well  understood  at  present. 

We  performed  a  series  of  experiments  to  determine  the  thermal  quenching  of  luminescence  in 
an  Er-doped  GaN  films  [15].  The  GaN  films,  which  were  grown  on  sapphire  substrates,  were  co¬ 
implanted  at  room  temperature  with  Er  and  O  ions.  The  Er^^  emission  in  the  region  of  1.54  pm 
was  measured  over  a  range  of  temperatures  fi'om  13  -  550  K.  For  temperature-dependent 
measurements  between  15  and  300  K,  the  Er-implanted  GaN  sample  was  placed  onto  a  cold 
finger  of  a  closed-cycle  helium  refrigerator.  For  measurements  above  300  K,  a  home-made 
heating  element  was  used.  The  sample  was  excited  with  above-bandgap  radiation,  using  a  HeCd 
laser  operating  at  325  nm,  and  with  below-bandgap  radiation  from  an  Ar  laser  operating  at  488 
nm.  In  Fig.  1  (a)  are  shown  the  high-resolution  PL  spectra  at  300  and  550  K  of  the  sample 
pumped  with  above-bandgap  excitation.  There  were  only  minor  changes  in  the  PL  spectra 
between  300  and  550  K.  The  full  width  half  maximum  (FWHM)  of  the  PL  spectrum  at  300  K  was 
~  80  nm,  suggesting  inhomogeneous  broadening  of  the  emission.  This  broadening  indicated  that 
the  Er^'’  ions  occupy  a  range  of  sites,  with  slightly  different  atomic  configurations,  in  the  GaN 
host.  The  integrated  PL  intensity  of  the  luminescence  was  found  to  be  nearly  constant  over  the 
entire  range  of  measurement  temperatures,  see  Fig.  1  (b).  Relative  to  its  value  at  15  K,  the 
integrated  PL  intensity  at  550  K  decreased  by  only  about  10  %.This  remarkable  temperature 
stability  of  the  Er^"^  luminescence  is  the  best  reported  data  from  any  Er-doped  semiconductor. 


Wavelength  (nm)  Temperature  (K) 

Figure  1:  (a)  High-resolution  Er^"^  PL  spectra,  taken  at  300  and  550  K,  of  an  Er-implanted 

GaN  sample  using  above-bandgap  excitation,  (b)  The  integrated  PL  intensity  measured  between 
15  and  550  K 


including  Er-doped  SiC  [17].  In  a  chathodoluminescence  study  of  Er+0  co-implanted  GaN  films, 
Qiu  et  al.  found  that  the  integrated  intensity  decreased  by  less  than  5  %  as  the  temperature  was 
raised  from  6K  to  300  K  [18].  These  results  demonstrate  that  Er-doped  GaN  is  an  attractive 
material  for  high  temperature  optoelectronic  applications. 

In  Fig.  2  (a)  are  shown  the  high-resolution  PL  spectra  at  300  and  550  K  of  the  sample  with 
below-bandgap  excitation.  This  excitation  method  corresponds  to  pumping  the  Er^^  ions  through 
the  broad,  defect-related,  absorption  band.  There  were  significant  changes  in  the  PL  spectrum 
between  300  and  550  K.  In  addition,  above-bandgap  and  below-bandgap  excitation  resulted  in 
considerably  different  PL  spectra  as  shown  in  Figs.  1  (a)  and  2  (a).  Depending  upon  the  excitation 
method,  different  subsets  of  Er^^  ions  are  excited  leading  to  distinct  PL  spectra.  The  full  width 
half  maximum  (FWHM)  of  the  PL  spectrum  at  300  K  was  ~  50  nm,  which  was  narrower  than  that 
in  Fig.  1  (a).  There  was  also  a  large  change  in  the  integrated  PL  intensity  over  the  range  of 
measurement  temperatures,  as  indicated  in  Fig.  2  (b).  Relative  to  its  value  at  15  K,  the  integrated 
PL  intensity  at  550  K  decreased  by  about  50  %.  While  this  behavior  is  not  as  good  as  the  data 
shown  in  Fig.  1  (b),  this  reduced  thermal  quenching  is  still  better  than  that  reported  from  any 
other  Er-doped  III-V  semiconductor. 
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Figure  2:  (a)  High-resolution  Er^^  PL  spectra,  taken  at  300  and  550  K,  of  an  Er- 

implanted  GaN  sample  using  below-bandgap  excitation,  (b)  The  integrated  PL  intensity  measured 
between  15  and  550  K. 


We  have  measured  bandedge  PL  spectra  for  both  the  GaN  films  implanted  with  Er  and  for 
the  GaN  films  doped  with  Er  during  MOMBE  growth.  In  general,  there  is  little  or  no  PL  signal 
after  implantation.  With  annealing,  under  a  N  ambient,  there  is  a  slight  recovery  of  the  bandedge 
PL  signal.  However,  even  after  annealing  at  950  C,  the  Er-implanted  films  contain  highly  defective 
surface  regions  with  only  weak  PL  signals.  Hansen  et  al.  reported  similar  results  with  Er- 
implanted  GaN  films  [10].  These  data  are  consistent  with  studies  by  Zolper  et  al.  on  Si- implanted 


Luminescence  Intensity 


GaN  films  [19].  Higher  annealing  temperatures  are  required  before  a  significant  recovery  of  the 
bandedge  PL  signal  occurs.  In  contrast,  there  was  a  strong  bandedge  PL  signal  from  the  GaN 
films  doped  with  Er  during  MOMBE  growth.  The  PL  spectra  had  a  peak  at  3.28  eV  which  is 
quite  different  from  the  PL  spectra  fi-om  undoped  GaN  films. 

Light  Emitting  Device 

Recently,  we  have  demonstrated  a  hybrid  light  emitting  device  in  which  an  Er-doped  III-V 
nitride  film  is  optically  pumped  by  a  green  InGaN  LED  to  produce  emission  at  1.54  pm.  In  these 
experiments,  a  Nichia  InGaN  LED,  with  a  peak  emission  at  520  nm  was  used  to  excite  the  Er^^ 
ions  in  a  GaN  film,  grown  on  sapphire  by  MOMBE.  The  epoxy  bubble  of  the  InGaN  LED  was  cut 
and  polished  to  provide  a  flat  surface  near  the  LED  top  contact.  The  GaN  film/sapphire  sample 
was  place  in  close  proximity  to  the  LED,  as  shown  in  the  inset  in  Fig.  3.  The  spectrum  of  the  Er- 
related  luminescence  is  also  shown  in  this  figure.  While  the  emission  at  1.54  pm  is  weak,  the 
spectrum  is  similar  to  that  in  Fig.  2  (a).  A  green  InGaN  LED  was  used  in  this  hybrid  device,  since 
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Figure  3:  Temperature  dependence  of  the  integrated  PL  intensity  from  in- situ  Er  doped  GaN 
for  above  and  below  gap  excitation. 


a  absorption  spectrum  for  the  film  indicated  a  strong  absorption  in  this  region,  both  with  the  sharp 
line  transition  at  525  nm  and  with  the  broad  defect-related  absorption.  The  luminescence  at  1.54 
pm  was  collected  through  the  sapphire  substrate.  While  the  resulting  emission  at  1.54  pm  was 


weak,  in  comparison  with  the  PL  studies,  it  does  demonstrate  that  the  electroluminescence  of  an 
InGaN  LED  can  be  used  to  excite  the  Er  centers  in  a  GaN  film.  Furthermore,  a  monolithic 
semiconductor  device,  in  which  an  Er-doped  GaN  film  is  grown  directly  on  top  of  an  InGaN  LED 
structure,  appears  feasible.  Questions  concerning  overall  efficiency  and  light  collection  schemes 
need  to  be  further  addressed. 

Summary 

Considerable  progress  has  been  made  in  the  past  ten  years  in  understanding  the  optical 
properties  of  Er-doped  III-V  semiconductors.  Luminescence  of  Er^^  ions  in  many  III-V 
semiconductors  has  been  observed.  A  number  of  experiments  have  shown  that  the  use  of  wide 
gap  semiconductors,  such  as  the  III-V  nitrides,  reduces  the  thermal  quenching  of  the  Er^"^ 
luminescence.  However,  difficulties  remain  concerning  the  incorporation  of  Er  atoms  in  the  III-V 
nitride  materials  and  the  proper  processing  conditions  necessary  for  optical  activation. 
Experimental  evidence  indicates  that  the  Er  atoms  occupy  a  variety  of  sites  within  the  III-N 
crystal.  Furthermore,  different  Er  centers  yield  different  emission  spectra  and  different  thermal 
quenching  characteristics.  Due  to  the  intense  current  research  in  III-V  nitride  semiconductors  for 
blue  light  emission,  major  improvements  in  the  crystal  quality  and  in  the  processing  technology  of 
these  materials  are  very  likely  to  occur.  Such  advances  will  assist  efforts  to  develop  devices  based 
on  III-V  nitride  semiconductors  doped  with  Er  ions,  making  possible  a  new  class  of 
optoelectronic  components  for  optical  communication  and  display  systems. 
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Abstract 

Erbium  was  implanted  with  160  keV  at  doses  between  5x10*'*  and  5x10*^  at/cm^  into 
(0001)  epitaxial  GaN  on  sapphire  and  annealed  at  various  temperatures  between  600°  and  1000° 
C.  The  RBS/Channeling  technique  was  used  to  analyze  the  damage  recovery  during  different 
annealing  steps  and  to  determine  the  lattice  location  of  the  implanted  Er.  For  a  sample  implanted 
with  5xl0“*  and  annealed  for  30  min  at  600°  C  a  complete  overlap  of  the  Er  and  Ga  angular  scans 
across  the  <000 1>  axis  was  observed,  indicating  that  100%  of  Er  occupies  substitutional  sites. 
Measurements  along  the  <101 1>  channel  show  that  Er  is  located  on  Ga  sites.  The  damage 
recovery  was  slightly  better  for  the  samples  co-implanted  with  the  same  dose  of  Oxygen  in  an 
overlapping  profile  (E=25  keV).  However,  a  complete  recovery  of  the  damage  caused  by  the 
implantation  was  not  achieved.  Samples  implanted  with  higher  Er  and  O  doses  (5x10*^  at/cm^ )  and 
at  the  same  energies  as  above  were  annealed  at  600°  for  30  min  and  at  900°,  1000°  C  for  120  s 
using  a  proximity  cap.  The  higher  dose  caused  an  almost  complete  amorphisation  of  the  surface 
layer.  After  annealing  indications  of  epitaxial  regrowth  were  observed,  however,  the  substitutional 
fraction  remains  substantially  lower  and  the  damage  recovery  is  less  complete. 

Introduction 

GaN  and  other  wide  gap  nitrides  are  materials  with  a  large  potential  for  high  temperature 
electronics  and  optoelectronics  applications.  However,  for  the  integration  of  GaN  into  circuits  an 
adequate  structuring  technique  is  necessary.  At  present,  the  standard  technique  for  selectively 
doping  semiconductors  and  thus  creating  device  structures  is  ion  implantation.  It  unavoidably 
introduces  damage  to  the  crystal  which  has  to  be  annealed  in  order  to  achieve  electrically  or 
optically  active  doping.  Whereas  in  standard  semiconductors  like  Si  these  procedures  are  well 
understood  the  situation  in  GaN  is  more  complicated.  The  strong  bonding  of  this  material  on  one 
hand  ensures  a  high  resistance  to  lattice  damage  and  amorphisation  on  the  other  hand  it 
considerably  hampers  the  epitaxial  regrowth  on  the  underlying  undamaged  crystal  lattice  after  an 
implantation.  It  is  therefore  interesting  to  study  the  behavior  of  impurities  after  implantation  as 
well  as  the  general  recovery  of  the  GaN  lattice.  In  the  present  study  the  lattice  location  of  Er 
implanted  in  GaN  and  the  possible  influence  of  coimplanted  Oxygen  on  the  Er  behavior  was 
investigated.  Doping  of  GaN  with  Er  during  growth  or  by  implantation  has  been  intensively 
studied  mainly  in  photoluminescence  measurements  [1,  2]  due  to  the  potential  application  of  this 
impurity  in  optoelectronics.  The  intra  4f  shell  transitions  at  a  wavelength  of  1.54  pm,  which 
coincides  with  a  minimum  in  loss  in  silica  optical  fibers,  makes  Er  an  interesting,  optically  active 
ion  in  devices  such  as  lasers,  optical  amplifiers  and  optically  pumped  glass  fibers  [3]. 
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Experiment 


Samples  were  cut  from  high  quality  (0001)  GaN  epilayers  of  4pm  thickness  grown  by  the 
MOCVD  technique  on  sapphire  substrates  at  the  University  of  Florida.  In  some  cases  also 
commercially  available  material  (CREE,  1,5pm)  was  used.  The  unintentional  n-type  background 
doping  was  of  the  order  of  10“’  cm  ^  The  GaN  samples  were  implanted  at  room  temperature  with 
doses  of  D  =  5x10'“^  Er7cm^  and  5xl0''^  ErVcm^  at  an  energy  of  160  keV.  The  measured 
implantation  range  (Rp)  was  about  40  nm  in  agreement  with  TRIM95  [4]  calculations.  Some 


samples  were  further  implanted  with  Oxygen  with  the  same  doses,  respectively.  The  energy  of  the 
O  ions  was  chosen  to  be  25  keV  in  order  to  obtain  an  overlap  of  the  O  and  Er  profiles.  After  the 
implantation  all  samples  were  annealed  between  graphite  strips  at  various  temperatures  under 
flowing  nitrogen  using  another  GaN  sample  as  a  proximity  cap. 

RBS/channeling  studies  were  performed  with  a  1  mm  diameter  collimated  beam  of  2  MeV  He^ 


ions.  The  backscattered  particles 


were  detected  at  140"  and  180”, 
with  respect  to  the  beam  direction, 
using  silicon  surface  barrier 
detectors  located  in  the  standard 
IBM  geometry  and  with 
resolutions  of  13  and  16  keV, 
respectively.  The  angular  scans 
were  carried  out  using  a  two-axis 
goniometer  and,  in  order  to  avoid 
radiation  effects  due  to  the 
analyzing  beam,  a  fresh  spot  for 
each  measurement  was  used.  To 
reduce  the  pile-up  effect  which 
would  degrade  the  sensitivity  for 
the  Er  signal,  the  beam  current  was 
kept  below  2  nA.  Full  angular  scans 
of  the  axial  directions  were 
recorded  for  the  <000 1>  and 
<1011>  axes.  The  experimental 
results  were  compared  to  computer 
simulations  which  were  carried  out 
using  a  Monte  Carlo  code  [5].  The 
wurtzite  structure,  not  part  of  the 
original  code,  was  incorporated  in 
order  to  simulate  the  GaN  angular 
curves. 

Results 


A.  Damage  annealing 


Channel 


Figure  1  shows  the  random  and 
<000 1>  aligned  RBS  spectra  of  the 
samples  (CREE,  1.5  pm)  implanted 
with  5x10'“^  cm'^  (Fig.  la)  and 


Figure  1:  Random  and  <000 1>  aligned  RBS  spectra  for  GaN 
samples  implanted  with  two  different  doses  of  Er  ions  after 
annealing  at  different  temperatures,  a)  D  =  5x10'“*  ErVcm^  b)  D  = 
5x10'-'  ErVem^ 


5x10^^  cm'^  (Fig.  lb).  As  can  be  seen  the  amount  of  damage  created  by  the  implantation  of  the 
higher  dose  is  just  enough  to  produce  an  overlap  of  the  random  and  aligned  spectra  in  the  whole 
implanted  region  (55nm).  This  result,  also  observed  in  other  semiconductors,  is  an  indication  of 
the  amorphisation  of  this  region.  In  the  present  case  it  allows  to  conclude  that  a  dose  of  D  = 
SxlO’^ErVcm^  at  160  keV  is  just  above  the  threshold  dose  for  the  amorphisation  of  GaN  at  293  K. 
This  is  slightly  lower  than  in  the  case  of  Si  implantation  into  GaN  [6]  but,  due  to  the  higher  mass 
of  Er,  not  unexpected.  Essentially  the  same  features  were  observed  in  the  samples  coimplanted 
with  oxygen. 

A  mild  annealing  at  600”C  for  30  min  reduces  the  damage  in  the  4  pm  thick  sample  almost  to 
the  virgin  level  (of  Xmin  =  2%),  whereas  in  the  1.5  pm  sample  implanted  with  the  lower  dose  of  Er 
only  a  slight  decrease  of  the  damage  is  observed 
(Fig.  la).  The  same  annealing  procedure  has 
little  effect  on  the  damage  of  the  samples 
implanted  with  5x10^^  ions/cm'^  (Fig.  lb).  For 
both  Er  doses  the  results  show  that  the 
coimplantation  of  O  does  not  influence  the 
recovery  process  significantly  at  this 
temperature.  A  further  small  decrease  of  the 
damage  peak  in  all  the  samples  after  annealing 
at  900°  C  can  be  observed  (Fig.  lb).  The  small 
narrowing  of  the  Ga  peak  in  figure  lb  indicates 
that  some  epitaxial  regrowth  of  the  amorphous 
layer  occurs  at  this  temperature.  Further 
regrowth  takes  place  at  1000°  C  yielding  values 
of  Xmin  =  12%  and  Xmin  =  60%  for  the  sample 
with  the  lowest  and  the  highest  dose, 
respectively.  An  extension  of  the  annealing  time 
at  1000°  C  to  30  min  leads  to  an  increase  of  the 
Ga  surface  peak  for  the  samples  with  the 
lowest  Er  and  O  doses,  probably  as  a 
consequence  of  surface  decomposition.  During 
the  whole  annealing  program  the  Er  profile  in 
both  Er  +  O  implanted  samples  remained 
unchanged.  A  different  behavior  is  observed  for 
the  samples  implanted  with  Er  only.  Here  at  the 
highest  annealing  temperatures  the  Er  peak  shows  a  narrowing  towards  the  surface  whereas  the 
damage  peak  is  reduced  similarly  to  the  other  samples.  This  can  be  taken  as  an  indication  that  the 
presence  of  Oxygen  in  the  vicinity  of  the  Er  impurity  contributes  to  the  stabilization  of  Er  in 
substitutional  positions.  Generally  the  results  illustrate  the  difficulty  to  anneal  the  damage 
completely,  even  for  low  implantation  doses. 

B.  Lattice  location 

Angular  scans  through  the  <000 1>  axis  immediately  after  the  lower  dose  implantations  show 
minimum  yield  values  of  40%  -for  the  samples  implanted  with  Er  and  Er  +  O.  For  these 
measurements  the  Ga  window  was  set  from  20  to  80  run,  incorporating  all  the  Er  implanted  depth 
region.  The  corresponding  Er  scans  show  a  complete  overlap  with  the  Ga  scans  indicating  that 
Erbium  is  subjected  to  exactly  the  same  disorder  caused  by  the  implantation  as  the  Ga  sublattice. 
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Figure  2:  Angular  scan  through  the  <000 1>  axis  of 
the  GaN  wurtzite  lattice  for  a  sample  (Univ. 
Rorida)  implanted  with  Er  and  O  at  a  dose  of 
SxlO'"*  cm‘^  each  and  annealed  at  600°  C  for  30 
min. 
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In  figure  2  a  detailed  angular  scan  through  the 
<000 1>  axis  for  the  sample  grown  at  Florida 
University  implanted  with  5xl0''’cm'^  Er  +  O 
after  implantation  and  a  mild  annealing  for  30 
min  at  600°C  is  shown.  The  temperature  was 
chosen  because  it  is  easily  reached  with 
conventional  annealing  set-ups.  A  minimum 
yield  of  =  10%  is  derived  which  can  be 
compared  to  the  minimum  yield  of  a  virgin 
sample  of  Xmin  ~  2%.  Again  the  Er  and  Ga 
curves  fully  overlap  which  is  an  indication  that 
Er  is  occupying  a  Ga  site.  The  large  fraction  of 
Er  in  substitutional  sites  after  the  600°  C 
annealing  step  agrees  well  with  a  hyperfine 
interaction  study  on  the  incorporation  of  the 
transition  metal  Hf  into  GaN  after  implantation 
[7].  Also  there  it  was  observed  that  the 
implantation  damage  around  the  Hf  impurity 
was  annealed  to  a  large  extent  at  600°  C.  This 
effect  was  attributed  mainly  to  the  restoration 
of  the  N  sublattice. 

In  samples  obtained  from  CREE  the  600°  C 

annealing  step  produces  a  decrease  of  10%  in  the  number  of  atoms  in  substitutional  sites  for  the 
sample  containing  only  Er  while  for  the  sample  coimplanted  with  O  no  changes  were  observed. 
The  annealing  at  900”C  leads  to  a  further  reduction  of  the  substitutional  fraction  and  a  narrowing 
on  the  bottom  of  the  angular  curve  of  Er  for  the  Er  implanted  sample  while  for  the  sample 
coimplanted  with  O  Er  remains  in  the  Ga  site.  The  observed  narrowing  could  be  due  to  the 
association  of  Er  with  defects,  which  lead  to  a  slight  displacement  of  the  Er  atoms  from  the  ideal 
substitutional  positions. 

The  assumption  made  above  that  Er  is  located  on  the  Ga  sites  could  be  proven  by  a  scan  across 
the  <10  1  1>  axis.  Contrary  to  the  <000 1>  axis,  where  we  have  mixed  rows  of  Ga  and  N,  in  the 
<10T  1>  direction  we  have  pure  Ga  and  N  rows  as  depicted  in  figure  3.  The  different  atomic 


Figure  3:  Projections  of  the  atomic  position  of  Ga  and 
N  in  the  GaN  wurtzite  lattice  as  seen  along  the 
<0001>  and  the  <10  I  1>  axes. 


numbers  of  Ga  and  N  result  in  different  steering  potentials  for  the  respective  rows  leading  in  turn 
to  angular  scans  with  very  different  widths  as  can  be  seen  from  the  simulated  curves  shown  in 
figure  4.  Simulations  or  the  <0001  >  axis  with  an  average  potential  of  the  mixed  Ga  +  N  rows 
yield  just  one  width.  By  varying  the  fraction  of  Er  atoms  in  Ga  and  random  sites  it  was  tried  to 
reproduce  the  experimental  data.  The  best  agreement  was  obtained  (continuous  curve  in  Fig.  4)  by 
assuming  that  70%  of  the  Er  atoms  are  in  regular  Ga  sites  of  the  lattice  with  the  rest  at  random 
positions.  The  random  fraction  takes  into  account  the  still  damaged  or  not  perfectly  regrown 
regions  of  the  lattice.  A  comparison  of  the  O  co-implanted  to  the  samples  implanted  only  with  Er 
but  subjected  to  the  same  annealing  procedures  indicate  that  the  presence  of  O  stabilizes  the  Er  in 
the  Ga  sites  probably  through  the  formation  of  Er-0  complexes  similar  to  the  ones  observed  in  Si 
and  GaAs  co-doped  with  Er  and  O  [8,  9] . 


Conclusions 


After  implantation  into  epitaxial 
GaN  and  annealing  Er  is  incorporated 
to  more  than  70%  into  substitutional 
Ga  sites.  The  threshold  dose  for  the 
amorphisation  of  the  GaN  films 
studied  is  close  to  5xl0'^  ErVcm^,  a 
relatively  high  value  compared  with 
other  III-V  compounds.  The 
implantation  damage  in  lightly 
damaged  samples  (  D  =  5x10^"^  cm’^  ) 
starts  to  anneal  at  600°C.  However,  an 
increase  of  the  annealing  temperature 
up  to  900°C  is  not  enough  to  remove 
the  damage  completely.  At  this 
temperature  the  thickness  of  the 
amorphous  layer  is  reduced,  indicating 
the  occurrence  of  some  epitaxial 
regrowth.  The  presence  of  low  doses 
of  O  in  the  implanted  layer  does  not 
influence  the  annealing  process 
significantly  but  increases  the  amount 
of  Er  in  Ga  sites  after  the  annealing  at 
900°C.  At  the  highest  annealing 
temperatures  the  presence  of  O  seems 
to  stabilize  the  Er  in  substitutional 
lattice  position. 


Angle(deg) 


Figure  4:  Angular  scan  through  the  <10T  1>  axis  for  the 
sample  implanted  with  5x10'“^  cm‘^  Er+0  after  annealing  at 
900°C.  The  dotted  and  the  dash -dotted  curve  are  the  angular 
scans  expected  for  Ga  and  N,  respectively.  The  symbols  are  the 
data  points  obtained  for  Er  and  Ga  and  the  solid  line  represents 
the  result  of  a  simulation  assuming  70%  of  the  Er  impurities  in 
substitutional  Ga  positions. 
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ABSTRACT 

Room  temperature  visible  and  IR  light  electroluminescence  (EL)  has  been  obtained  from  Er- 
doped  GaN  Schottky  barrier  diodes.  The  GaN  was  grown  by  molecular  beam  epitaxy  on  Si 
substrates  using  solid  sources  (for  Ga  and  Er)  and  a  plasma  source  for  N2.  Transparent  contacts 
utilizing  indium  tin  oxide  were  employed.  Strong  green  light  emission  was  observed  under  reverse 
bias  due  to  electron  impact  excitation  of  the  Er  atoms.  Weaker  emission  was  present  under  forward 
bias.  The  emission  spectrum  consists  of  two  narrow  green  lines  at  537  and  558  nm  and  minor 
peaks  at  413,  461,  665,  and  706  nm.  There  is  also  emission  at  1000  nm  and  1540  nm  in  the  IR. 
The  green  emission  lines  have  been  identified  as  Er  transitions  from  the  and  "^83/2  levels  to  the 
'^1,5/2  ground  state.  The  IR  emission  lines  have  been  identified  as  transitions  from  the  ‘‘1,1/2 
‘‘1,3/2  levels  to  the  ‘‘1,5/2  ground  state.  EL  intensity  for  visible  and  IR  light  has  a  sub-unity  power 
law  dependence  on  bias  current.  An  external  quantum  efficiency  of  0.1%  has  also  been 
demonstrated  under  a  reverse  bias  current  of  3.85  mA. 

INTRODUCTION 


The  recent  groundbreaking  work'  by  Nakamura  in  GaN  based  LEDs  and  laser  diodes  has 
resulted  in  shorter  wavelength  semiconductor  visible  light  emission.  At  the  same  time  novel  work  is 
being  conducted  using  rare  earth  elements  as  sources  of  light  emission.  Results  based  on 
glasses^'^  are  exciting  for  display,  memory  and  discrete  device  technologies.  Rare-earth  (RE) 
doped  Silicon  based  devices‘‘’^’®’’’®’®  have  improved  so  that  room  temperature  emission  is  now 
possible.  III-V  semiconductors  doped  with  rare-earth  elements  have  also  been 
used'"’"  '^  '^  '''’'^’'^’'’''^  and  have  advantages  compared  to  narrow  bandgap  materials'^.  The 
advantage  of  Nakamura’s  devices  is  their  extremely  high  quantum  efficiency'  (~5%),  whereas  RE 
doped  devices  offer  multiple  color  emission,  wavelength-limited  only  by  the  RE  element(s)  chosen 
and  not  by  the  band  gap  energy  of  the  semiconductor.  Our  recent  work  now  indicates  the 
possibility  of  combining  the  advantages  of  these  two  very  different  approaches  in  order  to  realize 
highly  efficient  full  color  displays  in  a  single  semiconductor  host  or  veiy  simple  discrete  devices 
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using  RE-doped  GaN,  We  have  recently  reported  strong  visible  (green)  RE-activated  PL  from  in- 
situ  Er-dopedGaN  grown  by  MBE  on  sapphire^”  and  on  Si^'  substrates.  The  same  strong  green 
RE-activated  emission  was  also  observed^^  in  EL  from  simple  A1  Schottky  diodes  on  GaN;Er  and 
from  more  sophisticated  devices  using  indium  tin  oxide(ITO)  transparent  contacts.  In  this  paper  we 
report  on  the  performance  characteristics  of  Er-doped  GaN  LEDs  emitting  in  both  the  visible  and 
IR  regions. 

EXPERIMENT 

The  GaN:Er  light  emitting  devices  can  be  operated  in  two  different  ways.  One  way  is  to  use 
both  top  side  contacts,  which  consist  of  patterned  indium  tin  oxide  (ITO),  for  both  positive  and 
negative  electrodes.  Under  reverse  bias,  the  smaller,  emitting  electrode  is  negative  and  the  larger 
electrode  is  positive.  The  devices  can  also  be  operated  by  making  an  ohmic  contact  to  the  backside 
of  the  Si.  This  method  is  interesting  because  current  actually  flows  across  the  GaN/Si 
heterojunction.  The  devices  behave  very  similarly  in  both  modes  and  all  data  presented  here  were 
taken  using  top-side  contacts. 

The  Er-doped  GaN  was  grown  using  a  Riber  MBE-32  system  on  2  inch  p-Si  (111) 
substrates  and  on  2  inch  sapphire.  Solid  sources  were  used  to  supply  the  Ga  and  Er  fluxes,  while 
an  STVA  RF-plasma  source  supplied  atomic  nitrogen.  Prior  to  MBE  growth,  the  Si  substrate  was 
cleaned  in  acetone,  methanol  and  DI  water,  followed  by  HE  to  remove  all  native  oxide.  After 
insertion  into  the  MBE  chamber,  a  thin,  low  temperature  GaN  buffer  layer  was  first  grown  followed 
by  a  GaN:Er  layer.  The  GaN  layers  were  grown  at  a  substrate  temperature  between  700-  750"C. 
The  ITO  contacts  were  formed  using  RE-sputtering  in  conjunction  with  a  lift-off  process.  The  ITO 
target  had  a  composition  of  90%  lUjOj  and  10%  SnOj.  The  sputtering  was  performed  at  5  mTorr 
with  133  W  of  RE  power,  resulting  in  -183  volts  of  DC  bias.  Under  these  conditions,  the 
deposition  rate  was  ~70  A/min.  The  ITO  film  was  -4200  A  thick  and  had  a  sheet  resistance  of  30 
Q/square  as-deposited.  Subsequent  annealing  in  a  nitrogen  atmosphere  for  2  minutes  at  450  “C 
reduced  the  sheet  resistance  to  -5.5  Q/square  with  transmission  of  -92%  at  a  wavelength  of  537 
nm  and  -3%  at  1 .5  pm.  Electroluminescence  data  were  collected  using  either  an  Acton  Research 
spectrometer  or  an  Ocean  Optics  fiber  optic  spectrometer.  Optical  power  measurements  were 
made  using  a  Newport  1818-SL/CM  optical  power  meter.  All  measurements  reported  were  made  at 
room  temperature. 

RESULTS 

Eig.  1  shows  a  photograph  of  a  GaN:Er  LED  in  operation  using  a  standard  probe  station. 
In  this  photo,  negative  bias  is  being  applied  to  the  green  light  emitting  electrode,  resulting  in  a 
current  of  19  mA.  The  device  shown  here  is  fairly  large  (2  mm  radius)  because  it  was  designed  to 


make  spectral  data  collection  using  an  optical  fiber  more  practical.  An  optical  fiber  can  be  placed  in 
the  immediate  vicinity  of  the  device,  while  still  leaving  enough  room  for  an  electrical  probe  tip.  The 
emission  intensity  and  color  is  uniform  across  the  diode  and  the  emitted  light  is  easily  seen  in  a 
normally  lit  room.  Fig.  2  shows  the  difference  in  spectral  shape  between  a  commercial  GaP-based 
device  and  our  GaN:Er  device.  Notice  that  the  conventional  GaP  LED  is  shifted  more  toward  the 
yellow  end  and  has  an  FWHM  of  30  nm.  By  comparison,  the  GaN:Er  green  device  has  an 
FWHM  of  5-6  nm  and  emits  in  the  middle  of  the  green  range.  The  GaP  LED  was  biased  at  2  mA 
and  the  GaN:Er  device  was  biased  at  10  mA  during  these  measurements.  The  peaks  represent  the 
actual  signal  intensity.  Minor  peaks  at  413  nm  and  665  nm  are  also  present  in  the  GaN:Er  device 
spectrum.  Fig.  3  shows  the  IR  emission  spectrum  from  a  GaN:Er  device  biased  at  75  volts  and  19 
mA.  We  have  identified  the  1.5  pm  radiation  preiously.^^  The  1  pm  peak  corresponds  to  a 
transition  from  to  the  ground  state.  It  has  an  FWHM  of  ~25  nm.  The  visible  and  IR 
optical  power  emitted  and  detected  from  a  GaN:Er  LED  are  plotted  as  a  function  of  bias  current  in 
Fig.  4.  The  visible  optical  power  at  the  detector  has  a  sub-unity  power  law  dependence  on  bias 
current  over  the  measurement  range,  reaching  a  value  of  212  nW  at  19  mA.  The  IR  optical  power. 
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Fig.  2  Emission  spectrum  in  the  visible 
range  from  a  commercial  green 
GaP-based  LED  vs.  our  GaN:Er 
device. 


Fig.  1  Photograph  of  visible  rare-earth-activated 
emission  from  ITO/GaN:Er  device. 


also  increases  with  a  power  law  dependence  over  the  measurement  range  reaching  a  value  of  12.3 
nW  at  19  mA.  It  is  important  to  note  that  the  ITO  electrodes  for  these  experiments  were  optimized 
for  green  light,  but  the  transmission  in  the  IR  can  be  increased  by  processing  the  ITO  differently. 
The  ITO  layer  transmits  about  3%  of  the  IR  light  emitted  and  about  92%  of  the  visible  green  light 


Wavelength  (nm)  Current  (mA) 

Fig.  3  Rare-earth  activated  emission  spectra  in  Fig.  4  Visible  and  IR  optical  power  as  a 
the  IR  range  from  an  ITO/GaN:Er  function  of  bias  current, 

device. 

With  this  in  mind,  our  devices  probably  emit  slightly  more  IR  light  than  visible  light,  however,  the 
ITO  absorbs  most  of  the  IR  light.  During  these  measurements,  a  Si  photodetector  was  placed  2.0 
cm  above  the  device.  Assuming  a  point  source  of  radiation,  and  uniform  hemispherical  emission, 
the  visible  optical  power  generated  at  the  device  is  estimated  to  be  5.33  |iW  for  10  mA  of  applied 
reverse  bias.  Under  these  conditions,  the  external  quantum  efficiency  at  537  nm  is  estimated  to  be 
0.012%.  However,  a  maximum  external  quantum  efficiency  of  0.1%  has  been  reached  for  a 
GaN:Er  device  grown  on  sapphire.  This  device  was  operated  at  155  Volts  and  3.85  mA,  and  it  was 
also  used  to  take  the  data  presented  in  Fig.  5.  Fig.  5  summarizes  the  EL  peaks  that  we  have 
observed  to  date.  The  number  of  observable  peaks  increases  with  increasing  applied  power.  The 
following  peaks  have  been  observed  during  EL  of  GaN:Er:  413, 461,  537,  558,  665,  671,  706,  1000, 
1515,  1539,  1555nm.  The  EL  peaks  at  537  and  558  nm  are  dominant  in  the  visible  range  and 
correspond  to  transitions  from  the  the  '’S3/2  to  the  ‘‘Ijj/j  ground  state.  It  is  interesting  to 

note  that  the  706  nm  line  probably  eorresponds  to  a  transition  from  the  to  the  ‘^1,3/2  state 
instead  of  the  normal  ground  state.  This  is  the  only  intermediate  transition  we  have  observed.  In 
addition,  it  is  interesting  that  the  (~1 .55  ev  above  the  ground  state)  level,  a  common  transition  in 
other  host  materials,  is  not  observed  in  our  material. 


Fig.  5  Summary  of  the  observed  atomic  energy  levels  of  Rare-earth-activated  emission  in  the 
visible  and  IR  range  from  an  ITO/GaNrEr  device. 


SUMMARY 

In  summary,  we  have  reported  visible  and  IR  rare-earth-activated  electroluminescence  of  Er- 
doped  GaN.  The  use  of  ITO  as  a  contact  provides  a  fast  and  easy  way  to  make  devices,  and  also 
increases  the  amount  of  visible  light  output  from  the  device.  Both  IR  and  visible  EL  peaks  show 
narrow  linewidths.  Our  devices  transmit  appreciably  more  visible  than  IR  hght,  however  the  use  of 
ITO  as  a  contact  material  is  not  ideal  for  IR  light  emission  under  the  specific  conditions  that  the 
ITO  was  deposited.  Future  work  will  focus  on  reducing  the  operating  voltage  and  increasing  the 
external  quantum  efficiency  of  the  devices.  This  work  was  supported  in  part  by  a  BMDO/ARO 
contract  (L.  Lome  and  J.  Zavada)  and  AASERT  grants.  The  authors  would  like  to  acknowledge  the 
support  and  encouragement  of  J.  Zavada.  Equipment  support  was  provided  by  an  ARO  URI  grant 
and  the  Ohio  Materials  Network. 
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ABSTRACT 

Photoluminescence  (PL)  and  photoluminescence  excitation  (PLE)  spectroscopy  have  been 
carried  out  at  6K  on  the  1540  nm  emission  of  Er^^  in  in  situ  Er-doped  and  Er- 

implanted  GaN  grown  by  hydride  vapor  phase  epitaxy  (HVPE).  The  PL  and  PLE  of  these  two 
different  Er-doped  HVPE-grown  G^  films  are  compared  with  Er-implanted  GaN  grown  by 
metal  organic  chemical  vapor  deposition  (MOCVD). 

In  the  in  situ  Er-doped  HVPE-grown  GaN,  the  lineshape  of  the  broad  PLE  absorption 
bands  and  the  broad  PL  bands  is  similar  to  that  in  Er-doped  glass.  The  PL  spectra  of  this  in  situ 
Er-doped  sample  are  independent  of  excitation  wavelength,  unlike  the  PL  of  the  Er-implanted 
GaN.  These  PL  spectra  are  quite  different  from  the  site- selective  PL  spectra  observed  in  the  Er- 
implanted  GaN,  indicating  that  the  seven  different  Er^"*^  sites  existing  in  the  Er-implanted 
MOCVD-grown  GaN  are  not  observed  in  the  in  situ  Er-doped  HVPE-grown  GaN.  Four  of  the 
seven  different  Er^^  sites  observed  in  the  Er-implanted  MOCVD-grown  GaN  annealed  at  900  °C 
under  a  flow  of  N2  are  present  in  the  Er-implanted  HVPE-grown  GaN  annealed  at  800  "C  in  an 
NH3/H2  atmosphere. 

INTRODUCTION 

Photoluminescence  (PL)  and  photoluminescence  excitation  (PLE)  spectroscopy  have  been 
performed  to  study  the  different  structural  configurations  (sites  or  centers)  on  which  Er^"^  ions  are 
incorporated  in  Er-doped  GaN  and  to  investigate  their  excitation  mechanisms  [1-7].  Our  previous 
study  of  site-selective  PL  and  PLE  spectroscopy  in  Er-implanted  samples  of  GaN  grown  by  metal 
organic  chemical  vapor  deposition  (MOCVD)  that  were  annealed  at  900  °C  under  a  flow  of  N2 
revealed  the  existence  of  seven  different  Er^^  sites  [3].  Six  of  these  Er^^  PL  sites  are  attributed  to 
complexes  of  Er  atoms  with  defects  and  impurities.  Only  one  of  the  seven  sites  can  be  pumped  by 
direct  4/  absorption;  the  concentrations  of  the  other  sites  are  too  low  to  allow  excitation  by  direct 
4/  absorption.  These  results  raise  an  obvious  question  concerning  the  generality  or  uniqueness  of 
the  Er^^  centers  observed  in  GaN.  That  is,  are  these  multiple,  selectively  excited,  discrete  Er^"^ 
sites  or  centers  unique  to  Er-implanted  MOCVD-grown  GaN  subjected  to  specific  post¬ 
implantation  annealing  conditions,  or  are  they  also  present  in  Er-doped  GaN  synthesized  by  other 
growth,  doping  and  annealing  procedures? 

Site-selective  PL  and  PLE  spectroscopies  used  in  our  previous  work  are  applied  in  this 
study  to  Er-implanted  hydride  vapor  phase  epitaxy  (HVPE)-grown  GaN  annealed  at  800  °C  in  an 
NH3/H2  atmosphere  and  in  situ  Er-doped  HVPE-grown  GaN  [7]  to  see  if  any  of  the  seven 
different  Er^"^  sites  observed  in  Er-implanted  MOCVD-grown  GaN  exist  in  these  samples.  The 
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PLE  and  PL  of  these  two  different  HVPE-grown  samples  are  compared  here  first  with  the  Er- 
implanted  MOCVD-grown  sample  and  then  the  differences  and  similarities  among  the  site- 
selective  PLE  and  PL  spectra  of  these  three  different  Er-doped  GaN  films  are  discussed  in  detail. 

EXPERIMENTAL  PROCEDURE 

The  GaN  films  were  doped  in-sifu  with  Er  in  a  horizontal  HVPE  reactor  during  growth.  A 
peak  Er  concentration  of  2  x  lO'*^  ions/cm^  was  achieved  in  this  in  situ  Er-doped  GaN  at  a 
thickness  of  1000  nm  [7].  The  GaN  films  grown  on  sapphire  by  HVPE  were  implanted  with  a 
dosage  of  2  x  10'"^  ions/cm^  at  300  keV.  The  peak  concentration  of  Er  is  5.3  x  10‘^  ions/cm^  at  a 
depth  of  33  nm  [7].  These  Er-implanted  HVPE-grown  GaN  films  were  annealed  in  a  conventional 
tube  furnace  at  800  "C  for  30  minutes  in  a  flowing  NH3/H2.  For  comparison,  the  GaN  films  grown 
on  sapphire  by  atmospheric  pressure  MOCVD  were  implanted  with  a  dosage  of  4  x  10  ions/cm 
at  280  keV  [1-4].  The  peak  concentration  of  Er  is  2  x  lO'^  ions/cm'\  Post-implantation  annealing 
was  carried  out  in  a  conventional  tube  furnace  at  900  ”C  for  30  minutes  under  a  continuous  flow 
of  nitrogen  gas. 

6K  PL  spectroscopy  was  carried  out  on  the  three  different  Er-doped  GaN  samples.  The 
PL  spectra  were  excited  by  a  variety  of  sources  including  a  tunable  titanium-doped  sapphire  laser, 
a  HeNe  laser,  an  Ar  ion  laser,  a  Xe  lamp  dispersed  by  a  double  grating  monochromator,  and  a 
HeCd  laser.  The  PLE  spectra  were  obtained  with  a  xenon  lamp  dispersed  by  a  double  grating 
monochromator  or  with  a  tunable  titanium-doped  sapphire  laser.  All  of  the  PLE  spectra  were 
corrected  for  the  spectral  response  of  the  tunable 
excitation  systems.  The  luminescence  was 
analyzed  by  a  1-m  single  grating  monochromator 
and  detected  by  a  cooled  Ge  PIN  detector. 

Samples  were  cooled  to  liquid  helium  temperature 
in  a  Janis  Supervaritemp  Cryostat. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  the  PL  spectra  obtained  at  J 
6  K  under  excitation  by  515  nm  light  ("green-  3 
pumped")  from  in  situ  Er-doped  and  Er-implanted  f 
GaN  grown  by  HVPE.  The  PL  spectrum  taken  for  | 

Er-implanted  MOCVD-grown  GaN  under  the  j 
same  experimental  conditions  is  also  shown  for 
comparison.  All  three  PL  spectra  exhibit  the  1540 
nm  band  characteristic  of  the  "’ll 3/2  ->  ‘^Ii5/2 
transitions  of  Er^"^  and  broad  background  PL  bands 
on  which  the  Er-related  PL  bands  are 
superimposed.  In  the  PL  of  the  in  situ  Er-doped 
GaN  (Fig.  la),  the  broad  PL  bands  have  different 
lineshapes  and  peak  positions  from  those  of  the 
damage-induced  broad-band  PL  observed  in  the  . 

Er-implanted  MOCVD-grown  GaN  (Fig.  Ic)  [4].  Fig-  L  The  Er  PL  spectra  and  the  broad 
Since  these  bands  have  not  been  observed  in  defect  PL  bands  (pumped  by  515  nm 
undoped  HVPE-grown  GaN,  they  are  apparently  iigi^O- 


Wavelength  (nm) 


16901590  1490  1390  1290  1190  1090 


induced  by  the  in  situ  doping  during  growth.  In  the  PL  spectrum  of  the  Er-implanted  HVPE- 
grown  GaN  (Fig.  lb),  the  damage-induced  broad-band  PL  is  barely  observable. 

Figure  2  displays  the  PLE  spectra  of  the  three  different  Er-doped  samples  obtained  by 
detecting  the  integrated  Er^"^  PL  intensity  while  scanning  the  wavelength  of  the  xenon  lamp-double 
monochromator  excitation  system.  The  PLE  spectrum  2(a)  of  the  in  situ  Er-doped  sample  exhibits 
relatively  narrow  absorption  bands  attributable  to  direct  optical  excitation  of  the  intra  4/-shell 
transitions  of  Er^"^,  and  an  exponential  absorption  tail  just  below  the  3.5  eV  band  gap.  The 
exponential  energy  dependence  of  the  below-gap  absorption  tail  is  reminiscent  of  the  Urbach 
absorption  edge  that  characterizes  the  band  edge  of  disordered  materials  such  as  chalcogenide 
glasses  [8]  or  highly  doped  crystalline  semiconductors  [9].  This  PLE  spectrum  does  not  show  the 
broad,  mid-gap  defect-  or  impurity-related  absorption  bands  that  are  observed  in  the  PLE  spectra 
2(b)  and  2(c)  of  the  Er-implanted  samples.  The  absorption  peaks  seen  at  378,  400,  445,  487,  521, 


543,  651,  796,  and  970  nm  in  the  PLE  spectrum  2(a)  are  attributed  to  ^\\si2  ^Ii5/2 

"^^9/2,  '‘I15/2  ^  '^F3/2,5/2,  "^115/2  ->  '*F7/2,  '’I15/2  "*1111/2,  "*115/2  ->  "*85/2,  ‘*Ii5/2  ->  ‘*F9/2,  "*Ii5/2  ->  ^l9/2, 

and  "*Ii5/2  ->"*111/2  Er^^  intra  4/-sheU  transitions,  respectively  [5,6,10];  some  of  these  PLE  bands 


%5/2->^S  5/2»  "*F9/2>  "*115/2  -> 


were  reported  in  Refs.  5  and  6  to  be  observed  in  Er-implanted  GaN  and  in  situ  Er-doped  AIN 
grown  by  molecular-beam  epitaxy  (MBE).  In  contrast,  the  PLE  spectra  2(b)  and  2(c)  obtained 
from  the  Er-implanted  HVPE-  and  MOCVD-grown  samples,  respectively,  show  only  the  broad, 
defect-  or  impurity-related  absorption  bands  that  are  not  attributable  to  Er^'^.  These  absorption 
bands  are  characteristic  of  the  implanted  films  only,  suggesting  that  some  of  the  broad  absorption 
bands  in  the  PLE  spectra  2(b)  and  2(c)  are  associated  with  defects  or  defect-impurity  complexes 
created  during  the  implantation  and  annealing  procedures  [1,3]. 
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Fig.  2.  The  PLE  spectra  obtained  by  The  I15/2  — >  I9/2  4/  shell  Er  PLE 

detecting  the  integrated  Er^^  PL  intensity.  spectra. 


Er-implanted 
MOCVD'grown  GaN 


The  high-resolution  PLE  spectra  (Fig.  3)  obtained  in  the  775-825  nm  spectra  range  with 
the  tunable  Ti-doped  sapphire  laser  exhibit  PLE  peaks  assigned  to  direct  ‘’I15/2  “^19/2  4/  shell 

absorption.  The  absorption  bands  seen  in  the  PLE  spectrum  (Fig.  3a)  of  the  in  situ  Er-doped 
sample  are  much  broader  and  their  peak  positions  are  shifted  to  the  shorter  wavelength  region, 
compared  to  the  Er-implanted  samples.  Note  that  the  PLE  spectrum  of  the  MOCVD-grown  GaN 
in  Fig.  3c  shows  five  pairs  of  sharp  peaks,  indicative  of  a  single  type  of  Er^"^  center  or  site.  The 
loss  of  the  sharp  structure  in  the  PLE  spectrum  of  Wavelength  (nm) 

the  in-situ  Er-doped  GaN  sample  indicates  that  the  1630  1610  1590  1570  1550  1530 

Er  dopants  in  this  sample  occupy  sites  located  in  404„m-.ioi=.'p«,nped'  (io^w)''fi 
disordered  regions  of  the  material.  The  disordered  v 

or  "amorphous"  character  of  the  Er^^  centers'  ll  1 

structural  environments  gives  rise  to  site-to-site  t  =  6k 

variations  in  the  magnitude  and  symmetry  of  the  Er-impianted  v 

crystal  fields  experienced  by  the  Er^^  ions  that  are  Mocvo  grown  GaN  A 

responsible  for  the  spectral  broadening  of  the  Er^^  4/  ,|  1 

PLE  bands  [8,9].  Additional  evidence  for  disorder  in  =  I  h 

the  structural  environment  of  the  Er  dopants  in  the  ^  rtf  \ 

GaN  doped  during  growth  is  provided  by  the  broad  ^  '  j/Vyh  |  I  (b) 

Urbach  absorption  edge  in  the  near-band  edge  PLE  |  | 

spectrum  of  Fig.  2a,  which  contrasts  strongly  with  ^ 
the  relatively  sharp  band  edge  absorption  features 

observed  in  the  PLE  spectra  of  the  Er^^  emission  in  Hvre-growl  GaN  ^ 

Er-implanted  samples  of  GaN  (see,  for  example,  /I 

Fig.  2c).  Furthermore,  the  1540  nm  Er^"^  PL  bands  ,  ll  li J  ^ 

from  the  in  situ  Er-doped  sample  shown  in  Figs,  la,  I  ifljii  .  1 

5a,  and  7a  all  have  a  broadened  line  shape  more  ^  "  ITWa 

characteristic  of  Er  dopants  in  glasses  [8],  than  the 

^  .  4.  ,  w.,  760  770  780  790  800  810  820 

sharply  structured  1540  nm  Er  PL  bands  of  the  Er-  Energy  (meV) 

implanted  GaN  samples  shown  in  Figs,  lb  and  c,  5b  ^  “violet-pumped”  PL  spectra 

and  c,  6a  and  b  and  7b  and  c.  as  excited  by  violet  light  (404  nm). 

The  PLE  spectrum  of  the  Er-implanted  ■'  ^ 

HVPE-grown  GaN  in  Fig.  3b  exhibits  sharp- 

structured  peaks  having  the  same  peak  positions  as  those  in  the  Er-implanted  MOCVD-grown 
GaN  (Fig.  3c).  A  careful  comparison  between  these  two  PLE  absorption  bands  reveals  that  the 
PLE  peaks  in  the  HVPE-grown  one  are  broader,  compared  to  the  MOCVD-grown  one.  The 
broadening  of  the  sharp  \^i2  \a  ¥  shell  absorption  peaks  in  the  Er-implanted,  HVPE-grown 
sample  is  apparently  attributable  to  the  fact  that  the  concentration  (5.3  x  lO'^  ions/cm^)  of  the 
implanted  Er^'^  ions  is  larger  than  that  (2  x  lO'*  ions/cm^)  in  the  Er-implanted  MOCVD-grown 
sample;  a  similar  broadening  of  the  sharp  absorption  peaks  was  observed  in  the  PLE  spectrum  of 
MOCVD-grown  GaN  implanted  with  lO'^  Er  ions/cm^  at  350  keV  reported  in  Ref.  1 1.  While  the 
sharpness  of  the  PLE  peaks  in  the  PLE  spectrum  of  the  Er-implanted  MOCVD-grown  GaN 
indicates  that  isolated  Er  ions  on  Ga  atomic  positions  are  on  identical,  high-quality  sites  in  this 
material  [4],  the  spectral  broadening  of  the  direct  4/ PLE  absorption  peaks  for  the  Er-implanted 
HVPE-grown  sample  implies  moderate  site-to-site  variation  in  the  crystal  field. 

The  seven  distinct  optically  active  Er^^  centers  observed  previously  in  the  Er-implanted 
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Fig.  4.  The  “violet-pumped”  PL  spectra 
as  excited  by  violet  light  (404  nm). 


MOCVD-grown  GaN  annealed  at  900  °C  (Ref.  3)  have  been  labeled  on  the  basis  of  their 
excitation  wavelengths,  as  follows:  above-gap  (A),  blue  (B),  orange  (O),  red  (R),  near-IR  (N),  4/ 


(F)  and  violet  (V).  This  labeling  system  has  been  used  to  identify  the  PLE  absorption  bands 
associated  with  the  selective  excitation  of  these  Er^^  centers  in  the  PLE  spectra  in  Figs.  2c  and  3c. 
Figures  4,  5,  and  6  show  the  "violet-pumped",  "blue-pumped",  and  "red-pumped"  PL  spectra 
excited  by  404,  458  and  633  nm  light,  respectively,  that  correspond  with  the  similarly  labeled  PLE 
bands  in  Fig.  2c  [4].  The  "violet-pumped"  PL  spectra  presented  in  Fig.  4  demonstrate  that  the  PL 
peaks  in  the  "violet-pumped"  PL  spectrum  of  the  Er-implanted  HVPE-grown  GaN  are  the  same 
as  those  in  the  Er-implanted  MOCVD-grown  GaN,  while  there  was  no  Er^"*”  emission  from  the  in 
situ  Er-doped  GaN  when  excited  by  404  nm  (violet)  Ught.  In  Fig.  5,  the  broadened  PL  peaks  in 
the  "blue-pumped"  PL  spectrum  of  the  in-situ  Er-doped  sample  do  not  correspond  to  the  B- 
labeled  PL  peaks  associated  with  the  "blue"  Er^'*'  site  observed  in  the  Er-implanted  MOCVD- 
grown  sample,  but  the  PL  of  the  Er-implanted  HVPE-grown  sample  includes  both  the  B-  and  A- 
labeled  PL  peaks.  The  "red-pumped"  PL  spectra  in  Fig.  6  show  that  while  the  633  nm  light 
excites  the  R  (red)-labeled  Er^^  emission  as  well  as  the  B-,  A-,  N-,  and  0-labeled  bands  in  the  Er- 
implanted  MOCVD  GaN  sample  (Fig.  6b),  only  the  B-labeled  PL  peaks  are  observable  in  the  PL 
of  the  Er-implanted  HVPE-grown  sample  (Fig.  6a),  and  no  -1540  nm  emission  is  excited  from  the 
in  situ  Er-doped  GaN. 
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Fig.  5.  The  “blue-pumped”  PL  spectra  as 
excited  by  blue  light  (458  nm). 


Fig.  6.  The  “red-pumped”  PL  spectra  as 
excited  by  red  light  (633  nm). 


The  "4/-pumped"  PL  spectra  in  Fig.  7  were  excited  by  809  nm  light  that  corresponds  to 
direct  Er  4/-band  absorption.  Significantly,  the  "4/-pumped"  PL  spectrum  of  the  Er-implanted 
HVPE-grown  GaN  (Fig.  7b)  shows  sharply-structured  PL  peaks  that  are  nearly  identical  in  peak 
energy  and  relative  intensities  to  those  of  the  Er-implanted  MOCVD-grown  GaN  PL  spectrum  of 
Fig.  7c.  This  indicates  that  most  of  the  Er  atoms  in  the  Er-implanted  HVPE-grown  GaN  occupy 


a  single  type  of  high-concentration,  isolated  Er‘^^  center,  that  can  only  be  excited  by  direct  4/- 
band  absorption,  and  that  this  is  the  same  high-concentration  Er^^  center  previously  observed  by 
direct  4/-band  pumping  in  Er-implanted  MOCVD-grown  GaN  [3,4].  In  contrast,  4/ pumping  of 
the  Er^^  dopants  in  the  in-situ  Er-doped  GaN  excites  a  broad  1540  nm  PL  spectrum  (Fig.  7a)  that 
is  identical  to  the  "green-pumped"  PL  spectrum  (Fig.  la)  and  the  "blue-pumped"  PL  spectrum 

(Fig.  5a)  for  this  sample,  clearly  demonstrating 
the  absence  in  the  /«-.v/7w-doped  material  of  the 
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Fig.  7.  The  “4/-pumped”  PL  spectra  as 
excited  by  809  nm  light. 


multiple,  selectively  excited,  discrete  Er^^  sites  or 
centers  that  are  observed  in  the  Er-implanted 
GaN.  The  broad  4/-pumped  Er'^^  PL  spectrum 
confirms  our  earlier  suggestion  that  the  Er 
dopants  in  the  in-situ-doped  sample  occupy  sites 
located  in  disordered  regions  of  the  material  and 
therefore  experience  site-to-site  variations  in  the 
crystal  field. 

CONCLUSIONS 

Site-selective  PLE  and  PL  spectroscopy 
have  been  carried  out  at  6K  on  the  1540  nm  "^113/2 
'^Ii5/2  emission  of  Er^^  in  in  situ  Er-doped  and 
Er-implanted  GaN  grown  by  HVPE.  The  PLE 
and  PL  spectra  of  these  two  different  Er-doped 
HVPE-grown  GaN  films  are  compared  in  this 
study  with  Er-implanted  GaN  grown  by  MOCVD 
to  see  if  the  multiple,  selectively  excited,  discrete 
Er^^  sites  or  centers  observed  in  our  previous 
studies  of  Er-implanted  GaN  are  present  in  Er- 
doped  GaN  synthesized  by  other  growth,  doping 
and  annealing  procedures. 

The  PLE  and  PL  spectroscopy  of  this  study 
reveal  that  four  of  the  seven  different  Er^"^  sites 


observed  in  Er-implanted  MOCVD-grown  GaN  annealed  at  900  ”C  under  a  flow  of  N2  are  present 
in  Er-implanted  HVPE-grown  GaN  annealed  at  800  "C  in  an  NH3/H2  atmosphere.  In  contrast,  the 
in  situ  Er-doped  HVPE-grown  GaN  exhibits  a  single,  broad  -1540  nm  Er^"^  PL  spectrum  whose 
lineshape  is  independent  of  excitation  wavelength.  This  broad  Er^"^  PL  spectrum,  which  is 
reminiscent  of  emission  irom  an  Er-doped  glass,  prompts  the  suggestion  that  the  Er  dopants  in  the 
in-situ-doped  sample  occupy  sites  located  in  disordered  regions  of  the  material  characterized  by 
site-to-site  variations  in  the  crystal  field. 
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ABSTRACT 

We  are  currently  engaged  in  a  systematic  study  of  the  optical  properties  of  Er  doped  III- 
nitrides  prepared  by  metalorganic  molecular  beam  epitaxy  (MOMBE).  Under  below-gap 
excitation  it  was  observed  that  GaN:  Er  samples  with  [O]~10^°  cm'^  and  [C]~10^‘  cm'^  luminesce 
at  1540  nm  with  an  intensity  of  more  than  two  orders  of  magnitude  greater  than  samples  with  low 
oxygen  and  carbon  concentrations  (<  10’^  cm‘^).  Associated  with  the  different  oxygen  and  carbon 
concentrations  were  different  thermal  quenching  behaviors  and  below-gap  absorption  bands. 
Interestingly,  for  above-gap  excitation  only  small  differences  in  absolute  Er^^  PL  intensity  and 
quenching  behavior  were  observed  for  samples  of  varying  O  and  C  content.  Initial  lifetime  studies 
were  performed  and  showed  a  rather  unusual  short  decay  time  of  -100  ps  at  room  temperature. 
In  order  to  gain  more  insight  in  the  Er^^  PL,  a  comparison  of  the  integrated  PL  intensity  and 
lifetime  was  performed  for  the  temperature  range  15-500K.  The  result  reveals  that  the  Er^^  PL 
quenches  above  room  temperature  due  to  the  onset  of  non-radiative  decay  and  the  reduction  in 
excitation  efficiency.  All  samples  were  also  investigated  for  visible  luminescence.  Red 
luminescence  was  observed  from  GaN:  Er  on  sapphire  substrates  under  below-gap  excitation. 

INTRODUCTION 

Rare  earth  doped  semiconductors  have  been  studies  for  more  than  a  decade  because  of  the 
possibility  to  develop  compact  and  efficient  electroluminescence  devices. Trivalent  Erbium 
ions  (Er^"^)  are  of  special  interest  because  they  exhibit  an  atomic- like  transition  at  1540nm,  which 
corresponds  to  the  low-loss  window  of  silica-based  optical  fibers.  Electroluminescence  devices 
based  on  Er  doped  Si  and  GaAs  were  reported,  however,  their  efficiency  was  too  low  for 
practical  applications.^’'^  An  important  step  forward  in  the  field  of  Er  doped  semiconductors  was 
the  observation  that  the  room-temperature  Er^^  photoluminescence  (PL)  intensity  strongly 
depends  on  the  bandgap  of  the  host  materials.  It  was  found  that  for  larger  bandgap  energy,  there 
is  less  detrimental  temperature  quenching  of  Er^""  PL  occurring.^’^  Therefore,  doping  Er^^  ions  into 
wide  gap  semiconductors  is  a  promising  approach  to  overcome  the  thermal  quenching  of  Er^^  PL. 
Consequently,  current  research  efforts  focus  on  studying  Er^"^  doped  into  wide  bandgap 
semiconductors  such  as  SiC  and  GaN.’’®  First  results  on  the  observation  of  1.54  pm 
photoluminescence  from  Er  implanted  GaN  and  AUSf  were  reported  by  Wilson  et  al.^ 
Subsequently,  other  research  groups  reported  results  of  photoluminescence, 
cathodoluminescence,  and  electroluminescence  (EL)  studies  of  Er  implanted  GaN. 
goal  for  practical  device  applications  is  to  incorporate  Er®^  ions  during  epitaxial  growth.  Doping 
during  growth  has  several  advantages  over  ion  implantation  including  the  absence  of  implantation 
damage,  unlimited  layer  thickness,  and  a  more  homogenous  doping  profile.  In-situ  Er  doping  of 
AIN  using  metalorganic  molecular  beam  expitaxy  (MOMBE)  was  first  reported  by  MacKenzie  et 
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al.  in  1996."^  This  work  was  followed  by  the  first  demonstration  of  in-situ  Er  doping  of  GaN.‘^ 
Recently,  Hansen  et  al.  reported  results  of  in-situ  doped  GaN:  Er  prepared  by  hydride  vapor  phase 
growth.'^’  Visible  PL  and  EL  from  GaN:  Er  grown  by  molecular  beam  epitaxy  have  been 
reported. Even  though  encouraging  strong  Er^'^  PL  results  were  obtained,  initial  infrared 
electroluminescence  studies  of  GaN:  Er  have  shown  rather  poor  efficiencies. In  order  to 
optimize  the  material  preparation  for  developing  more  efficient  1 .54  pm  devices,  it  is  crucial  to 
understand  the  incorporation  and  excitation  mechanisms  of  Er^^  ions  in  Ill-Nitrides.  More 
specifically,  it  will  be  important  to  identify  the  Er"’^  sites  that  are  excited  efficiently  through 
electrical  injection  of  electron-hole  pairs  and  to  optimize  their  concentration  in  the  GaN  host.'^  In 
this  paper  we  present  new  spectroscopic  results  focusing  on  the  1.54  pm  PL  from  MOMBE 
grown  Er  doped  GaN.  Results  of  temperature  dependent  PL  intensity,  lifetime,  and  excitation 
studies  will  be  shown  and  discussed  for  samples  with  varying  oxygen  and  carbon  content.  In 
addition,  we  will  also  report  some  initial  results  on  visible  luminescence  studies. 

EXPERIMENTAL  PROCEDURES 

The  Er  doped  GaN  films  were  grown  by  MOMBE  in  an  INTEVAC  Gas  Source  Gen  II  on  In- 
mounted  (100)  Si  or  (0001)  Sapphire  substrates.  The  GaN  films  were  preceded  by  a  low 
temperature  AIN  buffer  (Tg=425  °C).  A  0.2  pm  undoped  GaN  spacer  was  deposited  prior  to  the 
growth  of  GaN:  Er.  Triethylgallium  (TEGa),  Dimethylethylamine  alane  (DMEAA),  and  thermally- 
evaporated  8N  Ga  metal  provided  the  group  III  fluxes.  A  shuttered  effusion  oven  with  4N  Er  was 
used  for  solid  source  doping.  Reactive  nitrogen  species  were  provided  by  a  SVT  radio  frequency 
plasma  source.  Due  to  the  incorporation  of  carbon  and  oxygen  from  residual  ether  in  TEGa,  the  C 
and  O  background  observed  in  TEGa  derived  GaN  were  ~10“'cm'^  and  ~10^‘*  cm  \  respectively, 
as  determined  by  SIMS  measurements.  GaN  grown  using  thermally-evaporated  8N  pure  Ga  as  the 
group  III  source  had  oxygen  and  carbon  backgrounds  of  less  than  lO’*^  cm  '\‘' 

PL  measurements  were  performed  using  either  the  broad-band  visible  (457-5 14nm)  or  uv 
(333.6-363.8nm)  outputs  of  an  argon-ion  laser  for  excitation.  The  luminescence  spectra  were 
recorded  using  a  1-m  monochromator  equipped  with  a  liquid-nitrogen  cooled  Ge  detector.  Visible 
PL  studies  employed  a  thermo-electric  cooled  photomultiplier  tube.  The  signal  was  processed 
using  lock-in  technique.  The  samples  were  cooled  on  the  cold-finger  of  a  two-stage  closed-cycle 
refrigerator.  High  temperature  PL  studies  were  carried  out  using  a  homemade  heating  element, 
which  had  a  temperature  accuracy  of  ±5°C.  Luminescence  lifetime  data  were  taken  with  a  fast 
response  Ge  detector  and  averaged  using  a  digitizing  oscilloscope.  PLE  studies  were  carried  out 
using  an  argon  pumped  dye  laser  or  and  a  Nd:  YAG/Optical  Parametric  Oscillator  system. 

RESULTS  AND  DISCUSSION 
a)  Er^^  PL  intensity  and  spectra 

Figure  1  shows  the  room-temperature,  infrared  PL  spectra  of  Er  doped  GaN  on  AbO? 
prepared  by  MOMBE.  No  significant  spectral  differences  were  observed  for  Er  doped  GaN  on 
Sapphire  or  Si  substrates.  For  comparison,  the  Er^"^  PL  spectra  of  AIN:  Er  (MOMBE)  and  Er 
implanted  GaN  are  also  shown  in  figure  1.‘^'''^  All  samples  were  excited  with  the  363-366.8nm  UV 
output  of  an  Argon-Ion  laser.  UV  excitation  was  chosen  to  simulate  carrier-mediated  Er’^ 
excitation  as  in  GaN:  Er  electroluminescence  devices.  All  samples  showed  characteristic  Er‘^  PL 
centered  at  1.54  pm,  which  can  be  assigned  to  the  intra-4f  Er^""  transition  ‘*Ii3/2— >''l!.v2.  The  Er 
PL  spectra  from  in-situ  Er  doped  GaN  and  AIN  are  very  similar.  They  exhibit  nearly  featureless 
spectra  (25-35nm  @FWHM)  suggesting  a  homogenous  distribution  of  Er  sites  as  typically 


observed  fromEr  doped  glasses.^^’^^  Er  peaks  located  at  1.517iini,  1.540pm,  1.548pm,  and  1.555 
pm  are  either  due  to  Stark  splittings  and/or  multiple  Er  sites.  The  overall  spectral  width  of  the 
Er^^  PL  from  Er  implanted  GaN  was  significantly  larger  (100nm@FWHM)  than  that  observed 
from  Er  doped  GaN  and  AIN.  Moreover,  Er  implanted  GaN  exhibits  a  more  sharply  structured 
Er^"^  PL  than  the  in-situ  Er  doped  Ill-Nitride  samples.  Based  on  previously  published  data 
9.10,11,12,13  ^  complex  and  broad  Er^^  PL  seems  to  be  characteristic  for  Er  implanted  GaN 

samples  and  is  due  to  a  combination  of  different  Er  sites  and  Stark  splittings  of  Er  ions  in  low 
symmetry  sites.  For  example,  Kim  et  al.  identified  up  to  4  Er  sites  in  Er  implanted  GaN  grown  by 
MOCVD.’^  The  authors  demonstrated  that  it  was  possible  to  selectively  excite  these  four  sites  by 
three  different  below-gap  absorption  processes  and  through  direct  intra-4f  excitation.  Important 
for  future  device  development  was  the  observation  that  only  a  small  fraction  of  incorporated  Er^"" 
ions  are  excitable  through  carrier-mediated  processes.^^  Time-resolved  PL  studies  of  in-situ  Er 
doped  AIN  (MOMBE)  have  indicated  the  existence  of  at  least  two  different  classes  of  Er^"^  sites 
with  distinct  lifetime  and  excitation  schemes. These  results  underline  that  it  is  crucial  to  identify 
the  incorporation  and  excitation  mechanism  of  Er^^  in  different  sites  in  order  to  optimize  the 
material  preparation  for  device  applications. 
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Figure  1:  Room-temperature  Er^"^  PL  spectra  of  Er  implanted  GaN  and  in-situ  Er  doped  GaN 
and  AIN. 

Figure  2  depicts  a  comparison  of  the  absolute  Er^^  PL  intensities  of  GaN:  Er  (MOMBE)  for 
below  and  above-gap  excitation  at  room-temperature.  Under  below-gap  excitation,  GaN:  Er 
(TEGa)  with  high  oxygen  and  carbon  background  ([O]~10^°cm■^  [C]~10^^cm'^)  showed  an  Er^^ 
PL  peak  intensity  two  orders  of  magnitude  larger  than  GaN:  Er  (Ga)  with  low  O  and  C 
backgrounds  (<10'^cm^).  It  is  interesting  to  note  that  also  GaN:  Er/Si  showed  strong  1.54|im  PL 
at  room  temperature,  which  makes  this  material  attractive  for  integration  with  Si  based 
optoelectronics.^’  Drastic  improvements  of  the  absolute  Er^^  PL  intensity  have  been  observed  for 
Er  and  oxygen  codoped  Si  and  GaAs.  The  enhanced  L54|j.m  PL  was  attributed  to  an  increased 
concentration  of  optically  active  Er^^  ions  and  a  more  efficient  Er^^  PL  excitation.^®’^^’^^’^^’^°  Our 
results  for  below-gap  Er^^  excitation  in  GaN  suggest  that  the  incorporation  of  O  and  C  introduces 
beneficial  mid-gap  states  that  provide  efficient  energy  transfer  pathways  for  Er^"^  in  GaN.  Support 
for  this  idea  was  obtained  from  photoluminescence  excitation  (PLE)  studies  shown  in  figure  3.  In 


PLE  the  effectiveness  of  stimulating  1.54  ^im  PL  is  measured  as  a  function  of  excitation 
wavelength.  The  PLE  spectra  of  GaN:  Er/Si  (TEGa)  reveal  that  the  incorporation  of  high  O  and  C 
backgrounds  leads  to  a  broad  PLE  band  extending  over  the  entire  visible  region  (-400-800  nm). 
The  GaN:  Er  (Ga)  sample  with  low  C  and  O  content  did  not  show  this  broad  PLE  band,  but  direct 
intra-4f  Er  transitions  (see  e.g.  ~525nm).  Therefore,  the  visible  output  from  an  Argon-Ion  laser 
leads  to  a  significantly  more  efficient  excitation  of  Er^^  in  GaN:Er/Si  (TEGa)  than  in  GaN:  Er/Si 
(Ga). 
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Figure  2:  Comparison  of  Er^"^  PL  intensity  from  Er  doped  GaN  (MOMBE)  for  a)  below-gap 
and  (b)  above-gap  excitation  (300K). 
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Figure  3:  PLE  of  GaN:  Er/Si  samples  with  varying  oxygen  and  carbon  content.  The 
incorporation  of  high  oxygen  and  carbon  backgrounds  (upper  graph)  leads  to  a 
broad  Er^^  excitation  band  covering  the  entire  visible  region. 
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Under  above-gap  excitation  (figure  2b)  all  GaN:  Er  (MOMBE)  samples  showed  a  greatly 
reduced  Er^"^  PL  intensity  relative  to  below-gap  excitation,  independent  of  carbon  and  oxygen 
concentration.  A  similar  PL  reduction  was  reported  for  Er  implanted  GaN.^*  It  is  somewhat 
surprising  that  under  above-gap  excitation  the  Er^^  PL  intensities  of  samples  with  high  oxygen  and 
carbon  backgrounds  is  only  roughly  twice  as  strong  as  the  Er^^  PL  observed  from  low  O  and  C 
contents.  These  observations  suggest  that  either  only  a  fraction  of  optically  active  Er^^  ions  are 
excited  and/or  the  excitation  efficiency  is  reduced  under  above-excitation.  Moreover,  it  also 
indicates  that  high  oxygen  and  carbon  concentrations  do  not  necessary  lead  to  an  enhanced 
luminescence  for  carrier-mediated  Er^"^  excitation.  More  work  is  necessary  to  address  this  issue  in 
more  detail. 


b)  Er  PL  quenching  and  lifetime 

Figure  4  shows  the  integrated  Er^^  PL  intensity  of  Er  doped  GaN  samples  for  the  temperature 
range  from  15-500K.  The  Er^^  PL  was  excited  either  with  the  broad-band  visible  (Fig.  4a)  or  uv 
(Fig.  4b)  outputs  of  an  Argon  ion  laser  corresponding  to  below  and  above-gap  Er^"^  excitation. 
Under  below-gap  excitation  a  significantly  different  Er^"^  PL  quenching  behavior  was  observed  for 
samples  with  varying  O  and  C  contents  (see  Figure  4a).  As  was  previously  observed  for  Er  and 
oxygen  codoped  Si  and  GeiAs,  GaN:  Er  samples  with  high  O  and  C  concentrations  showed  a 
significantly  reduced  Er^'^  PL  quenching  compared  to  samples  with  low  C  and  O 
backgrounds.^^’^^’^*’^^’^®  Between  15K  and  room-temperature  samples  with  high  O  and  C 
backgrounds  showed  Er^^  PL  quenching  of  only  -20%,  whereas  the  1.54fim  luminescence  from 
low  O  and  C  concentration  samples  decreased  by  -90%  over  the  same  temperature  range.  At 
higher  temperatures  also  the  O  and  C  rich  samples  showed  an  enhanced  Er^^  PL  quenching  and 
the  luminescence  decreased  to  roughly  10%  of  their  low  temperature  value  at  500K.  Under 
above-gap  excitation  the  situation  was  different.  As  shown  in  Fig.  4(b)  hardly  any  difference  in 
Er^'^  PL  quenching  behavior  was  observed  for  samples  with  varying  oxygen/carbon  content.  As 
mentioned  above,  the  oxygen  and  carbon  concentration  does  not  greatly  effect  the  carrier- 
mediated  Er^"^  excitation.  Up  to  room  temperature  the  Er^"^  PL  decreased  for  all  four  samples  by 
less  than  50%  relative  to  its  low  temperature  value.  When  heating  the  samples  above  room 
temperature,  we  observed  a  steady  decrease  of  the  Er^^  PL  with  increasing  temperature.  At  550 
K,  the  Er^"^  PL  from  all  samples  had  decreased  by  nearly  90%  of  its  low  temperature  value. 

To  gain  more  insight  in  the  observed  Er^"^  PL  quenching,  we  performed  initial  luminescence 
lifetime  studies  on  the  two  oxygen  and  carbon  rich  samples,  GaN:  Er/Si  (TEGa)  and 
GaN:Er/Sapphire  (TEGa).  These  samples  showed  the  strongest  Er^^  PL  signal,  which  allowed  us 
to  carry  out  lifetime  studies  for  the  entire  range  15-500  K.  It  was  observed  that  the  Er^"^  PL  decay 


curves  were  non-exponential  which  provides  further  support  for  the  existence  of  a  wide 
distribution  of  Er^^  sites.  To  describe  the  luminescence  decay  an  average  lifetime  <t>  was  used: 
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where  I(t)  is  the  luminescence  decay  curve  and  t  is  the  time.^^'^^  The  low  temperature  lifetime  of 


both  samples  was  found  to  be  -130ps  and  decreased  to  -100}j,s  at  room  temperature.  At  500K 


the  lifetime  had  shortened  to  ~50ps.  These  lifetimes  are  significantly  shorter  than  previously 
reported  lifetimes  for  Er  implanted  GaN,  which  were  in  the  order  of  l-2ms.‘®'^^  It  is  possible  that 
the  short  lifetimes  are  due  to  a  higher  oscillator  strength  of  Er^"^  transitions  in  MOMBE  grown 
samples  compared  to  Er  implanted  GaN.  In  order  to  confirm  this  explanation  direct  absorption 
measurements  of  intra-4  Er  transitions  are  necessary.  It  is  also  conceivable  that  the  Er^^  lifetimes 


are  shortened  due  intra-4f  non-radiativc  decay  or  cooperative  processes  such  as  upconversion  or 
energy  migration.^'^  Power  dependent  lifetime  studies,  however,  did  not  show  any  change  in 
lifetime  with  increasing  excitation  density  suggesting  that  the  later  processes  are  not  dominant  in 
GaN:Er. 
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Figure  4:  Temperature  dependence  of  the  integrated  PL  intensity  from  in-situ  Er  doped  GaN 
for  above  and  below  gap  excitation. 
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Figure  5:  Comparison  of  the  temperature  dependence  of  Er^"^  intergrated  PL  and  lifetime  for 
in-situ  Er  doped  GaN. 


It  is  instructive  to  compare  the  temperature  dependence  of  PL  intensity  and  lifetime  as  shown 
in  figure  5.  In  the  following  discussion  it  is  assumed  that  the  Er^"^  PL  intensity  is  proportional  to 
the  number  (or  concentration)  of  excited  Er  ion  (Ngr*)  and  the  radiative  decay  rate  (Wrad).  Under 
steady  state  condition  and  low  pump  power  intensities  the  Er^^  PL  signal  can  be  written  as: 


(2) 


he 

where  C  is  a  constant,  Ip  is  the  pump  intensity,  A,p  is  the  pump  wavelength,  Oex  is  the  excitation 
cross-section  defined  as  the  product  of  pump  efficiency  and  absorption  cross-section,  Nwt  is  the 
total  Er  concentration,  Wrad  is  the  radiative  decay  rate,  and  t  is  the  luminescence  lifetime.  Under 
the  assumption  that  the  radiative  decay  rate  and  total  Er  concentrations  are  temperature 
independent,  the  Er^"^  PL  quenching  at  higher  temperatures  can  be  explained  by  either  the  onset  of 
nonradiative  deexcitation  processes  reducing  the  Er^"^  lifetime  and/or  by  a  decrease  of  the 
excitation  efficiency. 

The  comparison  of  the  temperature  dependent  Er^^  PL  intensity  and  lifetime  enables  one  to 
separate  the  above  mentioned  Er^""  PL  quenching  mechanism.  As  can  be  inferred  from  figure  5, 
the  Er^'^  lifetime  follows  the  change  in  integrated  PL  intensity  very  closely  up  to  room 
temperature.  This  means  that  between  15  and  300K  the  small  decrease  in  Er^"^  PL  intensity  is  due 
to  nonradiative  decay.  Above  room-temperature  the  lifetime  changes  less  than  the  integrated  Er^"^ 
PL  intensity.  This  suggests  that  Er^'^  PL  quenching  occurring  above  room  temperature  is  not  only 
due  nonradiative  deexcitation,  but  also  due  to  a  reduction  in  excitation  efficiency.  Nearly  the  same 
Er^"^  PL  intensity  and  lifetime  behavior  was  observed  for  GaN:Er/Si  (not  shown).  Similar  to  other 
Er  doped  semiconductor  systems,  we  assume  that  the  excited  Er  ion  can  decay  either  through 
emission  of  a  1.54  pm  photon  or  through  non-radiative  energy  transfer  processes  to  the  host  (also 
referred  to  as  "backtransfer"  it  is  further  assumed  that  internal  Er^"^  quantum  efficiency  does 
not  change  with  temperature.  The  change  in  lifetime  is  then  described  by  a  thermally  activated 
nonradiative  decay  process,  which  is  controlled  by  Boltzmann’s  law: 
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where  Xrad  is  the  radiative  lifetime,  E  is  the  thermal  activation  or  threshold  energy  for  non-radiative 
decay,  and  B  is  a  constant.  Fitting  equation  3  to  the  lifetime  data  shown  in  figure  5  gives  the 
following  parameter  values:  Xnid=  124.6ps,  B=31.6,  and  an  activation  energy  E=132meV.  The  fit 
result  suggests  the  existence  of  a  defect-related  level  close  to  Er^"^,  which  acts  as  a  particular 
effective  channel  for  nonradiative  energy  transfer  between  Er^"^  and  the  host.  The  deexcitation  of 
Er  ions  through  some  mid-gap  level  has  been  discussed  before  for  Er  doped  Si  and  GaAs.  In  the 
backtransfer  model  as  proposed  by  Takahei  et  al.^^,  the  existence  of  an  Er-related  level  provides 
the  possibility  of  energy  backtransfer  where  excited  Er  ions  transfer  an  excited  carrier  back  to  the 
defect  level  followed  by  a  thermalization  into  the  conduction  band.  This  model  for  the 
deactivation  of  excited  Er^"*^  ions  may  also  be  relevant  for  GaN:Er,  however,  no  experimental 
evidence  for  an  Er-related  defect  level  has  yet  been  reported.  A  more  detailed  comparison  of  the 
Er^^  lifetimes  of  GaN:  Er  samples  with  varying  oxygen  and  carbon  content  is  in  progress  and 
promises  to  provide  deeper  insight  in  the  Er  excitation  and  deexcitation  mechanisms. 

c)  visible  PL  from  GaN:  Er 

Very  recently  green  luminescence  was  observed  from  GaN:  Er  grown  by  solid  source 
molecular  beam  epitaxy  under  above-gap  excitation.^^  Narrow  lines  centered  at  537nm  and  558nm 
were  identified  to  be  due  to  the  intra-4f  Er  transitions  ^Hn/2^'^Ii5/2  and  Subsequently 

the  same  authors  reported  green  electroluminescence  from  Er  doped  GaN  Schottky  barrier 
diodes.^’  In  figure  6  we  show  the  visible  PL  spectra  of  GaN:  Er/Sapphire  prepared  by  MOMBE. 


We  observed  no  green  emission  lines  from  any  of  the  investigated  samples  under  below  (488nm) 
or  above-gap  (325nm)  excitation.  Interestingly,  however,  for  below-gap  excitation  we  observed  a 
broad  red  luminescence  band,  which  showed  sharp  structure  at  around  665  nm  and  690  nm.  This 
emission  was  not  found  for  the  GaN;  Er/Si  samples.  Preliminary  studies  indicated  that  the  peaks  at 
665  nm  and  690  nm  had  lifetimes  in  the  millisecond  range.  The  peak  at  665  nm  is  assigned  to  the 
'^F9/2— >"^115/2  transition  of  Er^"^  ions,  whereas  the  origin  of  the  690  nm  peak  is  not  yet  know.  The 
data  suggest  that  the  690  nm  line  is  a  pure  electronic  transition  (no-phonon  line)  accompanied  by 
a  vibronic  sideband  at  around  720  nm.  A  more  detailed  study  is  currently  being  undertaken  to 
identify  the  origin  of  the  red  luminescence  from  GaN:Er/Sapphire. 


Wavelength  (nm) 


Figure  6:  Visible  PL  spectrum  of  GaN:  Er/Sapphire  for  below-gap  excitation  at  room- 
temperature. 


SUMMARY 

We  presented  new  results  on  the  1.54  pm  luminescence  properties  of  GaN;  Er  grown  by 
MOMBE.  It  was  observed  that  high  oxygen  and  carbon  concentrations  (~10''*  cm  ‘^)  enhance  the 
1.54pm  Er^"^  PL  intensity  and  reduce  the  Er^^  PL  quenching  under  below-gap  excitation. 
Moreover,  PLE  studies  revealed  that  oxygen/carbon  introduces  a  broad  below-gap  PLE  band, 
which  provides  an  efficient  pathway  for  Er^^  excitation.  A  direct  comparison  of  the  temperature 
dependence  of  Er"'"^  PL  intensity  and  lifetime  suggests  that  both  nonradiative  decay  and  a  decrease 
in  excitation  efficiency  reduce  the  Er^"^  PL.  Under  above-gap  excitation  the  absolute  Er^^  PL 
intensity  from  all  samples  was  greatly  reduced  and  only  a  weak  PL  dependence  on  the  oxygen  and 
carbon  concentration  was  observed.  The  weak  above-gap  Er^""  PL  suggests  that  the  efficiency  of 
electroluminescence  devices  (forward  biased  LED’s)  based  on  currently  available  materials  will  be 
rather  low.  More  materials  engineering  will  be  necessary  to  optimize  the  1 .54pm  Er^'’’  PL  from 
GaN:  Er.  Initial  results  of  visible  luminescence  studies  were  also  presented.  It  was  found  that  only 
under  below-gap  excitation  GaN:Er  on  sapphire  emits  red  luminescence  peaking  at  665  and  690 
nm.  The  665  nm  line  was  assigned  to  an  intra-4f  Er^'’^  transition,  whereas  the  origin  of  the  690  nm 
line  is  not  yet  known.  More  detailed  studies  on  the  luminescence  properties  of  GaN:  Er  are  in 
progress  in  will  be  presented  in  a  forthcoming  paper. 
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ABSTRACT 

AlGaN/GaN  quantum  well  (QWs)  were  grown  on  (0001)  sapphire  substrates  by  molecular  beam 
epitaxy  (MBE)  using  ammonia  as  nitrogen  precursor.  The  A1  composition  in  the  barriers  was 
varied  between  8  and  27  %  and  the  well  thiekness  from  4  to  17  monolayers  (MLs,  IML  = 
2.59A).  X-ray  diffraction  (XRD)  experiments  are  used  to  investigate  the  strain  state  of  both  the 
well  and  the  barriers.  The  QW  transition  energy  are  measured  by  low  temperature 
photoluminescence  (PL).  A  large  quantum  confined  Stark  effect  is  observed  leading  to  QW 
luminescence  much  lower  than  the  emission  line  of  the  GaN  buffer  layer  for  well  width  above  a 
certain  critical  thickness.  The  built-in  electric  field  responsible  for  such  a  phenomenon  is 
deduced  from  fit  of  the  PL  data.  Its  magnitude  is  of  several  hundred  kV/cm  and  increases 
linearly  with  the  A1  composition. 


INTRODUCTION 

The  III-V  nitride  compounds  have  demonstrated  their  peculiar  aptitude  for  producing  Ught  from 
the  green  to  UV  spectral  range  [1].  As  for  the  case  of  other  optoelectronic  devices  based  on 
arsenide,  phosphide  or  antimonide  compounds,  quantum  wells  (QWs)  are  currently  used  in  the 
active  region  of  nitride  based  light  emitting  diodes  and  laser  diodes  [1].  However,  there  is  still 
only  a  few  reports  on  the  physieal  properties  of  nitride  QWs  compared  to  what  is  known  about 
the  prototypical  system  AlGaAs/GaAs.  This  is  especially  the  case  when  considering  the 
AlGaN/GaN  QWs  [2-8]  though  they  appear  very  promising  for  extending  the  applications  of 
nitrides  to  the  far  UV  spectral  region  owing  to  the  large  direct  band  gap  of  AIN  (6.2  eV/200  nm). 
It  has  been  already  shown  that  a  large  internal  electric  field  of  several  hundred  kV/cm  takes  place 
in  the  wurtzite  AlGaN/GaN  QWs  [2-8].  Both  piezoelectric  and  spontaneous  polarization  must  be 
considered  to  account  for  the  polarization  field  inside  the  quantum  structure.  Actually, 
spontaneous  polarization  has  been  theoretically  considered  because  of  the  expected  huge 
influence  on  the  properties  of  AlGaN/GaN  heterostructures  [9,10]. 

In  this  paper,  we  report  on  AlGaN/GaN  QWs  grown  by  MBE  on  c-plane  sapphire  substrates. 
Their  structural  properties  have  been  checked  by  XRD  and  their  optical  properties  by  low 
temperature  PL.  The  A1  composition  of  the  AlGaN  barriers  was  ranged  between  8  and  27%  and 
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the  well  thickness  increases  from  4  to  17  MLs.  The  internal  electric  field  was  deduced  by  fitting 
the  PL  data  using  a  self-consistent  envelope  function  calculation,  including  excitonic  effects. 


EXPERIMENTS 

The  growth  of  GaN  and  AlGaN  layers  are  carried  out  in  a  Riber  32  P  MBE  system.  Both 
reflection  high-energy  electron  diffraction  (RHEED)  and  laser  reflectivity  facilities  are  available 
in  situ.  The  substrate  is  c-plane  sapphire  back-coated  with  Mo  for  heating.  NH3  is  used  as 
nitrogen  precursor.  Ga  and  A1  elements  are  evaporated  by  a  double  filament  cell  and  a  cold-lip 
cell,  respectively.  A  few  pm  of  GaN  is  deposited  at  820°C  before  growing  the  QWs  structures 
which  are  separated  by  lOOA-thick  AlGaN  barriers.  The  A1  mole  fraction  is  measured  in  situ  by 
the  RHEED  intensity  oscillation  technique  [1 1].  The  PL  experiments  are  performed  at  10  K.  Two 
excitation  sources  are  used,  either  a  HeCd  laser  (10  mW)  or  a  frequency-doubled  Ar^  laser  (244 
nm/40mW). 


RESULTS  AND  DISCUSSIONS 

The  quality  of  the  quantum  heterostructures  is  strongly  dependent  on  the  surface  morphology. 
Fig.  1  shows  the  surface  observed  by  scanning  electron  microscopy  after  the  growth  of  a  10 
period  Alo.nGao.89N/GaN  multi(M)-QW  structure.  Despite  the  standard  grain-like  structure  of  the 
GaN  film,  the  roughness  is  rather  low.  Indeed,  the  rms  roughness  measured  on  a  3x3pm^  scan 
area  by  atomic  force  microscopy  is  only  3  nm.  This  value  falls  down  to  0.2nm  for  100x100  nm^ 
scan  which  is  consistent  with  the  observation  of  RHEED  intensity  oscillations  attesting  a  2D 
layer  by  layer  growth  mode.  This  point  constitutes  a  key  issue  for  achieving  AlGaN/GaN  QWs 
with  sharp  interfaces,  but  also  for  measuring  in  situ  the  A1  mole  fraction  in  the  AlGaN  barriers. 


Figure  1:  scanning  electron  micrograph  of  a  multi-quantum  well  sample  grown  on  sapphire. 


Fig.  2  displays  the  intensity  variation  of  the 
specular  beam  intensity  recorded  during  the 
growth  of  Alo.1Gao.9N  at  600  °C.  The  period 
corresponds  to  the  growth  of  1  ML  and 
allows  one  directly  determining  the  growth 
rate.  From  the  difference  with  the  growth 
rate  of  pure  GaN,  we  can  measure  the  A1 
mole  fraction  (x  =  (rAiGaN-rGaN)/rAiGaN).  It 
should  be  noted  that  in  order  to  avoid  the 
flux  transient  which  takes  place  just  after 
opening  the  Ga  and  A1  shutters,  and  which 
may  affect  the  measurements,  a  careful 
procedure  has  been  followed:  taking 
advantage  of  the  stability  of  GaN  at  600°C 
without  ammonia,  a  general  shutter  is 
intercalated  between  the  cells  and  the 
sample,  and  is  only  opened  when  the  Ga  and 
A1  fluxes  are  stabilized.  The  data  in  Fig.  2 
correspond  to  such  a  procedure.  Thick 
AlGaN  layers  (1pm)  have  been  grown  and 
energy  dispersive  x-ray  (EDX)  has  been 
used  to  determine  the  A1  mole  fraction.  The 
discrepancy  between  RHEED  and  EDX 
determinations  is  within  one  percent. 


Growth  time  (s) 


Figure  2:  RHEED  intensity  oscillations 
recorded  during  AlGaN  growth. 


The  10  K  PL  spectra  of  AlGaN  layers  with  different  A1  mole  fractions  are  shown  in  Fig.  3.  The 
peak  linewidth  increases  with  the  A1  composition  together  with  the  Stokes-shift  between  PL  and 
reflectivity.  This  indicates  that  a  degradation  of  the  crystal  quality  occurs.  Actually,  AlGaN 
barriers  have  been  grown  keeping  the  same  growth  parameters  than  GaN  (growth  temperature 
820°C),  while  it  is  obvious  that  high  A1  content  AlGaN  layers  should  be  grown  at  higher 
temperature. 


Figure  3:  PL  spectra  of  AlGaN  layers  with  different  A1  mole  fraction. 


The  structural  properties  of  the  quantum  heterostructures  have  been  checked  by  XRD  reciprocal 
space  mapping,  as  shown  for  instance  in  Fig.  4  for  a  MQW  sample.  This  sample  consists  of  10 
periods  of  GaN(6  MLs)/AlGaN(19MLs)  deposited  on  a  2  pm-thick  GaN  template.  Fig.  4  shows 
that  Alo.nGao.sgN  barriers  are  pseudomorphically  strained  onto  the  GaN  template.  Both  the  value 
of  a  and  c  lattice  constants  (3.1892  A  and  S.lSSj  A,  respectively)  and  the  position  of  the  A  free 
exciton  (3.478  eV)  indicate  that  the  GaN  thick  buffer  layer  is  nearly  relaxed.  AlGaN  barriers  are 
thus  under  tensile  stress.  This  point  has  to  be  kept  in  mind  for  the  following  part  which  concerns 
the  origin  of  the  built-in  electric  field  in  AlGaN/GaN  Qws. 
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Figure  4:  XRD  reciprocal  space  mapping  of  a  10xGaN(6  MLs)/Alo.iiGao.g9N(19  MLs)  MQW 


Let  us  turn  now  towards  the  optical  properties  of  AlGaN/GaN  based  quantum  structures.  Fig.  5 
displays  the  10  K  PL  spectra  of  two  samples  containing  four  QWs  of  different  thicknesses  with 
A1  composition  in  the  AlGaN  barriers  of  13%  (a)  and  27%  (b),  respectively.  The  thickness  of  the 
barriers  is  lOOA.  For  the  A1  composition  of  13%  (Fig.  5(a)),  the  PL  energy  of  the  17  ML  wide 
well  is  much  lower  than  the  GaN  band  gap.  This  is  a  consequence  of  a  quantum  confined  Stark 
effect  due  to  a  strong  internal  electric  field  in  the  quantum  structure.  This  effect  is  reinforced  in 
Fig.  5(b)  for  an  A1  mole  fraction  in  the  barriers  of  27%.  The  26  meV  splitting  of  the  PL  line  of 
the  16  MLs  wide  QW  in  Fig.  5(b)  could  correspond  to  a  well  thickness  fluctuation  of  1  ML 
taking  into  account  a  built-in  electric  field  of  1  MV/cm.  The  values  of  the  internal  electric  field 
have  been  deduced  from  fitting  PL  energies  with  a  self-consistent  envelope  function  model 
including  the  electric  field  [7].  They  are  plotted  in  Fig.  6  as  a  function  of  the  A1  composition  in 
the  barriers  from  8  to  27%.  The  field  is  shown  to  vary  linearly  with  A1  content,  extrapolating  to 
zero  for  pure  GaN.  It  is  larger  than  1  MV/cm  for  an  A1  content  of  27%. 


Let  us  discuss  the  strength  and  origin  of  the  internal  field.  First,  we  mention  that  for  an  A1 
content  in  the  barriers  in  the  10-15%  range,  Fig.  6  shows  that  the  field  is  in  the  400-600  kV/cm 
range.  This  is  in  agreement  with  the  results  of  other  authors,  who  also  studied  AlGaN/GaN 
heterostructures  with  similar  barrier  compositions  [5-8,12].  Second,  as  exemplified  in  Fig.  4,  we 
are  dealing  with  strained  AlGaN  barriers  on  nearly  relaxed  GaN.  This  means  that  the 
piezoelectric  effect  occurs  in  our  samples  mainly  in  the  barrier,  and  not  in  the  well  (as  in  the 
typical  case  of  (11 1)  grown  GaAs/GalnAs  QWs  for  instance).  Moreover,  following  Bernardini  et 
al.  [9,10],  we  ascribe  the  Stark  effect  in  our  samples  to  the  difference  in  total  (piezoelectric  and 
spontaneous)  polarization  between  well  and  barrier  materials.  In  that  case,  the  resulting  electric 
field  in  the  well  (for  infinite  barriers,  which  is  not  the  case  of  our  samples)  is  given  by  F  =  (Pb- 
Pw)/sso,  where  Pb  and  Pw  are  the  total  polarization  in  the  barrier  and  the  well,  respectively.  Note 
that  with  the  above  definition  of  the  electric  field,  the  effect  of  a  biaxial  compressive  strain  in 
GaN  is  the  same  as  that  of  a  biaxial  tensile  strain  in  AlGaN  barriers  (apart  from  a  small 
difference  due  to  the  slight  differences  of  material  constants  and  that  of  deformation  potentials). 
When  using  the  theoretical  piezoelectric  constants  and  spontaneous  polarization  values  [10], 
field  magnitudes  at  least  a  factor  of  2  larger  than  those  deduced  from  figure  6  are  obtained.  The 
values  are  still  too  large  when  taking  into  account  the  effect  of  finite  barrier  width  [7].  Apart 
from  the  uncertainties  in  the  physical  parameters  used,  reasons  for  the  discrepancies  could  be  the 
crystal  quality  (the  high  dislocation  density  in  GaN/Al203  samples  may  influence  the  strain 
field),  but  also  partial  screening  of  the  polarization  field  due  to  the  residual  n-type  doping  level 
of  GaN  (and  AlGaN),  in  the  lO'^  cm'^  range. 
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Figure  5:  PL  spectra  of  QW  structures 


Figure  6:  electric  field  versus  the  Al  content 


CONCLUSIONS 


AlGaN/GaN  quantum  wells  of  various  widths  have  been  grown  by  molecular  beam  epitaxy  on  c- 
plane  sapphire  substrates  with  different  A1  contents  in  the  barriers.  The  QW  transition  energies 
deduced  from  low  temperature  photoluminescence  exhibit  a  quantum  confined  Stark  effect  due 
to  strong  internal  electric  fields  which  can  reach  1  MV/cm  for  only  25  %  of  A1  content.  This 
electric  field  is  found  to  vary  linearly  with  the  A1  mole  fraction,  at  least  up  to  xs=0.3.  A 
conclusion  of  this  study  is  that,  due  to  the  balance  between  the  blue  shift  due  to  quantum 
confinement  (increasing  with  A1  content  in  the  barrier),  and  red  shift  due  to  the  Stark  effect  (also 
increasing  with  A1  content),  only  GaN  well  thicknesses  lower  than  «  1 1  MLs  30  A)  yield 
transition  energies  larger  than  the  GaN  band  gap,  at  least  in  the  range  of  barrier  thicknesses  and 
AlGaN  compositions  studied  in  this  work. 

ACKNOWLEDGEMENTS 

This  work  was  supported  in  part  by  E.C.  Contract  No.  BPR-CT96-0334  ‘ANISET’ 

REFERENCES 

[1]  S.  Nakamura  and  G.  Fasol,  The  Blue  Laser  Diode’,  Springer  -  Berlin  (1997) 

[2]  R.  Niebuhr,  K.H.  Bachem,  D.  Behr,  C.  Hoffman,  U.  Kaufmann,  Y.  Lu,  B.  Santic,  J.  Wagner, 
M.  Arlery,  J.L.  Rouviere  and  H.  Jiirgensen,  Mat.  Res.  Soc.  Symp.  Proc.  449,  769  (1997). 

[3]  M.  Smith,  J.Y.  Lin,  H.X.  Jiang,  A.  Khan,  Q.  Chen,  A.  Salvador,  A.  Botchkarev  and  H. 
Morko9,  Mat.  Res.  Soc.  Symp.  Proc.  449,  829  (1997). 

[4]  N.  Grandjean  and  J.  Massies,  Appl.  Phys.  Lett.,  73,  1260  (1998). 

[5]  J.M.  Im,  H.  Kollmer,  J.  Off,  A.  Sohmer,  F.  Scholz  and  A.  Angleiter,  Mat.  Res.  Soc.  Symp. 
Proc.  482,  513  (1998) 

[6]  J.S.  Im,  H.  Kollmer,  J.  Off,  A.  Sohmer,  F.  Scholz,  and  A.  Hangleiter,  Phys.  Rev.  B  57,  R9435 
(1998) 

[7]  M.  Leroux,  N.  Grandjean,  M.  Laiigt,  J.  Massies,  B.  Gil,  P.  Lefebvre,  and  P.  Bigenwald,  Phys. 
Rev.B58,R13371  (1998) 

[8]  P.Lefebvre,  J.Allegre,  B.Gil,  H.Mathieu,  P.Bigenwald,  N. Grandjean,  M.Leroux  and 
J.Massies,  Phys.  Rev.  B,  to  be  published. 

[9]  F.  Bernardini,  V.  Fiorentini  and  D.  Vanderbilt,  Phys.  Rev.  B  56,  R 10024  (1997) 

[10]  F.  Bernardini  and  V,  Fiorentini,  Phys.  Rev.  B  57,  R9427  (1998) 

[11]  N.Grandjean  and  J.Massies,  Appl.  Phys.  Lett.  71,  1816  (1997) 

[12]  T.Honda,  T.Miyamoto,  T.Sakaguchi,  H.Kawanishi,  F.Koyama  and  K.Iga,  J.  Cryst.  Growth 
189/190,  644  (1998) 


DEFECT  LUMINESCENCE  IN  HEAVILY  Mg  DOPED  GaN 
M.  A.  Reshchikov*,  G.-C.  Yi,  and  B.  W.  Wessels 

Department  of  Materials  Science  and  Engineering  and  Materials  Research  Center 
Northwestern  University,  Evanston,  IL,  60208 

Cite  this  article  as:  MRS  Internet  J.  Nitride  Semicond.  Res.  4S1,  G11.8  (1999) 
ABSTRACT 

Behavior  of  the  photoluminescence  band  at  about  2.8  eV  in  heavily  Mg  doped  GaN  has 
been  studied  at  different  temperatures  and  excitation  intensities.  The  2.8  eV  band  is  attributed  to 
donor-acceptor  transitions  involving  a  Mg  acceptor.  The  large  blue  shift  of  the  band  with 
increasing  excitation  intensity  is  explained  by  variation  in  the  contribution  of  close  and  distant 
pairs  to  the  luminescence.  The  red  shift  of  the  band  with  increasing  temperature  under  high 
excitation  intensity  conditions  results  from  thermal  release  of  carriers  from  close  pairs.  The 
thermal  activation  energy  of  the  deep  donor,  about  0.4  eV,  is  determined  from  the  quenching  of 
the  2.8  eV  luminescence  band  at  high  temperatures. 

INTRODUCTION 

High  concentrations  of  magnesium  acceptors  are  required  to  obtain  conductive  p-type 
GaN  because  of  its  large  activation  energy.  In  heavily  Mg  doped  GaN  a  broad 
photoluminescence  (PL)  band  around  2.6-2.95  eV  (referred  hereafter  as  the  2.8  eV  band) 
dominates  the  PL  spectrum  The  nature  of  the  defect  responsible  for  this  band  and  even  the 
type  of  optical  transitions  involved  remain  unclear.  The  most  widely  accepted  model  is  that  the 
PL  is  due  to  an  optical  transition  from  the  conduction  band  to  a  deep  defect  with  a  level  at  about 
0.5-0.55  eV  above  the  valence  band  Recently,  it  was  proposed  that  the  2.8  eV  PL  band 
involves  an  optical  transition  from  a  deep  donor  to  the  shallow  Mg  acceptor  Up  to  now  there  is 
no  definite  evidence  supporting  one  particular  model.  The  main  distinguishing  feature  of  the  2.8 
eV  band,  a  large  blue  shift  with  increasing  excitation  intensity,  may  be  explained  by  several 
models  In  the  donor-acceptor  pair  (DAP)  model,  the  shift  is  attributed  to  saturation  of 
emission  from  distant  DAP  due  to  their  longer  lifetime  Alternatively,  formation  of  impurity 
bands  or  potential  fluctuations  ^  have  been  considered  as  possible  reasons  for  the  observed 
shift. 

Indeed,  large  potential  fluctuations  due  to  randomly  distributed  charged  impurities  are 
expected  in  heavily  doped  semiconductors  Free  carriers  in  compensated  material  are  localized 
in  potential  wells  and  optical  transitions  have  many  similar  features  to  that  of  the  DAP  type 
transitions  The  similarities  in  behavior  of  the  DAP  emission  and  the  band-assisted  transitions 
in  heavily  doped  semiconductor  with  potential  wells  complicate  assignment  of  PL  bands. 

In  this  work  we  investigated  the  2.8  eV  PL  band  in  heavily  doped  GaN  at  different 
temperatures  and  excitation  intensities.  The  results  of  the  study  support  the  deep  donor-acceptor 
pair  assignment  of  this  PL.  The  large  measured  shifts  of  the  2.8  eV  band  with  variation  of 
temperature  or  excitation  intensity  originate  from  varying  contribution  of  emission  from  close 
and  distant  pairs. 
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EXPERIMENTAL  RESULTS 


The  Mg-doped  GaN  epilayers  were  grown  on  c-plane  sapphire  by  metal-organic  vapor 
phase  epitaxy.  The  samples  are  either  semi-insulating  or  p-type  with  resistivity  as  low  as  3  ^^  cm 
at  room  temperature.  PL  was  excited  by  cw  He-Cd  laser  (325  nm)  and  analyzed  by  Spex  grating 
monochromator  with  Hamamatsu  photomultiplier  tube.  Excitation  power  density  (Pcxc)  was 
varied  over  the  range  10’^-27  W/cm^  by  means  of  neutral  density  filters.  The  sample  temperature 
was  varied  from  13  to  380  K  using  a  closed  cycle  helium  cryostat. 

A  broad  band  with  a  peak  near  2.8  eV  has  been  observed  in  the  PL  spectra  of  the  studied 
samples.  In  some  samples  another  PL  band  with  a  maximum  near  3.2  eV  was  noted  as  a  shoulder 
or  separate  peak.  The  position  of  the  2,8  eV  band  depended  strongly  on  excitation  intensity  (Fig. 
1).  At  low  temperature  the  total  blue  shift  of  the  band  with  increasing  excitation  power  amounted 
to  0.23  eV.  The  peak  position  shifted  largely  at  high  excitation  density  and  was  nearly 
independent  of  excitation  rate  in  the  low  excitation  limit.  At  room  temperature  the  PL  band 
shifted  about  0.10  eV  over  the  same  excitation  intensity  range  (Fig.  1).  The  shape  of  the  band 
remained  almost  independent  of  excitation  intensity  for  the  samples  with  small  overlap  with  the 
3.2  eV  band.  A  typical  change  in  the  PL  spectrum  is  shown  in  Fig.  2.  We  attribute  the  observed 
dependence  of  the  PL  spectrum  with  excitation  to  changes  in  contributions  of  emission  from 
close  and  distant  pairs  in  the  case  of  deep  DAP  transitions.  The  DAP  transition  rate  for  a  pair 
with  a  separation  R  has  the  approximate  form 

^  7.R 

W(/?)  =  Woexp -  (1) 

V.  ^  J 
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Fig.  1.  Dependence  of  the  2.8  eV  PL  peak 
position  on  excitation  power  density  at  13 
and  297  K  for  three  GaN;Mg  samples. 
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Fig.  2.  PL  spectra  of  the  semi- 
insulating  GaN;Mg  sample  #  Y244 
at  different  excitation  intensities. 


where  qb  is  the  largest  Bohr  radius  for  the  bound  carriers.  The  radiative  lifetime  increases 
exponentially  with  increasing  R  according  to  Eq.  (1).  At  high  excitation  intensity,  PL  from 
distant  pairs  saturates  due  to  their  longer  lifetime  and  transitions  between  close  pairs  dominate. 
The  PL  energy  corresponding  to  a  transition  between  a  pair  with  separation  R  is  given  by 

£„(«)  =  £, -(£,  +  £j  +  ^  (2) 

where  Eg  is  the  band  gap,  Ea  and  Ed  are  the  acceptor  and  donor  binding  energies,  e  is  the 
electronic  charge,  and  e  is  the  low  frequency  dielectric  constant.  The  last  term  is  due  to  the 
Coulomb  interaction  between  charged  donor  and  acceptor.  As  a  result  of  strong  Coulomb 
interaction  between  close  pairs,  the  PL  band  blue-shifts  with  increasing  excitation  intensity. 
Saturation  of  the  band  shift  in  the  low  excitation  limit  may  be  explained  by  the  fact  that 
transitions  between  pairs  with  more  than  average  separation  are  highly  unlikely  because  of  their 
small  fraction  and  the  low  probability  of  such  transitions. 

For  a  high  excitation  intensity  the  2.8  eV  band  red-shifted  significantly  with  increasing 
temperature  whereas  at  low  excitation  intensity  its  position  remained  almost  unchanged  up  to 
100  -  200  K  (Fig.  3).  This  behavior  also  may  be  explained  by  the  DAP  nature  of  this  band.  The 
Coulomb  interaction  between  close  pairs  may  be  very  strong  and  the  resultant  ionization 
energy  will  decrease  sufficiently  enough  for  thermal  release  of  the  trapped  carriers.  As  a  result, 
the  high-energy  portion  of  the  spectrum  begins  quenching  at  lower  temperatures  and  the  PL  band 
undergoes  a  red  shift.  However  at  a  low  excitation  rate,  emission  from  comparatively  distant 
pairs  dominates  and  the  red  shift  is  reduced.  This  effect  has  been  previously  observed  in  Si 
doped  with  donors  and  acceptors  having  similar  activation  energies  The  observed 
temperature-induced  red  shift  is  just  the  reverse  of  the  well-known  blue  shift  for  DAP  emission 
for  shallow  donors  and  acceptors  In  the  latter  case  the  blue  shift  is  due  to  thermal  escape  of 
electrons  from  the  shallow  donor  which  is  more  favorable  for  the  long-lived  distant  pairs 
contributing  to  the  low-energy  part  of  a  spectrum.  The  observed  red  shift  of  the  2.8  eV  band  with 
increase  in  temperature  can  not  be  attributed  to  potential  fluctuations  since  the  red  shift  caused 
by  the  potential  fluctuations  should  increase  with  a  decrease  of  excitation  rate 

The  temperature  dependence  of  the  PL  intensity  for  the  2.8  eV  band  is  shown  in  Fig.  4. 
The  2.8  eV  PL  band  quenches  at  temperatures  above  200-250  K  with  an  activation  energy  Ed  of 
about  0.3 -0.4  eV,  observed  for  all  samples.  The  quenching  is  attributed  to  thermal  release  of 
electrons  from  deep  donor  to  the  conduction  band.  In  the  inset  of  Fig.  4  the  calculated 
dependence  of  the  PL  intensity  is  shown  using  the  following  expression 


=  1  +  Aexp 


(3) 


where  A  is  a  constant,  assumed  to  be  temperature  independent  for  simplicity.  We  attribute  the 
discrepancy  between  calculated  curve  and  the  experimental  data  to  the  distribution  of  donor 
energies  due  to  the  Coulomb  interaction  with  the  charged  acceptors.  The  higher  the  excitation 
intensity,  the  higher  the  contribution  of  the  close  pairs  characterized  by  the  stronger  Coulomb 
interaction.  Thermalization  of  electrons  to  the  conduction  band  from  the  donors  of  these  close 
pairs  results  in  the  beginning  of  thermal  quenching  of  PL  at  lower  temperatures,  see  the  inset  of 
Fig.  4. 

The  lifetime  of  the  2.8  eV  PL  has  been  estimated  to  be  10'^  sec  at  low  temperature  from 
the  time-resolved  measurements.  The  decay  of  the  PL  is  non-exponential.  These  results  are  also 
consistent  with  the  DAP  model  for  the  2.8  eV  PL  band. 
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Fig.  3.  Variation  of  the  2.8  eV  PL 
peak  position  with  temperature. 
Variation  of  the  gap  width  is 
shown  shifted  by  0.7  eV  for 
convenience. 


DISCUSSION 
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Fig.  4.  Intensity  of  the  2.8  eV  PL  band 
versus  reverse  temperature.  The  inset 
shows  the  /  (7  ’)  dependence  at  low  and 
high  excitation  intensities  in  comparison 
with  the  calculated  from  Eq.  (3) 
dependence  {A  =  1.5x10^;  Ed  =  0.35  eV). 


The  2.8  eV  PL  band  appears  at  high  concentrations  of  Mg  (lO'^-lO^*^  cm"^)  which 

correspond  to  a  mean  separation  between  impurities  of  about  15-30  A.  The  close  location  of  pair 
components  results  in  a  high  probability  for  DAP  type  transitions  in  spite  of  the  strong 
localization  of  the  wave-functions  for  electron  and  hole  bound  to  the  deep  defects.  The  Coulomb 
interaction  energy  for  an  average  separation  between  acceptor  and  donor  is  estimated  to  be  - 
0.1-0.15  eV  by  taking  R  =  10-15  A  (corresponds  to  acceptor  concentration  of  ~10'^  cm'^)  in  Eq. 
(2).  Supposing  that  saturation  of  the  PL  band  peak  position  in  the  low  excitation  limit  (at 
2.75-2.78  eV  in  Fig.  1)  corresponds  to  transitions  between  DAP  having  an  average  separation, 
and  taking  =  3.5  eV  and  Ea  =  0.2  eV,  we  calculated  Ed  =  0.6-0.7  eV  for  the  isolated  deep 
donor.  The  actual  position  of  the  donor  level  in  heavily  doped  GaN  depends  essentially  on  the 
location  of  the  nearest  charged  acceptor,  shown  schematically  in  Fig.  5. 

The  potential  fluctuations,  expected  for  heavily  doped  semiconductors  should  not 
strongly  affect  the  deep  DAP  emission.  Indeed,  the  higher  the  magnitude  of  the  potential 
fluctuation,  the  larger  its  size  and  optical  transition  between  defects  separated  by  about  10-15 
A  may  be  considered  as  almost  vertical  in  the  scale  of  the  long-range  fluctuations. 
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Fig.  5.  Schematic  diagram  showing  optical 
transitions  in  heavily  Mg  doped  GaN 


The  values  of  radiative  lifetime  for  the  2.8  eV  band  found  in  this  study  (about  10  |isec) 
and  by  Seitz  et  al.  ‘  ^  (about  0.2  msec)  are  consistent  with  DAP  emission.  Similar  lifetimes  were 
observed  for  the  deep  DAP  in  ZnSe  (about  0.1  msec) 

The  question  of  the  nature  of  donor  responsible  for  the  compensation  of  Mg  in  GaN  is 
open.  The  nitrogen  vacancy  (Vn),  which  has  a  low  formation  energy  in  p-type  GaN,  is  one 
possibility.  However  the  vacancy  is  expected  to  have  the  +/3+  energy  level  not  far  from  the 
valence  band  It  is  possible  that  the  donor  is  formed  from  a  complex  defect.  Kaufmann  et  al. 
suggested  that  Mgca  and  mobile  Vn  form  a  complex  MgoaVn  that  acts  as  a  donor  The 
identification  of  this  defect  requires  further  investigations. 

CONCLUSIONS 

A  large  blue  shift  of  the  2.8  eV  PL  band  with  increasing  excitation  intensity  has  been 
observed  in  Mg  doped  GaN.  This  effect,  as  well  as  the  observed  red  shift  of  the  band  with 
increasing  temperature  at  high  excitation  rate,  is  explained  by  variation  in  contributions  of 
emission  from  close  and  distant  pairs  to  the  PL  band.  The  2.8  eV  band  is  attributed  to  transitions 
from  the  compensating  deep  donor  to  the  shallow  Mg  acceptor.  Thermal  quenching  of  the  2.8  eV 
band  begins  at  T  >  200  K  with  an  apparent  activation  energy  of  about  0.4  eV.  The  observed 
quenching  is  attributed  to  the  thermalization  of  trapped  electrons  from  the  deep  donor  state  to  the 
conduction  band. 
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lasing,  06.48.1 
lateral 

epitaxial  overgrowth,  04.5.1 
epitaxy,  03.37.1,  03.38.1 
overgrowth,  04,8.1,  06.48.1 
lattice  location,  011.2.1 
LE4,  08.2.1 

LED{s),  01.1.1,  02,8.1,  03.59.1,  05.10.1, 
07.4.1,  010.2.1 
lifetimes,  06.65.1 

light  emitting  diode(s),  06.29.1,  06.42.1, 
07.2.1,  011.6.1 
local 

vibration,  05.4.1 
vibrational  modes,  03.57.1 
localized 

exciton,  02.7.1 
state{s),  02.6.1,  02.9.1 
low  temperature,  07.2.1 
interlayer,  010.1.1 

luminescence,  03,33.1,  06.29.1,  011.1.1 

magnesium,  010.4.1 
MBE,  03.59.1,  03.77.1,  03.80.1,  04.3.1, 
05.6.1,  05.10.1,  06.5.1,  06.26.1,  011.7.1 


metal(-) 

contact  Q6.49.1 
semiconductor  contact  Q9.9.1 
metalorganic 

chemical  vapor  deposition,  Q3.49.1, 
Q4.5.1 

vapor  phase  epitaxy,  Q4.7.1 
metastable  states,  Q5.5.1 
Mg,  Qll.9.1 

doped  QaM,  Q3.24.1 
MgO,  Q6.8.1 

microstructure(s),  Q3.38.1,  Q6.48.1 
mobility,  Q6.6.1,  08,4.1 
MOCVD,  02.8.1,  03.8.1,  03.25.1,  03,39.1, 
03,44.1,  03.53.1,  03.61.1,  03,68.1, 
03,72.1,  03,74.1,  07.7.1,  07.9.1 
modeling,  03.53.1 
MODFETs,  06.5.1 

molecular  beam  epita;^^,  03.10.1,  04.11.1, 
08.4.1,  09.5.1 

Monte  Carlo,  06.6,1,  06.7.1,  06.59,1 
MOVPE,  03.1.1,  03.37.1,  03.38.1,  03.56.1, 
03.62.1,  04.1.1,  04.3.1,  04,7.1,  05.10.1, 
06.42.1,  010.2.1 
growth,  03.70.1 
MQW(s),  03.15.1,  06.25.1 
multiple  quantum  wells,  07.2.1 
multi-quantum-well,  03.74.1 

nanotubes,  06.3.1 
NaOH,  06.40.1 
Miln,  06.49.1 
nitridation  of,  03.12.1 
OaAs,  03.4.1 
sapphire,  03.10.1 

nitride{s),  01.4.1,  03.18.1,  03.68.1  06.29.1, 
06.54.1 
MBE,  03.50.1 
semiconductors,  01.2.1 
nitrogen(-),  03.1.1,  03.70.1 
deficient  OaPl,  06.43.1 
metastables,  03.10.1 
noise,  07.8.1 

power  density,  07.6.1 
nonlinear  optics,  06.11.1 
non-stationary  transport  06.7.1 

ODMR,  07.4.1 
offsets,  06.8.1 

ohmic  contact  01.5.1,  06.39,1,  06.49.1, 
09.9.1 

OMVPE,  03.76.1,  04.9.1 
optical 

absorption,  03.22.1 
anisotropy,  03.60.1 
gain,  02,9.1 
modulator,  03.60.1 
pumping,  06.48.1 
quenching,  05.5.1 

optically-detected-magnetic-resonance, 

05.9.1 

ordering,  03.11.1 


overgrowth  epitaxy,  04.6.1 
oxide,  03.45.1 

oxygen,  05.4.1,  06.26.1,  010.4.1 

p-n  junction,  06,53.1,  07.2.1 
p-type  OaPi,  06.31,1 

pendeo-epita;y,  03.2.1,  03.37.1,  03.38.1, 
04.9.1 

phase  separation,  03.11.1,  03,22.1 
phonons,  06.65.1 
photo-assisted,  010.6.1 
photoconductivity,  05.5.1 
photoconductors,  07.8.1 
photodetectors,  07.6.1,  07.9.1 
photoelectrochemical,  01.4.1 
etching  of  In^Oa^.^i^,  06.40.1 
photoluminescence  (PL),  03.17.1,  03.24.1, 
03.40.1,  03.50.1,  03.59.1,  03.66.1, 
03.67.1,  03.79.1,  05.4.1,  06.25.1, 
06.47.1,  07.2.1,  011.4.1,  011.6.1, 
011.7.1,  011.8.1,  011.9.1 
excitation  (PLE),  03.22.1,  03.67.1,  011.4.1 
red,  03.67.1 
yellow,  03.67.1 
photoreflectance,  03.7.1 
photoreflection,  03.66.1 
physics-based  modeling,  06.58.1 
picosecond  time-resolved  PL,  03.3.1 
piezoelectric,  03.3.1,  03.19.1,  08.4.1 
effects),  03.69.1 
field,  03.66.1,  06.20.1,  07.2.1 
polarization,  02.7.1 
plasma  etching,  010.5.1 
polarity,  03.77.1,  06.23.1,  06.43.1,  06.46.1, 
08.4.1 

pressure,  03.15.1,  03.70.1 
proton,  06.12.1 
pyramids,  06.48.1 

quantum 

dot(s),  06.45.1,  09.4.1 
confined  Stark  effect,  07.2.1 
well(s)  (QWs),  02.5.1,  02.9.1,  03.19.1 
03.42.1,  03.59.1,  03.66.1,  06.20.1, 
06.29.1,  06.54.1 

radiation  effects,  06.15.1 
Raman,  06.65.1 

scattering,  06.28.1 
spectroscopy,  03.22.1,  03.57.1 
rapid  thermal  processing,  06.33.1 
rare  earth,  011.3.1 
doping,  03.80.1 
recombination,  02.5.1,  07.4.1 
red,  01.1.1 

photoluminescence,  03.67.1 
redistribution,  06.33.1 
refractive  index,  05.2.1 
remote  plasma-MOCVD,  03.12.1 
residual 

donor,  05.4.1 
stress,  03.18.1 


rf(-),  Q3.77.1 

plasma,  03.10.1 
RHEED,  03.4.1,  03.7.1,  011.7.1 
Rutherford  backscattering,  03.76.1,  011.2.1 

SAE,  04.8.1 
SAO,  03.1.1 
sapphire,  03.77.1 

scanning  tunneling  microscopy,  09.5.1 
Schottl^ 

barrier  diodes,  06.13.1 
contact,  01.5.1 
screening,  02.5.1,  06.20.1 
selective 
area 

epitaxy,  04.8.1 
growth,  04.1.1 

growth,  03.13.1,  03.37.1,  03.38.1,  04.6.1 
self(-) 

assembling  formation,  09.4.1 
compensation,  05.6.1 
SEM,  04.3.1 
semiconductor,  03.2.1 
alloys,  03.44.1 
SHS,  03.45.1 

Si,  03.49.1,  03.72.1,  04.9.1 
doped  OaN,  03.24.1 
substrate,  03.9.1 
SiC,  03.7.1,03.9.1,04.9.1 

surface  preparation,  03.50.1 
silicon,  010.4.1 
carbide,  03.61.1 
substrate,  03.53.1 
SIMS,  03.17.1, 03.24.1 
single 

crystal  substrates,  010.2.1 
ciystalline  ZnQeri2,  03.8.1 
6H-SiC,  03.39.1,  03.79.1 
smoothening,  08.2.1 
spatial  resolution,  03.33.1 
spontaneous  polarization,  02.7.1,  03.69.1 
sputter  deposition,  06.13.1 
Stark  effect,  03.66.1 
stimulated  emission,  06.54.1 
STM,  09.5.1 

strain,  03.26.1,  03.57.1,  06.20.1,  07.7.1 
energy,  06.3.1 
stress,  07.7.1 
structural 

characterization,  03.8.1 
properties,  03.16.1,  03.50.1,  04.5.1 
substrate(s),  03.23.1,  03.40.1,  03.76.1 
sulphide  solution,  06.14.1 


surface(s),  03.68.1,  03.77.1,  06.14.1,  06.26.1 
etching,  03.39.1 
morphology,  06.23.1 
structure,  04.5.1 
susceptor  geometry,  03.53.1 
symmetry,  07.4.1 

tailored  substrates,  04.9.1 
TEM,  03.11.1,  03.59.1, 04.6.1,  06.43.1, 
06.46,  010.1.1 
temperature  effect,  03.7.1 
thermal 

annealing,  06.25.1 
effects,  06.35.1 
stability,  06.28.1 
thick  layers,  03.16.1 
thin  films,  03.13.1,  05.5.1,  06.46.1 
3rd  order  grating,  02.2.1 
Ill  nitrides,  06.46.1,  06.56.1, 06.59.1 
3x3,  06.26.1 
Ill-V  nitrides,  03.2. 1 

tight-binding  total  energy  method,  06.3.1 
time-resolved  photoluminescence,  03.69.1 
transistor,  08.4.1 

transmission  electron  microscopy,  03.9.1, 
03.38.1 

transport,  05.1.1,  06,6.1 
modeling,  06.9.1 
properties,  06.59.1 
treatment,  06.14.1 

ultraviolet  (UV),  07.6,1, 
lasers,  03.74.1,  09.4.1 
photo-assisted  etching,  06.40.1 

vibrational  spectroscopy,  05.9,1 

Wmask,  04.1.1 

wavelength  dispersive  X-ray  spectrometry, 
03.30.1 

wide  bandgap  nitrides,  08.2.1 

Xe,  06.56.1 
XPS,  06.26.1 
X-ray  diffraction,  03.17.1 
XRD,  02.8.1,  03.7.1,  011.7.1 

yellow  photoluminescence,  03.67.1 

zigzag,  06.3.1 
zinc  oxide,  03.40.1 
ZnOeri2,  06,11.1 
ZnO,  03.40.1,  06.8.1 


